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Abstract 
 

The tailoring of cold-deformation to promote recovery and recrystallization 

processes upon subsequent heat-treatment is well understood in rolled monolithic 

alloys.  In contrast, clad aluminum systems, which feature two or more different alloy 

systems bonded to a core alloy, contain an inter-alloy region with recovery and 

recrystallization behaviours which could be different from the individual clad and core 

alloys.  Understanding these behaviours is important in optimizing the final properties of 

the clad product.  This study examines the static recovery behaviour of a clad aluminum 

alloy manufactured by Novelis FusionTM technology after 72% cold rolling.  The clad 

alloy system studied consisted of a core AA6XXX alloy clad on one side with AA3003.  

The Recovery at the inter-alloy region is compared with the recovery of core AA6XXX at 

the same depth from the rolling surface.  Sample coupons from the inter-alloy region 

and core AA6XXX were heated isochronally and isothermally, at different temperatures 

and times, respectively, to probe the recovery kinetics of the X-ray peak broadening, X-

ray macro-texture and micro-hardness from the cold rolled state. The recovery of the 

{220} and {311} X-ray line profiles were observed between the anneals.  A pseudo-Voigt 

fit function was fit to the profile to obtain the defect related information. Recovery in the 

peak broadening began by 100°C and correlated to a decrease in the hardness.  

Sharpening of X-ray profiles during recovery is attributed to the microstructural evolution 

resulting from preferred release of the stored energy due to dislocation rearrangement 

and annihilation.  Kinetic behaviour of the recovery is measured by observing the 

evolution of X-ray profiles and hardness during isothermal annealing at two different 

temperatures.  Recovery behaviour in the inter-alloy region is measured to be relatively 
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slower than the recovery of the core AA6XXX after same macroscopic pre-strain.  

Activation energy for recovery is calculated from the isothermal data to deduce a 

recovery mechanism. The activation energy calculated in core AA6XXX, 1.7eV, is close 

to the activation energy value for diffusion of Mg in Al (1.3-1.7eV).  This indicates a 

possible role of Mg diffusion in the recovery of AA6XXX.  The relatively higher activation 

energy for recovery of 2.9eV measured in the inter-alloy region may be due to pinning 

by nano-scale Al-Mn precipitates. The X-ray broadening data is deconvoluted to 

determine the apparent dislocation content using a modified Williamson-Hall model.  

The dislocation density measured in the AA6XXX and inter-alloy regions in the 

deformed and recovered conditions indicates that dislocation density is a suitable 

parameter that represents the stored energy that drives subsequent structural evolution 

during recovery.     
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Chapter1                                       
 
Introduction 

 

The application of aluminum alloys has increased among a range of industries 

over the last two decades.  The non age-hardenable and softer aluminum alloys have 

long been used by packaging industries for manufacturing beverage cans, foil 

containers, foil wrapping, etc. Three thousand series aluminum alloys, AA3XXX, are 

work-hardenable and are mostly used in the packaging industry due to their extremely 

good ability to form light weight and corrosion resistant sheets. On the other hand, 

because of increasing demand for light-weight vehicles, the stronger and heat-treatable 

AA6XXX series are the preferred choice for external sheet in the automotive industry. 

One of the biggest challenges to overcome before complete acceptance of aluminum 

alloys in the automobile industry is to meet an optimized combination of strength, 

formability and affordably.  In this context, apart from selecting a proper compositional 

recipe for the alloys, tailoring the processing parameters during the manufacturing of 

sheet metal is most crucial. Conventionally the rolled aluminum sheets undergo a 

rigorous manufacturing process. The starting stocks for these rolled aluminum sheet is 

direct chill (DC) cast ingots. DC cast ingots are usually soaked at a homogenization 

temperature, before cooling to room temperature.  The ingots are then re-heated to a 

high temperature prior to successive passes through a hot rolling mill, where they are 

significantly reduced in thickness. The hot-rolled strips are finally sent for cold rolling 

where they are further reduced to desired thickness. In special occasions, it is 

necessary to manufacture multilayered alloys, whenever it is required to combine 
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different properties which are not present in a single monolithic alloy. For example, in 

order to acquire a good corrosion or wear resistance along with strength and formability, 

a cladding layer of a different alloy can be bonded on to a core metal. These composite 

ingots are manufactured consisting of two or more layers of different alloys, which may 

have a variety of applications. These ingots can be rolled into final products such as 

brazing sheet, transportation components like aircraft plate, pipeline components, or 

other applications, where the desired properties of the surface be different from the 

core.   

There are different processes for manufacturing multilayered aluminum alloys.  

Roll bond manufacturing bonds the core and cladding together by co-deformation under 

significant loads, often at elevated temperatures. Thin rolled plates can also be brazed 

or welded on to the cast ingots, and then further rolled to produce multilayered sheets. 

Accumulated roll bonding (ARB) is a small scale processing technique for 

manufacturing fine grained clad aluminum alloys.  In the ARB process half of the rolled 

sheet is cut into two, stacked to be the initial dimension, and then rolled again. This 

process can go on as many times as required. However, both rolling or welding 

processes creates a mechanical bond between alloys, which often contains brittle oxide 

phases, and porosity, that render poor formability and mechanical properties to the 

overall alloy. 

 

1.1 Motivation  

 
In 2006, Novelis Inc. introduced a multi-alloyed, multi-layered aluminum ingot 

solidification technology that allows the production of a variety of engineered clad 
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products on a commercial scale.  This technology, known as Novelis FusionTM, allows 

selection of the appropriate combinations of clad and core alloys to produce desired 

mechanical properties as well as forming and surface characteristics, such as better 

corrosion resistance, that are superior to either monolithic material alone.  The Novelis 

FusionTM process simultaneously DC casts a softer clad layer (for example, AA3003 

alloy) onto a stronger core alloy (for example AA6111), which inherently produces a 

multi-layered, multi-alloyed ingot. Unlike ARB or other processes discussed above, 

there is a metallurgical bond between the core and clad alloys, and thus oxide phases 

or inclusions don’t appear in the interface during manufacturing by the FusionTM   

technology. The process forms a physical bond that is also metallurgically clean and 

non-porous.  The chemistry of the interface region depends on the type of core and clad 

alloys. Usually there is diffusion of alloying elements from one side to another, and they 

form different complex intermetallic compounds around the interface. This results in a 

different chemistry and thus different properties of the interface region than the 

individual clad or core alloy. Gupta et al. (2007) have characterized this region for a 

silicon-rich Al-Si clad on a Al-Mn core alloy, where Si diffuses from the clad side 

towards the core alloy, and forms Si-rich intermetallics at the core and interface.  

Diffusion of alloying elements like Mg or Si in the solid state across the interface 

precipitates a distribution of intermetaliics at the interface, which are redistributed during 

subsequent thermo-mechanical processing and render a different composition about the 

interface, and may produce different local textures during deformation. The 

characteristics of this inter-alloy region in FusionTM  alloy systems remains unexplored. 
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As part of the manufacturing process of sheet metals, dislocations stored from 

the cold rolling process result in high elastic stored-energy in the deformed metal.  This 

stored energy is released during subsequent annealing, or during hot rolling. The 

deformed metal usually reverts to a low energy state by microstructural evolution during 

recovery, and subsequent recrystallization processes. Understanding the recovery 

phenomenon is thus very important as it contributes to final microstructure, texture and 

property of the alloy.  In this regard, there has already been a significant amount of 

investigation done on the recovery and recrystallization behaviour of different aluminum 

alloys during post-manufacturing heat-treatment processes [Lloyd (1982), Verdier et al. 

(1996), (1998), Gupta, Doutre and Lloyd (2004), Liu and Radhakrishnan (2010)]. 

However, all of these studies are focused on single monolithic alloys, and the recovery 

characteristics of the inter-alloy region of cold-rolled clad aluminum alloys remains 

unexplored. Owing to the fact that the interface usually lies between two distinctly 

different alloys, and there is opportunity for diffusion of alloying elements across the 

interface, the inter-alloy region is expected to behave differently than the individual clad 

or core alloys during post-deformation annealing processes.  Characterizing the 

recovery behaviour at the inter-alloy region is thus very important for optimizing the 

overall properties of the alloy.   

 
 

1.2 Objectives  

The main objective of this thesis is to characterize the static recovery behaviour 

at the inter-alloy region of a cold-rolled clad aluminum alloy manufactured using the 

Novelis FusionTM technology, and compare it with the recovery of the core alloy. The 
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FusionTM alloy system studied consists of a core AA6XXX alloy clad with AA3003. The 

research objectives are emphasised as: 

i)      To study the evolution of microstructural parameters and mechanical 

properties during isochronal and isothermal heat-treatment schedules, for 

capturing the temperature (T) and time (t) dependence of the static recovery 

behaviour at the inter-alloy region of a clad aluminum alloy. 

ii)      To measure the recovery behaviour on AA6XXX core alloy after similar 

deformation and compare with the recovery behaviour and kinetics of the 

inter-alloy region to understand how stored work is partitioned and released in 

the inter-alloy region. 

  

1.3 Outline of the Thesis 

This thesis is organized with the following chapters: literature review, 

experimental methodology, experimental results, discussion of experimental results, 

conclusion and recommendation for future work, and Appendices.  

The literature review covers two topics relevant to the present thesis. It reviews 

deformation textures of face centered cubic (FCC) metals and alloys, and a detailed 

overview of recovery processes. An up-to-date review of deformation and shear 

textures and their classifications and different methods of representation is discussed 

for face centered cubic (FCC) metals and alloys with focus mostly on aluminum. The 

review of recovery covers the process and various thermal-mechanical factors which 

influence recovery kinetics in metals. A thorough review of the literature is presented on 
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evolution of properties, microstructure and energy during recovery of aluminum and its 

alloys similar to the current metal system. 

  The third chapter describes all the experimental techniques employed in this 

thesis for the investigation of evolution of properties, microstructure and texture affected 

by the annealing sequences.     

Chapter four presents all experimental results for the microstructure and 

properties in the deformed and annealed states of the material. Annealing results are 

presented for isochronal and isothermal annealing treatments performed on the 

AA3003/AA6XXX inter-alloy region and core AA6XXX.  Macro-texture results are also 

presented for the deformed and annealed states.  

Chapter five is the general discussion of the experimental results observed. A 

detailed analysis of the comparative recovery trend observed in the inter-alloy region 

and AA6XXX is presented here. Recovery kinetics is also evaluated for both the regions 

along with a discussion of the evolution of apparent dislocation density during recovery.  

Chapter Six is the final chapter, which states the conclusions of the current 

experimental study of the recovery behaviour in the clad aluminum system. This chapter 

also proposes possible future work in this area.  

Appendix A gives details of the X-ray diffraction line analysis techniques 

employed in this thesis for measuring X-ray broadening parameters and deconvoluting 

an apparent measurement of dislocation density from the broadening measurements.   
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Appendix B provides detailed operation instructions for the MATLAB-based peak 

fitting routine. 

Appendix C compiles all the CODs in Euler space, generated from X-ray scans 

performed on the different thicknesses of the deformed samples. 

 

1.4 References 
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Chapter 2 
 
Literature Review 
 
 

The deformation energy stored in crystalline material during cold-work is the 

driving force for relaxation processes such as recovery and recrystallization. Grains 

having different orientations in the deformed microstructure store different amounts of 

elastic stored energy [Kallend and Huang (1986)], and subsequently the release of this 

energy and evolution of the final microstructure and texture during annealing is very 

much dependent on the initial deformation textures of the material [Rajmohan and 

Szpunar (1999), and Guiglionda, Borbély and Driver (2004)]. In this regard before 

moving into detail discussion about recovery processes and evolution of microstructure 

in aluminum alloys, it is necessary to briefly review the deformation textures in FCC 

metals.  

 

2.1 Review of Deformation Textures in FCC Metals and 

Alloys  

A crystallographic orientation g is the rotation required to transform the sample 

coordinate system, as defined by the rolling direction RD, transverse direction TD, 

normal direction ND, into the coordinate system of the crystal defined by its three <100> 

axes [Engler (1996)]. The most convenient ways of describing crystallographic 

orientation are  either by Miller Indices {hkl} <uvw> or by a set of Euler Angles {φ1 Φ φ2} 

(Bunge notation). Texture in polycrystalline material is the preferential distribution of the 
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grain orientations.  Since physical properties in aluminum and other FCC metals are 

anisotropic, which means they vary with crystallographic directions; texture analysis is 

very important in predicting directional properties in polycrystalline products. In the 

following sections, deformation textures in aluminum and other FCC metals and their 

representation through different methods are reviewed.  

 
 

  2.1.1 Components of Rolling Textures  

 
Different types of textures are developed in polycrystalline FCC metals 

depending upon the type of material and processing conditions. The stacking fault 

energy (γSFE) is an important factor that controls the deformation texture in FCC metals. 

The γSFE affects the ease of cross slip or twinning, and therefore also controls formation 

of texture components in the FCC metals and alloys [Wassermann(1963), Dillamore 

and Roberts (1964), Smallman and Green (1964)].  So based on the γSFE, the 

deformation textures in FCC metals are broadly categorised into two types: “pure metal” 

or “copper type” {112} <111> textures, which correspond to high γSFE in pure metals, 

and “alloy” or “brass type” {110} <112> texture which is due to comparatively low γSFE in 

alloys.  Bowen (1990) and Lücke and Engler (1990) have described the development of 

{110} <112> rolling textures in high-strength age-hardenable aluminum alloys. Both 

Dillamore and Roberts (1964) and Smallman and Green (1964) concluded that {110} 

<112> type stable textures most likely form during the deformation of FCC metals. With 

further rolling based on ease of cross slip of gliding dislocations, {110} <112> 

orientations can reorient themselves to {112} <111>. Factors which decrease the 
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activation energy for cross slip such as higher γSFE, higher thermal energy, or higher 

amount of deformation may destroy the {110} <112> orientations and  increase the 

chances of formation of {112} <111> orientations.  Another important deformation 

texture component frequently observed in the rolled aluminum is “S” {123}<614> 

texture, which is also a constitutive texture component of β-fibre spread observed in the 

FCC rolling texture. 

 
 

2.1.2 Representation of FCC Deformation Texture 

    
Pole figures, which are two dimensional stereographic projection of the three 

dimensional orientations, are the most common way of representing crystallographic 

orientations. Figure 2.1 below shows the representative {100} and {111} pole figures for 

95% cold rolled pure Al. The numbers in the contour line of the {100} or {111} pole 

figures indicate the strength of the {100} or {111} poles in the stereographic projection in 

times of the randomly oriented polycrystalline reference. 
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a) b)  

Figure 2.1: Pole figures of 95% cold rolled aluminum; (a) {100} pole figure; (b) {111} 

pole figures [Grewen and Huber (1978)]. 

 

Representation of the entire three-dimensional texture information by a single 

pole figure is impossible; besides most experimental pole figures are incomplete. So a 

more complete representation of texture can be provided in a three dimensional space 

using Crystallographic Orientation Distribution Functions (CODF). The CODF is 

calculated by fitting the pole figure data (azimuth and rotation angles of the poles) into 

suitable mathematical function and using proper series expansion method, which are 

beyond the scope current discussion and can be found elsewhere [ Bunge (1965) and 

Roe (1965)]. The COD is usually represented by a three dimension Euler angle space 

{φ1 Φ φ2}, which also allows the quantitative calculation of the volume fractions of the 

important ideal orientations present in the deformation texture. Table 2.1 shows the 

most important ideal orientations of Al and Al alloys after rolling. 



                                                                                       12 
 

Table 2.1: Miller indices and corresponding Euler angles of some important ideal 

orientations for Al and Al- alloys. 

 

 

 

 

 

 

 

 

  

The COD can contain continuous distributions of orientations, which for deformed 

FCC metal runs from “Brass” {110} <112>   through “S” {123} <634> to “Copper” {112} 

<111> [Hirsch and Lücke (1988)].  A schematic representation of this type of orientation 

distribution is shown in the Figure. 2.2.   FCC rolling texture components usually fall 

along the axis of this tube which is also known as β-fibre texture.  A second fibre α-fibre 

can also be seen in the figure which extends from “Goss” {110} <001> to “Brass” {110} 

<112>, which is more prominent in alloys which have comparatively lower γSFE’s than 

pure Al.  Figure 2.3 shows the different ideal orientations present in a deformed texture 

measured by Delannay et al. (2002) for 60% cold rolled AA1050 alloy. This figure   also 

represents the position of the ideal deformed orientations mentioned in Table 2.1 

through different φ2 sections of the COD.   

Orientation 
name 

 {hkl}  <uvw> φ1 Φ φ2 

Copper, C 112 111 90° 30°  45° 

S 123 634 59° 34°  65° 

Brass, B 011 211 35° 45°  90° 

Goss, G 011 100 0° 45°  90° 

Dillamore, D 4,4,11 11, 11,8  90° 27°  45° 

Cube  001 100 0° 0° 0° 
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Figure 2.2: Schematic representation of FCC rolling texture in first subspace of 3D 

Euler angle space. [Hirsch and Lücke (1988)] 
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Figure 2.3: φ2= 90, 65 and 45° sections of the COD derived from the macro-texture 

measurements in 60% cold rolled AA1050, along with schematic representation of the 

position of the different ideal orientations: C= {001} <100>,B= {110} <112>, S= {123} 

<634> and Cu= {112} <111>. Contours: 2/4/8/16. Delannay (2002). 

 
 

2.1.3 Shear Texture 

 
Development of texture during the deformation process is not always 

homogeneous through the thickness of the material. Various researchers have 

observed a through-thickness gradient of texture in rolled FCC metals. [Hansen and 

Mecking (1975);  Truszkowsi,  Król and Major (1980, 1982); Kneijnsberg, Verbraak and 

Ten Bouwhuijs, (1985) ].  Unlike plane strain rolling conditions in which  and 

all other terms of the strain tensor are zero, Hansen and Mecking (1975) introduced the 
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shear term  into the strain tensor to explain the deformation geometry on texture 

inhomogeneity.  Truszkowski et al. (1980, 1982) ascribed materials properties, 

especially yield strength and the work hardening exponent to inhomogeneous rolling 

texture. Friction between rolls and the metal is also responsible for this kind of shearing 

effect.  So these shearing effects introduce a gradient of deformation texture between 

surface and the interior of the metal, which is called a shear texture.  Shear texture in 

aluminum and copper consists of three components: one major {001} <110>, and two 

minor {111} <112> and {111} <110>. Usually a strong {001} <110> orientation on the 

surface with a typical copper type {112} <111> rolling texture at the sheet center 

develops. The spreading of the shear orientation from the surface to the neighbouring 

layers through the thickness also depends on the amount of deformation in the strain 

step; with increasing rolling as the critical value of shear stress reach the neighbouring 

layers, the shear texture can spread deeper in the thickness of the sheet [Truszkowsi,  

Król and Major (1982)]. Truszkowsi et al. (1982) have proposed a nice method for 

observing the penetration of the shear texture component from layer to layer. They have 

projected the FCC rolling texture and shear texture components on a stereographic 

{111} pole figure, and then explained the variation of angular rotation of the shear 

texture component toward the rolling texture component as it spreads through the 

thickness of the FCC specimen.  

As already discussed, deformation textures of aluminum sheets are typically 

characterized by the β-fibre which runs through the orientation space from “copper” 

{112} <111> through “S” {123} <634> to “brass” {110} <112>. Recrystallization of an 

FCC specimen with copper type rolling texture usually results in the formation of cube 
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{001} <100> orientation [Hu (1986), Engler, Vatne and Nes (1996)]. However, in the 

case of shear texture, the problem of the inhomogeneity of the texture is of critical 

importance for analysis of the transformation of rolling textures during recrystallization 

or phase transformation. [Engler, Kim and Huh (2001)] .  

In the subsequent chapters to follow, static recovery of microstructure and 

mechanical properties in aluminum alloys will be studied extensively. It is worthwhile to 

mention that several researchers have measured strain pole figures [Miller et al. 

(2005)], or strain energy distribution functions [Rajmohan et al. (1997)] to capture 

deformation energy stored in the individual texture components or orientations.  This 

deformation stored energy of the individual orientations releases during subsequent 

recovery and recrystallization processes, which is also discussed in detail in the next 

section, and controls the final texture of metal. Keeping this in mind, the present review 

of deformation textures in rolled Al and Al- alloys will be very useful in the subsequent 

chapters. 

 
 

2.2 Recovery 

Recovery is a thermo-mechanical process which usually precedes 

recrystallization, and partially restores the pre-deformation properties in the material. It 

is a thermodynamic stabilization of the deformed state of the microstructure. Recovery 

may be a continuous stabilization process of the microstructure, and may occur even 

dynamically during the deformation process, depending upon the temperature of 

deformation, the type of defect recovering, and the thermodynamic stability of the 

defects. Dynamic recovery of defects during hot deformation (usually, T>0.3Tm, where 
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Tm is the melting point of the metal) is a very common phenomenon.  Also point defects 

of many metals like Al recover well below room temperature.  However, the present 

discussion will focus on static recovery during post-deformation heat-treatment 

processes, which mainly anneal out dislocations and line defects into low energy, stable 

states of the microstructure.  

 
 

2.2.1 General Observations  

Cold deformation of metals during rolling processes accumulates dislocations 

into thermodynamically unstable tangled structures, called “cells” [Keh et al. (1963), 

Swann et al. (1963), and Young et al. (1986)].  The cell structure consists effectively of 

statistically stored dislocations in the cell interior, and geometrically necessary 

dislocations in the cell walls, the latter which accommodate the misorientation of the 

cells.  The cell interior and dense walls balance an internal stress state as compression 

and tension, respectively [Mughrabi (1987)].  Only ~5-10% of the energy expended 

during this cold deformation process is stored in the material in the form dislocations 

and other defect structures such as dislocation cell walls, dislocation jogs, stacking 

faults, etc. [Bever, Holt and Titchener (1973), Gottestein et al. (1975)]. This energy is 

retained inside the metal so long as the temperature remains sufficiently low, T<0.3Tm, 

for any atomic mobility. Post-deformation heat-treatment process aides the evolution of 

the dislocation structure by supplying the necessary thermal energy to overcome the 

activation barrier. At this condition recovery proceeds and the dislocation structure 

starts rearranging into a lower energy state. The evolution of dislocation structures 

during recovery occurs by either rearrangement of dislocations into lower energy 
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configurations, or by annihilation of dislocations. These sharply defined low energy 

microstructural states are called sub-grains. In Mg-containing Al alloys, the substructure 

consists more of sheets of dislocations and not closed cells.  Verdier et al. (1998) have 

observed the microstructural evolution of Al-Mg alloy substructure during recovery by 

transmission electron microscopy (TEM), as reproduced in Figure 2.4. The structural 

recovery is not a single microstructural change but rather a series of events.  The rough 

cell structures from deformation have a high dislocation density both in subgrain 

interiors and subgrain walls (Figure 2.4a). The first step of recovery is seen in the 

Figure 2.4b, where the interior of the subgrain is cleansed of dislocations first, and then 

the subgrain walls and boundaries start getting thinner. The final step, depicted in 

Figure 2.4c, is subgrain growth, which ultimately leads to recrystallization. Several 

researchers, mostly using TEM, have verified similar dislocation cell structures in the 

deformed microstructure and their consequent evolution into substructures during 

recovery [Lytton et al. (1965), Hasegawa et al. (1979), Young et al. (1986)]. 

Rearrangement or annihilation of dislocations can occur by different mechanisms of 

dislocation movement such as cross slip and dislocation climb. The γSFE of a metal is 

the most important parameter which controls the extent to which a dislocation 

dissociates, and thus controls the rate of dislocation climb and cross slip.  Recovery is 

thus a very important thermal-mechanical phenomenon in metals with high stacking 

fault energies like aluminum (Al).  Murr (1975) tabulated γSFE of metals and alloys of 

different crystal structures, where the γSFE of aluminum is 166mJm-2 . 



                                                                                       19 
 

.  

Figure 2.4: TEM micrograph of aluminum alloy (AA1199+2.5Mg) prestrained ε=3. 

Recovery stages of the same zone in (a) cold-rolled, and after annealing at 160°C (b) 

20h, (c) 150h.  [Verdier et al, (1998)]. 
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2.2.2 Measurement of Recovery  

Unlike recrystallization which is accompanied by nucleation of new grains and 

definite microstructural and textural changes, microstructural changes during recovery is 

subtle and occurs on a small scale. Most often it is not possible to capture 

microstructural changes during recovery by optical microscopy.  Recovery is thus 

usually measured by some bulk technique, for example by observing the change in 

some physical or mechanical properties. 

  

2.2.2.1 Recovery of Stored Energy   

 

One of the most important factors that control the recovery and recrystallization 

behaviour during annealing is the stored energy from deformation. Apart from rendering 

a strengthening mechanism to plastically deformed metal, the stored energy of 

deformation is also the driving force of recovery process and during the course of 

annealing it is released from the metal. Measuring the change in stored energy during 

annealing is a direct method of studying recovery. Clareborough and co-workers in as 

early as in 1955-1963, used calorimetry experiments to study the release of stored 

energy during annealing of copper, nickel and aluminum [Clareborough et al., 1955, 

1956 and 1963].  Later, with the advent of high-sensitivity differential scanning 

calorimeters, Schmidt and Haessner (1990) studied the static recovery in high-purity 

aluminum and other FCC metals deformed at -196°C. In Figure 2.5 they observed, for 

aluminum,  two distinct peaks for point defect recovery at -70°C, and then for 
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recrystallization at -20°C, although there was no discernible recovery of dislocations at 

this low temperature.  

 

Figure 2.5: Calorimetric reading during heating of aluminum, lead, copper and silver 

specimens deformed in torsion at -196°C to several different values of surface shear 

strain (s), [Schmidt and Haessner,1990]. 

 
Higher temperature peaks, especially for copper and silver, are due to annealing out of 

dislocations during recrystallization.  Analysis of those peaks gave the magnitude of the 

stored energy released which varies from 21.5 J/mol in Pb, 69.6J/mol for Al, 216J/mol 

for Cu and 220J/mol for Ag. (Schmidt, 1989).   
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Simple expressions of dislocation line energy can be used to quantitatively 

describe the initial deformation stored and its consequent release during recovery.  The 

relationship between stored energy (Es) and the deformation microstructure was 

expressed by Godfrey et al. (2005) as 

           
(2.1) 

where, E= energy per unit length of dislocation line, and  

            ρ= total dislocation density. 

 Assuming the dislocation rearrangement during recovery is by thermally activated glide 

or cross slip of screw dislocations, the dislocation line energy can be replaced with the 

self energy expression for per unit length of screw dislocation line [Weertman & 

Weertman, (1992)]. 

          
(2.2) 

where,  μ= shear modulus,  

             b = dislocation Burgers vector,  

             R= outer cut-off radius of the dislocation.  

A quantitative expression for the stored energy evolution can be obtained if dislocation 

density can be measured in the deformed and recovered state:  

              (2.3) 

  

where,  = stored energy recovered,  

 = dislocation density in the deformed microstructure, 
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= dislocation density in the recovered microstructure. 

For aluminum the accepted values are μ= 2.8x1010 N/m2, R= 105b, and b=2.9x10-11 m.  

So the energy per atomic length of dislocation line is 5.2x10-12 ergs or 3.3eV.  For 

considering the recovery of point defect or vacancy, self energy of lattice vacancy is 

considerably less than line defects, and is in the order of 1 eV.  So the energy release 

for recovery of point defects would be significantly less than that for line defects. In this 

context, it is worthwhile to look at the table (Figure 2.6) presented by Spaepen (2005) 

for comparing energies that govern different phenomenon in materials science. 

Energies associated with the formation of vacancies and dislocations in FCC copper 

given in the table are relevant to current discussion about stored energy recovery during 

annealing.  

With regard to calculating stored energy release from the evolution of dislocation 

density, as shown in Equation 2.3, it is necessary to mention that measuring the 

dislocation density in a deformed or recovered microstructure is not an easy task.  The 

density of dislocations can depend on various factors such as microstructure, amount of 

strain, purity of material, orientations, etc. There are various experimental methods 

[Bailey (1962), Guiglionda, Borbély and Driver (2004), Ungár and Borbély (1996)] for 

measuring dislocation density.  Theoretical prediction of dislocation evolution is also 

difficult, and Nes (1998) reviewed formulating models for that. The most reliable method 

for dislocation density determination is X-ray diffraction [Guiglionda,  Borbély and Driver 

(2004),Ungár and Borbély (1996)].  
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Figure 2.6: Comparative table of energies used in materials science.  Unless otherwise 

mentioned in the table, all physical quantities are for FCC copper. [Spaepen, 2005] 

 

2.2.2.2 Recovery of Microstructure and Mechanical 

Properties  

 
As already discussed, stored energy from deformation is retained inside the 

crystal in the form of various defects.  Such defects may consist of point defects such as 

interstitials and vacancies, line defects or dislocations, and stacking faults [Rosen and 

Dorn, 1963].  Stored energy depends on both the number of such defects, their 

arrangement and interaction of them with each other.  For this reason each structure-
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sensitive property of a crystalline material changes during recovery as a function of not 

only the number and distribution of the defects, but also as a result of the effects of the 

defect pattern on the specific property being measured. In this regard, observing the 

evolution of the global deformation stored energy alone does not provide a useful 

insight into recovery behaviour of the material. The correlation between between 

recovery microstructures (mesoscopic) and mechanical properties (macroscopic flow 

stress, strain hardening, ductility, hardness, etc.) is of most importance. Although 

adequate investigations have been carried out on local microstructural evolution during 

recovery, most researchers have not formulated microstructural recovery with the 

evolution of mechanical properties. Verdier et al (1998) studied the microstructural 

evolution during recovery in highly deformed Al-Mg alloy by TEM characterization. They 

observed local dislocation configurations from dense dislocation tangles in deformed 

state to annealing of dislocations at cell interior and subgrain boundaries during 

recovery. The relationship of the recovery of the microstructure with the properties of 

metal is extremely complex, and not very well investigated [Hasegawa et al. (1979)]. 

Verdier et al. (1997,1998 and 1999) combined different experimental techniques, such 

as electrical resistivity, X-ray broadening, and differential scanning calorimetry to 

characterize the density and arrangement of dislocations in the deformed and recovered 

states, and they have used average quantities describing microstructure in relation to 

the mechanical properties and stored energy. Verdier et al. (1999) combined TEM 

observation of dislocation structure evolution, and concluded that kinetic evolution of 

average mechanical properties such as flow stress during recovery is a function of 

change in a single microstructural parameter only, dislocation density. Their results 
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were, however, at variance with the description provided in contemporary investigation 

by Nes  [Nes (1995), Nes and Saeter (1995)] in which they proposed kinetic softening of 

yield strength is based on the behaviour of microstructural composite- cell/subgrain and 

wall/subgrain boundaries.  

As discussed before, methods like calorimetry only measure global evolution of 

stored energy during recovery and cannot directly observe the local microscopic 

mechanisms occurring for instance in dislocation tangles. Transmission electron 

microscopy, on the other hand, in theory, can be used to characterize the local 

dislocation configurations in the cells or subgrains and at their boundary walls. 

However, the quantitative analyses over the areas of grains are not a very easy task to 

do because the density distribution is often too large in regions to resolve. In this regard 

X-ray peak broadening is a general method that can give statistical data covering the 

grain scale in the deformed microstructure; it allows a more local measurement than 

calorimetry, and also does not require exhaustive sample preparation and imaging 

needed for TEM.  X-ray peak broadening information directly determines microstructural 

parameters, and it can quantitatively observe the evolution of microstructure during 

recovery [Saimoto et al., (2009)].  Peak broadening information can also capture the 

local orientation-dependent stored energy variation or micro-strain distribution 

[Guiglionda et al. (2004), Rajmohan et al. (1999)].  X-ray diffraction peaks from the 

deformed metal are broadened by the elastic stored energy of dislocations. 

Microstructural parameters such as dislocation density and small crystal size can be 

obtained by deconvoluting the broadening measurements. The actual method for 

deconvoluting structural parameters from peak broadening measurements was 
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pioneered by Warren and Averbach (1950 and 1952) and Williamson and Hall (1953).  

This has been modified extensively in the last few years with better theoretical analyses 

as well as excellent improvements in the computational and experimental techniques. 

With the application of theoretical models such as Wilkens’ (1970) restrictedly random 

distribution of dislocations, several researchers, and more recently Ungár and co-

workers, have formulated excellent peak analysis techniques for separating structural 

parameters from diffraction peaks [de Keijser et al. (1982), Groma, Ungár and Wilkens 

(1988 and1989), Ungár et al. (1999), Ungár and Borbély (1996)].  A detail discussion 

about the X-ray peak profile analysis techniques, which are also implemented in this 

thesis for calculating dislocation density, is given in the Appendix. 

 

2.2.3 Recovery Kinetics  

  
Kinetics of recovery is measured by observing the time-dependent evolution of 

structural parameter such as hardness, yield strength or microstructural parameter such 

as dislocation density during isothermal annealing.  Recovery kinetics in polycrystals 

usually follows a logarithmic decay, which has been verified by several researchers in 

different metals and alloys [Kuhlmann et al. (1949), Michalak and Paxton (1961), Barioz 

et al. (1992), Verdier et al. (1996)].  Figure 2.7 shows the results of Verdier et al. (1996) 

in which they observed the softening kinetics of yield strength in commercially pure 

aluminum after different amounts of deformation. They noted two distinct stages of 

recovery and recrystallization in the softening kinetics:  initial slower softening kinetics 

corresponds to recovery, and accelerated softening regime due to recrystallization. The 
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softening kinetics can also be seen to vary with the amount of deformation present in 

the material; the heavily rolled material recovers fastest and recrystallizes quickly as 

opposed to the low-strained one which displays a comparatively flat recovery curve.  An 

early important early work is by Michalak and Paxton(1961), who observed the 

logarithmic decay of hardness in deformed zone refined iron during isothermal recovery. 

The Initial decay is usually faster and then it slows down into a typical plateau region 

with time. This kind of property-time relationship seems to apply to most of the metals, 

irrespective of their purity and amount of deformation present in them.   
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Figure 2.7:  Isothermal recovery kinetics of yield strength in commercially pure 

aluminum (AA1070) at T=240°C for three different strains ε= 0.5,1 and 3. [Verdier et al. 

(1996)]. 

 
In order to understand this kind of time-dependent kinetic recovery behaviour, it 

is important to make a few observations.  Physical processes during recovery, which 

include dislocation annihilation, dislocation rearrangement into subgrains, and subgrain 

growth control the basic recovery kinetics. The annihilation and rearrangement of 

dislocations into lower energy configurations have been proposed to occur by two 

different rate controlling mechanisms: thermally activated dislocation glide or cross slip, 
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and dislocation climb [Friedel (1964), Nes and Saeter (1995), Humphreys and Hatherly 

(2004)]. These rate controlling mechanisms are important to quantitatively describe the 

microstructural rearrangement and corresponding time-dependent evolution of 

mechanical properties. In this regard, various quantitative models for recovery have 

been developed in the literature based on different rate controlling mechanisms [Li 

(1962), Nes and Saeter (1995), Verdier et al. (1999), Go et al. (2003)]. Although a 

discussion about these models is beyond the scope of the experimental studies 

presented in this thesis, it is worthwhile to mention the most commonly accepted kinetic 

model for recovery is based on thermally activated dislocation glide or cross slip.  

Friedel (1964) considered the possibility that dislocation annihilation during recovery is 

governed by thermally activated glide or cross-slip.  He proposed that activation energy 

for recovery is a decreasing function for internal stress (σ), and the rate of recovery is: 

      
   (2.4) 

where, Q= activation energy of slip, 

k= Boltzmann’s constant, 

T = temperature in degrees Kelvin, and   

 Q is given as a decreasing function of internal stress σ,   

          (2.5)  

              

Hence,                                        (2.6) 

 

On integration of (2.6), 

         
(2.7) 
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where,  is the flow stress at time t=0. 

So at time greater than t0, stress decreases logarithmically.  Therefore, for recovery 

controlled by a thermally activated glide mechanism, the activation energy decreases 

with increasing dislocation density or stored work in the material, and it increases during 

the course of annealing.  This is consistent with the result obtained by Michalak and 

Paxton (1961) in which they observed the logarithmic decay of hardness in deformed 

zone refined iron which showed a faster decay initially that slowed down into a typical 

plateau region with time. More recently Barioz et al. (1992), and Go et al. (2001) have 

observed similar decay behaviour in AA6111.  An apparent activation energy is usually 

obtained from this kind of temperature dependence to identify the mechanisms 

controlling the dislocation mobility during the recovery.  Verdier et al. (1999) studied the 

softening kinetics of yield strength and strain hardening in an Al-Mg alloy, and 

measured activation energy from it. They determined an activation of 1.8-2.1eV, which 

they reported was higher than the activation energy for cross slip (1.2eV) or climb (1.4-

1.5 eV) for pure Al, or for Mg diffusion in Al (1.2-1.66eV).  Van Drunen and Saimoto 

(1971) measured the kinetics of recovery in high purity <100> copper single crystals 

and found activation energies equal to that for the self-diffusion in copper.   Activation 

energy can also help in understanding the energetics of the recovery process. Michalak 

and Paxton (1961) measured the activation energy in deformed zone refined iron from 

the recovery of hardness, in which they observed activation energy increases constantly 

as the recovery process proceeds, and signifies additional thermal energy requirement 

for driving the further recovery process as the stored energy of the metal releases 

during the ongoing recovery process. 
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2.2.4 Recovery in Aluminum Alloys 

 
 

In pure metals, softening due to recovery is a function of the amount of 

deformation or stored energy, annealing temperature, and time. In alloys, however, 

alloying elements and their subsequent precipitation in the matrix, along with annealing 

conditions (temperature and time effect) and deformation history of the alloy, has a 

significant effect on the recovery kinetics. These general effects are easy to explain 

qualitatively, but are often intractable quantitatively. The physical mechanisms 

controlling the recovery kinetics differ from pure Al to its different alloys.  In general, 

alloying in Al can impede the mobility of dislocations or point defects. Thus it may slow 

down the recovery or recrystallization process, requiring higher thermal energy for 

recovery to begin.  Also in some alloys small particles can assist in the onset of 

recrystallization by particle stimulated nucleation (PSN) [Weiland, Rouns, and Liu 

(1994)].  So alloying content, and the size of the precipitates forming during annealing, 

can have a varying effect on the recovery and recrystallization kinetics of aluminum 

[Smith (1948), Humphreys and Martin (1977), Humphreys (1980)]. Since the 

experimental work in this thesis characterizes the recovery behaviour in a composite 

type alloy of age hardenable Al-Mg (AA6XXX) core and non-age hardenable Al-Mn 

(AA3003) clad, a brief review of the recovery characteristics of the both types of these 

alloys is necessary.   

There are comprehensive investigations available in the literature on 

characterizing the recovery kinetics of Al-Mg alloys [Barioz et al. (1992), Verdier et al. 

(1999), Go et al. (2001and 2003)]. Following the lead of Verdier et al., Go et al. (2001) 
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specifically characterized the recovery kinetics in AA6111 by studying the softening in 

yield strength as a function of annealing time and temperature. Figure 2.8a below 

shows the softening rate due to recovery increases significantly with increasing 

annealing temperature, and the corresponding effect of prestrain is shown in the Figure 

2.8b. Go et al. (2003 b) attributed the sluggish recrystallization behaviour in AA6111 

due to the pinning effect of AlxMgy precipitates on grain boundaries. They observed a 

significant softening of yield strength by recovery, as recrystallization processes are 

retarded by an interacting precipitation phenomenon.  In Go’s PhD thesis (2006), he 

observed the recrystallization kinetics in different AA6111 samples with varied ageing 

conditions. This alloy does not fully recrystallize completely even after 40 days at 

325°C, but can recrystallize completely within 30 minutes at 445°C, which signifies the 

typical sluggish recrystallization - characteristics of AA6111. 
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Figure 2.8: Recovery kinetics of yield strength in industrial processed AA6111: (a) 

effect of annealing temperatures and (b) effect of prestrain. [Go PhD Thesis (2006)]. 
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Unlike Al-Mg alloys, recovery behaviour in Al-Mn alloys has not been as 

extensively investigated.  Oscarsson et al. (1992) studied the development of 

microstructure in hot rolled and annealed AA3003 and AA3004.  They observed that 

these alloys don’t recrystallize in reasonable time unless heated above 400°C.  

However, AA3004 shows comparatively faster recrystallization behaviour than AA3003 

alloy. Lloyd (1982) studied the recrystallization behaviour of Al-1.2wt.%Mn alloys, and 

observed the precipitation of Mn during annealing can actually prevent the migration of 

substructure which results in a very slow recrystallization process, restricted initially to 

the precipitate-free zone only, but can eventually recrystallize completely at sufficiently 

high temperature above 400°C.  Unlike the pinning effect of smaller precipitates 

particles, particle stimulated nucleation may also be a possible mechanism for 

recrystallization in Al-Mn type strain hardened alloys, in which larger undeformed  

particles can actually promote recrystallization. Weiland, Rouns and Liu (1994)   

observed around 50% by volume of all recrystallized grains in Al-Mn alloy were formed 

by particle stimulated nucleation (PSN).  Unlike AA3003 alloy, Kim et al. (2003) however 

reported very early recrystallization of cold rolled AA3004 when annealed at 300°C for 1 

hour. In order to capture the alloying effect on the recovery kinetics of aluminum, 

Verdier et al. (1996) did a very interesting work of comparative study of recovery 

kinetics in pure aluminum, Al-Mg alloy and Al-Mn alloys. They observed a more distinct 

two stage softening kinetics in pure aluminum, which depends on the amount of 

deformation present in the metal. They also observed the effects of Mg and Mn on 

recovery kinetics in aluminum are opposite. Mg accelerates the recovery kinetics as 

dislocation structures are more unstable in Al-Mg alloys microstructure. On the other 
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hand, Mn atoms form Al6Mn dispersoids which pins the dislocation substructure 

resulting in slower recovery kinetics.   

 
2.2.5 Critical Assessment of the Recovery Literature 

 
The importance of post-deformation thermal-mechanical processing 

phenomenon such as recovery and recrystallization in optimizing final properties and 

microstructure of the material is extensively discussed. It is also observed that recovery 

is not as rigorously investigated as recrystallization processes.  Unlike recrystallization 

which is accompanied by distinct changes in material properties, microstructure and 

texture, recovery observes more subtle changes, which, unless meticulously 

investigated, may remain overlooked. However, it is very necessary that the recovery 

process be better understood, as in many occasions it sets the platform for 

recrystallization as it consumes the stored energy of the material prior to 

recrystallization, and thus controls the amount available for driving the subsequent 

recrystallization processes.  

Another context related to this thesis is to understand the recovery behaviour in a 

multilayered alloy. There is no investigation to date which studies the relative recovery 

characteristics of an interface region of clad alloy and its consisting layers.  Owing to 

diffusion of alloying elements in a multilayered alloy system, the interface region   

develops a composition gradient different from the individual layers. This heterogeneity 

in chemistry (and structure) may result in a very different thermal-mechanical response 

in the inter-alloy region, which can further influence the final property of the material.  
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Figure 2.9 shows an EBSD micrograph of a rolled clad Al alloy manufactured by 

Novelis FusionTM technology after annealing at 300°C for 1h. The AA3003/AA6XXX 

inter-alloy region labelled clearly shows an earlier start in recrystallization than the bulk 

of the material. This heterogeneity in the material’s response to post-deformation heat-

treatment  processes is the motivation for selecting the clad aluminum metal system for 

the inter-alloy recovery behaviour investigated in this thesis.  

    

Figure 2.9: EBSD micrograph after 300°C 1h annealing of a rolled clad aluminum alloy 

manufactured by Novelis FusionTM technology. TheAA3003/AA6XXX inter-alloy region is 

labelled.  [Jin. H, 2011].  

 
Subsequent chapters will thus discuss the experimental investigations performed to 

capture the recovery behaviour in the inter-alloy region of a clad aluminum alloy system. 

Isochronal and Isothermal heat- treatment schedules have been designed carefully for 

capturing evolution of microstructure and mechanical properties during recovery, and 

Inter-alloy  
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their evolution kinetics as well. An estimate of the apparent measurement of dislocation 

density is also made from X-ray peak broadening parameters to understand the 

partitioning of the stored energy in the alloy, and its release during recovery process. 
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Chapter 3 
 
Experimental Methodology  

 
The objective of the experimental work is to obtain sufficient kinetic data for 

describing static recovery of microstructural and mechanical parameters in clad 

aluminum alloy system by precisely designed isochronal and isothermal heat treatment 

schedules. An aluminum alloy consisting of core AA6XXX clad with AA3003 alloy 

produced by Novelis’ FusionTM process has been used for this study. The as-received 

material was subjected to different processing and heat treatment schedules. The 

microstructure and properties during recovery were characterized by different 

techniques. A detail discussion about these procedures is given in this chapter.  

 
  

3.1Material System      
 

The clad aluminum alloy system studied was a core AA6XXX clad with AA3003 

produced by the Novelis FusionTM process, generously provided by Novelis Inc. Global 

Technology Center, Kingston, Canada. Table 3.1 shows the composition of the 

individual alloys. The as-received alloy was a hot-rolled sheet with thickness of 4.3mm, 

and clad with AA3003 on both sides. The AA3003 cladding was removed from one side 

by grinding to expose AA6XXX, which allowed the same subsequent deformation 

history to be followed at the clad/core interface and the core sub-surface.  The single 

sided clad alloy was reduced 72% by cold-rolling to 1.2 mm in four passes (4.3  3.7  

2.54  1.7  1.2 mm), where each pass was followed by a flip over of the sheet. 
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During cold-rolling, the sheet temperature did not exceed 60°C. After cold rolling the 

cladding thickness was 125μm. Figure 3.1 shows an electron channelling contrast 

(ECC) image through- thickness, clearly showing the contrast between the clad (right) 

and core(left) regions, where the clad region contains larger fraction of large 

intermetallic particles. The interface is not perfectly clear, and so a ~100µm distance 

about the approximate interface will be defined as the inter-alloy region.  

 

Figure 3.1: Electron channelling contrast image of cold rolled AA3003/AA6XXX 

RDxRPN section showing AA3003 cladding (dark region) to the right of the AA6XXX 

core.   Scale marker 100µm. 
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Table 3.1: Chemical composition of core X609(experimental name of AA6XXX used by 

Novelis Inc.) and clad (AA3003) in wt%. 

Alloy Mg Cu Si Mn Fe Al 

AA6XXX 0.4 0.49 1.2 0.14 0.2 Balance 

AA3003 - 0.12 - 1.2 - Balance 

 

Chemistry of the clad alloy was measured by Glow Discharge Optical Emission 

Spectroscopy (GDOES) technology at the Novelis Global Technology Center in 

Kingston.  The instrument used was a Jobin yvon Horiba spectroscopy, GD profiler 

model.  The gradient of alloying elements across the interface, shown in the Figure 3.2, 

was measured on the clad side of a cold rolled specimen after removing 30µm by 

mechanical polishing. The inter-alloy region begins at 90µm from the reference surface 

and extends about 30µm into the sheet.  The decrease in the composition into the core 

alloy is an artifact of the measurement technique. 
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Figure 3.2: Gradient of chemical composition across the as-rolled AA3003/AA6XXX 

inter-alloy region measured by GDOES technology.  

  

3.2 Sample Preparation  

 
Flat metal coupons (10x15 mm2) parallel to the surface were prepared by serial 

grinding and mechanical and electrochemical polishing to remove 115μm from the clad 

side to expose the inter-alloy region.  Separate sample coupons from the core AA6XXX 

were also prepared by a similar grinding and polishing process to the same depth from 

the surface as the inter-alloy region.  The AA6XXX samples from this depth are referred 

to as core for the rest of this thesis.  

For surface preparation, the metal coupons were mounted in a Bakelite disc and 

ground with abrasive silicon carbide papers, starting with a coarser grit size to a finer 

one, with continuous water cooling. Approximately 90-100μm was ground off from the 

clad surface by this method before moving to cloth polishing using 6 μm diamond 



48 

 

suspensions. Once scratches from paper grinding were removed by diamond polishing, 

a final polishing was done with colloidal silica for few minutes to produce a mirror like 

flat surface finish with almost no scratches from polishing or grinding. Approximately 

110-115µm was removed by grinding and polishing, including around 3-5µm of metal 

removal during electro-polishing. A similar amount of metal was removed following a 

similar procedure from the AA6XXX surface of the clad alloy to prepare core AA6XXX 

sample coupons. The coupon flatness was checked intermittently during the above 

procedure using a micrometer with 5µm precision.  The sequential grinding and 

polishing steps with other necessary details are given in the Table 3.2. 

 

Table 3.2:  Procedure for preparing aluminum alloy surfaces for electron microscopy 

and X-ray diffraction.   

Type (Paper or Cloth) Abrasive/Size Time 

Abrasive Paper i) 240 grit SiC   
ii) 320 grit SiC 
iii) 400 grit SiC 
iv) 600 grit SiC 

 

Until flat and/or desired 
thickness is reached. 

Cloth Polish 6μm diamond suspension 15-25 minutes. 

Cloth Polish 0.06μm colloidal silica 

suspension 

5 minutes or until a scratch-
less and mirror like surface 
finish is obtained.  

 

The samples were further electropolished in order to remove the microscopic 

deformations and undulations on the surface from mechanical polishing. An A2 solution, 

which is a recipe of 100 ml perchloric acid (60%) +500 ml ethyl alcohol, was used as the 
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electrolyte. The solution was refrigerated to -10°C before use to ensure adequately low 

bath temperature. The sample was also cooled to ~-10°C by using dry ice or liquid 

nitrogen during the polishing process. Electropolishing results in a microscopically flat 

and aesthetically shiny sample surface. The samples were polished for 10-20 sec at 

30V with ~5mA/mm2current density.   

 

3.3 Heat Treatments  

 
Sample coupons were heat treated following a series of isochronal or isothermal 

annealing schedules. For heating, a water bath was used for temperatures below 

100°C, a silicone  oil bath was used for temperature between and 100 and 230°C, and a 

salt bath was used for any temperature above 230°C.  Temperature variation was ±2°C, 

±0.5°C and ±0.1°C for salt, oil and water baths, respectively. All samples were water 

quenched to ambient temperature after the heat treatments.  Isochronal annealing was 

performed on a single specimen at a series of incremental temperatures for 2 minutes 

at each temperature. Isothermal annealing on single specimens followed incremental 

time periods at one of two different temperatures corresponding to the recovery region 

observed from the previously determined isochronal measurements. All heat treatments 

were done on both inter-alloy as well as AA6XXX sample coupons, and microstructural 

parameters and mechanical properties were measured after each annealing treatment 

by X-ray diffraction and micro-hardness measurements, respectively. 
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 3.4 Macro-texture Measurements  
 

 
X-ray macro-texture was measured on deformed coupons of both AA6XXX and 

inter-alloy region to measure the initial starting texture of the deformed sample. Macro-

texture measurements were further made whenever a significant recovery in hardness 

or the X-ray broadening parameter was observed in order to capture the corresponding 

change in grain orientation. X-ray pole figures were measured using a Rigaku X-ray 

diffractometer with rotating anode Cr-source operating at 9.4 KW. {111}, {200}, {220} 

and {311} incomplete pole figures were measured and the CODF was calculated using 

MTM-FHM software using a series expansion of Lmax=22.  Volume fractions of ideal 

orientations were calculated from the CODF for different annealing conditions.  

 

3.5 Scanning Electron Microscope (SEM) Imaging 

 
All SEM imaging was done in a JEOL JSM-840 electron microscope at the 

Mechanical and Materials Engineering Department, Queen’s University, Kingston. 

Images were taken in both secondary electron (SEI) and electron channelling contrast 

(ECC) mode.  The accelerating voltage was set at 10kV. A more typical accelerating 

voltage (20kV) produces too much sub-surface signal, and therefore lower surface 

image resolution.  The ECC images produced by back scattered electrons captured 

area approximately 50nm deeper into the surface than secondary electron images, 

which were mostly near the surface. ECC mode was more suitable to capture 

substructure contrast in the deformed microstructure. The working distance of the 
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sample inside the SEM chamber was always maintained at 15mm from the electron 

source.   

 

3.6 X-ray Line Broadening Measurement  

 
X-ray diffraction broadening measurements were made on the deformed samples 

and after every annealing step. Measurements were made with a Rigaku model RINT 

1100 L X-ray diffractometer using a Cu target operating at 1.4kW power. A single 

graphite monochromator was used to remove the Kβ component. Theta/2-theta 

measurements were made on grains with {220}, {311}, {222}, {400} planes parallel to 

the sheet surface to determine the Bragg position, θB .  Signal detection was made 

using scintillation detector counting for every 0.02° in 2-theta. Measured intensity versus 

2-theta from the diffractometer contained a Kα1 /Kα2 doublet. A single monochromator 

was unable to remove the Kα2 wavelength. The measured data were fed into an in-

house  pseudo-Voigt fitting program, in which the Kα2 component was removed , and 

peak profile parameters, full width half maximum(FWHM), integral breadth (β), and θB, 

were calculated. The broadening parameters for the Gaussian and Lorentzian portions 

of the intensity vs. 2-theta peak were separated from the pseudo-Voigt fitting, which is a 

linear combination of the two. According to de Keijser et al. (1982), the broadening 

parameters for the Gaussian portion of the peak corresponds to micro-strain or 

dislocation density present in the deformed microstructure, and the Lorentzian 

component is related  to crystal size, which was negligible in the present study. A 

detailed description of the pseudo-Voigt fitting of X-ray data and line profile analysis 
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techniques employed in this thesis can be found in Appendix A. The change in the 

broadening parameters with temperature reported here represents the evolution of 

microstructure during recovery, while the corresponding change in mechanical 

properties was captured by measuring the Vickers microhardness as discussed next.  

 
3.7 Microhardness Measurements 

  
Micro-hardness was measured after every annealing treatment to capture the 

local change in mechanical property. The Vickers micro-indenter used had a diamond 

indenter in the form of a right pyramid with a square base. All the measurements were 

made with a 50g load held for 30 seconds. Each reported hardness value was 

determined by the arithmetic mean of seven different measurements. Figure. 3.3 shows 

the secondary electron image of the indents in a deformed sample along with the 

Vickers hardness measurement principles.   

Diagonal lengths of the indents (d) measured with known load (F in Kgf) to 

determine  the corresponding number  :    , where HV is Vickers 

hardness No,  F is the load used in Kgf and d is the average diagonal length 

( ) of the indent in mm.  The indentation depth (h) is about 1/7 of the diagonal 

length, and therefore does not sample a single layer of material. For a deformed sample 

the indentations were measured to penetrate approximately 4 to 5µm below the surface.     
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a)  

b)  

Figure 3.3: a) Vickers hardness test method consists of indenting the material with a 

diamond indenter, in the form of a right pyramid with a square base and angle 136° 

between the opposite faces subjected to a load of F kgf. b) Secondary electron image of 

the indents in a deformed sample taken at 500X magnification. Scale marker 100µm. 



54 

 

3.8 References 
 
de Keijser, Th.H.,  Langford, J.I., Mittemeijer, E.J.  and Vogels, A.B.P. : J. Appl. Cryst. 
15 (1982), pp. 308-314.   

 



55 
 

Chapter 4 

Experimental Results 

 

All the experimental results are presented in this chapter.  Initial microstructural 

and textural characterization of the deformed material are presented first. Comparative 

X-ray broadening measurements along with the corresponding micro-hardness 

measurements for the core AA6XXX and inter-alloy region during isochronal and 

isothermal heat-treatment schedules are presented for characterizing recovery 

behaviour and kinetics. Also presented is the evolution of macro-texture during the 

course of recovery to the onset of recrystallization. 

   

4.1 The Deformed State 

   
The deformed state is defined as the cold-rolled condition of the singularly clad 

FusionTM alloy, and is the starting state for this experiment.  The hot-band before cold 

rolling was 4.35mm thick including a 435μm AA3003 cladding (therefore AA6XXX is 

3.90mm), which after a total reduction of 72% yielded 1.20mm total thickness with a 125 

μm AA3003 cladding (and 1.08mm of AA6XXX).  Within measurement error, both alloys 

have responded to the total reduction deforming by the same strain.  The initial 

microstructure and texture of the deformed clad and core alloy were characterized first 

using ECC imaging and X-ray macro-texture.  

The initial macro-texture of the cold-deformed metal was measured at three 

different thickness levels to capture the different orientations present in the deformed 

material.  Figure  4.1 shows the φ2 =45°, 65° and 90°, sections of the COD for (a ) 
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AA3003 clad surface (b) inter-alloy region, (c) AA6XXX at sheet mid-plane, and d) 

AA6XXX core at equivalent depth from surface as inter-alloy region on the other side of 

the rolled sheet.  The β-fibre texture components are present at all four thickness levels. 

There is a strong “brass” {011} <21-1> orientation in all the three thickness levels, which 

is stronger at the interface than in the AA6XXX. There are also visible strong “copper” 

{112} <11-1> and “S” {123} <634> components in the deformed macro-texture, and both 

of these textures are stronger at the core AA6XXX than the interface.  Both the “cube” 

{001} <100> and “Goss” {011} <100> orientations appear weak in the deformed macro-

texture measured. A through-thickness variation in texture is clearly visible from the 

COD sections presented for different thickness levels below.  

a)    

b)         
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C)       

d)          

Figure 4.1: φ2 =45°, 65° and 90° sections of the COD showing different texture 

components of the β-fibre for the as-rolled alloy through-the-thickness: (a) at the 

AA3003 cladding surface, (b) inter-alloy region, (c) mid-plane of the sheet, and d) 

AA6XXX core at equivalent depth from surface as inter-alloy region on the other side of 

the rolled sheet . The intensity contours are 1, 1.5, 2, 2.5, 3.5, 4, 5.6, 8, 11, 16x random. 

 

Figure 4.2 shows the ECC image of the deformed microstructure at the inter-

alloy region of the starting material. The contrast in the image is due to the dislocation 

substructure present in the deformed microstructure. Alx(Mn,Fe,Si)y inter-metallic 

particles (white) are also visible in this microstructure. 
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Figure 4.2: ECC image of the inter-alloy region of the deformed microstructure. Rolling 

direction is vertical. Indent shown is made by micro-indentation process.  

  

 

 

 

 

 



59 
 

4.2 Annealing Results  

 
Recovery of the microstructure is followed by measuring the evolution of the X-

ray broadening parameters during isochronal and isothermal heat-treatments. Figure 

4.3  shows the evolution of the fit X-ray intensity distribution for the core AA6XXX alloy 

and inter-alloy region, during isochronal annealing at three different conditions: the initial 

deformed state, recovered state and at the start of the recrystallization. The Kα1 intensity 

distribution is plotted in reciprocal space after removing the Kα2 component.  There is 

also a noticeable shift in peak position from the annealing treatment.         
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a)  

  b)  

Figure 4.3: {022} pseudo-Voigt X-ray line intensity distribution of the Kα1 peak in 

reciprocal space(after subtracting the background and Kα2 components) in the 

deformed state, and sequential 2 minutes anneals up to a) 205°C and 355°C for core 

AA6111 alloy and b) 185°C and 330°C for inter-alloy region. The intensity is normalized 

by the maximum of each measurement.    
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4.2.1 Isochronal Annealing 

 
The evolution of the {220} and {311} Bragg Kα1 peak positions is shown in 

Figure 4.4.  Shift in Bragg peak positions during post-deformation annealing is due to 

macro-strain in the material. Evolution of peak-positions with temperature for the both 

core AA6XXX and inter-alloy region shows the 2-theta values for {220} and {311} peaks 

increases continuously in the temperature range of recovery up to ~300 °C. This 

indicates a corresponding dilation of the {220} and {311} inter-planer spacing. The  

{220} and {311} 2-theta peak positions start falling beyond the 300°C due to what 

should be an apparent start of recrystallization. This indicates the {220} and {311} 

planes are compressing during recovery and this compression is relaxed with the 

apparent onset of recrystallization.  At higher temperature these planes again go into 

compression corresponding to a release of solute into Al-matrix with second phase 

dissolution, and/or grain interaction due to the recrystallization and grain boundary 

migration.   

The change of the broadening parameters with temperature during isochronal 

annealing is shown in Figure 4.5. A comparative evolution of the Gaussian component 

of the FWHM measurements from the pseudo-Voigt fit Kα1 {220} and {311} X-ray 

intensities along with the change in Vickers micro-hardness is shown for the (a) core 

AA6XXX and the (b) inter-alloy region. The variability in the hardness measurements is 

shown as error bars in the graph, which varies between1to 3 VHN. The errors  

associated with the FWHM and integral breadth measurements are smaller than the 

symbols, and hence not visible in the figure.  Both broadening and hardness values 
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show relatively faster drop during recovery in Figure 4.5a than in Figure 4.5b, which 

indicates comparatively faster recovery in AA6XXX than the inter-alloy region.   

a) b)  

       

  c)                                                  d) 

Figure 4.4: Evolution of {220} and {311} Bragg peak positions with temperature during 

isochronal annealing: a) and b) {220} peak positions for core AA6XXX and inter-alloy 

region, and c) and d) {311} peak positions for core AA6XXX and inter-alloy region.  
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a)  

 b)  

Figure 4.5: Temperature dependence of the recovery of the Gaussian component of 

the {220} and {311} pseudo-Voigt peak profile full width half maximum (FWHM), and 

Vickers micro-hardness in the a) core AA6XXX and b) inter-alloy region (averaged over 

7 measurements) with sequential 2 minute anneals. Errors associated with the FWHM  

are smaller than the symbols. 
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4.2.2 Isothermal Annealing 

 
Based upon the isochronal data just presented, isothermal annealing was 

performed on the core AA6XXX and inter-alloy region at 175°C and 205°C for different 

times on the annealed alloy to probe the recovery kinetics during heat-treatment. Each 

annealing treatment was followed by measurement of X-ray diffraction peak broadening 

and Vickers micro-hardness measurement on both core AA6XXX and inter-alloy 

samples. The broadening parameter can be represented by either the integral breadth 

or FWHM of the pseudo-Voigt fit {220} and {311} distributions of X-ray intensities. 

Measurement variability in all the micro-hardness measurements during isothermal 

annealing was between1-3 VHN. 

 

4.2.2.1 Core AA6XXX 

 
Evolution of the integral breadth of the {220} and {311} X-ray peaks and 

corresponding micro-hardness measured in the core AA6XXX during isothermal 

annealing at 175°C and 205°C  are shown in Figures 4.6 and 4.7, in linear and semi-log 

representations,  respectively.  Weak {400} and {222} diffraction signals due to texture 

prevented good fitting of these peaks, and so  are not shown.  The data shows a mostly 

logarithmic decay over the time sampled. Horizontal lines of individual color on the „Y‟ 

axis in Figure 4.6b represent the integral breadth value at time of zero seconds.  The 

initial drop in broadening value between 0 and 10 seconds is significantly faster at 

205°C than at 175°C.     
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                a)  

  b)  

Figure 4.6: a) Isothermal recovery of integral breath of {220} and {311} X-ray peaks 

measured at the core AA6XXX alloy  for two different temperatures, 175°C and 205°C. 

b) Same plot for logarithmic time increment.  The horizontal lines of individual colors on 

the ‘Y’ axis represent the integral breadth value at time=0 s. 
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Figure 4.7: Isothermal recovery of micro-hardness measurements in the core AA6XXX 

region during annealing at 175°C and 205°C for different times. 

 
4.2.2.2 Inter-alloy Region 

 
Figure 4.8 below shows the evolution of the integral breadth for {220} and {311} 

peaks measured during isothermal annealing at 175°C and 205°C for the inter-alloy 

region. Isothermal softening of micro-hardness in the same samples at these two 

temperatures is shown in Figure 4.9. Similar to the behaviour in AA6XXX, the Figure 

4.8b shows a relatively higher initial drop in integral breadth value at 205°C than at 

175°C. 
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      a)        

    b)    

 Figure 4.8: a) Isothermal recovery of integral breadth of {220} and {311} X-ray peaks 

measured at the inter-alloy region for two different temperatures, 175°C and 205°C. b) 

Same plot for logarithmic time increment.  The horizontal lines of individual colors on the 

‘Y’ axis represent the integral breadth value at time=0 s. 
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Figure 4.9: Isothermal recovery of micro-hardness measurements in the inter-alloy 

region during annealing at 175°C and 205°C with time. 

 

A comparative representation of the recovery data measured in the AA6XXX and 

inter-alloy region during isothermal annealing at 175°C and 205°C is presented next. 

The relative evolution of integral breadth and hardness values in AA6XXX and inter-

alloy regions during 175°C isothermal annealing is shown in Figures 4.10 and 4.11, 

respectively. The relative evolution of the same during 205°C isothermal annealing is 

shown in Figures 4.12 and 4.13, respectively. Careful observation of the logarithmic 

plots of both integral breadth and hardness data shows a comparatively steeper change 

of these values in AA6XXX than at inter-alloy region. This is similar to the   

comparatively faster recovery in AA6XXX observed in the isochronal data of Figure 4.5.      
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a)  

b)  

Figure 4.10: a) Isothermal recovery of integral breadth of {220} and {311} X-ray peaks 

measured at 175°C in AA6XXX and inter-alloy regions for different times. b)  Same plot 

for logarithmic time increment. The horizontal lines of individual colors on the ‘Y’ axis 

represent the integral breadth value at time=0  s.  



70 
 

a)  

b)  

Figure 4.11: a) Isothermal recovery of Vickers micro-hardness measurements at 175°C 

in AA6XXX and inter-alloy regions for different times. b)  Same plot for logarithmic time 

increment. The horizontal lines of individual colors on the ‘Y’ axis represent the micro-

hardness value at time=0 s. 
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a)  

b)  

Figure 4.12: a) Isothermal recovery of integral breadth of {220} and {311} X-ray peaks 

measured at 205°C in AA6XXX and inter-alloy regions for different times. b)  Same plot 

for logarithmic time increment. The horizontal lines of individual colors on the ‘Y’ axis 

represent the integral breadth value at time=0s.  
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a)  

b)  

 Figure 4.13: a) Isothermal recovery of Vickers micro-hardness measurements at 

205°C in AA6XXX and inter-alloy regions for different times. b)  Same plot for 

logarithmic time increment. The horizontal lines of individual colors on the ‘Y’ axis 

represent the micro-hardness values at time=0s. 
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4.3 Macro-Texture 

 
Evolution of the ideal orientations during isochronal heat treatment is shown in 

Tables 4.1 and 4.2 for core AA6XXX alloy and the inter-alloy region, respectively. The 

table shows that there is little change in the recovery temperature range, but there is a 

dramatic change in the deformation texture components such as “brass”, “copper” and  

“S”, and corresponding surge in “cube” texture with what should be the onset of 

recrystallization above 300°C. It is noticeable that even after the apparent start of 

recrystallization, the  “cube” component actually remains relatively weak in the inter-

alloy region compared to the   AA6XXX.  

Table 4.1: Volume fraction percent of some ideal FCC rolling texture components 

calculated at core AA6XXX region of annealed alloy from the CODF.  A Gaussian 

spread of 11° is used for the calculations. 

Conditions Cube 
{001} 
<100> 

Goss 
{011} 
<100> 

Brass 
{011} 

<21-1> 

Copper 
{112} 

<1 1-1> 

Rotated 
Cube 
{100} 

 <011> 

S1 
{123} 

<-6-3 4> 

S2 
{213} 

<-3-6 4> 

S3 
{132} 

<6-43> 

S4 
{231} 

<3-46> 

As-Rolled 1.4 0.8 13.6 8.8 0.2 11.6 4.0 12.2 5.0 

262°C, 
 2m 

1.0 0.8 14.0 10.6 0.2 12.0 4.3 11.8 5.3 

306°C, 
 2m 

0.9 0.5 15.0 8.1 0.1 8.2 5.0 14.2 4.6 

355°C, 
 2m 

3.7 0.9 7.7 12.5 0.3 7.0 4.8 9.5 4.5 

366°C, 
 2m 

5.8 1.8 3.7 2.3 0.7 2.7 4.2 2.2 2.8 

402°C, 
 2m 

6.5 1.7 2.4 2.3 0.9 2.1 3.9 1.9 2.5 
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Table 4.2: Volume fraction percent of some ideal FCC rolling texture components 

calculated at interface region of annealed alloy from the CODF. A Gaussian spread of 

11° is used for the calculations. 

Conditions Cube 
{001} 
<100> 

Goss 
{011} 
<100> 

Brass 
{011} 

<21-1> 

Copper 
{112} 

<1 1-1> 

Rotated 
Cube 
{100} 

 <011> 

S1 
{123} 

<-6-3 4> 

S2 
{213} 

<-3-6 4> 

S3 
{132} 

<6-43> 

S4 
{231} 

<3-46> 

As-Rolled 0.4 0.9 16.3 7.6 0.5 12.2 3.3 12.0 2.6 

270°C,  
2m 

0.6 0.8 17.8 9.0 0.3 10.9 2.9 10.9 3.5 

309°C, 
 2m 

1.0 1.4 15.4 8.1 0.3 9.3 2.5 9.6 3.3 

351°C, 
 2m 

1.3 2.7 3.7 3.3 1.1 2.2 2.6 2.2 2.7 

391°C 2m 1.2 3.3 2.3 2.7 1.0 2.4 1.7 2.3 1.9 
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Chapter 5 

Discussion 

This chapter presents a discussion of the experimental results for the recovery 

behaviour in AA6XXX and inter-alloy regions of the clad alloy. Evolution of the 

broadening parameters and hardness values during isochronal and isothermal 

annealing is analysed to describe the recovery kinetics of the microstructure and 

mechanical properties.  The Gaussian component of the X-ray peak width (FWHM or 

integral breadth) directly relates with the micro-strains present in the deformed 

microstructure [de Keijser et al. (1982)].  Temperature and time dependent evolution of 

the FWHM or integral breadth of the X-ray diffraction peaks represents the 

microstructural recovery during isochronal and isothermal annealing. Evolution of 

mechanical properties is analysed in terms of temperature and time dependent 

evolution of the Vickers micro-hardness measurements. Isochronal annealing results 

were analysed first for identifying the deformed, recovered and recrystallized states of 

the alloy during the course of annealing at different temperatures. Overall an attempt is 

made to correlate the mechanical property recovery with the recovery of the internal 

structural parameter, the dislocation density.    

The dislocation density in the deformed and recovered states are calculated from 

the X-ray peak broadening, and presented first to understand the driving force for 

recovery and how this elastic energy releases during the recovery process. 

Experimental results are analysed for isochronal heat treatments to identify the recovery 



76 
 

behaviour at different recovered and recrystallized states in AA6XXX and inter-alloy 

regions. Experimental results of isothermal recovery are discussed to understand the 

through-thickness recovery kinetics in the clad alloy. An activation energy analysis is 

performed on the X-ray broadening recovery during isothermal annealing.  Finally    

activation measurements are compared to verify the possible rate controlling 

mechanisms which govern the recovery kinetics in the clad alloy.  

 

5.1 Driving Force for Recovery  

The X-ray broadening measurements presented in Chapter 4 allow the 

calculation and comparison of the through-thickness dislocation densities in the clad 

alloy.  Such an approach allows discussion on the development of dislocation 

microstructure and resulting strain partitioning through the thickness for varying 

chemistry and purity levels of the alloy, and its corresponding influence on the overall 

recovery kinetics.  It is important to understand that the driving force for the static 

recovery process measured in the current research is supplied by the heterogeneously 

stored dislocations from ε=~ 1.3 macroscopic rolling deformation in the present material.  

It was described in the literature review that softening kinetics during recovery can be 

largely influenced by the amount of deformation present in the material; the rolled 

material recovers faster than the low strained one, which develops a comparatively 

flatter recovery curve.  In order to study the correlation between mechanical properties 

and structural parameter, FWHM versus micro-hardness is plotted for sequential 

isochronal anneals for the both AA6XXX and inter-alloy region in Figure 5.1.  The plot 

shows two distinct regions of behaviour, and a correlation between the two parameters.  
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Initially, both the {220} and {311} FWHM decreases rapidly with a weak decrease in 

micro-hardness.  Below ~65 VHN, the hardness decreases rapidly with weaker 

decrease in FWHM.  

a)        

b)  

Figure 5.1: {220} and {311} FWHM versus Vickers micro-hardness during sequential 

isochronal annealing for a) core AA6XXX and b) inter-alloy region. 



78 
 

 The FWHM can also be used to calculate the apparent dislocation density for 

the AA6XXX and inter-alloy regions to understand the strain partitioning in the initial 

deformed metal, which controls the through-thickness variation in the recovery 

behaviour.  A modified Williamson-Hall analysis has been applied to deconvolute the 

dislocation density from the X-ray broadening measurement, which is discussed next.  

X-ray line profile analysis is highly sensitive to the dislocation distribution in 

crystals, and is therefore an excellent tool to statistically study deformed and recovered 

structures in single crystals [Ungár, et al. (1984)].  The elastic energy of the dislocations 

contain the stored energy of the deformed metal, which is both highly heterogeneous 

and strongly orientation-dependent [Guiglionda, Borbély and Driver, (2004)], making 

such analysis of great interest in textured polycrystals.  X-ray line broadening can be 

analyzed as a convolution due to particle size, contributions from dislocations, and 

higher order effects using the modified Williamson-Hall analysis [Ungár et al. (1996, 

1999)] of the peak shape, K, versus position, K as: 

   
 

 
  

     

 
                  

 

           (5.1) 

A detailed discussion of the modified Williamson-Hall analysis along with the X-ray line 

profile analysis techniques used here are provided in the Appendix A.   

In Equation 5.1,   λθθ2cosθΔK BB  , where B is the Bragg peak position, D is 

the so-called apparent size parameter,  is effectively 0.9 or 1 for FWHM or integral 

breadths, respectively, M is a constant depending on the effective cut-off radius of 

dislocations with typical values of 2 to 3, b is the magnitude of the Burgers vector (0.286 

nm for Al), C is the contrast factor due to the type and distribution of dislocations and 
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there orientation with respect to the diffraction vector, and O refers to higher order 

terms.  Consequently, Equation 5.1 describes the locus of diffraction orders for K 

versus KC1/2 space in which resides the dislocation density for a known distribution of 

dislocation type.  In the simplest analysis, the contribution from micro-strain and lattice 

size can be deconvoluted as Gaussian and Lorentzian components, respectively [de 

Keijser et al. (1982)].  Subtracting the domain size contribution results in a first order 

linear plot through the origin of K versus KC1/2 space if the higher order effects are 

negligible 
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 (5.2)

 

and allows an estimation of the dislocation density, ρ.  

Consequently, the slope of a plot described by Equation 5.2 is 
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  (5.3)                                                                                                                

from which an upper bound, apparent dislocation density can be estimated assuming C

is an average contrast factor for an equal fraction of edge and screw dislocations, and M 

is 2.  Figure 5.2 plots ΔK versus 2/1CK  for {220} and {311} peaks after an instrumental 

correction; the {222} and {400} reflections were too weak to deconvolute due to the 

texture.  The apparent dislocation density calculated in the as-rolled state is 

7.78x1013/m2 for AA6XXX, and 4.58x1013/m2 for the inter-alloy region. Recovery at 

205°C for 2 minutes reduces the dislocation density to 3.55x1013/ m2 for AA6XXX and to 

3.32x1013/m2 in the inter-alloy region. The higher dislocation density in the deformed 

AA6XXX justifies the faster recovery than the one observed in the inter-alloy region, 
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because higher stored dislocation density should provide more driving energy in the 

AA6XXX.  Also, because of the rapid recovery, the decrease in dislocation density at 

205°C in AA6XXX is greater than the inter-alloy region, which can also be correlated to 

the experimental hardness drop. If the recovered obstacle density contributes fully to 

the softening of the material, then the change in shear strength, Δτ is αμb(√ρ2 - √ρ1). 

For Al, α=0.5 and μ= shear modulus=26GPa, resulting in a shear strength reduction of 

10.63MPa in AA6XXX. An equivalent hardness change is 9Δτ, or 95MPa.  The 

measured hardness change between the as-rolled and 205°C state in AA6XXX is (85-

77)VHN*9.81= 79MPa, which is very close to the broadening related change.  For the 

inter-alloy region, the numbers are smaller and they match more closely. The shear 

strength calculation for the inter-alloy region from the dislocation density measured by 

broadening parameters is 3.8MPa. So an equivalent hardness change for inter-alloy 

region is 9Δτ, or 34MPa. The measured hardness change between the as-rolled and 

205°C state in inter-alloy region is (65-62)VHN*9.81= 30MPa, which is even closer to 

the broadening related change. Softening in hardness values during recovery 

represents the change in mechanical property, which must be due to a corresponding 

change in structural or internal parameter. The recovery of dislocation density presented 

here, which correlates very closely with the drop in micro-hardness values, thus 

represents the evolution of the structural parameter responsible for this relaxation of 

mechanical properties.         
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a)  

         b)  

Figure 5.2: Modified Williamson-Hall plot for {220} and {311} planes in the deformed 

and 205C 2min. recovered states of the a) AA6XXX and b) AA3003/AA6XXX inter-alloy 

region.  The slope is equated to Eqn. (5.3). 
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5.2 Kinetic Analysis of Experimental Results  

In this section experimental results are analysed for recovery of microstructure 

and mechanical properties observed during isochronal and isothermal heat-treatments 

performed on the AA6XXX and inter-alloy samples.  

   
5.2.1 Isochronal Annealing 

Representative {220} Kα1 profiles were shown in Figure. 4.3 for three different 

microstructural states. Assuming negligible mosaic contribution to broadening, the 

recovery in the Gaussian component of the profile shapes with annealing temperature 

should describe the stored energy release from the deformed structure. The broad Kα1 

peaks measured for the core AA6XXX and inter-alloy regions of the alloy are in the as-

deformed state.  Careful observation of the Kα1 peaks for the as deformed AA6XXX and 

inter-alloy regions show that the AA6XXX is actually broader than the one measured for 

the inter-alloy region. This implies immediately that the amount of deformation stored in 

the overall FusionTM product is not uniform through the thickness, and deformation 

stored energy is higher in the AA6XXX sub-surface layer than the inter-alloy layer 

beneath the surface.  Further observation of the peaks in the recovered condition shows 

that the Kα1 peak for the AA6XXX sharpens more rapidly than the peaks measured in 

the inter-alloy region.  Stored energy, being the driving force of the recovery and 

recrystallization process, causes a more rapid recovery in core AA6XXX than inter-alloy 

region. However, it is the activation barrier, which mainly controls the recovery kinetics, 

and it is discussed later in this chapter.    
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5.2.1.1 Core AA6XXX 

Recovery of line profile and micro-hardness is detected in core AA6XXX well 

before the recrystallization starts. Observation of the evolution of the micro-hardness in 

Figure 4.5a shows three distinct regions: i) ambient to 80°C there is little change in 

either hardness or broadening parameter, ii) beyond 80°C hardness starts dropping 

gradually until 294°C, after which it forms small plateau between 294°C and 325°C, iii) 

finally it starts dropping rapidly beyond 325°C all the way to 383°C. The final softening 

beyond 325°C is due to heterogeneous recrystallization start, which hardness 

indentations effectively sample. The FWHM for {220} recovers fast beyond 80°C all the 

way to 205°C, after which it recovers more gradually, forming a plateau all the way to 

341°C. Beyond 341°C, the FWHM drops rapidly, corresponding to the start of 

recrystallization.   Unlike the {220} peak, FWHM for {311} peak recovers more rapidly 

from  80°C to 341°C, where a sharp drop due to the start of recrystallization is observed 

at 325°C. A possible  reason for a more rapid recovery of {311}  versus {220}   is that for 

a given macroscopic stress, different crystallographic orientations store a different 

amount of energy, which also controls how this energy is released during a stress 

relieving process [Dillamore et al. (1972), Kallend and Huang (1984), Rajmohan and 

Szpunar (1999), Guiglionda Borbély and Driver (2004)]. From the above analysis of the 

recovery data of the AA6XXX during isochronal annealing, it is observed that there is a 

distinct and prolonged recovery of both the structural and mechanical parameters 

before recrystallization finally starts, somewhere between 325°C and 341°C.  Figure 

5.3a is an ECC image of AA6XXX after consecutive isochronal annealing to 340°C for 2 

minutes, which shows weak grain orientation contrast and some remnant substruature    
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corresponding to the recrystallization start.  A fully recrystallized microstructure at a 

similar region after annealing at 430°C for 2 minutes is shown in Figure 5.3b by the 

good grain orientation contrast.  Macro-texture was calculated whenever a significant 

change in micro-hardness or structural parameter was noticed. As expected the macro-

texture did not change significantly   in the recovery regime and its   sharp change 

during apparent start of recrystallization actually corresponds well with the change in 

broadening parameters and micro- hardness values.  Table 4.1 presented the CODF 

calculated volume fraction percent of some important texture components from the core 

AA6XXX region.  The data shows that there is no discernible reduction in “brass” and 

increase in “cube” until 355°C.   The fact that cube orientation density gets stronger 

between 306°C and 355°C definitely corresponds well with the start of recrystallization 

in this temperature region, which also corroborates the broadening and hardness trend 

discussed above.  
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a)  

b)   

Figure 5.3: a) ECC image showing partial recrystallization in AA6XXX annealed at 

340°C for 2 minutes. b) ECC image of fully recrystallized AA6XXX after 430°C 

annealing for 2 minutes.  Scale marker 100µm.   
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5.2.1.2 Inter-alloy Region 

 
Similarly to core AA6XXX, the inter-alloy region shows an extended recovery 

before recrystallization starts.  The inter-alloy region is comparatively a softer part of the 

alloy where micro-hardness measured in the starting cold-rolled sample is significantly 

lower than that in the core alloy.  With reference to Figure 4.4b, discernible softening in 

hardness values starts at 90°C and goes on gradually all the way to ~300°C. Beyond 

300°C, the hardness drops very rapidly all the way to ~350°C, after which it stops 

decreasing anymore.  The rapid drop in hardness beyond 300°C corresponds with the 

softening due to the start of inhomogeneous recrystallization.  The FWHM  for the {220} 

line profile starts recovering at 90°C continuously until 185°C , where it slows down into 

a small plateau region until 235°C, after which it again recovers continuously all the way 

to 300°C.  Beyond 300°C the FWHM for {220} line profile drops rapidly due to the start 

of the recrystallization until 330°C, after which it stops decreasing.  In comparison, the 

FWHM for the {311} line profile starts recovering gradually after 90°C until 235°C where 

it slows down, forming a small plateau between 235°C and 300°C.  Beyond 300°C, like 

the hardness and {220} broadening parameter, the FWHM for the {311} line drops very 

rapidly due to the start of the recrystallization.  As discussed before, and similar to the 

one observed for core AA6XXX, the FWHM for the {311} line drops more rapidly here 

than {220} because of an orientation-dependent stored energy variation in the two 

planes. It is clearly evident from the isochronal results in Figure 4.4 that the 

recrystallization starts earlier, after ~300°C, in the inter-alloy region than the AA6XXX. 

However, the recovery behaviour in core AA6XXX is more rapid than the inter-alloy 
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region, which is reflected by the isochronal recovery of broadening parameters and 

hardness, which decrease more steeply with increasing temperature for AA6XXX than 

the inter-alloy region. Also, the AA6XXX shows a more extended recovery than the 

inter-alloy region, which results in a comparatively late start of recrystallization in 

AA6XXX. In order to present this comparison more clearly, all of the isochronal recovery 

data is normalized by its maximum value (value at the deformed state) and replotted in 

the same scale in the Figure 5.4, which shows steep and longer recovery for AA6XXX 

compared to inter-alloy region. Stored energy from deformation being the driving force 

for recovery and recrystallization process, core AA6XXX requires a higher temperature 

to start the recrystallization process as most of its stored energy is expended during 

recovery. Table 4.2 shows the CODF calculated volume fraction percent of some 

important texture components from the inter-alloy region. The “brass” component starts 

going down from 309°C, and at this same temperature there is also a surge in the 

“cube” component which corresponds with the start of recrystallization, however, overall 

volume fraction of the cube is still comparatively lower for the inter-alloy region than the 

AA6XXX.  Nucleation of “cube” grains upon start of recrystallization depends on the 

initial deformation texture as well stored energy.  Heterogeneous distribution of the 

deformation textures through the thickness, and also through-thickness variation of 

strain partitioning are responsible for resulting variation in “cube” densities upon the 

onset of recrystallization in core AA6XXX and inter-alloy regions.  
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a)  

b)  

Figure 5.4: Temperature dependent evolution of the Gaussian component of the 

FWHM and Vickers micro-hardness, both normalized by their maximum value 

measured in the deformed state for a)AA6XXX, and b) inter-alloy region.  
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Recrystallization in the AA6XXX and inter-alloy region starts at significantly lower 

temperatures than the recrystallization temperatures reported in the literature for  similar 

AA6111 and AA3003 alloys.   Go et al. (2006) have described sluggish recrystallization 

behaviour of AA6111, and according to them it takes an unreasonable amount of time to 

recrystallize if the annealing temperature is below 350°C.  They have further reported 

that AA6111only partially recrystallizes even after annealing at 325°C for 40 days. 

However, 80% of the microstructure recrystallizes within 10 minutes of annealing at 

445°C. Recrystallization temperatures reported for AA3003 in the literature are also 

fairly high but definitely less than AA6111. Both Lloyd (1982) and Liu and 

Radhakrishnan (2010) reported the recrystallization temperature for AA3003 above 

400°C. The result found in this thesis for AA6XXX and inter-alloy regions shows much 

lower recrystallization-start temperatures, in comparison to what is reported in the 

literature for these alloys.  In this context it is also worthwhile to mention that   Kim et al. 

(2003) reported very early recrystallization of AA3004 alloys at 300°C for 1 hour, which 

is very similar to current observation in the inter-alloy region.   AA3004 alloys contain 

Mg. 

The ECC images of the fully recrystallized AA6XXX and inter-alloy regions after 

430°C 2m and 400°C 2m annealing are shown in the Figure 5.5.  The ECC image of 

the inter-alloy region shows a qualitatively greater concentration of the large dispersoids 

in the micrograph as compared to AA6XXX. The grain size is qualitatively much larger 

in AA6XXX than that in the inter-alloy region, which is partially due to grain growth at 

relatively higher temperature of annealing in AA6XXX. However, nothing further will be 
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discussed on recrystallization behaviour as recrystallization is not the research topic in 

current thesis, and it is just identified as the start of the final stage of recovery.    

a)  

b)   

Figure 5.5: ECC images after sequential isochronal annealing for 2minutes from room 

temperature to a) 400°C at inter-alloy region, scale marker 150µm and b) 430° in 

AA6XXX, scale marker 500µm.  
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5.2.2 Isothermal Recovery 

 
Isothermal annealing was carried out to capture the time-dependent recovery 

behaviour at 175°C and 205°C in the AA6XXX and inter-alloy region.  In this section 

isothermal recovery results are analysed to understand the energy barrier to recovery. 

 

5.2.2.1 Recovery Kinetics 

 
Isothermal recovery of peak broadening and micro-hardness values of AA6XXX 

and inter-alloy regions at 175°C and 205°C were shown in Figures 4.6 and 4.7 and 

Figures 4.8 and 4.9, respectively. The recovery data, in general, follow exponential 

decay of integral breadth or micro-hardness with increasing time.  For broadening 

parameters, the recovery of Gaussian integral breadth of line profile is also shown 

against log (time) in Figures 4.6b and 4.8b, which follows the straight line type 

relationship for the majority of the recovery range. Both the inter-alloy region and 

AA6XXX show relatively faster recovery at 205°C, which can be seen from the faster 

drop in broadening and hardness data at 205°C. This behaviour is driven by the 

availability of higher thermal energy at 205°C than at 175°C to overcome the activation 

barrier to recovery.  Careful observation of the isothermal data shows that the 

broadening parameters are more sensitive to the recovery than micro-hardness 

measurements in this low temperature regime. The rate of recovery is initially faster, 

and it decreases with time as stored energy from the metal releases and activation 

energy for recovery increases.  At 205°C the broadening parameters show significant 
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initial drop within ~100s (Figures 4.6 and 4.8); hardness, unlike the X-ray broadening 

parameters, are less sensitive to low temperature recovery. 

 

5.2.2.2 Determination of Activation Energy  

 
The apparent activation energy (Q) for recovery can be calculated from the 

temperature dependence of the recovery rate, using the usual Arrhenius type 

relationship, similar to Equation (2.4).  The activation energy is calculated for both the 

AA6XXX and inter-alloy region by plotting the logarithm of time (t) at a constant 

broadening parameter or hardness value (cross-cut method) against the inverse of the 

absolute temperature (T). In Figure 5.6 isothermal plots of 205°C and 175°C, integral 

breadth values are normalized by dividing by the maximum value.  A cross-cut is taken 

at integral breadth value of 0.88° in the inter-alloy and 0.84°   in AA6XXX.  The rate 

change of integral breadth (
  

  
) is calculated at these two β values.  Equation 5.4 is the 

Arrhenius type rate equation used for calculating the activation energy    

  

  
         

     

  
                                                                                   (5.4) 

where, β= integral breadth  

            Q= apparent activation energy 

            k=Boltzmann’s constant =8.617x10-5  eV/°K. 

            T= temperature in °K 
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In Figure 5.6c, the logarithm of rate change of integral breadth, log (
  

  
), is plotted 

against inverse absolute temperature scaled with Boltzmann’s constant (1/kT), which 

follows a linear relationship. The activation energy is obtained from the slope of the 

straight line. The third data point in the plot is obtained from the   isochronal result by 

observing an equivalent rate change of integral breadth for different temperatures.  An 

equivalent rate change of integral breadth is obtained in the AA6XXX isochronal data at 

200°C and for inter-alloy isochronal data at 185°C.  The slope of the fitted straight line 

for AA6111 is 1.7eV and for the inter-alloy region is 2.9eV.  Therefore, the activation 

energy of recovery measured for the inter-alloy region is higher than the activation 

energy for AA6XXX. This result definitely supports the previous observation of 

isochronal results which shows a more rapid recovery for AA6XXX than for the inter-

alloy region.   
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a)                                                                     b) 

c)  

Figure 5.6: Isothermal evolution of integral breadth normalized by the maximum value 

against time for a) AA6XXX, cross-cut is taken at 0.88° and b) inter-alloy region, cross-

cut is taken at 0.84°. c) plot of  log(time) versus inverse temperature according to 

equation (1) .  The slope of the straight line is equal to the apparent activation energy Q. 
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5.3 Recovery Mechanisms 

Citing the literature review from Chapter 2, recovery involves rearrangement 

and/or annihilation of dislocations which brings the metal into low energy states.  An 

obvious question would be what mechanisms would govern this microstructural 

change?  Many investigators have measured the activation energy from the kinetic 

study of recovery to deduce a possible mechanism by which the process occurs. [Barioz 

et al., (1992) Verdier et al. (1999), Van Drunen  and Saimoto, (1971)].  However, the 

measured activation energy may be a function of time and it may increase during the 

course of recovery [Michalak and Paxton, (1961)].  This observation can be rationalized 

by understanding that most severely deformed regions, where the stored energy is 

highest and the activation energy is lowest, recover first.  Therefore, the details of the 

local arrangement of the dislocation structures are important.  Microstructural relaxation 

during recovery is driven by motion of dislocations, which is controlled by mechanisms 

such as dislocation climb, glide cross slip or possible diffusion of self atoms or solute 

elements.  Dislocation theory indicates that reduction in dislocation density (line length) 

can occur by interactions of dislocation dipoles of opposite signs on the same glide 

plane, which can annihilate each other based upon their self- and interaction energies  

[Hull and Bacon (2001), Brown and Kroupa, (1961)].  Such processes can occur 

dynamically during deformation at low temperatures when the stresses are high and 

thus do not require significant thermal energy.  Dislocations of opposite sign on different 

glide planes in either arrays, or as jogged segments, can annihilate by dislocation climb 

if vacancies are present, or the temperature is higher.  At higher temperature, climb is 

controlled by the formation and movement of vacancies.  Both formation and movement 
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of vacancies involves atomic diffusions, which is affected by self-diffusion in purer 

metals and/or diffusion of solute atoms in alloys.  Each of these processes requires a 

characteristic energy to cross the activation barrier, which depends on the type of atoms 

diffusing.  The activation energy for self- diffusion in aluminum, reported in literature, is 

1.27eV [Seeger et al. (1971)], which is significantly less than the activation energy for 

recovery measured, and thus does not suggest the current relaxation process during 

recovery is controlled by self-diffusion in Al.  In comparison, the activation energy for 

diffusion of Mg in Al, varies from 1.36eV to 1.7eV depending upon the concentration of 

Mg in Al [Mondolfo, (1979)].  The experimentally measured activation energy of 1.7eV in 

AA6XXX suggests diffusion of Mg may be controlling the recovery mechanism in 

AA6XXX.  In this context, it is worthwhile to mention that alloying elements have strong 

influence on activation energy of recovery. Barioz et al. (1992) have stated that the 

activation energy in Al-Mg alloys is independent of initial strain, and varies with Mg 

concentration in Al. They reported activation energy in Al-1%Mg decreases from 2.7eV 

to 2.4eV in Al-3%Mg and 2.3eV in Al-5%Mg. These values indicate that higher 

concentration of Mg in Al-Mg alloys actually eases the recovery process by lowering the 

required activation energy. This is consistent with the activation energy measured in 

AA6XXX, which is significantly less than the activation energy for recovery in the inter-

alloy region without less Mg content.  Recovery of the inter-alloy region is similar to the 

recovery behaviour of AA3003 alloys reported in the literature. Previous researchers 

[Lloyd (1982) and Liu and Radhakrishnan, (2010)] have reported a pinning effect on 

dislocation motion by Al-Mn precipitates, which increases the activation energy for 

recovery, and retards the recovery behaviour in Al-Mn alloys.    
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Another relaxation mechanism for dislocation movement in a high-stacking fault 

metal like aluminum is thermally activated glide or cross-slip. Cross- slip involves 

movement of screw dislocations in different glide planes which share a common 

Burgers vector direction. The activation energy required for cross slip is less than for 

climb, which makes cross slip a thermally more favourable rate controlling mechanism 

than climb. Referring to Equation 2.4 from the literature review and related discussion 

on cross slip as a rate controlling mechanism, various researchers have shown cross 

slip as a controlling mechanism for logarithmic decay observed during recovery. Current 

recovery data for microstructural parameters and micro-hardness values also show a 

logarithmic decay during isothermal recovery.  However, the measured activation 

energy in AA6XXX and inter-alloy region is sufficiently higher than the reported value of 

activation energy for cross slip in aluminum, which is 1.2eV [Mondolfo, (1979)]. 

Furthermore, the presence of Mg in Al lowers the stacking fault energy in it and makes 

cross-slip less likely. Citing Equation 2.5, which describes activation energy as a 

decreasing function of internal stress,             , the required activation for 

recovery in the as-deformed metal with large internal stress is low and it increases as 

internal stress goes to zero.  However, the internal stress is dependent on local storage 

of dislocations- the cell walls, which are delineated by high density geometrically 

necessary dislocations, have a higher internal stress than the cell interiors which have 

relatively less dense statistical dislocations.  The internal stress is unknown in the 

present experiment, but some insight is possible from the lattice strain estimation using 

the Bragg peak determinations of Figure 4.4.   
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Figure 4.4 is replotted as Figure 5.7, showing the evolution of {220} and {311} 

inter-planer strain with temperature. {220} and {311} inter-planer spacing (  ) in pure Al 

is used as the reference value to calculate the strain at each temperature using the 

relation 
       

  
, where   is inter-planar spacing calculated from the experimentally 

measured 2-theta positions.   The first noticeable feature is that AA6XXX data is cleaner 

than the inter-alloy data.  For AA6XXX the first response of {220} after the first anneal is 

a decrease in 2-theta values [Figure 4.4a] (corresponding tensile expansion in planer 

spacing in Figure 5.7a), which is followed by long increase in 2-theta in Figure 4.4a 

(which means plane is going in compression, shown in Figure 5.7a as inter-planer 

strain is decreasing) until it peaks at ~300°C after which it drops suddenly upon 

recrystallization (corresponding expansion of inter-planer spacing in Figure 5.7a due to 

lattice dilation upon recrystallization).   A tensile increase can result from dislocations 

being pulled into the denser regions (walls), while the subsequent increase in the 

compressive component may be due to the thinning of the cell wall and increasing the 

cell interior size. According to Mughrabi (1987), the cell interiors are usually in 

compression. After recrystallization there is distinct increase in lattice strain due to the 

likely dissolution of particles into solute like Mg that would dilate the lattice. The {311} 

response [Figure 4.4c and 5.7b] shows this to a lesser extent. In contrast, the inter-

alloy region response is less clear.  

Figure 5.7a shows that the {220} inter-planer strain increases very slightly to 

about 150°C, before stabilizing and then decreasing beyond 300°C where 

recrystallization starts.  At the highest three temperatures recorded after recrystallization 

start, there is a distinct increase in inter-planer strain, similar to AA6XXX case. The 
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{311} response for the inter-alloy region in Figure 5.7b is similar to {220} response. In 

terms of lattice strain, the inter-alloy region indicates a compressive increase followed 

by a decrease similar to AA6XXX, which could be due to thinning of the dislocation 

walls, and their growth, respectively.  

a)  

b)  

Figure 5.7: Evolution of {220} and {311} inter-planar strain in core AA6XX and inter-

alloy region with temperature during isochronal annealing: a) for {220} inter-planer 

strain, b) {311} inter-planer strain.  {220} and {311} inter-planer spacing in pure Al is 

used as the reference d-spacing for calculating the strain.   
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These observations and its interpretation suggest that the activation energy does 

not remain the same throughout the recovery process, and as recovery progresses, the 

activation energy increases according to Equation 2.5.  So there may not be a single 

mechanism that governs the entire recovery regime.  This is also due to the dislocation 

structure which changes during different phases of recovery.   

  In the assumed peak broadening model the FWHM for {220} and {311} 

reflections represents the dislocations stored from deformation. The decrease in this 

dislocation line length during recovery nicely relates with the corresponding recovery of 

mechanical properties, the latter which sampled many more orientations. However, 

based on the particular rate controlling mechanism which also governs the structural 

change during recovery, the correlation of the structural parameter with mechanical 

properties is different for the core AA6XXX and inter-alloy region. This is due to different 

rate controlling mechanisms governing the structural recovery in these two regions of 

the clad alloy.  So recovery of micro-hardness is dependent on a collective evolution of 

dislocation density in the microstructure, without any relevance of the detail of 

dislocation structure and its local distribution in the microstructure. However, according 

to Verdier et al. (1999), local distribution of dislocation densities, which considers the 

“reaction like” equations comprising the evolution of internal stresses, affects the 

evolution of mechanical properties. 

Finally, experimental observation of the logarithmic decay of properties during 

recovery is only due to thermally activated relaxation of internal stress or stored energy.  

The results suggest a very general picture, where at the initial stages of static recovery, 

the dense dislocation regions can locally reduce their segment lengths, and as the 
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recovery progresses cell walls subsequently thin out when anti-parallel dislocations are 

annihilated there, followed by sub-grain growth.  The influence of atomic movement in 

solid solutions on recovery kinetics in this process is still very unclear.  Other than a 

qualitative assessment such as the one presented here of different possible rate 

controlling mechanisms on softening kinetics, a quantitative model describing 

mechanisms that govern the microstructural evolution during recovery is still very limited 

[Verdier et al. (1999)].      
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Chapter 6 

Conclusions and Future Work 

6.1 Conclusions 

  The recovery behaviour and kinetics have been measured in AA3003/AA6XXX 

inter-alloy region and core AA6XXX to study the variation in recovery behaviour of the 

clad alloy manufactured by Novelis FusionTM technology. X-ray broadening 

measurements were used extensively to capture microstructural parameters in terms of 

FWHM and integral breadth of Gaussian {220} and {311} reflections. Dislocation density 

in the deformed and recovered conditions was deconvoluted from the X-ray broadening 

parameters to describe strain partitioning in two chemically different regions, at the 

same deformation thickness as it evolved during the recovery process. The mechanical 

properties were determined from Vickers micro-hardness measurements along with the 

X-ray broadening measurements to relate the change in mechanical properties to the 

microstructural recovery. Isochronal heat treatment for 2 minutes at different 

temperatures was performed first to study the recovery behaviour of the microstructure 

and mechanical properties, which identified the different recovered conditions and start 

of recrystallization. Isochronal data definitely shows a difference in the recovery 

response between the inter-alloy region and AA6XXX.  X-ray macro-texture was 

measured in the deformed conditions and during annealing whenever a significant 

change in hardness or broadening parameter was noticed. Although recovery of 
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microstructure does not cause any significant change in grain orientation, textural 

change is observed at the final stage of recovery indicating start of recrystallization.      

The following points from the analysis of the isochronal data are important to recognize: 

 Isochronal recovery of the microstructure and mechanical properties in the 

AA6XXX region starts at 80°C and occurs continuously until 325°C, beyond 

which the broadening and hardness data start dropping rapidly indicating a 

possible start of recrystallization.   This is also accompanied by a corresponding 

surge in “cube” orientation fraction and decrease in the deformation texture 

components of “brass” and “copper” between 325°C and 341°C. This confirms 

the start of recrystallization of AA6XXX sample beyond 325°C.      

 Both isochronal and isothermal recovery data show a relatively slower recovery 

behaviour at the inter-alloy region.  However, the rapid drop in recovery data 

occurs at 300°C, which indicates an earlier start of recrystallization in the inter-

alloy region. This observation is also verified by the textural change which shows 

the rise in “cube” texture near 300°C with corresponding drop in “brass”, “copper” 

and “S” components.  

Isothermal annealing performed at 175°C and 205°C shows typical logarithmic 

decay of integral breadth and micro-hardness values.   Activation energy, which is 

measured from the kinetic measurement of recovery, is used to deduce a recovery 

mechanism.  The apparent activation energy measured for AA6XXX, which is 1.7eV, is 

close to the activation energy for diffusion of Mg in aluminum.  Mg diffusion is thus a 

possible mechanism which controls the recovery process in AA6XXX.  For the inter-
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alloy region, however, the activation energy for recovery is 2.9eV, which is relatively 

higher than the activation value for AA6XXX, and thus justifies the relatively slower 

recovery observed in the inter-alloy region. The pinning effect of Al6Mn precipitates has 

been observed by previous researchers to retard the recovery process in Al-Mn alloys; 

however this effect depends strongly on the size of the precipitate particles, which was 

not investigated here.   

The dislocation density was measured from X-ray peak broadening in the both inter-

alloy region and AA6XXX regions to understand the partitioning of strain in clad alloy.  

Dislocation density is the internal microstructural parameter, change of which in the 

deformed and recovered conditions correlates closely with the corresponding change in 

experimental micro-hardness values. This result suggests that dislocation density is a 

suitable microstructural parameter to describe the recovery of mechanical properties. A 

global approach, however, is adopted to observe the effect of change of collective 

population of dislocation density or as an internal microstructural parameter on the 

recovery of mechanical properties. Effect of local distribution of dislocations on 

mechanical properties is not taken into consideration.  However according to Verdier et 

al. (1999), local distribution of dislocations or internal stress is a more physical approach 

to describe the evolution of mechanical properties.    

 Observation of the evolution of the inter-planar strain during recovery shows the 

{220} and {311} planes are in compression as the inter-planar spacing is compressed 

during recovery, and subsequent occurrence of recrystallization relaxes the compressed 
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cell interiors as the dislocations are annihilated.  Further lattice dilation beyond 

recrystallization  may be caused by  dissolution of  precipitate particles. 

Finally some of the significant contributions from the present work can be 

summarized below: 

 Static recovery behaviour and kinetics have been studied for the first time at the 

inter-alloy region of a clad aluminum alloy. The clad aluminum alloy features two 

very different kinds of alloys which are metallurgically bonded, and the inter-face 

between the two monolithic layers behave very differently than the individual 

alloys during post-deformation heat treatment processes. This study has 

characterized for the first time the relative recovery behaviour of the inter-alloy 

region as compared to the monolithic layers. 

 Characterization of the microstructural evolution during recovery is most 

commonly performed by TEM techniques.  Use of X-ray peak broadening 

analysis to study the recovery of microstructural parameters during post-

deformation annealing is thus a novel approach, which also allows  a quantitative 

measurement of the evolution of internal structural parameter such as dislocation 

density.   

  
 

6.2 Recommendations for Future Work  

The following are the recommended future work related to this project.  
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 In the current study a global approach is adopted for measuring X-ray 

broadening parameters from the microstructure.  {220} and {311} X-ray peaks 

were measured from only those grains, parallel to the surface, which were 

oriented for Bragg reflections.  An obvious recommendation for future work in this 

regard is to perform more orientation dependent measurement by considering 

local orientations and how deformation is stored in them.  It would be more 

interesting and detailed work to study the evolution of stored energies from 

individual ideal orientations encompassing the entire orientation space during 

recovery.   Micro-focus high resolution X-rays or EBSD techniques can be used 

for probing the individual orientations and that way constructing a stored energy 

distribution for the entire orientation space.  

 Although microstructural parameters are measured by X-ray diffraction 

broadening during recovery, local evolution of dislocation substructures is absent 

in the present work.  A detail observation of the local dislocation structures using 

transmission electron microscopy techniques is recommended as a  future work.     

 A qualitative discussion on the recovery mechanisms is deduced from the 

activation energy calculations. However, a kinetic model based on the various 

rate-controlling mechanisms which govern the microstructural evolution and their 

possible interactions should be deduced to better predict the recovery 

mechanisms.   

 Current experimental observation of  isochronal and isothermal recovery of clad 

aluminum alloy has identified the recovery behaviour as a function of both 

temperature and time, and it has also observed the evolution of the stored 
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energy or amount of deformation as a driving force for recovery.    In this context, 

it is important to acknowledge that temperature, time  and stored energy are the 

most crucial parameters in  industrial thermo-mechanical processing, such as the  

Novelis FusionTM.  It is recommended that this experimental observation of the 

recovered and recrystallized states of the clad alloy should be accompanied by a 

future quantitative model for tailoring the processing parameters which controls 

the desired properties of the clad product during industrial processing.  This 

model should incorporate all the processing parameters such as temperature, 

time and stored energy for predicting ideal properties of the clad product in terms 

of final grain size, texture, mechanical properties, etc.   

 

6.3 References  

Verdier, M., Brechet, Y., Guyot , P., Acta Materiala, Vol. 47, (1999), , pp. 127-134. 

 



110 
 

Appendix A 

X-ray Line Profile Analysis 

X-ray diffraction peak analysis is a powerful method for describing microstructural 

parameters. Imperfections in the crystal lattice causes X-ray peak broadening. X-ray 

peaks broaden either when the lattice parameter becomes smaller than a micrometer, 

or if lattice defects, such as dislocations are present in abundance [Ungár (2004)].  The 

broadening due to small crystallite size is called size broadening, and broadening 

caused by lattice defect is called strain broadening.  One scheme of correlation between 

X-ray diffraction broadening and lattice imperfectness is that size broadening is 

diffraction order independent, and strain broadening actually increases with the 

diffraction order [Ungár, (2004)].  Other than peak broadening, peak shift and 

anisotropic peak broadening are also important. Peak shifts are actually caused by 

grain-scale internal stresses (unlike micro-stress which causes the peak broadening) 

and planar faults like stacking fault and twin boundaries [Ungár, (2004)].  Anisotropic 

peak broadening is caused by anisotropic crystallite shape or anisotropic strain. 

Anisotropic peak broadening was actually noticed in this thesis in terms of difference in 

the evolution of {311} and {220} broadening parameters.  
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A.1 Use of Voigt Function for Fitting X-ray Line 

Doublet   

A common way to describe the broadening of the X-ray diffraction peak is by full 

width at half maximum (FWHM) or the integral breadth (β) of the peak intensity 

distribution. In order to avoid graphical methods to measure these broadening 

parameters, it is important to ascribe simple empirical formula or function to the line 

profiles. A convolution of the Gaussian and Lorentzian functions, which is also known as 

Voigt function, best describes the line intensity distribution.  For example, Langford 

(1978) derived an explicit equation for the Voigt function and separated Lorantzian and 

Gaussian components of the broadening parameters from the broadened profiles. In 

this thesis a pseudo-Voigt formula has been used to fit the X-ray peak intensity 

distribution of superimposed Lorentzian and Gaussian curves with weighting factor 

between the two.  The equation used is: 

pvi  =.     
                

              
 

   

    
 

 

 

     

       –   
      

)             (2) 

[Philip Bevington, (1969)] 

where, a1= the area under the peak 

a2= the weighting factor between Gaussian and Lorentzian 

a3= the FWHM of the Gaussian Function 
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a4= the centroid of the peak (Assumed to be same for both Gaussian and 

Lorentzian functions. 

a5= the FWHM of the Lorentzian function.  

For fitting a Kα1 doublet, two such pseudo-Voigt functions were used, from which 

the Gaussian and Lorentzian FWHM values were separated for the Kα1 and Kα2 peaks.  

Integral breadth (β) for the Kα1 peak is calculated from the total integrated intensity of 

the doublet using following formula: 

  
 

       
   (3) 

 [Delhez  and Mittemeijer  (1975),  2) De Keijser, et al., (1982)] 

where, S= Total integrated intensity of Kα   doublet, L1= net peak height of the Kα1 peak, 

R= ratio of peak heights of Kα2 and Kα1 peaks.  

           FWHM and integral breadth both represents the broadening parameters of the X-

ray peaks and they are interchangeable.   

Since there is always contribution from instrumental broadening, the measured 

line profile (h) from the X-ray diffractometer was the convolution of the standard profile 

(g) with the structurally broadened profile (f), Langford (1978). 

So,  hC = gC* fC         and         hG = gG* fG                                (4)   

                                                                                                  Langford(1978) 
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where C and G subscripts denote the Cauchy and Gaussian components of the 

structurally broadened and standard Voigt profiles. The standard Voigt profile (g), which 

is caused by the instrumental broadening, was obtained by measuring the X-ray peak 

broadening on a fully recrystallized experimental sample. The broadening from the 

standard profile (g) was then subtracted from the measured line profile (h) to obtain 

structural broadening (f).  

So, according to the Langford (1978), the final Gaussian components of the 

broadening parameters corresponding to the strain broadening (Gaussian component) 

of the X-ray line profile was measured as:  

     
 
       

        
 
                              (5)   

A.2 Deconvolution of Dislocation Density from X-ray 

Line Broadening 

 
The original method for separating the strain and size contribution to the X-ray 

line broadening was pioneered by Warren and Averbach [Warren, B.E. and Averbach, 

B.L.   (1950 and 1953)], and Williamson and Hall [Williamson, G.K., Hall, W.H., (1953)].  

In the classical line profile analysis, the line broadening caused by dislocations and 

small crystal size is expressed in terms of logarithmic series expansion or Fourier 

analysis of line shape, in which dislocation density (ρ) and dislocation outer cut-off 

radius (Re) played the pivotal parameters. Wilkens (1970) introduced “restricted 

random” distribution of dislocations, in which he expressed the Bragg reflection line 

broadening by mainly two parameters of the dislocated crystal- dislocation density (ρ) 
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and outer cut-off radius of the dislocations (Re), which are also important parameters of 

the elastic stored energy equation of dislocated crystal, also discussed in the literature 

review.  In later years, with the application of Wilkens’ theoretical model  of restrictedly 

random distribution of dislocation and advanced computing techniques, several 

researchers have modified the original method of deconvoluting dislocation density and 

crystal size to make simpler and more accurate techniques. [Mugharabi et al. (1986), 

Groma et al. (1988), Ungár, T. (1994), Groma, (1998), Borbély  and Groma  (2001), 

Ungár, and Borbély, (1996)]. In the current thesis, a modified Williamson and Hall plot 

(mWH) approach has been adopted to deconvolute the dislocation density from X-ray 

broadening parameters [Boyd et al., 2007]. This has been done following the work by 

Ungár et al. (1996 and 1999) and  Brobély et al. (2002), which is discussed below. 

Following the Williamson and Hall analysis, Ungár  and Borbély (1996) 

expressed the FWHM of the X-ray line profile as : 

   
 

 
      (6) 

where, α is 0.9 or 1, ∆KS is the strain contribution to the line broadening and D is the 

average grain size or particle size. K is the scattering vector in reciprocal space K= 2 

sinθ/λ.  

So, the measured FWHM from experimental X-ray diffractioncan be re-expressed 

as  

∆K= 2cosθ(∆θ)/ λ.  

where, θ and λ are the diffraction angle and X-ray wavelength, respectively.  
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When θ=θB (Exact Bragg condition), g=K , where g= reflection vector. 

However, this analysis does not consider the dislocation contrast effect.  In 

anisotropic strain broadening, FWHM or integral breadth is not a monotonous function 

of diffraction vector g or g2 only. Diffraction broadening also depends on the dislocation 

type and it’s contrast effect, which varies with orientation of the Burgers vector, b, 

dislocation line vector, l, and diffraction vector, g. So dislocation contrast effects depend 

on different combination of b, l and g, and also on the anisotropic elastic constants. For 

a particular crystal system (FCC, BCC or HCP), the combination of b, l, and g   depends 

on the particular slip system activated, and their population by dislocations, which 

makes the evaluation of micro-strain even more difficult. In this context, Ungár et al. 

(1999) have compiled   contrast factors as function of anisotropic elastics constants for 

possible dislocations in FCC and BCC crystals. The dislocation contrast factor was 

calculated according to this compilation for current material as Al of lattice parameter (a) 

=4.05Å with Burgers vector b= a/2<110> type dislocations in {111} <110> FCC slip 

system activated. Since this was a textured material, individual contrast factors were 

calculated for {222}, {220}, {311} and {400} reflections, in each case for pure edge and 

pure screw dislocations separately.  An average contrast factor was obtained from it 

assuming the same amount of screw and edge dislocations present.  Following Ungár 

and Tichy (1999), and Ungár et al. (1999), the contrast factors were calculated as a 

function of anisotropic elastic constants of aluminum using the relationship for the 

average contrast factors in cubic crystal system as a linear function of the fourth-order 

invariant of the {hkl} indices of the different reflections.   

               (7) 
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where       is the average contrast factor for the {h00} reflection and    denotes the   

fourth-order invariant of the {hkl} indices of the different reflections,  

                                (8) 

  
 

 
 , where B and A are elastic constants. 

     and q were calculated as a function of elastic anisotropy                    and    

elastic constant ratio of 
   

   
 .  So the final contrast factor was calculated from average 

     values for edge and screw dislocations, which were obtained from individual       

values for different {hkl} reflections.  The elastic constants for aluminum are: 

            ,              and              .  

With these values, the contrast factors were computed for 

              and  
   

   
          as: 

{220} reflection                , {200} reflection                  , {311} reflection 

                and {400} reflection                . 

Ungár and Borbély (1996) have solved the classical Williamson-Hall plot, in 

which they have also done the correction for dislocation contrast effect. Considering this 

dislocation contrast corrected solution, the FWHM in equation (5) is expressed as 

[Ungár and Borbély,   (1996),  Ungár, et al. (1999)]: 

 22/12/12/1

2/1
22

2
KCOKC

bM

D
K 








 


  (7)   
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 where, M=constant depending on the effective outer cut-off radius of the dislocation, 

which usually varies between 2 and 3, b= magnitude of Burgers vector, C= dislocation 

contrast factor, and O refers to the higher order terms.    

The proper scaling factor of the breadth (FWHM) of the line profile is now KC1/2 

instead of K. This is called modified Williamson and Hall analysis (mWH).  The slope of 

this mWH plot of width versus corrected scattering vector amplitude is proportional to 

square-root of dislocation density (   .   
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Appendix B 

Instruction Manual for the MATLAB Fitting Routine   

 
The MATLAB® fitting routine used in this thesis for calculating  the X-ray broadening 

parameters fits the X-ray peak data to a pseudo-Voigt function from which the 

broadening parameters are calculated as FWHM and integral breadth. Following points 

explain the step-by-step operational manual for the MATLAB®  fitting routine used.  The 

name of the program is Voigt fitting doublet, version 1.1.  

1) The main program used is called Voigt_fit_doublet, which calls several 

downstream sub-programs at different stages of its performance. 

2) This program fits two pseudo-Voigt functions separately  for the Kα1 and Kα2  

peaks of the doublet measured from the X-ray. The final outputs are integrated 

intensity,  FWHM, integral breadth, peak positions and peak heights of the kα1 

and kα2  peaks, respectively.  

3) Before running the program the peak intensities measured from the X-ray 

diffraction should be saved in a “*.text” file along with their 2-theta positions. The 

first column of the text file should be the 2-theta positions and the second column 

should be the peak intensities. This text file should be saved in the same hard-

drive address, which contains the program Voigt fitting doublet. The data inside 

the “*.txt” file must be in this format: 

 
X Y 

# # 
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4) The primary function which runs the Voigt_fit_doublet program is  " yfit = 

voigt_fit_doublet ".  As this function is called the program asks for the name of 

the “*.txt” file which contains the 2-theta versus peak intensity values.   

5) Once the file name is provided the program scans through the 2-theta and peak 

intensity in the “*.txt” file,  and plots out the raw 2-theta versus intensity for the kα 

doublet. 

6) Next the program asks for the X-ray source and gives three options for user to 

select one.  These options are Cu, Mo and Cr, for which the X-ray wavelengths 

(λ) are included in the program.  

7) Once the X-ray source is provided, the program asks for the sample type.  

Currently the lattice parameters for three different samples are included in the 

program, which are: aluminum, lanthanum hexa-boride and silicon.  These 

sample information are abbreviated as Al, Lab6 and Si for the program to 

recognize. Once any of the three abbreviations is input by the user, the program 

selects the proper lattice parameters for that selection.  

8) Next, it asks the user to enter the number of peaks to be analysed.  Kα doublet is 

considered as a single peak.  It is recommended not to use this program for 

analysing multiple peaks. 

9) Once the peak number is provided, the program asks user to input the Miller 

indices of the plane for which the X-ray peak is measured.  Once the Miller 

indices are provided the program calculates the inter-planer spacing and ideal 

Bragg position for that peak.  
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10)  Next the program asks user to select one of the three constraint choices it 

provides.   The 3 choices are:  1 for without any constraint, 2 for constraints 

FWHM and intensity and 3 for constraints FWHM, intensity and weighting 

between Gaussian and Lorentzian components of the Voigt fit.  

11)  Once one of the constraints is selected, the program asks for an approximate 

ratio of Kα2 to Kα1 peak area.  This is usually entered as a ratio between their 

peak height 

12)  Next the program asks for the number of times the user wants to reiterate the 

fitting. Every time the user reiterates the fitting, the statistical fitting error (chi 

squared) value is reduced and better fit is obtained.   It is thus recommended to 

reiterate the fitting until the chi squared value stops decreasing further.  

13)   Finally the program asks the user to input the file name in which the final fitting    

parameters are printed.  
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Appendix C 

CODs of the Deformed Through-thickness Regions  

 
Crystallographic orientation distribution functions (CODF) generated from the X-

ray macro-texture measurements at different through-thickness levels are shown as 

serial φ2 sections in the plots of crystallographic orientation distributions (COD).  The 

CODs are shown for the deformed clad, inter-alloy region, center of the sample and 

core AA6XXX, respectively.  The CODs are presented for the Euler angle range : 

           ,          and          . The intensity contours for all of these 

CODs  are 1, 1.5, 2, 2.5, 3.5, 4, 5.6, 8, 11, 16x random. 
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Figure C1: φ2=0 to 45°  serial sections of the COD measured at the deformed clad 

surface.   
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Figure C2: φ2= 50 to 90° serial sections of the COD measured at the deformed clad 

surface.  
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Figure C3:  φ2=0 to 45°serial sections of the COD measured at the deformed inter-alloy 

region. 
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 Figure C4:  φ2= 50-90° serial sections of the COD measured at the deformed inter-alloy 

region. 
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Figure C5:  φ2=0-45° serial sections of the COD measured at the deformed center 

region. 
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Figure C6:  φ2 =50-90° serial sections of the COD measured at the deformed center 

region. 
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Figure C7:  φ2=0-45° serial sections of the COD measured at the deformed core 

AA6XXX.  
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Figure C8:  φ2=50-90° serial sections of the COD measured at the deformed core 

AA6XXX.  

 

 


