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Abstract 
 
Zr-2.5Nb is currently used for pressure tubes in the CANDU (CANada Deuterium 

Uranium) reactor.  A complete understanding of the deformation mechanism of Zr-2.5Nb 

is important if we are to accurately predict the in-reactor performance of pressure tubes 

and guarantee normal operation of the reactors. This thesis is a first step in gaining such 

an understanding; the deformation mechanism of ZrNb alloys at room temperature has 

been evaluated through studying the effect of texture and microstructure on deformation.   

 

In-situ neutron diffraction was used to monitor the evolution of the lattice strain of 

individual grain families along both the loading and Poisson’s directions and to track the 

development of interphase and intergranular strains during deformation. The following 

experiments were carried out with data interpreted using elasto-plastic modeling 

techniques: 1) Compression tests of a 100%βZr material at room temperature. 2) Tension 

and compression tests of hot rolled Zr-2.5Nb plate material. 3) Compression of annealed 

Zr-2.5Nb. 4) Cyclic loading of the hot rolled Zr-2.5Nb. 5) Compression tests of ZrNb 

alloys with different Nb and oxygen contents. 

  

The experimental results were interpreted using a combination of finite element (FE) and 

elasto-plastic self-consistent (EPSC) models.  The phase properties and phase interactions 

well represented by the FE model, the EPSC model successfully captured the evolution of 

intergranular constraint during deformation and provided reasonable estimates of the 

critical resolved shear stress and hardening parameters of different slip systems under 

different conditions. The consistency of the material parameters obtained by the EPSC 

 i



model allows the deformation mechanism at room temperature and the effect of textures 

and microstructures of ZrNb alloys to be understood. 

 

This work provides useful information towards manufacturing of Zr-2.5Nb components 

and helps in producing ideal microstructures and material properties for pressure tubes. 

Also it is helpful in guiding the development of new materials for the next generation of 

nuclear reactors.  Furthermore, the large data set obtained from this study can be used in 

evaluation and improving current and future polycrystalline deformation models. 
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Glossary 
 

)(λA   Absorption factor 

αZr                            α-phase in ZrNb alloys with a hcp crystal structure and < 1%Nb at room 

                        temperature  

βα Zr                 Coefficient of thermal expansion of βZr 

B  Instrument constant for a TOF facility 

Basal  Basal <a> slip 

bcc                  Body centered cubic  

βZr                          a metastable β-phase in ZrNb alloys with a bcc crystal structure and  

                        ~20%Nb at room temperature 

βNb                          β-phase in ZrNb alloys with a bcc crystal structure and ~90%Nb at room 

                       temperature 

BWR               Boiling Water Reactor 

C  Constant used to describe the isotropic and kinematic hardening  

Cij  Crystal elastic constant 

Cp  Phase elastic constant  

CANDU CANada Deuterium Uranium pressurized heavy water reactor 

CTE                 Coefficient of Thermal Expansion 

CRSS              Critical Resolved Shear Stress 

CRL                Chalk River Laboratories 

CW  Constant Wavelength 

DAD  Diffusional Anisotropy Difference 

d   Grain size 
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hkld   Instantaneous plane spacing of the {hkl} grain family 

hkldΔ   Change of the plane spacing of the {hkl} grain family 

0
hkld   Instantaneous plane spacing before deformation 

E   Young’s Modulus of bulk material 

hklE   Diffraction elastic constant of {hkl} grain family  

EBSD              Electron Back Scatter Diffraction 

EPSC               Elasto-Plastic Self-Consistent model 

ijε                   Strain tensor 

ϕφε ,                 Strain in direction defined by angles φ  and ϕ  respect to the principle 

                       sample coordinates 

hklε                  Strain of an individual grain family  

aveε                 Average phase strain  

cε                   Lattice strain along the <c> axis  

aε                   Lattice strain along the <a> axis  

fcc                   Face centered cubic 

αf   Volume fraction of the α-phase 

f   Resolved fraction of the basal plane normal  

Rf   Resolved fraction of the basal plane normal in RD  

Tf   Resolved fraction of the basal plane normal in TD 

Nf   Resolved fraction of the basal plane normal in ND 

axialf   Resolved fraction of the basal plane normal in the bar axial direction  

 v



   Resolved fraction of the basal plane normal in the bar radial direction .transf

hklF   Structure factor 

FEM                Finite Element Method 

GSAS              General Structure Analysis System 

Grain family    A group of grains having a particular {hkl} plane normal lying within 

                         several degrees to the diffraction vector 

Hard grain       Grains with a preferred crystal orientation for dislocation slip 

hcp                  Hexagonal close packed  

HEM               Homogeneous Effective Medium 

HIPPO  High Pressure Preferred Orientation 

'ssh   The obstacles of slips on system “s’” to the slip on system “s”  

In-situ test       Mechanical test in the neutron spectrometer for diffraction measurements 

yk   Material constant for the Hall-Petch equation 

L   Instantaneous Elasto-plastic stiffness of HEM 

cL   Instantaneous stiffness of individual grain 

ms   Schmid tensor of the slip system “s” 

mrd                  Multiples of a random distribution   

n  Exponent constant for the Hall-Petch equation 

ND  Plate normal direction 

ODF  Orientation distribution function 

p   Polarization factor 

PHWR            Pressurized Heavy Water Reactor 

Pris.  Prismatic <a> slip 

 vi



Pyr.-/Pyra.- Compressive pyramidal <c+a> slip 

Pyr.+/Pyra.+ Tensile pyramidal <c+a> slip  

PWR               Pressurized Water Reactor 

RD  Plate rolling direction 

Soft grain        Grains with un-preferred crystal orientation of dislocation slip  

Sij                   Crystal elastic compliances 

SD  Strength Differential between tension and compression 

TD  Plate transverse direction 

TOF  Time Of Flight  

hklt   Flight time of neutron diffracted from the {hkl} grain family 

hkltΔ   Change of the flight time of neutron from the {hkl} grain family   

•
cs ,τ   Shear stress rate on slip system “s” in an individual grain “c” 

cs ,τ   Shear stress rate on slip system “s” in an individual grain “c”  

sτ   Instantaneous critical resolved shear stress for slip system “s” 

•
sτ   Critical resolved shear stress rate for slip system “s” 

s
0τ   Initial critical resolved shear stress 

ss
10 ττ +  Final back-extrapolated critical resolved shear stress 

prτ   CRSS of prismatic <a> slip 

basτ   CRSS of basal <a> slip 

pyrτ   CRSS of pyramidal <c+a> slip 

   CRSS of tensile twinning  
ttwτ

 vii



ctwτ    CRSS of compressive twinning 

hklμ   Uncertainty of the {hkl} peak position 

V   Velocity of neutron 

VPSC  Visco-Plastic Self-Consistent model 

ω  Α metastable phase with a hcp crystal structure caused during the βZr  to 

                         αZr  and βNb decomposition 

ijσ                   Stress tensor  

cσ   Stress in an individual grain “c” 

•
cσ   Stress rate in an individual grain “c” 

2.0σ   Macroscopic yield strength determined by 0.2% offset method 

yσ   Material yield strength  

θ   Diffraction angle 

s
0θ   Initial hardening rate 

s
1θ   Asymptotic hardening rate 

θΔ   Change of the diffraction angle 

ψΔ   Rotation angle of detector 

λ    Wavelength of neutron beam 

η  Azimuth angle 

χ   Zenith angle 

ν   Poisson’s ratio 

•
sγ   Shear strain rate of slip system “s” 
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'sγΔ   Shear of dislocation on system “s’” 

Γ  Accumulated plastic shear strain in grain 
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Chapter 1 

Introduction 

 

The work reported in this thesis investigates the deformation mechanisms of ZrNb alloys 

at room temperature. This subject is important not only because it provides useful 

information for manufacturing and application of the material, but it also helps in gaining 

a theoretical understanding of the deformation mechanism of multiphase materials, i.e. 

the competition of dislocation slip and deformation twinning, the contribution of the 

second phase, the influences of texture and phase interactions on the deformation modes, 

etc. Furthermore, the data set obtained from this study is helpful in evaluation and 

improving current and future polycrystalline deformation models. 

 

Zirconium based alloys are widely used in water cooled reactors (e.g. PHWRS, PWR, 

BWR) because of their low neutron absorption, good mechanical properties, low 

irradiation creep and high corrosion resistance in the reactor atmosphere. The alloy Zr-

2.5Nb is currently used for pressure tubes in the CANDU (CANada Deuterium Uranium) 

reactor [1].  In the reactor, pressure tubes contain uranium fuel bundles and hot 

pressurized coolant. Therefore, their dimensional stability plays an important role in 

supporting the nuclear fuel and guaranteeing the normal operation of the nuclear reactor. 

In a CANDU power generation system, pressure tubes are 6m long, with an inside 

diameter of 100mm and a wall thickness of 4mm. During service, the pressure tubes 

operate at about 300oC with an internal pressure of about 10MPa. At the same time, they 
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are exposed to irradiation by a fast neutron flux.  Under these operating conditions, 

anisotropic irradiation growth and creep occur and the pressure tubes undergo continuous 

dimensional change in the three principal directions, which may limit the life-time of the 

reactors [2-4].  The irradiation growth and creep are functions of the irradiation 

environment [5] and microstructural features such as crystallographic texture, dislocation 

density, types of dislocations, grain size and shape, all of which are determined by the 

fabrication history [4,6-11].  For an example, in a coarse grained material, at the 

crystalline level, the irradiation growth causes shrinking along the <c> -axis and 

expansion along the <a>-axis due to the mechanism of Diffusional Anisotropy Difference 

(DAD) [12], thus pressure tubes tend to grow along the direction with large <a>-axis 

concentration (i.e. axial direction of pressure tubes) and shrink in the direction with large 

<c>-axis distribution (transverse direction of pressure tubes) [6,11]. Residual stresses 

developed during manufacturing cause long term transient irradiation growth [9]. 

Irradiation growth and creep rates increase with increasing dislocation density [13,14].  

Therefore, understanding the deformation mechanism of Zr-2.5Nb at room temperature is 

critical in producing ideal microstructures and material properties for pressure tubes and 

help to maintain the normal operation of CANDU reactors. 

 

A typical microstructure of the extruded Zr-2.5Nb consists of ~ 90% HCP α Zr and ~10% 

BCC βZr. The 2.5% overall Nb content is partitioned between the phases such that the 

predominant α-phase has a Nb content less than 1wt%, while the β-phase contains 

~20wt% Nb [15]. After autoclaving, βZr partially transforms towards the equilibrium α Zr 

and βNb (~95%Nb) and contains a combination of ω phase (a metastable hcp phase of 
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intermediate Nb content) and  βZr with enriched Nb content at ~50% [16].  In pressure 

tube, the predominant α-phase has a plate-like shape while the β-phase is distributed 

more or less continuously between the α grains (Figure 1-1). The mechanical properties 

are largely dependent on microstructure and crystallographic texture of the α and β 

phases and interactions between them. Due to the material’s anisotropic crystal properties, 

crystallographic texture and dual phase character, the deformation mechanisms are much 

more complicated than cubic polycrystalline or single-phase materials. During 

deformation, significant internal stresses may develop in Zr-2.5Nb due to strain 

incompatibility between the α and β phases and between grains of each phase with 

different crystal orientations. The development of the internal stresses during deformation 

strongly depends on phase interactions and the grain interactions in each phase, and may 

significantly affect the material performance. Indeed, the mechanical properties of Zr-

2.5Nb and the evolution of texture and microstructure during deformation have been of 

interest to many researchers for decades [17]. Models have been established to predict the 

in-reactor behavior of Zr-2.5Nb pressure tubes [6,17,18]. However, most previous work 

has only focused on in-reactor behaviors such as creep [6,17] and growth [18] and the 

models developed have been shown to be accurate over only a narrow range of textures 

and microstructures resembling that of the pressure tubes presently in use, and cannot be 

accurately extrapolated to textures quite different from that of these pressure tubes [19].  

The phase deformation mechanisms of Zr-2.5Nb have not been thoroughly studied and, to 

the author’s knowledge, a deformation model which can be used and applied directly to 

such a material taking into account anisotropy and the dual-phase nature has not been 

constructed yet. In particular the contribution of various slip systems, the effect of βZr, the 
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influence of phase interactions and the effects of phase geometry on the deformation of 

Zr-2.5Nb have not been fully investigated. In previous studies, Zr-2.5Nb have only been 

available with limited microstructures and crystallographic textures close to those of 

pressure tubes, where the basal plane normals are distributed in the radial and transverse 

plane and, mostly, concentrated in the transverse directions. This has significantly 

restricted the understanding of the relationship of texture and phase microstructure to 

creep and plastic anisotropy. Also, most of the studies to date have ignored the β−phase 

because of its relatively small volume fraction and have treated the material as single 

phase polycrystals [6,17-22] with the aim of  compensating for any related  error by  

fitting single phase models to experimental data. However, recent studies [22,23] 

demonstrated that the overall properties of Zr-2.5Nb depend on properties and the 

distribution (both geometric and texture) of the β−phase. Neglecting the β−phase is thus 

likely to introduce additional errors in modeling the deformation response of the overall 

material and in particular in extrapolating model predictions to new textures and 

microstructures [23]. This is one likely reason why the models in [17,18,19] are accurate 

only for certain texture and microstructure combination. There is thus a great need to 

understand the relationships among the material properties, evolution of internal 

stress/strain, texture, grain size and shape, the contribution of the β phase, phase volume, 

phase geometries during deformation and including the second phase in modeling to 

improve the agreement with measurements. 
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Figure 1-1 TEM microstructure of the Zr-2.5Nb pressure tube 

 

Recently, there is a growing interest in applying the Elasto-Plastic Self-Consistent (EPSC) 

method [24] to simulate the deformation of polycrystals. By iterative fitting the 

macroscopic mechanical response and lattice strain evolution calculated with EPSC 

model to experimental data, deformation parameters such as the critical shear stress and 

the hardening of different deformation modes can be obtained, and the relative 

contribution of each deformation mode can be understood [25]. EPSC provides a 

mathematical method in studying the effects of texture, microstructure, grain size, shape 

and any other factors that have direct influence on deformation modes. The current EPSC 

model has been confirmed to be effective for single phase material at a low strain 

deformation region (4% strain).  However, it can not be used directly to multiphase 
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materials since it does not account for the effect of phase interactions, which sometimes 

may be significant. Even for single phase materials, it is still far from complete. To date, 

the EPSC model has only been tested on few materials. Most of experiments are either 

tension or compression. Parameters obtained vary over a large range even for the same 

material. A complete data set, which includes tension, compression and cyclic loading 

tests from different sample directions of different materials, is needed to evaluate and 

further improve the current EPSC model. 

 

The purpose of this project is to further the understanding of the deformation mechanism 

of Zr-2.5Nb and ZrNb alloys at room temperature through the study of the influence of 

texture and microstructure. Objectives include: 

1. To determine the room temperature elastic and plastic properties of a single phase 

βZr with 20wt%Nb which can be used in dual phase deformation models. 

2. To study the evolution of internal stress states in Zr-2.5Nb and ZrNb alloys under 

different loading conditions. 

3. To understand the contribution of βZr to the mechanical properties of Zr-2.5Nb 

and its influence on the deformation mechanism of the α-phase. 

4. To determine the influence of texture and microstructure such as phase geometry, 

phase distribution and volume fraction on the mechanical properties of ZrNb 

alloys.  

5. To build up comprehensive data sets for testing the current polycrystalline 

deformation models, especially the dual phase models. 
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6. To evaluate a currently developed modeling approach using the experimental data 

for further improvements. 

 

This thesis is in manuscript form. Chapter 2 gives an overall review of previous studies 

that are relevant to this project and gives a background of the knowledge and techniques 

used in this project. Chapter 3 studies the room temperature elastic and plastic properties 

of βZr with 20wt%Nb. These properties will be used in modeling the deformation 

behavior of the dual-phase ZrNb alloys. Chapter 4 studies the deformation behavior of a 

hot rolled Zr-2.5Nb at room temperature by uniaxial tension and compression tests, where 

the effects of texture were interpreted. A strong texture dependent strength differential 

between tension and compression and an asymmetric yielding along the <c>-axis of the 

α-grains are reported. In Chapter 5, a new modeling approach, which combines the Finite 

Element Method (FEM) and the EPSC code, is used to interpret the experimental data 

reported in Chapter 4. Factors that lead to the asymmetric yielding along the <c>-axis and 

cause the strength differential between tension and compression in single and dual-phase 

Zr alloys, are discussed. Chapter 6 investigates the deformation behavior of the annealed 

hot rolled Zr-2.5Nb, where the influence of the geometry distribution and the grain shape 

are discussed based on modeling simulations.  Chapter 7 investigates the deformation 

behavior and the lattice strain evolution of the hot rolled Zr-2.5Nb during cyclic loading. 

A large Bauschinger effect was found in this material during reverse loading, and it is 

caused by the effects of the interphase stress, the intergranular stress and the intragranular 

stress. The deficiencies of the EPSC model in describing the development of the 

intragranular stress strains and the need for functions that can relate micromechanical 
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properties to the evolution of the intragranular microstructure in a more realistic way are 

highlighted. In chapter 8, mechanical properties of three ZrNb alloys are studied. In this 

chapter, the strength differential among the three alloys is attributed to the strengthening 

of the α-phase rather than the increasing volume fraction of the β-phase. The 

strengthening mechanism of the α-phase in these materials is anisotropic and the possible 

reasons are discussed.  Chapter 9 gives a general discussion about this thesis. Chapter 10 

summarizes the conclusions of this project and proposes directions for future works.  
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Chapter 2 

Literature Review 

 

Zr-Nb alloys prepared by hot and cold deformation normally consist of either one phase 

or both α and β phases at room temperature. The alloy deformation behavior depends on 

crystal properties, phase properties and the way that the phases interact during the 

deformation. Internal stresses are generated due to crystal anisotropy, texture and phase 

anisotropy.  Neutron diffraction can be used to monitor the development of internal stress 

and strain, while Elasto-Plastic Self-Consistent models are well suited for interpreting 

such experimental data. This chapter gives a brief review of previous studies that are 

relevant to the current project, which include the processing, microstructure and 

properties of Zr-2.5Nb pressure tubes, the deformation mechanisms observed in single 

α and β crystals of zirconium, the deformation mechanisms observed in polycrystal αZr 

and βZr, the generation of internal strains in metals, measurement techniques for both 

texture and internal strains, and some modeling approaches.  
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2.1 Phase properties 

2.1.1 Structure and properties of the α-phase 

Zirconium (Zr) has a hexagonal close-packed (hcp) structure, see Figure 2-1.  The cell 

geometry is described by a set of four axes: three <a> coplanar axes, which are 120 

degree to each other, and one <c>-axis which is orthogonal to the plane containing the 

three <a>-axes. There are two atoms in each primitive unit cell, as shown in Figure 2-1b, 

one at (0, 0, 0) and the other at (1/3, 2/3, 1/2) or at (2/3, 1/3,1/2), which is an equivalent 

position [1]. Two possible positions for interstitial atoms are shown in Figure 2-1b [2].   

The hcp crystal structure is anisotropic; accordingly, properties with respect to the <c>-

axis differ from those with respect to the <a>-axis. The lattice parameters for pure Zr at 

room temperature are a=~3.23Å and c=~5.146Å; the c/a ratio is about 1.59 [3]. The 

coefficients of thermal expansion (CTE) for these two directions between 290K and 

1130K are about 5.7×10-6/K and 10.3×10-6/K respectively [4].  

2.1.1.1 Elastic properties 

The elastic constants of single crystal Zr at room temperature are C11=C22=143.5, 

C12=C21=72.5, C13=C31=C23=C32=65.4, C33=164.9, C44=c55=32.07 and C66=142GPa [3], 

where the 11, 22 and 33 directions correspond to <1010>, <11 2 0> and <0001> crystal 

directions.  
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Figure 2-1 a) The hexagonal close-packed structure [1], b) the primitive unit cell of the hcp crystal 

structure.  Two possible positions for interstitial atoms are shown by small balls [2].    

 

The elastic compliances are hence S11=S22=1.009, S12=S21=-0.4, S13=S31=S23=S32=-0.242, 

S33=0.798, S44=S55=3.1182 and S66=2.8184, with all values in 10-2GPa-1.  The orientation 

dependence of Young’s modulus of hcp crystal is given by the following equation [5]: 
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Where ν  is the cosine of the angle between the direction <hkl> and the <c>-axis. Based 

on the above equation, the elastic modulus of a single zirconium crystal in the [1010] 

direction is about 99GPa, and is the same for all directions in the basal plane. The <c>-

axis has the largest Young’s modulus of ~125GPa. The minimum value of elastic 

modulus is ~89GPa, which is close to the <11 2 2> direction and at ~53° to the <c>-axis. 
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2.1.1.2 Plastic properties 

Dislocation slip systems that have been observed in single crystal αZr are prismatic <a> 

slip, which is on the {1010} plane and in <11 2 0> direction [6], basal <a> slip on the 

{0002} plane and <11 2 0> direction [7,8], and pyramidal <c+a> slip on the {1011} plane 

and <11 2 3> direction [9]. Among all the slip modes, prismatic <a> slip is the easiest slip 

system and operates at all temperature ranges, while basal <a> slip and pyramidal <c+a> 

slip are observed only under high stress and/or high temperature conditions (e.g. >800K) 

[9]. Other possible slip systems in a single crystal αZr are pyramidal <a> slip 

{0111}<11 2 0>, prismatic <c+a> slip {1010}<11 2 3> and <c+a> slip on other pyramidal 

planes such as the {11 2 1} and {2112} planes [10,11]. Twining also plays an important 

role in the deformation of single crystal αZr. At a low deformation temperature or high 

strain rate, twinning precedes dislocation slip and operates to accommodate the strain 

along the <c> axis [6-9], producing a spontaneous, large scale lattice rotation [12], 

see Figure 2-2b. The re-orientated grains may provide planes which are then favorably 

orientated for slip for further deformation. On the other hand, the newly formed twins 

may block dislocation propagation in grains and result in a large hardening rate [13].  

Under a tensile stress along the <c> axis, {1012}<1011> twins are commonly formed at 

room temperature, while at a temperature ~77K, twinning occurs on }1211{  plane [6]. 

During compressive loading, {11 2 2}<11 2 3> twinning is dominant at lower 

temperatures, while {1011}<1012> twinning is more active in the high temperature range 

[9].  A summary of all the possible deformation modes observed is shown in Figure 2-2 

[11].  
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In α−phase polycrystal Zr and Zr alloys, corresponding to observations in single crystals, 

prismatic <a> slip is the primary slip system [14], basal <a> slip is normally observed at 

high temperature [15,16] and occasionally found during room temperature deformation 

[14].  An early model showed that the operation of basal <a> slip is essential to correctly 

simulating the texture evolution at elevated temperature [17]. A recent study [18] 

illustrated the necessity of including basal slip in modeling the room-temperature 

deformation of Zircoloy-2. To fulfill the strain compatibility during deformation, which 

requires five independent deformation systems in each grain for an arbitrary strain [5], 

either pyramidal <c+a> slip or twinning has to occur to allow for strains along the <c>-

axis. Pyramidal <c+a> slip has been observed in single and dual phase zirconium and 

zirconium alloys [19-22].  Twinning is normally observed during low temperature or high 

strain rate deformation [23,24,25]. Under compression, for grains with the <0002> 

orientation in the Poisson’s direction, tensile twinning occurs in the Poisson’s direction, it 

rotates the lattice and causes the basal plane normal to become more or less aligned to the 

compression axis [26]. Among all the four possible twinning systems, tensile twinning 

{10 1 2}<10 1 1> is mostly seen during room temperature deformation [27,28], while 

{11 2 2}<11 2 3> twinning is more likely to happen at lower temperatures [29], which is 

similar to that observed in single crystal αZr [9].  
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Figure 2-2 a) slip systems in hcp Zirconium (top) and possible slip plane for <c+a> pyramidal slip 

(bottom), b) schematic twinning system in Zirconium [11,12].  
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The relative activity of each deformation mode in polycrystal αZr during deformation 

depends on the temperature, stress state, crystal orientation, grain size, residual stress and 

the critical resolved shear stress (CRSS) [23-34]. Normally, prismatic slip is more active 

than other systems, followed by basal slip and then pyramidal <c+a> slip or twinning 

[30,31,33-35], but for certain crystallographic textures and stress states such as when the 

loading axis is parallel or perpendicular to the <c>-axis, prismatic and basal slip may be 

restricted due to their low Schmid factor [29,32].  

 

2.1.1.3 Effect of temperature 

Dislocation slip requires stresses to overcome the Peierls-Nabarro stress and the strain 

fields associated with impurity atoms, which are both thermally activated processes [36]. 

With decreasing temperature, the friction stress on a free dislocation and the stress 

required for a dislocation to unlock from its impurity atmosphere increases. Therefore, 

CRSS increases with decreasing temperature. The formation of twins creates new surface, 

hence it mainly depends on the surface energy or stacking fault energy of the material and 

thus is relatively temperature insensitive [5]. At lower temperatures, when the CRSS for 

slip increases to be higher that that for twinning, twinning will precede dislocation slip.  
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2.1.1.4 Effect of grain size 

The grain size dependence of dislocation slip in polycrystals is commonly described by 

the Hall-Petch equation [37,38]. In polycrystals, some grains normally yield first due to 

the large Schmid factors; dislocations in these grains pile-up at the grain boundary and 

result in stress accumulation, which cause the dislocations in the neighboring grains to 

operate and hence yielding of the bulk material.  Since the accumulated stress due to 

dislocation pile-up is higher in large grains than that in small grains, dislocation slip is 

more active in large grains than in small grains for a given stress level. Grain size has a 

similar effect on twinning [39]. The size of the largest twin is limited by the grain size. 

With increasing grain size, the average twin size increases, and the ratio of twin surface to 

volume decreases. Therefore, less energy (lower stress) is required to produce the same 

volume fraction of twin in coarse-grained polycrystals [5].  Twinning appears in general 

to be more sensitive to grain size than dislocation slip and becomes more active in coarse 

grain size materials, and less active (i.e. slip is preferred) in small grain size materials. 

 

2.1.1.5 Effect of alloying elements 

Northwood et al. [40] found that the addition of oxygen (1000-7300ppm) does not change 

the Young’s modulus of αZr at 0oC too much, but it does affect the temperature 

dependence of Young’s modulus; the Young’s modulus becomes less temperature 

dependent with increasing oxygen content. Tremblay et al. [41] measured the elastic 

constants of Zr crystals with O ranging from 7000ppm to 24000ppm and found that the 

elastic moduli increase with O content. For plastic properties, oxygen increases the yield 
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strength and greatly increases the temperature dependence of strength of zirconium, 

especially at low temperatures [42]. The solute strengthening of oxygen deceases with 

increasing temperature; the hardening coefficient, i.e. the strength increment Δτ versus 

the increment of oxygen content Δc is cΔΔ /τ =0.36C66 at 300K and 0.52C66 at 77K [43]. 

Oxygen was thought to lock dislocation slip, thus increasing oxygen content impedes 

<c+a> slip and promotes twinning [84]. However, Kaschner et al. [23] found more 

twinning in zirconium with ~50ppm oxygen than that with 400ppm oxygen at the same 

grain size level (~25μm). The study of Fundenberger et al. [44] on Zr alloys with 

interstitial atoms (i.e. oxygen) ranging from 900ppm to 2500ppm and substitutional atoms 

(i.e. Hf and Nb) at 0wt% and 2.2wt% suggests that interstitial atoms make twinning 

harder, while substitutional atoms make slip harder and hence result in more twinning. 

Experiments on single crystal zirconium showed that the CRSS of prismatic <a> slip 

doubled when oxygen increased from 120ppm to 200ppm, but the extent of stage I easy 

glide increased with increasing oxygen content [6]. Bailey [14] studied the room 

temperature deformation of two zirconium materials; one with an impurity (oxygen and 

nitrogen) content of ~1000ppm and a grain size of ~ 20μm, the other one with an impurity 

content of ~300ppm and a grain size of ~10μm. Bailey observed more basal slip in the 

latter material and proposed that with increasing impurity content, the CRSS of prismatic 

<a> slip increases less rapidly than that of basal slip and thus dislocation slip is more 

limited on the prismatic plane. Churchman [2] proposed that interstitial atoms such as 

oxygen are more effective in obstructing slip on prismatic and basal planes, and have less 

effect on slip on the pyramidal plane.  In Figure 2-3, it is shown that the interstitial atoms 

at position (2/3,1/3,3/4) are coplanar with the (1011) plane but not with the (1011) plane, 
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while interstitial atoms at position (2/3,1/3,1/4) are coplanar with the (1011) plane but not 

with the (1011) plane. Neither of these two positions is coplanar with (1010) and (0001) 

planes. Thus interstitial atoms at both sites interfere with dislocation slip on both 

prismatic and basal planes, while only half of them act as obstacles to slip on {1011} 

pyramidal planes. Although this idea is based on single crystal titanium, considering that 

zirconium has very close crystal structures and properties to titanium, similar effects may 

be expected in zirconium.  

 

In most analytic treatments, deformation twinning is treated in a similar manner to 

dislocation slip having a CRSS, and the Schmid factor is used to qualitatively predict the 

occurrence of twinning [25,36]. However, the idea of a CRSS for twinning is still 

controversial [5,45,46]. The argument is that the theoretical stress for twinning nucleation 

is extremely high [46], and twinning only occurs after dislocations have piled up to raise 

the stress along the twinning plane. Therefore, dislocation slip is a prerequisite for 

twinning, while twinning is a consequence of slip [46].  Indeed, the activation of twinning 

has been shown to significantly deviate from the Schmid factor activation criterion and to 

be greatly affected by local internal stress heterogeneity and the sense of the applied 

stress [47]. 

 

CRSS ratios of different deformation modes obtained at various conditions are listed 

in Table 2-1. It is seen that increasing impurities increase the CRSS of dislocation slip, 

while, at the same time, the CRSS ratio of pyramidal <c+a> slip to prismatic <a> slip 

decreases, which is consistent with Churchman’s idea [2]. 
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Figure 2-3 A section of  0)2 (  plane, the bounding surface are (0011 01), 1)1 (10  and 011)1(

with

 planes. 

Small cycles show the possible positions for interstitial atoms. Note that the (2/3,1/3,1/4) position 

coplanar  011)1(  plane and (2/3,1/3,3/4) coplanar with 1)1 (  plane, neither of them coplanar 

with (0001) basal

10

 and 0)1 (  prismatic plane [10 2].  

 



 
 

 

Material Interstitial content (ppm)   Grain 
size(μm)

T (oK) CRSS ratio  
(τpr : τbas : τpyr : τttw : τctw)* 

Reference Model 
O N C 

Zirconium 120   SC** 800-1100 1 : 2-4 : 10-20: ~ : ~  ( τpr=0.2-0.6MPa) Akhtar  [9]    
Zirconium 140 20 40 SC** RT 1 : 3.5 : ~ : ~ : ~         ( τpr=3.8-6.1MPa) Dickson [8]  
Zirconium 1200 20 40 SC** RT 1 : 2.6 : ~:  ~ : ~          ( τpr=53.2MPa) Dickson [8]  
Zirconium <50 <20 22 25 RT 1 : ~ :12 : 10 : ~             

1 :  4 : 24 : ~ : ~            (τpr=10MPa) 
Tomé [29] 
Oliver [33] 

VPSC 
EPSC 

Zirconium 900 24  25 RT 1 : 5-6 : 9-12 : ~ : ~        Philippe [48] Upper 
Zirconium 1000    RT 1 : ~:~:1.8-2.4:~           ( τpr=45MPa) Crépin [57] Lower 
Zircaloy-2  1400   20 RT 1 : 1.8 : 2.7: ~: ~           ( τpr=90MPa) Pang [34] EPSC 
Zircaloy-2 
 

900-1500 <65 150-400 20 
 
30 

RT 1 : ~ : 1.8: 1.9:~            ( τpr=110MPa) 
1 : ~ : 2 : ~ : ~               ( τpr=115MPa) 
1 : ~ : 3 : 1.9 : ~            ( τpr=110MPa) 

Turner [32] 
MacEwen [50] 
Tomé [35] 

EPSC 
 
 

Zircaloy-2  1260-1440  150-160 20 RT 1 : 1.6 : 3.2 : 2.4 : ~      ( τpr=100MPa) Xu [18] EPSC 
Zircaloy-4 100    1023 1 : 4 : 8 : ~ : ~ Sanchez [53] VPSC 
Zircaloy-4 1100 60  7 RT 1 : 3 : 7 : 9 : ~ Philippe [48] Upper 
Zircaloy-4 900-1500 <65 80-300   

RT 
1 : ~ : 4 : 1.5 : ~ 
 

Lebensohn [49] 
Lebensohn [56] 

VPSC 
 

Zircaloy-4    20 RT 1 : ~ : 2.3-4 : 1.25-1.5 : ~ Girard [55] VPSC 
Zircaloy-4 1200   25 RT 1 : ~ : 3 : 2 : ~                 (τpr=95MPa) Gloaguen [52] EPSC 
Zr720α 1300 33 58 15-20 RT 1: 2 : 1.8 : 1.2 : ~ Francillette [54] VPSC 
Zr720α 1400 40 200 20 RT 1: ~ : 1.6 : 2 :  ~              (τpr=118MPa) Gloaguen [51] EPSC 
Zr720α 1400 33 58  RT 1:~:~:0.75-1.5:~              ( τpr=80MPa) Crépin [57] Lower 

*— τpr, τbas, τpyr, τttw and τctw represent the CRSS of prismatic <a> slip, basal <a> slip, pyramidal <c+a> slip, tensile twinning 
and compressive twinning. 

**—single crystal. 
Table 2-1 Comparison of CRSS ratios of different deformation modes 
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2.1.2 Structure and properties of the β-phase 

βZr has a bcc crystal structure.  It is a metastable phase at room temperature and will 

transform to αZr and βNb after annealing. Quench experiments showed that the lattice 

parameter of βZr decreases with increasing Nb content [58]. The extrapolated lattice 

parameter for a pure βZr is about 3.59Å at room temperature. For βZr containing 

20wt%Nb, the lattice parameter at room temperature is ~3.53Å [58]. 

 

The thermal expansion coefficient of βZr is a function of temperature. A simple 

expression is [58]: 

                                                                                                           2.2 TTZr 21)( ααα β +=

Where α1=6.8×10-6K-1, α2=2.0×10-9K-2. At room temperature, the thermal expansion 

coefficient given by Equation 2.2 is about 7.4×10-6K-1. 

 

2.1.2.1 Elastic properties 

The room temperature elastic constants of βZr, especially those of the βZr with 20wt%Nb, 

are not available to date. Heiming et al. [59] measured elastic constants of a high purity 

βZr at high temperatures. The measured values are tabulated in Table 2-2. The elastic 

modulus in direction <hkl> of a cubic crystal is given by the following equation [5], 

                        2222
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                           2.3 

where S11, S12 and S44 are elastic compliances. Table 2-2 also lists the calculated elastic 

moduli in individual crystal orientations based on the measured elastic constants. It is 
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interesting that almost all the elastic’s moduli increase with increasing temperature.  

  

T (oC) C11 C12 C44 <100> <110> <111> <310> 

915 104 93 38 16 43.7 100.8 20.9 

1210 97 82 40 21.9 53.65 104.1 27.8 

1610 100 70 35 42.4 71 91.6 49.5 

Table 2-2 Elastic constants of a high purity βZr at high temperatures [59] and the calculated elastic 

moduli in individual grain orientations. All values are given in GPa. 

  

2.1.2.2 Plastic properties 

Like any bcc crystal, the slip mode in βZr is expected to be pencil glide, i.e. any plane that 

contains Burger vector a/2<111> is a potential slip plane. Slip has been observed 

experimentally on {110}, {112} and {123} planes in other bcc crystals [60], which give a 

total number of 96 slip systems. Previous studies used these three slip systems in 

modeling the deformation of bcc materials and obtained good agreement between 

experimental and modeling results [61-65]. Nishimura et al. [66] studied the deformation 

of a series of quenched β-phase Zr-Nb alloys with Nb content ranging from 13.5wt% to 

80wt% at temperatures of 77K and 290K. They found that Nb significantly increases the 

strength by solute strengthening. For βZr with 20wt%Nb, the yield strength σ0.2 is 

~500MPa at room temperature. In βZr with Nb content less than 17%, {332}<113> 

twinning (i.e. (233) [ 113 ] ) is the dominant deformation mode at both temperatures; the 

ease of twinning was associated with the strain induced β−ω decomposition as has been 

proposed in βTi alloys [67]. In βZr having Nb in the range of 19wt% to 40wt%, slip 
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controls the deformation. With increasing Nb content (>40wt%), solute strengthening 

increasingly blocks dislocation slip and then {112}<111> twinning (i.e. ]111)[211( ) plays 

a major role. Schematics of these two twinning systems in a bcc crystal are shown 

in Figure 2-4. 

 

 

Figure 2-4 Schematic of a) {112}<111> twinning and b) {332}<113> twinning in a bcc crystal. 

 

2.2 Material and microstructure 

Figure 2-5 shows the phase diagram of the Zr-Nb binary system [68]. It can be seen that 

after equilibrium phase transformation, Zr-Nb alloys consists of αZr and βNb at room 

temperature, with Nb content ~1wt% and ~90wt% in each phase respectively. For Zr-Nb 

alloys with Nb content less than 20wt%, αZr precipitates from the βZr at temperatures 

below the β to α phase transformation temperature, and the Nb content in the βZr 

increases. At temperatures close to 6000C, mono-eutectoid decomposition occurs at 

equilibrium conditions and βZr transforms to αZr and βNb. However, this reaction is very 
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sluggish even at a very slow cooling rate and thus at room temperature the material 

consists of αZr and metastable βZr. The Nb is mostly concentrated in the β phase, with the 

Nb content in αZr of less than 1wt%, while it is ~20wt% in βZr.  

 

The chemical composition of Zr-2.5Nb in commercial use is nominally 2.4-2.8wt% Nb, 

900-1300ppm O, <1300ppm Fe and balance Zr. At room temperature, oxygen is mainly 

concentrated in the α-phase and depleted in the β-phase, while Fe, on the other hand, is a 

β-stabilizer in Zr and is mainly concentrated in the β-phase [69]. Fe is also found at the 

α−α grain boundary [70]. 

    

The composition of Zr-2.5Nb is shown by the dashed line in Figure 2-5. The conventional 

CANDU manufacturing procedure for pressure tubes is [71]: vacuum arc melt → press 

forge → rotary forge → machine billet → β-quench (optional) →extrude at ~815oC with 

an extrusion ratio= ~10:1 → cold draw 25-30% (2 passes) → autoclave in steam at 400oC, 

24hrs. The typical microstructure of a pressure tube is shown in Figure1-1, the α grain 

has a plate-like shape with an aspect ratio: length/width/thickness=25/5/1, and a thickness 

of ~0.4µm. The β-phase exists as more or less discontinuous thin sheets or spherical 

particles between the α grains. After extrusion, the β-phase is metastable bcc βZr with 

~20wt% Nb content, but after cold working and annealing in temperature range 300oC  to 

500oC, it partially transforms towards equilibrium αZr and bcc βNb and consists of a 

mixture of metastable hcp ω-phase and Nb enriched βZr  [72,73,74], causing age 

hardening of the material [74]. Annealing in this temperature range causes recovery with 
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the dislocation density decreasing to ~3-4×1014m-2, with little change in sub-grain size or 

dislocation arrangement [75]. With increasing annealing time, dislocation densities 

continuously decrease and the β-phase morphology changes from continuous ligaments 

into a discontinuous array of particles followed by globalization of the β-phase [76]. β-

phase decomposition due to annealing decreases the solubility limit of hydrogen in 

extruded Zr-2.5Nb [77].  Since the diffusion coefficient of hydrogen in the β-phase is 

much higher than that in the α-phase [78], the morphology change of the β-phase caused 

by prolonged annealing is thought to break down the diffusion path of hydrogen and thus 

decrease the velocity of delayed hydride cracking [79].  

 

The texture of Zr-2.5Nb pressure tubes is determined at the extrusion stage and 

unchanged during the subsequent cold drawing and annealing [71]. At a low extrusion 

temperature (<700oC), the texture of the α-phase is controlled by dislocation slip, while at 

a higher extrusion temperature, mechanisms like grain boundary sliding may play a role 

in the texture evolution [80]. The α-phase also may inherit texture from the β-phase 

according to the Burger’s relationship [81], {110}β//{0002}α and {111}β//{11 2 0}α, 

during the phase transformation. The effects of the β-phase on the texture evolution 

increase with increasing extrusion temperature due to the increasing β-phase volume 

fraction. A typical pressure tube texture is shown in Figure 2-6 [82]. The basal plane 

normal of the α-phase is concentrated in the transverse to radial plane and mostly 

pointing towards the transverse direction. The texture component in the radial direction is 

caused by dislocation slip, while the component in the transverse direction is 

hypothesized to be developed by grain boundary sliding or the β to α phase 
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transformation [80]. The β-phase has a predominant (001)[110] rotated-cubic texture 

component [82], which is a typical drawing texture for bcc materials [5].  Annealing a 

cold worked Zr-2.5Nb below the α to β transformation temperature for a long time (e.g. 

575oC, 100hrs) produces a recrystallization texture in the α-phase. However, annealing in 

the (α+β) phase region does not result in a texture change [83,84].  

 

Recently, a new processing schedule has been used in India where the cold drawing and 

autoclaving are replaced by two stage cold pilgering process (i.e. a longitudinal cold-

rolling process that reduces the diameter and wall thickness of metal tube in one process 

step) with an intermediate annealing (550oC, 6 hours) and a final annealing (400oC, 72 

hours). The deformation strain is ~ 60% in the first stage cold working and ~25% in the 

second stage cold working [85,86,87]. No significant texture development in the α-phase 

occurs during cold working and no recrystallization is observed after the intermediate and 

final annealing [85].  Investigations on the deformation of Zr-2.5Nb pressure tube 

material revealed that the texture evolution during cold work is the result of the 

competition between dislocation slip and twinning. Rodriguez et al. [84,88] found that in 

an annealed Zr-2.5Nb with α grain size larger than 10μm, twinning occurred and 

produced a sharp texture change during deformation, while for a structure with the α 

grains less than 5μm dislocation slip was responsible for the texture evolution. Cheadle et 

al. [89] tested Zr-2.5Nb in tension along a specimen direction with a high concentration 

of basal plane normals, but didn’t observe any texture change associated with twinning 

for plastic strains less than 10%.  Kim [90] studied the deformation of an annealed Zr-

2.5Nb pressure tube material, which has an equiaxed grain structure with a grain size of 
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~10μm, and showed that deformation twinning occurred only after the strain was larger 

than 5%. Twining is thus not likely operating in the early stage of deformation where 

strain is less than 5% [30]. The β-phase is believed to affect the texture evolution of αZr 

during cold work and annealing [83]. Kumar et al. [91] proposed that at room temperature 

the β-phase is relatively softer than the α-phase and thus the plastic flow is mainly 

confined to the β-matrix, restricting the texture change in the α-phase. However, this was 

proposed without evidence since the mechanical properties of βZr in Zr-2.5Nb at room 

temperature have not been studied yet and its influence is still unknown. 

 

 

 

Figure 2-5 Phase diagram of Zr-Nb binary system [1]. Dashed line shows the phase transformation of 

Zr-2.5Nb. 
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Figure 2-6 Pole figures of the α-phase (top) and the β-phase (bottom) of a CANDU pressure tube [82]. 
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2.3 Mechanical response and internal stresses in dual-phase 

materials 

As with many single phase materials, dual phase materials are physically inhomogeneous. 

Stresses are never uniformly distributed through the structure due to the different thermal 

and mechanical properties of the phases. A temperature change results in thermal misfit 

stresses between the different phases if they have different coefficients of thermal 

expansion (CTE). During mechanical deformation, loads tend to partition unequally 

between phases due to their different elastic and plastic properties. Even in a single phase 

material, internal stresses exist due to crystal anisotropy, which causes stress-strain 

mismatch in grains with different orientations. Internal stresses can be classified into 

three categories based on the scale over which they act [92]. The stress that varies on a 

scale of millimeters or longer which is comparable to the macroscopic dimension of a 

component made of the material is termed a Type I stress. Stresses which fluctuate over a 

shorter length, normally of the scale of grain or phase distribution, are referred to as Type 

II stresses.  Type III stresses are those that vary within grains and arise from sources such 

as the local stress fields around dislocations and piled-up dislocations. A schematic of 

these classifications of internal stresses is shown in Figure 2-7 [93]. 

 

Two types of Type II internal stresses are produced in dual-phase materials [94-95]. 

Firstly, due to different phase properties, each phase behaves differently during plastic 

deformation, which causes interphase stresses. Secondly, due to anisotropic crystal 

properties, grains with different orientations within each phase deform differently during 

deformation. In the elastic range, different grain orientations have different elastic moduli 
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(Equation 2.1 or 2.3) due to elastic anisotropy. Similarly, in the plastic range, grains with 

different orientations have different Schmid factors causing plastic anisotropy. The plastic 

anisotropy results in residual intergranular stresses once the applied load is removed.  

 

 

Figure 2-7 Schematic of Type I, II and III stresses in a dual phase material [93]. α and β are two 

phases in material, [ and [ ] denote the average phase stresses.   ]ασ βσ
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In a composite of two phases, α and β, the macroscopic stress is the average of phase 

stresses [95]: 

                                               [ ] [ ] [ ]β
α

α
α σσσ )1( ff −+=                                                 2.4 

where  is the volume fraction of the α phase, αf [ ]ασ  and [ ]βσ  are average stress tensors 

in the α and β phases respectively.  

 

The average phase stresses can be calculated according to Hooke’s law:  

                                                [ ] [ ]ppp C εσ =                                                                 2.5 

where Cp is the phase elastic constant tensor which can be calculated from the crystal 

elastic properties and texture, and [ ]pε  is the elastic strain tensor of each phase. The three 

perpendicular strain tensors ε11, ε22 and ε33 can be measured by X-ray or neutron 

diffraction (to be discussed in the following section). In order to calculate the shear strain 

tensors ε13, ε23 and ε12, at least six independent strain measurements in different directions 

are required [96,97]: 
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where ϕφε ,  is the strain in direction L3 given by the anglesφ  and ϕ , defined in Figure 2-8.  

 

In the ideal cases, the three principal stress directions can be deduced by symmetry 

arguments and thus it is possible to estimate the three principal stresses accurately from 

just three measured strain values [93]. For elastic isotropy, the stress can be calculated by: 
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where E is the Young’s modulus and ν is the Poisson’s ratio. 

 

 

 

 

 

 

Figure 2-8 Coordinate system used in X-ray or neutron diffraction strain analysis. S1, S2 and S3 are 

three sample coordinate directions and L1, L2 and L3 are three perpendicular directions, where L3 

indicates the direction of strain interested. Note L1 and L2 are not on the plane determined by S1 and 

S2 [97].      
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2.4 Determination of the internal strains  

Several methods are used to measure internal residual strains [93];  

1) Mechanical methods such as curvature and hole-drilling.  These methods 

measure the component distortion by removing material to allow stress 

relaxation. They are used for Type I stress measurement [98].   

2) Diffraction methods such as electron, X-ray and neutron diffraction measure 

peak shift and broadening. Peak shift is used to calculate the elastic strains 

based on the change of the interplanar spacing, and can be used to study Type 

I and Type II stresses. Peak broadening can be used to calculate Type III 

internal stresses. Electron diffraction uses very thin samples (<100nm) and a 

very small beam size (~10nm), and thus is more suitable for Type III stresses, 

while X-ray and neutron diffractions are suitable for Type II stress 

measurements. The penetration of X-ray is normally less than 100μm, thus the 

ability of X-ray diffraction is limited to the surface area. X-Rays from recently 

built synchrotrons are much more intense and higher energy than that from 

conventional X-ray sources and can provide a penetration depth in scale of 

millimeters [99]. However, the higher energies involved lead to a very low 

scattering angle and result in a gauge volume having an elongated diamond 

shape (elongated along the beam direction), therefore, the spatial resolution is 

poor along the direction perpendicular to the diffraction vector [93]. In 

addition, low beam divergence leads to poor grain sampling. Compared to X-

ray methods, neutron diffraction provides a better solution to detect the 

stresses much deeper inside the material due to its higher penetration in most 
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engineering materials (normally several centimeters), and thus is especially 

well suited for type II strain measurement. Indeed, it has been widely used to 

determine both the interphase and intergranular stresses in recent years 

[33,34,93,97,100-102]. For these reasons, neutron diffraction is used in this 

project. 

3) Other methods include magnetic and ultrasonic methods. Magnetic methods 

measure the variation in magnetic domains with stresses and can be used for 

Type I and Type II stresses. However, they are only suitable for magnetic 

materials and do not have a simple 1:1 relationship between magnetic signal 

and stress/strain. Ultrasonic methods detect the internal stresses based on the 

ultrasonic wave velocity change. They provide a measure over large volumes 

of material with a penetration larger than 10cm. Both techniques are very 

sensitive to microstructure [103,104].  

 

For the neutron diffraction method, two different techniques are available for strain 

measurement based on the characteristics of the beam used. At most reactor sources such 

as the NRU reactor at Chalk River Laboratories, a monochromatic neutron beam is 

directed at the sample and the diffracted beams, which correspond to neutrons scattered 

from groups of grains in the sample with a particular orientation, are recorded at the 

appropriate diffraction angles. This technique is referred as Constant Wavelength (CW). 

At facilities such as ISIS at the Rutherford Appleton Laboratory, a white neutron beam is 

used, and the diffraction peaks from different grains are separated by difference in the 

time that neutrons arrive at the detector. This is called Time of Flight (TOF) technique. 

These two techniques are briefly described in the following sections.  
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2.4.1 Strain measurement at a reactor source 

At a reactor source, a constant wavelength (CW) neuron beam is used to measure the 

elastic lattice strains. Figure 2-9 show the schematic of the L3 diffractometer at the 

National Research Universal (NRU) reactor at the AECL Chalk River Laboratories 

(CRL).  The white neutron beam comes out the reactor core, and is then thermalized by a 

moderator to provide a suitable range of wavelengths for diffraction from atomic planes, 

and then a single wavelength is defined by a monochromator (e.g. a germanium single 

crystal). The monochromator is set at a particular angle to produce a particular constant 

wavelength using diffraction from certain plane (e.g. {331} plane) according to Bragg’s 

law: 

)sin(2λ hkld θ=
 
                                                        2.8 

                                  
where λ is the wavelength, θ is the diffraction angle and  is the spacing of plane {hkl). hkld

The monochromatic neutron beam is collimated by Söller slits to limit the beam 

divergence, passes through an aperture to define the beam size, and then impinges on the 

sample. The diffracted neutron beam passes through another aperture and collimator and 

finally reaches the detector bank (Figure 2-9), which is at an angle 2θ to the incident 

beam for the diffraction peaks of the selected grains. Since it is a monochromatic source, 

different diffraction peaks correspond to different 2θ angles. Thus during each 

measurement, only grains in the gauge volume that meet the Bragg’s law for a particular 

set of {hkl} can be detected. In order to collect the diffraction from different grains, the 

sample and the detector must rotate together at a relationship:  

                                                          Δ Δψ θ2                                                           2.9 =

Where Δψ is the rotation angle of the detector and Δθ is the rotation angle of the sample. 
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A picture of L3 diffractometer at NRU at AECL Chalk River Laboratory (CRL) is shown 

by Figure 2-10. 

 

Diffraction peaks obtained by constant wavelength neutron diffraction is in a form of 

neutron counts versus diffraction angle. The peak position is determined by fitting the 

experimental data by a Gaussian function with a linear background. The instantaneous 

spacing  of plane {hkl} during deformation can be calculated by the Bragg’s law (Equ. 

2.8). Then the strain of an individual grain family {hkl}, 

hkld

hklε , is calculated through the 

movement of the peak position: 

                                        0

0

hkl

hklhkl
hkl d

dd −
=ε   = θθ Δ×− cot                                         2.10                           

Where  is the stress free plane spacing and Δθ is the change in the diffraction angle. 

The term, “grain family”, is defined as a group of grains having a common {hkl} plane 

normal lying within several degrees (e.g. ~ ±0.5o at Chalk River) to the diffraction vector. 

This definition is used consistently in this whole thesis. 

0
hkld

 

 

 37



 

Figure 2-9 Schematic layout of the strain measurement at a reactor source [105]. 

 
 

During an in-situ deformation test, samples are set up with their axial direction aligned to 

the loading axis with an extensometer mounted on the sample to measure the macroscopic 

deformation strain. The sample set-up for an in-situ experiment is illustrated by Figure 2-

11.  In Figure 2-11a, the loading axis is parallel to the diffraction vector, thus the 

evolution of lattice strains along the axial direction are monitored. To measure the strains 

in the Poisson’s directions, another two samples are needed. As shown by Figure 2-11b 

and c, by rotating the stress rig at 90 degree, strains along the two Poisson’s directions 

can be measured.  During the test, a series of uniaxial tensile loads is applied along the 

sample axial direction and the neutron diffraction is measured at each load step. Normally, 

in the elastic part, the experiment is in stress control, while in the plastic region it is 

carried out in strain control. Also, in order to handle any stress relaxation observed in the 

plastic regime, the sample is deformed to the desired strain and then backed off a certain 
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strain (e.g. 0.025%) to eliminate any relaxation during data collection. Since each time 

the diffraction peaks are measured separately, the data collection takes a relatively long 

time (e.g. 1 to 2 hours for Zr-2.5Nb if a good data quality for βZr is desired).   

 

 

 Stress rig 

Sample 

Detector 

 
 
 

Figure 2-10 L3 beam line at the National Research Universal (NRU) reactor at the AECL Chalk 
River Laboratory (CRL). 
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Figure 2-11 The schematic setup of the samples with respect to the neutron beam for measurements, 
the diffraction vector is parallel to a) the axial direction, and to b) and c) two of its transverse 
directions [105].  

    
 

The strains in each grain family are easily determined by single peak fitting. The average 

phase stress-strain behavior is normally taken to be that of those grains in the phase 

whose stress and lattice strain curves remain more or less linear even when plasticity is 

extensive (i.e. those which exhibit small intergranular strains) [106-110], such as {1010} 

for Ti [106] and {311} for fcc iron [107] and {110} for bcc iron [111]. However, there is 

no absolute choice for a suitable plane for the average phase strain. Different people have 

used different planes for the same phase in the past depending on experimental conditions 

and materials. For an example, in the Al/SiC composite, planes {311}, {111} and {200} 

have all been used to determine the average phase strains in both Al matrix and SiC 

particles by different researchers [108-110].  

 

Cho et al. [112] showed that, in case where it is hard to find a representative grain family 

for the phase strain, the weighted average of two or more peaks can be used to 
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constructed a synthetic measure of lattice strains which is unaffected by the presence of 

plastic strain. However, it is clear that a more accurate measure of the average phase 

strain should account for the strains of all the grain families and average them by weight. 

Several methods were proposed in [113] and were shown to all be applicable to give 

strains comparable or smaller than the most linear peak. The method B in [113] was 

found to be the most reliable, and will be used in this thesis. It is given by the following 

equations: 

                                        
∑

∑=
hkl hkl

hkl hklhkl
ave α

εα
ε                                                                 2.11                        

                               
θλμ

α
222 sin)( hklhklhkl

hkl
hkl FpAd

E
=                                                      2.12 

where α is the weight of each individual peak,  is the diffraction elastic constant of 

{hkl} grain family,  is uncertainty of the individual peak position, 

hklE

hklμ p  is the 

polarization factor,  is the absorption factor and  is the structure factor. A hklF

 

2.4.2 Strain measurement at a TOF facility  

At a TOF facility such as ISIS, white neutron pulses are directed at a distance along the 

beam line and the flight time of the neutrons is determined, which in a given experimental 

setup corresponds to the energy or wave length of the neutrons. Detectors are placed at a 

fixed diffraction angle θ, and intensities are recorded as a function of time. Figure 2-12 

shows the schematic setup used to perform the TOF strain measurement. Figure 2-13 

shows the picture of the ENGIN-X instrument at the ISIS pulsed neutron facility, 
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Rutherford Appleton Laboratory, UK. The white incident beam comes out from the 

moderator aperture, passes through the collimator and is defined to a certain size (e.g. 

8mm high and 4mm wide) by two boron carbide slits which are positioned close to the 

sample. The incident beam hits the sample in the horizontal plane at 45 degrees to the 

loading axis. The diffracted beams then pass through two radial collimators and reach two 

detector banks, which are set at ±90 degree to the incident beam.  

 

 

 

 
Figure 2-12 Schematic set-up of the strain measurement at a TOF facility [105]. 
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South bank 

Incident beam 

North bank 

Stress rig 

            
Figure 2-13 Picture of the ENGIN-X instrument at the ISIS pulsed neutron facility, Rutherford 
Appleton Laboratory, UK. 

 
 
                                               

 
                                               Figure 2-14Schematic of sample setup at a TOF facility [105]. 
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The neutron flight time t  is given by the total length, , divided by the velocity of the 

neutron, V, which is a function of the wavelength. 

l

                                                         
t
lBV ==

λ
                                                             2.13 

where λ is the wavelength and B is a constant dependent on the instrument. 

 

Substitution λ from equation 2.10 into Equation 2.8 gives, 

                                                  
B

d
t hkl

hkl
θsin2

=                                                            2.14 

where  is the flight time of neutrons from the {hkl} grain family. Since the incident 

beam is polychromatic, a large number of possible lattice planes defined by a fixed 

diffraction angle are recorded at each measurement. Based on equations 2.8 and 2.10, 

diffraction peaks from different grain families are produced by neutrons with different 

velocities, which arrive at the detector at different time. Thus, by separating the difference 

in the time of flight, a large part of the diffraction spectrum can be obtained along that 

direction in the sample. Neutron counts from many pulses are summed to give sufficient 

intensities for the peaks of interest. At the constant diffraction angle θ, the elastic strain 

can be simply expressed as: 

hklt

 

                                                  
hkl

hkl

hkl

hkl

t
t

d
d Δ

=
Δ

=ε                                                           2.15 

 

In this case, the strain measurement depends on the measurement of shifts in the time of 

flight. Figure 2-15 shows a typical neutron diffraction spectrum for a Zr-2.5Nb hot rolled 
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plate along its plate normal direction collected at a TOF source. The relatively small 

volume fraction of the β phase is seen from its relatively low peak intensities.  

 

During an in-situ TOF deformation test, a sample is set at the centre of the stress rig with 

the axial direction along the loading axis. The sample macroscopic strain is monitored by 

an extensometer mounted on the sample. Figure 2-14 shows the schematic of the sample 

setup. The sample is set at a 45 degree to the incident beam. With two detector banks at 

±45 degrees to the loading axis, strains in directions both parallel and perpendicular to the 

applied load can be measured simultaneously. During the test, the sample is deformed to 

the desired stress or strain, and held for some time (e.g. 30 seconds) to allow for stress 

relaxation before the data acquisition. The time for data collection depends on the 

material and the volume fraction of the phase interested. For the hot rolled Zr-2.5Nb with 

10% β phase, it is about 10 to 15 minutes for each point. To measure the strain in a 

different Poisson’s direction in the material, another sample is needed and is placed in the 

stress rig with the second Poisson’s direction aligned with the diffraction vector. More 

details can be found in [114].  
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Figure 2-15 A typical diffraction spectrum of Zr-2.5Nb before deformation. The upper lines show the 

experiment data and the result of Rietveld refinement and the lower line shows the residual of the 

Rietveld fitting.   

 

The diffraction peak at a pulsed facility such as ISIS is well described by a Pseudo-Voigt 

function (a linear combination of Gaussian and Lorentzian functions convolved with an 

exponential decay) [116]. Single peak fitting is carried out to determine the peak positions 

of individual grain families by fitting this function with the experimental data using a 

least square minimization procedure. The intergranular strains are then calculated by 

equation 2.9. At the same time, the evolution of the peak width during deformation is 

obtained. In this dissertation, single peak fitting of the ISIS data is carried out using the 

“RAWPLOT” function within the GSAS (General Structure Analysis System) code [116].  
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Lattice strains of individual grain families can be calculated from the shift of their 

individual peak positions, while it is common practice to define the average phase strains 

using a multiphase Rietveld refinement by making a least squares fit between the 

observed and predicted results [117,118]. Rietveld refinement was first developed to 

determine the crystal structures using measured diffraction spectra [119]. The diffraction 

spectrum is described as a function of factors such as multiplicity, structure factor, lattice 

parameter, texture and peak shape parameters. The crystal structure is determined by 

fitting the predicted diffraction spectrum with the experimental data through a least 

square minimization procedure. However, if the crystal structure is already known this 

method can be used to determine the lattice parameters. It is in this way that Rietveld 

refinement is used to determine the elastic lattice strain. Since the whole diffraction 

spectrum is fitted by Rietveld refinement, peak shifts of all the diffraction peaks are 

considered, thus the change of the lattice parameter relative to the initial value reveals the 

average phase behavior. The lower line in Figure 2-15 shows the residual of the Rietveld 

refinement for Zr-2.5Nb before deformation. It is seen that at the zero load, Rietveld 

refinement predicts the individual peak positions very well. As load increases, due to 

elastic and plastic anisotropy, and strain varies between different grain families, large 

errors are expected since the different peak positions are not included in the Rietveld 

predictions. Therefore, this method is not sufficient to perfectly match the diffraction 

spectrum of a heavily strained polycrystal, especially for polycrystals with large crystal 

anisotropy and a high order of texture distribution [62]. Strains of some of the grain 

families will be overestimated, while strains of other grain families will be 

underestimated. Nevertheless, for a random or weak textrure, Rietveld refinement has 

been shown to give a good estimation of the average phase responses and is currently 
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widely used to determine the average phase stains in bcc [62,120,121], fcc [64,117] and 

hcp [118,122,123] polycrystals.   

 

For the cubic crystal structure, the average phase strain is obtained directly from the 

lattice strain, while for the hcp crystal structure, the average phase strain can be calculated 

by:              

                                         ε ε εave c af f= + −( )1                                                                  2.16 

where aveε  is the average phase strain, cε  and aε  is the lattice strain of the <c> and <a>-

axis respectively,  is the resolved fraction of basal plane normals in the direction of 

interest [

f

124].  For a random or weak texture, it simplifies to 
3

2 ca εε +
 [118]. Rietveld 

refinement can be performed using the GSAS code [125].  

 

For a multiphase material, Rietveld refinement determines the lattice parameters of each 

phase separately, thus is very effective in estimating the interphase strains. In addition to 

the phase strains, since the diffraction spectrum of a multiphase material is also a function 

of the volume fraction of each phase, therefore, Rietveld refinement can be used to 

determine the volume fraction of each phase. This is very useful in studying strain 

induced phase transformations [126].  
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2.5 Texture measurement  

The texture of a polycrystal (i.e. the preferred crystal orientation) is fully described by its 

orientation distribution function (ODF), which is a mapping of the probability of each of 

the possible grain orientations at a set of the Euler angles with respect to the sample 

coordinates [127]. At a CW neutron source, an ODF is normally determined from several 

pole figures, which are measured by using a detector to count the peak intensities of 

certain reflection for a large number of sample directions. The method is commonly used 

at a reactor source facility such the E3 spectrometer at NRU at the AECL Chalk River 

Laboratory (Figure 2-16). A schematic sample setup is shown in Figure 2-17. During the 

texture measurement, the incident beam and the detector are set at a fixed 2θ angle for a 

particular {hkl} reflection and the specimen is mounted on an Eulerian cradle, which 

allows the rotation about two axes, η and χ, to cover the entire orientation range [115]. 

First, the sample is rotated to a certain χ angle (e.g. 0o), then the η angle is rotated from 0-

360o in a minimum step size of 5o, with the diffraction intensity recorded at each step. 

Then the sample is rotated to the next  χ in a step size of 5o, and the rotation about the η 

angle is repeated.  Iteration continues until the whole orientation range is covered and the 

pole figure for that particular grain orientation is obtained. Each θ angle corresponds to a 

certain crystal orientation. The diffractometer and the detector bank are then rotated 

together to other 2θ angles (i.e. rotate the ω angle) to measure the pole figures of other 

grain orientations. Several pole figures are needed to calculate the whole orientation 

distribution function (ODF), based on which a discrete grain distribution can be 

calculated. Normally, the specimen used for texture measurement at E3 beam line is cut 

into a size about 1cm cube rather than the plate shown in Figure 2-17.  
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Eulerian cradle

 

 

Figure 2-16 E3 neutron diffraction spectrometer at NRU reactor at AECL Chalk River Laboratory 
(CRL).  

 
Figure 2-17 Schematic pole figure measurement using constant wavelength neutron diffraction [115].  

Detector 

Diffractometer 

Incident slit 
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Figure 2-18 Schematic of HIPPO instrument at LANSCE [128]. 

 
 

The traditional CW method is efficient for single phase materials, where the diffraction 

peaks are strong (relative to the back ground) and well separated. However, for 

multiphase materials, where the diffraction pattern is much more complicated and the 

adjacent diffraction peaks are heavily overlapped, TOF methods are more effective and 

suitable for the texture measurement. At a TOF neutron diffractometer such as the High-

Pressure-Preferred Orientation (HIPPO) at Lujan Jr. Neutron Scattering Center, Los 

Alamos National Laboratory, samples are set inside the sample chamber with several 

detector rings arranged for backward and forward scatter at angles about 10, 20, 40, 90 

and 150 degrees to the incident beam (Figure 2-18). Each ring has numbers of detector 

banks. With this large detector coverage, rotation about only the vertical sample axis is 

sufficient to obtain an ODF [128]. 98 diffraction spectra in total are obtained; each one 
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contains many diffraction peaks of each phase. The ODF is calculated based on the 

generalized spherical-harmonics description of the effect of texture on reflection 

intensities in a Rietveld refinement program such as GSAS [129].  

 

2.6 Polycrystalline modeling 

Deformation of a single crystal can be easily predicted by the Schmid law as long as its 

deformation modes are understood. However, for a polycrystal, even if it has the same 

deformation mechanisms as a single crystal, the deformation behaviour is much more 

complicated. A simple reason is that the stress or strain in each individual grain of the 

polycrystal aggregate may be different from the applied stress or strain due to grain to 

grain interactions and the interaction of deformation mechanism with grain boundaries; 

thus the dominant deformation modes vary from grain to grain. To handle this situation, 

early approaches include the Sachs model [130], which assumes the stresses in grains are 

constant and equal to the external global stress, and the Taylor model [131], which 

assumes the strains in grains are the same and equal to the external strain. Clearly, the 

Sachs model causes strain incompatibility between grains, while the Taylor model 

violates the stress equilibrium across grain boundaries. The former predicts a lower bound 

to the polycrystal flow stress, the latter, which requires five independent slip systems to 

be active in each grain, provides an upper bound to the flow stress.  

 

Using Eshelby’s equivalent inclusion theory [133], a self-consistent model is able to take 

into account both the strain compatibility and stress equilibrium across the grain boundary 

by representing the interaction between inclusions and grain boundaries. Early self-
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consistent models such as Krőner [134] and Budiansky and Wu [135] assume isotropic 

elasticity [132] and use fully elastic coupling between the grain and the matrix, predicting 

only very low deformation heterogeneity [105].  

 

Based on the Hill’s self-consistent approach [136] and Hutchinson’s formulation [137], 

the recently developed Elasto-Plastic Self-Consistent (EPSC) model allows the 

interactions between the individual grain and the matrix to be modelled in a more realistic 

way. Provided with the single crystal properties, textures and applied stress state, it 

predicts the development of internal stresses, as well as the macroscopic mechanical 

response of a polycrystal as it is deformed in the elasto-plastic regime. In this thesis, the 

EPSC model of Turner et al. [138] is used to study the evolution of internal strains in Zr-

2.5Nb and Zr-Nb alloys. A brief review of this model is given below, more details can be 

found in [137,138,139].  

 

In this model, a population of grains is selected with a distribution of orientations and 

volume fractions determined from the measured texture. Each grain, which has the 

anisotropic elastic and plastic deformation characteristic of a single crystal of the material 

under study, is treated as an ellipsoidal inclusion embedded in a Homogenous Effective 

Medium (HEM) that has the average properties of all grains.  Interactions between 

individual grains and the HEM are calculated by the Eshelby tensor [133]. At each stress 

strain increment, the key problem is to calculate the instantaneous elasto-plastic stiffness 

 of the HEM, from which all other quantities can be calculated. However, this value 

cannot be calculated directly and must be solved by iteration. The initial value of L  is 

taken as that of the previous step (for the first step, the self-consistent elastic stiffness, 

L
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which can be solved directly, is used). From the old  value and assuming slip occurs on 

all the potentially active systems, the stiffness of individual grain , the shear strain rate 

and the shear stress rate 

L

cL

•
sγ

•
cs ,τ on slip system s  in each grain can be determined. The 

following criteria must be satisfied to activate this slip system [139]: 

                                                                                                                             2.17 0>
•
sγ

cscs m σ                                                    τ = sτ= :,                                                     2.18 

                                                                                                           2.19 
••

== cscs m σ:,
•
sττ

sτ

cL

 

Where ms is the Schmid tensor of the slip system s ,  is the stress and  is the stress 

rate in an individual grain, is the critical resolved shear stress and is the critical 

resolved shear stress rate for slip system s .  The above equations define that for a system 

to slip, the stress must originally be on the yield surface (Equ. 2.18) and remain on the 

yield surface facet (Equ. 2.19) corresponding to that system during the incremental step 

[

cσ
•

cσ

•
sτ

139]. If the conditions of above equations in a grain are violated, the slip system under 

consideration is rejected and  is recalculated, this procedure is repeated until all the 

potential slip systems in all the grains are verified. The average value of L  is then 

calculated and used for the next iteration. This procedure continues until a convergence in 

 is obtained. From this determined , the stress and strain increments of the bulk 

material and of the individual grain orientations are calculated. 

L L
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The hardening of a slip system is expressed by a Voce type hardening law [140]: 

                                   ))(exp1)((
1

0
110 s

s
ssss

τ
θ

θτττ
Γ

−−Γ++=                                         2.20 

where , , and are hardening parameters for the slip system s , Γ is the 

accumulated shear strain in the grain.  

s
0τ s

1τ s
0θ s

1θ

 

Figure 2-19 Schematic of the Voce hardening equation [140]. 

 
Taking into account the “self” and “latent” hardening, the increment of the threshold 

stress of a slip system due to shear activity in a grain is calculated by [139]: 

                                                      ''

'

s

s

sss h
d
d γττ Δ

Γ
=Δ ∑

s

'ss 's

s

                                           2.21 

Where  represents the obstacles that the shear of dislocation on system , , 

causes for the propagation of dislocation on system . 

h 's γΔ

 

Equation 2.17 and 2.18 mean that the incremental rate of CRSS of slip system s  depends 
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on the shear of all the slip systems. In most cases, the CRSS  and the hardening 

parameters , ,  and  for each slip system are unknown. They are normally 

estimated first and tuned by iterative comparison of the simulation results with the 

experimental data until an overall good agreement is obtained.  

s
0τ

s
1τ s

0θ s
1θ 'ssh

 

To simulate a material deformation with the EPSC model, the input files include the 

crystal properties, such as elastic constants, coefficient of thermal expansion, deformation 

modes such as slip and twinning; the discrete grain file, which includes the overall grain 

shape and individual grain orientation; and the process file, which define the deformation 

schedules and the boundary conditions. The output files include the macroscopic stress 

strain response and the lattice strain evolutions of the selected grain families, which are 

compared to the experimental results. Another useful output file gives the relative 

activities of different deformation modes during deformation and allows a detailed study 

of the deformation mechanism in a polycrystal and the influences of major variables.  

 

The current EPSC model does not account for the lattice rotation caused by slip or 

twinning, and twinning is treated just like another slip system that causes shear on the 

twinning plane but occurs in only one direction. In reality, lattice rotation may cause local 

stress relaxation and change the stress strain state in the individual grains. Also lattice 

rotation may bring slip systems, which are originally in a “hard” orientation (e.g. small 

Schmid factor), into a preferred orientation for slip, and hence increases the ductility. 

Failure in tracking the lattice rotation limits the current EPSC model to the elasto-plastic 

regime [139]. It has been shown that being unable to correctly model twinning has 

 56



resulted in the relatively poor agreement with the experimental data where twinning 

accommodates a major part of the strain [105,141].  

 

The EPSC model assumes that each individual grain has the same shape and interacts 

with the same media which has the average properties of all the grains, therefore grains in 

the same grain family (i.e. same orientation) are assumed to behave in the same manner. 

In reality, each grain in a given grain family does not have the same ellipsoid shape and 

the same surroundings. Its stress-strain response is affected by its neighbors, and is 

certainly not uniform.  This limits the ability of the EPSC model in giving detailed 

understanding of the effect of microstructures.  However, in the real situation, since the 

response of a grain family is the average of many grains, the average grain shape will 

likely be approximated by ellipsoidal and the average properties of the surrounding will 

be equal to those of the bulk material. Therefore, the EPSC model is practical for 

modeling the average responses of the bulk material and the individual grain families in a 

statistical way. Diffraction measurements of the lattice strain evolution in polycrystals 

also provide the average over many grains of the same grain family. Therefore, the EPSC 

model is well suited for modeling the experimental results obtained from diffraction 

methods [132]. The effects of microstructure features are likely accounted for by changes 

in the plasticity parameters used which are fitted to optimize agreement with experimental 

data [64]. To date, the EPSC model has been shown to give good simulations of the 

deformation behaviors of single phase materials [32,33,34,107,123,142] and a reasonable 

agreement with some two phase materials by ignoring the small volume second phase 

[112].  
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The accuracy of the EPSC simulation strongly depends on the ability to represent the 

dislocation evolution during deformation. The extended Voce hardening functions given 

by Equation 2.17 and 2.18 describe the dislocation interactions only in an empirical 

manner rather than in a realistic way. It does not account for the development of intra-

granular stresses, which play an important role if the stress path is changed [143,144]. 

Therefore, although it may be sufficient to capture the work hardening during a 

monotonic loading by carefully choosing hardening parameters, it is not effective in 

modeling the intra-granular back stresses and the Bauschinger effect observed during 

reverse loading [138]. Recently, Lorentzen et al. [145] introduced an additional constraint 

to take into account of the intra-granular back stresses. The basic idea is that once a 

dislocation system is active and experiences a certain amount of work hardening, the slip 

system which has the opposite slip direction experiences the same amount of work 

softening. They roughly captured the Bauschinger effect observed during the cyclic 

loading. However, several distinct discrepancies between the model and experimental 

results were seen. The authors attributed this to the simplicity of the hardening model. 

Indeed, the need for functions that can directly relate the micromechanical mechanisms to 

the intra-granular microstructures has drawn attention for many years [146-148]. Recent 

progress was made by Viatkina et al. [149] and Proust et al. [150]. Viatkina et al. [149] 

modeled the development of dislocation cell structures in fcc metals during deformation 

through a cell formation and cell dissolution mechanism and qualitatively captured the 

Bauschinger effect upon stress reversal. Proust et al. [150] proposed a composite grain 

model in the VPSC code to account for the development of twinning and the twinning 

caused hardening in hcp metals.  In their model, grains are formed by a matrix with 

embedded twin lamellae which blocks the propagation of the dislocations.  This model is 
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able to qualitatively simulate the evolution of twinning, texture and the hardening caused 

by twinning dislocation interactions during deformation. However, the authors assumed 

that twinning occurred at the beginning of deformation, and thus this model only 

describes the twin propagation and growth rather than nucleation. This is inappropriate 

since twinning nucleation is critical in determining whether or not twinning will occur.  

Upon discussing other limitations of the model, the authors emphasized the need of a 

detailed microscopic and statistical characterization of the spatial correlations and 

observed twin structures. Clearly, despite these recent improvements, the topic of relating 

the micromechanical mechanisms to the intra-granular microstructures still remains of 

long term interest for future work. 

 

Another limitation of the current EPSC model is that it can be only used directly for 

single phase materials. In aiming to account for the phase interactions in dual phase 

materials, two phase EPSC models were established for situations where only one phase 

[62,151] or both phases exhibit plasticity [64,152]. In these models, the discrete grain file 

is made up grains of two different phases, each has its own crystal properties and texture. 

Each grain of a given phase is embedded in a medium which is the average of both phases 

[64]. An obvious drawback of these models is that they do not account for the effect of 

the geometrical distribution of the second phase, which is found to be significant in some 

metal matrix composites [153,154,155]. Good simulations may still be obtained by 

changing the fitting parameters, but the parameters then include the effects of geometrical 

distributions which are not explicitly modeled [64]. The effects of the geometry are thus 

incorporated into other variables. This prevents the consistent interpretation of the 

experiments. Dye et al. [156] proposed a two phase EPSC model where the ellipsoidal 
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inclusion is treated as consisting of an elastic second phase within the first phase. 

However, since the stress strain state in the ellipsoid is not uniform, this model breaks the 

rule of the Eshelby tensor, which requires a uniform stress strain field inside the 

ellipsoidal inclusion. It was suggested [64] that treating geometrical features of the 

microstructure properly demands the use of the Finite Element Method (FEM), which has 

been proven to be a very powerful technique for modeling the phase interactions during 

the deformation of multiphase materials [101,120,121,157]. Recently, the combination of 

the FEM and the EPSC model was considered in two levels [65,158], where in each case 

the FEM is used to describe the macroscopic deformation of the material, while the EPSC 

describes the response of the individual grain families. In the first method, the 

constitutive performance of each FEM element is described by calls to the EPSC code. 

Thus it allows for appropriate handling of the multiaxial, multipath loading and the 

variation of texture in the component [158]. However, it takes tremendous computing 

time. In the second method, the boundary conditions of each phase, which include the 

local interactions, are predicted by FEM and then the stress or strain history calculated by 

FEM is imposed on the EPSC code to simulate the macroscopic and microscopic 

mechanical response of each phase. This approach was shown to be suitable for studying 

the influence of phase interactions in some multi-phase materials [65,110]. However, to 

date the method has only been applied for materials with cubic crystal structures and 

where one phase remains elastic during deformation. For the deformation of Zr-Nb alloys, 

where the α phase has an anisotropic hcp crystal structure while the β phase has a bcc 

crystal structure, the β phase exhibits a more or less discontinuous morphology and both 

phases yield upon loading. Therefore, the situation is more complicated and, to the 

 60



authors’ knowledge, this modeling method has not been used to simulate the deformation 

behavior of Zr-Nb alloys. Thus, one of the objectives of this thesis to extend the second 

method to capture the phase interactions and to model the deformation behavior of Zr-Nb 

alloys.  
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Chapter 3 

Elastic and Plastic Properties of βZr at Room 

Temperature 

 

Room temperature elastic and plastic properties of a single phase βZr have been studied by 

in-situ neutron diffraction compression testing. Dislocation slip is the major mode of 

plastic deformation. An Elasto-Plastic Self-consistent (EPSC) model was used to interpret 

the experimental results and was shown to be effective in extracting the single crystal 

properties from the polycrystalline data. The single crystal elastic constants of the β-

phase are determined as: C11=145.9±2.6GPa, C12 =117.4±2.5GPa and C44=29.8±0.2GPa. 

The calculated crystal elastic modulus of <100>, <110>, <111>, <211> and <310> 

directions was 41.2, 66.2, 82.9, 66.2 and 47.7GPa respectively. Pencil glide on the {110}, 

{112} and {123} planes was used in the EPSC model and gave a good simulation to the 

early part of the plastic deformation. The fitted Critical Resolved Shear Stress (CRSS) 

and hardening parameters are the same for the three slip systems: τ0=0.235GPa, 

τ1=0.01GPa, θ0=1GPa and θ1=0.001GPa. The average β phase strain is best represented 

by the peak average method, while in cases where only a limited number of diffraction 

peaks are available, the {211} grain family is a good candidate for estimation of the 

average β phase strain. 
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3.1 Introduction 

Zr-2.5Nb has been of interest as the pressure tube material in CANDU and RBMK 

reactors [1]. Its deformation, especially the in-reactor deformation, has been extensively 

studied over the past forty years. The effects of the major variables such as neutron flux, 

temperature, texture and residual stresses are broadly understood [2]. Like Ti-6Al-4V, it 

consists of an α-phase, which has a hcp crystal structure, and a minority β-phase, which 

has a bcc crystal structure. The deformation behavior of the material depends on the 

phase properties and the interactions between the two phases. In (α+β) dual phase Ti 

alloys, it has been found that the texture evolution strongly depends on the second phase 

[3] and phase interactions alter the deformation modes operating in each phase compared 

to those operating in their single phase state [4]. Similarly, the β-phase in Zr-2.5Nb was 

also noticed to affect the texture evolution of the dual-phase system during annealing [5].  

The study of Cheadle et al. on a Zr-19%Nb alloy [6] implies that the extruded Zr-2.5Nb 

pressure tubes will harden during application due to the decomposition of βZr into a 

mixture of hcp ω and Nb enriched βZr phase.. However, despite many years study on the 

deformation mechanism of Zr-2.5Nb [5,7], the contribution of the β-phase still remains 

poorly understood and the mechanical properties of βZr  at  room temperature are still 

uncertain. Part of the reason is the small volume fraction of β-phase in Zr-2.5Nb, ~10% at 

room temperature.  People have traditionally ignored its presence and have fitted single 

phase models to two phase experimental data [8,9]. In reference [10], the β-phase was 

reported to be softer compared to the α-phase in the Zr-2.5Nb pressure tube material and 

to accommodate most of the strain during deformation. The absence of texture 

development in the cold rolled Zr-2.5Nb was then attributed to the rigid body rotation of 
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the α grains.  However, our recent work suggests that the β-phase is actually stronger 

than the α-phase and yields at a higher macroscopic applied stress during uni-axial 

deformation [11] (and Chapter 4). Nishimura et al [12] have studied three different plastic 

deformation modes in β phase ZrNb alloys with different Nb contents at temperatures of 

77K and 290K: {332}<113> twinning, {112}<111> twinning and {112}<111> slip, with 

the activity of the different modes found to be dependent on alloying. Like the β-phase of 

Ti [13], it is found that twinning is related to the β to ω phase decomposition.  The 

activity of dislocation slip systems in βZr increases with increasing Nb content, until very 

high Nb contents (>50wt%), at which point twinning activity starts to increase again.  In 

this Chapter, we report room temperature deformation characteristics of a 100% βZr . The 

single crystal elastic and plastic properties determined from the polycrystalline 

experimental data will help us understand the role of the β-phase in the multiphase Zr-

2.5Nb and will be useful in modeling the deformation behaviors of ZrNb alloys.  

  

3.2 Materials and experimental method 

The material used in this experiment, which is termed Zr-20%Nb, is an extruded bar that 

was made by Teledyne (now ATI) Wah Chang. The chemical composition is 19.3 wt% 

Nb, 1360ppm O, 518ppm Fe, 100ppm C, balance Zr plus trace impurities.  Quenching 

experiments were carried out to obtain 100% β-phase. Several pieces of this material 

were cut from the bar for heat treatment, and then standard compression samples were cut 

from the heat treated bar. For compression samples aligned transverse to the original bar 

axis, the size of heat treated material was ~Ø50mm×15mm. For compression samples 
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aligned axial to the original bar direction, the heat treated material size is ~ 

20mm×20mm×60mm with the long direction parallel to the bar axial direction. The 

blocks were sealed in stainless steel foil bags, filled with argon, and then heated in an air 

furnace to 1000oC for 15 minutes, furnace cooled to specified temperatures, then water 

quenched to room temperature. Based on the binary Zr-Nb phase diagram [14], 100% βZr 

is expected at a temperature of ~630oC. However, Figure 3-1 shows that after quenching 

from this temperature, α grains are still present. This is likely caused by α-phase 

stabilization due to the presence of O [15].  100% β-phase can only be obtained at room 

temperature by quenching from temperatures above 800oC (Figure 3-1). For the current 

experiment, the quenching temperature used was ~830oC, which produced an average 

grain size about 150μm. Compression samples were cut from the heat treated material 

with a size ~8mm diameter×20mm long with the axis parallel to either the axial or radial 

direction of the bar.  

 

The texture of the heat treated material was measured at the E3 spectrometer at the 

National Research Universal (NRU) reactor at the AECL Chalk River Laboratory. Figure 

3-2 shows that the material has a weak texture with the <110> direction aligned with the 

bar axial and radial directions, showing a typical character of extrusion texture for a bcc 

material [16,17]. The {200} and {211} planes appear randomly orientated. The resolved 

volume fraction of {110} grains [18] in the bar axial and bar radial directions is about 

0.32 and 0.34 respectively. For {200} and {211} grains, they are about 0.3 and 0.35 

respectively.  
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a) 

 

 

             50μm 

b) 

Figure 3-1 Microstructure of the Zr-20%Nb quenched from a) 6300C and b) 8000C after holding at 

10000C for 15 minutes and furnace cool to the quench temperature. Dots in b) are etch pits. 
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Figure 3-2 Texture of the sample material, vertical is the bar axial direction, horizontal to center is 

the bar transverse direction. 

 

The compression tests were carried out on ENGIN-X at the ISIS pulsed neutron facility, 

Rutherford Appleton Laboratory. The loading axis was horizontal and at 45o to the 

horizontal incident beam. Two detector banks are set up horizontally and at angles ±90o 

to the incident beam, allowing simultaneous measurement of lattice strains in two 

directions, one parallel and one perpendicular to the applied load [19]. More details of the 

instrument can be found in [20]. A series of increasing uniaxial compressive loads were 

applied along the axial sample direction to produce a final true strain of ~8%. Strain was 

monitored on the samples using an extensometer. The experiment was carried out under 

strain control; each time the sample was deformed to the desired strain and held for 30 

seconds to allow for any stress relaxation, which was at most ~10% of the peak load for a 

step in the plastic regime.  Data acquisition time was then around 10 minutes at each 

point. During the data acquisition period, stress relaxation was within 1-2% of the peak 

load of a step in the plastic regime. The applied stresses and measured strains reported are 

the average values during this data acquisition period. The incident beam was 8 mm high 
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and 4 mm wide, the radial collimators used provided an aperture of 4 mm in the scattered 

beam. With strain measured in two directions simultaneously on this instrument and with 

the texture symmetric about the bar axis, only one sample is needed for strain 

measurements if the compression axis is along the bar axis, to obtain all principal strain 

directions. However, for compression along the radial direction of the bar, two samples 

are necessary, one for the case where the measured Poisson strains are along the bar axis 

and another for the case where the measured Poisson strains are in the radial direction of 

the bar.  

 

3.3 Experimental results and discussion 

3.3.1 Macroscopic mechanical properties 

The macroscopic mechanical behaviors of specimen compressed along the bar axial and 

radial directions are shown in Figure 3-3. Two obvious features are observed.  

1) The mechanical responses in both axial and radial directions of the bar are very 

similar.  The measured Young’s modulus in the bar axis and bar radial direction is 

60±0.5GPa, and 58.15±0.9GPa, respectively. The elastic limit (defined as where 

the stress strain curve deviates from the linear elastic line) along both bar axis and 

radial directions is ~ 500MPa respectively. The 0.2 offset yield strength is σ0.2= 

~550MPa.  

2) At strains larger than 2%, the material exhibits a very low hardening rate and 

shows almost perfect plasticity.  
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Figure 3-3 Macroscopic mechanical properties of the single phase β-Zr. Dots are experimental data 

and lines represent the EPSC modeling results. 

 

3.3.2 Evolution of the intergranular strain  

The lattice strain evolution for individual grain families, defined as grains having an {hkl} 

plane lying within 7.5 degrees to the diffraction vector [20], are plotted against the 

applied true stress in Figure 3-4 and Figure 3-5. For clarity, the responses of only 5 grain 

families are shown. The measured diffraction elastic moduli of {110}, {200}, {211}, 

{310}, {222} and {321} grain families compression along the bar axis and radial 

directions are listed in Table 3-1. It can be seen that among all the selected grain families, 

the {222} grain family has the highest elastic modulus, while the {200} grain family has 

the lowest elastic modulus.  

 

Above an applied stress ~-500MPa, the lattice strain of the {110} grain family in the load 

direction increases at a rate lower than the elastic response with increasing applied stress, 
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indicating the yielding of the {110} grain family (Figure 3-4a), and then the lattice strain 

quickly reaches a saturation value of ~7500×10-6, meaning that little more stress is taken 

by {110} grains with increasing applied stress.  The yield of the {110} grain family 

causes load transfer to other grain families, and the lattice strains of the {310} and {200} 

families increase rapidly relative to their linear elastic response.  Compared to the other 

grain families, the {211} grain family shows little deviation from the elastic response in 

the plastic region.  

 

In the Poisson direction, the {200} grain family deviates from its linear elastic line and 

the lattice strains shift back towards compression at an applied stress close to -500MPa. 

At the same time, the strain of the {110} grain family shifts towards more tensile strains. 

At an applied stress close to -600MPa, a sharp “kick back” in strain is observed for the 

{200} and {310} grain families. The evolution of the lattice strain of the {211} family 

approximates to a straight line during deformation.   

 

Compression along the radial direction of the bar results in evolution of lattice strains in 

the elastic and plastic regions in the loading direction similar to that for compression 

along the bar axis (Figure 3-5a). However, the two Poisson’s directions behave very 

differently during compression along the radial direction; in the bar radial direction, the 

Poisson lattice strains of {110}, {200} and {310} grain families do not show inflections 

until the applied stress is close to -600MPa (Figure 3-5b). Along the bar axis, the Poisson 

lattice strains of these grain families deviate from the linear elastic relation much earlier 
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at an applied stress of ~500MPa (Figure 3-5c). The elastic anisotropy in the axial 

direction of the bar is smaller than that in the radial direction.  

 

Figure 3-6 shows the EBSD image of the deformed material; it can be seen that no 

evidence of twinning is found in samples after deformation. 

 

   

Figure 3-4 Evolution of lattice strains of individual grain families during compression along the bar 

axial direction. a) responses in the loading direction, b) responses in the Poisson direction. Dashed 

line shows the macroscopic yield strength. The errors of the lattice strains are ~10-250×10-6, with the 

largest errors obtained for the {222} grain family. 
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Figure 3-5 Evolution of lattice strains of individual grain families during compression along the bar 
transverse direction. a) response in the loading direction, b) responses in the Poisson direction (bar 
transverse direction), c) responses of the second Poisson direction (bar axial direction). d) enlarge of 
the plastic region for b), e) enlarge of the plastic region for c). Dashed line shows the macroscopic 
yield strength. The errors of the lattice strains are ~10-260×10-6. The largest errors are obtained in 
the {222} grain family. 
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Sample 

 

Macro- {110} {200} {211} {220} {310} {222} {321} 

Axial-

Loading 

60.04± 

0.47 

64.2± 

0.1 

55.5± 

0.3 

67.96± 

0.42 

64.0± 

0.42 

59.1± 

0.48 

75.70± 

3.1 

67.9± 

1.05 

Axial-

(P.T.) 

 

 

-181.8± 

2.03 

-120.8± 

1.46 

-170.2± 

2.21 

-176.9± 

2.18 

-140.1± 

1.83 

-179.7± 

12.73 

-167.6± 

6.84 

Trans.-

loading 

58.86± 

0.86 

(57.55± 

0.34) 

67.4± 

0.19 

53.6± 

0.22 

67.3± 

0.21 

67.9± 

0.54 

58.9± 

0.45 

76.8± 

2.32 

69.09± 

0.75 

Trans 

(P.T) 

 -183.1± 

1.18 

-129.7± 

1.19 

-171.0± 

1.47 

-178.9± 

3.46 

-140.3± 

3.58 

-191.0± 

14.60 

-176.9± 

5.29 

Trans- 

(P.A) 

 -147.9± 

1.19 

-119.4± 

1.52 

-151.7± 

1.50 

-147.4± 

1.69 

-135.9± 

2.03 

-172.9± 

9.80 

-166.4± 

6.04 

                

Table 3-1 Measured diffraction elastic moduli (GPa) of the bulk samples and the individual grain 

families. P.T indicates the measurement is made in the Poisson direction, which is the transverse bar 

direction, P.A. means the measurement is in the Poisson’s direction, which is the bar axial direction. 
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3.3.3 Discussion 

Due to the weak texture, the macroscopic mechanical responses are very close in the bar 

axial and radial directions. The measured Young’s modulus is about 60GPa, which is 

much smaller than that of α-Zr. It is noted that the compression test is very sensitive to 

the sample alignment, therefore the value of macroscopic Young’s modulus determined 

by clip gauge potentially has a large uncertainty.  The macroscopic strength of this β-

phase material compares well with the flow stress of 550MPa reported in [12] for Zr-

20%Nb, which had O ~630ppm and grain size ~100μm. Thus any reduced Hall-Petch 

hardening [21] due to the larger grain size of our material is apparently offset by its 

higher O content. The high strength observed in the β-phase thus likely results from the 

solution strengthening effects of the O and Nb contents [12,22]. Compared to bcc iron 

[23,24,25], βZr has a very low hardening rate when the deformation strain is larger than 

2%. The reason for the low hardening rate is not known but may be due to dynamic 

recovery caused by cross-slip as proposed for bcc Mo [26]. It is worth noting that the 

yielding feature of low carbon steels, represented by the Lüders band and yield point 

elongation [23], is not seen in Figure 3-3. This is probably due to the very low carbon 

content in this material.  

 

The lack of twins in Figure 3-6 suggests that dislocation slip is the major deformation 

mode of this material. This is consistent to the study reported in [12], where {332}<113> 

twinning was only found in quenched Zr-13.5%Nb but not in quenched Zr-19% to 

22%Nb alloys. Therefore, dislocation slip such as {110}<111> plays the major role in 

deformation of this quenched βZr. 
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In a cubic crystal, the stiffness of a given grain family {hkl} in the loading direction 

depends on their elastic anisotropy factors Ahkl = (h2k2+k2l2+l2h2)/(h2+k2+l2) [27]. Thus 

the stiffness of the selected grain families is expected to increase in the order {200}, 

{310}, {110} and {111} for most metals. This trend is clearly seen in Figure 3-4 

and Figure 3-5 in both the loading and the Poisson’s directions. Compared to the α-phase, 

whose crystal moduli range from ~90 to 125GPa, the elastic moduli of the β-phase are 

very low. Since bcc β-phase is less densely packed compared to hcp α-phase, this might 

be typical for materials that undergo an hcp to bcc phase transformation, since similar 

results have been observed in Ti alloys [28]. 

 

200μm 

Figure 3-6 EBSD image after deformation shows no trace of twinning. Grain boundary is defined by 

a misorientation of 150. EBSD was performed by Dr.  I. Yakobtsov. 
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Due to the elastic anisotropy, the interaction among the different grain families in the 

elastic region causes the {110} grain family to bear more load and yield at a lower 

applied stress even though it is among the least favorably orientated for slip (i.e the 

largest Taylor factor) [17]. The {222} grain family is even stiffer than the {110} family 

(see Table 3-1) and it has the same Taylor factor as the {110} grain family [29], thus it is 

expected to bear more load and yield first among all the grain families. However, this is 

not clearly seen in Figure 3-4 and Figure 3-5. This may be attributed to the bad data 

quality due to the very low peak intensity. It is also possible that the post yielding load 

transfer from the {222} family to other grain families is very quick, which makes the 

inflection of the {222} curve non-obvious. The effect of elastic anisotropy on the 

plasticity in cubic polycrystals has been discussed in [23].   

 

Compared to bcc iron [23], the intergranular strain distribution in the loading direction is 

larger in the bcc βZr at a given plastic strain. This is due to the low work hardening rate of 

the {110} grain family. In Fe [23], the lattice strain of the {110} orientation kept 

increasing with the applied stress in the plastic region, while in this βZr, as shown 

in Figure 3-4a and Figure 3-5a, little more stress is taken by the {110} grain family once 

it yields. The load increment is then shared by the other grain families. Consequently, the 

lattice strains of other grains increased at a larger rate and resulted in larger intergranular 

strains than that seen in iron [23]. The low work hardening for the {110} grain family is 

possibly due to dynamic recovery as mentioned before. Another possible reason might 
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relate to the finding of Arsenault et al. [30], in their study on single crystal Ta and Ta 

based alloys.  Arsenault et al. found that increasing solute concentration (both interstitial 

and substitutional) eliminated or reduced the work hardening rate in the stage II single 

crystal deformation. They attributed this to the fact that dislocation slip was limited to the 

primary slip system by solute atoms and a large latent hardening of the primary slip 

system on secondary slip systems. In polycrystals, it nominally requires 5 independent 

slip systems for an arbitrary shape change. Hence the complete elimination of secondary 

slip systems seems unlikely. However, if the activity of the secondary slip is reduced by 

solute element or primary slip and hence reduces the possibility of dislocation interactions 

between slip systems (i.e. reduced forest hardening), a low work hardening rate is still 

reasonable.  

 

In the Poisson direction, the internal strains developed in the elastic region were cancelled 

by the strain “kick back” of the {200} and {310} grain families, which resulted in a small 

final intergranular strain in the Poisson direction on unload. However, the strain evolution 

in this βZr, especially the “kick back” of the {200} and {310} orientations in the Poisson’s 

direction, is very similar to that observed in single phase iron [23] and iron in a dual 

phase material [19]. The reason for the sharp strain “kick back” of {200} and {310} grain 

families in the Poisson’s directions has been discussed in [31]. In a bcc crystal, the 

distribution of slip directions does not facilitate uniform contraction or expansion in the 

Poisson’s directions in some grains (e.g. for {200} grains with the <200> in the Poisson 

direction and the <110> aligned in the loading direction). During compression, this non-

uniform expansion causes large transverse incompatibilities between these grain families 
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and the surrounding medium, which must be accommodated by large compressive strains 

in these grains. A rapid strain shift back towards compression is thus seen. Since a {hkl} 

grain family in the Poisson’s direction includes grains that belong to many of the axial 

grain families - as long as they have a common <hkl> direction pointing towards the 

Poisson direction -  strains of a {hkl} Poisson grain family are very sensitive to the 

texture. A detailed description and discussion of these effects can be found in [23]. 

 

The small intergranular strain accumulated in the {211} grain family during plasticity 

suggests that it might be a good candidate for representing the average phase behavior for 

βZr for studies of dual phase materials when the effect of βZr is in consideration. More 

discussion of this is given in Section 3.6. 

 

3.4 Modeling method 

Elasto-Plastic Self-Consistent (EPSC) models simulate the interaction among different 

grain orientations during deformation by accounting for both the strain compatibility and 

stress equilibrium. Since the early implementation by Hutchinson [32], EPSC models 

have been widely used to describe the elasto-plastic properties of polycrystalline 

aggregates and have been shown to give good simulations of the deformation behavior of 

single phase materials [33,34], with particular success in describing the deformation of 

cubic materials [23,24]. In this paper, the EPSC of Turner et al. [33,34] is used to 

interpret the deformation behavior of single phase βZr and to estimate the elastic and 

plastic properties. 
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In the EPSC model, a population of grains is selected with a distribution of orientations 

and volume fractions determined from the measured texture. Each grain, which has the 

anisotropic elastic constants and plastic deformation characteristics of a single crystal of 

the material under study, is treated as an ellipsoidal inclusion embedded in a Homogenous 

Effective Medium (HEM) that has the average properties of all grains.  Interactions 

between individual grains and the HEM are treated using an Eshelby tensor [32]. No 

lattice rotation or texture evolution is considered in this model and thus it is valid only for 

small strain deformation. More details can be found in [35]. 

 

Using EPSC, the single crystal elastic constants Cij can be determined from the 

polycrystalline data based on the measured texture and the diffraction elastic constants 

[36]. In this method, elastic constants Cij are estimated first, then EPSC is run in the 

elastic region by applying a small amount of strain and the calculated macroscopic 

Young’s modulus and the diffraction elastic constants of each individual grain family are 

compared to the experimental results.  In our case, the experimental constants of the 

{110}, {200}, {211}, {220}, {310}, {222} and {321} were compared for the stress 

applied in the bar radial direction, with simultaneous fit to all three data sets (axial and 

both Poisson directions). An iterative least squares approach was used to obtain values of 

Cij. The determined crystal elastic constants for βZr at room temperature are 

C11=145.9±2.6GPa, C12 =117.4±2.5GPa and C44=29.8±0.2GPa.  

 

In the plastic region, as discussed above and further in Section 4, twinning is not the 

major deformation mode in this material and plastic deformation is caused by dislocation 
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slip only. The typical deformation mode for bcc crystals is pencil glide, where 

dislocations slip on many slip planes with the <111> slip direction in common. In order to 

simplify the model, three slip systems are normally considered during simulation, namely 

the {110}<111>, {112}<111> and {123}<111> [37]. The total number of the potential 

slip systems is 96. The hardening of each slip system is described by an extended Voce 

law [38]. 

                                 ))(exp1)((
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−−Γ++=                                            3.1 

Where  is the threshold value, is the Voce stress where the hardening extrapolates to 

zero, is the initial hardening rate and is the final asymptotic hardening rate for the 

slip system S, Γ is the accumulated shear strain in the grain. 
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Taking into account the “self” and “latent” hardening, the increment of the threshold 

stress of a slip system due to shear activity in a grain is calculated by [35]: 
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Where hss’ represents the obstacles that the shear of dislocation “s’”, “Δγs’”, causes for the 

propagation of dislocation “s”. Parameters in equations 3.1 and 3.2 were unknown 

initially and were determined by iterative comparisons between the experimental results 

and the modeling simulations. We assume an isotropic hardening, i.e. the latent hardening 

and the self hardening are the same and equal to 1. A discrete grain file with a total 
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number of 1944 grains was used in the EPSC model. The discrete grain file was generated 

from the measured texture using the script “odfvf” provided by C. Tomé. The CRSS and 

hardening parameters of each slip mode, which give the best simulations, are listed in 

Table 3-2. The same parameters are used for the three slip systems as further variation did 

not generate significant improvement in modeling results. Also it has been proposed by 

Hutchinson [39] that if the number of slip planes is large enough and they are well 

distributed about the slip direction, then the model is insensitive to the planes explicitly 

specified. Using the same parameters for all three slip systems in modeling has been 

adopted by e.g. Chin et al. [29] and Daymond et al. [19].   

 

Slip system τ0 (GPa) τ1 (GPa) θ0 θ1 

{110}<111> 0.235 0.01 1 0.001 

{112}<111> 0.235 0.01 1 0.001 

{123}<111> 0.235 0.01 1 0.001 

Table 3-2 Parameters used in EPSC model. 

 

3.5 Comparison between experimental and modeling results 

The modeled macroscopic mechanical properties are compared to the experimental results 

in Figure 3-3. It is seen that using parameters listed in Table 3-2, the EPSC model 

described the macroscopic mechanical behavior of this material very well. It accurately 

reproduced the Young’s Modulus and the yield strength. The stress strain characteristics 

such as: the very low hardening rate and the small texture effects on strength were also 

well captured.  
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The comparison between the calculated lattice strain evolution and the experimental 

results is plotted in Figure 3-7 and Figure 3-8. In the elastic region, the EPSC model 

quantitatively calculated the diffraction elastic constant of all the selected grain families 

in both the loading and the Poisson directions. The method described in section 3.4 is an 

effective way to determine the single crystal elastic constants from the polycrystalline 

data, thus the elastic constants of the βZr given in section 3.4 are considered reasonably 

reliable and can be used in the future studies of ZrNb alloys.  To the authors’ knowledge, 

this is the first time single crystal elastic moduli for βZr have been reported. Based on the 

obtained elastic constants, the calculated crystal elastic modulus for <200>, <310>, 

<110>, <211> and <111> directions is 41.2, 47.7, 66.2, 66.2 and 82.9GPa respectively. 

The calculated Young’s moduli of the bulk material in the bar axial and radial directions 

are both ~63GPa, which are close to the measured values. 

 

 

Figure 3-7 Comparison between the EPSC model (lines) and the experimental results (dots) for the 

axial sample, a) loading direction and b) Poisson’s direction. 
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In the early part of the plastic region, EPSC quantitatively predicted the yielding of all the 

selected grain families in both the loading and the Poisson directions, and qualitatively 

described the interaction among these individual orientations. Features like the load 

transfer and the sharp “kick back” of the {200} and {310} in the Poisson directions were 

well captured. In Figure 3-7 and Figure 3-8, it can be seen that the modeled {200} and 

{310} grain families yielded a little earlier than that was shown by the experiments, 

implying that the calculated Young’s moduli of these two grain families might be slightly 

higher than the real values. As discussed in [23], the Poisson strain in the elastic region is 

very sensitive to the texture. The elastic constants reported in section 4 are obtained by 

fitting the measured diffraction elastic moduli in all the loading and Poisson’s directions. 

Since the results of the two Poisson’s directions weight more than that of the loading 

direction in the least square routine, a small error of texture measurement or misalignment 

of sample will generate uncertainties in the calculated elastic constants even though they 

give the best overall agreement to the measured data.   
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Figure 3-8 Comparison between the EPSC model and the experimental results for the transverse 

sample, a) loading direction, b) Poisson’s direction (bar radial direction) and c) Poisson’s direction 

(bar axial direction).  

 

The EPSC model failed in simulating the lack of hardening observed in the {110} 

orientation with increasing deformation strain,. The calculated lattice strain increases 

slowly with increasing stress, while the experiment shows a constant lattice value, which 

indicates that no more stress is taken by the {110} orientation. To balance the calculated 

strong {110} response, the modeled {310} and {200} orientations are softer than 
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indicated by the experimental results. This causes the calculated intergranular strain in the 

loading direction to be smaller than experimental data.  

 

In order to test if a large latent hardening of the primary slip can limit the activity of the 

secondary slip and results in a low work hardening rate as mentioned in section 3.3, the 

latent hardening in the EPSC model was increased by a factor of 100 aiming to limit the 

occurrence of secondary slip. The results are plotted in Figure 3-9. A large work 

hardening rate was obtained, indicating that as expected no matter how big the latent 

hardening, secondary slip has to occur to meet the strain compatibility and thus generate a 

large overall hardening rate in grains. It is not very clear why the EPSC model failed in 

capture the soft {110} behavior even the hardening parameters are very small. In the 

EPSC model, for a system to slip, the stress must be and remain on the yield surface 

during each incremental step. To do that, once the resolved shear stress,  of a certain 

slip system in a grain, which depends on the properties of the HEM, exceeds the critical 

shear stress ( ),  is then increased to the value of the  instead of altering the stress 

state [

cs ,τ

sτ sτ cs,τ

35]. This scheme prevents a slip system from exhibiting behavior that is too soft no 

matter how small the hardening rate for that system.  However, it may not be true under 

real situations.  Also, we should realize that the simple hardening functions (i.e. Equ.1 

and 2) are not sufficient for the complicated dislocation evolution during deformation 

such as dynamic recovery caused by cross slip or dislocation rearrangement.  
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Figure 3-9 Comparison between the EPSC model and the experimental data, {110} <111> slip, τ0 = 

0.22, τ1= 0.001,    θ0 =1 and θ1=0.0001, self hardening=0.1 and latent hardening =100.  

   

3.6. Determination of the average phase behavior 

For a multiphase material, it is important to understand the contribution of each phase to 

the average properties. However, a quantitative simulation of the interaction amongst 

phases and thus the corresponding interphase stresses during deformation still remains 

challenging. Part of the reason is the difficulty in determining the average phase 

behaviors experimentally. Two different neutron diffraction techniques are currently 

employed for this purpose based on the characteristics of the beam used.  At most reactor 

sources, where a monochromatic neutron beam is used, diffraction of individual peaks is 

measured separately. It is time consuming and not practicable to measure many 

diffraction peaks and most of the time only diffraction from a limited number of peaks 

can be measured. Thus the average phase stress-strain behavior is normally taken to be 

that of those grain families in the phase whose applied stress vs lattice strain curves 
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remain more or less linear even when plasticity is extensive (i.e. those which exhibit 

small intergranular strains) [41-43], such as (10-10) for Ti [41] and (311) for fcc iron [42] 

and (110) for bcc iron [43].  However, there is no absolute choice for a suitable plane for 

the average phase strain. Different workers have selected different planes for the same 

phase in the past depending on experimental conditions and materials. At a Time Of 

Flight (TOF) source, where a pulsed white neutron beam is used, it is common practice to 

define the average phase strains using a multiphase Rietveld refinement by making a least 

squares fit between the observed and predicted results [44,45]. Rietveld refinement 

produces a very good fit at the zero load condition. However, as load increases, larger 

errors are expected caused by the elastic and plastic anisotropy which are not included in 

this method at the current stage. Clearly, an accurate method would account for the strains 

of all the grain families and average them by weight as indicated in [46], but it is hard to 

perform if the texture changes during deformation.   

 

To facilitate the future study of deformation mechanisms of ZrNb dual phase alloys, it is 

he lattice stress strain curve of the {211} 

worth investigating which method gives a more accurate estimation of the average elastic 

strain of the β-phase. The results of the three methods, i.e. the single peak, Rietveld fitting 

and the peak average, are compared to the measured macroscopic elastic properties 

in Figure 3-10a and are summarized as below: 

1. Among all the diffraction peaks, t

orientation remained near linear in the whole deformation range. Its diffraction 

elastic constant is ~67GPa, which is slightly higher than the macroscopic Young’s 

modulus ~60GPa, However, in cases where only very limited diffraction peaks 
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can be monitored at a reactor source, the {211} orientation is a good candidate in 

representing the average phase behavior for βZr with a similar texture.  

2. It is shown that the Rietveld methods works well in the elastic region but follows 

 B proposed in [46] based on the 

the trace of the {110} orientation and shows stress relaxation in the plastic 

regime. Figure 3-10b shows that at the high stress level, with increasing internal 

stresses, as expected, a single lattice parameter is not sufficient to fit all the 

diffraction peaks [19]. From Figure 3-10b, it can be seen that the strong {110} 

intensity gives {110} grain family a higher weight during the refinement, and the 

lattice parameter is then tuned to give a good fit to the {110} diffraction by 

sacrificing the others (e.g. {200}). The Rietveld method is thus not ideal for a βZr 

material with a similar extrusion texture, and would be used as a best 

approximation only where required due to poor counting statistics. 

3. The peak average calculated using the method

responses of the {110}, {200}, {211}, {310}, {222} and {321} orientations 

shows a near linear relationship during the whole deformation range. The 

calculated elastic modulus is ~64GPa, which is close to the macroscopic elastic 

constant. Clearly, the peak average is the best choice for estimation of the average 

phase response in the multiphase materials once the responses of many peaks are 

available. 
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Figure 3-10 a) Comparison of the phase response obtained by different methods. b) Rietveld 

refinement at stress ~615MPa. The first line shows the TOF diffraction spectrum, the black dots 

below each peak indicate the predicated peak position. The second shows the residual of the Rietveld 

fitting. 
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3.7 Summary 

Room temperature elastic and plastic properties of the βZr with 20wt%Nb have been 

studied using neutron diffraction compression experiments. Following conclusions are 

drawn: 

1. The β to α phase transformation temperature of this material is increased to 

~800oC by the presence of oxygen.  

2. The measured bulk Young’s modulus is ~60GPa, which is lower than that of αZr, 

while the yield strength is ~500MPa. The high yield strength is probably related to 

the O and Nb contents. 

3. Twinning is not found after deformation, and dislocation slip is considered the 

major mode for plasticity. 

4. The EPSC model is used to interpret the experimental results and is shown to be 

effective in extracting the single crystal properties from the polycrystalline data as 

well as in modeling the early part of the plastic deformation. The calculated single 

crystal elastic constants of βZr with 20wt.%Nb at room temperature are: 

C11=145.9±2.6GPa, C12 =117.4±2.5GPa and C44=29.8±0.2GPa. The calculated 

crystal elastic modulus of <100>, <110>, <111>, <211> and <310> directions is 

41.2, 66.2, 82.9, 66.2 and 47.7GPa respectively. The modeled Young’s modulus is 

about 63GPa. The fitted CRSS for slip on {110}, {112} and {123} planes are the 

same and have a value of 235MPa.  

5. Among the three methods for describing the average phase behavior, i.e. single 

peak, the Rietveld refinement and the peak average, the peak average gives the 

best description. In cases where only a limited number of diffraction peaks 
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available, {211} orientation still closely represents the average phase response for 

a βZr material with a similar extrusion texture. 
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Chapter 4 

Evolution of Interphase and Intergranular Strains 

in Zr-2.5Nb during Deformation 

 

Both in-situ tension and compression tests have been carried out on textured Zr-2.5Nb 

plate material at room temperature. Deformation along all the three principle plate 

directions has been studied and the evolution of interphase and intergranular strains along 

all the loading and the Poisson’s directions has been investigated by neutron diffraction. 

The evolution of interphase and intergranular strain was determined by the relative phase 

properties, crystal properties and texture distribution. The average phase behaviors are 

similar during tension and compression, where the β-phase in this material is stronger 

than the α-phase. The asymmetric yielding of the {0002} grain family results in a 

relatively large intergranular strain in the loading direction during compression and 

different dependence of strength during tension and compression on texture. The 

combination of the thermal residual stress and the asymmetric CRSS in the <c> axis gives 

the {0002} grain family a higher strength in compression than in tension. 
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4.1 Introduction 

Due to its good mechanical strength, high corrosion resistance and strong creep resistance, 

combined with excellent neutronic properties, Zr-2.5 wt% Nb has been selected as the 

pressure tube material for CANDU reactors since 1970’s [1]. Its in-reactor properties 

such as hydride cracking, irradiation growth and creep have been of interest of people for 

decades and models have been established to simulate the irradiation behavior [2-6]. It 

has been found that the irradiation behavior of Zr-2.5Nb pressure tubes is strongly 

dependent on the texture, microstructure and intergranular residual stresses [7-10], which 

are controlled by the manufacturing schedules. The general fabrication route of CANDU 

pressure tubes consists of extrusion at ~800oC, air cooling, cold draw to ~20-30% strain 

and autoclaving at 400oC for 24h. After extrusion, it consists of ~90% hcp α-Zr, which 

has Nb content <1%, and ~10% metastable bcc β-Zr, which contains approximately 

20%Nb. During autoclaving, β-Zr partially transformed to β-Nb (~95%Nb) and contains 

the metastable ω-phase and the enriched β-Zr (~50%Nb) [11].   The texture of pressure 

tube was found to be determined at the extrusion stage and not changed during cold 

working [12]. At lower extrusion temperature, the texture of the α-phase is controlled by 

dislocation slip, while at temperatures above 700oC other mechanisms may play a role. 

For an example, the α-phase may inherit the texture from β-phase by the Burgers 

relationship during transformation or be reoriented by body rotation and phase boundary 

sliding [12,13]. Annealing at temperatures below the β-transus temperature usually 

doesn’t produce the recrystallization texture observed in single phase Zirconium [14].  

Recently, a new processing schedule was used in India where the cold drawing and 

autoclaving were replaced by two stage cold pilgering process with an intermediate 
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annealing (550oC, 6 hours) and the final annealing (400oC, 72 hours). The deformation 

strain is ~ 60% in the first stage cold working and ~25% in the second stage cold working 

[15].  Still, no significant texture development in the α-phase occurs during cold working 

and no recrystallization is observed after the intermediate and final annealing [16]. Kumar 

et al. [17] proposed that at room temperature the β-phase is relatively softer than the α-

phase and thus the plastic flow is mainly confined to the β-matrix, restricting the texture 

change in the α-phase. However, our work suggests that the β-phase is actually stronger 

than the α-phase and yields at a higher macroscopically applied stress during uni-axial 

deformation (see Appendix I).  

 

Investigations on deformation of Zr-2.5Nb pressure tube material by other authors 

revealed that the texture evolution during cold work is the result of the competition 

between dislocation slip and twinning [18-19]; twinning occurs preferentially in coarse 

grains and produces a sharp texture change during deformation, while prismatic, basal 

and pyramidal <c+a> slip are responsible for the texture evolution in fine grain structures. 

Cheadle et al. [20] tested Zr-2.5Nb in tension along a specimen direction with a high 

concentration of basal plane normals, but didn’t observed any texture change associated 

with twinning for plastic strain less than 10%.  Kim’s study [21] of an annealed Zr-2.5Nb 

pressure tube material, which has an equiaxed grain structure with size of ~10μm, shows 

that deformation twinning occurred only after strains larger than 5%. Twining is thus not 

likely to be operating in the early stage of deformation where strain is less than 5% [22]. 

Despite the lack of twinning, Zr-2.5Nb pressure tube material yields anisotropically, and 

 106



attempts to model the anisotropic mechanical behavior by a power law constitutive model 

or a polycrystalline model [22,23] have not been very successful.  

 

Part of the reason for the lack progress in modeling the behavior of this material is that 

most of the previous work focused on the irradiation behavior such as creep and growth, 

while the short term deformation mechanisms of Zr-2.5Nb such as the relative 

contribution of each phase, the interactions between different deformation systems and 

the evolution of interphase and intergranular stress strain during deformation has not been 

thoroughly studied yet. Even the studies of irradiation induced deformation were 

restricted to pressure tube material with a limited range of microstructures and texture, 

where the basal plane normal are distributed in the radial and transverse plane and, mostly, 

concentrated in the transverse direction [24]. The models developed were accurate over 

only a narrow range of textures and microstructure and could not be accurately 

extrapolated to textures quite different from that of these pressure tubes. This has 

significantly restricted the understanding of the relationship of texture and microstructure 

to irradiation growth and creep. To the authors’ knowledge, a deformation model which 

can be used and applied directly to such a material taking into account the anisotropy and 

the dual-phase nature has not been constructed yet. Indeed, most of the studies to date 

have ignored the β-phase because of its relatively small volume fraction and have treated 

the material as single phase polycrystalline [3-4,22,25] with the aim of accommodating 

any related error in the  fit of the parameters of the single phase models to the 

experimental data. However, recent studies [26] have suggested that the overall properties 

of Zr-2.5Nb may be highly dependent on the properties and the distribution (both 
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geometric and texture) of the β-phase.  Neglecting the β-phase is thus likely to introduce 

significant errors in modeling the deformation response of the overall material and in 

particular in extrapolating model predictions to new textures and microstructures. This is 

one likely reason why the models in [3] and [4] are accurate only for certain texture and 

microstructure combination.  

  

This paper presents our recent study on the deformation behavior of a hot rolled Zr-2.5Nb 

plate material at room temperature.  Both tension and compression were carried out along 

three principle plate directions, while neutron diffraction was employed to monitor the 

evolution of interphase and intergranular strains along the loading and two Poisson 

directions. A large data set has been collected to help us to understand the fundamental 

deformation mechanism such as slip and twinning of this material. Also the data base will 

be used to evaluate and improve current modeling approaches. We present here the 

experimental results of the mechanical behavior in both macroscopic and microscopic 

scales from which the texture dependence and the influence of the β-phase can be shown.  

        

4.2 Materials and experimental method 

The composition of the experimental material is 2.5wt% Nb, ~1200ppm O, ~950ppm Fe, 

~110ppm C and balance Zr. Ingots were forged to 112mm thick at 1065oC and then hot 

rolled to 56mm thick at about 700oC followed by furnace cool. The microstructure at 

room temperature is shown in Figure 4-1. The predominant α grains have a plate-like 

shape with length and width ~30μm and thickness ~3μm, while the β−phase is distributed 

 108



more or less continuously between the α grains. The O is expected to be segregated to the 

α-phase while the Fe and Nb are expected to be mostly concentrated in the β-phase [27].  

 

 

 

a) RD 

ND 

 

b) 
TD 

ND 

25μm 

Figure 4-1 Microstructure of hot rolled Zr-2.5Nb. 
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Texture measurement was carried on High-Pressure-Preferred Orientation (HIPPO) at 

Lujan Jr. Neutron Scattering Center, Los Alamos National Laboratory and calculated 

based on the generalized spherical-harmonics description of the effect of texture on 

reflection intensities in a Rietveld refinement program in GSAS [28]. Figure 4-2 shows 

the texture of this material at room temperature.  In the α−phase the <c>-axis is mostly 

orientated towards TD and ND, while the <1010> <a>-axis is concentrated in RD. The 

resolved fractions of basal plane normal in rolling, transverse and normal direction (fR, fT 

and fN) are 0.27, 0.39 and 0.34 [7]. The <100> direction of the β-phase is slightly aligned 

along three principle directions. Texture was also measured at the E3 spectrometer at the 

National Research Universal (NRU) reactor at the AECL Chalk River Laboratory, on 

additional samples cut from the plate. It is noted that although a general consistent texture 

are obtained at these two facilities, there is a small difference in the intensity for each 

pole figure (see Appendix II). The volume fraction of the β-phase obtained from Rietveld 

refinement is ~12%, consistent with that expected from nominal Nb content.  
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Figure 4-2 Texture of hot rolled Zr-2.5Nb plate. The upper part shows the selected pole figures of the 

α phase, the lower part shows the selected pole figures of the β phase. The ND is in the centre of the 

pole figure, the RD is vertical and TD is horizontal. 

 

 

Dog-bone tensile samples (with cross section area ~6×6mm2 for the RD and TD, 

15×4mm2 for the ND) and cylindrical compressive samples (Ø9mm×20mm) were cut 

from the rolled plate with the longitudinal direction parallel to the rolling direction (RD), 

transverse direction (TD) and the plate normal direction (ND). Figure 4-3 shows the 

design of the tensile samples. FE analysis shows that the different sample geometries 

won’t change the stress state in the measurement volume.  Tension and compression tests 

were carried out along these three principle plate directions and lattice strain evolution in 

the axial and transverse directions was measured intermittently during testing by neutron 

diffraction. Samples were defined based on the loading direction and the diffraction 
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collecting direction, e.g. a ND/RD sample means that the loading direction is the plate 

normal direction and the diffraction vector is along the rolling direction. 

 

Tensile tests were carried out on L3 beam line at the National Research Universal (NRU) 

reactor at the AECL Chalk River Laboratory (CRL). The (331) diffraction of a 

germanium single crystal was used as the incident beam. The wavelength was ~2.046Å. 

The beam size was defined to select the center area of the sample gauge. Samples were 

mounted in an Applied Test System screw-driven load frame equipped with a load cell 

and hydraulic grips. A series of increasing uniaxial tensile loads were applied along the 

axial direction and the deformation strain was measured by an extensometer mounted on 

the sample. At each selected stress level, the detector and the sample table were rotated 

together such that the diffraction peaks from plane families of interest could be collected 

in the desired specimen direction. By rotating the load frame, both axial (parallel to the 

sample axis) and transverse (normal to the sample axis) lattice strains were measured. 

(1010), (1011), (1012), (11 2 0) and (0002) diffraction peaks of the α-phase and (110), 

(200) and (211) diffraction peaks of the β-phase were collected. In the elastic region, the 

experiment was carried out in stress control, while in the plastic region it was switched to 

strain control. To handle the relaxation caused by room temperature “creep” observed in 

the plastic regime, samples were first deformed to the desired strain and then backed off 

0.025% strain to eliminate stress relaxation during neutron data acquisition.  
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Figure 4-3 Design of the tensile samples for a) RD, TD and b) ND, units are in (mm). 

 

 

 

The compression tests were carried out on ENGIN-X at the ISIS pulsed neutron facility, 

Rutherford Appleton Laboratory. The loading axis is horizontal and at 450 to the incident 

beam. Two detector banks are set up horizontally and at angles ±900 to the incident beam, 

allowing simultaneous measurement of lattice strains in directions both parallel and 
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perpendicular to the applied load [29]. More details of the instrument can be found in [30]. 

A series of increasing uniaxial compressive loads were applied along the axial direction 

to produce a final true strain of ~10%. Strain was monitored on the samples using a clip 

gauge. The incident beam was 8 mm high and 4 mm wide, the radial collimators in use 

provided a scattered aperture of 4 mm. Experiment was under strain control, each time the 

sample was deformed to desired strains and held for 30 seconds for relaxing before data 

acquisition. Stress strains were the average values during the data acquisition period. 

 

The mechanical responses of individual grain families were easily determined by single 

peak fitting, while different techniques were used to estimate the average phase behavior 

based on the characteristics of the beam used. For tensile tests carried out at CRL where 

monochromatic beam is used, the average phase strain was calculated using Daymond’s 

weight equations [31]. 
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Where εhkl is the measured lattice strain for the {hkl}grain family, Ehkl  is the diffraction 

elastic constant for the {hkl} diffraction peak, µ is uncertainty of the individual peak 

position, dhkl is the lattice space in <hkl> direction, p is polarization factor, A is the 

absorption factor, F is the structure factor and θ is the diffraction angle. 
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For compression tests carried out at ISIS where Time-of-flight is employed, the average 

phase strains are commonly determined by a multiphase Rietveld refinement for materials 

with a weak to medium texture [32,33]. Due to the weak texture of this material, the 

Rietveld refinement is employed to determine the average phase strains of the α and β 

phases. The advantage of using the Rietveld refinement to determine the average phase 

response here is that it can obtain the reasonably accurate results in a relatively shorter 

data collection time compare to that needed for the strain measurement of individual grain 

families. This is especially useful in determining the average phase response of the βZr in 

Zr-2.5Nb. Since the volume fraction of the βZr in Zr-2.5Nb is very small, the diffraction 

peaks are very weak, thus the peak average method [31] was found to be impracticable 

for analysis of the βZr in Zr-2.5Nb due to limited available beam time.  For the bcc β-

phase, the average phase strain was obtained directly from the lattice strain, while for the 

hcp α-phase, the average phase strain was calculated by: 

                                                 ε ε εave c af f= + −( )1                                                                                 4.3 

Where εc and εa are the lattice strains of <c> and <a> axis respectively, f is the resolved 

fraction of basal plane normals in the direction of interest [7], which is equivalent to the 

weighting approach suggested in [31].  For a random or weak texture, this simplifies to 

(2εa+εc)/3 [33]. Rietveld refinement was performed using the GSAS code [34]. The 

strains reported here are relative to the initial state, and thus do not take into account any 

initially existing residual stresses.  
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4.3 Experimental results  

4.3.1 Macroscopic mechanical response 

Macroscopic mechanical responses during tension and compression are shown in Figure 

4-4.  The average Young’s moduli and yield strengths (0.2%) in the three plate directions 

are listed in Table 4-1. Observations are summarized as: 

a) All the three samples have a similar Young’s modulus ~90-100GPa during tension 

and compression.  

b) An obvious strength differential (SD) between tension and compression can be 

seen in Figure 4-4. The yield strength of the TD and ND samples are higher in 

compression than in tension, while the strength in the RD is very close in tension 

and compression. 

c) The texture dependence of strength is weaker in tension than in compression, i.e. 

the strength differential in the three plate directions is much smaller in tension 

than that observed in compression. In compression, TD and ND, which have the 

larger portion of <c>-axis, have higher yield strengths (σ0.2 = ~420MPa) than RD 

(~350MPa), while in tension all the three directions have a similar yield strength 

(~370-395MPa).  

d) The elasto-plastic transition is gradual and smooth during compression, while this 

transition period is much shorter and sharper during tensile testing. 
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Figure 4-4 Macroscopic mechanical behavior in the three principal plate directions during a) tension 

and b) compression. 

 
 

 
 

RD TD ND 

Tension Comp. Tension Comp. Tension Comp. 

E(GPa) 90.5±7 84.1±6.5 101±5.6 105.5±10.3 91±11.5 100 

σ0.2(MPa) 370±8.1 345±12.9 395±7 420±7 385±7 422.5±10.6 

 

Table 4-1 Mechanical properties in three plate directions during tension and compression, results are 
based on the average of 2-3 samples of each plate direction. 
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4.3.2 Average phase response  

Figure 4-5 shows the evolution of average phase elastic strains during tension and 

compression along the three principle plate directions. For reasons of space, each plot 

only shows the responses along the axial loading direction and the results along one of the 

two Poisson’s directions. Qualitatively similar behavior is obtained in the other Poisson’s 

direction. More figures can be found in Appendix II. Only the elastic strains relative to 

the starting point are plotted in Figure 4-5, thus show only the elastic/plastic anisotropy 

caused by deformation. In both tension and compression, the elastic anisotropy is very 

small in all the three plate directions. The Young’s modulus of the β-phase is smaller than 

that of the α-phase. Hence, more stress is taken up by the α-phase in the elastic region, 

which may cause it to yield at lower applied stress than it would without the β-phase 

present. The yield point of the α-phase is represented by the first inflection point in the 

stress-strain curve and was indicated by the dashed lines in Figure 4-5a. It is seen that 

during tension in RD the α-phase yields at an applied stress ~320MPa, which is close to 

the yield strength of the RD sample. Once the α-phase yields, its elastic stress strain curve 

shifts towards compression relative to its linear elastic response, while the elastic strain of 

the β-phase shifts to the opposite direction, indicating that with increasing applied stress, 

more and more stress is taken by the β-phase, i.e. there is a load transfer from the α-phase 

to the β-phase.   The β-phase finally yields at an applied stress of about 400MPa showing 

a second inflection in the stress strain curve. More stress is then shared by the α-phase 

whose lattice strain shifts back towards tension. Transverse data show a qualitatively 

similar trend. Similar load partitioning between the α and β-phases during tension is 

observed in other samples (Figure 4-5c, e) and during compression (Figure 4-5b, d, f).  
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  Tension                                                      Compression 

 

Figure 4-5 Phase response during tension a) RD/TD, c) TD/RD, e) ND/RD and compression b) RD/TD, 
d) TD/RD, f) ND/RD. For tension data, the errors are ~100-200×10-6 for the α-phase and ~200-
500×10-6 for the β- phase. For compression data, the errors are ~10-50×10-6 for the α-phase and ~50-
200×10-6 for the β-phase. 
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4.3.3 Response of individual grain orientations 

4.3.3.1 Evolution of intergranular strains in the α-phase 

The evolution of intergranular strains in the α-phase during tension and compression is 

plotted in Figure 4-6 to Figure 4-8. The lines all start from zero strain, thus thermal 

residual strains are excluded and figures only show the evolution of lattice strains caused 

by deformation and relative to the starting state. Only selected stress-strain curves for 

individual grain families are plotted due to limited space. More figures can be found in 

Appendix II. The observations can be summarized as: 

a) In the elastic regime, there is a small elastic anisotropy during tension and 

compression along all the loading and transverse directions, however, an 

obvious plastic anisotropy is observed once plastic deformation occurs.  

b) During tension, the α-phase shows a small plastic anisotropy in the axial 

direction (Figure 4-6a, Figure 4-7a and Figure 4-8a) but a larger plastic 

anisotropy in the Poisson directions (Figure 4-6c and e, Figure 4-7c, Figure 4-

7e, Figure 4-8c and Figure 4-8e). However during compression the α-phase 

exhibits a large plastic anisotropy in the loading direction (Figure 4-6b, Figure 

4-7b and Figure 4-8b) but a relatively small plastic anisotropy in the Poisson 

directions (Figure 4-6d, Figure 4-6f, Figure 4-7d, Figure 4-7f, Figure 4-8d 

and Figure 4-8f). Similar behavior has been observed in single phase Zircaloy-2 

[35-37]. 

c) During compression along the axial direction, the {1010} grain family yields 

first, defined as the first inflection of its stress strain curve, at a lattice strain 
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about 3000 ×10-6 and its stress-strain curve shifts backwards relative to its elastic 

line. Load is transferred to other orientations whose lattice strains thus increase 

by larger steps with a given applied stress increment; the <0002> is the 

plastically hardest orientation and thus yields last at a lattice strain of about 8000 

×10-6 .  In between the yield of the {1010} and the {0002} grain families, the 

{10 1 1}, {10 1 2} and {10 1 3} grain families yield as the applied load 

progressively increases.   For grain families such as {1011}, {1012}, {1013} 

and {0002}, the designation of ‘yield’ is based on the observation of strains 

4000×10-6). The {10

parallel to the applied load curing back towards their elastic lines. 

d) This sequence in yielding is hardly seen during tension tests (e.g., Figure 4-7a). 

All the selected grain orientations yield at a similar lattice strain level (~3000-

13} grain family appears to actually be the last one to yield. 
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Tension                                                                  Compression 

   

 the others show the 
esults along the other two transverse directions. The errors are ~100-200×10-6 for tension and   ~10-
00×10-6 for compression. Errors come from the statistical analysis package. 

Figure 4-6 Responses of individual grain orientations in the α-phase of RD samples during tension 
and compression. Fig. 4a) and b) show the results along the loading direction,
r
1
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Tension                                                    Compression 

   

ses of individual grain orientations in the α-phase of TD samples during tension 

nd compression. 

Figure 4-7 Respon

a
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         Tension                                                       Compression 

   

ses of individual grain orientations in the α-phase of ND samples during tension 

and compression. 

Figure 4-8 Respon
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4.3.3.2 Evolution of intergranular strains in the β-phase 

The evolution of lattice strains of the β-grains along the loading direction is plotted 

in Figure 4-9. Generally, the tension and compression directions show a similar 

mechanical behavior, i.e. a small elastic anisotropy in the elastic region and an obvious 

plastic anisotropy in the plastic regime.  In the elastic region, the <200> has a smaller 

elastic modulus while <110> and <211> have the same value as each other. It is also 

shown that the elastic anisotropy in ND is larger than that in the other two plate directions. 

In the plastic region, the strains of the β-grains are strongly affected by the response of 

the α-phase, i.e. the lattice strains of all the selected orientations of the β-phase increase 

at larger steps once {1010} grain family of the α-phase yields. These grains thus take 

more and more stresses from the α-phase as strain increase, and finally yield at a stress 

close to the yield point of the {0002} grain family of the α-phase. Among the selected 

grain orientations, {200} is the last one to yield. Compared with the α-phase, the 

deformation of the β-phase is more symmetric. All the selected grain orientations yield at 

a similar lattice strain level during tension and compression.  The {110} and {211} both 

yield at lattice strain ~10000×10-6 during tension and compression, while {200} yields at 

lattice strain ~15000×10-6 during both tension and compression. 

 

Similar strain development of the β grain families can be seen in the Poisson direction, 

(Figure 4-10).  However, in the plastic region, the intergranular Poisson’s strains (e.g. the 

strain difference between {200} and {110} grain families) are much smaller compared to 

the axial intergranular strains. 
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Tension                                         Compression 

 

 Figure 4-9 Responses of individual grain orientations of the β-phase along three plate directions 

during tension and compression. The uncertainty is ~200-500×10-6 for tension and ~50-300×10-6 for 

compression. 
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Figure 4-10 Poisson’s strains of individual grain orientations of the β-phase during tension (left) and 

compression (right).  
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4. 4 Discussion  

Slight differences were observed in the pole figures of the initial (pre-deformation) 

material measured at HIPPO and Chalk River.  This may be due to the fact that they were 

generated by the different techniques that are used for texture measurement at these two 

different types of facility. It is also possibly due to texture variation in the plate caused by 

inhomogeneities in the hot rolling process. The specified rolling temperature is ~7000C, 

which is slightly above the eutectic temperature of this material. During hot rolling, the 

front part of the plate would be in the αZr and βZr two phase region; some of the deformed 

β-phase then transformed to the α-phase after cooling to room temperature, which 

produced the {0002} intensity in RD based on the Burger’s relationship [38] (see Figure 

4-2). However, if the temperature dropped quickly during hot rolling, the back of the 

plate would then be rolled at temperatures just below the eutectic temperature. Texture 

would then be determined by the combination of rolling strain and active deformation 

modes. Thus a lower {0002} intensity in RD would be expected from the phase 

transformation after cooling.  Since the texture of each sample was not measured before 

deformation, the exact starting texture of each sample is not known. However the texture 

of each sample after deformation has been measured (See Appendix II), and can be used, 

to some extent, to extrapolate the initial sample texture.  Further, since this experiment 

and the discussion below focuses mostly on relative intensity changes for a given sample 

during the in-situ deformation - which can be determined directly from the measured 

diffraction spectra – any small texture variations between samples should not cause 

significant trouble in interpretation of experimental data in terms of active deformation 

modes, although absolute starting intensities may vary slightly from sample to sample.       
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The similar Young’s modulus obtained in the three plate directions indicates a weak 

texture dependence of elastic stiffness, which might be attributed to the weak texture or 

the strong constraints between the α and β phases and among individual grains.  

 

Figure 4-4 shows that the strength differential between the tension and compression is 

largest in TD and smallest in RD, which have the highest and lowest basal plane normal 

concentrations respectively, indicating that this strength differential is primarily 

determined by the distribution of the <c>-axes.  As explained in [20,23], since both 

pyramidal <c+a> slip and twinning are much more difficult to activate than other slip 

systems and the c-axis of the α-Zr in this material is mostly concentrated along the TD 

and ND, higher strengths are expected along these two directions. However, the different 

texture dependence of strength during tension and compression implies that other factors 

such as the grain shape, the thermal residual stresses and/or twinning may take part of the 

responsibility for the strength anisotropy and the SD observed between tension and 

compression. Thermal residual stresses have been shown to cause the strength difference 

in tension and compression in single phase Zircaloy [39-41]. Twinning is another 

potential source for the strength asymmetry due to the strength difference between tensile 

and compressive twinning, and/or between twinning and dislocation slip [23,36-37]. 

Lowden et al. have observed a similar strength asymmetry in Ti-6Al-4V [42] and they 

claimed that the SD is in fact caused by the different hydrostatic level and the sense of 

shear between tension and compression that is experienced by dislocations, leading to 

<11 2 3> <c+a> slip being easier in tension than in compression, and hence a higher yield 
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strength in compression.  The possible contributions and their influence in this material 

will be discussed later. 

 

Contrary to [15-17], where in the explanation of texture development during cold rolling 

the α-grains are treated as rigid bodies during deformation and the accommodation of 

plastic strain is mainly by the β-phase, the phase strains shown in Figure 4-5 give direct 

evidence showing that in this two phase material the α-phase yields at a lower applied 

stress during room temperature deformation. From Figure 4-5, it can be seen that the 

lattice strain at yield is about 4000×10-6 for the α-phase and about 8000×10-6 for the β-

phase respectively. Provided the Young’s modulus for the α and β-phase are ~100GPa 

and 60GPa (see Chapter 3), the phase yield strengths are estimated as 400MPa and 

480MPa. Thus, despite the fact that the {0002} grain family in the α-phase is the 

strongest among all the grain families in this dual phase system, the average β-phase is 

actually stronger than the α-phase. This brings the explanation proposed in [15-17] 

regarding the effect of the β-phase on the texture development in Zr-2.5Nb into question. 

The high strength of the β-phase could be due to its very fine grain size, and/or to 

preferential segregation of alloying elements. 

 

Given the single crystal elastic constants for <1010> and <0002> crystal orientations are 

~100GPa and 125GPa, the strains listed in Section 4.3.3.1 c) roughly correspond to 

tensile yield stresses ~350MPa and ~440MPa and compressive yield stresses ~300MPa 

and ~1000MPa for {1010} and {0002} grain families respectively, showing a significant 

asymmetrical yielding along the <0002> orientation during tension and compression. This 
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observation provides the explanation to the macroscopic behaviors described in section 

4.3.1. Since during compression, the {0002} grain family can be seen to plastically harder 

than other orientations (Figure 4-6b, Figure 4-7b and Figure 4-8b), the yield stress of the 

material is mainly determined by the distribution of the <c>-axis and thus shows a strong 

texture dependence. However, during tension all the grain orientations yield at a similar 

stress level (Figure 4-6a, Figure 4-7a and Figure 4-8a), thus the material strength is less 

affected by the grain orientations, implying a small texture dependence of strength. All 

three samples have close yield strengths in tension and a similar short elasto-plastic 

transition period (Figure 4-4a).  The asymmetric yielding also causes different behaviors 

in the Poisson directions. Since the Poisson directions of a tensile loaded sample are 

under compression, thus the {0002} grain family in the Poisson directions behaves much 

more strongly than other directions and causes a relative larger plastic anisotropy. 

Similarly, along the Poisson directions of a compression sample, all the grains have a 

similar strength and thus produce a relatively smaller plastic anisotropy compared to that 

in the axial loading direction. 
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4.5 Asymmetry of yielding 

Two widely accepted sources for the asymmetric yielding in the αZr are thermal residual 

stresses [39-41] and twinning [23,36-37]. The αZr  is thermally anisotropic with the 

thermal expansion coefficient of the <c>-axis is ~10.3×10-6/K, almost double the value of 

the <a>-axis, ~5.8×10-6/K [43]. After cooling from the stress free temperature at ~900K, 

the {1010} grain family is under compression while the {0002} grain family is under 

tension, thus the {1010} grain family will reach the yield surface at a higher applied 

stress in tension but a lower applied stress in compression, while the {0002} grain family 

will be stronger in compression that in tension. Another option is that due to the texture 

and the limited number of slip modes different deformation systems are activated during 

tension and compression [23,44]. (1012)<1011> tensile twinning has been considered as 

easier than pyramidal slip at room temperature and thus would occur when there is a 

tensile stress along the <c>-axis or compression along the <a>-axis [45]. Xu [37] showed 

that tensile twinning plays a major role in the deformation and texture evolution of 

textured Zircoaly-2. One of his interesting observations is the sharp “strain kick” of the 

{0002} grain family in the loading direction after compression along the directions with 

fewer basal plane normals. He attributed this strain “kick back” to the tensile twinning in 

the Poisson’s direction which rotated the lattice and generated new {0002} grains in the 

axial compression direction to reduce the average axial {0002} strain. This explanation is 

supported by a large {0002} intensity increment in the loading direction with a 

corresponding intensity drop in the Poisson’s direction. A similar observation of a strain 

‘kick back’ is obtained in the compressed RD sample (see Figure 4-6b), which may 

suggest the occurrence of tensile twinning in our material. (1012)<1011> tensile twinning 
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causes a 90 degree rotation of the <c> axis and thus decreases the {0002} intensity in the 

tensile loading direction, which hence allows the confirmation of the presence of tensile 

twinning by analyzing the intensity change of the {0002} and {1010} grain families. To 

verify whether or not tensile twinning is responsible for the relatively lower tensile 

strength of the {0002} grain family compared to its compressive strength, the evolution 

of peak intensities of the {1010}, {0002} and (11 2 0) grain families during tension along 

the three plate directions are plotted in Figure 4-11 to Figure 4-13. Due to the texture 

variation in the plate (i.e. texture may be slightly different in different samples), the 

relationship between measured intensity and texture coefficient for each sample was 

determined based on the measurement made on each sample after deformation (see pole 

figures in Appendix II). It can be seen that during tension the {0002} intensity increased 

rather than decreased in the tensile axis, especially in the tension TD (Figure 4-12a), 

indicating that twinning is not the major deformation mode during tension along the <c> 

axis of this material. The {0002} intensity increase in the tensile loading direction is 

instead likely caused by pyramidal {1011}<11 2 3> slip [37].    
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Figure 4-11 Intensity change during tension of RD sample, a) loading direction, b) and c) Poisson’s 

directions. Errors are in the range of 3-16%. 
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Figure 4-12 Intensity change during tension of TD sample, a) loading direction, b) and c) Poisson’s 

directions. Errors are in the range of 3-14%. 
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Figure 4-13 Intensity change during tension of ND sample, a) loading direction, b) and c) Poisson’s 

directions. Errors are in the range of 4-10%. 
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The intensity change during compression along RD of the hot rolled Zr-2.5Nb plate is 

plotted in Figure 4-14. It is shown that the {0002} intensity increased in the compressive 

loading direction and decreased in the Poisson’s direction (e.g. TD), which might suggest 

that tensile twinning in the Poisson direction is responsible for the {0002} strain “kick 

back” in the compressed RD.  However it can be seen that the initial {0002} intensity in 

RD is very weak, and the increment in intensity is very small compared to that observed 

by Xu [37], indicating that even if tensile twinning had occurred, it only played a minor 

role in the deformation of this material. The small {0002} intensity increment in the 

compressed RD can also be explained by activity of basal <a> slip [37]. It is worth noting 

that the {0002} strain “kick back” observed in the compressed RD is also seen in tension 

loading such as in the axial direction of the tensile loaded TD sample (Figure 4-7a) and 

RD (Figure 7-6b), which are unlikely to have twinning occurring as discussed before.  We 

conclude therefore that the {0002} strain “kick back” is more likely caused by other 

stress relaxation mechanisms which relate to the dislocation evolution during deformation.  

 

Based on above discussions, it is evident that although twinning, as one of the important 

deformation modes in some Zr alloys, cannot be totally excluded from the results of this 

experiment, it is considered a minor deformation mode in this material and is unlikely to 

be responsible for the asymmetric yielding of the {0002} grain family between tension 

and compression.  
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Figure 4-14 Intensity change during compression of RD sample, a) loading direction, b) and c) 

Poisson’s directions. Errors are in the range of 1-6%. 

 

Hutchinson et al. [46-47] have given another possible explanation for the <c> axis 

asymmetry. In their studies of textured Ti-6Al-4V alloys, they found that when 

compressed along the <0002> direction, the <11 2 3> dislocations move on the {1011} 

planes with considerable cross slip, but do not cross slip during tension. They attributed 

this to a higher CRSS for pyramidal <c+a> slip during compression than during tension. 

Associated with the dilatation normal to the slip plane and different directions of the 
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dislocation movement during tension and compression, they proposed that the slip of 

<11 2 3><c+a> dislocation is dependent on the stress state and the shear direction, and it 

is easier in tension than in compression. Bearing in mind that Zr-2.5Nb has the similar 

microstructure and crystal structure to Ti-6Al-4V, it is reasonable to believe that 

Hutchinson’s theory may also explain the asymmetric yielding observed in zirconium 

alloys, as pointed out by Christodoulou [48].  

 

For the β-phase, the small elastic anisotropy in the RD and TD (Figure 4-9a-d) implies a 

strong constraint along these two directions, while a relatively larger elastic anisotropy 

along the ND (Figure 4-9f), indicates a relatively weak constraint in ND, which may be 

attributed to the character of the microstructure such as the grain shape, geometry and 

phase distribution. Since the {110} and {211} grain families have a larger elastic 

modulus than the {200} grain family, they bear more stress in the elastic regime and thus 

yield at a lower applied stress even though they have a higher Taylor factor than {200} 

for (110)<111> slip system. Similar observations in bcc ferrite have been explained by 

Oliver et al. [49]. 

 

Figure 4-15 shows the axial peak broadening of both phases during deformation. In 

contrast to what was reported by Kumar et al. [17], where significant peak broadening 

was only observed in the β-phase rather than the α-phase, peak broadening was found in 

all diffraction peaks in both phases during deformation and increased with deformation 

strain, meaning that a macroscopic plastic strain is contributed by both phases, in contrast 

to Kumar’s rigid α-phase model.  In Kumar’s study X-ray diffraction was used, which 
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limited the data acquisition to near the surface area, and the comparison was made only 

between the {1012} α peak and the {200} β peak. This might be the reason that led to the 

dubious rigid α-phase conclusion. Figure 4-15 also shows that in the α-phase there is a 

trend of peak broadening increasing with increasing <c> component during compression 

but that this trend is rather vague during tension. Similar phenomena are observed in TD 

and ND samples. Peak broadening in the loading directions could be caused by 

heterogeneous dislocation distribution, strain distribution (i.e. strain varying with 

position), grain size and other instrumental factors [50]. If the effect of instrumental 

factors is small, and the strain distribution and grain size evolution can be assumed to be 

the same during tension and compression, then the asymmetric peak broadening shown 

in Figure 4-15 may provide another evidence for asymmetric dislocation evolution during 

tension and compression.  

 

From Figure 4-5, it can be seen that the lattice strain of the β-phase at yield is about 8000 

to 10000×10-6. Assuming the Young’s modulus is ~60GPa (Chapter3), the yield strength 

of the β-phase in this material can be roughly estimated as ~500 to 600MPa, which is 

comparable to the macroscopic yield strength obtained for the 100%βZr material in 

Chapter 3.  The high strength of the 100% βZr was attributed to the solution strengthening 

from the oxygen and niobium content, while the high β-phase strength in this hot rolled 

Zr-2.5Nb is likely caused by the strengthening of niobium content and by the small grain 

size. 
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Figure 4-15 Axial peak broadening of the RD sample, a) α-grains, b) β-grains during compression, c) 
 α-grains and d) β-grains during tension. The uncertainty is less than 5% for alpha broadening and 
less than 10% for beta broadening. 
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4.6 Conclusions 

Both in-situ tension and compression tests have been carried out for textured Zr-2.5Nb 

plate material at room temperature. Deformation along all the three principle plate 

directions has been studied and the evolution of interphase and intergranular strains along 

all the loading and the Poisson’s directions has been investigated through neutron 

diffraction. It is concluded that: 

1. A strength differential and different texture dependence of strength was found 

during tension and compression. The influence of texture on strength is much 

larger in compression than in tension.  

2. A significant asymmetric yielding of the {0002} grain family is found during 

tension and compression, where the compression strength is much higher than the 

tensile strength. This causes the strength differential and different texture 

dependence of strength observed in this material.  

3. The evolution of interphase and intergranular strain was determined by the 

relative phase properties, crystal properties and texture distribution. The average 

phase behaviors are similar during tension and compression, where the β-phase in 

this material is stronger than the α-phase. The asymmetric yielding of the {0002} 

grain family results in a larger intergranular strain in the loading direction during 

compression than that obtained during tension.  

4. The thermal residual stress and different CRSS for the <c+a> pyramidal slip 

during tension and compression are two possible reasons for this asymmetric 

yielding, and little evidence is found for twinning as contributing to this 

asymmetry. 
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Chapter 5 

Modeling the Room Temperature Deformation of 

Hot Rolled Zr-2.5Nb  

 

 

A new modeling approach, which combines the Finite Element Method (FEM) and 

Elasto-Plastic Self Consistent model (EPSC), has been used to model the deformation 

behaviours of the hot rolled Zr-2.5Nb plate material and has been shown to be an 

effective method describing deformation of multiphase materials. The macroscopic 

mechanical properties and the phase interactions were well captured by a simple FEM 

model, and average phase stress strain histories simulated by FEM were used as boundary 

conditions in the single phase EPSC model to calculate the evolution of intergranular 

stains in both phases. However, EPSC failed in describing the large asymmetric yielding 

observed along the <c> axis of the α-Zr during tension and compression.  It is proposed 

that the asymmetric yielding along the <c> axis is caused by a combination of thermal 

residual stress and asymmetric CRSS for <c+a> pyramidal slip.  Taking the asymmetric 

character of the <c+a> pyramidal slip into account in EPSC, the agreement between the 

experimental and the modeling results was considerably improved. 
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5.1 Introduction 

In the CANDU (CANada Deuterium Uranium) power generation system, pressure tubes 

contain uranium fuel bundles and hot pressurized coolant [1]. The dimensional stability of 

the pressure tube plays an important role in the normal operation of the nuclear reactor. 

Pressure tubes are made of Zr-2.5Nb, which at room temperature consists of the hcp α-

phase and the bcc β-phase. During service, the pressure tubes operate at about 300oC with 

an internal pressure of about 10MPa. At the same time, they are exposed to irradiation by 

a fast neutron flux. Under these operating conditions, anisotropic irradiation growth and 

creep will occur and the pressure tubes undergo continuous dimensional change in the 

three principal directions, which will limit the life-time of the reactors [2-4]. The 

irradiation growth and creep are functions of the irradiation environment [5] and 

microstructural features such as crystallographic texture, dislocation density, types of 

dislocations, grain size and shape, and residual stress/strain, which are determined by the 

fabrication history [4, 6-10]. Thus it is very important to understand the deformation 

mechanisms of Zr-2.5Nb and to be able to predict its deformation behavior. The previous 

Chapter described in-situ tension and compression experiments carried out on a hot rolled 

Zr-2.5Nb plate material. This material was found to have an asymmetric texture 

dependence of strength between tension and compression, which resulted in a large 

strength differential in directions with higher <c>-axis distributions. The evolution of 

intergranular strains in the α-phase revealed that this asymmetric texture effect was due to 

the asymmetric yielding along the <c>-axis of the α-grains.  In this Chapter, a new 

modeling approach, which is a combination of FEM and Elasto-plastic self-consistent 

model (EPSC), will be used to simulate the deformation behavior of this material. 
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Since the first implementation by Hutchinson [11], Elasto-Plastic Self-Consistent models 

(EPSC) have been widely used to describe the elasto-plastic properties of  polycrystalline 

aggregates and have been shown to give a good agreement with experimental 

measurements of the deformation behaviors of single phase materials [12,17] and in 

reasonable agreement with some two phase materials by ignoring the small volume 

second phase [18]. Two phase EPSC models have also been constructed to predict the 

evolution of internal strains in two phase materials for conditions where only one phase 

[19,21] or both phases exhibit plasticity [22,23]. Like the single phase EPSC, most of 

these models treat each individual grain embedded inside a homogenous media with the 

overall average properties, i.e. each grain interacts with the same matrix during 

deformation, thus the model doesn’t account for local grain to grain interaction and the 

geometry distribution of the second phase, with the exception of [21]. However, in the 

[21] model, the ellipsoidal inclusion is treated as consisting of an elastic second phase 

within the first phase, hence the stress strain state in the ellipsoid is not uniform and thus 

conflicts with the application of the Eshelby tensor. It has been suggested [22] that 

treating geometric features of microstructure properly demands the use of the Finite 

Element Method (FEM). FEM has been proven to be a very effective method for 

modeling the phase response occurring during the deformation of multiphase materials 

[24,25]. Recently, a new modeling approach, which combines the FEM and the EPSC 

model, has been proposed and has been shown to give a reasonable prediction of internal 

stresses in simple multiphase materials [26,27]. In this method, the boundary conditions 

of each phase, which include the local interactions, are predicted by FEM and then the 

stress strain history is imposed on the EPSC code to simulate the macroscopic and 

microscopic mechanical response of each phase. However, to date this method has only 
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been applied for materials with cubic crystal structures where one phase remains elastic 

during deformation. For the deformation of Zr-2.5Nb, where the α phase has anisotropic 

thermal and mechanical properties while the β phase has relatively isotropic properties, 

the β phase exhibits a more or less discontinuous morphology and both phases yield upon 

loading [28], the situation is more complicated and, to the authors’ knowledge, a 

combined FE – EPSC modelling approach has not been attempted for such a complex 

microstructure.  

 

It is our objective in this paper to extend the combined modeling approach to study the 

deformation mechanism of Zr-2.5Nb and to be able to predict the evolution of the 

interphase and intergranular stress and strain.  

 

5.2 Modeling details 

As shown in Figure 5-1, this model consists of two parts; FEM and EPSC. First, a FE unit 

cell is constructed to simulate the phase interaction. The calculated elastic stress-strain 

response of the phases is compared with the experimental results reported in Chapter 4. 

Once good agreement is obtained, the average phase true strains calculated by FEM are 

used as boundary conditions in the EPSC model to calculate the interactions of all grain 

orientations and the lattice strain evolution of individual grain families in each phase. A 

“grain family” is defined as a group of grains having a common [hkl] direction lying 

within several degrees to a specific sample direction.   
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Figure 5-1 Flow chart of the modeling approach. TRPS is Thermal residual phase stress. 
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5.2.1 FEM model 

The three-dimensional Finite Element unit cell model constructed to capture the main 

features of the microstructure is shown in Figure 5-2. The aspect ratio is 10/10/1 in 

RD/TD/ND, corresponding to the rolling direction, transverse direction and the normal 

direction of the plate. The α−phase is halfway surrounded by the β-phase on three 

adjacent faces, i.e. the β-phase is modeled as a thin constrained “sheet”. The volume 

fraction of the β−phase is 12% (Chapter 4). Perfect bonding was applied on the α/β 

interface. Average phase properties are assigned to the elements of each phase. Elastic 

properties of each phase are calculated from the single crystal elastic constants and the 

measured texture using the EPSC model, while the anisotropic plastic properties 

described by Hill’s function [29] are estimated first and then tuned by iterative 

comparisons between experimental results and FEM simulations. The unit cell is 

constructed based on the geometry distribution of a single α and a single β grains, but 

with properties of α and β sections of the unit cell allocated as the average phase 

properties. We thus intend only to approximate the average phase response during 

deformation. Boundary conditions are defined to keep all faces flat and thus the unit cell 

remains rectilinear in shape during deformation. The FEM modeling is carried out using 

the ABAQUS package [30]. 1200 elements were used for the FEM unit cell and the 

element type is C3D20RT. FEM simulations of the macroscopic mechanical properties 

and the average phase responses (i.e. elastic phase strain versus applied stress) are then 

compared to experimental results. Once a good agreement is obtained, the average phase 

stress or strain histories obtained by FEM, which include all 6 strain or stress components, 

 151



are used in EPSC to simulate the behavior of individual grain families in each phase. The 

step size used in EPSC is the same as that of FEM simulation. 

 

Figure 5-2 Schematic of the unit cell for FEM simulation 

 

5.2.2 Elasto- Plastic Self Consistent model (EPSC) 

In the EPSC model [12], a population of grains is selected with a distribution of 

orientations and volume fractions determined from the measured texture. Each grain, 

which has the anisotropic elastic constants and plastic deformation characteristic of a 

single crystal of the material under study, is treated as an ellipsoidal inclusion embedded 

in a Homogenous Effective Medium (HEM) that has the average properties of all grains.  

Interactions between individual grains and the HEM are calculated using the Eshebly 

method [31]. The properties of the HEM are undetermined initially and must be solved by 
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iteration. No lattice rotation or texture evolution is considered in this model and thus it is 

valid only for small strain deformation. More details can be found in [32]. 

The average phase strain at each step of the deformation given by FEM simulation was 

then imposed on the EPSC code. The single crystal elastic constants of the α-phase used 

in this model are: c11=c22=143.5GPa, c12=72.5GPa, c13=c23=65.4GPa, c33=164.9GPa, 

c44=c55=32.07GPa and c66=35.5GPa [33]. The slip systems considered in the α−phase are 

prismatic <a> slip, basal <a> slip and pyramidal <c+a> slip, which are the predominant 

slip modes in αZr at room temperature [34,35]. The single crystal elastic constants of the 

β-phase are: c11=145.9GPa, c12=117.4GPa and c44=29.8GPa (Chapter 3). The slip modes 

considered are <111> slip on {110}, {112} and {123} planes, which give a total number 

of 96 slip systems. The hardening of each slip system is described by an extended Voce 

law [36]. 
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where the hardening extrapolates to zero, is the initial hardening rate and is the 

final asymptotic hardening rate for the slip system S, Γ is the accumulated shear strain in 

the grain. The values of the CRSS and hardening were unknown initially and were 

determined by iterative comparison between the experimental and the modeling results, 

where the calculated intergranular strains were compared with the measured data and the 

simulated average phase properties (i.e. true stress strain responses) were compared to the 
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estimated values used in FEM as the input phase properties to make sure they are 

consistent, otherwise, the input phase properties were modified and simulations were 

restarted again. The processing repeated until an overall good agreement is achieved. An 

isotropic hardening model was used (i.e. the latent hardening is assumed to be equal to 

the self hardening, thus hardening of a deformation mode will cause an isotropic shape 

change of the yield surface). The discrete grain files were calculated based on the texture 

measured at HIPPO (see Chapter 4). A total number of 1944 α-gains and 2916 β-grains 

were used in the EPSC model. For comparison with experimental lattice strain results, 

subsets of grains were identified for each diffraction “grain family” or “grain orientation”, 

defined as having an {hkl} plane normal lying within 7.5 degree of the diffraction vector. 

The CRSS and hardening parameters of each slip mode that give the best simulations, are 

listed in Table 5-1. The values we have obtained using this approach for the α phase are 

close to those obtained by other authors for single phase αZr [34,35].  

 

 Slip system τ0 (GPa) τ1 (GPa) θ0 θ1 

α-phase 

Prismatic <a> 0.12 0.001 10 0.05 

Basal <a> 0.15 0.001 10 0.05 

Pyramidal <c+a> 0.3 0.001 10 0.2 

β-phase 

{110}<111> 0.24 0.01 10 0.01 

{112}<111> 0.24 0.01 10 0.01 

{123}<111> 0.24 0.01 10 0.01 

 

Table 5-1 Fitted yield and hardening parameters for EPSC simulation 
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5.2.3 Thermal residual strains  

There are two types of thermal stresses/strains in Zr-2.5Nb. First, because of the different 

coefficients of thermal expansion (CTE) between the α and the β-phase, interphase 

residual stress will be produced in this material after cooling to room temperature. 

Secondly, the αZr is thermally anisotropic, i.e. the CTE of the <a>-axis is lower than that 

of the <c>-axis. Therefore after cooling from the stress free temperature, the <c>-axis is 

under tension and the <a>-axis is under compression relative to the average response of 

the α-phase. The relative distribution of the thermal residual stresses depends on the 

texture, grain shape and also is affected by the phase distribution. Thermal residual 

stresses have been shown to result in a strength differential in tension and compression in 

αZr [37-39]. Since the <c>-axis is under residual tensile stress, which prompts tensile 

yield during tension and delays compressive yield during compression, the compressive 

strength is larger than the tensile strength in the plate direction that has higher <c>-axis 

distribution.  

 

To estimate the thermal residual stress in this material, the single phase EPSC model is 

first used to calculate thermal residual stresses in individual grain orientations and the 

average macroscopic coefficients of thermal expansion (CTE) of the α-phase based on 

the texture and the single crystal CTE. The macroscopic CTE of the α-phase is then used 

in FEM to calculate the thermal residual stresses between the α and β-phase. The thermal 

residual stresses in different grain orientations of the α-phase are applied in the EPSC 

code again as the start point to simulate the elasto-plastic behavior of the individual grain 

orientations. This is not required for the β-phase since it is thermally isotropic. Details are 
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shown in Figure 5-1. The single crystal CTE in <a> and <c> axes of the αZr are 5.7×10-

6/K and 10.3×10-6/K respectively between 290K and 1130K [40], For β−phase with Nb in 

the range of 18wt% to 23wt%, the single crystal CTE is about 7.4×10-6/K at room 

temperature [41]. The stress-free temperature of the α-phase determined by Tomé et al. 

[40] for a cold rolled Zircaloy-2 is 898K, Xu [42] obtained the same temperature from an 

annealed Zircaloy-2 with different texture. The same stress free temperature is used for 

the α-phase in Zr-2.5Nb assuming the effect of texture and the β-phase is small. One 

potential drawback is that the effect of the β-phase is not considered in predicting the 

intergranular thermal residual stresses in the α-phase. Thus, only a rough estimate of their 

values can be obtained. However, considering the CTE of the β-phase is close to the 

average of the <a> and <c>-axes and hence the average of the α-phase, we can assume 

that the effect of the β-phase is relatively small, thus this method still allows us to 

understand how the thermal residual stress can influence the mechanical behavior of this 

material on both macroscopic and microscopic scales.  

 

(×10-6) {1010} {1011} {1012} {1013} {0002} 

RD -520 -70 520 960 1500 

TD -800 -350 250 660 1200 

ND -300 -200 130 360 562 

 

Table 5-2 Calculated thermal residual strains in individual grain orientations in the three principle 

plate directions. 
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5.3 Modeling results and discussions 

5.3.1 Thermal residual strains 

The calculated bulk CTE of the α-phase are 6.88×10-6/K, 7.5×10-6/K and 7.78×10-6/K in 

RD, TD and ND respectively. They are very close to the CTE of the β-phase (7.4×10-6/K), 

indicating that the interphase thermal residual strain will be relatively small.  However, 

the intergranular thermal residual strains in the α-phase are still significant. Table 5-2 

lists the calculated thermal residual strains along the three principle plate directions. It is 

seen that the {1010} grain family always exhibit compressive strain and the {0002} grain 

family always exhibit tensile strain. The thermal stress of each grain family varies in three 

plate directions depending on the texture and the grain shape. Since grains appear to be 

similarly elongated along RD and TD, the constraints caused by grain shape are 

approximately the same in these two directions, and the different residual stresses 

between these two directions are mainly determined by their texture distribution. More 

{0002} grains and fewer {1010} grains are aligned in TD than in RD, hence based on the 

“rule of mixture” [24], a smaller residual tensile strain is obtained for the {0002} grain 

family in TD than that in RD. On the other hand, because TD has fewer {1010} grain 

family, the thermal compressive strain of the {10 1 0} grain family is larger in TD 

compared to RD. This feature was well explained by EPSC modeling. The difference 

between the ND direction and the TD and RD directions is probably due to both the 

texture and the grain shape.  Simulations showed that in ND the general trend (i.e. the 

residual strains changed from compression to tension from the {1010} to the {0002} 

grain family) was still followed. It should be noted that since the influence of the β-phase 
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was ignored during simulation, the residual strains listed in Table 5-2 are relative to the 

average α-phase thermal residual strain.  

 

5.3.2 FEM modeling  

Figure 5-3 and Figure 5-4 show FEM simulations of the macroscopic mechanical 

behaviours and the average phase responses during deformation along the three plate 

directions. For reason of space, only results of samples loaded along RD and TD 

directions are shown, with similar results obtained for the sample loaded along ND. The 

experimental results are shown by dots, while the FEM simulations are represented by 

lines. The magnitude of the calculated thermal residual phase stresses are less than 

10MPa which is reasonable considering that, as already discussed, the average bulk CTE 

of the two phases are very close. All the data shown in figures are relative to the zero 

macro-strain point, thus figures only show the measured and calculated elastic and plastic 

strains caused by deformation. Due to the strength differential between tension and 

compression, two slightly different material models (i.e. different plasticity) are used for 

the α-phase during tension and compression. A perfect bond is assumed between the α 

and the β-phase. The FEM unit cell is a simple approximation to the real microstructure 

which will also introduce errors into the predictions. However, despite these short-

comings, it is shown that this model is able to capture the macroscopic mechanical 

behaviors and phase behaviors reasonably well in both the elastic and plastic regions 

along both the loading and Poisson directions for all the three sample orientations.  
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Figure 5-3 Macroscopic stress-strain curves for uniaxial compression a) and tension b), dots are 

experimental data and lines show the results of FEM simulations. The sign of stress stain of 

compression tests are reversed for easy comparison. 

 

5.3.3 EPSC modeling  

As described in section 5.2.2, Equation 5.1 simply describes the yield and work hardening 

of different slip systems. The parameters are initially unknown and were determined by 

iterative comparison between the experimental and the modeling results. Since these 

parameters are material properties, they should be the same for all the three samples (i.e. 

three plate directions). Thus the EPSC model was used to fit the complete set of 

experimental results simultaneously.  For the α-phase, along each plate direction, lattice 

strain evolution of {1010}, {0002}, {1011}, {1012}, {11 2 0} and {1013} grain families 

during both tension and compression in the loading and the two Poisson’s directions were 

compared with the modeling results, a total of 108 data sets. At the same time, the EPSC 

calculated phase stress strain curves were compared to the FEM simulations, giving an 

extra 6 data sets. With such a large data set and a small number of fitting parameters, the 
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agreement in any one direction may not as good as that of fitting only one of the sample 

directions or only tension or compression test, as the majority of previously reported 

studies have been.  

 

 
Tension                                                        Compression 

  

 Figure 5-4 Phase response during tension a) RD/TD, c) TD/RD and compression b) RD/TD, d) 

TD/RD. Dots are experimental results and lines are the FEM simulations. 
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5.3.3.1 Response of the α-phase 

Using the calculated strain histories from FEM as the boundary conditions in EPSC, the 

simulated phase behavior and the responses of individual grain families are plotted 

in Figure 5-5 to Figure 5-7. Figure 5-5 shows the comparisons of the phase stress strains 

in the loading direction calculated by FEM and EPSC. A general good agreement is 

obtained in all cases.  Discrepancies can be attributed to some extent to the complicated 

modeling routine, where the models are tuned iteratively based on the uniaxial flow curve, 

while the stress strain state experienced by each phase is multiaxial. As mentioned in the 

previous chapter, texture variation in the hot rolled plate may result in different texture in 

different samples, thus some errors can be expected due to using the same discrete grain 

file for all the modeling simulations.  

 

The simulated evolution of intergranular strains of the α-phase is compared with the 

experimental data in Figure 5-6 and Figure 5-7. Each plot is named based on the loading 

and the data collection directions (or diffraction vector). For an example, RD/ND means 

that the loading direction is parallel to the rolling direction, while the diffraction vector is 

along the plate normal direction. For clarity, only selected grain families are plotted. For 

both tension and compression good agreement was obtained, especially in the elastic 

region and the early part of the plastic deformation. This method captured the features 

such as the relatively small plastic anisotropy in tension and the relatively larger plastic 

anisotropy in compression. Also it described the subsequent yielding behavior observed 

during compression. However, several discrepancies between the model and the 

experimental data can be seen. First, the EPSC model missed the strain “kick back” of the 
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{0002} grain family during compression in RD. Second, it failed in predicting the 

deformation behavior of the {0002} grain family during both tension and compression. 

For an example, in Figure 5-6c it is shown that during tension this model predicted more 

tensile strain in the {0002} grain family before it yielded than the experimental result, 

while during compression, the calculated {0002} yield strain is much smaller than the 

experimental result (Figure 5-6d). Similar features are seen in ND sample (Figure 5-6e,f). 

This means the asymmetric yielding along the <c> axis is not fully captured by EPSC 

with the parameters in Table 5-1. Also it can be noted that the model failed to describe the 

soft mechanical behavior of the axial {1010} grain family in the plastic region during 

compression (Figure 5-6b, d and f). The experiment showed near vertical stress-strain 

responses after yielding, meaning that very little portion of the stress increment is taken 

up by the {1010} grain family with increasing applied stress. However, even if we put 

almost no hardening on the prismatic slip system, the model keeps adding stress to the 

{1010} grain family, causing its lattice strain to continuously increase. This is possibly 

because the simple FEM model didn’t fully capture the rapid initial load transfer from the 

α to β phase and predicted larger compressive elastic strains of the α-phase than the 

measured values as shown in Figure 5-4. As a result, the average phase strains of the α-

phase as calculated by the FEM might be larger than real values. Using these calculated 

phase strains as boundary conditions in EPSC will limit the capability of predicting the 

fast stress relaxation observed experimentally. Similar phenomena and explanations have 

been given in [19].  Another potential reason is the hardening mechanism of EPSC. In the 

EPSC model, the stress must remain on the yield surface during each incremental step to 

keep a slip system active. To achieve this, once the resolved shear stress, , of a certain cs,τ
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slip system, which is the function of the strains in individual grains, the strain of the 

medium and the properties of the HEM, exceeds the critical shear stress, , which 

determined by Equation 5.1,  is then increased to the value of the  instead of 

altering the stress state [

sτ

sτ cs,τ

32]. This scheme prevents a slip system from being “too soft” no 

matter how small the hardening rate is given to that system.  

 

In the Poisson directions (Figure 5-7), the EPSC model qualitatively reproduced the 

mechanical responses of certain grain orientations and the evolution of intergranular 

strains, although the overall fitting in the Poisson directions was poor compared with that 

seen in the loading direction. The poor agreement in the Poisson directions may be 

attributed to the texture sensitivity as has been discussed in [16, 28], however, it is worth 

noting that in the Poisson direction the strength of the {0002} grain family is under-

estimated during tension (e.g. Figure 5-7c) but over estimated during compression 

(e.g. Figure 5-7d), which is opposite to the comparisons in the loading direction. Failure 

in capturing the asymmetric yielding of the {0002} grain family also affects the accuracy 

of the simulation in the Poisson directions, which once again implies that it is necessary 

to take account of the asymmetric yielding character along the <c>-axis. 
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Figure 5-5 Comparison of the average phase stress strains in the loading direction between the FEM 
and EPSC simulation. a) and b) are results of RD sample, c) and d) are results of TD sample. Points 
show the FEM calculations and lines represent the EPSC simulations based on the phase strains 
estimated by FEM. 
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Tension                                                        Compression 

  

Figure 5-6 Axial responses of individual grain orientations in the α-phase of RD (a,b), TD (c,d) and 
ND (e,f) during tension and compression. Open dots are experimental data and lines jointed by filled 
dots show the modeling results. 
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Tension                                                        Compression 

 

  Figure 5-7 Transverse responses of individual grain orientations in the α-phase during tension and 

compression. a), b) load along RD, transverse ND. c), d) load along TD, transverse ND, e), f) load 

along ND, transverse TD.  

 

 166



5.3.3.2 Asymmetric yielding along the <c> axis 

Among the two widely accepted explanations for asymmetric yielding in the α-Zr, as 

discussed in Chapter 4, twinning is unlikely to be responsible for the asymmetry observed 

in this material. However, thermal residual stresses certainly exist at room temperature 

and will affect its deformation behavior. The α-Zr is thermally anisotropic, its thermal 

expansion coefficient along the <c>-axis, ~10.3×10-6/K, is almost double that along the 

<a>-axis, ~5.8×10-6/K [40]. After cooling from the stress free temperature at ~900K [40], 

the {1010} grain family is under compression while the {0002} grain family is under 

tension, thus for symmetric critical resolved shear stresses the {1010} grain family will 

yield at a higher applied stress in tension but at lower applied stress in compression, while 

the {0002} grain family will be stronger in compression than in tension. Considering the 

simplicity of the FEM unit cell and the method used to estimate the thermal residual 

stresses in the α-phase, one possible reason for the failure to capture the asymmetric 

yielding lies in the inaccurate estimation of the thermal residual stresses.   As discussed in 

Section 5.2.3, the intergranular thermal residual stresses in the α-phase were calculated 

using the single phase EPSC model based on its texture distribution. Thus it ignored the 

effects of the β-phase, hence the results obtained in this way give only an estimate of the 

effect of the thermal residual stresses on the performance of each grain family. The 

calculated thermal residual strains of the {1010} and {0002} grain families in TD are ~ 

800×10-6 and 1200×10-6 respectively, roughly corresponding to stresses of ~80MPa and 

150MPa. In order to improve the fitting, from Figure 5-6, a more tensile stress along the 

<c> axis is needed.  However from Figure 5-6c and Figure 5-6d it can be seen that for the 

entire difference in yielding of the {0002} grain family in compression and tension to be 
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caused only by the thermal residual strain, it will require a strain of ~2500×10-6, which is 

double the calculated value in this direction. Let us consider the extreme situation where 

along a certain sample direction there is only one <c>-grain (i.e. the grain with its <c>-

axis pointing towards the given direction) surrounded by a very large population of <a>-

grains.  In this case the <c>-grain could be imagined to be fully constrained by the <a>-

grains upon cooling. The thermal residual strain in this case will be about (10.3-5.8)×10-

6/K×600K = 2700×10-6, which is close to the value required to explain the asymmetry of 

the <0002> orientation. However this extreme case will not occur in reality due to the 

moderate texture in the sample.   Finally, this strain corresponds to residual stress about 

300MPa, which is sufficient to cause local yielding. Hence it is unlikely that thermal 

residual stress can explain the entire asymmetry observed in the {0002} grain family.  

 

For decades, a few authors have reported dislocation slip that is asymmetric during 

tension and compression and dependent on the stress normal to the slip plane.  Such 

observations have been made in both bcc (e.g. <100> and <111> dislocations) [43-46] 

and hcp crystal structures (e.g. <11 2 3> dislocation) [47-51].  The general explanation is 

that a compressive normal stress across the slip plane makes the dislocation core 

configuration more sessile as well as increasing the friction stress of dislocations and thus 

increases the effective CRSS.  In their studies of martensitic steels [46], Hirth and Cohn 

attributed asymmetric yielding to the non-linear interaction between dislocations and the 

interstitial atoms (e.g. carbon) which causes a larger energy barrier in compression than in 

tension. They emphasized that this effect will occur as long as the local strain field caused 

by the solute atom is large enough. Their theory was supported by Mannan et al [50] who 
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found that the strength differential of zirconium alloys increased with the content of 

interstitial elements. While Jones and Hutchinson studied the asymmetric yielding of 

textured Ti-6Al-4V alloys [48,52] and found that during compression along the <0002> 

direction, the <11 2 3> dislocations move on the {1011} planes with considerable cross–

slip, but the same dislocations do not cross-slip during tension, which indicates the 

asymmetric CRSS of <11 2 3>{1011} dislocations during tension and compression. They 

proposed that the slip of <11 2 3> {1011} dislocation is dependent on the stress state and 

shear direction, slip is easier in tension than in compression (i.e. lower CRSS in tension 

than in compression). Both theories can be borrowed to explain the asymmetric yielding 

of the {0002} grain family observed in this material. However bearing in mind that Zr-

2.5Nb has a similar microstructure and crystal structure to Ti-6Al-4V, Hutchinson’s 

explanation is perhaps more likely and was supported by Christodoulou [53]. 

 

To take into account the asymmetric yielding character of the <c+a> pyramidal slip, two 

sets of parameters of pyramidal slip were used in the EPSC code for grains experiencing 

different stress states. For grains whose <c> axis is under tension, the “tensile” 

parameters were used in the simulation, while otherwise “compressive” parameters were 

used to control the yielding of the <c> axis. This was achieved by separating the 

pyramidal <c+a> dislocations in two group based on slip direction in <c> axis, and 

providing them with different parameters. Table 5-3 lists the parameters for the tensile 

pyramidal slip and the compressive pyramidal slip. The calculated values are plotted 

against the experimental data in Figure 5-8 and Figure 5-9.  It is shown that the 

simulations for the {0002} grain family in both loading and Poisson directions are greatly 
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improved for both tension and compression tests using asymmetric <c+a> slip. Another 

improvement is obtained for the {1010} grain family during compression, the soft {1010} 

mechanical behavior after yielding in the loading direction is well captured (Figure 5-

8b,d,f). This was not possible using a single set of parameters for pyramidal slip as 

discussed in Section 5.3.3.1 (Figure 5-6b,d,f). However, applying two separated CRSS 

values to the same dislocation system is not strictly speaking correct; a slip mode where 

the CRSS is a function of stress state and slip directions is needed.  

 

Slip system τ0 (GPa) τ1 (GPa) θ0 θ1 

Prismatic <a> 

Basal <a> 

Pyra. Comp. 

     Pyra. Tens. 

0.12 

0.15 

0.41 

0.27 

0.001 

0.001 

0.001 

0.001 

10 

10 

10 

10 

0.05 

0.05 

0.2 

0.01 

 

Table 5-3 Parameters used in EPSC simulation for the asymmetry consideration 

 
 
As mentioned in Section 5.3.3.1, the potential texture variation in samples may generate 

extra modeling errors if a single set of discrete grain file is used for the entire set of 

experimental data. To test the effect of the texture variation, EPSC simulations of RD 

compression based on different textures measured at Chalk River and HIPPO (from 

samples cut from different parts of the plate) are compared in Figure 5-10. It can be seen 

that the effect of this texture variation is very little in the loading direction. In the 

Poisson’s direction the effect is relatively larger, which is consistent with previous 

discussions that the EPSC model is more sensitive to texture distribution in the Poisson’s 
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directions.  Since most of the interpretations are based on comparisons between modeling 

simulations and experimental results in the loading direction, they can be considered 

reasonably reliable despite this small texture variation in the sample material.   

 

The CRSS and hardening parameters listed in Table 5-3 are obtained from an extensive 

experimental data set, thus they can reasonably represent the characteristic of the 

deformation mechanism of the α-phase in the hot rolled Zr-2.5Nb. However, as discussed 

in [42], since the deformation modes used in simulations are selected as prismatic <a>, 

basal <a> and pyramidal <c+a> slips, the derived parameters for deformation modes may 

not be the correct physical ones if they have represented some components of other 

possible modes such as pyramidal <a> slip and tensile twinning. To date, although there 

is no published evidence showing the activity of the pyramidal <a> slip in the αZr, its 

existence can not be completely ruled out based on the model since the effect of 

pyramidal <a> can be effectively represented by a combination of prismatic <a> and 

basal <a> slip [42]. Similarly, as discussed in Chapter 4, tensile twinning can not be 

completely ruled out in the αZr  in this material based on the experimental observations. 

Also, simulations using tensile twinning instead of the “tensile pyramidal <c+a> slip” 

with parameters of τ0=0.30GPa, τ1=0.001GPa, θ0=10 and θ1=0.01 give a similar result to 

that shown in Figure 5-8 and Figure 5-9. Thus, the parameters determined for the Voce 

hardening law of each slip mode may contain components of other deformation modes 

that have not been considered during simulation. 
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Tension                                                        Compression 

 

Figure 5-8 Comparison between the EPSC and the experimental results in the loading directions 

during tension and compression. Hollow dots are experimental data and lines joint with filled dots 

show the modeling results given by parameters in Table 5-3. 
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                               Tension                                                        Compression 

 

 Figure 5-9 shows the comparison between the experimental and the modeling results in the Poisson 

direction. Hollow dots are experimental data and lines joint with filled dots show the modeling results 

given by parameters in Table 5-3. 
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Figure 5-10 Effect of texture variation on modeling.  Open dots are the modeling results based on the 
texture measured at Chalk River, filled dots are simulations for the HIPPO texture. Modeling 
parameters are the same as those listed in Table 5-3. The effect on thermal residual stress has been 
considered and data shown in figures are strains relative to the starting point of deformation.  

 

5.3.3.3 Response of the β-phase 

Comparisons of the individual responses of {110} and {200} grain families of the β-

phase are shown in Figure 5-11. More figures are given in Appendix II. The response of 

the {211} grain family is very close to that of the {110} grain family in both elastic and 

plastic region and thus is not shown here. Clearly, without the problem of asymmetric 
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yielding of the α-Zr, this combined modeling approach works very well for the β-phase. 

The inflection of stress strain curves of the β grains caused by load transfer from the α to 

β phase is well captured. Evolution of the elastic and plastic anisotropy is qualitatively 

modeled. However, in RD, the predicted {200} hardening rate after yield is lower than 

the experimental measurements. The calculated compressive strength of {110} is slightly 

less than the experimental values in RD, but it is higher than the experimental values in 

ND. This discrepancy may be caused by several reasons; Firstly, the average phase 

response of the β-phase was obtained based on behaviours of only two or three grain 

families, it may not perfectly represent the real phase strain. Since the FE model was 

tuned to fit the average phase strain to provide boundary conditions for the EPSC model, 

thus large discrepancies are expected between the EPSC predicted lattice strains and the 

experimental data if the experimental determined average phase strain is not accurate. 

Secondly, we assume an isotropic hardening of each slip system to simplify the fitting 

procedure, which may not be true in the real situation. Finally, the thermal residual stress 

state in individual grain families of the β-phase is ignored as described in the previous 

section. However, in reality, the β-phase is constrained by the α-phase, which produces 

thermal stress in β-grains even though the β-phase is thermally isotropic. As a result, 

thermal stresses of β-grains depend on the texture of the α-phase and vary in the three 

plate directions. Simply ignoring thermal stresses of β-grains may produce some extra 

modeling errors. 

 

The fitted CRSS values for the β-phase in this hot rolled Zr-2.5Nb are very close to those 

derived for the single phase βZr (Chapter 3). This is consistent with the experimental 
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results. Comparison of Figure 3-4 and Figure 4-9 shows that in these two materials, the 

{110} grain family both yielded at strain close to 8000×10-6, thus a close CRSS value and 

a similar β-phase strength are expected. The large strength of the 100% βZr in Chapter 3 is 

attributed to the solution strengthening of oxygen and niobium, while the large strength of 

the β-phase in the hot rolled Zr-2.5Nb is likely caused by both the solution strengthening 

of niobium and the small grain size.  

 

5.4 Conclusions 

 A new modeling approach, which combines the FEM and EPSC, is used to model the 

deformation behaviours of the hot rolled Zr-2.5Nb plate material. The macroscopic 

mechanical properties and the evolution of interphase stress strains are well captured by a 

simple FEM model, while the single phase EPSC code gives a very good simulation to 

the intergranular strains developed in each phase. Also, modeling shows that it is 

necessary to take into account of the asymmetric yielding along the <c> axis in the αZr  to 

obtain an overall good simulation to all the experimental data. Although the parameters 

determined for the Voce hardening law of each slip system by EPSC model may contain 

components of other deformation modes that have not been considered during modeling 

simulation, they represent the characteristic of the deformation mechanism in this 

materials. Therefore, this modeling method is shown effective for dual phase materials 

and can be used to study the influence of microstructure features such as grain size,  grain 

shape, phase geometry and alloy elements. 
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Tension                                                        Compression 

 

Figure 5-11 Comparison of the axial responses of individual grain orientations in the β-phase, hollow 
dots are the experimental data, lines joint with filled dots show the EPSC calculations. 
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Chapter 6 

Effects of Annealing on Room Temperature 

Deformation of Hot Rolled Zr-2.5Nb Plate Material 

 

A series of in-situ compression tests has been carried out on hot rolled Zr-2.5Nb that has 

been annealed to produce an equiaxed grain structure. It is found that annealing decreases 

the yield strength by ~10-15% dependent on the texture, where the larger strength 

decrease is obtained in the sample direction that has a higher <c> axis component. This is 

because the effect of annealing is anisotropic; the CRSS for the pyramidal slip is greatly 

decreased, while the CRSS for the prismatic slip is almost unchanged after heat treatment. 

The anisotropic effect of annealing on the hot rolled Zr-2.5Nb is attributed to the 

combined effort of decreasing thermal residual stresses, change in grain shape and grain 

size and possibly dislocation annihilation. The experimental results are well predicted by 

a combination of FEM and EPSC models and the modeling analysis shows that the 

material properties of the Zr-2.5Nb are mainly determined by the phase properties; the 

contribution of the phase geometry and distribution on the material properties is relatively 

small and can be neglected. The effect of grain shape is mainly to change the internal 

stresses rather than on the phase properties.  
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6.1 Introduction 

Zr-2.5Nb has been the subject of research for decades [1,2]. Similar to Ti-6Al-4V, it 

consists of ~90% αZr, which has a hcp crystal structure, and ~10% βZr, which has a bcc 

crystal structure, at room temperature. The mechanical properties of Zr-2.5Nb depend on 

the texture, microstructure, crystal properties, phase properties and the interactions 

between these two phases and between individual grains during deformation. Studying 

the deformation behavior of such a material requires knowledge of the deformation 

mechanisms such as dislocation slip and twinning and provides opportunities to evaluate 

and improve the various deformation models. Since 1970’s, Zr-2.5Nb has been used as 

pressure tube material in CANDU power reactors due to its good mechanical and 

neutronic properties [3]. The in-reactor deformation of the Zr-2.5Nb pressure tubes has 

been well studied for over 40 years and the effects of the major operation variables and 

many of the metallurgical variables are broadly understood [4]. However, since most of 

the previous studies have focused on in-reactor behavior of the pressure tube, our 

knowledge about the deformation of Zr-2.5Nb is limited to the microstructures and 

textures close to those of the pressure tubes, where both the α-phase and β-phase are 

small and elongated [4] and the basal plane normal of the α-phase is distributed in the 

radial and transverse plane and mostly concentrated in the transverse direction [5].  The 

fundamental contribution of deformation mechanisms of Zr-2.5Nb such as the efftecs of 

each phase, the competition between different deformation systems and the evolution of 

interphase and intergranular stress strain have not been thoroughly studied. Particularly, 

the properties of the β-phase and its role in ZrNb alloys, the effects of phase geometry 

and grain structure still remain uncertain. Consequently, even though current models are 
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able to give a reasonable estimation of the irradiation deformation of pressure tubes, it is 

not successful for materials with different microstructures and textures [4,6,7]. In our 

previous study on the deformation of a hot rolled Zr-2.5Nb plate material (see Chapter 4), 

the effect of texture, the contribution of each phase and the competition among different 

deformation modes during plasticity have been investigated by in-situ tension and 

compression tests. The β-phase was found to be stronger than the α-phase and pyramidal 

<c+a> slip was found to exhibit asymmetry during tension and compression. The 

microstructure of the hot rolled Zr-2.5Nb is very similar to that of the pressure tube; the 

α-phase has an elongated plate like shape with the aspect ratio ~10/10/1 in the three 

principal plate directions (RD/TD/ND) and the β-phase appears as thin films between the 

α-grains. After a proper heat treatment, such an elongated microstructure can be 

transformed to an equiaxed structure. Here, we report our recent study on the deformation 

of annealed hot rolled Zr-2.5Nb, with the help of a combined FEM and Elasto-plastic 

self-consistent (EPSC) model, effects of grain shape and phase geometry on deformation 

mechanisms and material properties can be understood. 

   

6.2 Materials and experimental method 

The original material used is that described in Chapter 4. In order to obtain an equiaxed 

grain structure, a piece of the material with a size ~100×150×56mm was heated to 

temperature ~8600C, held for 3 hours and followed by furnace cool. Compression 

samples were cut to a size ~Ø9×20mm along the three principal plate directions and 

termed by their cutting directions, such that a RD sample refers to a sample with loading 

axis parallel to the plate rolling direction. Figure 6-1 shows the microstructure after the 
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heat treatment. Compared to the initial microstructure (Figure 4-1), where the α-grain has 

an elongated plate like shape with a dimension of ~30/30/3μm in RD/TD/ND, the α-

phase in the annealed Zr-2.5Nb has an equiaxed grain structure and a slightly larger mean 

size of ~10μm. Since the original plate was furnace cooled after hot rolling, the stored 

energy is expected to be low and recrystallization is not likely to occur during reheating. 

Cheadle et al’s study showed that no significant texture change is produced in Zr-2.5Nb 

after reheat and hold below the α+β to β phase transition temperature as reported in [1]. 

Hence, the final texture of the heat treated material is assumed to be the same as that in 

Chapter 4. 

 

 

TD 

ND

25μm

 

Figure 6-1 Microstructure of the Zr-2.5Nb plate material after held at 8600C for 3 hours followed by 

furnace cool. 
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In-situ neutron diffraction compression tests were carried out on ENGIN-X at the ISIS 

pulsed neutron facility, Rutherford Appleton Laboratory. During the test, the loading axis 

was horizontal and at 45o to the incident neutron beam. Two detector banks were set up 

horizontally and at angles ±90o to the incident beam. With this design, the evolution of 

lattice strains in directions both parallel and perpendicular to the applied load can be 

monitored simultaneously [9]. More details about the load frame and its use can be found 

in [10]. A series of increasing uniaxial compressive loads were applied along the axial 

sample direction to produce a final true strain of ~8%. Strains were measured by an 

extensometer clip gauge on the sample. Experiments were under strain control; each time 

the sample was deformed to the specified strain and held for 30 seconds to allow stress 

relaxation, which was ~10% of the peak stress at each step, before data acquisition. At 

each point it took about 10 minutes for a neutron strain measurement. During this period, 

stress relaxation continued but was relatively small and normally about 1-2% of the peak 

stress in the plastic regime. The experimental stresses and strains reported are the average 

values during the data acquisition period. The incident beam was 8 mm high and 4 mm 

wide, the radial collimators in use provided a scattered aperture of 4 mm. For each plate 

direction two samples were tested, each one correlated to a different Poisson’s direction 

in the plate principal directions.  

 

The lattice strain of each individual grain family or grain orientation, defined as a subset 

of grains having an {hkl} plane normal lying within several degrees to the diffraction 

vector, was calculated based on Bragg’s law, with the peak position determined by the 

single peak refinement [11].  For materials with a weak or medium texture, the average 

phase strain is commonly determined by a multiphase Rietveld refinement [12,13], which 
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fits the whole diffraction spectrum with the single lattice parameter. The advantage of 

using Rietveld refinement instead of the peak average method [15] to determine the 

average phase response for this hot rolled Zr-2.5Nb was discussed in Chapter 4. For the 

bcc β-phase, the average phase strain was obtained directly from the lattice strain, while 

for the hcp α-phase, the average phase strain was calculated by: 

                                              ε ε εave c af f= + −( )1                                                                                        6.1 

Where εc and εa are the lattice strains of <c> and <a> axis respectively, f is the resolved 

fraction of basal plane normals in the direction of interest [14], which is equivalent to the 

weighting approach suggested in [15].  For a random or weak texture, this simplifies to 

(2εa+εc)/3 [13]. Both the single peak fit and Rietveld refinement were performed using the 

GSAS code [11]. The strains reported here are relative to the initial state, and thus do not 

take into account any initially existing residual stresses. 

 

6.3 Experimental results  

The macroscopic mechanical properties measured in the three principal plate directions 

are shown in Figure 6-2a. Their Young’s moduli are very close, but the texture dependent 

strength anisotropy is clearly seen. The RD sample has the lowest strength, while the 

strength of TD and ND samples are almost the same. The measured Young’s modulus is 

~100±14,104±3 and 116±8GPa and the 0.2 offset yield strength σ0.2 is ~310, 350 and 

350MPa for RD, TD and ND respectively.  

 

The average elastic strains for each phase are plotted against the applied stress in Figure 

6-2b-d. For clarity, only results of one of the two Poisson’s directions are plotted; results 
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in the other direction are qualitatively similar. More figures can be found in Appendix III. 

All the data are relative to the initial state, thus only strains caused by the compressive 

loading are shown. In the loading direction, the first inflection point on the lattice strain 

versus applied stress curve of the α-phase indicates the yielding of the α-phase, after 

which its lattice strain increased at a much lower rate with increasing applied stress 

compared to its elastic modulus, meaning that a smaller part of the load increment was 

taken by the α-phase. The load shed by the α-phase was transferred to the β-phase, which 

still deformed elastically, making its elastic strain increase by larger steps. At a higher 

applied stress level, the β-phase yielded, indicated by the second inflection point of the 

stress strain curve, and the lattice strain of the β-phase shifted back toward tension and 

load was transferred back to the α-phase. Similar phase interactions are seen in the 

Poisson’s directions. After unloading, the residual strain of the α-phase in the loading 

direction is tensile with the range from 300 to 700×10-6, while the residual strain of the β-

phase is compressive with the value of ~-3000 to -4000×10-6. The spread in interphase 

strain is thus ~3600×10-6 to 4500×10-6 in the axial loading direction. The spread in 

interphase strain in Poisson’s directions is ~1/3 of that in the axial directions. Dashed 

lines in Figure 6-2 show the macroscopic yield strength of each sample. It is shown that 

the yield point of the α-phase in each sample is very close to the macroscopic yield 

strength, implying that the material’s yield strength is mainly determined by the majority 

α-phase.  
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Figure 6-2 a) macroscopic mechanical properties along the three plate directions. The compressive 

stress and strain are reversed for reader’s convenience, b) phase responses of the RD sample, 

Poisson’s direction is the TD, c) Phase response of the TD sample, Poisson’s direction is RD, d) Phase 

behavior of the ND sample, Poisson’s direction is RD. Dots in figures are the experimental data, lines 

represent the FEM simulations. The strain error is ~10-50×10-6 for the α-phase and ~50-250×10-6 for 

the β-phase, respectively. Dashed lines indicate the macroscopic yield strength. 
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Figure 6-3 Evolution of the intergranular strains in the α-phase, a) RD, loading direction, b) RD, 

Poisson’s direction (TD), c) TD, loading direction, d) TD, Poisson’s direction (RD), e) ND, loading 

direction, f) ND, Poisson’s direction (TD). The strain error is ~10-50×10-6.  
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Figure 6-4 Evolution of the intergranular strains in the β-phase, a) RD, loading direction, b) RD, 

Poisson’s direction (TD), c) TD, loading direction, d) TD, Poisson’s direction (RD), e) ND, loading 

direction, f) ND, Poisson’s direction (TD). The strain error ranges from ~60 to 500×10-6 with the 

largest error obtained in the {211} grain family.  
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The lattice strain evolution of individual grain families of both phases is plotted against 

the applied stress in Figure 6-3 and Figure 6-4. For reasons of space, only one of the 

Poisson’s directions is plotted. More results can be found in Appendix III. The strains 

plotted are again relative to the initial state and thus Figure 6-3 and Figure 6-4 only show 

the strains caused by deformation. Generally, Figure 6-3 shows the typical stress/strain 

pattern expected for α-Zr during compression. For all three samples, in the loading 

direction, the {10 1 0} grain family yielded first and transferred load to other grain 

families such as {1011}, {1012}, {1013} and {0002}, which then yielded in sequence as 

the <c> component increases. The {1010} grains yielded at the lattice strain ~ 3000×10-6 

and underwent a relaxation, indicated by the first inflection point and then followed 

vertical (Figure 6-3a) or slightly kicked back (Figure 6-3c and e) stress-strain curves. 

With increasing applied stress, a smaller portion of the stress increment was taken by the 

{1010} grain family and more of the stress increment was instead taken by other grain 

families, which cause their lattice strain to increase by larger steps. The {0002} grain 

family yielded at a lattice strain ~7000×10-6. Load was  again picked up by the grains that 

had yielded earlier. The plastic anisotropy of the α-phase resulted in a spread of lattice 

strain ~4000×10-6 in the loading direction.    

 

In the Poisson’s direction, strains of the {1011} and the {1012} grain families “kicked 

back” towards compression at an applied stress close to the macroscopic yield strength, 

and then shifted back towards tension at an applied stress close to the yielding of the 

{0002} family in the axial loading direction. The strain difference between the {1010} 

and {0002} grain families are much smaller in the Poisson’s direction than seen in the 
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loading direction and the largest lattice strain was obtained in the {1010} grain family. 

The spread in lattice strain in the Poisson’s direction is ~1000×10-6.  

 

In the β-phase, all the strains of the selected grain families shifted towards more 

compression in the loading direction at the stress level close to the yield point of the α-

phase (Figure 6-4), indicating a load transfer from the α to β phase in the early part of 

plastic deformation and that the β-phase is thus plastically harder than the α-phase. All 

the selected grain families yielded at about the same applied stress. The {200} grain 

family has the lowest elastic modulus and has the largest lattice strain at yield, while {110} 

and {211} had a similar stress-strain response in the elastic and plastic region to each 

other. The spread in lattice strain in the loading direction is ~2500×10-6. The effect of the 

phase interaction is also clearly seen in the Poisson’s directions. However, the spread in 

lattice strain in the Poisson’s direction is much smaller than that in the loading direction.  

 

The peak intensity change for the α-phase in the loading direction is plotted in Figure 6-5. 

The intensity change only occurred in the plastic region.  For the RD sample the intensity 

of the {0002} grain families increased with plastic strain, while the intensities of the 

{1010} grain family decreased with plastic deformation. Similar trend is shown in the 

loading direction of TD and ND samples. As discussed in Chapter 4, the intensity change 

in RD implies that tensile twinning might occur in the Poisson’s direction when 

compressed along RD.  However, the intensity change in TD and ND shows that 

dislocation slip plays the major role during deformation.   
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Figure 6-5 Intensity change in the loading direction a) RD sample (uncertainty < 3%), b) TD sample 

(uncertain <3%) and c) ND sample (uncertainty <3%).  Intensity changes are relative to the initial 

texture measured at HIPPO (see Figure 4-2).  
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6.4 Modeling  

Since the early implementation by Hutchinson [16], the elasto-plastic self-consistent 

(EPSC) model has been widely used to describe the elasto-plastic properties of 

polycrystalline aggregates and has been shown to give good simulations of the 

deformation behaviors of single phase materials [17]. In this model, a population of 

grains is selected with a distribution of orientations and volume fractions determined from 

the measured texture. Each grain, which has the anisotropic elastic constants and plastic 

deformation characteristics of a single crystal of the material under study, is treated as an 

ellipsoidal inclusion embedded in a Homogenous Effective Medium (HEM) that has the 

average properties of all grains.  Interactions between individual grains and the HEM are 

calculated using an Eshelby tensor [18]. However, the current EPSC model can not be 

used directly for multiphase materials, especially when the effects of phase interactions 

caused by the different phase properties and phase geometries are significant. Recently, a 

new modeling approach, which combined the finite element method (FEM) and the EPSC 

model, has been used to simulate the deformation of multiphase materials and has been 

shown to be capable of predicting the phase interaction and the average phase responses 

as well as the deformation of individual grain families [19,20].  In this modeling approach, 

FEM is used to calculate the average phase responses and the calculated stress or strain 

histories of each phase are used as the boundary conditions in the single phase EPSC 

model to simulate the interactions among the individual grain families in each phase. This 

method was used in modeling the deformation behavior of the hot rolled Zr-2.5Nb plate 

material and has produced very encouraging results (see Chapter 5). In this paper, this 

method is compared to the experimental results of the annealed Zr-2.5Nb plate.  
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More details about this approach are given in Chapter 5. But in brief, a simple FEM unit 

cell was first constructed (see Figure 6-6) to capture the general features of the 

microstructure, such as the volume fraction and the geometric distribution of each phase. 

The first phase geometry tested represented the β-phase surrounded by the α-phase 

(see Figure 6-6) to simplify the modeling process. More discussion on the effect of 

geometry will be given in section 6.6.2. Perfect bonding was applied at the phase 

boundary, i.e., there was no phase boundary sliding at the α and β interface. Each phase 

was provided with the average phase properties. The FEM modeling is carried out using 

the ABAQUS package [21]. 1000 elements were used for this FEM unit cell and the 

element type is C3D20RT. The elastic properties were calculated based on the single 

crystal elastic constants and the texture distribution. The single crystal elastic constants 

used are: c11=c22=143.5GPa, c12=72.5GPa, c13=c23=65.4GPa, c33=164.9GPa, 

c44=c55=32.07GPa and c66=35.5GPa for the α-phase [22] and c11=145.9GPa, 

c12=117.4GPa and c44=29.8GPa for the β-phase (Chapter 3). The plastic properties were 

estimated first based on the measured phase stress-strain responses and then tuned by 

iterative comparisons between the experimental results and the FEM simulations. The 

FEM results, such as the macroscopic response and the average elastic responses of the 

phases, were compared to the experimental data. Once a good fit is obtained, the phase 

strain (i.e. all 6 strain components) calculated by FEM were imposed on the single phase 

EPSC model to calculate the evolution of the lattice strains of the individual grain 

families, which were compared with the experimental results to determine the crystal 

properties such as the CRSS and hardening parameters of each deformation system. The 
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same step size was used in FEM and EPSC model. Iteration was continued until a good 

overall fitting was obtained. Once a set of crystal properties were determined, the average 

phase properties, calculated by the single phase EPSC model based on the crystal 

parameters and measured texture, were compared to the phase properties previously used 

in FEM to make sure that the FEM input data were as close as possible to the EPSC 

simulation. The whole process repeated until an overall good fit was obtained. 

 

α 

β 

 

Figure 6-6 FEM unit cell 

 

The slip systems considered in the α−phase are prismatic <a> slip, basal <a> slip and 

pyramidal <c+a> slip, which are the predominant slip modes in the α-Zr at room 

temperature [23]. Considering the asymmetric yielding of the <c+a> slip as discussed in 

Chapter 4, different CRSS were used for dislocations experiencing tension or 

compression. Twinning is not considered during the simulations. Part of the reasons is 

that twinning is rarely found in the early stage of deformation in Zr-2.5Nb with grain size 

less than 10μm [24]. In addition, the current EPSC doesn’t simulate the rotation and the 
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relaxation caused by twinning and twinning is instead treated like a unidirectional slip. 

Hence the only difference in the model between twinning and <c+a> slip is the particular 

plane/direction associated with the deformation. Finally, as mentioned in Chaper 5, 

simulations using tensile twinning give similar results as those using “tensile pyramidal 

<c+a> slip”. The slip modes considered in the β-phase are <111> slip on {110}, {112} 

and {123} planes. Again, twinning is not a major deformation system in the β-phase as 

discussed in Chapter 3. The hardening of each slip system is described by an extended 

Voce law [25]. 

                                  ))(exp1)((
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Where  is the threshold value, is the Voce stress where the hardening extrapolates to 

zero, is the initial hardening rate and is the final asymptotic hardening rate for the 

slip system S, Γ is the accumulated shear strain in the grain. These values were unknown 

initially and were determined by iterative comparisons between the experimental results 

and the modeling simulations. We assume an isotropic hardening, i.e. the latent hardening 

is equal to the self hardening. The discrete grain file is the same as that used in Chapter 5, 

but the aspect ratio of the grain shape is changed to be 1/1/1 associated with the heat 

treated microstructure. A total number of 1944 alpha gains, and 2916 beta grains were 

used in the EPSC model. The CRSS and hardening parameters of each slip mode, which 

give the best simulations, are listed in 

s
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Table 6-1. The thermal residual strains in each 

phase were calculated using the method described in Chapter 5. 
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Phase Slip systems τ0 (GPa) τ1(GPa) θ0(GPa) θ1(GPa) 

α 

Prismatic 0.115(0.12) 0.001 10 0.05 

Basal 0.135(0.15) 0.001 10 0.05 

Py. Ten. 0.21(0.27) 0.01(0.001) 5(10) 0.1(0.01) 

Py. Com. 0.35(0.41) 0.001 10 0.2 

β 

{110}<111> 0.20(0.24) 0.001(0.01) 10 0.1(0.01) 

{112}<111> 0.20(0.24) 0.001(0.01) 10 0.1(0.01) 

{123}<111> 0.20(0.24) 0.001(0.01) 10 0.1(0.01) 

 

Table 6-1 Parameters used in EPSC modeling. Values in the brackets are those for the un-annealed 

Zr-2.5Nb plate material (Chapter 5). 

 

6.5 Comparison between experimental and modeling results 

The average thermal expansion coefficient of the α-phase is ~6.9×10-6/K, 7.5×10-6/K and 

7.3×10-6/K in RD, TD and ND, which is close to the value of the β-phase, ~7.4×10-6/K 

[26].  The thermal residual stress between the α and β phases calculated by the FEM 

model is less than 10MPa. The yield strength of the α and the β-phases can be roughly 

estimated based on the phase strains at their yielding points (Figure 6-2) using Equation 

6.3 [19]. 

                                                   Δ+= λμεσ 11 2                                                           6.3 
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E  and )( 321 εεε ++=Δ , ν is the Poisson’s ratio, E 

is the phase stiffness. The estimated phase strengths were used in FEM and tuned by 

iterative comparisons between the modeling simulation and experimental data. The yield 

strength of the α-phase was determined as 310MPa with an anisotropic ratio ~1/1.1/1.1 in 

RD/TD/ND. The yield strength of the β-phase was determined as ~500MPa. Relative to 

the zero stress state, the average phase strains calculated by FEM are plotted against the 

experimental data in Figure 6-2. It is shown that, despite the simplicity and the 

assumptions imposed to this model, the simple FEM unit cell captured the macroscopic 

mechanical properties very well along the three principal plate directions. It described 

phase interactions in both the elastic and the plastic region and quantitatively represented 

the evolution of the average phase strains in both the loading and the Poisson’s directions.  

 

The average phase strain histories of each phase calculated by FEM were imposed on the 

single phase EPSC model to simulate the lattice strain evolution of each individual grain 

family. Results are compared to the experimental data in Figure 6-7 to Figure 6-9. First, 

EPSC gave very good simulations to phase behaviors of the three samples. Second, it is 

shown that using parameters listed in Table 6-1, EPSC qualitatively predicted the 

interactions among the individual grain families of the α-phase and quantitatively 

estimated lattice stains of most of the individual grain families such as {1012},{1013} 

and {0002} in the loading direction. In the Poisson’s direction, EPSC still captured the 

sequence of yielding of the α-grains and described the general trend of their strain 

development. Furthermore, it is seen that the EPSC simulations for the β-phase are 
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quantitatively good in both the loading and the Poisson’s directions. Discrepancies 

between the experimental and the modeling results of the α-phase in the Poisson’s 

directions might be attributed to the texture sensitivity of the EPSC model, i.e., a small 

texture variation (e.g. due to the sample mis-alignment) can cause large different in 

modeling results [20,27]. Errors in modeling the β-phase strains such as the ones shown 

in Figure 6-7c and Figure 6-9c could be caused by thermal residual strains in the β-phase 

which were ignored during simulation. Perhaps the most striking discrepancies are for the 

{1010} and {1011} grain families in the loading direction.  For the {1010} grain family, 

EPSC is able to predict the yield point but unable to capture the rapid relaxation after 

yielding. Experiments showed a near vertical stress strain curve after yield, while the 

modeled lattice strain continuously increases with increasing applied stress. For the 

{1011} grain family, the calculated yield strain is always larger than the measured value. 

Experiments showed that the {1011} strains are between those of the {1010} and {1012} 

grain families, however, the modeled {1011} strains are very close to the {1012} strains 

and cannot be separated from each other (e.g. Figure 6-9a). The failure of EPSC in 

capturing the soft responses of the {1010} and {1011} grain families was also observed 

in the hot rolled Zr-2.5Nb (see Chapter 5) and other ZrNb alloys (Chapter 8). Similar 

situations have been reported in bcc iron [9], β-Zr (see Chapter 3) and fcc Cu [28]. The 

reasons might be attributed to mechanisms of the model as discussed in Chapter 3 and 

Chapter 5.     
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Figure 6-7 Modeling simulations for the RD sample, a) intergranular strains of the α-phase in the 
loading direction, b) α-phase, Poisson’s direction, c) β-phase, loading direction, d) β-phase, Poisson’s 
direction. Dots are experimental results. Lines are the EPSC simulations. 
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Figure 6-8 Modeling simulations for the TD sample, a) intergranular strains of the α-phase in the 

loading direction, b) α-phase, Poisson’s direction, c) β-phase, loading direction, d) β-phase, Poisson’s 

direction. Dots are experimental results. Lines are the EPSC simulations. 
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Figure 6-9 Modeling simulations for the ND sample, a) intergranular strains of the α-phase in the 

loading direction, b) α-phase, Poisson’s direction, c) β-phase, loading direction, d) β-phase, Poisson’s 

direction. Dots are experimental results. Lines are the EPSC simulations. 
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6.6 Discussion 

6.6.1 Effect of annealing 

Compared to the hot rolled Zr-2.5Nb plate (Chapter 4), the strengths in the three principal 

plate directions were reduced by heat treatment. The experimental macroscopic yield 

strengths in TD and ND were reduced by ~70MPa, while the yield strength in RD was 

decreased by ~40MPa, implying that this effect is texture dependent. Figure 6-10 

compares the phase strain evolution before and after annealing and shows that annealing 

increased the elastic anisotropy between the α and β phase in RD in the elastic region, but 

such an effect is not clear in TD and ND. In the plastic region for loading along RD and 

TD (Figure 6-11), the directions parallel to the long axis of the un-annealed elongated 

grain, annealing decreased the interphase strain between the α and β phases at a given 

applied strain, while for loading along ND, which is parallel to the short axis of the 

elongated grain, the interphase strain didn’t change very much after annealing. The effect 

of annealing on the lattice strain evolution of individual grain orientations are shown 

in Figure 6-12. In the α-phase, the lattice strain at yield of the {0002} grain family in the 

loading direction deceased by ~1000-2000×10-6 after annealing. However, the lattice 

strain at yield is almost unchanged for the {1010} grain family (Figure 6-12). This 

implies that the effect of annealing is anisotropic in the α-phase, with the {1010} grain 

family experiencing a relatively smaller softening than the {0002} grain family. This is 

confirmed by the EPSC model. It can be seen in Table 6-1 that the CRSS for prismatic 

slip is almost the same as that seen before heat treatment, while the CRSS for the 

pyramidal slip is significantly reduced by the heat treatment.  Annealing produced smaller 
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intergranular strains compared with the hot rolled plate except for the RD sample, where 

a sharp strain “kick back” of the {0002} grain family of the un-annealed hot rolled plate 

largely reduced the intergranular strain. It is interesting that the strain “kick back” of the 

{0002} grain family in the hot rolled plate is not observed after annealing (Figure 6-12a). 

The reason is unknown. It is possible that after hot rolling, along RD, <c+a> pyramidal 

dislocations of the {0002} grain family were initially heavily pinned along RD by <a> 

type dislocations moving perpendicular to the <c> axis.  Therefore it then required a high 

stress to pull <c+a> dislocations away from these obstacles. Once dislocations broke free, 

they could move at a lower stress and resulted in the strain “kick back”. The anisotropic 

dislocation distribution in the hot rolled plate might result from the processing routine, 

which is responsible for different texture components with different dislocation structures 

[29], and the elongated grain shape, which may limit the dislocation motion into two 

dimensions [30] and cause anisotropic dislocation distributions after slow cooling. Heat 

treatment removed the anisotropic dislocation pinning, therefore the strain “kick back” is 

not seen after annealing. However, this explanation is only hypothetical at this stage and 

needs further experimental support.  

 

Possible reasons for the strength deceasing after heat treatment are the change of grain 

size and the annihilation of the possible dislocation networks produced by hot rolling. 

During heat treatment, most of the α-phase transformed to the β-phase when the material 

was reheated to a temperature at ~860oC, and then transformed back on cooling to room 

temperature, thus any residual dislocation structure caused by hot rolling would 

theoretically be removed after annealing. Beside these, the change in microstructure such 
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as the grain shape and phase geometry may play an important role in the strength 

reduction. First, the change of the grain shape alters the strain accommodation and thus 

changes the interactions between the individual grain and the matrix, which results in 

different phase properties. Second, the change in the phase geometry may affect phase 

interactions, which may further affect the deformation mechanism in each phase and 

result in different material properties. 

 

 

Figure 6-10 Comparison of the phase responses shows that annealing increased the elastic anisotropy 

in RD. a) RD/ND, b) TD/RD and c) ND/RD. 
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Figure 6-11 Comparison of the phase responses between the annealed (open dots) and the un-

annealed (filled dots) hot rolled Zr-2.5Nb, a) RD/ND, b) TD/RD and c) ND/RD. 
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Figure 6-12 Comparison of the lattice strains between the annealed (hollow dots) and the un-annealed 

(filled dots) Zr-2.5Nb plate material. 
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6.6.2 Effect of phase geometry on interphase strain 

It was found that phase geometry can dramatically affect mechanical properties of metal 

matrix composites such as Al-B [31] and Al-SiC [32,33]. In order to understand the effect 

of phase geometry and subsequent average constraint on the mechanical behavior of Zr-

2.5Nb, FEM simulations were performed on different unit cells as illustrated in Figure 6-

13. The phase geometry was changed from elongated to equiaxed structures and the 

β−phase section was designed to vary from a thin plate, which wrapped the α-phase from 

three adjacent faces, to spheres that are surrounded by the α-phase. The distribution of the 

β-phase was changed from the simple cubic (Figure 6-13.1-4) to bcc (Figure 6-13.5) and 

fcc (Figure 6-13.6). The volume fraction of the β-phase was kept at 13±1% and the phase 

properties used in simulations are the same as those used in the previous section. Unit 

cells were compressed along RD to a stress equal to 440MPa. Results are compared 

in Figure 6-14. The results of geometry 6 are identical to those of geometry 5 and are not 

plotted in Figure 6-14. It is shown that the elongated phase geometry (FEM1) produced 

the smallest elastic interphase strain but the largest interphase plastic strain compared to 

the others, while the largest elastic anisotropy and the smallest plastic anisotropy between 

the α and β phases are obtained from geometries 5 and 6, indicating a stronger constraint 

between the two phases along the elongated direction. However, it can be seen that 

despite the significant change in the phase geometry and phase distribution, the amount of 

the change in the phase strains was very small even in the plastic regime and the 

macroscopic material properties didn’t seem to be affected too much (Figure 6-14a). 

Therefore, the decrease of material strength and the interphase strain observed 

experimentally after annealing must be mainly caused by the change of phase properties; 
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the contribution of the phase geometry is relatively small and can be neglected in this 

modeling approach. The reason for the small geometry effect of this material may be due 

to the small volume fraction of the second phase and the relatively similar properties of 

the two phases compared to that seen in the case of Al reinforced with B or SiC. It is 

noted here that the above FEM simulations were based on the average phase properties 

rather than that of individual grains, so does not consider the variation of the local 

geometry effect between grains which is strongly dependent on local crystal orientation 

and sometimes can be significant, but requires approaches such as finite element crystal 

plasticity codes (and massive parallel computing environments) to analysis.  

 

 210



 

Figure 6-13 Different FEM unit cells. The majority part is the α-phase and minority part is the β–

phase.  
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Figure 6-14 Effects of phase geometry on a) the macroscopic properties and the phase responses in b) 

the loading direction (RD) and c) and d) the Poisson’s direction (TD and ND). The numbers of each 

phase correlate to the numbers of the FEM unit cell in Fig.12. 
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6.6.3 Effect of individual grain shape on intergranular strain 

The misfit internal stress arises between different phases and grains from temperature 

changes and mechanical loading in combination with anisotropic thermal and/or 

mechanical properties. Assuming grains are ellipsoidal inclusions embedded in a 

homogeneous matrix, the mismatch stress between the inclusion and the matrix can be 

modeled by the Eshelby method [18], where the internal stress is proportional to the 

Eshelby tensor, “S”, which is a function of the inclusion shape and the Poisson’s ratio 

[34]. The effect of the grain shape can be estimated by equations in [34]. For the 

elongated grain structure with aspect ratio of 10/10/1 in RD/TD/ND directions, 

SRD=STD=~0.13 and SND=~0.95, while for the equiaxed grains, SRD=STD=SND=~0.53 

(assuming ν=0.33). This means that for the elongated grain structure, the constraint 

between the individual grain and the surrounding along the longitudinal directions (RD 

and TD directions) is larger than that along the short direction (direction ND). Compared 

to the equiaxed grain structure, the constraint of the elongated grain is larger along the 

elongated direction but smaller along the short axis.  

 

The change of the Eshebly tensor affects the phase property in two ways. First, for a 

thermally anisotropic material like α-Zr, it changes thermal residual stresses in individual 

grains and thus affects their subsequent yielding. For an example, after the transition from 

the elongated grain structure to the equiaxed grain structure, the thermal residual stress 

will decrease along the elongated direction. This is illustrated by the EPSC simulation. 

Table 6-2 compares the EPSC calculated thermal residual strains in individual α-phase 

grain families before and after heat treatment, corresponding to an elongated and 
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equiaxed grain structures, on cooling from the same stress free temperature. It is shown 

that after heat treatment, the thermal residual strains in RD and TD were significantly 

decreased, while the thermal residual strains in ND didn’t change too much. In RD and 

TD, the thermal residual tensile strain of the {0002} grain family was decreased by ~400-

600×10-6, meaning that a lower applied stress is then needed to activate pyramidal slip 

during compression. For the {1010} grain family, the residual compressive strain was 

reduced by ~200-300×10-6 in RD and TD, which means that a higher applied stress is 

required to activate prismatic slip during compression. This explains the anisotropic effect 

of annealing on different slip modes. Secondly, the change of the Eshebly tensor affects 

grain interactions during deformation and thus has a direct influence on phase properties. 

To understand this, the EPSC model was used to simulate the deformation of α-phases 

with different grain shapes; one had an equiaxed grain shape and the other had an 

elongated grain shape with an aspect ratio equal to 10/10/1 in RD/TD/ND. The effects of 

thermal residual stresses were excluded and modeling results show only the influence of 

grain shape change on phase property. Comparisons are plotted in Figure 6-15 and Figure 

6-16. Results in TD are similar to those in RD and not shown here. It is shown that the 

elongated grain direction (RD and TD) decreased the elastic anisotropy compared to the 

equiaxed grains (Figure 6-14), while the short axis (ND) showed increased elastic 

anisotropy (Figure 6-16). The reverse effect is seen for the plastic anisotropy. The larger 

constraint along the ellipsoid major axis results in a smaller elastic anisotropy relative to 

the equiaxed structure. Since the constraint is larger, more stresses are transferred 

between the different grain families in the plastic region and results in a larger plastic 

anisotropy. On the macroscopic scale, the equiaxed grain structure exhibited a slightly 
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higher work hardening rate compared to the elongated grain structure. However, the 

shape change didn’t produce too much difference to the macroscopic yield strength. 

Similar modeling comparisons were carried out for α-Zr with a random texture and 

qualitatively similar results were obtained. 

 

 1010 1011 1012 1013 0002 

RD -322(-520) -32.9(-70) 317(520) 559(960) 853(1500) 

TD -572(-800) -244(-350) 177 (250) 462 (660) 827(1200) 

ND -301(-300) -171 (-200) 107 (130) 313 (360)  548 (562) 

 

Table 6-2 Predicted thermal residual strain (×10-6) of the α grain families in the three principal plate 

directions. Values in the brackets are those for the un-annealed Zr-2.5Nb plate material (Chapter 5). 
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Figure 6-15 The effect of grain shape change on deformation of the α-phase compressed in RD, a) the 

macroscopic mechanical properties, b) the responses of individual grain families in the loading 

direction and c),d) Poisson’s directions. Dashed lines are the results for equiaxed grains, the solid 

lines are for elongated grains with aspect ratio of 10/10/1 in RD/TD/ND. 
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Figure 6-16 The effect of grain shape change on deformation of the α-phase compressed in ND, a) the 

macroscopic mechanical properties, b) the responses of individual grain families in the loading 

direction and c),d) Poisson’s directions. Dashed lines are the results for equiaxed grains, the solid 

lines are for elongated grains with aspect ratio of 10/10/1 in RD/TD/ND. 

 

 

 

 

 

 217



6.6.4 Reason for the anisotropic effect of annealing 

Since the change of the thermal residual stress and the constraint between grains have 

been considered in the simulation described in Section 6.5, the anisotropic change of 

CRSS for different slip modes that is obtained by best fitting the EPSC model to 

experiment must have other causes. The first possible reason is that the thermal residual 

stresses in individual grain families were not accurately predicted due to the modeling 

simplicity, where the influence of the β-phase was ignored and the EPSC model didn’t 

account for local grain to grain variations. However, since the volume fraction of the β-

phase is very small, and the average Coefficient of Thermal Expansion of the β-phase is 

very close to that of the α-phase (Chapter 5), this effect should be small and ignorable. 

Also it can be seen that on going from an elongated grain structure to an equiaxed grain 

structure, the grain size change is anisotropic. This may result in different changes in 

Hall-Petch effect for different slip modes if there is a relationship between crystal 

orientation and the original grain shape. It can be seen that after annealing, the original 

short grain axis experienced a relatively large dimension increase while the original long 

grain axis experienced a relatively small size change. Thus, if most of the grains in the hot 

rolled material have their <c> axis parallel or at low angles to the short grain axis, a larger 

CRSS reduction would be expected for the pyramidal <c+a> slip after annealing. Since in 

the original plate,  there is a large fraction of the {0002} grains in ND, and the original 

short axes of most grains are parallel to ND, hence the anisotropic size change caused by 

annealing may contribute to why the CRSS reduction is relatively larger for the pyramidal 

<c+a> slip than the prismatic <a> slip. However, it is difficult to explain similar 
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observations in RD and TD based on this idea, since most grains are elongated along 

these two directions. 

 

It is noted that the oxygen re-distributed in the α-grains after heat treatment [35], where 

the oxygen in the center (primary α phase) will be higher than the outside part 

(transformed α-phase) of the α-grain. Considering the anisotropic oxygen effect to 

different slip system (see Chapter 8), the shape change caused by annealing and the 

relationship between the grain shape and texture, the oxygen re-distribution may 

contribute to the anisotropic annealing effect.  However, at this stage, this idea remains a 

hypothetic explanation based on the current experimental results.  

 

It is most likely that the anisotropic effect of annealing on different dislocation systems 

relates to the grain size strengthening mechanism. As mentioned in Chapter 2, in 

polycrystals, some grains will normally yield first for a given loading direction due to 

their larger Schmid’s factors when compared to other grains. Dislocations in these grains 

pile-up at grain boundaries and result in stress accumulation, which causes dislocations in 

the neighboring grains, which have lower Schmid factors, to operate, and eventually 

produces yield of the bulk material.  At the same applied stress level, the accumulated 

stress due to dislocation pile-up is higher in large grains than it is in small grains, the 

larger the grain size, the lower the material bulk yield strength. Based on this 

strengthening mechanism, it is concluded that grain size only has an effect on dislocation 

slip in “hard grains” (i.e. grains with orientations unfavorable for dislocation slip) rather 

than in “soft grains” (i.e. grains with preferred orientations for dislocation slip). For the 
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polycrystal αZr, the yield of the “soft grains” corresponds to the prismatic <a> slip, while 

the yield of the “hard grains” associates with the pyramidal <c+a> slip. Therefore, the 

grain size effect on CRSS is expected to be anisotropic, i.e.  with increasing grain size, 

the CRSS for the prismatic <a> slip doesn’t change too much, while the CRSS for the 

pyramidal <c+a> slip is largely decreased.   

 

Similarly, for the β-phase, since the individual β-grain is surrounded by α-grains, with 

increasing α-grain size, a larger stress concentration is accumulated at the α/β grain 

boundaries, with causes the slip in β-grain to operate at a lower applied stress. Thus, the 

grain size increase of the α-phase after annealing decreases the apparent CRSS for slip 

systems of the β-phase. This explains the change of the CRSS for dislocation slips of the 

β-phase between the hot rolled and annealing Zr-2.5Nb plate.  

 

6.7 Conclusions 

A series of in-situ compression tests has been carried out on the annealed hot rolled Zr-

2.5Nb which has an equiaxed grain structure and larger grain size relative to the un-

annealed one. The experimental results were interpreted by a combination of FEM and 

EPSC models. It is concluded that: 

1. Annealing decreases the yield strength by ~10-15% dependent on the texture, 

where the larger strength decrease is obtained in the direction that has more <c> 

axis component. 
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2. The strength decrease of the annealed Zr-2.5Nb plate material is mostly attributed 

to the strength decrease along the <c> axis deformation. The strength change of 

the prismatic <a> slip is relative small. The anisotropic softening of annealing 

may be caused by the change of the thermal residual stress, grain shape, grain size 

and the annihilation of the deformation dislocations. But most likely is due to the 

anisotropic strengthening of grain size to different slip system.   

3. In the α-phase of Zr-2.5Nb, the grain size effect on different slip systems is 

different, the CRSS of the prismatic <a> slip doesn’t change too much with the 

grain size, the CRSS of the basal <a> slip is slightly reduced with increasing grain 

size,  the CRSS of pyramidal <c+a> slip is largely deceased with increasing grain 

size.  

4. In Zr-2.5Nb, increasing α grain size decreases the CRSS for slip systems of the β-

phase and thus decreases the strength of the β-phase. 

5. In Zr-2.5Nb, the effect of grain shape is mainly on changing the internal stress 

rather than the phase property. Transition from the elongated grain structure to the 

equiaxed structure decreases the internal strains. Simple unit cell FE models show 

that in this material the contribution of the phase geometry and distribution to the 

material properties is small and negligible relative to the effect of phase properties.  
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Chapter 7 

Evolution of Internal Strains of Zr-2.5Nb during 

Cyclic Loading 

 

 

In-situ cyclic loading experiments were carried out on a hot rolled Zr-2.5Nb plate 

material at ISIS pulsed neutron facility of the Rutherford Appleton Laboratory. The cyclic 

strain was controlled to a fixed limit of ±2.4% and the lattice strain evolutions in both the 

loading and the Poisson’s directions were monitored by neutron diffraction. A large 

Bauschinger effect was found in this material during reverse loading, which was caused 

by a combination of the interphase, intergranular and intragranular stresses. Experimental 

data were interpreted by a combination of FEM and EPSC modeling. The interphase and 

the intergranular stress were calculated by FEM and EPSC, while the intragranular stress 

was approximated by introducing a work softening in the slip systems of a sense opposite 

to the activated slip system. An overall good agreement was achieved. However, several 

discrepancies were seen due to deficiencies with the mechanism of modeling the 

hardening behavior during stress reversal. Further improvements require functions that 

can relate micromechanical properties to the evolution of the intragranular microstructure 

in a more realistic way.  
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7.1 Introduction 

The deformation behavior of Zr-2.5Nb has been an important topic since the early 70s’ 

when it was first selected to make pressure tubes in CANDU nuclear power plants [1]. 

The major effort has concentrated on the in-reactor deformation of pressure tubes such as 

growth and creep in order to control and predict their dimensional change during service. 

A large experimental database of deformation behaviour and some deformation models 

have been established. However, our knowledge regarding the deformation mechanisms 

of Zr-2.5Nb is still very limited and good modeling results have only been obtained for 

materials having the microstructures and textures similar to those of pressure tubes [2]; i.e. 

the models fit well with well know microstructures but cannot be easily applied to more 

general cases. We recently carried out a series in-situ uniaxial tension and compression 

tests for a hot rolled Zr-2.5Nb plate material with a moderate texture and found a strong 

texture dependent strength differential between tension and compression (see Chapter 4). 

The lattice strain evolution during deformation revealed that this strength differential 

resulted from asymmetric yielding along the <c>-axis. Considering these strong 

asymmetric mechanical properties, it is interesting to see how this material behaves 

during a cyclic loading. However, information about this is very limited. MacEwen et al. 

[3] and Christodoulou [4] investigated the cyclic loading of single phase Zircaloy-2 and 

found a large Bauschinger effect during reverse loading which was attributed to the back 

stress caused by crystal anisotropy and texture. However, intragranular back stress, 

caused by dislocation pile-ups or heterogeneous dislocation distributions, was ignored. 

This type of back stress plays an important role to the Bauschinger effect in single phase 

materials [5,6]. For dual phase Zr-2.5Nb, like any another composite, residual interphase 
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stresses may significantly affect or dominate the evolution of the Bauchinger effect [7]. 

Details of the evolution of internal stresses during cyclic loading can be obtained by in-

situ neutron diffraction tests, where the macroscopic strain and lattice strain evolution can 

be measured simultaneously. In-situ diffraction cyclic loading tests was first carried out 

on a single phase stainless steel and showed a strong hkl-dependency of the lattice strain 

responses in the lattice strain loop hysteresis [8]. However, to the authors’ knowledge, 

such experiments have never been reported on zirconium alloys. 

 

Polycrystal models such as EPSC have been shown to be effective for the uniaxial 

deformation of single phase materials [9] and dual phase materials when combined with 

FEM [10,11]. However, these models have rarely been evaluated on cyclic loading tests. 

An early attempt to use EPSC to simulate the cyclic loading of Zircaloy-2 failed in 

capturing the Bauschinger effect without considering the intragranular stress [12]. 

Recently, Lorentzen et al. [8] were able to simulate the macroscopic Bauschinger effect 

by introducing a work softening for slip systems opposite to the ones activated in EPSC. 

However, several distinct discrepancies between the model and experimental results were 

seen which were attributed to the simplicity of the hardening model. Thus, another 

purpose of this study is to further evaluate the recently developed modeling approach, 

which was previously confirmed to be effective for uniaxial tension and compression tests 

of Zr-2.5Nb (see Chapter 5).   
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7.2 Material and experimental method 

The material used is the same as that used in Chapter 4. The microstructure at room 

temperature is shown in Figure 4-1. The predominant α grains have a plate-like shape 

with length and width ~30μm and thickness ~2-3μm, while the β−phase is distributed 

more or less continuously between α grains. Pole figures (see Figure 4-2) show that in the 

α−phase the <c> axis is concentrated in the TD and ND plane, while the <a> axis is 

mostly orientated in RD. The resolved fractions of basal plane normal in rolling, 

transverse and normal direction (fR, fT and fN) are 0.27, 0.39 and 0.34 [13]. The <100> 

directions of the β-phase are roughly aligned along the three principle plate directions.  

 

Cylindrical samples were cut from the rolled plate with the longitudinal direction parallel 

to the rolling direction, which is termed as the RD sample, and the transverse direction, 

which is termed as the TD sample. Samples along the plate normal direction were not 

available due to the small plate thickness (~56mm). The sample dimensions are shown 

in Figure 7-1.  

 

Figure 7-1 Schematic of the cyclic loading sample. 
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Experiments were carried out on ENGIN-X at the ISIS pulsed neutron facility, Rutherford 

Appleton Laboratory. The loading axis is horizontal and at 450 to the incident white 

neutron beam. Two detector banks are set up horizontally and at angles ±900 to the 

incident beam. This design allows simultaneous measurement of lattice strains in 

directions both parallel and perpendicular to the applied load [14]. More details of the 

instrument can be found in [15]. Experiments were carried out in strain control. For each 

loading level the sample was deformed to the desired strain and held for 30 seconds to 

allow stress relaxation before data collection. The data acquisition at each point took ~10 

minutes; the measured stress and strain are the average values during this period. Samples 

were deformed to a total strain ~2.4% in both tension and compression for 2-3 cycles. 

Strain was monitored on the sample using a clip gauge. The incident beam was 8 mm 

high and 4 mm wide; radial collimators in use provided a scattered aperture of 4 mm. The 

diffraction volume was centered in the middle of the gauge length. 

 

The mechanical responses of individual grain families were determined by single peak 

fitting, while for materials with a weak texture, the average phase strains are commonly 

determined by a multiphase Rietveld refinement [16,17].  The advantage of using the 

Rietveld refinement to determine the average phase response instead of the peak average 

method [18] for this hot rolled Zr-2.5Nb was discussed in Chapter 4. For the bcc β-phase, 

the average phase strain was obtained directly from the lattice strain, while for the hcp α-

phase, the average phase strain was calculated by: 

                                                    ε ε εave c af f= + −( )1                                                                               7.1 
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Where εc and εa are the lattice strains of <c> and <a> axis respectively, f is the resolved 

fraction of basal plane normal in the direction of interest [13], which is equivalent to the 

weighting approach suggested in [18].  For a random or weak texture, this simplifies to 

(2εa+εc)/3 [17]. Both single peak fitting and the Rietveld refinement were performed 

using the GSAS code [19]. Strains reported here are relative to the initial state, and thus 

do not take into account any initially exist residual stresses. 

 

7.3 Experimental results  

The experimental results for the RD and TD samples were similar. For reasons of space, 

only results from the RD sample are given in the following sections. Similarly, since 

lattice strain evolution from tension-compression and compression-tension tests were 

found to be very close to each other, only the results of the tension-compression tests are 

presented in this Chapter. More results can be found in Appendix IV. 

7.3.1 Macroscopic mechanical responses 

Macroscopic stress strain responses of both tension-compression and compression-tension 

cyclic loading tests of the RD sample are plotted in Figure 7-2. Observations are 

summarized as below: 

1. Macroscopic stress-strain responses of the tension-compression and the 

compression-tension are very close. The cyclic hardening between the first half 

cycle and the first cycle was ~40MPa, and then the hysteresis loop stabilized very 

soon, e.g. the first, second and the third loops were almost the same and set on top 

of each other. 
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2. A large Bauschinger effect was seen during reverse loading. In the first half cycle, 

the flow stress was increased from ~350MPa to 430MPa before unloading. During 

reverse loading, it can be seen that the sample yielded close to the zero stress or 

even before the abscissa was crossed.  

3. The hardening rate of the first half cycle and the subsequent cycles were different. 

During the first half cycle, after the material yielded, the elastic to plastic 

transition was very quick. However, the elasto-plastic transition period was 

relatively slow during reverse loading in both compression and tension regimes. 
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Figure 7-2 Macroscopic mechanical responses of the RD sample during cyclic loading. Dashed lines 

show the results of tension-compression tests, solid lines show the results of the compression-tension 

tests. 
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7.3.2 Evolution of interphase strains 

Figure 7-3 shows the average phase strains in both the axial loading and the Poisson’s 

directions. The phase strains during the first half cycle are the same as those obtained 

during uniaxial tension (see Figure 4-5, tension section). The α-phase yielded at an 

applied stress ~350MPa with the axial lattice strain ~3800×10-6. After yield, the α-phase 

lattice strain goes nearly vertical with increasing applied stress. At the same time, the 

lattice strain of the β-phase increases rapidly with applied stress. Upon unloading, the 

residual strain in the α and the β phases is ~ -600×10-6 and 3000×10-6 respectively. 

During the reverse compression, the strain of the α-phase deviated from the linear elastic 

relationship at a stress ~-80MPa and a lattice strain ~1600×10-6. Then a different stress 

strain evolution is seen compared to the initial tensile part; the lattice strain of the α-phase 

gradually shifts back towards tension with increasing compressive stress. 

Correspondingly, the lattice strain of the β-phase slowly moved towards more 

compression with increasing compressive stress. Unloading from compression produced 

residual strains of ~500×10-6 and -4000×10-6 in the α and β phases. Similarly, during the 

second tension cycle, the α-phase yielded at an applied stress ~100MPa and showed a 

similar hardening response to that observed during the first compression. It can also be 

noticed that the hysteresis loops didn’t change too much between subsequent cycles. 

Similar phenomena were observed in the Poisson’s direction (Figure 7-3b) except that the 

strains in both phases are about half of those in the axial direction. 
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Figure 7-3 Average phase strains of RD sample in a) the loading and b) the Poisson’s directions. c) 
and d) correspond to the first cycle in a) and b) respectively, with dots in figures showing the 
frequency of the measurement. The uncertainty of the α-phase and β-phase in the axial direction is 
less than 30με and 150με respectively. In the Poisson’s direction, the uncertainty is less than 40με and 
160με for the α and β phase respectively. 
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7.3.3 Evolution of intergranular strains 

Lattice strain evolution of the selected grain families in both phases are plotted against the 

applied stress in Figure 7-4 and Figure 7-7. In the axial direction, lattice strain evolutions 

of {1010} and {0002} grain families in the first half cycle are the same as those of the 

corresponding uniaxial tensile test (Figure 4-6). Both grain families yielded at applied 

stresses close to each other and produced a very small intergranular strain (Figure 7-4a).  

During reverse loading, the {1010} grain family yielded almost immediately at zero 

stress and then its lattice strain gradually inflected towards tension from the linear elastic 

relationship, while the lattice strain of the {0002} family slowly moved towards a more 

compressive strain. The intergranular strain difference between the {1010} grain family 

and the {0002} grain family increased with increasing applied compressive stress. During 

the second tension cycle, similarly, the {1010} grain family yielded when the applied 

stress was close to zero or at a small tensile stress. Load transfer resulted in the strain of 

the {0002} family moving towards more tensile strains with increasing applied stresses. 

The intergranular strain accumulated between the {1010} and {0002} families during 

compression, decreases with increasing tensile stress and is finally completely removed at 

the peak tensile stress. The second and the third cycles followed the same route as the 

first cycle.  However, it can be seen that the size of the {0002} loop slightly increases 

with cycling, which can be concluded from the comparison of the residual strains after 

tensile and compressive loading after each complete cycle (Figure 7-5). A close-up of the 

{1010} and {0002} loops shows different post-yield stress-strain responses between the 

first half cycle and the subsequent cycles (Figure 7-6). During the first half cycle, both 

grain families showed a rapid stress relaxation after yield, while the stress relaxation was 

 233



much slower in subsequent cycles. It is worth noting that the {0002} grain family even 

showed a rapid strain “kick back”, which is similar to that observed during uniaxial 

compression test (see Chapter 4, Figure 4-6). Similar observations were obtained from the 

TD sample (see Appendix IV). Another interesting feature shown in Figure 7-4 

and Figure 7-7 is that some of the grain families (e.g. {1010} and {11 2 0}) are oscillating 

about a mean tensile strain, while some grains (e.g. {0002} and {1013}) are oscillating 

about a mean compressive strain. The residual strain after unloading from tension was ~-

160×10-6 and -400×10-6 for the {1010} and {0002} grain families. The residual strain 

after unloading from compression was ~1800×10-6 and -4000×10-6 for {1010} and {0002} 

grain families respectively.  

 

The different post-yield stress strain response between the first half cycle and subsequent 

cycles is also clearly shown in the {1011} and {1012} inflections (Figure 7-4b-c). Both 

orientations showed a rapid strain kick back during the first half cycle and then a slow 

strain shift in the following cycles. For the {1013} family, similar to the uniaxial tension 

and compression tests (see Figure 4-6), the accumulated intergranular strain was very 

small and thus resulted in smaller hysteresis loops compared with other grain families.  
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Figure 7-4 Lattice strain evolutions in the loading direction (RD) of the α-grain families and the β-

grain families (uncertainties in italics), (a) {1010}-25με, {0002}-60με, b) {1011}-16με, c) {1012}-50με, 

d) {1013}-60με, e) {11 2 0}-60με, f) {110}-100με, {200}-300με. Arrows in figure indicate the stress 

strain path. 
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Figure 7-5 Residual strain (×10-6) measured at zero applied stress for the {0002} grain family shows 
that the size of the hystersis loop increases with cycling. Filled dots are residual strains after tensile 
loading, open dots are residual strains after compressive loading. 

 
 
 

  

Figure 7-6 Close-up of the tensile part of a) the {1010} and b) the {0002} response. Thicker arrows 

indicate the later cycles. 
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For β-phase grains, the lattice strains are strongly affected by the α-phase, i.e. the 

yielding of the α-phase transferrs load to the β-phase grains, making their lattice strain 

increase by larger increments with increasing applied stress. This effect was seen at a 

stress ~350MPa during the first half cycle and at zero stress during the subsequent cycles 

(Figure 7-4f).  During the first tension, the β-phase yielded at the applied stress ~400MPa, 

indicating by the second reflection point of the stress versus strain curve and the increased 

intergranular strain between the {110} and {200} grain families in the plastic region. In 

compression, the yield of the {110} grain family was shown by the reflection point at the 

applied stress ~-350MPa. While it is not clear whether the {200} grain family yielded or 

not. Similarly, it is hard to tell whether the {110} and the {200} families yielded or not 

during the subsequent cycles. Compared with the individual α-grains (e.g. the {10-10} 

grain family), the strains of the selected β-grains are oscillating about zero strain during 

cycling.  

 

In the Poisson’s direction, the largest intergranular strain in the α-phase was built up 

between the {11 2 0} family and the {0002} family (Figure 7-7a). The strain loops of the 

{1010} family are much smaller than those of the {11 2 0} family. The residual strain 

after unloading from tension was ~1500×10-6 and -2600×10-6 for {11 2 0} and {0002} 

grain families. The residual strain after unloading from compression was ~-800×10-6 and 

600×10-6 for {11 2 0} and {0002} grain families respectively. 
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Figure 7-7 Lattice strain evolutions in the Poisson’s direction (ND) of  α-grain families and β-grain 

families (uncertainties in italics), (a) {112 0}-18με, {0002}-60με, b) {1010}-80με, c) {1011}-60με, d) 

{101 ) {12}-40με, e 013}-27με, f) {200}-200με, {211}-150με. Arrows in figure indicate the stress strain 

path.  
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7.3.4 Intensity change and peak broadening 

Figure 7-8a shows that the intensity change of the {1010} family and the {0002} family 

have a similar trend. Their intensities increased during unloading from compression and 

the subsequent tension but decreased during unloading from tension and the following 

compression. This trend was not shared by the {11 2 0} grain family. It is noted that the 

overall intensity change was very small. 

 

The peak width increased with the applied stress in both tension and compression and 

decreased during unloading (Figure 7-8b). The peak width of the {0002} family kept 

increasing with cycling, while the peak width of other orientations reached a stable state 

after one or two cycles. Another interesting observation is that for the {0002} family the 

peak broadening rate is much larger during compressive loading than during tensile 

loading and the reverse response is seen for the {1010} family. The reason for the 

intensity jump during the second tensile unloading is unknown. More figures can be 

found in Appendix IV. 
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                                                                    (a) 

 

 (b) 

Figure 7-8 RD sample, tension-compression cycle, a) intensity change (uncertainty <3%) and b) peak 

broadening (uncertainty <10%) in the loading direction. 
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7.3.5 Discussion of experimental results 

Based on Figure 7-2, a schematic of the evolution of the yield surface of this material 

during cyclic loading is plotted by Figure 7-9, which shows a clear isotropic and 

kinematic hardening character. During the first half cycle (i.e. first tension), the flow 

stress increased from ~350MPa to ~430MPa, while during reverse loading, the flow stress 

is close to zero, indicating that the work softening in the direction opposite to the 

deformation direction is ~ 4 times (i.e. 350/(430-350)) the amount of work hardening in 

the positive deformation direction, and the yield surface can be considered to be shrinking 

during the first half cycle. Given that the initial yield stresses are similar in magnitude 

(~350MPa) whether the initial loading is in tension or compression, it can be seen that the 

size of the effective yield surface decreases from ~700MPa in diameter to ~430MPa in 

diameter after the first tension loading, and during subsequent cycles the yield surface is 

stable in size and moves back and forth between tension and compression.   

 

Figure 7-9 Schematic of the evolution of the yield surface during cyclic loading (assuming Von mises 

yield criteria to simplify the illustration).   
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As originally suggested by Cottrell [20], the general cyclic flow stress can be divided into 

two components; the “friction stress” and the “back stress”. The friction stress 

corresponds to the resistance which dislocations have to overcome to move in the atomic 

lattice, while the back stress is associated with microstructure features such as phase 

anisotropy [7], crystal anisotropy [3], twinning [21,22,23,24], dislocation pile-up [5,22] 

and heterogeneous dislocation distributions [6,25,26]. According to Kuhlmann-Wilsdorf 

and Laird [27], the friction stress equals half of the sum of the forward and reverse flow 

stresses and the back stress is half of the difference between the forward and reverse 

stresses [28]. Based on this definition, the estimated back stress is ~220MPa for RD 

sample and ~ 250MPa for TD sample at the current experimental condition. This value is 

close to that of the Zircaloy-2 measured by S.R. MacEwen [3] using Moan and Embury’s 

method [29].   However, we should note the difference between these two materials.  

Based on Brown’s composite concept [7], MacEwen [3] and Christodoulou [4] attributed 

the Bauschinger effect in Zircaloy-2 to the back stress caused by crystal anisotropy 

between the “hard grains”, which are orientated unfavorably for dislocation slip, and “soft 

grains”, with favorable orientations for slip. In the case of Zr-2.5Nb which consists of α 

and β phases, the anisotropic phase properties will certainly play a role in the 

Bauschinger effect. From Figure 7-3a, it is seen that after unloading from tension, the α-

phase is under residual compression; this compressive stress will promote the yielding of 

the α-phase in the subsequent compressive loading.  Similarly, the residual tensile stress 

upon unloading from the compression will promote the yielding of the α-phase in the 

subsequent tensile loading. Assuming the constraints in the Poisson’s directions can be 
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ignored, the estimated back stress caused by phase interaction is ~-70 and 50MPa after 

tensile and compressive loading respectively. The back stress in the α-phase caused by 

the crystal anisotropy can also be interpreted from the lattice strain evolution shown 

in Figure 7-4 and Figure 7-7.   For an example, the residual strain in the axial direction of 

the {1011} grain family is ~-1000×10-6 and ~1200×10-6 after unloading from tension and 

compression respectively. The elastic constant of <1011> is ~90GPa. The above values 

thus indicate a residual stress of ~-90MPa and 110MPa in the axial loading direction.  

 

Figure 7-4a shows the large Bauschinger effect of the {1011} grain family during reverse 

loading. However, it can be seen that after unloading from tension, the residual strain of 

the {1011} grain family is very small (<200×10-6), suggesting that the contribution of the 

intergranular stress is small and the large Bauschinger effect must have other sources 

such as intra-granular stress. Intragranular stress could originate from either dislocation 

pile-up or heterogeneous dislocation distributions such as dislocation walls and 

dislocation cells, since both type of dislocation structures have been observed in α-Zr 

during cyclic loading [30,31,32]. In the former case, the intragranular stress is generated 

from dislocation interactions, while in the latter situation, it is believed that the 

intragranular stress is caused by the strength differential between the regions with higher 

dislocation densities (e.g. cell walls) which are stronger, and those with lower dislocation 

densities (e.g. inside the wall) [6,25,26]. 

            

Although twinning has been shown to produce Bauschinger effect in hcp metals such as 

Mg alloys [21,23,24], the intensity change shown in Figure 7-8a implies that twinning is 
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not the major deformation system in this experiment, as previously concluded under 

uniaxial tension / compression testing.  

            

Another important observation that is worth emphasizing is the evolution of the post-yield 

hardening behaviors in different cycles; this change is most significant between the first 

half cycle and the second cycle (Figure 7-6). A similar phenomenon has been mentioned 

in [8] and it is believed to be directly associated with the development of dislocation 

structures during cyclic deformation. For the {0002} grain family, the different post-yield 

response changed the size of the {0002} strain loop during cyclic loading. From Figure 7-

6b, it can be seen that the sharp strain “kick back” after yield during the first half cycle 

reduced the tensile strain and resulted in a small strain loop, while during the following 

cycle, the “kick back” is not observed and the strain increased with increasing applied 

stress, which resulted in the generation of larger strain loops.  

 

The asymmetric yielding along <0002> crystal orientation (see Chapter 4 and 5) produces 

a large compressive residual strain in the {0002} grain family after compression and a 

small strain after tension. As a result, the strain of the {0002} grain family ends up 

oscillating about a mean compressive strain during cyclic loading. On the other hand, a 

large tensile residual strain is produced in the {1010} grain family after unload from 

compression and a relatively smaller residual strain is produced in the {1010} grain 

family after unload from tension. The result is that the {1010} grain family oscillates 

about a mean tensile strain during cyclic loading. A similar explanation can be used to 

interpret the behaviors of other grain families.  
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7.4 Modeling  

The modeling approach taken is based on the Elasto-Plastic Self-Consistent model 

(EPSC). In this model, each individual grain in a polycrystalline is treated as an 

ellipsoidal inclusion embedded in a Homogenous Effective Medium (HEM) that has the 

average properties of all grains.  Interactions between individual grains and the HEM are 

calculated using an elasto-plastic Eshebly method [33]. More details about the EPSC can 

be found in [34]. Provided the crystal structure, crystal properties and the crystal 

orientations, it is able to predict the materials’ mechanical properties in both macroscopic 

and microscopic scales. Since the early implementation by Hutchinson [35], it has been 

shown to give good simulations of the deformation behaviors of single phase materials 

with different crystal structures [9]. But one of the limitations of the current EPSC model 

is that it is only suitable for the single phase materials. For multiphase materials, 

especially when the phase mechanical anisotropies and the effects of the phase geometry 

and volume fractions are significant, it is unable to account for the phase interactions and 

thus can’t reasonably simulated the mechanical responses during deformation. Recently, a 

new modeling approach which combines the finite element method (FEM) and the EPSC 

model has been shown to be effective in modeling the deformation behavior of the 

multiphase materials [10,11]. In this modeling approach, FEM was used to calculate the 

average phase responses. The calculated stress or strain histories of each phase were used 

as the boundary conditions in the EPSC model to simulate the interactions among the 

individual grain families in each phase. This method has been used in modeling the 

uniaxial tension and compression of a hot rolled Zr-2.5Nb plate material and has obtained 
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very encouraging results (Chapter 5). In this paper, this method will be continuously 

challenged by the cyclic loading of the same material.  

 

More details about this approach are given in Chapter 5. In brief, a simple FEM unit cell 

was first constructed to capture the general features of the microstructure, such as the 

volume fraction and the relative geometry distribution of each phase. Perfect bond was 

applied, thus there was no grain boundary slid between the α and β interface. Each phase 

was provided with their average phase properties. The elastic properties were calculated 

based on the single crystal elastic constants and the texture distribution using EPSC 

model. The single crystal elastic constants used are: c11=c22=143.5GPa, c12=72.5GPa, 

c13=c23=65.4GPa, c33=164.9GPa, c44=c55=32.07GPa and c66=35.5GPa for the α-phase [36] 

and c11=145.9GPa, c12=117.4GPa and c44=29.8GPa for the β-phase (see Chapter 3). The 

plastic properties such as yield strength and hardening were estimated first and then tuned 

by iterative comparisons between the experimental results and the FEM simulations. The 

FEM results, such as the macroscopic mechanical properties and the average phase elastic 

strains, were compared to the experimental data. Once a good fit is obtained, the FEM 

calculated phase strain history (i.e. all 6 strain components) was used in the EPSC model 

with the same step size to calculate the lattice strain evolutions of individual grain 

families, which were compared with experimental results. At the same time, phase strains 

predicted by EPSC were iteratively compared to FEM results to make sure the input 

phase properties in FEM are as close as possible to the EPSC simulations. It is clear that 

the applicability of this modeling approach is strongly dependent on the accuracy of the 

FEM simulation.  
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For materials that have a big difference in hysteresis loops during the first half cycle and 

subsequent cycles, the FEM is unable to capture the whole stress strain responses during 

cyclic loading if basic material models are used [37].  The FEM simulation here was 

separated into two parts. In the first part, i.e. the first half cycle, the materials’ properties 

were the same as those used in Chapter 5. In the second part, i.e. unloading from first 

tension and the subsequent cycles, the plasticity model of the material was defined as a 

combined non-linear isotropic/kinematic hardening model, which provides more accurate 

predictions than the linear kinematic hardening model in ABAQUS [37]. By doing this, 

we hope to minimize errors any introduced by the FEM plasticity code and explore the 

ability of the EPSC model to describe the intergranular stress development. 

 

The slip systems considered in the α−phase are prismatic <a> slip, basal <a> slip and 

pyramidal <c+a> slip, which are predominant slip modes in α-Zr at room temperature 

[38]. Considering the asymmetric yielding of the <c+a> slip (Chapter 5), pyramidal slip 

were separated into compressive pyramidal slip and tensile pyramidal slip with different 

plastic properties. Twinning is not considered in this model. Part of the reason is that 

twinning is rarely found in dual phase ZrNb alloys and the intensity change during this 

experiment does not support twinning. Also, in the current EPSC model, twinning is 

treated just like another slip system and the lattice rotation caused by twinning is not 

considered. Introducing twinning in model will thus produce similar results to tensile 

pyramidal slip. Slip modes considered in the β-phase are <111> pencil glide on {110}, 

{112} and {123} planes. Again, twinning is not the major deformation system in the β-
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phase (Chapter 3). The hardening of each slip system is described by an extended Voce 

law [39]. 
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Lorentzen et al. [8] introduced an additional constraint to take into account the 

intragranular back stress. The basic idea is that once a dislocation system is activated and 

experiences a certain amount of work hardening, dislocations with the opposite slip 

direction experience an identical amount of work softening. In this paper, in order to 

capture the isotropic and kinematic hardening feature discussed in section 7.3.5, the 

equation proposed by Lorentzen et al. [8] is modified as: 

                                                                                                                       7.3 
••

−= Ss Cττ '

Where is the hardening rate of the opposite dislocation system, is the hardening 

rate of the activated dislocation system and C is a constant. By tuning the C value, it is 

possible to control of the back stress and model the distribution between isotropic and 

kinematic hardening character. When C=1, Equ.3 is the same as that used in [

•
'sτ

•
Sτ

8], the yield 

surface is stabile in size with a kinematic hardening.  On the other hand when C≠1, the 

work hardening has a combined isotropic and kinematic character during deformation, 
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with a value of C > 1 representing a shrinking yield surface. A total number of 1944 gains 

in both phases were used in the EPSC model. The CRSS and hardening parameters of 

each slip mode, which give the best simulations, are listed in Table 7-1. These values are 

very close to those used in Chapter 5.   

 

 

Phase Slip system τ0 (GPa) τ1 (GPa) θ0 θ1 C

α 

Prismatic <a> 0.125(0.12) 0.001 10 0.05 3 

Basal <a> 0.16(0.15) 0.001 10 0.05 3 

Pyra. –comp. 0.45(0.41) 0.001 10 0.2 1 

Pyra. -tension 0.31(0.27) 0.001 10 0.2(0.01) 1 

β 

{110}<111> 0.25 0.001 10 0.01 1 

{112}<111> 0.25 0.001 10 0.01 1 

{123}<111> 0.25 0.001 10 0.01 1 

 

Table 7-1 Parameters used in EPSC model. The different values used in Chapter 5 are highlighted in 

brackets.  
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7.5 Comparison between the experimental and modeling results 

The FEM calculated macroscopic mechanical behavior and the average phase response 

are plotted in Figure 7-10. Compared to the experimental data (Figure 7-2 and Figure 7-3), 

it is shown that the simple FEM unit cell captured both the macroscopic mechanical 

behavior and the average phase response very well. It quantitatively predicts the large 

Bauschinger effect and phase strains developed during cyclic loading. The FEM predicted 

strain evolution of the β-phase is different during the first half cycle and subsequent 

cycles, indicating that the different post-yield hardening behavior of the α-phase between 

the first half cycle and the subsequent cycles is qualitatively captured by the FEM model. 

However, the FEM slightly underestimated the rapid stress relaxation of the α-phase in 

the first half cycle and thus produced smaller α hysteresis loops compared to the 

experimental results. 

 

Using FEM calculated average phase strains the EPSC model is able to calculate the 

average phase stress as well as the lattice strain evolution in each phase. Figure 7-11 

shows that a good agreement was obtained between the FEM and the EPSC in average 

phase behaviors, meaning that material models used in FEM are consistent with the EPSC 

simulations. 

 

In the axial direction, the EPSC and the experimental results are in good agreement. 

Lattice strains of all the selected grain families at peak stresses are quantitatively 

predicted. Residual intergranular strains between the {1010} and {0002} families are also 

accurately calculated. However, several discrepancies are clear between the modeling and 
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experimental data. First, the experiment showed that in all the observed α-grains, the 

strains showed a ‘kick back’ after yielding during the first tension (Figure 7-4 and Figure 

7-6), while the model failed in capturing this even with zero hardening for all dislocation 

slip modes. The reason has been discussed in [14] and in Chapter 3. The result of this 

failure is that the calculated loops are smaller than the experimental ones as illustrated by 

the {1011} and {1012} inflections. Second, the experiments showed that the elastic to 

plastic transition gradient changed with the development of cycling, especially between 

the first and the second loops (Figure 7-6). However, the model predicted the same rate 

during the whole process. For example, experiments showed that the lattice strain of the 

{1010} family gradually deviated from its linear elastic line during reverse loading, 

indicating a slow load transfer among individual grains, while the model still predicted a 

rapid strain inflection as in the first tension,. This exaggerated the load transfer and 

produced an extra curvature on strain loops of the {1011}, {1012} and {1013} grain 

families at stress regions where the experiment showed straight lines (Figure 7-12b-d).    

 

Surprisingly, considering the relative quality of agreement in predicting the monotonic 

loading in Chapter 5, the simulations perform better in the Poisson’s direction here.  

Lattice strain evolutions of the {1010}, {11 2 0}, {1013} and {0002} grain families are 

all quantitatively captured (Figure 7-13a,b,e). For the {1011} and {1012} families, the 

EPSC gave good simulations for the first half cycle but was unable to follow the change 

of the hardening rate. The predicted strain kick backs simulated in these two planes are 

faster and larger than experimental results during the subsequent cycles and hence result 

in larger hysteresis loops. As discussed in earlier Chapters the EPSC model normally 
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gives better agreement with experiment parallel to the applied loading direction rather 

than in the Poisson’s direction, due to the texture sensitivity in the Poisson’s direction 

[11]. The reason why better simulations are obtained in the Poisson’s direction in this 

case is unknown. But, as we can see, the macroscopic plastic strains imposed in the 

uniaxial loading tests are much larger (>10%, see Chapter 4) than those of the cyclic 

loading tests (±2%), more lattice rotation and texture change are probably produced 

during uniaxial loading tests, which leads to more potential slip systems, and perhaps 

results in poor modeling predictions due to the inability of the current EPSC model in 

tracking lattice rotation. On the other hand, during cyclic loading, slip probably occurs 

back and forth on the same slip systems due to the smaller plastic strain, thus lattice 

rotation and texture change are relatively smaller, which allows the EPSC model to give a 

better simulation in the Poisson’s directions. However, this is a hypothetical explanation 

at this stage and more experiments for example large strain cyclic loading would be 

needed to confirm. 
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Figure 7-10 FEM simulations of the a) macroscopic mechanical responses and the average phase 

responses in b) the loading and c) the Poisson’s directions. 

 

Modeling and experimental results of the β-phase are in good agreement in both the 

loading and Poisson’s directions (see Figure 7-12f and Figure 7-13f). One reason is that 

the FEM gave a good simulation of the phase interactions, which helps the EPSC to 

capture the inflection caused by the load transfer from the α-phase. Another possible 

reason is that for the β-phase grains a large portion of their loops consists of elastic 
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deformation, i.e. within the cyclic stress range, the β-phase is mostly deformed elastically. 

Considering the ability of EPSC to model the elastic deformation, good simulations in the 

β-phase are thus not surprising. However, with increasing cyclic stress or strain, larger 

errors would be expected. 

 

From the above comparisons between experiments and modeling simulations, it can be 

concluded that while this modeling approach broadly captured the mechanical properties 

during cyclic loading, it failed in giving accurate descriptions of micromechanical 

features such as the work hardening of dislocation slip during reverse loading. This is due 

to the inability of the current EPSC model to track the evolution of dislocation structures 

during deformation. It is believed that the morphology of dislocation structures developed 

during a particular loading path will be dependent on loading characteristics, i.e. the 

dislocation structure is formed to accommodate the current deformation in a preferable 

way. Once the strain path changes, this dislocation structure is not “stable” under the new 

load condition. The dislocation structure then undergoes the dissolution of the old 

structure and a generation of the new one, which results in different yield strength and 

hardening responses. For cases where the cyclic loading is associated with twinning and 

untwining [21], situations become more complicated. From Table 7-1, it is noted that the 

softening parameter “C” for prismatic and basal slips were 3, indicating that the softening 

rate is double the work hardening rate. If these values were constant material properties, 

the yield surface will keep shrinking with increasing cyclic number, implying that an 

infinite cycling would reduce the size of the yield surface to zero in diameter, which is 

unrealistic since the previous discussion in Section 7.3.5 has shown that the yield surface 
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becomes stable in size after the first cycle. Thus clearly, Equ.2 and 3 are not sufficient to 

describe the complex microstructure evolution and thus the development of the 

micromechanical mechanism during cyclic loading. Although the back stress can be 

roughly captured by Equ.3, predicting the work hardening during reverse loading still 

remains a big challenge at the current stage.  

 

The need for functions that can directly relate the micromechanical mechanism to 

intragranular microstructures has drawn attentions for years [8,12] and recent progresses 

were made by e.g. Proust et al. [40] and Viatkina et al. [26]. Proust et al. [40] proposed a 

composite grain model for the development of twinning and the twinning caused 

hardening in hcp metals. While Viatkina et al [26] focused on dislocation slip and 

modeled the development of dislocation cell structures in fcc metals during deformation 

through a cell formation and cell dissolution mechanism.  In [26], Viatkina et al. proposed 

that the internal stress between the cell interior and cell wall developed during pre-strain 

triggered plastic yield in the cell interior but did not decrease the macroscopic yield 

strength during reverse loading because of the opposite effect of internal stresses on the 

cell wall. However, the early slip in the cell interior activated the dislocation structure 

dissolution mechanisms such as dislocation remobilization in cells and the wall-cell flux 

of dislocations, which decreased the macroscopic yield stress upon reverse loading and 

caused the Bauschinger effect. This model quantitatively links the microscopic 

dislocation evolution to the macroscopic deformation mechanism and captures the 

Bauschinger effect and the transient hardening observed in copper upon stress reversal 

[26].  However, its ability to model cyclic loading is not clear since the comparison 
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between modeling and experiments has been made only for a one time stress reverse 

rather than cyclic loading where the back stress and the hardening response may be 

different between different cycles.  Also, the model as formualted is limited for fcc 

materials with only one type of dislocation system and can not be used for hcp materials 

such as Zr alloys which has many dislocation systems. Further more, this model doesn’t 

consider the effects of elastic and plastic anisotropies which are significant for both cubic 

and hcp metals. Clearly, in despite of the recent improvement, the topic of relating 

micromechanical mechanisms to intragranular microstructures still remains a long term 

interest for future work. 

 

 

Figure 7-11 Comparison between the FEM and EPSC of the average phase stress strain response 

during cyclic loading in a) the α-phase and b) the β-phase. 
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Figure 7-12 EPSC simulated axial strain loops (RD) for individual hkl-inflections in the α-phase (a-e) 

and the β-phase (f). 
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Figure 7-13 EPSC simulated Poisson strain loops (ND) for individual hkl-inflections in the α-phase 

(a-e) and the β-phase (f). 
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7.6 Conclusions 

In-situ cyclic loading experiments have been carried out on a hot rolled Zr-2.5Nb plate 

material. The material has an elongated microstructure with the <c> axis of the α-phase 

mostly concentrated in the TD and ND plane. The cyclic strain is ~ 2.4% in both tension 

and compression and the lattice strain evolution during cycling was measured by neutron 

diffraction. Experimental results were interpreted by a combination of FEM and EPSC 

model. It is concluded that: 

1. Results of the tension-compression and compression-tension tests are similar after 

the first half-cycle, with a large Bauschinger effect observed during reverse 

loading. The back stress is about half of the forward flow stress. This Bauschinger 

effect is important and should be considered in designing and fabrication of 

pressure tube components. 

2. The back stress in Zr-2.5Nb consists of interphase, intergranular and intragranular 

stress contributions. 

3. The experimental data were interpreted by a combination of FE and EPSC models. 

The interphase and the intergranular stress were calculated by FEM and EPSC, 

while the intragranular stress was roughly treated by introducing a work softening 

in the opposite direction to the activated slip system. An overall good agreement is 

achieved. However, several discrepancies were seen. This is due to deficiencies 

with the mechanism of modeling the hardening behavior during stress reversal. 

Further improvements require functions that can relate micromechanical 

properties to the evolution of the intragranular microstructure in a more realistic 

way.  
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Chapter 8 

Deformation of ZrNb Alloys at Room Temperature  

 

A series of in-situ compression tests have been carried out for three ZrNb alloys at room 

temperature. Evolution of the interphase and interganular strains was monitored during 

deformation by TOF neutron diffraction. It is found that the strength difference among 

these three alloys is caused principally by changes in the α-phase strength rather than due 

to the changes in the β-phase volume fraction. The yield strength of the β-phase is 

determined as ~400MPa and is almost unchanged in these three alloys. The strength of 

the α-phase significantly increased due to the combined effects of increasing oxygen 

content and decreasing grain size. The strengthening mechanisms in the α-phase are 

found to be anisotropic, e.g. more change for prismatic slip than for pyramidal slip. As a 

result, the mechanical anisotropy of the α-phase decreased with increasing strength. 

Dependent on the β/α strength ratio, the β-phase can be either weaker or stronger than the 

average material strength. A soft β-phase helps to produce compressive residual stresses 

in α grains. A new modeling approach, which combined the Finite Element Method 

(FEM) and the Elasto-Plastic Self-Consistent (EPSC) model, was used to interpret the 

experimental results. Despite the inability to capture rapid stress relaxation, it is shown to 

be effective in modeling the deformation behavior of multiphase materials.  

 

 

 263



8.1 Introduction 

Due to the good mechanical strength, high corrosion resistance and strong creep 

resistance, Zr-2.5 Nb has been selected as the pressure tube material for CANDU reactors 

since the 1970’s [1]. Its deformation mechanisms have been of interest for many years in 

aiming to predict its in-reactor deformation and to provide technique guide for 

maintenance of the current reactors [2]. Similar to Ti-6Al-4V, it is composed of the hcp 

α phase, which has anisotropic thermal and mechanical properties, and the bcc β-phase at 

room temperature. The mechanical behavior of Zr-2.5Nb depends on properties of each 

phase and the interaction between them during deformation. It has been noted that the β-

phase affected the deformation mechanism of the α-phase and thus influenced the texture 

evolution during processing [3]. However, due to the relatively small volume fraction of 

the β-phase (~10%) at room temperature, its contribution to the deformation of Zr-2.5Nb 

has been ignored in previous studies, and is hence still poorly understood. This might be 

one of the reasons that the current deformation model only works for materials with 

texture and microstructure close to those of pressure tubes for which the model was tested 

[2]. With the increasing demand of developing new materials for the next generation 

nuclear power plant and for the purpose of a more accurate modeling simulation of 

current ZrNb alloys, understanding mechanical properties and the contribution of the β-

phase to ZrNb alloys becomes more and more necessary, especially considering the 

development which has been obtained in similar materials like high β Ti alloys.  

 

In (α+β) dual phase Ti alloys, it is found that the texture evolution strongly depends on 

the geometrical arrangement and on the volume fraction of the constitute phases [4] and 
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due to elastic and plastic phase interactions, deformation modes in each phase are 

different from those of their single phase state [5]. In most cases, the β-phase is softer 

than the α-phase, the β-phase impedes <c+a> slip and twinning in the α-phase [6], 

increases the activities of the prismatic <a> slip and helps to accommodate the <c> 

component of strain [7]. The influence of the β-phase increases with increasing β/α 

volume fraction ratio [7,8]. Bearing in mind that ZrNb alloys have similar microstructures 

and crystal structures to Ti alloys, similar β-phase effects were expected in ZrNb alloys 

[9]. However, in our previous study on the deformation of a hot rolled Zr-2.5Nb plate 

material [10], contrary to the expectation that the β-phase is softer, the strength of the β-

phase is actually found to be higher than that of the α-phase. The high β-phase strength 

was attributed to the small grain size and segregation of the β stabilizing elements. In our 

recent study (Chapter 3) on the deformation of a 100% βZr material with grain size 

~200μm, the strength was found to be as high as ~ 550MPa, which was attributed to the 

strength hardening of the high O content [11] as well as the large Nb concentration [12].  

This indicates the need for more detailed and complete studies of the β-phase properties 

and their influences on the properties of ZrNb alloys. In this chapter, we report studies on 

the room temperature deformation of three ZrNb alloys which have different Nb contents. 

In-situ neutron diffraction deformation allows the estimation of the average phase 

properties and the tracing of responses of individual grain families during deformation in 

each alloy.  With the aid of a new modeling approach [13], the influence of the 

microstructure change (e.g. grain size and volume fraction) on the deformation 

mechanism was interpreted.  
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8.2 Materials and experimental method 

Three ZrNb alloys, termed as 5%Nb, 10%Nb and 15%Nb based on their different Nb 

contents, were provided by Teledyne Wah Chang in the form of extruded bars 50mm in 

diameter. The chemical compositions are listed in Table 8-1. In the β to α phase field, Nb 

segregates to the βZr, which has approximately 20%Nb. The volume fractions of the α-

phase estimated from the Zr-Nb phase diagram [14] are about 75%, 50% and 25% 

respectively in these three materials at room temperature. Due to the effect of oxygen, 

which is an α-phase stabilizer, the actual α-phase volume fraction obtained by Rietveld 

refinement [20] from the diffraction spectrum for these materials are ~79%, 60% and 

33% respectively in these three alloys. The oxygen and the iron contents were different in 

these three materials, thus we should be aware of influences which may be caused by 

these differences in minority element content. Metallographic examination showed a bi-

modal microstructure in all the three alloys, with several huge grains embedded inside the 

fine matrix. Thus heat treatments were introduced to produce more uniform 

microstructures. Several pieces of materials were cut from these bars for heat treatment. 

For axial samples, the material size is ~ 20mm×20mm×60mm with the longitudinal 

direction parallel to the bar axial direction. For samples with the longitudinal direction 

transverse to the original bar, the size of material was ~Ø50mm×15mm. These materials 

were sealed in stainless steel foil bags, filled with argon and then put into an air furnace 

and heated up to 1000oC and held for 15 minutes, furnace cooled to ~630oC and held for 

64 hours followed by water quench to the room temperature. The final microstructures of 

these three alloys are shown in Figure 8-1. In the 5%Nb, the α-phase has a plate like 

shape with the β-phase distributed between the α-grain. With increasing Nb content, the 
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α-phase decreases in grain size as well as in volume fraction. In the 15%Nb, the α-phase, 

which has a feather-like morphology, is distributed inside the β-matrix. Samples were cut 

to a size about Ø8×20mm with the longitudinal direction parallel to the bar axial and the 

transverse directions, which will be referred as the axial sample and the transverse sample 

in the rest of this Chapter.  

 

 Nb (wt%) Fe (ppm) O (ppm) N(ppm) C(ppm) Zr 

Zr-5%Nb 5.1-5.3 360-426 950-1020 35 100-110 balance 

Zr-10%Nb 9.6 869-932 1250-1280 42-52 60-80 balance 

Zr-15%Nb 14.3-14.9 638-655 1520-1570 52 100-110 balance 

Table 8-1 Chemical composition of ZrNb alloys. Materials provided by Teledyne Wah Chang Albany 

were extruded bars with diameters ~50cm.  

 

 

a) 

β 

α 

50μm
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c) 
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β 

50μm
 

 

Figure 8-1 Microstructure of the ZrNb alloys. a) 5%Nb, b) 10%Nb and c) 15%Nb.  
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Figure 8-2 Texture of the sample material. Vertical is the bar axial direction, horizontal to center is 

the bar transverse direction. 

 

Textures were measured at the E3 spectrometer at the National Research Universal (NRU) 

reactor at the AECL Chalk River Laboratory. Figure 8-2 shows some of the measured 

pole figures of these materials, more pole figures can be found in Appendix V. In 5%Nb, 

there is a high {0002} grain family distribution towards the axial direction and the 

transverse plane with additional concentration at ~60 degrees from the axial direction. 
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Corresponding to the {0002} texture, the pole figure of the <1010> orientation, which is 

perpendicular to the <0002> direction, shows a concentration in the axial direction and 

several axial symmetric bands at  ~30, 60 and 90 degrees away from the axial direction. 

The Burger’s relationship caused from the β-α phase transformation, {110}β// {0002}α, is 

shown in Figure 8-2 as well. The 10%Nb and the 15%Nb have similar but much weaker 

texture compared to the 5%Nb sample. Table 8-2 lists the calculated resolved fractions of 

the {0002} grain family [15] in the bar axial and transverse directions. It is noted that, in 

all of these three materials, even though the {0002} is largely concentrated towards the 

axial direction, its ring distribution around the transverse direction causes the resolved 

fractions of the basal plane normal in the transverse (ftrans.) direction to be slightly higher 

than that in the axial (faxial) direction.  

 

material faxial ftrans. 

5%Nb 0.30 0.35 

10%Nb 0.32 0.34 

15%Nb 0.30 0.35 

 

Table 8-2 Resolved fractions of the basal plane normal in the axial (faxial) and the transverse (ftrans.) 

directions of the three materials. 

 

In-situ neutron diffraction compression tests were carried out on ENGIN-X at the ISIS 

pulsed neutron facility, Rutherford Appleton Laboratory. A detailed description of the 

load frame and its use can be found in [16], but generally, the loading axis is horizontal 
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and at 45o to the incident neutron beam with two detector banks set up horizontally and at 

angles ±90o to the incident beam. This layout allows the simultaneous measurement of 

lattice strains in directions both parallel and perpendicular to the applied load [17]. A 

series of increasing uniaxial compressive loads were applied along the axial sample 

direction to produce a final true strain of ~8%. Strains were monitored using a dynamic 

extensometer clip gauge mounted on the sample. Experiments were under strain control, 

each time the sample was deformed to desired strains and held for 30 seconds to allow 

stress relaxation before data acquisition, which took about 10 minutes for each point. The 

experimental stress and strains reported are the average values during the data acquisition 

period. The incident beam was 8 mm high and 4 mm wide with the diffraction volume 

centered in the middle of the gauge length. The radial collimators in use provided a 

scattered aperture of 4 mm. Since the texture is symmetric about the bar axial direction, 

only one sample is needed for strain measurements if compressed along the axial 

direction. However for compression along the bar transverse direction, two samples are 

necessary, one for the case where the measured Poisson strains are along the bar axial 

direction and another for the case where the measured Poisson strains are in the bar 

transverse direction.  

 

For a multiphase material with a weak or medium texture for each phase, the average 

phase behavior is commonly determined by a multiphase Rietveld refinement [18,19], 

which is performed using GSAS code [20]. However, since the Rietveld method fits the 

diffraction spectrum by a single lattice parameter, it can produce large errors once large 

intergranular strains develop in the plastic region. For materials with a strong texture, a 
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more reasonable method is to average the responses of all the individual grain families by 

their weight fraction. This is practicable for experiments carried out at a Time Of Flight 

(TOF) facility such as ISIS, where diffractions from many peaks can be obtained 

simultaneously in a very short time. It should produce more accurate results as long as the 

texture is not significantly changed during deformation. Several applicable methods were 

proposed in [21]. Here in this paper, we used the method B from [21] where the phase 

average is expressed as: 
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where hklε  is the measured lattice strain for the {hkl} grain family,  is the diffraction 

elastic constant for the {hkl} diffraction peak, 

hklE

hklμ  is uncertainty of the individual peak 

position,  is the spacing of plane {hkl}, p is polarization factor,  is the structure 

factor, 

hkl

)

d

(0

hklF

λI  is the incident intensity and )(λA is the absorption factor, which is 

proportional to exp(-x/μ), x is the path length and μ is a characteristic length for Zr 

(1.6cm). In this experiment, the phase strain of the α-phase is the average of {1010}, 

{0002}, {1011}, {1012}, {1013}, {11 2 0}, {11 2 2} and {20 2 1} grain families. The β-

phase strain is the average of {110}, {200}, {211} and {310} grain families. 

 

Interactions among each individual grain families, defined as a subset of grains having an 

{hkl} plane lying within several degrees to the diffraction vector, were shown by the 
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evolution of their lattice strains, which were calculated based on Bragg’s law, with peak 

positions determined by single peak refinement using the GSAS code [20]. 

 

8.3 Experimental results and discussion 

8.3.1 Macroscopic mechanical properties 

Macroscopic mechanical behaviors of these three materials are plotted in Figure 8-3. 

Based on tests of three samples of each material, irrespective of texture, the average 

Young’s modulus are ~77.5±9.5GPa, 70.95±4.3GPa and 65.6±2.5GPa for the 5%Nb, 

10%Nb and 15%Nb alloys respectively. The average yield strengths, determined at 0.2% 

plastic strain, are 358±7MPa, 483±2.6MPa and 546.6±15.3MPa respectively. With 

increasing Nb content (i.e. increasing volume fraction of the β-phase), the Young’s 

modulus decreases, but the yield strength increases.  Also, it can be seen that for the 

5%Nb and the 10%Nb alloys, the yield strength of the transverse sample is slightly higher 

than that of the axial sample, while for the 15%Nb alloy the yield strength is almost the 

same for the transverse and the axial sample. Finally, it can be seen that with increasing 

yield strength, the hardening rate decreases. 
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Figure 8-3 Macroscopic mechanical behaviors of ZrNb alloys.  The suffix “axial” means the axial 

sample, the suffix “transT” means one of the transverse samples. 

 

8.3.2 Average phase responses 

The average phase responses during deformation are plotted in Figure 8-4. Since stress 

strain behaviors of the axial sample and the transverse sample are qualitatively similar, 

for reason of space, for each material, only results of one of the three tests are shown. 

More figures can be found in Appendix V. All the data plotted in figure are relative to the 

zero stress state, thus Figure 8-4 only shows the evolution of interphase stress strains 

caused by deformation and not any due to fabrication processes.   
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Figure 8-4 Comparison between the experimental and the modeling results,  a) Macroscopic 

 

In the elastic region, the diffraction elastic constants of the α and the β-phase are 

~97.5GPa and 77GPa for 5%Nb, ~90.7 and 67.2GPa for 10%Nb, ~88.1 and 67.4GPa for 

15%Nb alloy, respectively. In the plastic region, for the 5%Nb alloy, the α-phase yielded 

at the applied stress ~-320MPa (Figure 8-4b) and then its lattice strain shifted towards a 

tensile strain relative to its linear elastic line. In the mean time, the lattice strain of the β-

mechanical behavior, b) average phase responses 5%Nb, c) 10%Nb and d) 15%Nb. Dots are the 

calculated average phase behaviors based on the experimental results, while the lines shows the FEM 

simulations.   Dashed lines in b) show the Young’s moduli of the α and β-phases without constraint. 

 275



phase moved towards more compressive strain, indicating a load transfer from the α to 

β−phase as the applied stress increases.  The β-phase yielded at an applied stress close to 

-400MPa, after that the load was transferred back to the α-phase, indicated by the second 

inflection in the stress-strain curve. Similar phenomena were observed in the Poisson 

direction. The interphase strain at the peak applied stress was ~3500×10-6 in the loading 

direction and ~2000×10-6 in the Poisson’s direction. After unloading, the residual 

interphase strain was ~1800×10-6 in the loading direction and ~1500×10-6 in the Poisson’s 

direction. 

 

Similar behavior was observed in the 10%Nb alloy, except that the α-phase is stronger 

or the 15%Nb alloy, the strength of the α-phase is again increased compared to the 

and yielded at a higher applied stress ~-400MPa, while the β-phase yielded at an applied 

stress ~-500MPa. The residual interphase strain was ~1500×10-6 in the loading direction 

and ~850×10-6 in the Poisson’s direction. 

 

F

lower Nb content alloys. However, since the inflection or load sharing during deformation 

in this material was so small, it is hard to tell which phase yielded first from Figure 8-4d. 

Evidence of the phase yielding will be found in the next section when the lattice strains of 

the individual grain families are compared to each other. The residual interphase strain 

was ~300×10-6 in the loading direction and ~100×10-6 in the Poisson’s direction. 
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8.3.3 Evolution of the intergranular strains  

The accuracy of the measured phase strains depends to some extent on the method used in 

determining them and assumptions made for calculation. Mostly it can only tell a general 

story about the phase contribution and interactions between them. On the other hand the 

evolution of the lattice strain of individual grain families gives more direct and accurate 

evidence about the yielding and the load transfer among different grain families. These 

data are plotted against the applied stress in Figure 8-5-7. For each material, only results 

of one of the three tests are shown, the others have qualitatively similar results. For clarity, 

only data of the selected grain families are plotted. More detailed results can be found in 

Appendix V. Again data shown in figures are relative to the zero stress state, thus only 

show the strains caused by the applied stress.   

 

8.3.3.1 5%Nb alloy 

The lattice strain evolutions of both the α and the β-phases in the 5%Nb alloy are shown 

in Figure 8-5. Generally, the lattice stain versus stress curve of each individual grain 

family can be separated into several steps depending on their yielding sequence and 

hardening behaviors exhibited during deformation.  

1. In the elastic region, the α-phase showed a very small elastic anisotropy in both 

the loading and Poisson’s directions, while the β-phase exhibited a relatively 

larger elastic anisotropy.   

2. As an applied stress close to ~-280MPa, shown by the first dashed line in Figure 

8-5a, the first inflection point was observed in the stress strain curve of the {1010} 
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grain family, which is followed by the stress strain curve shifting towards tension 

relative to its linear elastic relationship.  This indicates the yield of the {1010} 

grain family and the load transfer from the {1010} grains towards the other α-

grains and the β-grains. Correspondingly, lattice strains of the other grains of the 

α-phase and the β-phase shift towards more compressive strain. The lattice strain 

of the {1010} grain family at yield in the loading direction was ~2500×10-6. 

3. In the stress region from ~-340 to -400MPa, between the second and the third 

dashed lines, the stress-strain curves of the {1011}, {1012} and {11 2 2} grain 

families in the loading direction deviated from their linear elastic relationship and 

went near vertical with increasing applied stress , indicating that no more applied 

stress is taken by these grains during this deformation period. For the {1011} 

grain family, its lattice strain even slightly kicked back, implying a stress 

relaxation at this deformation stage (Figure 8-5a). To balance the internal stress, 

more load was taken by other grain families, e.g. {0002}, {110}, {200} and {211}, 

whose lattice strains then increased at a larger rate. 

4.  At a stress close to ~-400MPa, the β-grains yielded, which caused the third 

inflection point in stress-strain curves of all the grain families.  

5. The last inflection in the Poisson’s direction appeared at an applied stress of about 

-460MPa. The lattice strain of the {1010} grains sharply kicked back, while the 

lattice strain of the {200} grain family increased rapidly. However, a 

corresponding inflection point in the loading direction is not clearly shown in any 

of the selected α grain families (Figure 8-5a). Since the {1010} grain family in 

the Poisson direction consists of grains which may belong to any of the axial grain 
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family (e.g. either the [0002] or [11 2 0] direction can be ‘axial’ for the grains in 

the {1010} family pointing towards the Poisson’s direction), there is no one to 

one relationship between the axial and the transverse grain families. The 

significant response in the Poisson direction doesn’t correlate with too much 

change to the α strains in the loading direction. Still it can be seen that, 

corresponding to yielding of the {1010} in the Poisson direction, the lattice strains 

of the {110} and the {211} β-grains in the loading direction shifted towards more 

compression (Figure 8-5c).  

 

In the axial direction, the intergranular strain developed in the α and the β-phase was 

about the same ~5000×10-6, while the largest spread in intergranular strains in this 

material, which was between the {1010} of the α-phase and the {200} of the β-phase, 

was ~ 8000×10-6. In the Poisson direction, the intergranular strain was relatively smaller, 

~3000×10-6 between the {1011} and the {110} grain families. After unloading, the {1010} 

was under tension with the residual strain ~ 1550×10-6 and the {0002} was under 

compression with residual strain ~-3500×10-6. The β-grains are all under compression 

with the largest residual strain in the {200} grain family ~ -2800×10-6. 
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Figure 8-5 Evolution of the intergranular strains in 5%Nb. a) α-phase, loading direction, b) α-phase, 

Poisson’s direction, c) β-phase, loading direction, d) β-phase, Poisson direction. The dashed lines 

show the inflection points which separate the deformation into different stages. The errors of the 

lattice strains are ~10-100×10-6. 

 

 

 

 

 

 

 280



8.3.3.2 10%Nb alloy 

Figure 8-6 shows the evolution of intergranular strain in the 10%Nb alloy during 

deformation. Compared to the 5%Nb alloy, in the loading direction the {1010} grains 

yielded at a higher applied stress, ~-400MPa, and a larger lattice strain, ~-4300×10-6. The 

lattice stain of the {1010} grains then went almost vertical until an applied stress close to 

-480MPa. More and more stress increment was then shared by other grains, which is 

shown by the slight deflection of the stress-strain curve of the {0002} grain family of the 

α-phase (Figure 8-6a) and the β grain families (Figure 8-6c, d). At an applied stress ~-

480MPa, the {1011} and {1012} grain families of the α-phase and the {110} of the β-

phase all yielded and more applied stress increment was then taken by other grains. 

Between the applied stress of -480MPa to -530MPa, the stress strain curve of the {1010} 

and {10 1 1} α families slightly kicked back towards tension and the lattice strain 

decreased with increasing applied stress, indicating the stress relaxation of these two 

grain families during this deformation stage. At the same time, the stress strain curve of 

the {110} family of the β-phase went vertical, taking no more stress increment. In the 

Poisson direction, the lattice strains of the {1011}, {1012} and the {200} grain families 

also kicked back at a similar applied stress level. Finally, the {0002} family yielded at an 

applied stress close to -530MPa. This caused the grains that had yielded earlier to pick up 

the load again and exhibit a strain hardening as the deformation continued.  

 

Similar to the 5%Nb alloy, the largest intergranular strain developed in the loading 

direction, between the {1010} and {200} grain families is ~8000×10-6. In the Poisson 
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direction it is ~3000×10-6.  The axial residual strain after unload in the α-phase is ~1800 

×10-6 in the {1010} family and ~-3800×10-6 in the {0002} family. In the β-phase, the 

residual strain is ~680×10-6 in the {110} family and ~-2500×10-6 in the {200} family. 

 

 

 

Figure 8-6 Evolution of the intergranular strains in 10%Nb. a) α-phase, loading direction, b) α-phase, 

Poisson’s direction, c) β-phase, loading direction, d) β-phase, Poisson direction. The dashed lines 

show the inflection points which separate the deformation into different stages. The errors of the 

lattice strains are ~10-100×10-6. 
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8.3.3.3 15%Nb alloy 

The lattice strain evolutions in the 15%Nb alloy are plotted against the applied stress 

in Figure 8-7. It can be seen that in this material, with the increased strength of the α-

phase, the β-phase yielded earlier than the α-phase. The axial {110} grain family deviated 

from its elastic behavior at an applied stress close to -500MPa, and then showed a rapid 

stress relaxation at a stress ~-550MPa (Figure 8-7c and d). The axial {1010} grains of the 

α-phase yielded at an applied stress close to -550MPa (Figure 8-7a), where the lattice 

strains of the {0002} and {1013} grain families shifted towards more compressive to 

balance the load shed by the {1010} α-grains and the β-phase. From Figure 8-7a it is 

hard to tell where the {0002} family started to yield, but it possibly occurred at an applied 

stress around -600MPa, where the strains of the β-grains shifted towards more 

compressive (Figure 8-7c). It is worth noting that the inflection points of the {1010} and 

the {1011} grain families are very close, i.e. both of them yielded at the lattice strain 

~6500×10-6 and their strain evolutions were almost identical (Figure 8-7e), while in the 

other two alloys there was a distinct gap between these two crystal grain families (Figure 

8-5a and Figure 8-6a). 

 

The largest intergranular strain difference developed in the loading direction, between the 

{1010} and {200} grain families, was ~7000×10-6. While in the Poisson direction it was 

~1000×10-6. The axial residual strain in the α-phase was ~430×10-6 in the {1010} grain 

family and ~-4500×10-6 in the {0002} grain family. In the β-phase, the residual strain was 

~970×10-6 in the {110} grain family and ~-2200×10-6 in the {200} grain family. 
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Figure 8-7 Evolution of the intergranular strains in 15%Nb. a) α-phase, loading direction, b) α-phase, 
Poisson’s direction, c) β-phase, loading direction, d) β-phase, Poisson direction, e) strains of (1010) 
and (10 1

0-100×10 . 
1) grain families. The dashed lines show the inflection points which separate the 

deformation into different stages. The errors of the lattice strains are ~1 -6
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8.3.4 Intensity change during deformation 

During deformation of polycrystalline metals, the intensities of diffraction peaks change 

with grain rotation caused by slip and/or by twinning. For αZr, tensile twinning causes an 

85o angle rotation of the basal poles, while compressive twinning rotates the basal poles 

about 65o. This feature helps to determine the activity of the twinning system in Zr and 

other hcp crystals [30,31]. The evolution of the peak intensities in the loading direction of 

5%Nb and 10%Nb alloys are shown in Figure 8-8. The 15%Nb alloy has a similar trend 

and is not shown for reason of space. It can be seen that for each material, the intensities 

kept unchanged until the plastic region, where the intensity of each peak either increased 

or decreased depending on the texture and the activated deformation modes. The {0002} 

intensity decreased in the axial samples, but stayed constant in the transverse samples. It 

can be seen that the overall intensity change is very small, indicating that twinning is at 

most a minority effect. 
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Figure 8-8 Intensity change in the loading direction for a) 5%Nb, axial sample, b) 5%Nb, transverse 

sample, c) 10%Nb, axial sample, d) 10%Nb, transverse sample. Dashed lines show the macroscopic 

yield strength. Uncertainty is less than 6%. 
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8.4 Modeling  

To predict the deformation behavior of the two phase ZrNb alloys, a successful modeling 

method should be capable of modeling the mechanical properties on both the macroscopic 

and microscopic scales. In the microscopic scale, it should be able to simulate the average 

phase behaviors as well as the evolution of the intergranular stress strains. The currently 

popular Elasto-Plastic Self-Consistent (EPSC) model has shown success for the single 

phase material, but not for the multiphase materials, especially when the phase interaction 

caused by different phase properties and geometric arrangement are significant. Recently, 

a new modeling approach which combines the finite element method (FEM) and the 

EPSC model has been shown to be effective in modeling the deformation behavior of 

multiphase materials [13,22]. In this modeling approach, FEM is used to calculate the 

average phase responses and the calculated stress or strain of each phase are used as the 

boundary conditions in EPSC model to simulate the interactions among the individual 

grain families in each phase. This method has been used in modeling the deformation 

behavior of a hot rolled Zr-2.5Nb plate material and produced very encouraging results 

(see Chapter 5). In this paper, this method will be compared to the experimental results 

from the ZrNb alloys with different amount of β-phase.  

 

More details about this approach are given in Chapter 5. In brief, a simple FEM unit cell 

was first constructed to capture the general features of the microstructure, such as the 

volume fraction and the relative geometry distribution of each phase. Obviously a simple 

FEM unit cell model can’t fully capture the complicated microstructures shown in Figure 

8-1, where both phases are locally randomly arranged and each grain has different crystal 
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grain family. However, considering the nature of the phase transformation, where the α-

grains always precipitate inside the β-matrix during cooling, thus in the scale of the bulk 

material, the complicated microstructure was simplified to a FEM unit cell in which the 

α-phase was designed as a cube wrapped by the β-phase from three adjacent planes (see 

Figure 6-13.2). Providing each phase section of the FEM cell with the average phase 

properties, we assume this simple FEM unit cell is able to represent the bulk material and 

thus can be used to simulate the average phase responses during deformation. Perfect 

bonds were applied between phases, i.e., there was no phase boundary sliding between α 

and β phases. Each phase was provided with the average phase properties calculated 

based on the single crystal elastic constants and the texture distribution. The single crystal 

elastic constants used are: c11=c22=143.5GPa, c12=72.5GPa, c13=c23=65.4GPa, 

c33=164.9GPa, c44=c55=32.07GPa and c66=35.5GPa for the α-phase [23] and 

c11=145.9GPa, c12=117.4GPa and c44=29.8GPa for the β-phase (Chapter 3). The plastic 

properties were estimated first and then tuned by iterative comparisons between the 

experimental results and the FEM simulations. The FEM results, such as the macroscopic 

mechanical response and the average phase elastic responses, were compared to the 

experimental data. Once a good fit is obtained, the FEM phase stress or strain histories 

were imposed as boundary conditions in the EPSC model to calculate the evolution of the 

intergranular strains, which were then compared with the experimental results. The 

average phase responses predicted by EPSC were also iteratively compared to the FEM 

results to make sure the input phase properties are as close as possible to their real values.  
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Since the early implementation by Hutchinson [24], EPSC has been widely used to 

describe the elasto-plastic properties of the polycrystalline aggregates and has been 

shown to give good simulations of the deformation behaviors of single phase materials 

[25]. In this model, a population of grains is selected with a distribution of grain families 

and volume fractions determined from the measured texture. Each grain, which has the 

anisotropic elastic constants and plastic deformation characteristics of a single crystal of 

the material under study, is treated as an ellipsoidal inclusion embedded in a Homogenous 

Effective Medium (HEM) that has the average properties of all grains.  Interactions 

between individual grains and the HEM are calculated using an elasto-plastic Eshebly 

method [26]. No lattice rotation or texture evolution is considered in this model and thus 

it is valid only for small strain deformation. More details about the EPSC can be found in 

[27]. 

 

The slip systems considered in the α−phase are prismatic <a> slip, basal <a> slip and 

pyramidal <c+a> slip, which are the predominant slip modes in the α-Zr at room 

temperature [28]. Considering the asymmetric yielding of the <c+a> slip (see Chapter 4), 

different CRSS were used for dislocations experiencing tension or compression. 

Twinning is not considered during the simulations. Part of the reasons is that twinning is 

rarely found in the dual phase ZrNb alloys. In addition, the current EPSC doesn’t simulate 

the rotation and relaxation caused by twinning and twinning is instead treated like a 

unidirectional slip. Finally, as will be shown in the later section, the intensity change 

during this experiment does not support twinning. The slip modes considered in the β-

phase are <111> pencil glide on {110}, {112} and {123} planes. Again, twinning is not a 
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major deformation system in the β-phase as discussed in Chapter 3. The hardening of 

each slip system is described by an extended Voce law [29]. 
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Where  is the threshold value, is the Voce stress where the hardening extrapolates to 

zero, is the initial hardening rate and is the final asymptotic hardening rate for the 

slip system S, Γ is the accumulated shear strain in the grain. These values were unknown 

initially and were determined by iterative comparisons between the experimental results 

and the modeling simulations. We assume an isotropic hardening, i.e. the latent hardening 

is equal to the self hardening. A total number of 1944 gains in both phases were used in 

the EPSC model. The CRSS and hardening parameters of each slip mode, which give the 

best simulations, are listed in 
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Table 8-3. The thermal residual strains in each phase and in 

each individual grain family caused after cooling from the stress-free temperature were 

estimated using the method described in Chapter 5. 

 

8.5 Modeling results  

The FEM simulations of the macroscopic mechanical properties and the average phase 

responses are plotted against the experimental results in Figure 8-4. It can be seen that in 

the elastic region, FEM slightly overestimated the elastic constraint between the α and the 

β-phase, i.e. the calculated elastic anisotropy is smaller than the experimental data. 

Despite this, the overall FEM simulation is still quantitatively good. It is able to simulate 

the macroscopic mechanical properties of all of the three alloys as well as their average 
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phase responses in both the loading and the Poisson’s directions. The elastic anisotropy, 

the yielding of each phase and the development of the interphase strains are well captured.  

Using the average phase strains calculated by FEM model as the boundary conditions in 

the single phase EPSC model as described in [13], the predicted phase stress strains and 

the evolutions of the lattice strains of the individual crystal grain families are plotted 

in Figure 8-9 to Figure 8-11.  

 

Material 5%Nb 10%Nb 15%Nb 

Slip system τ0 

(GPa) 

τ1 

(GPa) 
θ0 θ1 

τ0 

(GPa) 

τ1 

(GPa) 
θ0 θ1 

τ0 

(GPa) 

τ1 

(GPa) 
θ0 θ1 

pris 0.118 0.001 10 0.001 0.18 0.001 10 0.001 0.24 0.02 10 0.001 

Pyr+ 0.24 0.02 3 0.1 0.29 0.001 10 0.05 0.39 0.001 10 0.05 

Pyr- 0.40 0.001 10 0.2 0.50 0.001 10 0.1 0.53 0.001 10 0.1 

basal 0.16 0.001 10 0.1 0.19 0.001 10 0.001 0.24 0.02 5 0.01 

(110)<111> 0.17 0.01 1 0.1 0.185 0.01 1 0.1 0.19 0.01 1 0.01 

(112)<111> 0.17 0.01 0.5 0.1 0.185 0.01 0.5 0.1 0.19 0.01 0.5 0.07 

(123)<111> 0.17 0.01 5 0.1 0.185 0.01 5 0.1 0.19 0.01 5 0.07 

 

Table 8-3 Parameters used in simulation. Pyr+ means the tensile pyramidal slip, while Pyr- indicates 

the compressive pyramidal slip. 
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For the 5%Nb alloy, it is shown that EPSC described the responses of most of the α-

grains very well in both the loading and the Poisson’s directions. The predicted lattice 

strains quantitatively match the experimental measurements (Figure 8-9a,b). For the β-

phase, the simulations are very encouraging. It reproduced the inflection caused by load 

sharing that resulted from the yielding of the α-phase, although this effect is slightly 

exaggerated by model, which is probably caused by overestimated phase constraint 

during the FEM simulation. Also EPSC closely simulated the yielding of the selected α 

and β grain families and qualitatively predicted the development of their lattice strains. 

However, it is shown that, in the β-phase, while this method captured the hardening of the 

{110} grain family, it was unable to do so for the {200} grain family at the same time. 

Another disagreement is seen in the {1011} grain family of the α-phase, which is not 

shown for clarity of the figures. The experiment showed that the {1011} family yielded at 

a smaller lattice strain than the {10 1 2} family and then experienced a rapid stress 

relaxation (Figure 8-5a). The calculated {1011} family, on the other hand, behaved very 

similarly to the calculated {1012} grain family and showed no stress relaxation stage. 

Finally, it can be seen that although the model captured the inflection of the {200} grain 

family in the Poisson’s direction at a stress ~460MPa, it wasn’t able to model the sharp 

strain kick back after (Figure 8-9d). 
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Figure 8-9  5%Nb, comparison between the EPSC model and the experimental results, a) lattice 
strain evolution of individual grain family of the α-phase in the loading direction, b) α-phase in the 
Poisson’s direction, c) β-phase in the loading direction and d) β-phase in the Poisson’s direction. Dots 
are the experimental results and the lines represent the modeling results. 
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For the 10%Nb alloy, the EPSC model gave a reasonable description to the lattice strain 

evolution of most of the grain families in both loading and Poisson’s directions. In the α-

phase, responses of the {1012}, {1013}, {0002} and {11 2 2} grain families in the 

loading direction were quantitatively reproduced. For the {1010} grain family, the model 

was able to reproduce the yield point but was unable to capture the soft stress strain 

response after yield, i.e., the experiment showed a near vertical stress strain curve after 

yield, while the slop of the modeled stress strain curve is much shallower. Also it did a 

poor job in capturing the strain evolution of the {1011} grain family (not shown for 

clarity) as it did for the 5%Nb alloy. In the β-phase, the effects of load transferring from 

the α to β-phase, the yielding of each grain family and the trend of the development of 

intergranular strains were all qualitatively represented. But it is seen that, once again, it 

failed in capturing the near vertical stress strain response of the {110} grain family after 

yield. Also the calculated stress strain curve of the {200} grain family is steeper than the 

measured one (Figure 8-10c). Similar to the 5%Nb, the model wasn’t able to capture the 

rapid {200} strain kick back in the Poisson’s direction at an applied stress ~530MPa 

(Figure 8-10d). 

 

Similarly, for the 15%Nb alloy, EPSC showed the same abilities and inabilities as it did 

in the other two alloys. It was able to simulate the yielding and hardening of most of the 

grain families, but was unable to predict the lattice evolution of grain families that 

showed the vertical or kicked-back stress strain response.    
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Figure 8-10 10%Nb, comparison between the EPSC model and the experimental results, a) lattice 
strain evolution of individual grain family of the α-phase in the loading direction, c) α-phase in the 
Poisson’s direction, d) β-phase in the loading direction and e) β-phase in the Poisson’s direction. Dots 
are the experimental results and the lines represent the modeling results. 
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Figure 8-11 15%Nb, comparison between the EPSC model and the experimental results, a) lattice 

strain evolution of individual grain family of the α-phase in the loading direction, b) α-phase in the 

Poisson’s direction, c) β-phase in the loading direction and d) β-phase in the Poisson’s direction. Dots 

are the experimental results and the lines represent the modeling results. 
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8.6 Discussion 

The strength difference of each alloy in the axial and transverse directions is explained by 

the texture dependence of strength of the α-phase. As listed in Table 8-2, the resolved 

basal plane normal in the transverse direction is higher than that in the axial direction, 

thus the α-phase is stronger in the transverse direction than that in the axial direction, 

which causes the higher yield strength of the transverse sample. The influence of the α-

phase decreases with a decrease in its volume fraction, and the β-phase texture is weak, 

thus for the 15%Nb alloy, the yield strengths of the axial and transverse samples are 

almost the same. The texture of the 15%Nb alloy is relatively more random compared 

with the other two alloys, which may also decrease the strength anisotropy along the axial 

and the transverse directions. Another explanation to the small texture dependence of 

strength in the 15%Nb alloys, as will be discussed later, is related to the smaller strength 

anisotropy of the α crystal in the 15%Nb alloys than that seen in the other two alloys. 

 

From our previous study on a hot rolled Zr-2.5Nb [10], where the β-phase was found to 

be stronger than the α-phase, it might be easy to simply attribute the increasing strength 

of these three alloys to the increasing volume fraction of the β-phase. However, the 

development of the phase strains and the lattice strains of the individual grain families 

gives a different explanation. From Figure 8-4, assuming the Poisson constraints between 

the α and β phases can be ignored, we can roughly estimate their yield strengths by 

simply multiplying the Young’s modulus and the yield point strains in the loading 

direction. For an example, in the 5%Nb alloy the first inflection point of the α-phase 

indicates its yielding, thus the lattice strain at this point, ~3000×10-6,  times the Young’s 
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modulus, ~100GPa, gives an estimated value ~300MPa. Similarly, the yield strength, 

indicated by the second inflection point, of the β-phase in this material was estimated as 

360MPa. These values were initially used in the FEM model as materials properties and 

then tuned by iterative comparison between the experimental and modeling results. The 

determined yield strengths of the α and β phases, which give the best agreement between 

the experiments and FEM simulations, are ~310MPa and 380MPa respectively. The 

difference between the initial estimation and the determined value is partially due to the 

influence of Poisson constraint. Similarly, the yield strength of the α and the β-phase are 

determined as ~520MPa and ~400MPa for the 10%Nb alloy, ~680MPa and 420MPa for 

the 15%Nb alloy. The strength of the β-phase is only slightly changed in these three 

alloys, while the strength of the α-phase increased dramatically. The strength increase of 

the α-phase in these three alloys is related to the increasing O content (Table 8-1) due to 

the solid strengthening mechanism [11,32,35,36] and also to the grain size refinement as 

shown in Figure 8-1.  The grain size refinement is attributed to the increasing Nb content 

in these three alloys. As the Nb content increases the β to α phase transformation 

temperature decreases, which inhibits the grain coarsening, and results in a finer α-grain 

size. One practical use of this finding is that it suggests the possibility to significantly 

increase the strength of the Zr-2.5Nb pressure tube material by refining the grain size 

through a proper heat treatment such as fast cooling through the two phase region, which 

may delay the phase transformation and prevent the α-grains from growing in the high 

temperature region.  
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From Figure 8-5 to Figure 8-7, it is shown that the macroscopic strength increment from 

5%Nb to 15%Nb alloys was mainly attributed to the strength increase of α-grains, which 

is indicated by their increased lattice strains at yield. Among the selected grain families, 

the strength of the {1010} grain family increased more rapidly than the others, suggesting 

an anisotropic strengthening mechanism in these three alloys. This is confirmed from the 

best fit modeling results. From Table 8-3, it is seen that the CRSS of the prismatic <a> 

slip increased faster than those of basal <a> and pyramidal <c+a> slips with increasing 

Nb content. For an example, the CRSS of the compressive pyramidal <c+a> slip showed 

little change between the 10% and 15%Nb alloys, while the CRSS of the prismatic <a> 

slip increased steadily in these three alloys. The anisotropic strengthening mechanism 

may be associated with the effect of oxygen on different slip systems. Bailey [38] studied 

dislocation structures in deformed zirconium with two different oxygen and nitrogen 

contents and found that the stress for prismatic <a> slip increased less rapidly than that 

for basal <a> slip with increasing oxygen and nitrogen contents, implying an anisotropic 

effect of oxygen on different slip systems. The study of Churchman on single crystal Ti 

[37] showed that interstitial atoms like oxygen and nitrogen obstruct dislocation slip on 

(10 1 0) and (0001) planes, but have less effect on slip on the (10 1 1) plane. Thus 

increasing oxygen content will cause a larger strength increment for slip on (1010) and 

(0001) planes. A similar effect is expected in α-Zr considering it has both a similar 

crystal structure and c/a ratio to α-Ti. Akhtar [39] studied the deformation mechanism of 

single crystal Zr with interstitial (O) content ~ 260ppm and found that the CRSS of 

pyramidal slip is ~10-20 times higher than that of prismatic slip. Similarly, Tomé et al. 

[44] and Oliver et al. [45] have obtained very high pyramidal to prismatic CRSS ratios for 
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a pure zirconium polycrystal with interstitial (C+O+N) element less than 100ppm. 

However, this ratio is normally in a range of ~2-4 in Zr alloys with higher interstitial 

content (O=~900-1500ppm, C=~40-160ppm and N=~20-60ppm) [40,41,42,43]. This 

confirms the likely anisotropic strengthening mechanism of interstitial atoms in α-Zr and 

provides an explanation to the current experimental results; the large CRSS increment of 

the prismatic slip and basal slip from 5%Nb to 15%Nb was caused by the increasing 

oxygen content and decreasing grain size, while the relatively small CRSS increment of 

the pyramidal <c+a> slip probably due mostly to the decreasing grain size. Since the 

effects of the grain size and the oxygen were combined together in this experiment, we 

are unable to tell which factor contributed more to the strength increment  

 

The impact of the anisotropic strengthening is two fold. First, it changes the evolution of 

the intergranular strain during deformation. Figure 8-5 to Figure 8-7 show that the 

intergranular strain decreased with increasing CRSS for prismatic slip (e.g. the lattice 

strain evolutions of (1010) and (1011) grain families are almost identical in 15%Nb alloy 

(Fig.7e)). Since intergranular strains of α-Zr play an important role in irradiation growth 

[33], the anisotropic strengthening effect of interstitial atoms to α-Zr is thus important 

and should be considered in designing and manufacturing fuel channels. Second, with 

increasing interstitial content, the texture dependence of the strength decreased. Figure 8-

12 plots the CRSS ratios of different slip modes to the prismatic slip in these three alloys. 

The general trend is that with increasing α-phase strength (i.e. from 5%Nb to 15%Nb), 

the CRSS ratios of the pyramidal and basal slips to the prismatic slip decrease, indicating 

that the strength anisotropy of the α-phase decreases with the increasing strength. This 
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explains the smaller texture dependence of strength of the 15%Nb alloy compared to the 

other two alloys as mentioned in Section 8.4.1. It is shown in Figure 8-12 that the CRSS 

ratios of the basal to prismatic slip and the tensile pyramidal slip to prismatic slip reach 

saturation values of ~1 and 1.6 respectively in the 10% and 15%Nb alloys, while the ratio 

of the compressive pyramidal slip to the prismatic slip decreases at a constant rate. It 

would be interesting to see whether this ratio continuously decreases or will reach a 

saturation value if the strength (or oxygen content) keeps increasing.  

 

Strengths of the β-phase in these three alloys and their dependent variables are listed in 

Table 8-4. Also listed are data from previous studies. Since the oxygen is expected to 

segregate to the α-phase in the first four alloys in Table 8-4, oxygen contents in the β-

phase of these alloys might be assumed to be very low in all cases. However in the last 

two β-phase materials, it is likely that the oxygen was dissolved in the β-phase by 

quenching from temperatures above the α to β phase transformation. Thus higher 

strengths obtained in these two alloys are likely caused by the solid strengthening from 

oxygen and nitrogen. Comparison between the 5%Nb alloy and the 10%Nb alloy suggests 

that Fe increase the β strength, but if the β strength of the 15%Nb alloy is taken into 

account, the effect of Fe remains unclear, or at least not strong at this level. Comparison 

between the 2.5Nb (Chapter 4) and the 10%Nb alloys indicates that the high β-phase 

strength found in the Zr-2.5Nb is probably attributable to its nano-scaled grain size and 

possibly residual stresses produced during hot rolling.   
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Figure 8-12 The CRSS ratio of the slip modes to the prismatic slip decrease with increasing strength. 

“Pyr.+” means the tensile pyramidal <c+a> slip, “Pyr.-” means the compressive pyramidal <c+a> slip 

and “Basal” indicates the basal <a> slip. 

 

In the elastic region, the α-phase is stiffer than the β-phase. The phase interaction causes 

the α-phase to bear more stress than the β-phase, which makes the α-phase yield earlier 

than it would without the β-phase. For an example, in the 10%Nb alloy, the α-phase 

yielded earlier than the β-phase even though it has the higher yield strength. Therefore, 

the existence of the β-phase decreases the Young’s modulus of the bulk material and 

causes the early microscopic yield. This effect increases with increasing β-phase volume 

fraction as mentioned in Section 8.4.1. In the plastic region, the β-phase influence 

depends on the relative β/α strength ratio. If the β-phase is stronger than the α-phase, it 

increases the macroscopic material strength, as it did in the 5%Nb alloy. Otherwise, it 

decreases the material strength as it did in the 10%Nb and 15%Nb alloys. Considering 

that each phase consists of different grains which have different crystal grain family and 

different properties, the real situation is more complicated. For an example, in the 10%Nb 
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alloy, even though the average phase behavior shows that the α-phase yielded earlier than 

the β-phase, the α {0002} grain family was the last one to yield among all the grains 

grain families in both phases. Thus the presence of the β-phase between the α-grains 

accommodated the <c>-component strains and impeded the <c+a> slip and twinning as it 

did in Ti-6Al-4V [6].  This is likely a reason why twinning is rarely found in dual phase 

ZrNb alloys. 

 

Figure 8-13 shows residual strains of individual grain families in the axial loading 

direction. It is shown that with decreasing β/α strength ratio (i.e. from the 5%Nb to 

the15%Nb alloys), residual strains of the α grains decreased and tended to shift towards 

compression, while residual strains of the β grains shifted towards tension. This suggests 

the possibility to control the deformation residual stress by properly designing β/α 

strength ratio and volume fractions. This information may be useful in designing new 

materials for the next generation nuclear power plant considering that the pre-strain 

residual stresses result in long term transient irradiation growth in CANDU fuel channels 

[2,33].  
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Alloys  O (ppm) Fe (ppm) Process β grain 

size 

σβ 

(MPa) 

Zr-2.5Nb10) (1200) 960 hot rolled, furnace 

cool  

~20-50nm 560 

Zr-5%Nb (985) 390 1000oC, 15min., 

furnace cool to 

630oC, WQ  

<10μm 380 

Zr-10%Nb (1260) 900 <10μm 410 

Zr-15%Nb (1550) 650 ~10-40μm 420 

Zr-20%Nb*) 1360 518 WQ at 830oC 200μm 550 

Zr-20%Nb12) 630 N/A WQ at 850oC 100μm 550 

 

Table 8-4 List of the β-phase strength and the dependent variables of the ZrNb alloys. The O content 

in the first 4 alloys are expected to segregate in the α-phase. *--Chapter 3 

 

Figure 8-13 Residual strains in the individual grain grain families along the axial loading direction. 

 

 

 304



The combination of the FEM and the EPSC model was shown to be an effective approach 

to simulate the deformation behavior of a multiphase material. First, despite its simplicity, 

the FEM unit cell is capable of describing the average phase response and the phase 

interactions upon deformation and allows the implementation of the single phase EPSC 

model to multiphase materials without worrying about errors which may be caused by 

ignoring the minority phase. Second, based on the FEM calculation, EPSC is able to 

capture the influence of phase interactions on the evolution of the intergranular strain in 

each phase and gives quantitative simulations to most of the individual grain families. 

The discrepancies between the modeling and experimental results can be caused by 

several reasons. First, the constraint between the α and β phases may not be fully 

captured. It is evident that the FEM unit cell model is too simple compared to the 

complex microstructures shown in Figure 8-1. For example, the phase geometry in the 

FEM separates materials with ‘average’ phase properties, rather than individual grains.  

Further, in reality, each individual α-grain has a plate-like shape with different aspect 

ratios in the three alloys. However, since grains are randomly orientated with respect to 

the principle sample directions, in the FEM each phase was designed as having a cubic 

shape to simplify the simulation. As discussed in Chapter 7, this simplification may 

underestimate the constraint along the longitudinal grain axis and overestimate the 

constraint in the short grain axis. Also in the FEM model, a perfect bond was imposed on 

the α−β interface and thus no boundary glide was allowed during deformation. However, 

since the α−β grain boundary glide has been found an important deformation mode in 

dual phase Ti alloys at room temperature [34], it is expected to occur in ZrNb alloys as 

well considering their similar crystal and microstructures. Thus the simple FEM model 
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may overestimate the constraint between the α and β phase and lead to extra modeling 

errors. Second, in the EPSC model, for a dislocation slip to be activated, the stress must 

be kept on the yield surface during each incremental step, once the resolved shear stress 

(rss) of a certain slip system, which depends on the properties of the HEM, exceeds the 

critical shear stress (τ), τ is then increased to the value of the rss instead of altering the 

stress state [27]. This scheme prevents a slip system from being “too” soft no matter how 

small the hardening rate is given to that system.  Stress relaxation may be caused by 

dynamic recovery, twinning, grain boundary gliding and strain induced phase 

transformations. It can also be caused by mechanisms such as strain aging [46], where a 

high stress is initially required to pull dislocations away from interstitial atoms that pin 

them, once the dislocations break free from the interstitials, they can move at a lower 

stress. All of these haven’t been fully treated by the current EPSC model. This is likely a 

reason that this model failed in predicting the soft responses of the {1010}, {1011} and 

sometimes the {110} grain families after yield (e.g. Figure 8-11d). Further development 

in this aspect is required. Furthermore, EPSC is able to treat the effect of grain shape by 

providing a certain aspect ratio along the principal sample directions only if grains are 

highly aligned in these directions. It is unable to capture the influence of grain shape if 

grains are randomly orientated with respect to sample directions such as Figure 8-1. Grain 

shape change was found to change the thermal residual stress and the evolution of 

intergranular stress (Chapter 6), failure to capture this effect in these three alloys is 

expected to produce extra modeling errors. However, as shown before this shortage 

doesn’t prevent the EPSC model from giving an overall good simulation and the approach 
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illustrated in this paper is still a good choice for modeling the deformation of a 

multiphase material at the current stage. 

8.7 Conclusions 

In-situ room temperature compression tests have been carried out for three ZrNb alloys, 

(i.e. 5%Nb, 10%Nb and 15%Nb). TOF neutron diffraction was applied to monitor the 

evolution of the interphase and interganular strains during deformation along both the 

loading and the Poisson’s directions. The experimental data were interpreted by a new 

modeling approach. It is found that:  

1) The Young’s modulus is ~77.5±9.5GPa, 70.95±4.3GPa and 65.6±2.5GPa and the 

yield strength σ0.2 is ~358 ±7MPa, 483±2.6MPa and 546.6±15.3MPa for 5%Nb, 

10%Nb and 15%Nb respectively. In these three alloys, the strength of the β-phase 

is determined as ~400MPa and remains almost unchanged. The strength of the α-

phase significantly increased from 5%Nb to 15%Nb alloys, caused by the 

combined effect of increasing oxygen and the decreasing grain size.  

2) The solute strengthening of oxygen in the α-phase is anisotropic. The CRSS of 

prismatic slip increased more rapidly than basal and pyramidal slip with 

increasing oxygen content. As a result, the mechanical anisotropy or the texture 

dependence of strength of the α-phase decreased with increasing strength.  

3) Depending on the β/α strength ratio, β-phase either decreases or increases the 

material strength. A soft β-phase helps to produce compressive residual stresses in 

α grains.  
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4) The combination of the FEM and EPSC is shown to be an effective method in 

modeling the deformation behavior of the dual phase ZrNb alloys. It quantitatively 

estimates the phase properties and the development of phase constraint during 

deformation. Also, by iteratively fitting the experimental data of the lattice strain 

development for individual grain families, it provides the possibility to estimate 

the CRSS and hardening parameters for different deformation systems of each 

phase, which then allows a detailed understanding of the deformation mechanism 

in dual phase materials. However, improvement is needed to take into account of 

other deformation modes which cause the soft stress strain response or stress 

relaxation observed in some grain families in the plastic region.   
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Chapter 9  

General Discussion 

 

The general purpose of this project is to study the deformation mechanism in dual phase 

ZrNb alloys at room temperature through both experimental and mathematical methods. 

In-situ deformation experiments were carried out on samples with different 

microstructure and texture, where the development of internal strains (i.e. interphase 

strain and intergranular strains) was measured by neutron diffraction. A combination of 

FEM and EPSC model was used to interpret the experimental observations. This thesis is 

presented in a manuscript form with each chapter focused on different aspects. However, 

it can be seen that although each chapter is presented separately with a different focus, 

they closely relate to each other; and in total provide an integral understanding of the 

influence of the microstructure and texture on deformation in 2 phases Zr alloys. 

 

In Chapter 3, we studied the deformation mechanism of a 100% βZr with 20wt%Nb at 

room temperature, based on which elastic constants of βZr at room temperature were 

obtained. This is the first time that these values are reported and are important in 

understanding and modeling the deformation of dual phase ZrNb alloys. We confirmed 

that pencil glide was an appropriate mechanism to use to describe deformation in βZr. 
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Chapter 4 presented the uniaxial tension and compression tests of a hot rolled Zr-2.5Nb 

plate material. Experiments were carried out along all the three principal plate directions 

with strains in both loading and Poisson’s directions monitored. The texture dependence 

of strength was found more significant during compression than during tension due to the 

asymmetric yielding along the <c>-axis of the α-grain. Another important finding of 

these experiments is that the β-phase in Zr-2.5Nb is stronger and yields at a higher 

applied stress than the α-phase and increases the ultimate strength of the bulk material. 

This corrects a previous misunderstanding about the contribution of the β-phase.  

 

Chapter 5 introduced a new modeling approach for multiphase materials, which combines 

the FEM and EPSC code. A simple unit cell FE model allows the phase geometry to be 

considered in predicting phase interactions and thus the average phase responses during 

deformation. Once the average phase strains are calculated and put into the EPSC model 

as the boundary conditions, grain interactions and the development of the intergranular 

strain in each phase can be modeled with more accuracy. This method was used to 

simulate all the experimental results reported in Chapter 4 and was shown to be effective 

in capturing the phase interaction and the development of internal stains when it included 

the asymmetric yielding character of the α-grain along the <c>-axis. This work gave us 

confidence in using this method in interpreting observations from other experiments. 

 

Chapter 6 investigated the effect of annealing on deformation of the hot rolled Zr-2.5Nb. 

Compared to the un-annealed state, annealing caused grain growth and changed grain 

structure from elongated to equiaxed.  The shape change consequently modified the 
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constraint between different grains and thus changed the thermal residual stress and grain 

interactions during deformation. Modeling simulation showed that in Zr-2.5Nb, the effect 

of grain shape was mainly to change internal strains rather than the average phase 

properties; and that the contribution of the phase geometry and distribution on material 

properties was relatively small and can be neglected.  

  

Chapter 7 studied the in-situ cyclic loading of Zr-2.5Nb. It is the first time that such an 

experiment has been reported on Zr alloys. Experiments showed that the large Bauchinger 

effect during reverse loading is caused by a contribution of the interphase stress, the 

intergranular stress and the intragranular stress. The modeling approach introduced in 

Chapter 5 was used to interpret the experimental data. It was shown that, by introducing a 

work softening function to account for the intragranular stress, this modeling approach is 

able to capture the macroscopic Bauchinger effect during cyclic loading with several 

noticeable discrepancies at the grain level; and improvements require functions that can 

relate micromechanical properties to the evolution of the intragranular microstructure in a 

more realistic way.  

 

In Chapter 8, we investigated the deformation of three ZrNb alloys with different Nb 

content. Each alloy has a different second phase volume fraction and grain structure.  It 

was found that in these three alloys the effect of the second phase volume fraction was 

not as significant as that of the α-phase strengthening, which was caused by the combined 

effects of changes in both the oxygen content and the grain size.  
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As part of the objectives, a large and comprehensive database has been established, based 

on which the deformation mechanism of ZrNb alloys, the influences of the second phase, 

phase geometry, grain structure and texture can be further understood. Also, part of the 

objectives is to extend the single phase EPSC model to dual phase materials, a recently 

developed new modeling approach has been used to interpret all of the experimental data; 

and has generated consistently good simulations to different experimental conditions with 

reasonable values for the fitting parameters. The obtained CRSS values for the different 

slip systems of each phase of different materials are tabulated in Table 9-1. Also listed are 

the macroscopic material yield strength, phase strength and material characteristics such 

as alloy elements (i.e. oxygen and iron) and grain size. It can be seen that the CRSS 

values changed significantly for different materials. However, this change can be 

reasonably well explained by the effect of oxygen content and grain size. Comparisons 

show that parameters obtained for the α-phase in the hot rolled Zr-2.5Nb are very close to 

those determined by others for the single phase Zircaloy-2 [1,2,3]. Annealing results in a 

larger grain size, thus decreasing the material strength and the CRSS of slip systems in 

both α and β-phases. The CRSS of the pyramidal <c+a> slip is significantly decreased 

with increasing grain size, while the prismatic <a> slip doesn’t seem to be affected too 

much.  Compared to the Zr-2.5Nb, the 5%Nb alloy has similar CRSS values for slip of 

the α-phase. This is reasonable since it has a grain size and oxygen content close to those 

of Zr-2.5Nb. The decreased CRSS for the β phase slip in the 5%Nb alloy is attributed to 

the lower iron content, which is a β stabilizer and supposed to cause solution 

strengthening in the β-phase. Compared to the 5%Nb alloy, the α-grain size is 

continuously decreased, while the oxygen content is continuously increased on going to 
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the 10% and 15%Nb alloys. Both factors increase the CRSS of all the slip systems in the 

α-phase. Here, the effect of the grain size change is not as significant as that of the 

oxygen, thus it was shown that the strength increment is relatively faster in the prismatic 

<a> slip than in the pyramidal <c+a> slip due to the anisotropic effect of oxygen.  The 

relatively smaller change of the β-phase strength in these three alloys is explained by the 

variation of grain size and iron content. Finally, the high strength of the 100%βZr with 

20wt%Nb is likely generated (despite the large grain size) from the solution strengthening 

of oxygen which is dissolved in the β-phase by the quench, since no α-phase is present to 

take the oxygen. 

 

The grain size effect can be roughly estimated by comparing the strength of the hot rolled 

Zr-2.5Nb and the annealed Zr-2.5Nb.  The macroscopic yield strength increases with 

decreasing α-grain size (short axis of the α-grain). According to the Hall-Petch equation, 

the grain size dependence of strength is expressed as [4]: 

                                                                                                       9.1 n
yy dk −+= 0σσ

Where the σy  is the yield strength, σ0 is a material constant of stress related to the lattice 

friction to dislocations, d is the grain size and  is the material constant and the 

exponent n is approximately taken as 0.5. 

yk

 

Based on above equation, the material constant  in RD is estimated as of 

~3.0MPa.mm1/2. This value is close to that obtained by Cheadle et al. [

yk

5] for pressure tube 

material deformed in the axial direction (i.e. ~3.5 MPa.mm1/2). In ND, with a higher 

{0002} plane normal concentration, the material strength increases faster with decreasing 
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grain size. The  along ND is of ~7.0MPa.mm1/2. A similar relationship between the 

strength and grain size of the α-phase can be obtained. For the β-phase, it is hard to 

establish such a relationship due to the difficulty in estimating the grain size.  

yk

 

 

Material 2.5Nb 2.5Nb   
-anneal 

5%Nb 10%Nb 15%Nb 20%Nb 
-quench 

Oxygen 1200 1200 985 1260 1550 1360 
Iron 960 960 390 900 650 518 

Grain 
size 
(μm) 

α 2.5* 10 6* 1* 0.5*  

β <50nm <50nm <10 <10 10-40 200 
Strength 
(MPa) 

Macro** 
(σ0.2) 

340 310 358 483 546 550 
420 350 
420 350 

α∗∗,∗∗∗ 320 300 310 520 680  
400 340 
400 340 

β∗∗∗ 580 520 380 410 420  
Pris <a>  0.12 0.115 0.118 0.18 0.24  

Basal <a>  0.15 0.135 0.16 0.19 0.24  
Pyra. tensile 0.27 0.21 0.24 0.29 0.39  

Pyra. compressive 0.41 0.35 0.40 0.5 0.53  
(110)<111> 0.24 0.2 0.17 0.185 0.19 0.235 
(112)<111> 0.24 0.2 0.17 0.185 0.19 0.235 
(123)<111> 0.24 0.2 0.17 0.185 0.19 0.235 

*− estimated short dimension of α-grain 
**− in a sequence of RD, TD and ND 
***− values used in FEM 
Table 9-1 Comparison of the bulk strength, phase strength and CRSS of different materials, CRSS is 

in GPa. 
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The effect of grain size on different slip systems of the α-phase is plotted in Figure 9-1. It 

is shown that decreasing grain size largely increases the CRSS of pyramidal <c+a> slip, 

while the CRSS of prismatic and basal <a> slip systems increase at a much lower rate. 

Values of  for the macroscopic material yield strength, phase strength and different slip 

systems with respect to the α-grain size are tabulated in Table 9-2. 

yk

 

 
Figure 9-1 Grain size effect on different slip systems of the α-phase. Pris.  indicates the prismatic <a> 

slip, Pyra.- means compressive pyramidal <c+a> slip, Pyra.+ means tensile pyramidal <c+a> slip.  

 
 
 

RD-
bulk 

ND-
bulk RD-α ND-α β Pris. 

<a> 
Basal 
<a> 

Pyra. 
+ 

Pyra. 
- 

Pencil 
glide 

3.0 7.0 2.0 6.0 6.0 0.5 1.5 6.0 6.0 4.0 

 
 

Table 9-2 Material constant  for the Hall-Petch equation with respect to the α-grain size for 

material strength and different slip systems. Unit is in MPa. mm1/2. 

yk
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Based on the values listed in Table 9-2, the strengthening contribution of grain size in the 

three ZrNb alloys can be calculated, and then the influence of the oxygen can be 

estimated by subtracting the effect of grain size from the strength increment in these three 

alloys, assuming a linear superposition of effects. The separated contribution of grain size 

and oxygen in these three alloys is plotted in Figure 9-2. It is shown that oxygen increases 

the CRSS of prismatic <a> slip and basal <a> slip, but decreases the CRSS of pyramidal 

<c+a> slip. Assuming a linear relationship of the oxygen strengthening, the strength 

changes caused by an oxygen increment of 100ppm to different slip systems are tabulated 

in Table 9-3. Using the  value of ND in Table 9-2, it is estimated that an oxygen 

increment of 100ppm will increase strength of the α-phase by ~20MPa.  

yk
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Figure 9-2 Effect of grain size and oxygen on different slip systems of the α-phase in 5%, 10% and 

15%Nb alloys, a) CRSS change caused by both grain size and oxygen , b) estimated contribution of 

grain size change and c) estimated the contribution of oxygen in these three alloys. 

 
 

Slip system         Pris. <a> Basal <a> Pyra. + Pyra. - 

CRSS increment by 
100ppm Oxygen (MPa) 

       18.2±0.14 
 

5.7±2.82 -7.1±8.6 -10.8±3.54 

 

Table 9-3 Strength increment for different slip systems caused by an increasing of 100ppm oxygen. 
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The above discussion gives a quantitative description of the effects of grain size and 

oxygen content. However, there are many reasons for questioning the values obtained 

above. First, these values are derived from the fitted modeling parameters based on the 

experimental data of only two or three materials.  Given the potential errors which can 

occur during the experiments and the complicated, manual modeling process, such a 

small number of samples is far from enough to draw firm  conclusions on the grain size 

and oxygen effects.  For an example, the grain size used in the analysis is estimated and 

may not represent the real microstructure, due to the difficulties associated with 

measuring grain size in two phase materials. Also, we assume a linear strengthening of 

the oxygen content.  Clearly, more experiments are needed to test the validity of the 

above values and to improve accuracy.  

 

The complicated part of this project is that it is hard to study the effect of different 

variables individually. In most cases, several variables are changed or combined with 

each other and cannot be separated. For an example, in the experiment of ZrNb alloys 

with different Nb content (i.e. Chapter 8), the purpose was to study the influence of the 

second phase volume fraction. However, during material manufacturing, the oxygen 

content was not sufficiently well controlled and varied in the three alloys. Also, due to the 

different Nb content, it is almost impossible to produce a similar α−grain structure in the 

three ZrNb alloys by heat treatment. Thus, the experimental data resulted from the 

combined effort of grain size, oxygen content and second phase volume fractions. 

Similarly, in the experiment of the annealed Zr-2.5Nb (i.e. Chapter 6), the influence of 

the grain shape change is combined with effects of grain growth and dislocation 
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annihilation. Therfore although it is important to study of the effect of each variable 

individually, there is no way to separate them experimentally. Hence, some of the 

conclusions can only be obtained from interpretation of modeling simulations, which 

emphasizes the value of the model.  

 

Despite the complicities and difficulties, this thesis has shown that the combination of 

FEM and EPSC modeling approach is an effective method in simulating the deformation 

of dual phase materials at the current stage.  It quantitatively estimates the phase 

properties and the development of phase constraint during deformation. Also, by 

iteratively fitting the experimental data of the lattice strain development for individual 

grain families, it provides the possibility to estimate the CRSS and hardening parameters 

for different deformation systems of each phase, which then allows a detailed 

understanding of the deformation mechanism in dual phase materials under complicated 

situations. In addition to interpreting the experimental data and deriving the materials’ 

properties such as CRSS and hardening parameters, limitations and suggestions for 

improvement of this modeling approach have been discussed through out the whole 

dissertation.  Hence, overall, the original targets of this project have been fulfilled.  

 

Compared to a recent study of Zircaloy-2 [1], it can be seen that although some 

experimental observations of the hot rolled Zr-2.5Nb are very similar to those observed 

from the recrystallized Zircaloy-2, they may have with different explanations. For an 

example, both experiments have shown a sharp stain “kick back” of the {0002} grain 

family when compressed along sample directions with small <c>-axis distributions. In 
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Zircaloy-2, this was explained by twinning occurring in grains with the <c>-axis in the 

Poisson’s direction [1], while in the hot rolled Zr-2.5Nb, due to lack of evidence for 

twinning we have attributed this phenomenon to other stress relaxation mechanisms such 

as “strain aging” (see discussion in Chapter 6). Actually, the sharp strain “kick back” of 

{0002} grain family was also observed during tension along RD of the hot rolled Zr-

2.5Nb plate material (see Figure 7-5b), which can not be explained by the tensile 

twinning mechanism. Another similar observation in [1] is the asymmetric yielding of the 

α-grains along the <c>-axis during tension and compression. In Zircaloy-2 [1] and other 

hcp metals such as Mg alloys [6], the asymmetric yielding during tension and 

compression was attributed to the activation of different deformation modes (i.e. tensile 

twinning during tension and pyramidal <c+a> slip during compression). On the other 

hand in the hot rolled Zr-2.5Nb, since no obvious twinning was observed after 

deformation, the strength asymmetry was explained by the asymmetric CRSS of the 

pyramidal <c+a> slip, based on the work of Jones and Hutchinson on Ti alloys [7].  More 

experiments are needed to confirm these ideas. Tension and compression tests under 

conditions where twinning is further restricted such as high temperature or fine grain size 

will be helpful in understanding this asymmetric character.  
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Chapter 10 

Conclusions and Future Work  

 

10.1 Conclusions 

Deformation mechanisms of Zr-Nb alloys at room temperature have been studied by in-

situ neutron diffraction deformation experiments. Samples with different textures and 

microstructures have been deformed under different load conditions with lattice strain 

evolutions along three principal sample directions monitored by neutron diffractions. A 

combined FEM and EPSC model has been used to interpret the experimental observations. 

Following new conclusions can be drawn based on these works: 

1. Single crystal elastic constants of βZr with 20wt%Nb at room temperature 

obtained from polycrystalline experimental data are: C11=145.9±2.6GPa, C12 

=117.4±2.5GPa and C44=29.8±0.2GPa. The calculated Young’s modulus of 

<100>, <110>, <111>, <211> and <310> directions is ~41.2, 66.2, 82.9, 66.2 and 

47.7GPa respectively. The measured macroscopic Young’s modulus of the test 

material is ~60GPa, which is elastically softer than the αZr. The yield strength of 

this βZr is ~500MPa. The high yield strength of βZr is probably related to the high 

O and Nb contents. 

2. In βZr with 20wt%Nb, dislocation slip is the major deformation mode at room 

temperature. Twinning is not found after deformation.  
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3. Among three methods for describing the average phase behavior, i.e. single peak, 

the Rietveld refinement and the peak average, the peak average gives the best 

description. In cases where only a limited number of diffraction peaks available, 

{211} grain family closely represents the average phase response. 

4. In the hot rolled Zr-2.5Nb plate, strength differential and different texture 

dependence of strength is found during tension and compression. The influence of 

texture on strength is larger in compression than in tension. This is due to the 

asymmetric yielding of the {0002} grain family, whose compressive strength is 

much higher than the tensile strength.  

5. The evolution of interphase and intergranular strain was determined by phase 

properties, crystal properties and the texture distribution. The average phase 

behaviors are similar during tension and compression, where the β-phase in this 

material is stronger than the α-phase. The asymmetric yielding of the {0002} 

grain family results in a larger intergranular strain in the loading direction during 

compression than that obtained during tension.  

6. The thermal residual stress and the different CRSS for the <c+a> pyramidal slip 

during tension and compression are two possible reasons for the asymmetric 

yielding of the {0002} grain family. 

7. Annealing decreases the yield strength of the hot rolled Zr-2.5Nb by ~10-15% 

dependent on the texture, with the larger strength decrease obtained in the 

macroscopic direction that has more <c> axis component to the texture. 

8. The strength decrease of the annealed Zr-2.5Nb plate material is mostly attributed 

to the strength decrease along the <c> axis deformation. The strength change of 
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the prismatic <a> slip is relative small. The anisotropic softening of annealing is 

caused by the combination of the change of the thermal residual stresses, grain 

shape, grain size and possibly the annihilation of the deformation dislocations.  

9. In Zr-2.5Nb, the effect of grain shape appears to be principally to change the 

internal stresses rather than other phase properties. Transition from the elongated 

grain structure to the equiaxed structure decreases the internal strains. Simple unit 

cell FE models show that in this material the contribution of the phase geometry 

and distribution to the material properties is small and negligible relative to the 

effects of phase properties.  

10. In Zr-2.5Nb, a large Bauschinger effect is observed during cyclic loading. It is 

caused by a back stress which consists of contributions from interphase stresses, 

intergranular stresses and intragranular stresses in this material. The back stress is 

about half of the forward flow stress for the cycle considered.  

11. In three Zr-Nb alloys, i.e. 5%Nb, 10%Nb and 15%Nb, the volume fraction of the 

β-phase increases with increasing Nb content. Since the β-phase is elastically 

softer than the α-phase, the macroscopic Young’s modulus decreases with 

increasing β-phase volume fraction. The measured value is ~77.5±9.5GPa, 

70.95±4.3GPa and 65.6±2.5GPa for 5%Nb, 10%Nb and 15%Nb respectively. In 

these alloys, the yield strength of the β-phase is determined as ~400MPa and 

remains almost unchanged. The strength of the α-phase significantly changes with 

the changes in oxygen content and grain size. The macroscopic yield strength σ0.2 

is ~358 ±7MPa, 483±2.6MPa and 546.6±15.3MPa for 5%Nb, 10%Nb and 15%Nb 

respectively. This strength difference is mainly determined by the changes in 

 327



12. Oxygen increases the strength of the α-phase due to the solute strengthening 

mechanism. However, this strengthening mechanism is found to be anisotropic in 

the α-phase. The CRSS of prismatic slip increased more rapidly than basal and 

pyramidal slips with increasing oxygen content. As a result, the mechanical 

anisotropy and the texture dependence of strength of the α-phase decreased with 

increasing oxygen content.  

13. A new modeling approach, which combined the FE and EPSC models, has been 

used to interpret the experimental results and has been shown to be an effective 

method in modeling the deformation behaviors of a multiphase material. With the 

phase interactions and the boundary conditions of each phase represented by a 

simple unit cell FEM model, the lattice strain evolution of each individual grain 

family in each phase can be well modeled by EPSC model. The slip systems 

considered in the α-phase are prismatic <a> slip, basal <a> slip and pyramidal 

<c+a> slip, and the slip systems considered in the β-phase are pensile glide on 

{110}, {112} and {123} planes. For Zr-2.5Nb, the asymmetric yielding character 

of the {0002} grain family should be considered to produced an overall good 

agreement for both tension and compression data. Further improvements require 

taking into account of other deformation modes that cause the soft stress strain 

response or the rapid stress relaxation observed in some grain families in the 

plastic region.   
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14. This new modeling approach successfully estimated the material properties, the 

properties of both the α and β-phases and the CRSS values for different slip 

systems in each phase for different ZrNb alloys under different experimental 

conditions. Based on the modeling interpretation, a consistent understanding of 

the influence of the oxygen and grain size in these alloys was obtained.  

15. This new modeling approach has also been use to interpret the cyclic loading test. 

With the interphase and the intergranular stress calculated by FEM and EPSC; and 

the intragranular stress roughly treated by introducing a work softening in the 

opposite to the activated slip systems, an overall good agreement was achieved. 

However, several discrepancies were seen. This is due to the deficiencies with the 

mechanism of modeling the hardening behavior during stress reversal. Further 

improvements require functions that can relate micromechanical properties to the 

evolution of the intragranular microstructure in a more realistic way.  

 

10.2 Future Work 

Several experimental observations are still not completely explained; and fully 

understanding and modeling the deformation behavior of ZrNb alloys requires further 

study: 

1. The cause of the near perfect plasticity of βZr is unknown. Although ideas that slip 

might be limited to the primary slip system and that dynamic recovery may occur 

during deformation provide two possible explanations, more experiments such as 

TEM observations are needed to confirm these ideas.  
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2. As mentioned in the previous chapter, the mechanism of the asymmetric yielding 

of α-grains along the <c>-axis is not fully established yet. More experiments are 

needed to discover whether it is caused by small amount of twinning or by the 

asymmetric <c+a> pyramidal slip. Experiments such as high temperature tension 

and compression with fine grain size material, where deformation twinning is 

limited, may be helpful. 

3. Effects of interstitial elements such as oxygen is still of interest. Although Chapter 

8 shows that the strengthening mechanism of oxygen is anisotropic, the oxygen 

effect is combined with the changes of grain structure and second phase volume 

fractions in those experiments. Bearing in mind that the role of oxygen on the 

deformation behavior of hcp metals is still ambiguous to date (as discussed in 

Chapter 2), studying the effect of oxygen at different grain size levels and at 

different temperatures will certainly generate fruitful results. 

4. Although the effect of grain size has been understood for a long time, Chapter 6 

suggests that the grain size effect on the αZr is anisotropic, with large effect on the 

pyramidal <c+a> slip. Since the analysis is only based on two grain size level, and 

the results are combined with influences of other factors, e.g. the grain shape 

change and dislocation annihilation, this idea still needs further confirmation.   

5. Perhaps the most challenging work is to construct functions that can describe the 

dislocation and twinning evolution in a more realistic way and to implement them 

into the EPSC model. More TEM observations are required to investigate the 

development of intragranular microstructures during deformation and to relate this 

microstructure change to intragranular back stresses. Ideal experiments will be in-
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situ cyclic loading tests of single phase Zr alloys. Unfortunately, such experiments 

haven’t been carried out yet, which leaves this topic an immediate opening for 

future work. 

 



Appendix I Evolution of Interphase Stress in Zr-

2.5%Nb during Deformation 

 

A series of neutron diffraction in-situ uniaxial compressive deformation tests have been 

carried out on textured Zr-2.5Nb. Test samples were prepared from the hot rolled plate 

with loading axes variously parallel to each of the plate rolling (RD), transverse (TD) and 

normal directions (ND). The evolution of the lattice parameters in both phases were 

measured in all three principal directions for each case of loading axis. The average phase 

strains determined by Rietveld refinement showed an anisotropic yielding dependent on 

sample orientation relative to the parent plate. The α-phase yielded first at applied stresses 

around 330-420MPa and transferred load to the β-phase. The β-phase yielded at applied 

stresses about 400-500MPa causing reverse load transfer to the α-phase. A Finite Element 

Model (FEM) was used to simulate the stress strain behaviors of the phases. Despite the 

simplicity of this model, a very good agreement was obtained between the experimental 

results and the FEM calculations. 

 

Introduction 

Due to use in pressure tubes in the CANDU power generation system [1], the mechanical 

properties of Zr-2.5Nb have been of interest to many researchers [2-6]. Models have been 

established to predict its in-situ behavior [2-4]. However, most of this work has focused 

on the irradiation growth or creep behavior [2-4]. In particular the contribution of various 

slip systems or relative contributions of the two phases to the deformation of Zr-2.5Nb 
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has not been thoroughly studied yet. Indeed, most of the studies to data have ignored the 

β−phase because of its relatively small volume fraction and have treated the material as a 

single phase polycrystalline [2,3,5] with the aim of ignoring any related error by fitting to 

experimental data. However, recent studies [5,6] have demonstrated that the overall 

properties of Zr-2.5Nb are highly dependent on the properties and the distribution (both 

geometric and texture) of the β−phase.  Neglecting the β−phase is likely to introduce 

significant errors in modeling the deformation response of the overall materials [6]. It’s 

our objectives to study the influence of the β−phase on the deformation mechanism of 

this material. 

 

The internal stresses generated during deformation in multiphase materials can be 

considered to consist of interphase stresses, which are due to the variation in mechanical 

properties between phases, and intergranular stresses, which are caused by the differing 

mechanical response of differently orientated grains [7]. In recent years, neutron 

diffraction has been used to measure the evolution of both types of stresses because of its 

ability to probe the strain response of bulk material [8-10]. At most reactor neutron 

sources, a monochromatic neutron beam is directed on the sample and the diffracted 

beams, which correspond to groups of grains in the sample with a particular orientation, 

are recorded at the appropriate diffraction angles. The average phase applied stress- 

internal strain behavior is taken to be that of those grains in the phase whose stress and 

lattice strain curves remain more or less linear even when plasticity is extensive [8]. In the 

time of flight (TOF) technique, a pulsed white beam is used. The diffraction from 

different grain orientations is separated by the difference in the time for the neutron to 
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reach the detector [11]. While the lattice strains of individual grain families can be 

monitored from the shift of their individual peak positions, it is common practice to 

define the average phase strains by fitting the whole spectrum simultaneously using a 

multiphase Rietveld refinement [12-13].   

 

The Finite element method (FEM) has been proved a very useful technique for modeling 

the interphase stress redistribution occurring during the deformation of multiphase 

materials [7], while the EPSC [14] model provides a powerful way to understand the 

intergranular stress/strain response in single phases.  Recently, the combination of these 

two methods has been shown to give a reasonable prediction of internal stresses in simple 

multiphase materials [9]. The current project will follow this strategy to study the 

deformation mechanism of Zr-2.5Nb. This paper describes the preliminary step of this 

project where the evolution of inter-phase strains developed in Zr-2.5Nb during 

deformation was studied by TOF neutron diffraction. A simple FEM model was 

constructed to compare with the experimental results and the comparison is shown here. 

 

Materials and experimental method 

The compositions of the experimental material was 2.5wt% Nb, 900-1600ppm O, 

1500ppm Fe,  400ppm C and balance Zr. Ingots were forged to 4 inches thick at 1065oC 

and then hot rolled to 2 inches thick at about 700oC. Samples with the size Ø8mm×16mm 

were cut out from the rolled plate with the cylinder axial parallel to the rolling (RD), 

transverse (TD) and plate normal direction (ND). While all three principal strains were 

determined in all three loading tests, for reasons of space only some of the data is shown 

here. The microstructure is shown in Figure 1. It can be seen that the predominant α 
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grains have a plate-like shape with length and width about 30μm and thickness around 

3μm, giving an aspect ratio about 10 to 1. The β−phase, with volume fraction of about 

12%, is distributed between the α grains. 

 

 

 

a) 

b) 

25 μm 

 

Figure I-1Microstructure of Zr-2.5Nb samples looking from the transverse direction a) and rolling 
direction b). 

 

Figure 2 shows that the material has a weaker texture than that seen in typical extruded 

CANDU pressure tubes [5]. The α−phase has its basal plane normal mostly orientated 
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towards TD and ND, while the β−phase has its (100) plane normal weakly distributed 

along ND. The resolved fractions of basal plane normal in rolling, transverse and normal 

direction (fR, fT and fN) are 0.27, 0.39 and 0.34 [15]. 

 

In-situ neutron diffraction lattice strain measurements were carried out during uniaxial 

compression on ENGIN-X at the ISIS pulsed neutron facility, Rutherford Appleton 

Laboratory. The loading axis is horizontal and at 450 to the incident beam. Two detector 

banks are set up horizontally and at angles ±900 to the incident beam, allowing 

simultaneous measurement of lattice strains in directions both parallel and perpendicular 

to the applied load [16]. More details can be found in [17]. A series of increasing 

compressive loads were applied along the axial direction to produce a final true strain of 

~10%. The sample strain was kept constant during the time taken for the neutron 

measurement. Unload/reload events were performed in the plastic region to measure the 

evolution of residual strain as a function of plastic strain. An average counting time of 

about 20 minutes was used for each point. Strain was monitored on the samples using a 

dynamic extensometer clip gauge. The incident beam was 8 mm high and 4 mm wide, the 

radial collimators in use provided a scattered aperture of 4 mm. 
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Figure I-2  Pole figures of a) α−phase basal plane and b) β−phase (100) plane. ND is in the center, TD 
is vertical and RD is horizontal. 
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Figure I-3 Macroscopic response of samples testing from three directions. The stress and strain are 
reversed to positive for convenience. 

 

Experimental results 

Macroscopic response 

Figure 3 shows the macroscopic stress strain behavior obtained in the three testing 

directions. The ND and TD samples have a similar mechanical response, with Young’s 

modulus ~ 100GPa and with yield stresses σ0.2 ~430MPa and ~420MPa respectively. The 
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young’s modulus of the RD sample is ~86GPa and σ0.2 ~350MPa. The anisotropic 

properties of hcp polycrystalline materials are mainly determined by the orientation of the 

c axis. It is perhaps not surprising that the TD and ND samples, which have larger 

resolved fraction of basal plane, have a higher yield strength than RD sample.   A similar 

relationship between strength and texture can be found in [5]. The work hardening rate is 

similar for all the three test directions. 

 

sample phase 
axial slop 

(GPa) 
ν σ (MPa) 

ND 
α 97 0.35 400 

β 80 0.34 510 

TD 
α 100 0.34 390 

β 80 0.32 500 

RD 
α 92 0.34 320 

β 81 0.33 430 

 

 

 

 

 

 

 

 

Table I-1 Elastic phase response of samples testing from three directions.  

 

Elastic phase response  

The elastic phase strains measured axially and transversely to the applied stress, as 

determined by a conventional two-phase Rietveld refinement [12,13], are plotted as a 

function of applied stress in Fig. 4. The average strain in the α− phase is calculated as 

(2εa+εc)/3; this has been shown to be a good approximation to the mean phase strain in 

the case of near random textures [13]. The measured yield stresses determined are also 

shown in Fig. 4 by dashed lines. Since the material has a weak texture and the coefficients 
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of thermal expansion of these two phases are close (a-alpha: 5.7×10-6/K, c-alpha: 

10.3×10-6/k; β: 7.4×10-6/K [18]), any residual stresses at the start point is small and is 

neglected here. The reference lattice parameters are thus taken as those at the start of 

loading. In all cases, the phase response below the yield points is linear. The slope of the 

stress and strain curves indicates the relative stiffness of these two phases, while the ratio 

of the axial to transverse slop gives the Poission’s ratios. The results are listed in Table. 1.  

-700

-600

-500

-400

-300

-200

-100

0
-12000 -8000 -4000 0 4000

Lattice strain (E-6)

S
tre

ss
 (M

P
a) Axial Transverse

alphabeta alpha beta

 

a)

-600

-500

-400

-300

-200

-100

0
-18000 -13000 -8000 -3000 2000 7000

Lattice strain (E-6)

S
tre

ss
 (M

P
a)

Axial Transverse

beta beta
alpha

alpha

 

b)

Figure I-4 Lattice phase strains determined by Rietveld fitting as a function of compressive stress: a) 
ND sample, transverse is RD; b) RD sample, transverse is TD. Dash lines show the 0.2% offset yield 
stresses. 
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Deviations from linearity are observed in the phase strains of all three samples at macro-

stresses close to the macroscopic yield points. The lattice strains in the α- phase in the 

axial direction shift towards tension relative to the linear elastic line, while the 

compressive strains in the axial β-phase increase, indicating yield of the α- phase and a 

load transfer towards the β- phase. Since the α is the predominant phase, its’ yielding 

corresponds to the large scale plasticity of the sample. The gradient of the axial β-phase 

after the yield is shallower than before. This indicates that the β-phase bears an increasing 

part of the applied load while the proportion of the load taken by the α-phase is 

decreasing with the plastic flow. The amount of the change in strain of the β-phase at a 

given stress is much larger than that in the α-phase; this is due to the small volume 

fraction and smaller stiffness of the β-phase. A second shift is seen in the β response in 

the ND sample at a load of about 510MPa. The axial β shifts back, indicating yield of the 

β phase, the load shared by the α-phase then increases, producing a slight increase in the 

lattice strain. A similar observation can be made at ~500MPa in the TD and ~430MPa in 

the RD samples. 

 

A behavior corresponding to the Poisson response is observed in the transverse direction. 

The α-phase yields first at the same stresses and load transfer is seen to the β-phase.  At 

higher stresses, the yield of β-phase transfers load back to α-phase and causes a second 

inflection.  
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Fig. 5 plots the evolution of residual stresses versus macroscopic strain of the ND sample. 

It can be seen that the residual strain in both phases increases rapidly at the beginning of 

plasticity and then reaches a steady state in the higher strain region. The saturated residual 

strain is about 700×10-6 in axial α and 2900×10-6 in axial β, while in transverse direction 

these values are ~ 500×10-6 and 2000×10-6 respectively, giving a β to α ratio about 4 in 

both directions. The ratio of residual strain of both phases in transverse to axial directions 

is around 2/3. For axial symmetry, this ratio is expected to be about 1/2. This indicates an 

axial asymmetry during plasticity.  The drop of residual strain in axial β at strain close to 

8% is caused by the yield of β−phase.  
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Figure I-5 Residual elastic strains in alpha and beta phases of ND sample as a function of macro 
strain. 

 

FEM simulation 

 

A three-dimensional cubic Finite Element unit cell model was constructed. The α− phase 

is halfway surrounded by β-phase on three adjacent faces, i.e. the β-phase is modeled as a 

b)
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thin constrained “sheet”. The volume fraction of β−phase is 12%. Perfect bonding was 

applied on the α/β interface. The elastic properties of α−phase were calculated from the 

single crystal stiffness and known texture, giving s11=140GPa, s12=70GPa, s22=144GPa 

and s33=143GPa. The Young’s modulus and Poisson’s ratio of the β−phase, the yield 

stresses and hardening behavior were estimated first and tuned by iterative comparisons 

between experimental results and the model predictions. Results for tests where loads 

were applied from the ND and RD are shown. For both cases, boundary conditions are 

defined to keep all the faces flat and thus the unit cell remains cubic shape during 

deformation. The FEM modeling was processed using the ABAQUS package [19]. The 

average elastic phase strains were extracted to compare with experimental results.  

 

Using yield stresses of the α−phase of 420MPa for ND and 340MPa for RD, Young’s 

modulus and Poisson’s ratio of β of 80GPa and 0.33, yield stress of β of 750MPa for ND 

and 650MPa for RD, the FEM results are compared with the experimental data in Fig. 6. 

The overall fitting is very good. Fig. 6 a) shows that the macroscopic stress strain curves 

for both samples are closely fitted by FEM even in the high strain range. Fig. 6 b) and c) 

show a comparison of the elastic phase strains. The agreement between the FEM model 

and experimental results are very encouraging. The elastic strain evolutions of both 

phases of the RD sample are well captured in both axial and transverse directions. For the 

ND sample, good agreement is obtained in the transverse direction, whilst in the axial 

direction, the model has poorer agreement in the region when the α-phase is plastic but 

the  β-phase is elastic, presumably due to the simplicity of the model. Nonetheless, the 

current model provides a good description of the interphase stress-strain development 
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during deformation. The results of FEM modeling will be used in combined FE-EPSC 

modeling in the future. 
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Figure I-6 Comparison between the experimental and FEM simulation. a) macro stress/strain curves. 
b) phase elastic strain evolution in ND sample, transverse is RD. c) phase elastic strain evolution in 
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RD sample, transverse is TD. The dots are experimental data. The results of FEM fitting are shown 
by lines. 

 

Summary 

The evolution of interphase stresses in Zr-2.5Nb was investigated during compression by 

in-situ TOF neutron diffraction.  Depending on the sample orientation, the α-phase yields 

first at stresses around 330-420Mpa with load transfer to the β-phase. The β-phase yields 

at higher stresses and causes load transfer back to the α-phase. With Young’s modulus 

and Poisson’s ratio of β-phase as 80GPa and 0.33, a good match was obtained between 

the FEM modeling and the experimental results. 
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Appendix II Supplemental Figures for the 

Deformation of Hot Rolled Zr-2.5Nb Plate Material 

 
 

 
Figure II-1 Pole figures of the α-grains before deformation.  ND is center, TD is in horizontal and RD 
is vertical.  
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Figure II-2 Texture of the α-phase measured at E3 spectrometer at the National Research Universal 

(NRU) reactor at the AECL Chalk River Laboratory.  
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Figure II-3 Pole figures after compression.  From top to bottom are RD, TD and ND samples. ND is 
center, TD is in horizontal and RD is vertical.  
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Figure II-4 Pole figures after tension.  From top to bottom are RD, TD and ND samples. ND is center, 
TD is in horizontal and RD is vertical.  
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Figure II-5 Intensity change during tension of RD sample, a) loading direction, b) and c) Poisson’s 
directions. Errors are in the range of 3-16%. 
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Figure II-6 Intensity change during tension of TD sample, a) loading direction, b) and c) Poisson’s 
directions. Errors are in the range of 3-14%. 
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Figure II-7 Intensity change during tension of ND sample, a) loading direction, b) and c) Poisson’s 
directions. Errors are in the range of 4-10%. 
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Figure II-8 Intensity change during compression of RD sample, a) loading direction, b) and c) 
Poisson’s directions. Errors are in the range of 1-6%. 
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Figure II-9 Intensity change during compression of TD sample, a) loading direction, b) and c) 
Poisson’s directions. Errors are in the range of 1-3%. 
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Figure II-10 Intensity change during compression of ND sample, a) loading direction, b) and c) 
Poisson’s directions. Errors are in the range of 1-3%. 
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Figure II-11 Phase strains in the Poisson direction during tension (left) and compression (right). Dots 
are experimental data, lines show the FEM simulations. 
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Figure II-12. Evolution of Poisson’s strains of the β-phase during tension (left) and compression 
(right). 
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Figure II-13. Comparison of the average phase stress strains in the axial direction between the FEM 
and EPSC simulation for the ND sample, a) compression, b) tension. Dots show the FEM calculations 
and lines represent the EPSC simulations based on the phase strains calculated by FEM. 
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Figure II-14 shows the comparison between the EPSC and the experimental results of the α-strains of 
the RD sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results given by parameters in Tab.3. 
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Figure II-15 shows the comparison between the EPSC and the experimental results of the α-strains of 
the TD sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results given by parameters in Tab.3. 
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Figure II-16 shows the comparison between the EPSC and the experimental results of the α-strains of 
the ND sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results given by parameters in Tab.3. 
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Figure II-17 shows the comparison between the EPSC and the experimental results of the β-strains of 
the RD sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results. 
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Figure II-18 shows the comparison between the EPSC and the experimental results of the β-strains of 
the TD sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results. 
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Figure II-19 shows the comparison between the EPSC and the experimental results of the β-strains of 
the ND sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results. 
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Figure II-20 shows the comparison between the EPSC and the experimental results of the α-strains of 
the ND sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results using asymmetry CRSS for pyramidal <c+a> slip. 
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Figure II-21 shows the comparison between the EPSC and the experimental results of the α-strains of 
the ND sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results using asymmetry CRSS for pyramidal <c+a> slip. 
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Figure II-22 shows the comparison between the EPSC and the experimental results of the α-strains of 
the ND sample during tension (left) and compression (right). Dots are experimental data and lines 
show the modeling results using asymmetry CRSS for pyramidal <c+a> slip. 
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Figure II-23 Comparison between the Rietveld fit and the strain of the {211} grain family.  
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Appendix III Supplemental Figures for 

Deformation of the Annealed Zr-2.5Nb  

 
 
 
 
 
 

 
Figure III-1. Average phase strains in the transverse direction. Dots are experimental data, lines are 
the FEM simulations. 
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Figure III-2 Evolution of the Poisson’s strains in the α-phase (left) and the β-phase (right), strain 
errors of the a-phase are ~10-50×10-6,  errors in the β-phase are ~60 to 500×10-6 with the largest error 
obtained in the <211> orientation. 
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Figure III-3 Comparison between the EPSC simulations and the experimental data of transverse 
lattice strains of the α-phase (left) and the β-phase (right).  
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Figure III-4 Intensity change (left) and peak broadening (right) of RD sample in the loading and the 
Poisson’s directions (uncertainty of intensity change is < 3%, uncertainty of peak broadening is < 
6%).  
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Figure III-5 Intensity change (left) and peak broadening (right) of TD sample in the loading and the 
Poisson’s directions (uncertainty of intensity change is < 2%, uncertainty of peak broadening is < 
5 %).  

 
 
 
 
 
 

 374



 
 
 
Figure III-6 Intensity change (left) and peak broadening (right) of ND sample in the loading and the 
Poisson’s directions (uncertainty of intensity change is < 4%, uncertainty of peak broadening is < 
10 %).  

 375



 
Figure III-7 Pole figures of the α-phase after compression along TD. 
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Appendix IV Supplemental Figures for Cyclic 

Loading Test 
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(b) 

Figure IV-1. Average phase responses during compression-tension cyclic loading of RD sample, a) 
loading direction, b) Poisson’s direction (ND). Arrow shows the stress strain path. 
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(b) 

Figure IV-2. Lattice strain evolutions during compression-tension cyclic loading of RD sample in the 
loading direction, a) (10-10) -25μm and (0002) -160μm grain orientations of the α-phase, b) (110) - 
250μm and (200) -250μm grain orientations of the β-phase. Uncertainty is in Italic. Arrow shows the 
stress strain path. 
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Figure IV-3. Lattice strain evolutions of a-grains in the loading direction, RD sample.  Uncertainty is 
~30-60μm. Arrow shows the stress strain path. 
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Figure IV-4. Lattice strain evolutions during compression-tension cyclic loading of RD sample in the 
Poisson’s direction (ND), a) (11-20) -30μm and (0002) -45μm grain orientations of the α-phase, b) (110) 
- 120μm and (200) -250μm grain orientations of the β-phase. Uncertainty is in Italic. Arrow shows the 
stress strain path. 

 

 
 
 
 

 380



 
 

 
 
 
 
Figure IV-5. Lattice strain evolutions of α-grains in the Poisson’s direction (ND), RD sample.  
Uncertainty is ~20-70μm. Arrow shows the stress strain path. 
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                                          (a)                                                                       (b) 
Figure IV-6. Macroscopic mechanical responses of TD sample, a) tension-compression, b) 
compression-tension.   
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(b) 

  
Figure IV-7. Average phase responses during cyclic loading of TD sample, loading direction, a) 
compression-tension and b) tension-compression. Arrow shows the stress strain path. 
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Figure IV-8. Lattice strain evolutions during cyclic loading of TD sample in the loading direction , a) 
tension-compression cycle, (10-10) -60μm and (0002) -75μm grain orientations, b) compression-tension 
cycle, (10-10) -40μm and (0002) -50μm grain orientations. Uncertainty is in Italic. Arrow shows the 
stress strain path. 
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Figure IV-9. Close-up of the tension part of the a) {0002} and b) {10-10} grain family. Thicker arrows 

indicate the later cycles. 
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Figure IV-10. Lattice strain evolutions during cyclic loading of TD sample in the loading direction , a) 
tension-compression cycle, (110) - 300μm and (200) -260μm grain orientations, b) compression-tension 
cycle, (110) - 200μm and (200) -300μm grain orientations. Uncertainty is in Italic. Arrow shows the 
stress strain path. 
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Figure IV-11. Lattice strain evolutions of α-grains in the loading direction, TD sample.  a), c) and e) 
tension-compression cycle, uncertainty is ~20-30μm. b), d) and f) compression-tension cycle, 
uncertainty is ~30μm. Arrow shows the stress strain path. 
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(b) 

 
Figure IV-12. Average phase responses during cyclic loading of TD sample, a) compression-tension, 
Poisson’s direction (RD), b) tension-compression, Poisson’s direction (ND). Arrow shows the stress 
strain path. 
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(b) 

 
Figure IV-13. Lattice strain evolutions during cyclic loading of TD sample, a) tension-compression 
cycle, Poisson’s direction (ND), (10-10) -90μm and (0002) -60μm grain orientations, b) compression-
tension cycle, Poisson’s direction (RD), (10-10) -40μm and (0002) -80μm grain orientations. 
Uncertainty is in Italic. Arrow shows the stress strain path. 
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Figure IV-14. Lattice strain evolutions of α-grains of the TD sample.  a), c) and e) tension-
compression cycle, Poisson’s direction (ND), uncertainty is ~30μm. b), d) and f) compression-tension 
cycle, Poisson’s direction (RD), uncertainty is ~12-60μm. Arrow shows the stress strain path. 
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                                         (a)                                                               (b) 
 
Figure IV-15. Lattice strain evolutions of (200) β-grains of the TD sample.  a) tension-compression 
cycle, Poisson’s direction (ND), uncertainty is ~100-200μm. b) compression-tension cycle, Poisson’s 
direction (RD), uncertainty is ~120-270μm. Arrow shows the stress strain path. 
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Figure IV-16. RD sample, tension-compression, Poisson’s direction (ND), a) intensity change, b) peak broadening. 
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Figure IV-17. RD sample, compression-tension, loading direction, a) intensity change and b) peak broadening. 
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Figure IV-18. RD sample, compression-tension, Poisson’s direction (ND), a) intensity change, b) peak broadening. 
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Figure IV-19. TD sample, tension-compression, loading direction, a) intensity change, b) peak broadening. 
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Figure IV-20. TD sample, tension-compression, Poisson’s direction (ND), a) intensity change, b) peak broadening. 
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Figure IV-21. TD sample, compression-tension, loading direction, a) intensity change, b) peak broadening. 
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Figure IV-22. TD sample, compression-tension, Poisson’s direction (RD), a) intensity change, b) peak broadening. 



Appendix V Supplemental Figures for Deformation 

of ZrNb Alloys                
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Figure V-1. Pole figures of the 5%Nb alloy. 
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Figure V-2. Pole figures of the 10%Nb alloy. 
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Figure V-3. Pole figures of the 15%Nb alloy. 
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Figure V-4. Macroscopic stress strain curves of three ZrNb alloys. Axial means the axial sample, 
TransA and TransT are two transverse samples. 

 
 

 
Figure V-5. Average phase responses of the 5%Nb alloy, transverse sample. 
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Figure V-6. Average phase responses of the 10%Nb alloy, transverse sample. 

 

 
Figure V-7. Average phase responses of the 15%Nb alloy, transverse sample. 
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(c) 

Figure V-8. Lattice strain evolution of the α-grains, 5%Nb alloy, transverse sample, a) loading 
direction, b) Poisson’s direction (bar axial direction), c) Poisson’s direction (bar transverse direction).  
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(c) 

Figure V-9. Lattice strain evolution of the β-grains, 5%Nb alloy, transverse sample, a) loading 
direction, b) Poisson’s direction (bar axial direction), c) Poisson’s direction (bar transverse direction). 
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(c) 

Figure V-10. Lattice strain evolution of the α-grains, 10%Nb alloy, transverse sample, a) loading 
direction, b) Poisson’s direction (bar axial direction), c) Poisson’s direction (bar transverse direction) 
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(c) 

Figure V-11. Lattice strain evolution of the β-grains, 10%Nb alloy, transverse sample, a) loading 
direction, b) Poisson’s direction (bar axial direction), c) Poisson’s direction (bar transverse 
direction)10%Nb, transverse sample. 
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(c) 

Figure V-12. Lattice strain evolution of the α-grains, 15%Nb alloy, transverse sample, a) loading 
direction, b) Poisson’s direction (bar axial direction), c) Poisson’s direction (bar transverse direction) 
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(c) 

Figure V-13. Lattice strain evolution of the β-grains, 15%Nb alloy, transverse sample, a) loading 
direction, b) Poisson’s direction (bar axial direction), c) Poisson’s direction (bar transverse direction) 
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Figure V-14. Comparison between the modeling and the experimental results, 5%Nb alloy, axial 
sample. a) loading direction, b) Poisson’s direction. 
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Figure V-15. Comparison between the modeling and the experimental results, 10%Nb alloy, axial 
sample. a) loading direction, b) Poisson’s direction. 
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Figure V-16. Comparison between the modeling and the experimental results, 15%Nb alloy, axial 
sample. a) loading direction, b) Poisson’s direction. 
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Figure V-17. 5%Nb alloy, axial sample. Intensity change (left) and peak broadening (right) in the 
loading (top) and Poisson’s (bottom) directions. Uncertainty is < 3% and <8% for the intensity and 
peak width measurements, respectively. Dashed line shows the 0.2 yield strength. 
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Figure V-18. 5%Nb alloy, transverse sample. Intensity change (left) and peak broadening (right) in 
the loading (top) and Poisson’s directions. Uncertainty is < 3% and <10% for the intensity and peak 
width measurements, respectively. 
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Figure V-19. 10%Nb alloy, axial sample. Intensity change (left) and peak broadening (right) in the 
loading (top) and Poisson’s (bottom) directions. Uncertainty is < 3% and <8% for the intensity and 
peak width measurements, respectively. Dashed line shows the 0.2 yield strength. 
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Figure V-20. 10%Nb alloy, transverse sample. Intensity change (left) and peak broadening (right) in 
the loading (top) and Poisson’s directions. Uncertainty is < 3% and < 8% for the intensity and peak 
width measurements, respectively. 
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Figure V-21. 15%Nb alloy, axial sample. Intensity change (left) and peak broadening (right) in the 
loading (top) and Poisson’s (bottom) directions. Uncertainty is < 3% and <8% for the intensity and 
peak width measurements, respectively. Dashed line shows the 0.2 yield strength. 
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Figure V-22. 15%Nb alloy, transverse sample. Intensity change (left) and peak broadening (right) in 
the loading (top) and Poisson’s directions. Uncertainty is < 6% and < 10% for the intensity and peak 
width measurements, respectively. 
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