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Abstract 

Zirconium and its alloys are of technical importance, finding application as a structural material 

in the nuclear industry. Engineering components fabricated from zirconium slowly pick-up 

hydrogen as a result of in-reactor corrosion, degrading the components mechanical properties as a 

brittle hydride phase forms. This dissertation applies high energy X-ray diffraction to directly 

measure the mechanical properties of zirconium hydrides in the bulk and at stress concentrations 

in zirconium alloys. The current study is presented as a manuscript format dissertation comprised 

of three manuscript chapters. Chapter 3 reports the in-situ loading of hydrided Zircaloy-2 and 

discusses hydride/Zircaloy-2 matrix interactions as a function of applied load. Chapter 4 reports 

the mechanical behavior at a fatigue pre-crack in un-hydrided Zircaloy-2, comparing the results to 

finite element and polycrystalline plasticity models of the crack tip. Chapter 5 reports the effect of 

hydrides on the notch tip strain field. The three manuscript chapters are followed by a general 

discussion in Chapter 6 and conclusions in Chapter 7. 
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Chapter 1 

Introduction 

1.1 Zirconium in the Nuclear Industry 

Materials used in the nuclear reactor environment require good mechanical strength and corrosion 

resistance in high temperature water, in addition to possessing a low neutron capture cross 

section. These requirements limit the use of conventional structural materials in-reactor [1-6]. For 

example steel and titanium strongly absorb neutrons, while aluminum and magnesium do not 

have adequate corrosion resistance or mechanical strength at elevated temperatures for structural 

applications [1, 2]. Zirconium is unique in possession of the properties required and for this 

reason its alloys find world wide in-reactor use [1-6]. Historically the development of the 

zirconium alloys for nuclear applications is attributed to the decision of the US Navy to use 

zirconium in the Submarine Thermal Reactor in the early 1950’s, driving production of nuclear 

grade zirconium “from very small amounts to several hundred tons” in the span of a few years 

[2]. This development led to the use of zirconium alloys as fuel cladding world wide and to the 

implementation of the pressure tube design for CANDU reactors [1-4]. 

 

Currently there are two primary classes of zirconium alloys used in-reactor (1) α-zirconium 

alloys (Zircaloys) and (2) the dual phase α/β-zirconium alloys (ZrNb alloys) [3-6]. Zircaloy 

typically contains tin, iron, nickel, chrome and oxygen as alloying elements. The composition 

was optimized to improve mechanical properties (addition of Sn and O), corrosion resistance 

(Zircaloy-2: addition of Sn, Fe, Ni, Cr) and reduced hydrogen pick-up (Zircaloy-4: removal of Ni 

from Zircaloy-2, though more recent work indicates this has no effect). Zircaloys have been used 

in service as pressure tubes (cold-worked Zircaloy-2 in early CANDU) [1, 5, 6] and are currently 
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used in-service as calandria tubes (Zircaloy-2 CANDU). Zircaloy is used in fuel cladding/fuel 

assemblies and as guides for in-reactor coolant flow/rod assemblies world wide [1, 3-6]. As fuel 

cladding, recrystallized Zircaloy-2 has seen application in Boiling Water Reactors (BWR’s) and 

cold worked Zircaloy-4 in Pressurized Water Reactors (PWR’s) [3, 4]. Dual phase α/β Zr2.5Nb1 

alloys are currently used in-service as pressure tubes in CANDU reactors and Russian reactors 

have made use of Zr1Nb for fuel cladding [1, 3-6]. The addition of niobium to zirconium 

produces a heat treatable alloy with greatly improved corrosion resistance and mechanical 

properties, and reduced hydrogen pick-up in-service [1, 3-6]. Currently niobium containing alloys 

are used as fuel cladding (Zirlo and M5 with 1%Nb) as a result of their improved corrosion 

resistance [4] and in some Generation 4 reactors where their high temperature strength maybe 

required [7]. The information in this section is summarized in Table 1-1.  

1.2 Hydrogen Embrittlement of Zirconium 

Hydrogen uptake in zirconium components is a potential life-limiting mechanism for both 

pressure tubes and fuel cladding. The presence of hydrogen degrades mechanical properties of 

these components as the solubility of hydrogen in zirconium is low and brittle hydride phases 

form [1, 3, 4]. In CANDU reactors pressure tubes contain the nuclear fuel and the heavy water 

coolant. Pressurized heavy water (~10MPa) is pumped through a lattice of hundreds of Zr2.5Nb 

pressure tubes in order to extract heat from the reactor core [1]. Corrosion slowly occurs at the 

zirconium/heavy water interface  

Zr + 2D2O � ZrO2 + 4D 

or as deuterium and hydrogen are isotopes and chemically indistinguishable 

Zr + 2H2O � ZrO2 + 4H

                                                   
1 Weight percent is used in this dissertation unless otherwise noted.  
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Table 1-1 The table below summarizes the use of zirconium alloys in the nuclear industry [1, 3-

7]. 

 

          

 Nb Mo Sn Fe Cr Ni O Zr Typical Application 

 wt% wt% wt% wt% wt% wt% wt-ppm   

Zircaloy-2 
 
 
   

1.2-
1.7 

 
 

0.07-
0.02 

 
 

0.05-
0.15 

 
 

0.03-
0.08 

 
 

1000-
1400 

 
 

Balance 
 
 
 

 
FuelCladding/Assemblies, 
 Clandria and Pressure  
Tubes, In-Reactor Guides 

 
Zircaloy-4 

 
 
   

1.2-
1.7 

 
 

0.18-
0.24 

 
 

0.07-
0.13 

 
  

1000-
1400 

 
 

Balance 
 
 
 

Fuel 
Cladding/Assemblies,  

In-Reactor Guides 
 

Zr-2.5Nb 
 

2.5 
      

Specified 
 

Balance 
 

Pressure Tubes 
 

Zr-1Nb 
 

1 
       

Balance 
 

Fuel Cladding 
 

Zirlo 
 
 

1 
 
  

1 
 
 

300-500 
wt-ppm 

 
 
  

1000-
1400 

 

Balance 
 
 

Fuel Cladding 
 
 

M5 
 

1 
      

1000-
1400 

Balance 
 

Fuel Cladding 
 

Excel 
 
 

0.8 
 
 

0.8 
 
 

3.5 
 
     

Balance 
 
 

Possible Generation 4 
 Application 

 

 Denotes β-stabilizer       
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and some of the deuterium/hydrogen released is absorbed into the zirconium pressure tube. This 

is a potential issue when reactors are taken off-line and cooled to ambient temperature, as the 

solubility of hydrogen decreases with decreasing temperature and hydrides form in the material. 

Pressure tube cracking can occur by a thermally assisted slow cracking mechanism termed 

Delayed Hydride Cracking (DHC), where hydrides form at stress concentrations and repeated 

fracture of these hydrides leads to failure (<100wt-ppm hydrogen) [8]. In reactors world-wide 

hydrogen embrittlement of the zirconium fuel cladding is an issue, particularly in high burn-up 

fuels the hydrogen concentration can exceed 100wt-ppm resulting from the thermal gradient 

across the cladding (see literature review). Overall concentrations can reach ~700wt-ppm, with 

local concentrations much higher with hydride rims forming on the surface of the fuel cladding. 

DHC can occur in fuel cladding, but the greater concern is fuel Pellet/Cladding Interactions (PCI) 

during Reactivity-Initiated Accidents (RIA). During PCI events fuel pellets swell and can contact 

the cladding producing a bi-axial stress state. The presence of high hydride volume fractions 

produces embrittlement in the cladding, potentially producing premature cladding under PCI 

conditions [3, 4, 9].  

1.3 Current Research 

The aim of this dissertation is to investigate the in-situ deformation behavior of zirconium 

hydrides in a zirconium matrix with the use of high energy synchrotron X-ray diffraction [10]. 

This research is presented in three parts in a manuscript format in this dissertation. Part I (Chapter 

3) reports measurements internal strain evolution in the hydride phase in a zirconium alloy matrix 

during in-situ tension and compressive loading [11]. Part II (Chapter 4) reports crack tip strain 

field evolution in unhydrided Zircaloy-2 [12] and Part III (Chapter 5) focuses on the effect of 

hydrides on the notch tip strain field [13, 14]. The advantage of high energy synchrotron X-ray 

diffraction is that it allows direct measurement of the mechanical response of the hydride phase 
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with microstructures representative of engineering components [15]. This is not possible with 

other techniques, where hydride behavior must be inferred (such as acoustic emission 

measurements of hydride fracture) or the microstructure altered to make a measurement 

(mechanical property measurements made on bulk hydrides). Therefore the motivation for this 

dissertation is both fundamental (mechanical behavior at stress concentration, hydride/matrix 

interactions) and applied in nature (fracture of hydrides at stress concentrations).  

1.4 Dissertation Format 

As noted in the previous section, a manuscript format will be used to present the research in this 

dissertation. For this reason the introduction to this dissertation (Chapter 1) is intentionally kept 

short, as each part of the work is individually introduced. The literature review (Chapter 2) is 

comprehensive on the subject of hydride microstructure, the phase diagram for the zirconium 

hydrogen system, mechanical properties of hydrides (hydrided zirconium and bulk hydrides) and 

the modeling of mechanical properties of zirconium hydrides. No comprehensive current reviews 

of these subjects were available in the literature. Other areas are covered for completeness and the 

interested reader is referred to the following reviews (fabrication of zirconium components [3-6], 

zirconium deformation behavior [3, 4, 19], general reviews of zirconium hydrides [3, 4, 8], DHC 

[8, 17, 18, 20], damage mechanisms associated with fracture at high hydrogen concentrations [3, 

4, 21], diffraction strain measurements [10, 15, 16]). The Literature Review is followed by the 

three manuscript chapters (Chapters 3-5). 

 

Chapter 3 first presents a Journal of Nuclear Materials paper as published covering the in-situ 

loading behavior of hydrided Zircaloy-2 [11]. This is followed by an additional discussion section 

that covers some details of hydride fracture were not fully considered in the manuscript, 

specifically the effect of residual stresses on the hydride. Chapter 4 is an as submitted Acta 
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Materialia manuscript on crack tip strain mapping in fatigue pre-cracked Zircaloy-2 [12]. The 

final manuscript is Chapter 5 and covers measurements of strain fields in Zr2.5Nb specimens 

with notch tip hydrides (both grown ex-situ prior to the experiment and in-situ during the 

experiment).  This chapter is a merger of two submitted Scripta Materialia manuscripts with 

some additional discussion included [13, 14]. Following the manuscript chapters are the General 

Discussion and Conclusion chapters. The General Discussion (Chapter 6) focuses on the 

reference lattice parameters used in the manuscript chapters, as it is an area that pertains to the 

three manuscript chapters and not sufficiently addressed in the individual discussions. The final 

chapter (Chapter 7) is the Conclusion, summarizing the three manuscript chapters and presenting 

a potential path forward in the future work.  
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Chapter 2 

Literature Review 

The experimental work in this dissertation uses synchrotron X-rays to study the mechanical 

response of the hydride phase in the bulk and at stress concentrations. Therefore this review is 

composed of two parts, the first focusing on the mechanical properties of the hydride phase and 

the second reviewing strain field measurements around crack tips with synchrotron X-ray 

diffraction.  

2.1 Zirconium Hydrides 

2.1.1 Phase Stability of Zirconium Hydrides 

Zirconium hydrides have face centered crystal structures with zirconium atoms at the face 

centered sites and hydrogen atoms occupying tetrahedral sites. There are three hydride phases 

(approximate composition of ZrH(γ) tetragonal, ZrH1.6-1.7(δ) cubic and ZrH1.74-2(ε) tetragonal) that 

are formed by varying the hydrogen concentration of the material [see Appendix A for a review 

of the crystallography]. There is some discrepancy about the composition of the hydride phases 

and phase boundaries reported in the literature, but the above compositions are typical of the 

ranges cited [1, 2]. For hydrides precipitating in an α-zirconium matrix, the literature is full of 

seemingly contradictory results as to what conditions favor the formation of a given hydride 

phase. At hydrogen concentrations below the δ-hydride phase boundary (ZrHx where x<1.55 to 

1.6) three phases are reported (α+δ+γ) indicating the presence of a metastable phase. The 

conventional view as outlined by two review papers on the subject is that the γ-hydride phase is 

metastable [1, 3]. Here the equilibrium δ-hydride phase is favored by slower cooling rates, such 

as can occur during furnace cooling or a reactor shut down. The formation of the metastable γ-

hydride phase is favored as cooling rate is increased towards quenching, transforming to the δ-
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phase at temperatures in excess of 150oC [4, 5]. Figure 2-1a presents the phase diagram for the 

conventional view that the δ-hydride phase is the equilibrium phase at low temperature [1, 6-12]. 

At low hydrogen concentrations (x << 1.52) this seems to be supported by recent X-ray diffraction 

studies [3, 13-15] where δ-hydrides appear to be the equilibrium phase, stable after long term 

aging at room temperature and 150oC. However there are several studies that report a stable 

population of hydrides under these conditions, but with some fraction of γ-hydrides retained [5, 

16]. The retention of a small (and apparently stable) amount of γ-hydrides is also reported at 

higher hydrogen concentrations (x < 1.5) [9, 14, 15]. It is possible that this retained γ-hydride 

phase is still metastable, where the ~ZrH1.3 δ-hydride phase that initially forms at elevated 

temperature increases in hydrogen enrichment on cooling to ~ZrH1.5 at room temperature. Under 

these conditions, some of the δ-hydride formed at high temperature transforms to zirconium in 

order to increase the hydrogen enrichment of the remaining δ-hydrides. It has been suggested that 

this transition may occur only partially, leaving behind metastable γ-hydrides near the 

stoichiometric ZrH composition [9]. There are also several studies reporting the γ-hydride phase 

as the equilibrium phase below ~250oC [17-24]. In these studies aging hydrides at room 

temperature leads to the conversion of δ � γ hydrides. This suggests that the γ-hydride phase is 

in equilibrium at room temperature, but that the formation of the equilibrium γ-hydride phase is 

sluggish or diffusion-limited (Figure 2-1b).  

 

                                                   
2 When x=1.5 atomic percent hydrogen this is equivalent to ~10,000wt-ppm hydrogen. Therefore, x<<1.5 is 
in the 100’s of wt-ppm range and x<1.5 is in the 1000’s of wt-ppm range. The wt-ppm convention is not 
used here as atomic percent is the standard convention for phase diagrams.   
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Figure 2-1 Zirconium hydrogen phase diagram with ‘[]’ indicating a metastable phase (a) 

conventional view that the γ-hydride is metastable [1, 6-12] (b) with the δ-hydride as metastable 

below a transition temperature (180 to 240oC) [17-24].  
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In an attempt to unite the literature, Lanzani and Ruch suggest that the δ-hydride is the 

equilibrium phase in low purity zirconium alloys (<99.8% wt%Zr such as Zircaloys), while the γ-

hydride phase is stable for high purity zirconium and perhaps Zr2.5Nb [3]. Cann et al. also  

identified alloy purity, as affecting the hydride phase formed in zirconium and proposed a 

mechanism for the observed behavior [25]. Specifically they note that as oxygen concentration 

increases, yield stress of the zirconium increases and δ-hydrides tend to form. If the formation 

energies of the δ and γ-hydrides are similar, then changing the zirconium yield stress could 

produce “small strain energy differences” that favor one phase over the other [25]. Oxygen has 

also been noted to affect phase boundaries in the zirconium hydrogen system and may stabilize 

the two phase (δ+ε) region at the δ/ε boundary [26, 27].     

  

Unfortunately there is no comprehensive experimental data base available in the literature to 

definitive test the effect of the zirconium matrix yield stress on the equilibrium hydride phase 

formed. One issue is that, at low concentrations, it is difficult to experimentally measure hydride 

phase(s) present. TEM measurements present numerous challenges from small sampling areas to 

potential artifacts from specimen preparation. Lab X-ray and neutron diffraction measures require 

relatively high hydride volume fractions to achieve good counting statistics (in the case of 

zirconium hydride 100wt-ppm hydrogen represents a ~1% hydride volume fraction). Many 

studies have focused on too narrow a range of alloy composition or ageing treatments to justify 

extrapolation of results to the literature in general. An experimental investigation of hydride 

phase stability as a function of zirconium yield stress is required. Such an experiment has the 

potential to reconcile many of the seemingly contradictory results reported in the literature to date 

and is feasible to conduct at modern synchrotron X-ray facilities.   
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2.1.2 Hydride Microstructure 

Macroscopically, hydrides are understood to precipitate in a zirconium matrix as platelets whose 

orientation is a function of applied stress [28, 29]. Optically observed macroscopic hydrides 

shown in Figure 2-2a do not necessarily correlate with the fine structure observed by TEM 

(Figure 2-2b). Single hydrides can have a fine structure composed of hydride laths or platelets 

that do not necessarily have the same crystallographic orientation relationships as the larger 

macroscopic hydrides they form [14, 30]. It should be noted that the microstructure of the parent 

material appears to have an effect on the morphology of the hydride phase formed. Larger grain 

sized (~20µm) single phase alloys, such as the Zircaloys, tend to form macroscopic hydrides 

composed of fewer hydride platelets, while alloys with highly refined microstructures and small 

grain sizes (~0.2µm), such as Zr2.5Nb pressure tube material, tends to form  macroscopic 

hydrides composed of many smaller hydride platelets.  

  

The proposed origin of hydride platelets is a shear or martensitic nucleation and growth of the 

hydride phase, where the strain field produced by larger hydrides serves to nucleate smaller 

daughter hydrides [33]. During precipitation, the hexagonal structure of the zirconium transforms 

to the face centered cubic structure of the δ-hydride by shear along the zirconium {0001} planes 

[31-33]. Shear along the zirconium basal planes is idealized and experimentally this shearing is 

observed to occur on near (<15o) basal orientations, with {101
-
 7} reported as a common variant. 

This yields an approximate {0001}Zr(α)//{111} ZrH(δ) orientation relation between the hydride and 

the zirconium matrix that has been confirmed by both field emission SEM and TEM techniques 

[14, 33, 36]. This orientation relationship for hydride precipitation is general, as it describes the 

behavior of both inter and intra-grain hydrides [33, 36]. In addition to near basal orientations, δ-

hydrides can also form by a shearing on prism planes. This produces {101
-
 0} hydride habit plane 
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Figure 2-2 Micrographs of the same hydrided Zr2.5Nb source material with hydrides observed 

optically in (a) and with the TEM in (b). Note that hydrides are composed of laths and that optical 

observation is not sufficient to identify hydride crystallographic orientation [33].    
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with an approximate {0001}Zr(α)//{001} ZrH(δ) orientation relationship. Similar orientation 

relationships are reported for the face centered tetragonal γ-hydrides [32]. There is also some 

question as to hydrogen distribution prior to the precipitation of a δ or γ-hydride. The presence of 

a coherent transitory hydride phase that precipitates prior to the growth of larger hydrides has also 

been suggested [31], with the existence of a small (<500 nm) coherent meta-stable ξ-hydride 

phase apparently confirmed by high resolution TEM [37].      

 

As hydrides are formed by a shear process, precipitation preferentially occurs at features that 

reduce the shear energy for formation such as dislocations and grain/phase boundaries. Therefore 

in a given material both inter and intra-grain boundary hydrides will form, with relatively more 

grain boundary hydrides expected with slower cooling rates [36]. In the absence of a stress field 

(either applied or residual) the orientation relationship indicates that the basal texture of the 

parent zirconium will determine the orientation of the hydrides, with registry of macroscopic 

(optically observed) hydrides and microscopic (observed with electron microscopy) hydride 

platelet orientations expected. In the presence of stress fields microscopic hydride platelets will 

precipitate in locations that minimize the stress, such as grain boundaries or near basal 

orientations perpendicular to the stress field and registry of the macroscopic hydrides with 

microscopic hydride platelets orientation is not required [33, 36].  

 

At low hydrogen concentrations, some fracture behavior of hydrides has been characterized, with 

large elongated hydrides [14, 38] and hydrides plate normal perpendicular to the applied load 

most likely to fracture first under an applied load [14, 39]. Characterization has not revealed 

information on the defect or flaw population in the brittle hydride phase and at present it is not 

possible to correlate hydride microstructure with the observed fracture behavior. It has been 
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suggested that slip localization at the hydride/zirconium matrix interface may initiate hydride 

fracture [40].      

2.1.3  Precipitation/Dissolution Hysteresis 

The formation of hydrides in the parent zirconium matrix by precipitation upon cooling and their 

dissolution on heating occurs at different temperatures. This temperature hysteresis is a result of 

the work done by volume expansion associated with hydride precipitation and is illustrated in  

Figure 2-3. When a hydride precipitate is nucleated, reversible elastic work is done on the 

surrounding matrix, yielding the following expression for the nucleation solvus [41, 42] 












=

RT

w
expCC

e
Snucl  

where Cnucl is the amount of hydrogen in solution until hydride precipitation, CS is a theoretical 

“stress-free” or equilibrium solvus, and w
_

e is the elastic accommodation energy of the matrix and 

hydride precipitate per mole hydrogen. Because the precipitated hydride is doing work on the 

matrix, the hydrogen concentration is elevated relative to the equilibrium solvus Cs. When a 

hydride grows past a critical size (typically sub-micron [31, 37]), the accommodation energy is no 

longer purely elastic and the expression must account for plastic accommodation of the hydride 
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where w
_

p is the plastic accommodation energy, w
_

e,p is the elastic contribution, and Qcool represents 

the total accommodation energy. The solvus expression for hydride dissolution, CHeat, is similar to 

that of precipitation, the difference being the plastic work required to precipitate the hydride is 

not reversible (and therefore the contribution from w
_

p is negligible on heating).  
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Figure 2-3 An illustration of the precipitation hysteresis for the zirconium hydrogen system. Note 

that values for hydride precipitation are more scattered than for hydrided dissolution, as the 

precipitation solvus depends on the prior thermo-mechanical history of a specimen [43].   
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In the case of zirconium, it is this plastic work term that dominates during cooling and for this 

reason the hydrogen concentration on dissolution Cheat is often approximated as Cs. It should also 

be noted that the hydrogen concentration on precipitation Ccool is not unique and is affected by the 

previous thermo-mechanical history of a specimen [41-43].   

 

Currently the volume expansion associated with zirconium hydrides is estimated based on 

crystallographic considerations. If a shear formation process is assumed for the hydrides, 

consisting of a shear in the hydride habit plane and dilation normal to it, then the volume 

expansion associated with hydride formation can be estimated [32]. A volume expansion of ~17% 

is estimated for δ-hydrides and ~15% for the γ-hydride phase [32, 33]. TEM analysis suggests 

that this strain is accommodated by dilation along the zirconium {0001} and that this dilatation is 

associated with a geometrically necessary invariant shear in-plane [32, 33].  These strains are 

consistent with hydride crystallography observed with the TEM, but individual hydrides platelets 

are too small for the direct measurement of their shape changes. It may be possible to infer the 

transformation strains from synchrotron X-ray data, though no comprehensive study has been 

conducted in this area to date.  

2.1.4 Mechanical Properties of Zirconium Hydrides 

Investigating the mechanical properties of zirconium hydrides presents several challenges, 

specifically in isolating a hydride for mechanical testing. Typical methods for investigating 

properties of the hydrides are preparation of a bulk hydride sample [44], mechanical tests of 

hydrided material with hydride response inferred from acoustic emission [40], in-situ SEM 

mechanical tests of hydrided material directly measuring hydride response [45-47], growth of a 
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large hydride in a zirconium matrix for indentation experiments [48] and in-situ X-ray diffraction 

experiments [49, 50]. Finally, a distinction must be made between studies attempting to measure 

the mechanical properties of hydrides (either directly or indirectly) and those measuring the 

embrittlement of zirconium alloys due to hydrides. One studies hydride mechanical properties, 

the other damage mechanisms associated with the presence of hydrides. The former is more 

important for low volume fractions of hydrides and fracture initiation, while the latter is more 

important for catastrophic failure at high hydrogen concentrations. This review focuses on the 

mechanical properties of hydrides, both bulk hydrides and embedded in a zirconium matrix  (see 

[51] for a comprehensive review on damage mechanisms).  

Experiments Conducted on Hydrided Zirconium 

Instrumented tensile tests have been used to measure the response of the hydride phase during 

deformation. The two most common methods are acoustic emission and in-situ SEM studies. 

Acoustic emission uses a microphone in contact with the specimen tuned to the frequency of 

hydride fracture in order to track fracture events during the course of an experiment. In-situ SEM 

studies track the surface deformation and fracture of hydrides during the course of a tensile test. 

Results from these studies appear to be largely complementary and consistent. Data available 

from acoustic emission studies is more comprehensive and covers a wide range of test conditions. 

For this reason acoustic emission results will be first reviewed. X-ray diffraction studies to 

measure hydride strains will be discussed in detail in Chapter 3 of this dissertation.  

 

Acoustic emission experiments are qualitative in nature, providing indirect data on the effect of 

matrix yield stress, hydride size, test temperature and stress state on hydride fracture. No 

quantitative data, such as strain evolution in the hydride phase, is provided. Yield stress effects 

can be investigated by changing the alloy, heat treatment or temperature of the experiment. Stress 
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state can be changed from axial to a multi-axial stress state by using notched tensile specimens 

[40, 42, 45, 52] or by bi-axially loading a sheet [53]. Studies have also been conducted using 

acoustic emission to study the overload fracture behavior of hydrides grown at notch tips (these 

overload fracture results are discussed in Chapter 5) [54].   

 

The presence of the brittle hydride in a ductile zirconium phase appears to influence fracture by 

accelerating the process of void nucleation and growth. Fracture surfaces retain their ductile 

rupture characteristics (in the parent material) with some evidence of hydride fracture and void 

growth observed [52]. Further, metallographic analysis of samples (either post mortem or from 

interrupted tests prior to fracture) reveals the presence of voids originating at fractured hydrides 

in the parent material. Hydride orientation, size, and size distribution have a pronounced effect on 

the characteristics of the fracture surface. Hydrides with their plate normal perpendicular to the 

tensile loading direction do not appear to have a significant effect on ductility, while those with 

their plate normal parallel to the tensile loading direction cause a marked reduction in matrix 

ductility [42, 45, 52]. 

 

Results from tests on hydrided material indicate that some amount of plastic deformation of the 

matrix is required to fracture hydrides, as illustrated by interrupted tests of hydrided zirconium 

alloys in Figure 2-4 [52]. The requirement of plastic deformation prior to hydride fracture is 

frequently reported in the literature, the magnitude of the plastic strain reported for fracture 

ranging from 2 to 20% [14, 45, 52, 55, 56]. Hydride length influences the strain reported for 

hydride fracture. Hydrides longer than 50µm in length fracture at considerably lower strains when 

compared to hydrides in the 10 to 20µm range; in some cases fracture occurs in the absence of 

plastic deformation [57]. These plastic strain required to fracture a hydride is significantly 

reduced by multi-axial loading, as has been observed experimentally by both direct and indirect 
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Figure 2-4 Interrupted tensile test of hydrided material. Acoustic emission (AE) signal shows that 

plastic deformation is required for hydride fracture [52]. 
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methods [53, 57]. Direct methods reduce the gage volume in a tensile specimen with notches or 

use a multi-axial loading of the test specimen. Indirectly the formation of a localized neck after 

yield produces a region of tri-axial stress. This has an influence on the fracture behavior of high 

strength alloys such as Zr2.5Nb or Excel, as the hydrides in these regions fracture at a lower 

critical plastic strain relative to the uni-axial loading condition [57]. In these materials, acoustic 

emission appears to stop soon after sample necking. 

 

Reorientation of the hydride phase is observed in the necked region of the fracture surface, at 

high temperatures and in low yield strength alloys as a result of plastic flow in the zirconium 

matrix [57]. This is attributed largely to the decrease in flow stress of the parent alloy as result of 

the increase in temperature. Under these elevated temperature conditions, hydride fracture no 

longer occurs because the yield stress of the matrix is lower than the stress required for hydride 

fracture. Hydride reorientation by plastic flow of the zirconium matrix appears to suppress 

hydride fracture (no acoustic emission recorded or metallographic evidence), but may continue to 

influence the fracture behavior of zirconium as a site for void nucleation. There is also evidence 

for hydride plasticity inferred from metallography on tests conducted at elevated temperature [57] 

and in-situ SEM deformation studies of Zircaloys conducted at 20oC [45, 46]. 

 

In-situ SEM studies confirm many of the findings of the acoustic emission studies; wide range of 

hydride fracture stresses, larger/wider hydrides fracture first, hydrides with plate normals oriented 

perpendicular to loading fracture first and an increase in hydride fracture with increasing plastic 

deformation [45, 46]. In addition to confirming the acoustic emission results, the in-situ 

deformation studies provide information on void growth and hydride plasticity during the course 

of tensile tests. Voids are associated with the presence of hydride fracture and do not appear to be 
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generated at the hydride/matrix interface during the course of deformation [46]. Plastic 

deformation of the hydride is evidenced by slip lines from the zirconium matrix penetrating the 

hydride phase and co-deformation of the hydrided and surrounding matrix in Zircaloy-4 at 20oC 

[45, 46]. Grange et al. report that intra-granular hydrides show evidence of plasticity (slip bands 

penetrating hydride in Figure 2-5), while slip in “grain boundary (inter-granular) hydrides has not 

been evidenced as clearly as for the transgranular (intra-granular) ones.” Inter-granular hydrides 

are reported to initially fracture resulting from greater strain incompatibly with the zirconium 

matrix when compared to intra-granular hydrides [45]. No distinction is made between inter and 

intra-granular hydrides in the study conducted by Arsene et al.[46], It should also be noted that 

the measurement of hydride plasticity is semi-quantitative, with shape changes of the hydride or 

slip traces penetrating the hydride are attributed to hydride strain (the stress strain curves in the 

Aresene et al. work are not measured hydride properties, but rather inferred from differences in 

deformation behavior of hydrided and un-hydrided Zircaloy-4). TEM studies were inconclusive 

in confirming plastic deformation of the hydride phase, noting only an apparent increase in 

dislocation density in the hydride after deformation [14].  

 

It must be noted that the SEM micrographs offered as evidence by Arsene et al. for hydride 

plasticity are somewhat selective (Figure 2-6). Micrographs presented should include both 

secondary and backscattered electron images of the same area, clear identification of hydride 

fracture with secondary imaging alone is impossible. Further, the sample preparation used in the 

study raises some questions. Specimens were first etched, producing hydrides that are visibly 

recessed from the surface, introducing a potential source of imaging artifacts. This is necessary in 

order to resolve the hydrides with secondary electron imaging (surface roughness contrast), but 

not for backscattered electrons (density contrast between hydride and matrix). Preparing a flat 

surface and imaging with backscattered elections would be the ideal method to track hydrides 
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Figure 2-5 Slip bands in the zirconium matrix penetrating an embedded hydride as observed in 

an in-situ SEM tensile test [45]. 
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Figure 2-6 Possible evidence of hydride plasticity from in-situ SEM tensile tests (a) secondary 

electron image prior to deformation (b) secondary electron image of same region after 

deformation (c) secondary electron image of slip lines in the zirconium matrix penetrating 

hydrides (d) backscattered electron image showing fractured hydrides. Arrow indicates loading 

direction [46].  

 

 

 

 

(a) 

(c) (d) 

(b) 



 23 

during the course of deformation. The evidence for room temperature hydride plasticity provided 

by Grange et al. is a single image of slip lines penetrating the hydride phase and the discussion of 

hydride plasticity in the work is more measured, noting that plastic deformation of the hydride 

phase is observed.    

Experiments Conducted on Bulk Zirconium Hydride 

In order to directly measure the elastic and plastic properties (elastic modulus, yield strength) of 

hydrides, the strain in the hydride phase must be directly measured. This has been accomplished 

through measurements of bulk zirconium hydride crystals with both macroscale (bulk tension and 

compression) [44], and microscale (indentation) mechanical testing [48]. Before a discussion of 

experimental results it is prudent to note the potential chemical and microstructural differences 

between these bulk hydrides and those formed in zirconium alloys. Tests on bulk crystals are 

conducted over a range of hydrogen concentrations (ZrHx where x is typically between 1 and 2), 

producing crystals of γ, δ, and δ+γ compositions. Bulk polycrystals are reported to have equiaxed 

grains with sizes ranging from 100 to 400µm. In contrast, hydride precipitates in zirconium alloys 

tend to form in plates that have a needle cross section. Hydride plates are on the order of 1 to 2µm 

in thickness with lengths ranging from 10 to in excess of 100µm depending on the cooling rate. 

There is also difficulty in producing defect-free bulk hydrides, although recent workers appear to 

have grown high quality polycrystals free of obvious surface cracks by controlling the rate of 

hydrogen ingress and cooling during gaseous hydrogen charging [48]. Cracks are the defects of 

most concern because of their impact on mechanical properties [44, 48], but are difficult to 

characterize. Subsurface cracks are reported even in crystals grown under controlled conditions 

[48]. These defects are also difficult to quantify in precipitated zirconium hydrides and their 

distribution remains unknown.  
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The δ-hydride is brittle with little plastic deformation reported to occur in it at room temperature 

[44]. Figure 2-7 summarizes the room temperature stress-strain behavior for bulk zirconium  

hydrides over a range of compositions grown from a Zr2.5Nb pressure tube material [48]. The 

near δ compositions (x =1.4 to 1.6) show the lowest ductility, with an increase in ductility at the 

near ε compositions. The near δ compositions show the highest elastic modulus and yield stress, 

with reductions as the ε compositions are approached and temperature is increased. Moduli for 

the near δ compositions are quite similar to that of the parent alloy up to a composition of ~x =1.6 

with a modulus of ~100 GPa. As temperature is increased the yield stress of δ-hydrides rapidly 

drops from 600 - 800MPa at room temperature to less than 300MPa at 150oC. Above 150oC the 

yield stress is not significantly reduced. Modulus of the hydride is less sensitive to temperature, 

with only a small reduction in modulus observed with increased temperature agreeing well with 

indentation experiments [48]. Slip trace analysis conducted on bulk δ-hydride crystals documents 

the occurrence of slip on {111} type planes. It is suggested that dislocation motion on {111} slip 

systems must be restricted due to the presence of hydrogen vacancies in order to explain the low 

ductility and brittle behavior of the material. Metallographic analysis also indicates that the 

presence of precipitates (γ or ε−hydride phase, confirmed by X-ray diffraction) within the δ-

hydride phase can serve to toughen hydrides by a crack deflection mechanism [44].  

Delayed Hydride Cracking 

The discussion of mechanical properties of the hydrided zirconium and bulk zirconium hydrides 

demonstrates the brittle nature of the hydride phase. In terms of fracture properties, the presence 

of a hydride phase tends to reduce the fracture toughness and the ductility of zirconium [28]. At 

relatively low hydrogen concentrations (<100wt-ppm) the effect of hydrides on mechanical 

properties is measurable, but does not significantly alter the mechanical properties of zirconium 

under most conditions. One exception is when a thermally-assisted slow cracking mechanism



25 

Figure 2-7 Stress strain curves for varying hydride compositions (ZrHX where x = 1.4 to 1.6, with 

the solid line dividing the near δ and ε-hydride compositions). Samples are compressively loaded, 

but plotted as if loaded in tension. Dashed line is a guide to the eye; note the high work hardening 

rate for the near δ-hydride compositions after yield [48]. 
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termed Delayed Hydride Cracking (DHC) occurs at a stress concentration in the material (as 

reviewed in references [1, 58, 59]). Hydrogen will diffuse preferentially to tensile stress 

concentrations, such as crack tips or other flaws, and brittle hydrides will precipitate. Once the 

hydrides grow to a critical size they will fracture, the cracks will arrest in the ductile zirconium 

matrix, and the process will then repeat until failure. Cracking under these conditions is favored 

by cooling from high to low temperature, because the solubility of hydrogen in zirconium 

decreases and hydride precipitation occurs. Cooling is not required for DHC which can occur on 

heating or under isothermal conditions as a thermal cycle is not required [60].  

2.1.5 Modeling Hydrides Embedded in a Zirconium Matrix 

Modeling of hydrides in a zirconium matrix has been employed in order to better understand 

hydride fracture (either in the bulk or at crack tips), precipitation/dissolution behavior of hydrides 

(effect of hydride accommodation energy) or hydride growth. This section reviews (1) modeling 

of internal hydride strains, both the effect on hydride fracture and precipitation/dissolution 

behavior of the hydride and (2) diffusion coupled models that calculate hydride 

morphologies/microstructures in stress fields and crack velocity during DHC. 

Fracture of Zirconium Hydrides 

Eshelby methods have been employed by several authors to analyze hydride fracture [52, 53, 61]. 

In this approach a hydride is treated as an ellipsoidal shaped elastic inclusion in an elasto-plastic 

matrix. Stresses and strains in the hydride inclusions are assumed uniform, as is the case for a 

misfitting ellipsoidal inclusion [62]. Plastic anisotropy of the matrix can be accounted for by the 

use of an anisotropic yield surface for zirconium [61]. This approach allows analytical solutions 

for the critical stress required to fracture a hydride inclusion. This critical stress for hydride 

fracture accounts for the (1) residual stresses resulting from the volume expansion associated with 

hydride precipitation (2) applied stress and (3) strain inhomogeneity between the matrix and the 
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precipitate. The derived critical hydride fracture stress explains many of the experimental 

observations; plastic strain required to fracture a hydride decreases with both increasing hydride 

length and multi-axis loading [52, 61]. These models also account for the residual stress state in 

the hydride, in agreement with the experimental observation that hydrides embedded in a softer 

zirconium matrix fracture at lower stresses than hydrides embedded in a stronger zirconium 

matrix. Higher yield stress zirconium alloys allow the development of higher compressive 

residual stresses in the hydrides, leading to the observed increase in apparent hydride fracture 

strength [52, 61].     

 

Finite element methods have also been employed to study the effect of residual stress state on the 

hydrides. The advantage of Finite Element (FE) approaches is that they are not restricted by 

geometry and the elastic/plastic properties of the hydride and of the zirconium matrix are readily 

modified. This allows modeling of a wide range of hydride/matrix interactions. For the hydride 

fracture problem, this has lead to the extraction of hydride fracture stress from mechanical data on 

hydrided material. If no residual stress in the hydride is assumed, mechanical data indicates that 

the stress for hydride fracture ranges from 750 to 850MPa, but if the compressive stresses 

resulting from hydride formation are modeled the apparent fracture stress of hydrides is estimated 

as ~575MPa at 20oC [57, 63]. It should be noted that the origin of the compressive stress is the 

volume expansion of the hydride phase during precipitation and that the 17% expansion of the 

hydride (typically imposed as a dilation normal to the precipitating hydride plate) estimated from 

crystallographic considerations is assumed in the models [30, 31, 63]. The effect of hydride 

plasticity has also been investigated and allowing the hydride to plastically yield does not 

significantly affect calculation of the residual stress in the hydride. Simulations have not been 

conducted at larger deformations of the zirconium matrix where hydride plasticity is perhaps 
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more significant [57, 63]. While these simulations show general trends, their absolute accuracy is 

limited by the 17% hydride volume explanation assumed and the effects of matrix creep (which 

should relax the stress in the hydride during elevated temperature precipitation) are ignored. 

Further thermal expansion differences between the hydride and zirconium matrix are ignored in 

the approached described above, which could be a significant contribution to the residual stress 

state on the hydride at room temperature.   

 

Analytic and FE approaches have also been used to model damage accumulation in the zirconium 

matrix as a result of hydride fracture. Several analytic solutions for hydride damage models are 

based on the growth of voids in a hydrostatic stress field proposed by Rice and Tracey [64]. There 

are also analytic models that account for the volume fraction and shape of the hydride phase, 

which are used to predict embrittlement at high hydrogen concentrations [61, 65]. FE approaches 

to this problem use continuum damage mechanics allowing the study of crack propagation 

behavior in the zirconium matrix, but do not address the micromechanics of hydride fracture [66, 

67]. 

Precipitation/Dissolution Behavior of Hydrides 

The internal stress state of the precipitated hydrides is of interest not only for its fracture 

behavior, but also for understanding the effect of stress state on the precipitation/dissolution 

behavior of the hydride phase. Typically FE models treat the hydride as an inclusion in an infinite 

zirconium matrix. Average properties are assigned to two phases present, with the hydride as an 

elastic inclusion in an elastic or elasto-plastic zirconium matrix. The effect of deviatoric and 

hydrostatic stress states on hydride accommodation energy is studied by varying external stresses 

acting on the matrix. Trends reported in the literature for the modeling hydride accommodation 
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energies are generally consistent [63, 68-70]3. If the matrix is treated as elastic, the hydride 

accommodation energy is independent of stress state (either deviatoric or hydrostatic), with good 

agreement between FE and analytic solutions [69, 70]. If the zirconium matrix is treated as elasto-

plastic the deviatoric stress has an effect on the accommodation energy of the hydride. The 

magnitude of this effect depends on the geometry of the hydride4 [69], but in general these effects 

are only observed at high deviatoric stresses (near the yield stress of the matrix) [69, 70]. Further, 

the change in accommodation energy is not calculated to be large5 and there is some question as 

to whether this could produce a change in hydride precipitation/dissolution concentrations that 

can be experimentally measured6 [71]. The calculated behavior for a hydride cylinder precipitated 

in an infinite elastic-plastic matrix is plotted in Figure 2-8, where Σe/σo is the normalized sum of 

the deviatoric stress on the hydride and Σm/σo is the normalized sum of the hydrostatic stress 

component [69]. In the elastic case (dashed line) the hydride accommodation energy is 

independent of applied deviatoric stress, with good agreement between analytic and FE solutions. 

In the elasto-plastic (solid line) case shown, deviatoric stresses near yield (Σe/σo>0.8) tend to 

reduce hydride accommodation energy and there is some disagreement in the literature on this 

point. Specifically Puls and co-workers report that deviatoric stresses tend to increase hydride 

accommodation energy on precipitation (raising the solubility limit of hydrogen on precipitation) 

[70], while Lufrano et al. report the opposite effect (decreasing the solubility limit of hydrogen on 

precipitation as shown in Figure 2-8) [69].  

                                                   
3 Note that reference [69] treats the niobium/hydrogen system, which is similar in properties to the 
zirconium/niobium system. No distinction is made in the above text as general trends and not absolute 
values are reviewed.  
4 Wedge shaped hydrides have a lower energy (than spheres) and facetted shapes such as edges on cubes 
tend to increase the energy of the precipitate through stress concentration [63]. 
5 For deviatoric stresses observed at a crack tip the hydrogen precipitation/dissolution behavior is 
calculated to be within ~20% of the stress-free concentrations [69, 70].   
6 Experimental measures tend to have large error bars [71]. 
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Figure 2-8 Effect of deviatoric (Σe/σo) and hydrostatic (Σm/σo) stresses on hydride 

accommodation energy. Vertical lines are for an elastic matrix, with the solid line (-) representing 

analytic and the dashed lines (--) representing FE solutions. The curved line represents a hydride 

in an elastic-plastic matrix [69]. 
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Puls attributes this difference to the boundary conditions used in the two models, arguing that the 

hydrides Lufrano model are under less constraint7 [71]. Lufrano’s model where high deviatoric 

stresses reduce the solubility limit suggest that if a hydride precipitates in a stress-free matrix, 

high deviatoric stresses at the hydride/matrix interface reduce the energy required for continued 

hydride growth [69]. Qualitatively this is in agreement with the experimental observations that  

hydrides have been observed to grow outside of the plastic zone under some conditions (often 

referred to as autocatalytic hydride growth) [34, 72]. Further work is required to resolve these 

differences; though both studies indicate that that relatively small changes in hydride 

accommodation energy are expected at a stress concentration. Therefore stress-free hydride 

precipitation/dissolution concentrations are a reasonable first order approximation at a stress 

concentrations [69, 70].        

Growth of Crack Tip Hydrides 

The reduction in chemical potential of a mobile species in a stressed solid is the basis for hydride 

formation at a crack tip [73]. For hydrogen dissolved in a stressed solid, the chemical potential is 

formally expressed as 

H
ij

o V
3 








 σ
−µ=µ  

where µo is the chemical potential at zero stress, σij/3 is the hydrostatic stress state, and VH is the 

partial molar volume of hydrogen. The stress gradient around a crack tip produces a 

corresponding gradient in hydrogen chemical potential, allowing the development of steady-state 

                                                   
7 Puls and co-workers model penny shaped hydrides [70] and argues that Lufrano et al. [69] use spherical 
hydrides. This is not what is reported by Lufrano et al. who report the use of hydride cylinders, but do not 
provide the aspect ratio of the hydride cylinders used. This leaves the possibility that similar hydride 
geometries were modeled in both studies.  
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diffusion models for the hydrogen embrittlement processes. The gradient in hydrogen chemical 

potential arises because of work done on the hydrogen in solution by the hydrostatic stress field. 

In the case of zirconium, this is the only contribution to the chemical potential gradient as the 

partial molar volume for hydrogen is approximately the same in the zirconium matrix and the 

hydride [41, 74]. Steady state diffusive models for hydrogen embrittlement have been developed 

for steels [75, 76] as well as zirconium [77, 78]. 

 

Boundary conditions for the model are dependent on the direction of approach to the test 

temperature and to a first order stress-free solvus can be used. A stress-free solvus is a reasonable 

approximation for the dissolving matrix hydrides on heating, but for better accuracy a stressed 

solvus can be used for the precipitating and crack tip hydrides which are under a higher degree of 

elastic constraint. Cylindrical symmetry is used to set boundary conditions for the crack tip 

hydride, where concentrations in the plastic zone (l) and at the outer boundary (L), representing 

the average hydride spacing, are fixed by the hydrostatic stress state. Solution of the governing 

differential equation for diffusion under steady state conditions yields the following relation for 

hydrogen flux (JH) to the crack tip [58, 71] 
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where o
HC  is the zero stress terminal solid solubility of hydrogen, DH is the hydrogen diffusivity, 

ZrΩ  the atomic volume of zirconium and )L,l(φ is the hydrogen concentration gradient 

approximated as ln(L/l). The bracketed terms {EL – El} represent the difference in hydrogen 

solubility resulting from the stress gradient, and is of importance for defining stress corrected 

precipitation/dissolution concentrations and crack arrest conditions. DHC velocity is “a function 
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of stress intensity factor, material yield stress, temperature, hydrogen concentration, and bulk 

hydride distribution” in this model, which is often referred to as the Dutton and Puls model in the 

literature8 [42, 58, 71].   

 

Notable additions to the Dutton and Puls model have been the prediction of crack velocities [78], 

consideration of hydride solubility hysteresis [41], effect of direction approached (DHC on 

heating or cooling), numerical methods to handle non-steady state conditions [79] and 

temperature gradients [80]. As the flux of hydrogen to the crack tip is known, converting this to a 

volume of hydride (multiply by the hydride volume per atom of hydride) at the crack tip yields an 

expression for average crack velocity if a constant hydride thickness is assumed. Crack velocity 

then depends on the thickness of the hydride precipitated at the crack tip, with a constant 

thickness (1 to 2µm) assumed based on metallography. Although this approach yields an 

expression for crack velocity, several of the assumptions implicit in the approach do not match 

experimental DHC measurements. Specifically the assumption “that the hydride cracks as soon as 

it forms” is in clear conflict with experiment [42]. A recent publication [71] summarizes 

evolution of the model’s history9 and addresses several dubious challenges to its validity from a 

single research group10 [81]. Finally, increases in computational power have allowed for the 

coupling of diffusive models for hydrogen transport with FE and phase field modeling 

                                                   
8 Also referred to as the “old DHC model” by challengers to the model who propose “Kim’s new model” as 
an alternative [81]. It should be noted that there is no mathematical formulation published of Kim’s new 
model and that it is based on some dubious assumptions regarding the driving force of diffusion in stressed 
solids (see footnote 5).  
9 This paper also addresses errors and inconsistencies in notation in previous publications of the Dutton and 
Puls model [71].   
10 This is not addressed in detail as DHC is not the subject of the dissertation, but it should be noted that the 
challenges to the model are based on the idea that the concentration difference between the notch tip and 
far-field hydrides is the driving force for hydrogen diffusion (and hence DHC) [81]. Essentially this is a 
misinterpretation of the physics of diffusion as the hydrostatic stress gradient is the driving force for 
diffusion (and responsible for the difference in hydrogen solubility far-field and at the crack tip) [71, 73].   
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techniques, extending the 1D approach discussed above to 2D and 3D non-steady state 

implementations. These approaches can account for crack tip hydride morphologies and allow 

implementation of fracture criteria (discussed later in this section).  

Hydride Fracture at a Stress Concentration 

Analytic solutions for hydride fracture have been developed for different types of initiation cites, 

ranging from smooth surfaces to sharp cracks [81-87]. Critical stress approaches superimpose the 

stress state associated with a precipitating hydride over the stress field for a given stress 

concentration [81, 83]. Assuming that a hydride grows at constant thickness, the models indicate 

that the compressive residual stresses in the hydrides relax with growth and that fracture occurs 

when the critical stress for hydride fracture is exceeded. The fracture of a hydride at a stress 

concentration is complicated by the microstructure of crack tip hydrides, making it difficult to 

correlate critical stress criterion with experimental results. The hydrided material at the crack tip 

is never fully hydrided and once the crack tip hydride fractures, ductile ligaments remain. Even if 

fully hydrided material were formed at the crack tip, hydride fracture must be associated with 

some amount of plasticity in the zirconium matrix (where arrest of the advancing crack is stopped 

by plasticity in the zirconium matrix). Zirconium matrix plasticity has an impact on the fracture 

properties of crack tip hydrides, where K1H for hydrides in a zirconium matrix is likely greater 

than K1C in pure zirconium hydride. 

 

Efforts to model this behavior have resulted in a class of analytical models termed cohesive or 

process zone models being applied to the hydride fracture problem [84, 85]. The key feature of 

process zone models is that the fracture of individual crack tip hydrides is dependent on both a 
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critical stress (σc) and a critical crack tip displacement (vc) allowing the calculation of an 

effective K1H for the crack tip region:  

ccoH1 vEK σ=  

where Eo = E/(1-ν2). The critical stress (σc) and displacement (vc) are determined from the crack 

growth associated with a fictitious hydride fracture (the process zone). The principle of 

superposition is used to balance the stress distribution (σc) associated with a given length of crack 

growth (hydride fracture) with the surface traction resisting this crack advance (vc), as illustrated 

in Figure 2-9. The amount of crack advance from hydride fracture (the process zone length) is 

determined by the point where the stress intensity calculated from these loadings is zero (ΣK I = 

K I(v) + KI(σ) = 0). The process zone approach has been implemented for the evaluation of in-

reactor flaws in pressure tubes in CANDU reactors, where the critical stress (σc) and 

displacement (vc) is solved for the stress field associated with a measured in-reactor flaw 

geometry (again imposed by superposition) [85]. Similar cohesive zone failure criteria have been 

implemented in diffusion coupled FE models, where the cohesive zone failure criteria require a 

critical energy for de-cohesion that is dependant on both a critical stress and displacement. The 

implementation of these failure criteria in a diffusion coupled model allows calculation of crack 

velocities in hydrided material [86, 87].    
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Figure 2-9 An illustration of the process zone method, where the stress distribution and surface 

tractions associated with a fictitious hydride fracture are used to calculate the critical stress (σc) 

and critical displacement (vc) by the principle of superposition. The stress and displacements of 

the fractured hydride are solved, and then used as boundary conditions to solve for the stress on 

the hydride prior to fracture. If the critical stress and critical displacement are know, then they can 

be used to evaluate whether hydride cracking can occur at an engineering flaw [85].   
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Diffusion Coupled Computational Methods for Hydride Growth 

FE and Phase Field (PF) approaches have been coupled with hydrogen diffusion models allowing 

analysis of the hydride growth processes. Hydrogen diffusion is accounted for in both approaches 

by updating diffusion equations for hydrogen based on boundary conditions at a given time step 

from the FE or PF model. In the case of FE models, solubility curves are required to account for 

hydride precipitation. While in PF models precipitation is predicted from the thermodynamics, 

and hydrides precipitate when their free energy is minimized.  

 

FE approaches have successfully been applied to the growth of hydrides at a stress concentration. 

One advantage of the FE implementation is that the stress affected solvus is calculated for the 

hydride phase at a given stress state and a solubility limit need not be assumed. Several 3D FE 

approaches calculate a local hydride volume fraction and use this to assess the effect of a 

precipitating hydride [69, 88, 89]. These methods are termed composite approaches, in that a 

hydride is not precipitated in these models. Rather the mechanical properties of the notch tip 

elements are converted to account for the presence of hydrides, specifically the transformation 

strains associated with the volume expansion of the hydride phase. This conversion reduces the 

peak continuum stresses/strains in the zirconium matrix at the crack tip (Figure 2-10), while not 

directly calculating notch tip hydride morphology [88]. It is possible to calculate hydride  
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Figure 2-10 Normalized normal stress (σ22/σo) in ahead of the crack tip at θ=0 (cylindrical 

coordinates used – see below). Dashed lines indicate stress distribution at different times. 

Increasing time produces a larger crack tip hydride, reducing the crack tip stress field [69]. 
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morphology from the hydride volume fraction using hydrogen solubility data, if it is assumed that 

the hydrostatic stress state is uniform (and thus the calculated chemical potential of hydrogen is 

uniform) around the hydride/zirconium matrix boundary. Figure 2-11 plots the calculated hydride 

shape, supporting experimental findings that large crack tip hydrides are not uniform in thickness 

[88]. Calculated continuum strain fields using the above method are discussed in more detail in 

Chapter 5.   

 

The PF method is a thermodynamic stability approach, where free energy of the system is 

calculated and the phase with the minimum free energy forms. Phase stability is described by 

field variables that are continuous in space and time. The assumption of continuity is fundamental 

to the PF method, as it allows calculation of microstructures using a grid (2D) or gridded volume 

(3D) without any restrictions on morphology. PF approaches have been applied to the 

solidification problem (dendritic growth), precipitate coarsening, martensitic and solid state phase 

transitions, grain growth and dislocation dynamics. The disadvantage of the approach is that there 

are a large number of variables that are not always easy to couple with material properties, thus 

extensive validation against systems with known properties is required [90].  

 

Ma and co-worers have implemented a PF model for the zirconium/hydrogen system [91, 92, 93]. 

The model considers various dispersions of hydride nuclei in the bulk and at stress concentrations 

embedded in an elastic-plastic zirconium matrix [94]. The simulations are run in a single 

zirconium grain (basal plane is in the plane of the simulation) or as a continuum where average 

elastic-plastic properties of the zirconium matrix are assigned to model the behavior in 

polycrystalline material. Nuclei then either grow or dissolve in order to minimize the free energy 

of the system. Single crystal simulations account for the crystallographic orientation relationships 
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Figure 2-11 Calculated crack tip hydride morphology (a) calculated crack tip hydride volume 

fraction, lines of constant concentration (b) calculated crack tip hydride shape, assuming uniform 

hydrostatic stress state at hydride/zirconium matrix boundary (c) comparison to experimental 

observation [88]. 
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for γ-hydrides with respect to the zirconium matrix, while the continuum approach calculates 

hydride orientation as a function of 9 angular positions. The single crystal implementation allows 

the study of hydride/hydride interactions, while the continuum implementation studies the effect 

of macroscopic hydride orientation. Both simulations predict the development of plastic strain as 

the hydride grows into the zirconium matrix, and predict reasonable stress distributions in the 

hydride and surrounding matrix (when compared to the yield stress of the zirconium matrix).  

 

Single crystal simulations study the effect of hydride/hydride interactions. In the simulation 

macroscopic hydrides are composed of arrays of smaller hydride platelets and the interactions 

between two hydride platelets can be studied by two close (but slightly off set) nuclei. Whether 

the hydrides are allowed to coalesce or remain discrete hydrides separated by an interface (grain 

boundary) does not appear to alter the stress state significantly. These hydride/hydride 

interactions are plotted in Figure 2-12. Treating the zirconium matrix as an elasto-plastic 

continuum, the orientation of hydrides around stress concentrations is studied. In these 

simulations, as with FE approaches, information about the microscopic orientation of the hydride 

phase is lost. These simulations generally predict representative hydride microstructures around 

stress concentrations, where macroscopic hydride orientation is dominated by the tensile stress. 

Hydride stress state can be characterized in these microstructures, with crack tip hydride 

morphology and stress state plotted in Figure 2-13.  

 

It should be noted that these models are in the relatively early stages of development with the 

authors noting “our main task is to verify the soundness of the theoretical framework” of the 

modeling approach. Future generations of the model will no doubt implement the PF approach 

with 3D polycrystalline zirconium aggregates instead of 2D zirconium single crystals. As such, 
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Figure 2-12 Intra-granular hydride/hydride interactions. (a)(b) Coalescing hydrides with the same 

crystallography. (c)(d) Hydrides separated by an interface (grain boundary). (a)(c) Elastic 

zirconium matrix. (b)(d) Plastic zirconium matrix. Note that matrix stress are largely unaffected 

by the hydride/hydride interface [92]. 
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Figure 2-13 Stress distributions calculated for different crack tip hydride morphologies subject to 

a 200 MPa applied load. Normal stress distributions are for the indicated hydride. (a) 5,000 

seconds (b) 10,000 seconds [93].  
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development of PF models for the zirconium/hydrogen system are analogous to polycrystalline 

FE modeling in that they provide great insight at the grain level (not possible with continuum  

assumptions), but at the cost of complexity (in terms of model inputs) and long computation times 

[95, 96]. Polycrystalline FE models have seen continuous development in the last 30 years and it 

seems likely that PF models will evolve over a similar timeline, as they require similar levels of 

complexity and computational recourses.  

2.2 Synchrotron Strain Measurements 

In the mid-1990’s third generation high energy synchrotron X-ray sources presented researchers 

with a new tool for research in three primary areas; structural biology, materials science and 

condensed mater physics [97]. In the area of materials science these facilities allowed through 

thickness texture and strain measurements, coupled with a micrometer spatial and millisecond 

time resolution (and of fast X-ray detectors) which were previously unavailable. These techniques 

have found application in the study of materials kinetics, transient strain measurements, and strain 

mapping both at the macro (around stress concentrations) and micro (individual grains) length 

scales [98-102]. Currently there are three high energy third generation sources in operation; 

Advanced Photon Source (USA), European Synchrotron Radiation Facility (France), and Spring8 

(Japan).  

 

The experimental work for this dissertation was conducted at the 1ID beamline at the Advanced 

Photon Source (APS) and the capabilities of this beamline will be briefly reviewed [98]. 1ID can 

produce X-rays between 35 to 200 keV, typically operating at ~80 keV optimizing the 

monochromator/undulator configuration used at the beamline. X-ray penetration is a function of 

atomic weight. Transmission behavior of 80 keV X-rays is compared to 8 keV X-rays from a  
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Figure 2-14 Comparison of (a) 10% X-ray transmission thickness and (b) flux of APS 1ID 

beamline to a standard Cu lab X-ray source [98].  
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standard copper lab X-ray source in Figure 2-14a; note that operation at 80 keV yields 10% X-ray 

transmission through ~2 mm of zirconium. High energy makes bulk measurements possible, but 

it is the brilliance (number of photons per second, per unit energy bandwidth, per unit solid angle) 

of third generation sources that is responsible for high spatial resolution measurements as it 

enables the use of small beam sizes. The brilliance of 1ID is ~8 orders of magnitude greater than 

a standard Cu lab X-ray source, as shown in Figure 2-14b. 

   

Here it is important to differentiate between macro and microbeam diffraction XRD techniques. 

Macrobeam size is typically limited by the grain size of the material, as a good statistical average 

of grains present is required. In engineering materials the lower limit for macrobeam size is in the 

range of (20x20) to (50x50)µm2. Beam size reduction can be achieved by slitting the X-ray beam 

(where a reduction in beam area leads to a reduction in photon flux), the use of focusing optics 

(where the flux is preserved, but the angular divergence of the beam increases) or some 

combination of the two methods. Microbeam techniques require the use of optics to focus the 

beam to the sub-micron range. The small beam size achieved in microbeam diffraction techniques 

provides resolution sufficient to track the strain evolution in a single or a set of grains. The 

experimental results reported in this dissertation use macrobeam X-ray diffraction [98]. 

  

Diffraction based strain measurements, make use of Bragg’s Law 

λ = 2d{hkl}  sin θ{hkl} 

which relates the wavelength of the incident X-rays (λ) to interplanar spacing (d) and the 

scattering angle (θ) for a given crystallographic orientation {hkl}. Changes in the interplanar 

spacing, as a result of thermal expansion or applied/residual strains, will change the scattering 

angle producing a shift in the peak associated with a given crystallographic orientation. In the 
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current work, it is the peak shift as a function of load that is of interest (in both the zirconium and 

embedded hydride phase). If a monochromatic source is used, then the wavelength is known and 

the observed peak shift (as a function of load or temperature) is related to the interplanar spacing 

by the above expression [102]. Elastic strain (ε) is then calculated as a function of applied load 

for a given crystallographic orientation as 

ref
}hkl{

ref
}hkl{}hkl{

}hkl{
d

)dd( −
=ε  

where (ref) refers to the reference d-spacing used. In order to make an absolute strain 

measurement (required for a calculation of stress) an appropriate stress-free reference d-spacing 

for the material must be used. Relative measurements are made by using the far-field d-spacing at 

zero applied load as the reference d-spacing. Only elastic strains are directly measured by 

diffraction techniques, because plastic deformation is associated with a shearing of the crystal 

lattice producing or moving a dislocation, rather than a change in interplanar spacing. Plastic 

deformation can be indirectly measured as plastically soft orientations that have yielded transfer 

load to harder grains that have not yielded, producing additional elastic strain in the harder 

orientations that have not yielded. This variation in strain occurs at the grain level and is an 

example of a type-II residual strain [103]. The effect of type-II residual strains can be averaged 

out to allow comparison with continuum elastic strain  

∑ ε=ε )ymultipicit,texture(}hkl{)AVE(  

where the average (AVE) is taken for a minimum of five crystallographic orientations. Strain for 

a given crystallographic orientation is a function of texture and multiplicity, and must be 

weighted appropriately. Changes in peak intensity reflect changes in the proportion of crystal of a 

given orientation and can be used to monitor texture evolution [102]. 
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Synchrotron measurements have proven to be reliable in measuring internal strains, favorably 

comparing to measurements made by diffraction at neutron sources [101, 102]. The advantage of 

a synchrotron source is that these measurements can be made with shorter exposure times and 

higher spatial resolution. This capability has been exploited in the past to measure strains in the 

Fe3C (1.8wt% C) minority phase in steels and rapid strain measurements during thermal cycling 

of composite materials [100, 104]. Diffraction measurements on hydrided zirconium will be 

reviewed in Chapter 3 in the context of the experimental programs reported in this dissertation 

[49, 50]. Macrobeam diffraction techniques also allow strain profiling around stress 

concentrations, owing to their small (20x20) to (50x50)µm2 beam size.  

 

In the cases of aluminum and steel, strain fields have been profiled around fatigue cracks in 

overload conditions [105, 106]. These distributions are of interest for developing models for 

fatigue crack growth where conditions of crack closure appear to dominate. Crack closure can 

occur when a fatigue crack has been growing, then overloaded and fatigue continues. In this case, 

a residual compressive strain is induced ahead of the crack front serving to slow further crack 

advance. Diffraction techniques allow the characterization of the magnitude of this residual strain 

field and of the strain field that develops as the crack grows through it. Diffraction has proven to 

be a powerful tool study crack growth in shape memory alloys, as twinning is the dominant 

deformation mechanism [102]. The texture change associated with twinning is resolved in 

diffraction by a change in peak intensity, while the elastic strain field around the crack tip can be 

simultaneously measured by peak shift. Results indicate that as load increases the size of the 

twinned region around the crack tip increases, analogous to the plastic zone generated by slip. 

These studies are of interest in quantifying the strain field around a crack tip in textured 
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zirconium, as twinning (in addition to slip) will occur for some orientations (specifically tensile 

twinning will occur in zirconium when loaded is parallel to {0001} – see Chapter 4).  

 

For engineering applications, synchrotron X-ray measurements have been used to understand the 

redistribution of residual stress states in welded material. The most extensive study using 

synchrotron XRD to study an engineering application was conducted by Turski et al. [101]. Strain 

mapping at a crack tip was used to validate models for the compressive creep cracking observed 

in stainless steel nuclear rector components. The cracking mechanism occurs in-reactor in welded 

components of type AISI Type 316H austenitic stainless steel. The driving force is a tensile 

residual stress field in the weld. The 25 mm specimens are near the upper limit for X-ray 

penetration, but were required to generate the high tri-axial stresses to initiate creep driven 

fracture. Creep driven cracking was initiated by dwells at elevated temperate followed by crack 

tip strain mapping with synchrotron X-ray (plotted in Figure 2-15) and neutron diffraction. The 

spatial resolution provided by X-ray diffraction allowed accurate measure of peak stresses at the 

crack tip, far-field of the crack tip both measures yielded complementary results. This generated a 

data set that allowed validation of industrial codes; 3D FE models coupled with a creep 

deformation subroutine. Creep relaxation predicted by the models showed good agreement with 

synchrotron data, with slight differences in regions of high creep damage such as cracks and is 

plotted in Figure 2-16. The model also predicted location and shape of the creep cracks, but over 

predicted the size of the cracked region. These experiments were a simplification of the creep 

cracking mechanism that occurs in service. Residual stress fields were created in idealized CT 

specimens and not in welded sections, reducing the complexity of the geometry and removing 

potential microstructural gradients. This approach clearly demonstrates the use of synchrotron X-

ray diffraction for model validation in complex engineering applications. 
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Figure 2-15 Through thickness strain maps generated by synchrotron X-ray diffraction (a) 

residual strain field (b) strain field after creep cracking [101]. 
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Figure 2-16 Comparison of a measured crack tip strain field to model predictions (a) neutron 

diffraction does not have sufficient spatial resolution to capture the high strains at the crack tip (b) 

comparison of 3D FE model to experimental data after a creep dwell [101]. Data set plotted is the 

same as in Figure 2-15, with strains parallel to the loading direction (ε22) are plotted as a function 

of distance from the crack tip. 
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Chapter 3 

Strain Evolution of Zirconium Hydride in a Zircaloy-2 Matrix 

In-situ synchrotron X-ray diffraction was used to determine strain evolution in a minority phase, 

zirconium hydride, embedded in Zircaloy-2 (<100wt-ppm average hydrogen content). The elastic 

modulus of the hydride is similar to that of Zircaloy-2. Three regimes are observed: I - elastic, II - 

post-yield load transfer from Zircaloy-2 to hydride, and III - strain saturation, possibly due to 

hydride fracture. The interpretation is supported by finite element calculations and scanning 

electron microscopy of the fracture surface.   

3.1 Introduction 

Zirconium and its alloys are used in the nuclear industry world wide because their combination of 

low neutron capture cross section, good mechanical properties, and corrosion resistance make 

them uniquely suited for in-reactor applications. Hydrogen uptake in zirconium components 

during service is problematic as the solubility of hydrogen in zirconium is low, and brittle hydride 

phases can form, degrading the mechanical properties. In Canadian Deuterium Uranium 

(CANDU©11) pressurized heavy water reactors, degradation of the Zr2.5Nb pressure tubes by a 

thermally assisted slow cracking mechanism (Delayed Hydride Cracking – DHC) occurs at 

hydrogen concentrations substantially less than 100wt-ppm [1]. In reactors world-wide hydrides 

are a concern for Zircaloy fuel sheathing, particularly in high burn-up conditions, when hydrogen 

concentrations in the range of 100 to 1000wt-ppm can produce brittle failure of the fuel sheathing 

under mechanical load [2]. Hydride formation also occurs in several other metal hydrogen 

                                                   
11 CANDU is the registered trademark of Atomic Energy of Canada Ltd. 
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systems (titanium, niobium, and vanadium) [3, 4]. The embrittlement observed in the titanium-

hydrogen system is similar to that observed in zirconium [4].  

 

The investigation of zirconium hydrides presents several challenges, most specifically isolating a 

hydride (or hydrides) for mechanical testing. Typical methods for investigating properties of the 

hydrides are preparation of a macrocopic ‘bulk’ hydride sample [5, 6], mechanical tests of 

hydrided material with hydride response inferred from acoustic emission [7- 11], and growth of a 

large hydride in a zirconium matrix for indentation experiments [6]. These techniques do not 

provide a complete description of the mechanical response of hydrides embedded in a zirconium 

matrix. Rather, the different techniques are best suited for studying a particular facet of hydride 

mechanical behavior. Tests on bulk hydrides can provide information on both elastic and plastic 

properties, but it is difficult to grow a defect-free crystal, potentially introducing experimental 

artifacts to the data. Further the microstructure of bulk hydride crystals is quite different from that 

of hydrides precipitated in a zirconium matrix, particularly with respect to grain size [6]. Acoustic 

emission can be used directly on hydrided material, finding application in identifying when 

hydrides fracture during a mechanical test, but providing no direct data on the elastic and plastic 

properties of the hydride or on the local stress state causing fracture.  

 

One of the major findings from acoustic emission studies has been that hydride fracture can occur 

near the onset of tensile loading, typically peaking in frequency after some amount of plastic 

deformation occurs in the zirconium matrix [9, 10]. When loading is bi-axial or tri-axial, the 

critical strain required for hydride fracture is reduced [7-11] compared that seen in uni-axial 

loading. Experiments on bulk hydride crystals have indicated that the hydride modulus is similar 
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to that of zirconium, but the fracture behavior of these crystals is difficult to interpret because the 

behavior of the brittle hydride is governed by its defect population [5, 6]. In agreement with 

indentation experiments on large hydrides grown in zirconium that suggest the modulus of the 

hydride phase is similar to that of zirconium. These measurements tend to be scattered, with the 

scatter attributed to the possibility of indenting different crystallographic orientations of the 

hydride [6]. Here it should be noted that the behavior of large single phase hydride crystals may 

be quite different than those of hydrides in a zirconium matrix. 

 

Here we use the technique of synchrotron X-ray diffraction to measure the response of the 

minority hydride phase in situ, and interpret the response using composite mechanics.  

3.2 Experimental Procedures 

Samples were produced from a section of warm-rolled Zircaloy-2 slab with a 20µm grain size. 

The texture and mechanical properties of the plate have been well characterized [12]. A slice 

measuring 2.25x30x60mm3 was machined from the plate and electrolytically hydrided at room 

temperature in a 0.2 molar solution of distilled water and sulfuric acid for 24 hours (producing a 

maximum hydride layer thickness without spalling) [13]. Following the deposition of the hydride 

layer, samples were homogenized at 500ºC for 12 hours, yielding a hydrogen concentration of 

~90wt-ppm, as measured by differential scanning calorimetry on a small button punched from the 

specimen. The slice was then cooled to ambient temperature at 1ºC/minute producing a typical 

furnace cooled hydride microstructure [1], with 2x20x20µm3 hydride ‘cornflakes’ tending to 

precipitate in the rolling/transverse plane of the plate. This hydride orientation is attributed to the 

strong basal texture along the normal direction of the plate produced on rolling, as the 

precipitated hydrides have a {111}δ//{0001}α orientation relationship between precipitated 
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hydrides and zirconium matrix (Figure 3-1) [14]. The thickness dimension of 2.25mm was 

selected as a compromise between( a) good X-ray penetration, (b) providing signal from a 

significant number of hydrides and (c) readily obtaining sufficient hydrogen concentration - the 

thinner the plate the greater the hydrogen concentration that can be easily achieved. The hydrided 

slice was cut into compression and tension samples. For compression, samples of dimension 

4x3x2.25mm3 were cut with the loading axes in each of the three principlal directions (transverse 

(TD), rolling (RD), normal (ND)). For tension, only TD and ND orientations could be cut parallel 

to the loading direction, due to the dimensions of the plate used, with a gage of 7x1x2.5mm3.  

 

High-energy X-ray diffraction measurements were conducted at the 1-ID beamline at the 

Advanced Photon Source (Argonne National Laboratory, IL) [15]. Tensile and compressive loads 

were applied to the specimens using a custom-built stepper motor driven load frame [16, 17]. The 

stepper motor position was incrementally increased during the course of a test and after a 30s 

dwell at each position to allow for load relaxation, a diffraction measurement was made [14]. 

Diffraction measurements were performed with monochromatic 81keV (λ=0.015nm) X-rays in 

transmission, with a beam size of 200x200µm2.  

 

As the hydride phase is a minority phase in the Zircaloy-2 matrix, the diffraction signal from the 

hydride was maximized by (1) detector selection, (2) total exposure time, (3) sample translation, 

and (4) detector position. The 40x40cm2 GE amorphous silicon detector used in this study 

allowed rapid capture and read-out of the Debye-Scherrer diffraction rings. To increase the signal 

from the minority hydride phase, ten 1.25s exposures were taken and summed together, with the 
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Figure 3-1 {0002} pole figure for the Zircaloy-2 plate showing the strong alignment of basal 

poles along the normal direction (ND) to plate rolling. This texture influences hydride 

precipitation (max Multiply Random Distribution (MRD) ~3.75) [14]. 
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maximum single exposure time selected to just avoid detector saturation of the strongest 

zirconium peak. Collecting more exposures than ten did not decrease the uncertainty in fitting to 

the hydride phase, indicating that a stable peak-to-background ratio was reached. Also, a single 

exposure required ~8MB memory, making data management a concern. In order to obtain a 

suitable sampling of the hydride population during the course of the test, a sequence of exposures 

was made while translating the sample over roughly 1mm. This effectively increased the 

sampling volume by a factor of five, minimizing the potential for sampling artifacts as a 

population of hydrides moved in or out of the beam during loading. Finally the detector-to-

sample distance was set at 1995mm, as a compromise between the number of peaks that could be 

measured and the strain resolution in the δ-hydride phase. This yielded coverage of 5 zirconium 

peaks from {11
-
 20} to {101

-
 0}.  

 

Diffraction patterns were extracted from circumferentially summed Debye-Scherrer rings [16-18, 

Appendix B], i.e., diffraction patterns were obtained at nominal angles around the ring of 0, 90, 

180, and 270o, integrating ±10o around the nominal direction. The data from equivalent scattering 

vectors within the sample were then averaged (i.e. 0o/180o and 90o/270o), producing diffraction 

patterns corresponding to scattering vectors parallel to and perpendicular to the loading direction. 

A sample diffraction pattern is shown in Figure 3-2. Note that there are five strong zirconium 

peaks, while the inset shows the only individually resolvable hydride peak, {111}, neighboring 

the {101
-
 0} zirconium peak. Other hydride peaks overlap strongly with zirconium peaks, and 

could not be individually resolved to allow unambiguous peak fitting. The low intensity of the 

diffraction from the hydride phase is principally a result of the low concentration of hydrogen in 
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Figure 3-2 Diffraction pattern produced after binning Debye-Scherrer rings over 20o. Inset shows 

the resolvable hydride {111} and neighboring zirconium diffraction peaks, as well as the fit to the 

diffraction data. 
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the material (~ 90wt-ppm). Fitting of the {111} δ-hydride peak/{101
-
 0} zirconium peak pair, as 

well as the other zirconium peaks, was accomplished using the single peak fitting routine within 

the GSAS software package [19]. A pseudo-Voigt peak shape was used with the Gaussian width 

allowed to vary but the Lorentzian component of the width defined from a calibration sample [16-

18]. Changes in the lattice parameter obtained from the fit were used to determine strain 

components εxx and εyy, with the d-spacing at zero applied load serving as a reference.  

3.3 Results 

The data obtained for the samples with load applied parallel to the transverse direction (TD) of 

the plate are plotted in Figure 3-3. The lattice strain evolution for the {111} hydride peak is 

shown as a function of applied stress, as measured by load cell during the experiment. The lattice 

strain evolution as measured by peak shift was qualitatively similar for all sample orientations, 

and will thus be examined in detail. We note that the lattice strain for the hydride phase shows 

three distinct regimes: (Regime I) an initial linear region, (Regime II) a second linear region 

marked by an inflection and subsequent decrease in slope and (Regime III) strain saturation. This 

division is observed in both tension and compression for all sample orientations. There is a 

statistical uncertainty of ±70 µstrain on each data point which propagates to an uncertainty of 

±10% in the modulus values reported. Moduli values (Regime I) and transition stresses (between 

Regime I/II and between Regime II/III) for the different experimental runs are summarized in 

Table 3-1 (see Appendix C for additional experimental data). 
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Table 3-1 Summary of results from the ZrxH {111} hydride peak for all tension and compression 

runs. Included are the hydride moduli (Regime I), transition stresses between the three regimes 

observed, and µstrain values at saturation in the direction parallel (x) and perpendicular (y) to the 

applied load. 

 

            

Orientation Regime I Regime I/II Regime II/III   
Parallel/Perpendicular 

to Axial Loading 
Elastic (εxx) 

 
Load 

Transfer 
Saturation 

   
 

Tension GPa MPa MPa µεxx µεyy 

TD/RD 100.9 ± 10.1 267.3 ± 7.1 349.1 ± 7.1 6294 ± 70 -2585 ± 83 

ND/RD 115.1 ± 11.5 439.5 ± 8.0 469.9 ± 8.0 5218 ± 70 -1532 ± 83 
 

Compression      

TD/RD 97.0 ± 9.7 -150 ± 6.8 -324 ± 6.8 -4679 ± 70 5650 ± 83 

RD/TD 78.0 ± 7.8 -142.2 ± 5.4 -222.5 ± 5.4 -4349 ± 70 4549 ± 83 

ND/RD 95.9 ± 9.6 -313.1 ± 6.7 -444.0 ± 6.7 -5757 ± 70 4834 ± 83 

Note: Numbers in italics indicate estimates from transverse banks, as peak overlap in the axial banks in 

tension occurred (see Discussion section d).         
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Figure 3-3 Applied Stress versus Lattice Strain evolution for the {111} hydride peak for samples 

loaded axially along TD in both (a) tension and (b) compression with the Regime I/II and II/III 

transitions labeled. RD is perpendicular to applied load in both cases. 
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There are two experimental features of the data that should be noted. First, the anisotropy in the 

stress value of the Regime I/II transition seen in tension and compression for a given sample 

orientation is too large to be explained by the usual anisotropy in yield stress observed in 

Zircaloy-2 [12]. This may be due to the difficulty of ensuring parallel surfaces of the compression 

samples and therefore the values for this transition in compression should be treated with caution. 

The Regime II/III transition occurs at approximately the same stress in both tension and 

compression and should be largely free of sample geometry artifacts, since it occurs after 

significant plastic deformation. Further the modulus values measured on unloading after 

compression should also be free of this artifact and are reported in Table 3-1. Second, during 

tensile loading peak overlap occurs in the axial data set between the hydride (ZrxH {111}) and 

zirconium (Zr {101
-
 0}) diffraction peaks, starting at a stress somewhat above the Regime I/II 

transition. This overlap was observed for both of the samples measured in tension and means that 

the hydride diffraction peak cannot be resolved reliably for high applied stresses. Thus we cannot 

identify a Regime II/III transition in the direction parallel to the applied load; however the 

signature of the Regime II/III transition is observed in the data sets perpendicular to the loading 

direction (Figure 3-3). Therefore data from these perpendicular banks are used to estimate the 

stress and strains of the Regime II/III transition in Table 3-1 for tensile samples. This effect is 

only seen in tension due to the sense of the strains generated in the hydride (ZrxH {111}) and 

zirconium (Zr {101
-
 0}) diffraction peaks relative to their initial d-spacing. 
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3.4 Discussion 

3.4.1 Lattice Strain Evolution 

The three regions observed in the hydride strain evolution appear consistent with (Regime I) 

elastic loading, (Regime II) load transfer to the hydride phase after yield of the Zircaloy-2 matrix, 

and (Regime III) strain saturation in the hydride. In the initial elastic region, a hydride modulus of 

~100GPa is determined (97±13 GPa based on the average of the values given in Table 3-1). This 

is consistent with experiments conducted on bulk hydrides and indentation experiments [6], and 

similar to the modulus of zirconium.  

3.4.2 Load Transfer to Hydride Phase 

A 2-dimensional plane stress finite element model was constructed, which confirmed that the 

inflection in hydride lattice strain between Regimes I/II could be explained by load transfer from 

the yielding zirconium matrix. Dimensions for the hydride precipitate were estimated from 

optical metallography, which revealed that the hydrides were approximately 20µm in length, with 

an aspect ratio of 10:1, and had ~ 5% area fraction in the TD/ND and RD/ND planes. Unit cell 

boundary conditions were set to model a regular infinite array of such hydrides (see Appendix D 

for more details on FE boundary conditions and inputs). It should be noted that the area fraction 

estimated from metallography is higher than the ~1% estimated from hydrogen charging, 

probably due to the etching process. This is not expected to significantly influence the results of 

the model, as there do not appear to be any hydride/hydride stress field interactions. In the 

absence of these interactions, the hydride aspect ratio should be the dominant effect in load 

transfer to the hydride phase (discussed in the next section). Both the hydride and the Zircaloy-2 

matrix were given an elastic modulus of 100GPa, while only the Zircaloy-2 matrix was assumed 

to plastically deform. Tensile tests conducted on un-hydrided Zircaloy-2 samples from the same 
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plate used in this study were used as input stress-strain curves for the model and to calculate Hill 

parameters to account for the plastic anisotropy of the Zircaloy-2 matrix. Results of the 

calculation for axial loading along TD are shown in Figure 3-4, with good agreement between the 

model and data set. The elastic strain from the FE calculation is compared to the lattice strain for 

the Zircaloy-2 matrix using the average of the five Zircaloy-2 peaks [20] and the lattice strain for 

the {111} hydride peak. An average of five Zircaloy-2 peaks was used to minimize the effect of 

elastic and plastic anisotropy. Such averaging was not carried out for the hydride since only one 

peak was accurately measured, however the strain should be representative of the average elastic 

response if the elastic anisotropy of the phase is assumed to be small. Both phases show an elastic 

response until yielding of the matrix occurs. At this point, the elastic strain in the Zircaloy-2 

matrix stops increasing with increasing applied stress and load is transferred to the plastically 

harder hydride phase. These details agree well between model and experiment, confirming the 

occurrence of load transfer prior to hydride fracture in this material. 

3.4.3 Hydride Fracture 

There are a number of possible explanations for Regime III, i.e., the strain saturation that occurs 

after the region of load transfer. Potential sources for saturation of strain in the hydride phase 

include (1) hydride fracture, (2) interface failure, (3) plastic deformation of hydrides, or (4) work 

hardening around the hydride leading to load transfer back to the matrix. Interface failure is 

highly unlikely as to date there is no evidence for its occurrence and only hydride fracture has 

been observed [10]. Work hardening close to the Zircaloy-2/hydride interface should occur as a 

result of localized plasticity, but the work hardening rate in this annealed Zircaloy-2 plate is 

relatively low [12, see Appendix B] and is unlikely to be high enough to account for strain 

saturation. The onset of the saturation is rapid and we would expect a more gradual transition and 

less steep final gradient if matrix hardening was responsible. We note that this effect could be 
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Figure 3-4 Results from the FE calculation compared to the experimental data for both phases, 

under applied tension for sample with TD and RD directions parallel and perpendicular with 

respect to the applied load respectively). 
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studied further experimentally by using zirconium alloys with different work hardening 

characteristics as the parent material for the hydride phase.  

 

Orientation relationships for slip for hydrides in zirconium have not been reported, but bulk 

zirconium hydride appears to slip on {111} [5]. Plastic deformation has been reported to occur in 

hydrides in a zirconium matrix at both room and elevated temperature, but only in a minority of 

the hydrides present. For slip to occur hydrides must be favorably oriented within a grain or grain 

boundary and this orientation relationship is not the case for the vast majority of hydrides in 

zirconium [11, 21]. Further, hydride precipitation at grain boundaries is common and slip has not 

been observed in grain boundary hydrides [11]. Diffraction strain measurements are the average 

response of all grains oriented for diffraction. Therefore if the observed saturation is a result of 

hydride plasticity, the majority of the hydrides in the material would have to plastically deform. 

This interpretation is not consistent with the literature [2, 5-11, 21] hence we expect the average 

response of the hydrides in zirconium to be elastic until brittle failure.  

 

Acoustic emission experiments conducted on hydrided zirconium indicates that hydride fracture 

occurs throughout the course of a tensile test, typically peaking between 1 and 4% matrix plastic 

strain depending on alloy composition and stress state [7-10]. Hence we suggest that the observed 

Regime II/III strain saturation represents a stable regime where the stress in the hydrides cannot 

be further increased. This limit would be due to a combination of limited plastic hardening in the 

zirconium matrix, and more importantly, the fracture of the hydride particles to an average size 

below which they can no longer fracture. This occurs at approximately 3% matrix plastic strain in 

the current study. This type of behavior has been reported in conventional composite materials 
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and can be understood through a shear lag model [22, 23]. In a shear lag model description, for 

hydrides below some critical length (the stress transfer length (lt)), a peak stress is reached in the 

center of the hydride that is a function of hydride length. Above the stress transfer length, the 

stress plateaus in the center of the fiber at a value which is independent of the size of the hydride 

and depends only on elastic properties of the hydrides. Hence if the hydride is significantly longer 

than lt, the average stress in the hydride is relatively insensitive to the length of the fiber. In a 

diffraction experiment the initial hydride fractures detected with acoustic emission would not be 

observed, provided that after fracture the hydrides’ length still significantly exceeded the stress 

transfer length. This is because if the hydride is longer than the critical length for load transfer, 

the average load transferred to the hydride phase is essentially unchanged by fracture, and hence 

the average hydride strain response as measured by diffraction is also unchanged. As the hydrides 

continue to fracture, the average hydride length will eventually decrease to below the critical 

stress transfer length. At this point, the average stress borne by the hydride phase will decrease 

with further fracture. Therefore, the strain saturation observed at the Regime II/III transition 

likely represents a critical hydride length, the failure length (lf), at which point the hydrides can 

no longer be loaded due to fracture. 

 

It is possible to estimate the approximate stress transfer length and the failure length for hydrides 

oriented with their plate normal perpendicular to the loading direction (loading along TD or RD). 

The stress transfer length is estimated as [22]: 

n

t3
l t =  
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where t is the hydride thickness (~2µm) and n is a dimensionless constant related to the stress 

distribution in the hydride. As the elastic constants of the hydride and matrix appear equal n is 

approximated as unity, yielding a stress transfer length of ~6 µm. This length is significantly less 

than the initial length of the hydrides (~20µm), consistent with the proposed fracture mechanism.  

 

Assuming the Regime II/III strain saturation occurs because the hydrides have fractured to the 

failure length, at low volume fractions the failure length for hydrides along the orientation 

described above is estimated as [23]: 










τ
σ

=
2

t
l

H

H
f  

where σH is the axial stress required to fracture the hydride, τH is the interfacial friction stress, and 

t is the thickness of the hydride. Estimating σH from our finite element model results (~800MPa) 

and approximating the Zircaloy-2 interface strength with a Tresca criterion (τH~½σy), yields a 

failure length of ~4.5µm. Our analysis assumes that the Regime II/III strain saturation occurs 

because the hydrides have fractured to lengths below the stress transfer length and therefore no 

longer can be loaded without experiencing failure. The estimate then represents the expected 

hydride size after specimen tensile rupture and correlates well with microscopic studies of 

fractured hydrides reported in the literature [9]. This explanation does require a reasonably wide 

population of defects to be present in the hydrides; the distribution of strength-limiting defects in 

zirconium hydride is unknown. It must be noted that the above treatment is not sufficient to 

directly explain the behavior of hydrides with plate normal oriented parallel to the loading 

direction (loading along ND), as the hydrides are ~2µm thick and not sufficiently long to sustain 

a shear lag loading mechanism. Given that a shear lag loading cannot operate, load transfer to 
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these hydrides must be less efficient and, qualitatively would be expected to provide a 

contribution to the higher Regime I/II and Regime II/III transitions observed for samples loaded 

along ND relative to those loaded along RD and TD (Table 3-1). More complex finite element or 

Eshelby type models would be required to capture the details of the load transfer behavior for 

hydrides with plate normal parallel to loading.  

 

To confirm the occurrence of hydride fracture, the fracture surface of the tension specimens (TD 

and ND axial orientations) were examined by SEM. In the TD orientation hydride precipitates are 

acicular in cross section (~2x20µm2), while in the ND orientation they appear as plates. Figure 

3-5a is a micrograph of the TD orientation and reveals voids in the fracture surface with the 

approximate dimensions of the expected hydrides. The ND orientation in Figure 3-5b reveals 

steps in the fracture surface, likely as a result of the fracture of hydride plates. Linking of hydride 

plate initiation sites produces a ‘stepped’ fracture surface. With the exception of the voids present 

in the TD orientation and the steps present in the ND orientation, the fracture surfaces have the 

ductile character expected for Zircaloy-2. These features (voids and steps) are the characteristic 

features of hydride fracture [2, 7, 8].  

 

The analysis carried out in this work has established the possibility of minority phase stress 

analysis with diffraction techniques. While data quality and signal from the hydride phase could 

be improved by increasing the hydrogen concentration, the low concentrations studied in this 

experiment (<100wt-ppm) are of technical importance for DHC [1]. A future study to greater 

hydrogen concentrations (100 to 1000wt-ppm) would be of interest to examine the effects of 

increased hydride volume fraction, as well as the potential of fitting other hydride peaks in order
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Figure 3-5 SEM micrographs of the tensile fracture surfaces (a) TD, and (b) ND. 

 

 

(a) 

Voids  

(b) 

Steps  

100 µm 



 

 77 

 to investigate the elastic anisotropy of the phase. These higher concentrations are of technical 

importance for fuel sheathing embrittlement [2].  

3.5 Conclusions 

The following conclusions are drawn regarding the strain evolution in hydrides embedded in a 

Zircaloy-2 matrix: 

• Strain measurements can be made in zirconium hydrides at low hydrogen concentrations 

(<100wt-ppm) using synchrotron X-ray diffraction. 

• The moduli of the hydride and Zircaloy-2 matrix are similar, having a magnitude of 

~100GPa. 

• FE calculations show that load transfer to the harder hydride phase is responsible for the 

first inflection post Zircaloy-2 yield (Region I/II transition) observed in the diffraction 

data for the hydride phase. 

• The strain saturation observed in the hydride could be a result of hydride fracture. This is 

supported by microscopy and consistent with composite load transfer models.  

Additional Discussion  

Since the publication of the Journal of Nuclear Materials paper above (here on referred to as Kerr 

et al. [24]), a second measurement of hydride mechanical behavior by X-ray diffraction has been 

published (Steuwer et al. [25]). The additional discussion that follows will first comment on the 

effect of hydride residual stress state on hydride fracture (something that was not directly 

addressed in the original paper) and then compare the two studies measuring hydride mechanical 

behavior by in-situ synchrotron X-ray diffraction.  
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3.6 Effect of Residual Stress on Hydride Fracture 

The FE modeling outlined by Kerr et al. did not account for the initial residual stress state of the 

hydride phase [24], as the model was used to assess whether or not load transfer to the hydride 

phase was a plausible mechanism for the inflection observed in the hydride lattice strain after 

yield of the zirconium matrix (Regime I/II transition). Results from the FE calculation and the 

experiment are in agreement, confirming that load transfer from a softer (plastically yielding 

zirconium matrix) to a harder (elastic hydride inclusion) is consistent with the observed behavior. 

If the residual stress state of the hydride were accounted for in the model, the load transfer 

mechanism would be unchanged, the residual stress only having an effect if the hydride were 

allowed to plastically deform. Further, although the residual stress state of the hydride must 

influence the fracture of the hydride phase, icluding of the residual stresses does not change the 

estimate of the critical size for hydride fracture. As the hydrides fracture to their critical length 

and plasticity occurs in the zirconium matrix, residual stresses in the hydrides must be relieved by 

the fracture process. This is supported by the experimental data in which the strain saturation for 

a given specimen orientation occurs at nominally the same hydride strain in tension as in 

compression (for samples loaded along TD hydrides fracture at ~3000µstrain in both tension and 

compression). That the hydride strain is nominally the same is further evidence that the saturation 

observed is associated with the hydride fracture length (lf) and not hydride yielding. If initial 

yielding of the hydride were responsible for the Regime II/III saturation then the residual stress 

state in the hydride should influence this behavior12. Mechanical tests conducted on bulk hydrides 

indicate that, at ambient temperature, the contribution of hydride plastic strain to overall strain is 

quite small, thus a weak diffraction signature is expected as the hydrides still must elastically 

                                                   
12 This assumes that yielding in the zirconium matrix surrounding the hydride has not significantly relieved 
the initial residual stresses on the hydride.  
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load13. This is supported by ambient temperature compression data on bulk near δ-hydrides that 

have high work hardening rates post yield and are essentially linear to failure [5, 6]. The language 

used in by Kerr et al. above was perhaps too strong in its dismissal of hydride plasticity and 

should have noted that increasing temperature would have likely increased the contribution of 

hydride plasticity to deformation. To study the effect of hydride plasticity, similar experiments 

should be conducted at 150 to 250oC where mechanical tests conducted on bulk δ-hydrides 

indicate hydride plasticity significantly contributes to deformation and a stronger diffraction 

signature (lattice strain saturation) of hydride plasticity is expected. 

 

Although accounting for the residual stress state does not change the conclusions drawn by Kerr 

et al., the residual stress state of the hydride is of interest, as it must influence deformation. If 

compressive residual stresses are assumed on a hydride embedded in a zirconium matrix, 

hydrides should initially fracture at higher applied loads in tension than in compression. It is 

possible to make a first-order estimate of the residual stress state of the hydride phase from data 

in this study. Although the hydrides must contain residual stresses owing to their precipitation, 

the lattice strains reported in this work are relative to the lattice parameter at zero load. 

Estimating a true reference (or stress-free) lattice parameter is difficult with any diffraction 

experiment [26], but there are two possibilities for a reference in this study. One possibility is to 

use stress-free lattice parameters determined by X-ray diffraction for δ-hydride powders [27, 28], 

but this assumes that chemistry effects between the hydrides used in different studies are small.  

                                                   
13 The diffraction signature for an elastic-perfectly plastic martial would be a strain saturation on yielding, 
as plastic deformation does not contribute to the elastic lattice strain measured in a diffraction experiment. 
Though deformation of bulk hydrides shows a yield point, continued elastic loading is the primary strain 
accommodation mechanism at room temperature [5, 6]. 
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Several studies use hydrides grown from high purity zone refined zirconium, ground to a powder 

at low temperature with X-ray measurements calibrated against a NIST traceable reference. These 

studies show that the lattice parameters of pure zirconium hydrides are largely insensitive to 

hydrogen concentration, but that the lattice parameter is sensitive to long term elevated 

temperature annealing (525oC for 21 days) and that this could be a result of changes in chemistry 

of the hydride (discussed in Chapter 6) or ordering of the hydrogen in the hydride (discussed in 

detail later this chapter). Potential changes in hydride lattice parameter with chemistry preclude 

the use of these high purity hydride powders as a reference lattice parameter for strain 

determination, but are useful for qualitative lattice parameter comparisons made later in this 

chapter [26]. Another option is to average the hydride lattice parameter at zero load for the three 

different orientations of the diffraction vector (parallel to the RD, TD, ND material orientation) 

used in the current study. This average will remove the influence of average deviatoric stresses on 

the hydride lattice parameter, but not the hydrostatic component (discussed in Chapter 6). The d-

spacing for {111} δ-hydrides determined averaging the lattice parameter for the principal 

directions in the current study 2.7606±0.0008nm.  

 

In order to calculate the initial residual stress state of the hydride from the average lattice 

parameter at zero load several assumptions must be made. (1) Hydride plates are aligned with the 

principal directions. As the hydrides plates are preferentially oriented in the RD/TD plane this 

condition is met. (2) The δ-hydride is assumed to be elastically isotropic with the {111} reflection 

a representative orientation for the material. The assumption of isotropic elastic behavior in the 

hydrides may not be reasonable, but there is no way to account for any potential elastic 

anisotropy in the material [29]. Principal strains for the hydrides are calculated from the average 

zero load lattice parameter and then converted to the principal stresses (see Chapter 6). Results 
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are summarized in Table 3-2, indicating a tensile stress normal to the hydride plates (280MPa) 

and a compressive stresses in the plate along TD (-110MPa) and RD (-170MPa). This favorably 

compares with FE estimates for the compressive stress in hydride center from 3D FE calculations 

on a penny-shaped δ-hydride that impose a 17% transformation strain upon the precipitation of 

the hydride [10, 31]. This comparison is not rigorous, but it does suggest one method of 

validating transformation strains used for the hydride phase in FE models. Currently these 

transformation strains are estimated from crystallographic relations and have not been 

experimentally confirmed. Ideally future experiments should be conducted for hydrides with a 

range of matrix yield stresses as the yield stress of the matrix is principally responsible for the 

peak residual stress in the hydride phase. Further, dissolving the hydrides followed by slow 

cooling under a load (lower than the threshold for hydride reorientation) should also vary the 

residual stress state in the hydride phase and would be a useful data point for model validation.  

3.7 Comparison of In-situ X-ray Diffraction Studies 

The experimental results reported by Steuwer et al. [25] are markedly different from the 

experimental results previously reported in this dissertation (Kerr et al. [24]). Steuwer et al. 

conducted in-situ tension experiments at the ESRF in order to study the deformation behavior of 

the hydride phase in Zircaloy-2 and 4. Strain behavior for the hydride phase in the Steuwer et al. 

study is anomalously high and a hydrogen ordering mechanism is invoked to explain the lattice 

strains on the order 20,000 µstrain experimentally observed. Below the work of Steuwer et al. is 
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Table 3-2 Estimation of hydride residual stresses from the average lattice parameter (averaged 

along the three principle sample directions - ND, TD, RD) [26, 30, Chapter 6]. 

 

    

 dave(ND) dave(TD) dave(RD) 

d-spacing (m x 10-10) 2.7661 2.7583 2.7573 

error(±) 0.0001 0.0007 0.0008 

    

 dave(ND,TD,RD)   

d-spacing (m x 10-10) 2.7603   

error(±) 0.0005   

    

 εND εTD εRD 

Strain 0.0019 -0.0007 -0.0011 

error(±) 0.0004 0.0003 0.0003 

    

 σND σTD σRD 

Stress (MPa) 280 -111 -169 

error(±) 31 65 70 
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summarized and compared to the work of Kerr et al. previously discussed in this chapter. The 

possibilities of hydride ordering and experimental artifacts are considered. 

3.8 Evidence of Stress Induced Ordering in Zirconium Hydrides  

In-situ tension experiments were conducted at the ESRF by Steuwer et al. to study the 

deformation behavior of the hydride phase in Zircaloy-2 and 4. The experimental set up was 

similar to the work of Kerr et al. in that diffraction patterns were collected as a function of load, 

but there are several differences in experimental procedure that should be noted. The diffraction 

technique made use of a white X-ray beam (rather than a beam of constant wavelength) and 

diffraction patterns were captured with energy dispersive detectors. The second difference is that 

the samples were continuously loaded, as opposed to incrementally loaded as in the work of Kerr 

et al. There are also differences in terms of the source material. Specifically the work of Kerr at 

al. used samples from a rolled Zircaloy-2 plate and hydrided to ~90wt-ppm hydrogen, while the 

work by Steuwer et al. used Zircaloy-2 and 4 fuel sheathing which had been rolled flat and 

hydrided to 400wt-ppm hydrogen. The techniques employed in both studies are conventional for 

synchrotron X-ray studies [15, 32] and both obtain similar results for the behavior of the 

zirconium matrix. The discussion of the two works that follows is quite detailed as a similar 

experiment was conducted in both works, but the results are markedly different. The discussion 

that follows requires (1) a significant amount of background as the phase transformation 

mechanism proposed by Steuwer et al. is complex and similar mechanisms are not reported for 

other systems and (2) some of the potential flaws with the ordering mechanism proposed by 

Steuwer et al. are quite subtle.       

 



 

 84 

Where the studies differ is in the measured response of the hydride phase. In the work of Kerr et 

al. the δ-hydride phase is present throughout the course of the tension and compression 

experiments (no phase change occurs). Steuwer et al. report that initially the δ-hydride phase is 

present, but after deformation only the γ-hydride remains for hydrides oriented along the loading 

direction (crystallographic axis of the hydrides parallel to the loading direction). The transition of 

the γ-hydride phase to the δ-hydride phase as reported is anomalous and does not appear to follow 

a conventional phase transformation signature observed by diffraction. Conventionally when one 

phase transforms to another, the diffracted intensity of the transforming phase decreases with a 

corresponding increase in intensity in the phase that is forming. This is not the behavior reported 

by Steuwer et al. who report “surprisingly large d-spacing shifts of the hydride peaks 

incompatible with elasticity theory” as peaks move dramatically from the nominal δ to γ position. 

Steuwer et al. argue that a hydrogen ordering mechanism is responsible for the observed 

behavior.  

 

This d-shift is observed in the three resolvable δ/γ hydride pairs; δ{220}/γ{202}, δ{311}/γ{113} 

and δ{331}/γ{313}. The strongest reflections are the δ{311}/γ{113} pair and the results for this 

orientation are plotted in Figure 3-6 as lattice strain in the hydride versus macroscopic strain. 

Very large lattice strains (~22,500µstrain) are observed in the hydride phase on loading to a 

macroscopic strain of ~4%. After this point the increase in hydride lattice strain is similar to that 

observed in the zirconium matrix. Similar shifts are reported in δ{220}/γ{202} 

and δ{331}/γ{313} pairs; however for these pairs, the d-shift in the δ peak is not towards γ peaks 

(which are at lower d-spacing). Behavior for the 3 sets of δ/γ pairs is plotted in Figure 3-7, where 

the (same lattice strain in the hydride versus macroscopic strain) plotting convention is used with 
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Figure 3-6 Macroscopic stress strain curve for Zircaloy-2 compared with the lattice strain 

evolution from Steuwer et al. Note that the hydride phase shows an elastic strain of ~2.25% [25]. 
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Figure 3-7 Detector images from the Steuwer et al. study, note the d-spacing shift and δ/γ 

hydrides are present. The following hydride pairs are plotted (a) δ(220)/γ(202), (β) δ(311)/γ(113) 

and (c) δ(331)/γ(313) [25]. 
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the addition of colors to show the peak intensity. Only one hydride peak is observed in the 

transverse direction, the δ{220} hydride peak, no anomalous shift or γ-hydride peak is observed 

(though it should be noted for this orientation δ{220}/γ{202} overlap of the two peaks is 

expected). Hydride peak intensities are quite weak (only 30 to 60 counts above background). This 

is surprisingly low as at 400wt-ppm the intensity of the hydride peaks measured at 1ID are quite 

strong [33]. 

 

Data from Steuwer et al. are compared to the work of Kerr et al. in Figure 3-8, plotted as 

macroscopic stress versus lattice strain. The two hydride data sets show markedly different 

behavior. The zirconium peaks plotted in Figure 3-8 from Steuwer et al. track the zirconium peak 

behavior from Kerr et al., indicating that the elastic and yield behavior of the Zircaloy matrix is 

nearly identical in the two studies. This would seem to eliminate differences in the properties of 

the Zircaloy matrix as an explanation for the differences in hydride behavior. If an ordering 

mechanism were operating in the study by Kerr et al., then an anomalously large d-shift and 

partial ordering would be expected in the δ{111}/γ{111} hydride peaks and this is not observed. 

Further, it is difficult to relate the data of Steuwer et al. with the mechanical properties of 

hydrided zirconium measured in acoustic emission and in-situ SEM experiments [7-11, 34]. For 

the data of Kerr et al. registry between the zirconium matrix and the response of the hydride 

phase make this comparison straightforward. Both phases initially load elastically, zirconium 

yields and transfers load to the hydride phase, with the strain saturation observed in the hydride 

phase related to the critical size of hydride fracture. This is consistent with acoustic emission 

results inferring that hydrides fracture throughout a tensile test and there is a peak in the 

frequency of hydride fracture after some amount of plastic deformation. The comparison for the  
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Figure 3-8 Comparison of lattice strain data from the Kerr et al. [24] and Steuwer et al. [25] 

studies, with results plotted as applied stress vs. lattice strain. Behavior of the zirconium peaks are 

from the work of Steuwer et al and appear to show good registry with the hydride behavior 

measured by Kerr et al., but hydride peaks show markedly different behavior. 
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data of Steuwer et al. to the fracture behavior of the embedded hydride phase is less transparent. 

If the hydrides fracture, and they must, there is no clear signature of it in the diffraction data set.   

3.8.1 Interstitial Relaxation in the Zirconium/Hydrogen System 

Internal friction measurements14 of the zirconium/hydride system provide some insight into 

ordering mechanisms active in zirconium hydride, with measurements made in the elastic regime 

on hydrided zirconium alloys as well as solid δ-hydrides [36, 37]. In this regime there are three 

peaks in internal frication and two peaks that are associated with the presence of hydrides (Figure 

3-9). Peak 2 is associated with hydrogen ordering in the δ-hydride [36]. As this peak is present in 

both hydrided zirconium and solid zirconium hydride, this process must occur in the hydrides  

 

                                                   
14 Internal friction measurements discussed in this dissertation elastically load specimens in 
tension/compression torsion cycles at frequencies in the range of 40 to 120 kHz. Internal friction measures 
damping as a function of temperature and internal friction peaks are correlated with atomic ordering 
mechanisms operating in the specimen. The classic example is the Snoek relaxation of interstitials in BCC 
iron. Unloaded all tetragonal interstitial sites in a BCC unit cell are equivalent, but under tension those 
along the loading axis elongate and are favored by interstitial impurities. Strain lags stress as the interstitial 
diffusion rate limits the rate of interstitial ordering, producing the observed dampening or peak in internal 
friction [35].      
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Figure 3-9 Internal friction peaks observed in hydrided zirconium. Peak 1 is attributed to 

dislocation interaction in the zirconium matrix. Peak 2 occurs in solid hydride and is attributed to 

ordering processes in the hydride phase. Peak 3 only occurs in hydrided material and is attributed 

to movement of the hydride/zirconium interface under an applied stress [36, 37]. 
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themselves. Peak 3 is attributed to the movement of the hydride/zirconium interface under an 

applied stress [37]. Peak 1 occurs in unhydrided zirconium and is attributed to dislocation 

interactions [36, 37]. Results from dynamic internal friction experiments indicate that relaxation 

mechanisms do operate in zirconium hydride, but are not a clear confirmation of the operation of 

the Snoek-type mechanism proposed by Steuwer et al. for hydride ordering. The diffraction data 

of Steuwer et al. appear to show that ordering has a low threshold for activation, operating in the 

elastic regime in the zirconium matrix. If this is the case, a signature for this process would be 

expected in the dynamic internal friction experiments.  

 

It is possible that the ordering of hydrogen in the hydride (peak 2) may be associated with 

ordering of the hydride phase observed by Steuwer et al. But it is also possible that the work of 

Kerr et al. is consistent with the internal friction measurements, where ordering of hydrogen in 

the hydride may occur without producing a phase change and only produce a small change in 

hydride unit cell volume (analogous to the operation of a classic Snoek like mechanism, where 

ordering of interstitials in crystal lattice produce small distortions of the lattice and do not 

produce a phase change). This highlights the difficulty in interpreting internal friction 

measurements. They provide a signature that a process is occurring, but no direct information on 

what that process could be, and must instead be inferred from the conditions of the experiment. In 

this case peak 2 appears to be associated with a relaxation mechanism operating in the hydride 

phase, but the load range investigated in Steuwer et al. in-situ diffraction study is quite different 

from the small elastic deformation applied in internal frication measurements. For deformation at 

high loads comparison to bulk hydride is required, particularly since internal friction measures are 

only sensitive to reversible processes.  
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Finally, peak 3 accounts for the effect of stress on the equilibrium conditions at the 

hydride/zirconium interface. This is expected under reversed elastic loading (as discussed in 

Chapter 2) and is not evidence for rejection of hydrogen from the bulk of the hydride required for 

the operation of the ordering mechanism proposed by Steuwer et al. Rejection of hydrogen from 

the hydride would be limited by the diffusion of hydrogen in the hydride phase and would occur 

on longer time scales than those probed in dynamic internal frication experiments [37].  

3.8.2 Comparison to Bulk Hydride Deformation 

Near δ-hydride compositions are reported to have limited plasticity and high work hardening 

rates during ambient temperature deformation. Yield stress is reported to drop rapidly from in 

excess of 600MPa to less than 300MPa as temperature is increased to 150oC and stabilizing as 

temperature is increased to 400oC (see Chapter 2 for more details) [5, 6]. Due to the brittle nature 

of the hydride phase most tests have been conducted in compression, though limited tensile test 

results of near δ-hydride composition are reported in reference [5].  

 

Both the study by Kerr et al. and that by Steuwer et al. were conducted at room temperate with 

the δ-hydride phase reported as the predominant phase in both studies. The results of Kerr et al. 

are in generally consistent with the room temperature deformation reported for δ-hydrides, with 

hydrides showing little evidence of plasticity prior to fracture. Results of Steuwer et al. are 

inconsistent with mechanical properties of δ-hydrides as determined by bulk compression. At 

room temperature, bulk hydride specimens exhibit an essentially linear response to failure owing 

to the limited plasticity and high work hardening rates. Samples tested in tension are reported to 
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have brittle behavior fracture prior to yield and no anomalous strain behavior is reported. There 

are several possible explanations for this; one is that most tests on bulk hydride specimens are 

conducted in compression and that the ordering mechanism proposed by Steuwer et al. only 

operates in tension. This point is addressed by Steuwer et al. who suggest that this ordering 

mechanism is general and that the c-axis of the δ-hydrides distorts 90o to the applied load. No 

compression (or limited tensile tests) on bulk near δ-hydrides report anomalous strains at ambient 

temperature, suggesting that ordering mechanism proposed by Steuwer et al. do not operate in 

these conditions.  

3.8.3 Hydrogen Ordering Prior to Phase Transformation 

Cassiday and Wayman treat the phase transformation of bulk δ � γ hydrides as a martensitic 

phase transformation based on metallurgical observations (both optical microstructures and 

crystallography determined from TEM analysis (see Chapter 2) [38]). Steuwer et al. interpreted 

the Cassiday and Wayman reference as follows:  

 

Excess hydrogen is expelled from the subset of hydrides which are favorably 

aligned for observation by diffraction into the surrounding matrix, aided by the 

high mobility of hydrogen in zirconium, which equally facilitates the ordering 

processes, as already noticed and discussed by Cassiday and Wayman [38]. 

   

This is actually not addressed by Cassiday and Wayman as the transformation δ � γ they propose 

occurs in a δ-hydride matrix which they suggest that its occurrence is diffusion-limited. They 

note that “although interstitial hydrogen is generally a very rapidly diffusing species, the 

hydrogen diffusivity in the δ-hydride phase is comparatively slow” consistent with the available 

literature for hydrogen diffusion. Hydrogen diffusion in the hydride is expected at room 



 

 94 

temperature, but it is orders of magnitude slower that the rapid intestinal diffusion observed in a 

zirconium matrix [39-42]. Internal friction experiments indicate that ordering does occur in the 

hydride phase, but the ordering proposed by Steuwer et al. requires both ordering and the 

rejection of hydrogen by the δ-hydride. Internal friction measures indicate that there is a 

possibility that ordering takes place on the required time scales, but the rejection of hydrogen 

must be diffusion limited and should be the rate limiting step.  

 

Here it should be noted that there is a possible flaw in the quantitative analysis of Cassiday and 

Wayman. They cannot achieve a geometric solution for the martensitic δ � γ phase 

transformation without varying the lattice parameter of the δ-hydride phase as a function of 

hydrogen composition. There is experimental evidence for variation in δ-hydride lattice 

parameter in the δ-hydride phase field, but it is much lower in magnitude than what is required to 

explain the diffraction data of Steuwer et al. [27, 28, 43, 44]. The ε-hydride phase is strongly 

dependent on hydrogen concentration (driven by changes in the electronic structure) [27, 28] and 

the limited data available for the γ-hydride phase suggest that it forms at near stoichiometric ZrH 

compositions with a constant lattice parameter [43]. Cassiday and Wayman use a lattice 

parameter 0.4780 ± 0.0005 nm for the δ-hydride phase and the error assumed accounts for the 

lattice parameter variation observed in the δ-hydride phase field (see reference [43] plotted in 
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Figure 3-10)15. This variation in lattice parameter is not sufficient to achieve agreement with the 

martensitic δ � γ phase transition proposed. Therefore Cassiday and Wayman extrapolate the 

variation in lattice parameter observed in the δ phase field to lower hydrogen concentrations 

(stoichiometric γ-hydride ZrH composition) in order to achieve a solution compatible with their 

martensitic phase transformation model. Extrapolating the δ-hydride composition to the 

stoichiometric ZrH γ-hydride yields a δ-hydride composition in the α+δ+[γ] phase field, where 

the δ-hydride lattice parameter is experimentally observed to be constant and only the relative 

volume fraction of the δ-hydride should change with hydrogen concentration. The details of the 

extrapolation procedure are not clear, but assuming a linear extrapolation in lattice parameter to 

the ZrH γ-hydride composition yields a reduction in δ lattice parameter of up to 0.0013nm or an 

apparent strain of ~2,700µstrain. Making the same extrapolation with data sets not available to 

Cassiday and Wayman produces a reduction in δ lattice parameter up to 0.0020 nm or an apparent 

strain of ~4,000 µstrain (upper bound based on available data) and restricting the change to the δ 

phase field yields a lattice parameter change of 0.0009nm or an apparent strain of ~1,800µstrain 

(lower bound based on available data) [28]. This is illustrated in Figure 3-10b. These estimates 

are far short of the ~20,000µstrain observed experimentally by Stuewer et al. where the 

~40,000µstrain difference between δ and γ-hydride lattice parameter illustrated in Figure 3-10a 

would seem to be required16. Even if the ordering mechanism suggested by Cassiday and 

Wayman is operational in the zirconium hydrogen system, it cannot account for the ordering in 

                                                   
15 Note only one of the two references cited by Cassiday and Wayman is plotted. Data was not provided in 
tabular form in reference [6] and the scale of the graph did not allow extraction to required precision. As 
similar trend is also reported in reference [47] (not available to Cassiday and Wayman), but as with 
reference [6] data was not provided in tabular form and could not be extracted.  
16 Note this assumes that the ~40,000 µstrain (~4% strain) difference between the δ and γ-hydride is not 
elastically accommodated and that yielding must occur in the surrounding zirconium matrix.  
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Figure 3-10 (a) Phase boundaries and hydride lattice parameters as measured by X-ray 

diffraction (diamonds [28, 43, 44], circles [28], triangles [43]) (b) Inset region showing the δ-

hydride lattice parameter has a slight sesitivity to hydrogen enrichment (diamonds [43], circles 

[28], triangles [44]). Note the following (1) Phase boundaries of the (δ+ε) region are not resolved 

in the literature and (2) γ hydride phase that forms is likely of the same nominal composition.  
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the data set of Steuwer et al. where strains an order of magnitude larger are required. However 

the above analysis suggests that if hydrogen ordering is responsible for the observed changes in 

lattice parameter, relatively small changes in lattice parameter should be expected (the 1,800 to 

4,000µstrain range) and should be elastically accommodated. This interpretation is consistent 

with the literature with changes in hydride unit cell volume measured by X-ray diffraction on 

hydride powders and the reversible ordering suggested by the internal friction studies of hydride 

material in reasonable agreement.  

 

Figure 3-10 also shows several data sets that do not show a systematic variation in δ-hydride 

lattice parameter with hydrogen concentration (these data set were not available to Cassiday and 

Wayman who estimated their change in lattice parameter from references [40]). These more 

recent measurements were made in high purity hydrides grown from gaseous charging of 99.99% 

pure zone refined “Marz grade” zirconium. X-ray diffraction indicates that for high purity hydride 

samples [45], the variation in lattice parameter in the δ-hydride phase field with hydrogen 

concentration is within experimental error (and a reduction in lattice parameter, possibly due to 

hydrogen ordering, is only observed after an extended 21-day anneal at 525oC) [28, 47]. Cassiday 

and Wayman used a similar Marz grade zirconium as their source material with the additional 

purification step of outgassing zirconium interstitials17 with a similar gaseous hydrogen charging 

procedure used in both studies18. Therefore, it is likely that the hydride material used by Cassiday 

and Wayman was of similar purity to reference [28] where no variation in δ-hydride lattice 

parameter is observed within experimental scatter. This raises some question to whether the 

                                                   
17 Zirconium outgassing was conducted at 1200oC for one hour, followed by a reduction in temperature to 
then 800oC and a hold at 800oC for 24 hours in vacuum better than 1.3x10-5 Pa [48]. 
18 Gaseous charging conducted in vacuum better than 1x10-4Pa with high purity hydrogen [38, 45]. 
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lattice parameter extrapolation approach used by Cassiday and Wayman is justified in high purity 

zirconium hydride specimens19, particularly as the only compelling reason to extrapolate hydride 

lattice parameter is to achieve agreement with the proposed martensitic phase transformation 

model. As the model for martensitic transformation used by Cassiday and Wayman has been 

validated for other systems, including other metal-hydrogen systems, without introducing lattice 

parameter variations, it seems reasonable to question the proposed boundary conditions for the δ 

� γ transformation [38]. One possible error in boundary conditions is the incomplete 

characterization of the orientation relationship between the δ and γ-hydride phases used in the 

analysis of Cassiday and Wayman20. Finally the possibility that the δ � γ phase transition occurs 

by a conventional phase transformation mechanism, specifically, phase transformation followed 

by rapid redistribution of the excess hydrogen, should be considered. There is some evidence for 

rapid hydrogen diffusion paths in the ε-hydride phase that are attributed to its tetragonal structure 

[41]. If these rapid diffusion paths are active in the γ hydride phase, the δ � γ hydride phase 

transformation could occur with hydrogen reordering after the transformation. It should be noted 

that hydrogen diffusion in hydrides is not well characterized and this suggestion is supposition 

only, raised only to point out that the possibility of a conventional δ � γ hydride phase transition 

cannot at present be eliminated.   

3.8.4 Comparison with other δδδδ to γγγγ-hydride Phase Transitions Observed by Diffraction 

Root et al. have observed δ � γ-hydride phase transformations with neutron diffraction that 

appear conventional, where a decrease in intensity in one peak produces a corresponding increase 

                                                   
19 Though it should be noted that this is based on one experiment [45] and further experimental work is 
required for confirmation.      
20 TEM diffraction patterns are consistant with the proposed orientation relationship, but “the orientation 
relationship was not uniquely determined [38] ….”  
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in the other [50-52]. One reference from Root and co-workers was sited by Steuwer et al., but 

only in passing regarding the crystallography of the hydride phase and as a comparison of neutron 

diffraction to surface X-ray diffraction. Steuwer et al. make no comparison of their data to the δ 

� γ hydride phase transition observed by Root and co-workers. The basis of the work by Root 

and co-workers was the observation that initially Zr2.5Nb contained a fraction of γ and δ-

hydrides, but after heating to dissolve the hydrides and slow cooling only δ-hydrides remained. 

Subsequent studies have found that the δ-hydride converts to the γ-hydride below ~180oC and 

above this temperature the δ-hydride phase is stable. This is not in agreement with the 

conventional view of the phase diagram discussed in Chapter 2, where the δ-hydride phase is the 

equilibrium phase. 

 

Here neither the work of Kerr et al. of Stuewer et al. agrees with the results of Root and co-

workers. Specifically both X-ray diffraction studies report predominantly δ-hydrides in a Zircaloy 

matrix as the initial condition. As samples for both studies were produced prior to the experiment, 

some fraction of γ-hydrides would be expected due to room temperature aging based on the work 

of Root and co-workers. Lanzani and Ruch [53] have investigated long-term aging of Zircaloy-4 

and found the δ-phase to be the equilibrium phase, with the work of Kerr et al. [24, 54] and 

Steuwer et al. consistent with this finding. This difference in hydride phase at ambient 

temperature might be attributed to differences in yield stress of the parent material used in the 

studies, Zircaloy versus Zr2.5Nb (discussed in Chapter 2 and the next section of this chapter). 

 

It is difficult to rationalize the mechanism for hydride phase transformation observed by Root and 

co-workers and Steuwer et al. though it is possible both studies are consistent. Both observe a 
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phase transition of the δ � γ hydrides with time, but with markedly different diffraction 

signatures and kinetics. Root and co-workers observe a conventional phase transformation 

(increase in intensity in one phase leads to a decrease in the other) in the absence of applied load 

and suggesting the kinetics are limited by the hydrogen diffusion rate in the hydride phase [52]. 

Similar sluggish kinetics are observed by Steuwer et al. when they convert γ � δ hydrides post 

deformation with elevated temperature dwells in the absence of applied load. Root et al. argue 

that the δ-phase is stable above ~180oC and both of the aging treatments conducted by Stuewer et 

al. are in excess of this temperature (220oC and 350oC). This appears to generate a δ-hydride 

structure and the kinetics of this reaction are quite slow with only a partial transformation to the 

δ-hydride phase after a three hour dwell at 220oC and a complete transformation to δ-hydride at 

350oC (where is should be noted ~200wt-ppm hydrogen is dissolved in the zirconium matrix at 

350oC and the sample contains 400wt-ppm). Though these results may be consistent it is not a 

satisfactory explanation of why the mechanism and kinetics of the δ � γ hydride phase 

transformation should differ under the two conditions, particularly as the driving force for the 

phase transformation is attributed to stress in both studies (one case applied the other residual). If 

the stress state of a hydride precipitate is assumed uniform and the diffusion rate is assumed slow 

at room temperature (on the order of hours for hydrogen to diffuse from a hydride precipitate) 

then the δ � γ phase transformation should start from the outside of the hydride over relatively 

long time scales at ambient temperature. The driving force for transformation in this case is the 

stress gradient at the hydride/zirconium matrix interface, yielding a hydrogen composition 

gradient in this region. Root and co-workers observe TEM images that are consistent with an 

interface phase transformation mechanism.  
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It should be considered if the data set of Steuwer et al. can be interpreted with a conventional 

phase transformation mechanism. One possibility is that the δ-hydride peaks appear to shift to 

higher d-spacing, but that this is an artifact resulting from δ/γ peak overlap. Figure 3-11a and b 

shows that the δ/γ{111} hydride pair are distinct and individually resolvable with both neutrons 

and synchrotron X-rays, having a calculated separation of ~0.003 nm. For the δ{311}/γ{113} pair 

the calculated separation is again ~0.003nm, but the peaks are not individually resolved in Figure 

3-11c (perhaps due to low intensity, though as noted above at 400wt-ppm hydrogen this is 

unexpected). Assuming the δ{311}/γ{113} pair cannot be individually resolved, an alternate 

interpretation of the Steuwer et al. experiment is that a conventional phase transition occurs. 

Initially the δ peak is present. As the sample is loaded (and assuming a higher diffusion rate for 

hydrogen than expected) the emergence of a broad (γ-hydrides form in a stress gradient) and 

weak (γ-hydrides have an initially low volume fraction) γ peak may lead to an apparent lattice 

dilatation. The problem with this explanation is the detector images of the δ{220}/γ{202} and 

δ{331}/ γ{313} pairs show a shift to higher d-spacing, even though the g-hydride peak is expected 

at lower d-spacing and is inconsistent with the peak overlap artifact described above.  

3.8.5 Experimental Work Require to Rationalize Hydride Phase Transitions 

The literature has several experimental studies showing the apparent phase transformation of δ to 

γ-hydrides. The difficulty is rationalizing these observations with the literature in general. The 

work of Steuwer et al. shows a stress-induced phase transformation as a function of stress and the  

work of Kerr et al. does not. The work of Root and co-workers documents a δ � γ with a 

conventional diffraction signature and the work of Steuwer et al. does not appear to follow a 

conventional phase transformation mechanism. One possible conclusion is that the formation 
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Figure 3-11 Comparision γ � δ hydride phase transitions (a) Kerr et al. annealing Zircaloy-2 at 

150oC post quench showing a γ � δ phase transition [54] (b) Root and co-works annealing 

Zr2.5Nb at 17oC post furnace cooling showing a δ � γ phase transition [50, 51] and (c) Steuwer 

et al. annealing Zircaloy-2 post deformation at 220 and 350oC showing a γ � δ phase tranisition 

[25].  Similar resolution of the δ/γ {111} peaks is obtained for both Kerr et al. and Root and co-

workers, with 2 distinct and individually resolvable hydride peaks. 
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energy of the δ/γ hydride phases is so similar that different thermo-mechanical processes can 

determine the relative stability of the phases. This would seem to be in agreement with ab initio 

atomic level simulations21 that calculate similar formation energies for the three hydride phases 

[56], but it is not sufficient to rationalize experimental results. In order to rationalize these 

differences in experimental results, an experiment is required where both the case with a hydride 

phase transformation and a case with no phase transformation are observed. It would seem 

repeating the Steuwer et al. study on 1ID at the APS or the Kerr et al. study at the ESRF would 

be a reasonable starting point for such an experiment to eliminate the possibilities of experimental 

artifacts. Another possibility would be to repeat the experiments of Root and co-workers in order 

to investigate if low-temperature ageing is observed for a wider range of zirconium alloys 

(particularly to study the effect of zirconium matrix yield stress).  
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Chapter 4 

Mapping of Crack Tip Strains and Twinned Zone in an HCP Alloy 

This paper describes use of synchrotron X-ray diffraction methods to map crack tip strain field 

evolution and initiation of twinning in fatigue pre-cracked Zircaloy-2. Compact Tension (CT) 

specimens were machined in two orientations from a textured rolled plate and loaded along the 

normal direction (ND) and the transverse direction (TD) to rolling. Residual strains due to fatigue 

and the strains introduced at applied KI of approximately 10 and 30MPa√m were obtained for the 

two specimen orientations. The strain evolution and maps of a twinned region observed are 

presented in this paper. This data set is compared to Finite Element (FE) calculations for the 

crack tip strain fields and a prediction of the size of the twinned region using a multi-scale model 

based on combining an FE approach with an Elasto-Plastic Self Consistent (EPSC) 

polycrystalline plasticity model.  

4.1 Introduction 

While the generation of internal stresses in cubic metals during deformation is now reasonably 

well characterized [1], much work is still required in interpreting the deformation of lower 

symmetry materials, such as Hexagonal Close Packed (HCP) metals. In these materials, plastic 

anisotropy is considerable and the criteria controlling the relative activity of different deformation 

mechanisms (e.g. slip compared to twinning) is not yet clear. Titanium and zirconium are two 

prominent examples in which the operation of available deformation modes depends upon factors 

such as grain size, composition and temperature [2, 3]. Zirconium and its alloys are used in the 

nuclear industry worldwide, with the Zircaloy-2 studied in this work seeing application as fuel 

cladding and calandria tubes in reactors. The combination of good mechanical properties and 
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corrosion resistance coupled with their low neutron capture cross section makes zirconium alloys 

uniquely suited for in-reactor applications [4, 5].  

 

The study of crack tip deformation behavior in HCP metals is also of interest when considering 

the hydrogen embrittlement of zirconium and titanium. In the case of zirconium, hydrogen uptake 

occurs in zirconium alloy components as a result of in-reactor corrosion. This is problematic as 

the solubility of hydrogen in zirconium is low and brittle hydride phases can form, degrading the 

mechanical properties of zirconium components. Hydrogen diffuses preferentially to the high 

tensile stress field of a flaw or crack tip and when the local solubility limit of hydrogen is 

exceeded a brittle hydride phase precipitates [4, 6]. Hydride formation also occurs in several 

cubic metal hydrogen systems (niobium and vanadium) [7] and the embrittlement observed in 

these systems is similar to that of zirconium and titanium [8, 9]. Therefore characterization of the 

stress field near a crack tip in hydride forming materials is critical in understanding the life 

limiting effect of brittle cracking of notch tip hydrides in engineering components. 

 

This paper reports the second part of a study using synchrotron X-rays conducted at the 

Advanced Photon Source (APS) at Argonne National Laboratory, IL to assess the impact of 

hydrides on the fracture of zirconium alloys. Part I (Chapter 3) focused on the measurement of 

internal strain evolution in the hydride phase in the zirconium alloy matrix during in-situ tension 

and compression experiments [10]. Part II (Chapter 4) is an experimental study of the crack tip 

strain fields in unhydrided Zricaloy-2 while Part III (Chapter 5) will focus on the effect of 

hydrides on the crack tip strain field. The experimental part of this program applies strain 

mapping techniques developed at third generation synchrotron X-ray sources [11]. The high 
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energy (80+KeV) and high flux X-rays (~1019 photons/(s.mm2.mr2)) available at these sources 

allow for the possibility of rapid (1 to 10 second exposure), high spatial resolution (20 to 50µm2) 

macrobeam X-ray diffraction techniques. These techniques have found application in the study of 

materials kinetics [12], transient strain measurements [13], and strain mapping both at the macro- 

(stress concentrations) [14, 15] and micro- length scales (grain interactions) [16]. The application 

of synchrotron diffraction techniques to crack tip mapping have contributed to fundamental 

studies on the behavior of fatigue crack propagation during overload conditions in fcc materials 

[14, 15] and twinning/de-twinning behavior in NiTi shape memory alloys [17]. Crack tip 

mapping with synchrotron X-ray diffraction has also found application in engineering studies, 

where strain data has been used to validate models for creep damage at crack-tips in austenitic 

(fcc) stainless steels [18] and load partitioning during crack propagation in titanium reinforced 

with silicon carbide fibers [19]. Similar work has been conducted at neutron diffraction facilities 

(albeit with lower spatial resolution); specifically fundamental studies of fatigue crack growth 

during overload conditions [20] and engineering applications such as strain mapping around crack 

tips and welds [21].  

 

In the work reported here, high resolution strain maps were collected for Zircaloy-2 (1.5% Sn, 

0.15% Fe, 0.05% Ni and 0.1% Cr by weight) in a fatigue pre-cracked condition and at applied 

stress intensity factors of 10 and 30MPa√m. Strain maps from this data set were then compared to 

Finite Element (FE) crack tip strain field calculations [22]. Output from these FE calculations 

were used as boundary conditions for calculations using an Elasto-Plastic Self Consistent (EPSC) 

polycrystalline plasticity model [23], which allowed prediction of the size of the twinned zone at 

the crack tip. Good agreement was obtained between both the calculated crack tip strains and 

twinned zone size, and the experimental results. 
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Figure 4-1 (a) {0002} pole figure for the Zircaloy- 2 plate showing the strong alignment of basal 

poles along the normal direction (ND) to plate rolling (Contour Separation 0.5 times random and 

max Multiple Random Distribution (MRD) ~3.75). (b) Schematic of CT specimen used in this 

study. Samples are loaded either along ND or TD, with RD always perpendicular to the sample 

plane. Box indicates the area in which the strain scan was conducted.   
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4.2 Methods 

Samples were produced from a section of warm-rolled recrystallized Zircaloy-2 slab with a 20µm 

grain size. A pronounced basal texture develops along the normal direction (ND) to rolling 

(Figure 4-1a); the texture and mechanical properties of this slab have been well characterized [24, 

25]. CT specimens were limited to a thickness of 2.5mm in order to allow sufficient transmission 

of the X-ray beam; the geometry of the specimens followed ASTM E399 (Figure 4-1b, Appendix 

B). Following machining, the CT specimens were fatigue pre-cracked with a KI, Final<10MPa√m.  

 

High-energy X-ray diffraction measurements were conducted at the 1-ID beamline at the APS 

[11]. Loads were applied to the CT specimens using a custom built stepper motor driven load 

frame, with measurements made at an applied KI of 0, 10, and 30MPa√m [11, 17]. Diffraction 

measurements were performed with monochromatic 81keV (λ=0.015 nm) X-rays in transmission 

with a beam size of 60x60µm2 (illuminating ~103 grains) with a diffraction measurement made 

every 200µm over a 2.8mm x 2.8mm grid. In order to locate the crack tip the samples were 

translated and the intensity of the direct beam was measured using a diode on the beam stop. The 

transmitted intensity of the direct beam is higher when a crack is present when compared to the 

bulk material. In principle this method is able to locate the crack tip within half the beam 

diameter (in this case ±30µm), but in this experiment the achieved resolution was determined to 

be approximately ±100µm as a result of relaxation of the sample/settling in the load frame during 

load increases (stepper motor load frame was operated in displacement control) as well as 

differences in crack length on the different faces of the specimen. This uncertainty is less than the 

200µm grid spacing used in the experiment.     
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Diffraction patterns were extracted from circumferentially summed Debye-Scherrer rings using 

Matlab [10, 11, 17, 26, Appendix B] and were obtained at nominal angles around the ring of 0, 

90, 180, and 270o, integrating ±5o for strain measurements around the nominal direction. The 

equivalent scattering vectors within the sample were then averaged (i.e. 0o/180o and 90o/270o), 

producing diffraction patterns corresponding to scattering vectors parallel to (y) and 

perpendicular to (x) the loading direction. An example diffraction pattern is shown in Figure 4-2. 

There are five strong zirconium peaks which were fit using the single peak fitting routine within 

the GSAS software package [27]. A pseudo-Voigt peak shape was used with the Gaussian width 

allowed to vary, but with the Lorentzian component of the width defined from a calibration 

sample (ceria powder). The lattice parameters obtained far from the crack-tip of the as-fatigued 

sample were used as strain-free references. Changes in the lattice parameter obtained from the 

peak fits were used to determine strain components εxx and εyy.  

 

In addition to single peak fits, an average phase lattice strain was calculated from these single 

peak strains using a texture weighted average method [28]. Matlab was used to create two 

dimensional maps of the crack tip average lattice strain fields and hence to plot εxx and εyy as a 

function of distance from the crack tip. To screen outliers a moderate filter, removing data points 

more than two standard deviations from their nearest neighbor average, was applied to the data. 

These occasional outliers are attributed to the large grain size (20µm) relative to the size of the 

beam (60µm2), limiting ‘powder averaging’. Outliers were particularly problematic when tracking 

intensity changes caused by twinning and the summation angle around the diffraction ring was 

increased from ±5o to ±10o in this case to improve counting statistics in order to better track these 

intensity changes. 
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Figure 4-2 Diffraction pattern produced after binning Debye-Scherrer rings over 10o. A single 

peak fit routine in the GSAS package was used to fit the pattern. 
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4.3 Experimental Results 

With this technique, strain and intensity maps of the samples loaded along ND and TD were 

obtained. In order to organize the data in a concise manner, maps of the strain data (εxx and εyy) 

for the the sample at an applied KI of ~30MPa√m are presented above line plots of the strain data  

 (εxx and εyy) for all loads (KI applied = 0, 10, and 30MPa√m). The results for samples loaded 

with the applied stress parallel to the plate ND and TD are shown in Figure 4-3 and Figure 4-4 

respectively. These line plots represent the average of three points in the y-direction (i.e. -0.2mm, 

0mm, and 0.2mm). The strain predictions obtained from FE calculations averaged over the same 

volume are also shown on these plots and are discussed later in this work. Additional data 

referenced in the discussion below, but not presented appears in Appendix C.   

 

For the applied KI=0 a slight compressive residual strain field is observed at the crack tip. This 

compressive strain field transitions to tension about 0.5mm in front of the crack tip and eventually 

tends to zero strain at far field conditions. This is the characteristic shape associated with a crack 

tip residual strain field after unloading from tension; with the compression and tensile zones 

arising due to the force balance that must occur to preserve equilibrium. The low magnitude of 

the residual strains observed is a result of a reducing (and relatively small) KI during crack 

growth. At the applied KI of ~10 and 30MPa√m the peak strain εyy is observed at the crack tip, 

with the strain increasing just ahead of the crack tip, and the far-field value ahead of the crack tip 

tending to zero. The same characteristic strain field is observed for both sample orientations with 

differences arising principally from the difference in yield stress between the two orientations. 

The ND orientation has a higher yield stress (macroscopic values are 450MPa for ND compared 
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Figure 4-3 Average lattice strain measured as a function of distance from the crack tip for the 

specimen loaded along ND: (a), (c) strain parallel to loading εyy and (b) (d) perpendicular to 

loading εxx.  The (0, 0) coordinate indicates the approximate position of the crack tip. Strain 

uncertainty is approximately ±70µstrain on each data point. FE strain calculations are included, 

the solid line indicates a plane stress calculation and the dotted line indicates a plane strain 

calculation (see discussion). 
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Figure 4-4 Average lattice strain measured as a function of distance from the crack tip for the 

specimen loaded along TD: (a) (c) strain parallel to loading εyy and (b) (d) perpendicular to 

loading εxx.  The (0, 0) coordinate indicates the approximate position of the crack tip. Strain 

uncertainty is approximately ±70µstrain on each data point. FE strain calculations are included, 

the solid line indicates a plane stress calculation and the dotted line indicates a plane strain 

calculation (see discussion). 
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to 340MPa for TD [24]), hence samples loaded along ND will have a larger lattice (or elastic) 

strain field prior to yield when compared to samples loaded along TD, as well as a smaller plastic 

zone for a given applied KI. Further, larger residual (initial) stress fields are expected in the 

samples loaded along TD, because they are more likely to yield (giving rise to residual strains) 

during the fatigue pre-cracking procedure used in this study. It should be noted that the average 

strain plotted is a measure of elastic strain in the lattice, averaged over the sampling volume 

(60x60x2500µm3) and can be directly compared to elastic strain predictions from finite element 

models. Plastic strain is not directly provided by diffraction measurements of this type, where 

plastic yielding produces saturation in lattice strain allowing measurements of the ‘yield stress’ 

for a given grain orientation as well as data on plastic anisotropy [28]. Further, agreement 

between the elastic strains from a FE calculation and the lattice strains measured in a diffraction 

experiment build confidence in the calculated plastic strains. 

 

One method of tracking twinning in diffraction studies is by monitoring changes in peak intensity 

that correspond to changes in crystallographic orientation [17, 24]. Previously, our research group 

has studied uni-axial tension and compression of specimens taken from the same Zircaloy-2 plate 

used in this work, using neutron diffraction techniques [24, 25]. This Zircaloy-2 plate shows a 

strong basal texture along the normal direction (ND) of the plate resulting from the rolling, and 

this initial texture influences the twinning behavior in the material. In Zircaloy-2 the {101
-
 2}<101

-
 

1> tensile twin system is active during room temperature deformation and produces an 

85.2o rotation of the c-axis [3]. Based on the initial texture of the Zircaloy-2 samples, this 

twinning system is expected to be active for samples uni-axially loaded in tension along ND; 

where the c-axis rotation will then cause basal {0002} planes aligned with the tensile loading axis 
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to rotate towards the Poisson direction (transverse to loading, in this case rotation from ND to 

TD) and a corresponding rotation of {101
-
 0} orientations towards the tensile loading axis. For 

loading along the transverse direction (TD) and rolling direction (RD) this twin system will 

activate in compression, where grains with basal poles aligned along the Poisson directions (i.e., 

in the ND) experience Poisson induced tension, and rotate their c-axis toward the loading axis. 

Based on these observations in the case of tensile loading of CT specimens, we would expect that 

only samples loaded along ND should exhibit tensile twinning [3, 24]. In diffraction, the 

signature of this twin reorientation will be a reduction in intensity of c-axis diffraction peaks 

{0002}parallel to the applied load and an increase in intensity in the prism peaks (in this work the 

intensity change along {101
-
 0} and {0002} were tracked). In previous uni-axial studies, the 

decrease in {0002} peak intensity corresponded to an increase in {101
-
 0} peak intensity [24]. It 

should be noted that small changes in intense peaks (for example Iyy(ND) {0002}) have been found 

to be more difficult to identify [24] than equivalent magnitude changes in weak peaks (for 

example Iyy(ND) {101
-
 0}). In the current study, the behavior of this twin system was studied around 

the crack tip.  

 

Figure 4-5 plots strain maps around a crack tip in a samples loaded to an applied KI of 30MPa√m 

along ND for the {101
-
 0} and {0002} orientations both parallel (εyy) and perpendicular (εxx) to 

loading. The development of plastic strain anisotropy for the {101
-
 0} and {0002} orientations is 

discussed below. Figure 4-6 shows intensity maps for the same sample for {101
-
 0} and {0002} 

orientations both parallel (Iyy) and perpendicular (Ixx) to the loading direction. In the experimental 
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Figure 4-5 Comparison of strains obtained from {101
-
 0} peak to those from the {0002} peak for 

an applied KI of 30MPa√m loaded along ND (a) εyy {101
-
 0} (b) εyy {0002} (c) εxx {101

-
 0} and (b) 

εxx {0002}. For both directions the {101
-
 0} strain (averaged over the area indicated on the figure 

below) are ~1,000µstrain greater than the {0002} orientation strains in the same region near the 

crack tip. A similar trend is observed for the specimen loaded along TD.    
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M.R.D.

Figure 4-6 Intensity maps for {101
-
 0} and {0002} diffraction peaks for the sample loaded along 

ND to an applied KI of 30 MPa√m (a) Iyy {101
-
 0} (b) Ιyy {0002} (c) Ιxx {101

-
 0} and (d) Ιxx {0002}. 

Note that each figure is plotted with a different contour scale.  Changes in intensity are more 

obvious in samples with an initially weak texture ((a) Iyy {101
-
 0} and (d) Ιxx {0002}) where an 

increase in intensity due to twinning is expected and observed in the region near the crack tip 

(circled). For samples with a strong initial texture ((b) Iyy {0002} and (c) Ιxx {101
-
 0}) where a 

decrease in intensity due to twinning is expected, a clear reduction in intensity at the crack tip is 

not observed.   
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data, the signature of twinning is most clear for {101
-
 0} grains oriented along the loading 

direction (Iyy) and the {0002} grains oriented perpendicular to the load direction (Ixx). For Iyy 

{101
-
 0} and Ixx {0002} the initial intensities are comparatively weak and small changes in 

intensity can be resolved, both showing an increased intensity at the high strain region of the 

crack tip, suggesting that twinning has occurred (Figure 4-6 a and d). For Ixx {101
-
 0} and Iyy 

{0002}, the intensity maps are dominated by the initial strong intensities and the small changes 

due to twinning are difficult to observe; for both of these orientations a reduction in intensity 

would be expected (Figure 4-5b and c). Micro-texture at the crack tip (owing to the large 20µm 

grain size relative to the 60µm2 size of the beam) makes a definite estimate of the size of the 

twinned region difficult. From the Ixx {101
-
 0} map the twinned region can be estimated as 

ellipsoidal and approximately 600 to 800 µm in diameter and favorably compares with the size of 

the Ixx {101
-
 0} twinned region from the model prediction. Equivalent results from the sample 

pulled along TD are not shown, since no twinning was observed, i.e., no intensity increases were 

seen for Iyy {101
-
 0} and Ixx {0002}. Finally, no intensity change associated with twinning was 

observed arising from the fatigue pre-cracking. Initially the fatigue pre-crack was grown at a KI 

of ~60MPa√m and a twinned region would be expected, but this K I would have occurred 

millimeters behind the region being mapped. Only a distance of 0.3mm was mapped behind the 

advancing crack tip and in this region KI was near the KI(final) of ~ 10MPa√m. For the ND sample, 

residual stresses at the crack tip are low in magnitude (~500µstrain) indicating the presence of a 

small plastic zone at the crack tip. Estimating the plastic zone size (rp) to a first order: 
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where σy is the yield stress (~450MPa along ND), yields a plastic zone of approximately 80µm in 

diameter for a KI =10MPa√m. Given the 200µm step size used in the diffraction mapping, the 

diffraction measurement is not sensitive to the small twinned region expected or experimentally 

measured in the wake of the fatigue crack. Given simple fracture mechanics argument we can 

also note that the sample will be in plane strain conditions for a KI of 10MPa√m, but will be 

under conditions closer to plane stress for a KI=30MPa√m. 

4.4 Model of the Crack Tip 

Modeling of the crack tip strain fields was accomplished using the Abaqus Finite Element (FE) 

software package [22, Appendix D]. Two dimensional models of the sample geometry were 

constructed and run under plane stress and plane strain conditions. Boundary conditions were set 

to model the actual loading, with one pin fully constrained (in x and y) while the other partially 

constrained (in x) and loaded (in y). In order to model the crack tip strain concentration, a focused 

or rosette meshing technique was used at the crack tip. The focused meshing technique uses 

quadralateral elements around the crack tip that have been collapsed to triangles. The number of 

nodes is preserved and the triangular elements distort to quadrilateral elements during 

deformation. This approach allows modeling of the crack tip strains, minimizing numerical 

artifacts resulting from mesh distortion at the crack tip [Appendix D].  

 

An elastic modulus of 100GPa was assigned for the Zircaloy-2 and the anisotropic plastic 

behavior was accounted for through the use of first order Hill parameters (yield stress ratios) [29]. 
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In assigning Hill parameters, along the loading direction the yield stress in tension was used while 

the yield stress in compression was used along the Poisson direction. This accounts for the 

tension/compression yield surface anisotropy from thermal residual stresses that arise in the 

Zircaloy-2 plate from processing, also accounts for the impact of twinning. While the Hill 

parameters macroscopically account for plastic anisotropy in this system and allow comparison of 

the experiment to the FE calculation (experimental average lattice strain to calculated lattice 

strain), anisotropy between different crystallographic orientations is not considered.  

 

To explore a possibly twinned region at the crack tip, we have turned to the use of an Elasto-

Plastic Self-Consistent (EPSC) polycrystalline plasticity model using fitting parameters for 

Zircaloy-2 previously determined [25, Appendix D]. The EPSC model treats each grain as an 

ellipsoidal elasto-plastic inclusion embedded in a homogeneous matrix. The matrix represents the 

average properties of the textured polycrystalline aggregate (in this case the Zircaloy-2 plate). 

The interaction between the embedded grain and the surrounding matrix is solved using an 

Eshelby approach. Complete details on the model and its application to Zircaloy-2 can be found 

in reference [25]. In this version of the model, twinning is assigned a Critically Resolved Shear 

Stress (CRSS). If the CRSS is exceeded, twinning occurs and new grains are created in the 

model. In order to explore the dimensions of the twinned region observed in the experimental 

data with the model, the EPSC code was run using stress boundary conditions extracted from the 

FE calculations. This coupling of the FE and EPSC models has been used previously to link the 

average phase strains in a two-phase zirconium alloy [30]. Here it is used on a point-by-point 

spatially varying basis. The same Matlab routines used to compare the elastic strains to the 

experimental results were used to extract the stress boundary conditions to be applied to the 

EPSC model. The EPSC calculation was then carried out using the extracted boundary conditions 
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for each point on the experimental grid. 15,000 grains were used in the EPSC model in order to 

achieve a good grain average, and maps of the {101
-
 0}/{0002} intensity were created.  

4.5 Discussion 

In the hexagonal zirconium system the two extreme crystallographic orientations for plastic 

behavior can be considered the {0002} basal and {101
-
 0} prism orientations. Prior uni-axial 

tensile deformation studies of the Zircaloy-2 used in this work [24] indicate that the {0002} 

orientations are somewhat plastically softer (lower apparent yield stress) than the {101
-
 0} 

orientations under tensile loads, in the direction parallel to the applied tensile load, for tensile 

loading parallel to ND. From single crystal studies [3], the {0002} orientations are expected to 

have higher yield stress than the {101
-
 0} orientations and the apparent difference in this work is 

attributed to thermal residual stresses [25]. This results in the basal orientation accumulating a 

strain ~1500µstrain less tensile than the prism orientations throughout the plastic regime. 

Irrespective of the direction of an applied tensile load relative to the parent plate (ND, TD or RD), 

in the plastic regime the {0002} orientations perpendicular to the applied load (Poisson direction) 

are found to be significantly more compressive than the prism orientations. In this case the 

difference between basal and prism orientations increases with increasing plastic strain but can be 

of the order of 2000-3000µstrain.   

 

At the crack tip the stress state is not uni-axial, but a non-equal bi-axial tension. In this bi-axial 

tension at the crack tip, the plastic anisotropy developed between the basal and prism orientations 

are in reasonable agreement with the above observations from uni-axial tension tests. The 
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magnitude of the strain difference (anisotropy) between the {0002} and {101
-
 0} orientations is 

~1500 µstrain for both the strains parallel (εyy) to and perpendicular (εxx) to the applied load. The 

region averaged is illustrated Figure 4-5 for the specimen loaded along ND at an applied KI of 

30MPa√m. Under elastic conditions the uni-axial tensile deformation studies indicated that the 

load sharing between the different grain orientations is relatively small, due to the low elastic 

anisotropy of Zircaloy-2 [24]. In the far field region of the crack tip (outside of the plastic zone) 

and in the specimen loaded along ND to an applied KI of 10MPa√m, the contribution of plasticity 

to overall strain is negligible and the load sharing between the different grain orientations is 

experimentally measured to be more uniform (within the error of the measurement). However 

once significant plasticity occurs at the crack tip, and hence redistribution of stress, this is no 

longer true. The basal and prism planes show different strains at an applied KI of 30MPa√m even 

far from the plastic zone. 

 

In order to compare the FE model directly with experimental data, post processing was required 

as the FE results were of higher spatial resolution than the experimental data. To degrade the 

spatial resolution of the model, outputs from the FE were fit to a surface in Matlab using a cubic 

interpolation. This surface used a 60x60µm2 grid size, effectively degrading the resolution of the 

model to that of the spot size used in the experimental measurement. At this point, the model data 

was processed with the same plotting routines used for the experimental data. Results from the FE 

calculation are shown in Figure 4-3 and Figure 4-4 as lines. Plane stress results (solid lines in 

Figure 4-3 and Figure 4-4) agree well with the experimental data, while the plane strain results 

(dotted lines in Figure 4-3 and Figure 4-4) over predict the crack tip strains. This indicates that 

the samples were sufficiently thin to avoid artifacts from not achieving a true plane stress 
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condition at this applied KI. In analyzing this experiment, possible sources of artifacts from a 

mixed mode (plane strain/stress) condition should be considered. First, the diffraction strain 

measurements made represent the through thickness average strain. There will be relaxation of 

strains at the sample surface compared to the bulk, and the measurement made is an average of 

both these near surface stress as well as the stress state at the centre of the sample (which could 

also produce a non-uniform crack front that tunnels into the specimen). If the thickness is 

sufficient to allow a plane strain condition to develop in the bulk of the specimen, such a 

measurement may become quite complicated to analyze. However, in this case the plane stress 

model appears to adequately describe the stress state. If this were not the case, a 3D FE model 

would be required to describe the stress state in the sample accounting for the thickness of the 

sample, since the experimental results would lie somewhere between the two conditions (plane 

stress and plane strain).  

 

There are several methods to qualitatively estimate the size of the twinned region at the crack tip 

from the FE calculations (1) size of the plastic zone plotted in Figure 4-7a and (2) comparison of  

stresses required to activate twinning to a von Mises criteria plotted in Figure 4-1b. Figure 4-7c 

plots the quantitative EPSC result, included here for comparison to the qualitative estimates and 

discussed in detail below. During uni-axial deformation of Zircaloy-2 [24] twinning occurs just 

after macroscopic yielding (~450MPa along ND in tension). This is based on the intensity 

changes in the {101
-
 0}/{0002} system during uni-axial deformation that are observed 
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Figure 4-7 Summary of different methods of calculating the size of the twinned region at the 

crack tip for the specimen loaded along ND to a KI ~30MPa√m (a) plastic zone estimated from 

FE predictions (b) the von Mises stress from the FE model compared to the stress to initiate 

twinning determined from uni-axial deformation (450MPa) and EPSC (415MPa) and (c) the 

EPSC prediction of intensity change due to twinning, in units of multiples of random distribution. 
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experimentally at the macroscopic yield stress in tension22. Therefore tensile twining in Zircaloy-

2 should correlate roughly with the size of the plastic zone generated at the crack tip. This is 

supported by comparison of the FE calculated plastic zone (equivalent plastic strain greater than 

zero) to the EPSC calculated twinned region, both are circular and ~1mm in diameter (~1mm for 

FE calculated plastic zone versus ~1.2mm for EPSC calculated twinned region) and slightly 

overestimate the ellipsoidal 600 to 800µm in diameter twinned region experimentally observed 

(discussed later in this section).  

 

In order to estimate the size of the twinned region from the von Mises equivalent stress, an 

initiation stress for twinning is required. There are two reasonable values to use (1) the 450MPa 

stress for twinning initiation observed in uni-axial experiments for tension parallel to ND1 and (2) 

the 240MPa calculated stress for twin initiation determined from fitting EPSC modeling to a very 

large set of uni-axial tests23. The experimentally observed 450MPa stress estimates a ~300µm in 

diameter for the twinned region at the crack tip. Converting the EPSC determined 240MPa shear 

stress to a von Mises equivalent stress (τ~σ/√3), yields a 415MPa stress for twinning initiation 

similar to the 450MPa stress experimentally measured. The 415MPa EPSC determined value 

estimates a larger ellipsoidal twinned zone 1 to 1.2mm in diameter and is in reasonable agreement 

with the twinned region experimentally measured. The 450MPa stress for twinning initiation 

estimated from uni-axail data underestimates both the size of the FE calculated plastic zone and 

the experimentally measured twinned region at the crack tip. The experimental data may slightly 

overestimate the stress required for twinning, as there is a minimum detection threshold with 

                                                   
22 See Figure 3c in reference [24]. 
23 Tension and compression along ND, TD and RD, see reference [25] Fig. 7a and 7c. 
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monitoring intensity changes. The EPSC determined critical shear stress was constrained by 

change in both peak intensity and lattice strains, yielding a more robust measure of stress required 

to initiate twinning and achieving better agreement with the current experiment.  

 

Quantitative comparisons of peak intensity or twin zone require the calculated grain populations 

of the model to be compared with the diffraction intensities measured experimentally. Diffraction 

equivalent intensities can be calculated in the EPSC code from the grain population, with 

increases or decreases in the grains with a given orientation occurring depending on the active 

twin system; in this case {101
-
 2}<101

-
 1> yields an increase in {101

-
 0} oriented grains in the ND 

and a decrease in {0002} oriented grains in the ND. To allow a direct comparison between the 

experimental intensity data and the calculated intensities from the model, both data sets were 

normalized to their respective far field values. Then normalized intensities from both experiment 

and calculation were scaled by the measured texture fraction (fraction of a given crystallographic 

orientation along a given sample direction). This allowed a direct comparison of the model to 

experimental data (see Figure 4-6a and Figure 4-7c for a comparison of the experimentally 

measured and calculated Iyy for {101
-
 0}). The size of the calculated twinned region is 

approximately circular and 1.2mm in diameter. Peak strains are localized near the crack tip and 

are ellipsoidal in shape. The shape of the twinned region experimentally measured appears to be 

ellipsoidal in shape and would seem to agree well with the calculated intensity for the high strain 

region of the twinned zone. The size of the experimentally measured twinned region is more 

difficult to estimate due to its irregular shape, but appears be ellipsoidal and 600 to 800µm in 

diameter. This is smaller than the size of the calculated twinned zone which may result from the 

difficulty in detecting small changes in intensity in this experiment. A twinned zone of 800µm in 
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diameter would be calculated by the EPSC code if a 20% change in intensity were required to 

observe twinning in this experiment, which seems reasonable based on the observed scatter in 

intensities elsewhere in the sample. The peak intensity calculated is thus in good agreement with 

the experimental data set. Some shift in position of the calculated twin zone is observed relative 

to the measured crack tip position. This could be a result of misalignments in the experiment 

and/or local variations in micro-texture of the Zircaloy-2 plate.  

4.6 Conclusions 

Maps of the elastic strains in a fatigue pre-cracked hcp zirconium alloy CT specimens were 

collected as a function of applied load (KI ~ 0, 10, 30MPa√m), with the applied stress parallel to 

one of two orientations (ND or TD) of a warm rolled plate. Strain evolution as a function of 

applied load agreed well with FE calculations that included plastic anisotropy of the yield surface 

and hardening. Tensile twinning ({101
-
 2}<101

-
 1> twin system) was observed for the samples 

loaded along ND, producing an increase in {101
-
 0} intensity in the ND direction near the crack 

tip. The size of the twinned region was calculated using an EPSC model with boundary 

conditions obtained from the FE model and was found to have reasonable agreement with the 

experimentally observed twinned region at the crack tip.   
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Chapter 5 

Growth and Overload Behavior of Zirconium Hydrides at a Stress 

Concentration Observed with Synchrotron X-ray Diffraction 

This paper reports X-ray diffraction results obtained during in-situ loading of zirconium alloy 

specimens containing notch tip hydrides. Notch tip hydride populations were either grown ex-situ 

prior to the start of the experiment or in-situ during the experiment. Hydrides ~100µm in length 

were grown at 15µm root radius flaws in Zr-2.5Nb pressure tube material and then overloaded 

(relative to hydride formation load). These overloads were conducted at room temperature and 

250oC. Room temperature overload results indicate that the fracture of notch tip hydrides can be 

resolved in-situ, the residual stress field of the zirconium matrix governs the residual stress state 

of the hydride and that load is shed to the notch tip hydrides with increasing applied load. At 

250oC hydride fracture is not observed and load transfer to the notch tip hydrides is less 

pronounced, attributed either to softening of the zirconium matrix with temperature or to 

plasticity in the hydride phase.  

5.1 Introduction 

The mechanical behavior of second phases at stress concentrations is of fundamental importance 

in understanding fracture of precipitate and composite systems; the second phase can reduce the 

driving force for crack growth (crack tip shielding) and alter fracture behavior (e.g., initiation at 

second phase/matrix interface) [1, 2]. In systems where the precipitation of a second phase 

represents a net volume expansion relative to the matrix material replaced, interactions with the 

applied stress field are expected [3]. The precipitation of hydrides is often associated with a 

significant volume expansion that requires both elastic and plastic accommodation by the 

surrounding matrix [3, 4]. The stresses associated with hydride precipitation can explain (1) the 
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reorientation of hydrides in an applied stress field and (2) the observed hysteresis in the 

precipitation and dissolution temperature of the hydride phase [3, 4]. If the stress for hydride 

reorientation is exceeded at a stress concentration (e.g., notch) then hydrogen will precipitate out 

of solution as a hydride when the local hydrogen solubility limit is exceeded [3-5]. In zirconium 

engineering components the formation of hydrides at notch tip activates two primary failure 

modes (1) overload failures (2) Delayed Hydride Cracking (DHC) [4-7]. In both processes 

hydrides form at a stress concentration when a given hydride formation load (Kf) is reached. An 

overload occurs when notch tip hydrides are loaded in excess of their formation load, potentially 

fracturing the notch tip hydride and leaving behind a sharp crack [5]. DHC occurs at a constant 

load, where the hydride formation load (Kf) exceeds the fracture strength of the notch tip hydrides 

(KIH) and the hydride fractures when it grows past a critical length [4, 6]. The sharp cracks 

formed on hydride fracture in either condition arrest in the surrounding zirconium matrix, with 

the process potentially repeating until component failure occurs [5, 6].  

 

The study of zirconium hydrides with synchrotron X-ray diffraction has been the subject of 

considerable recent interest. One reason for this is that X-ray diffraction at modern synchrotron 

facilities allows the study of hydride properties that can only be inferred with other techniques. 

The mechanical properties of hydrides in a zirconium matrix have been directly measured [8, 9] 

and preliminary work for the study of hydride fracture at a stress concentration has been 

conducted (mapping in zirconium alloys both hydrided [10] and un-hydride [11] around fatigue 

cracks). In addition to mechanical properties of the hydride phase, fast exposure times enable 

studies of the kinetics of hydride dissolution/reorientation [12] and phase quantification [13]. 

Load transfer and fracture of Ti/SiC fiber reinforced composite systems have been studied with 

synchrotron X-ray diffraction/topographic studies at crack tips, improving the understanding of 
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crack propagation in these systems [14].To date, similar work has not been conducted on crack 

tip interaction with particulate reinforcements or precipitates. 

5.2 Experimental 

For both ex-situ and in-situ studies production-grade cold-worked Zr-2.5Nb pressure tube, with 

0.34 – 0.45µm grain size was used [15]. A section of tube was electrolytically hydrided, followed 

by an elevated temperature dwell to achieve a nominal average hydrogen concentration of 100wt-

ppm for the ex-situ and 60wt-ppm for the in-situ specimens [16]. Then 3.2mm thick pin-loaded 

C-shaped specimens were blanked from the hydrided section [Appendix B]. A 45o V-notch with a 

15µm root-radius was machined on the inner surface of the specimen using a micro-broaching 

procedure, as described in [5]. The calculation of applied stress intensity (KI) is outlined in 

ASTM-399, and we use ‘Kf’ for the applied KI during the hydride formation cycle.  

 

For the ex-situ experiments, large crack-tip hydrides were grown using ‘ratcheting cycles’ where 

temperature is repeatedly cycled at a constant applied load (Kf ~8.75MPa√m used here), with 

temperatures chosen such that the notch tip hydride formed is not completely dissolved at the 

peak temperature and therefore grows with repeated cycles; this is an established procedure for 

growing large notch tip hydrides (large relative to the hydrides produced in a single non-

ratcheting heating/cooling cycle) [5]. All heating and cooling cycles were conducted at a nominal 

rate of 1oC/min, representative of the CANDU in-reactor environment [5]. Notch tip hydrides 

~100µm in length were produced, shown in the etched optical micrograph, Figure 5-1a. Both the 

large radial notch-tip hydrides and circumferential bulk hydrides can be seen. Figure 5-1b is a 

backscattered SEM micrograph obtained after the overloading experiment; note the large notch 

tip hydrides, and that the hydrides have fractured in some locations. It should be noted that the 
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Figure 5-1 Notch tip hydride microstucture produced during ex-situ hydride growth (a) etched 

notch tip hydrides imaged optically (b) fractured notch tip hydrides after loading imaged with 

backscattered SEM. In both images, the light grey is the zirconium matrix and the dark grey is the 

hydride phase. Note that in the SEM images the microscopic hydride platelets  that compose the 

large hydride plates are resolved. 
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hydride platelets we can see in the optical/SEM micrographs are in fact composed of hydride 

‘micro-platelets’ which have a definite crystallographic relationship with the zirconium [17]. For 

the in-situ study a single non-ratcheting hydride formation cycle was employed. The specimen 

was heated to 350oC and held for 20 minutes to ensure hydride dissolution [12] and then cooled 

to 250oC under zero load at 10oC/minute. This produces 60wt-ppm hydrogen super-saturation in 

the zirconium matrix, precipitating no bulk hydrides. Hydride precipitation does not occur until 

the sample is loaded (Kf~8MPa√m used here), when hydrogen diffuses to the notch tip and 

hydrides precipitate out of solution when the local solubility limit is exceeded. The notch tip 

hydride microstructure produced during the in-situ experiment is shown in Figure 5-224.  

 

X-ray diffraction was conducted at beamline 1-ID at the Advanced Photon Source at Argonne 

National Laboratory [18]. The C-shape specimens were loaded in-situ at room temperature using 

a MTS load-frame. For one ex-situ specimen containing notch tip hydrides, measurements were 

made at room temperature at loadings of 0, 50, 100, 110, 120 and 130% relative to the applied 

hydride formation load. Here the bold text indicates an overload relative to the hydride formation 

load. A second ex-situ specimen was tested at 250oC at loadings of 100, 120 and 150%. An in-situ 

hydride growth experiment was also conducted with measurements made at loadings of 100, 115 

and 125%. The scattering geometry and data reduction procedures are detailed in the following 

references [11, 12, 19].  A transmission scattering geometry was used, with 80keV X-rays. Two 

different beam sizes defined by slits were used; 20x20µm2 and 50x50µm2. After each load 

increment, and prior to mapping, the notch-tip was located by scanning in x and y and measuring 

the intensity of the transmitted beam, obtaining better than ±50µm positioning. During each  

                                                   
24 Note that bulk hydrides are present in Fig. 2 as the specimen has been cooled to room temperature. 
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Figure 5-2 Microstructures of notch tip hydrides produced during in-situ diffraction studies (a) 

optical (b) backscattered scanning electron image (with individual hydride platelets resolved). 

Note that hydrides are intact and hydride fracture is not observed. 
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measurement three maps were constructed (1) a 200x200µm2 grid centered on the notch tip in y 

with 20x20µm2 beam and a step size of 20µm in x and y, (2) a 500x500µm2 grid centered on the 

notch tip in y with 50x50µm2 beam and a step size of 50µm in x and y (3) a 1400x1400µm2 grid 

off center from the notch tip in y with a 50x50µm2 beam and a step size of 200µm in x and y.  

The 40x40cm2 GE amorphous silicon detector used in this study allowed rapid capture and 

reading of the Debye-Scherrer diffraction rings, the exposure procedure was the same as used in 

our previous studies [11, 12]. The beam passes through the sample and thus strains reported are 

averages through the thickness. 

 

Diffraction patterns were extracted from circumferentially summed Debye-Scherrer rings, i.e., 

patterns were obtained at nominal angles around the ring of 0, 90, 180, and 270o, integrating ±10o 

around nominal. The equivalent scattering vectors within the sample were then averaged (i.e. 

0o/180o and 90o/270o), producing diffraction patterns corresponding to scattering vectors parallel 

to and perpendicular to the loading direction. Single peak fitting was conducted for the Zr{0002} 

peak and the hydride{111}/Zr{1010} pair. Matlab peak-fitting routines were used to determine 

peak position as a function of load, and hence calculate lattice strains [19, 20]. Not every 

diffraction pattern contained a {111} δ-hydride diffraction peak and near the notch tip the {1010} 

zirconium peak was sometimes absent due to removal of zirconium as a result of hydride 

precipitation and zirconium texture. 

 

The material has a very sharp basal texture along the transverse direction of the pressure tube. 

Typical Kearns factors [21] for pressure tube material are 0.589 along the Transverse Direction 

(TD), 0.352 along the Radial Direction (RD) and 0.059 along the Axial Direction (AD) of the 
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tube [15]. The natural hydride orientation in pressure tube material involves precipitation of 

hydride platelet normal near the {0002} zirconium orientations in the TD/AD plane, believed to 

be due to residual stresses from cold-working [17]. In the notched specimen used here, hydrides 

grow at the notch when a stress sufficient for reorientation is exceeded, and then precipitate near 

the {0002} zirconium orientations in the RD/AD plane [5, 17]. In both TD/AD or RD/AD planes, 

the orientations of the micro-platelets that make up the ‘macroscopic’ hydride seen in the SEM 

are crystallographically equivalent; only the macroscopic orientation of the hydride plates 

changes [17, see Chapter 2]. In bulk hydrided material, where the macroscopic hydride 

morphology is similar to that described above, this reorientation can be observed as synchrotron 

diffraction peak broadening [12]. In this experiment, where large hydride densities are produced 

at the notch tip, the hydride diffraction peak intensity increases at the notch tip. Due to the 

relationship between the zirconium matrix and hydride crystallography, combined with the strong 

texture of the pressure tube material, we only observed {111} hydride intensity parallel to the 

loading direction and not perpendicular to it. This is in contrast to the weaker texture of the 

materials used in our previous studies, which allowed hydride peaks to be observed in all sample 

orientations [8, 12]. In this study we therefore report only strain parallel to the loading direction. 

The behavior of the zirconium matrix is reported as the average zirconium phase strain along the 

loading direction (εyy, Zr(AVE)) estimated from a Kearn’s average of the {1010} and {0002} peaks 

[21, 22].  

)KF1(KF }0002{}0110{}0002{}0002{)AVE(Zr −ε+ε=ε
 

 

where KF is the Kearns factor for the given orientation, and the {1010} and {0002} strains are 

assumed to track the behavior of the zirconium ‘a’ and ‘c’ d-spacing respectively.  
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Matlab was used to create two dimensional contour maps of the crack tip average lattice strain 

fields (Figure 5-3). These contour maps (achieved by a cubic interpolation of the diffraction data, 

including points from both the 20x20 and 50x50µm2 scans) are smooth, indicating that good 

statistical averaging of the grains is achieved with the 20x20µm2 beam size. No additional post 

processing, such as removal of outliers (as was required in our work on Zircaloy-2 with 20µm 

grains and 60x60µm2 beam [8]) was needed. In addition to contour maps, the data is presented as 

line plots of εyy as a function of distance in x from the notch tip; where the εyy reported is an 

average of the measurements at a given x ±50µm in y (Figure 5-4) and a line extraction along the 

maximum hydride intensity. For the ex-situ specimens this averaging covers the high intensity 

region of hydride, and makes allowance for any variation in the zero position of the notch. For the 

in-situ specimen a slightly different procedure was followed, as the only hydride formed was at 

the notch tip. Averaging was conducted over the precipitated hydride and strains in the zirconium 

were extracted over the average thickness of the hydride region. It should be noted that strains 

reported are relative not absolute and therefore data on residual strains (for example the expected 

compressive residual strains in the hydride phase) are lost. For tests conducted at room 

temperature the reference d-spacing used is the far-field d-spacing for a given crystallographic 

orientation/phase at zero applied load measured at room temperature. At 250oC a zero load 

measurement was not made as (1) the elevated temperature could potentially dissolve the large 

notch tip hydrides grown in the ex-situ specimens and (2) hydrides were not present at 250oC in 

the in-situ specimen (60wt-ppm hydrogen dissolved). Therefore for measurements made at 250oC 

reference lattice parameters are estimated by setting the far-field strains measured in both phases 

at 100% load at 250oC equal to those measured at room temperature. For the zirconium, this 

procedure yield a reference d-spacing in good agreement with those measured at room 

temperature (expressed as a strain error, <200µstrain for {1010} and {0002}). A similar 



 142 

X-Axis (mm)

Y
-A

xi
s 

(m
m

)

-1.2 -1 -0.8 -0.6 -0.4 -0.2 0

-0.2

0

0.2

0.4

0.6

0.8

1

1.2

Lattice Strain     
(x10-3)

-2

-1

0

1

2

3

4

5

X-Axis (mm)

Y
-A

xi
s 

(m
m

)

-1.2 -1 -0.8 -0.6 -0.4 -0.2 0

-0.2

0

0.2

0.4

0.6

0.8

1

1.2

Lattice Strain     
(x10-3)

-2

-1

0

1

2

3

4

5
(b) εεεεyy  ZrHx {111}   

130% Load  (relative to hydride growth)  

(a) εεεεyy Zr (AVE)   

K I ~11MPa√m  

Figure 5-3 Strain maps for an applied load of 130% for (a) the average strain along the loading 

direction in the zirconium matrix and (b) the {111} strain in the hydride. Note that in both cases 

the peak strain is in front of the notch tip, indicating that hydride fracture has occurred. Arrow 

indicated the nominal postion of the notch tip. 
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Figure 5-4 Room temperature strain profiles along x-axis for an ex-situ specimen, with nominal 

notch tip at zero. (a) Hydride intesity map, showing location of notch tip hydrides (left) ±50µm 

average (right) line extraction. (b) 0 load – residual strain profile. Strain in the hydride tracks that 

of matrix. (c) 50% load – residual strain profile still observed. (d – h) continued on the following 

pages. 

 

 

 

 

Right – Line Extraction  (a) Left – ±50µm Average  

-0.5 -0.45 -0.4 -0.35 -0.3 -0.25 -0.2 -0.15 -0.1 -0.05 0
-3

-2

-1

0

1

2

3

4

5

6

X-Axis (mm)

La
tti

ce
 S

tra
in

 (x
10

-3
)

(b) 0 load: KI~0MPa√m 

-0.5 -0.45 -0.4 -0.35 -0.3 -0.25 -0.2 -0.15 -0.1 -0.05 0
-3

-2

-1

0

1

2

3

4

5

6

X-Axis (mm)

La
tti

ce
 S

tra
in

 (x
10

-3
)

-0.5 -0.45 -0.4 -0.35 -0.3 -0.25 -0.2 -0.15 -0.1 -0.05 0
-3

-2

-1

0

1

2

3

4

5

6

X-Axis (mm)

La
tti

ce
 S

tra
in

 (x
10

-3
)

-0.5 -0.45 -0.4 -0.35 -0.3 -0.25 -0.2 -0.15 -0.1 -0.05 0
-3

-2

-1

0

1

2

3

4

5

6

X-Axis (mm)

La
tti

ce
 S

tra
in

 (x
10

-3
)

X-Axis (mm)

Y
-A

xi
s 

(m
m

)

-0.5 -0.45 -0.4 -0.35 -0.3 -0.25 -0.2 -0.15 -0.1 -0.05 0
-0.1

-0.05

0

0.05

0.1

 
εεεεyy average in y 

X-Axis (mm)
Y

-A
xi

s 
(m

m
)

-0.5 -0.45 -0.4 -0.35 -0.3 -0.25 -0.2 -0.15 -0.1 -0.05 0
-0.1

-0.05

0

0.05

0.1

εεεεyy  average in y 

ZrHx {111} Intensity ZrHx {111} Intensity 

(c) 50% load: KI~4.38MPa√m 

 
 

ZrHX {111} 

Zr(AVE) 



 

 144 

Figure 5-4 Room temperature strain profiles along x-axis for an ex-situ specimen, with nominal 

notch tip at zero. (d) Hydride intensity map, showing location of notch tip hydrides (left) ±50µm 

average (right) line extraction. (e) 100% load – load transferred to notch tip hydrides, consistant 

with plasticity in zirconium matrix. (f) overload showing increased load transfer to the notch tip 

hydrides. 
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(f) 110% load: KI~9.63MPa√m 
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Figure 5-4 Room temperature strain profiles along x-axis for an ex-situ specimen, with nominal 

notch tip at zero. (g) Hydride intensity map, showing location of notch tip hydrides (left) ±50µm 

average (right) line extraction. (h) overloads showing increased load transfer to the notch tip 

hydrides, followed by hydride fracture (i). 
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comparison was not possible for the hydride, but confidence is built in the method as good 

agreement was attained for the zirconium. A more detailed discussion of the reference lattice 

parameters used in this work can be found in the General Discussion (Chapter 6). 

5.3 Results 

Ex-situ at Room Temperature  

Figure 5-3 is a map of the average strain parallel to the loading direction in the zirconium and in 

the {111} hydride diffraction peak, at the 120% and 130% load. As a guide to the eye a notch 

schematic is placed at the (0,0) coordinate. The zirconium strains show the characteristic lobed 

shape expected for elastic strains parallel to the loading direction at a sharp stress concentration. 

The strain map of the {111} δ-hydride diffraction peak shows a peak strain near the notch tip 

with lower strains far from the notch tip. As expected, the far-field hydrides in the material 

(~1vol% based on 100wt-ppm hydrogen charging), are lower in strain than those at the notch tip. 

Note that at 120% load the highest strains are observed near the nominal notch tip location while 

at the 130% load (Figure 5-3) the peak load is observed in front of the notch tip in the zirconium 

matrix, indicating that fracture has occurred in the hydride phase and the crack has arrested in the 

surrounding matrix. This is confirmed by post-test SEM images, as well as by the intensity map 

for the hydride phase. The intensity map for the 130% load clearly illustrates that the peak strains 

(in both hydride and zirconium) occur in front of the region of maximum hydride intensity. For 

the loads below 130% the region of maximum hydride intensity correlates very well with the high 

strain region observed. Further, the size of the high hydride diffraction peak intensity region 

(~100µm) is in good agreement with estimates of the notch tip hydrides size provided by 

metallography. 
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Line plots at 0 and 50% load show the effect of the zirconium matrix on the initial strain state of 

the hydride phase (Figure 5-4). During the ex-situ formation of the notch tip hydrides the 

specimens were loaded to an applied Kf~8.75MPa√m, producing a plastic zone at the notch tip. In 

order to maintain force equilibrium when the specimen is unloaded the notch tip is under 

compression, followed by a region of tension that goes to zero, far-field from the plastic zone. 

The hydrides show almost identical strain behavior at the 0% load (though the stresses are 

expected to be different as a result of the transformation strains associated with precipitation), 

tracking the response of the zirconium matrix. As loading is increased, load transfer occurs to the 

notch tip hydrides, with the strain in the notch tip hydrides elevated with respect to the matrix. 

Load transfer to the notch tip hydrides even occurs at the 50% loading where the characteristic 

notch tip residual strain profile is still the dominant feature. The residual strain profile is 

overcome at the hydride formation load (Kf~8.75MPa√m) with peak strains not observed near the 

notch tip. Here the notch tip hydrides have a ~2000µstrain differential with the surrounding 

matrix (for the ±50µm εyy average). This strain differential increases during overload until the 

notch tip hydrides fracture, with a maximum of 3000µstrain attained at the 120% loading. Single 

line averages along the region of hydride maximum intensity show similar behavior to the ±50µm 

εyy average. Behavior of the zirconium matrix is similar showing more noise than the average 

response, but the trend and magnitude of the strains observed are similar with both methods. For 

the hydrides, strains are consistently higher (up to ~1000µstrain) in the line average than the 

±50µm εyy average, but the trend in hydride strain observed is similar and this variation is 

attributed to low sampling volume. Due to the improved statistics the ±50µm average is used 

when reporting strain differentials, unless otherwise noted.     
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Ex-situ at 250oC 

The initial loading of this specimen was similar to the ex-situ specimen at room temperature, as a 

residual and 100% load (Kf~8.75MPa√m) exposure were made at room temperature. In these 

exposures, the strain response of the hydride and matrix were similar to that of the specimen 

described above at 100% load (~250µstrain higher in both the matrix and hydride in this 

specimen)25. The residual strain profile of the hydride tracks that of the matrix and load transfer to 

the notch tip hydrides is observed. Differences are attributed to variation in the notch tip hydride 

populations between the two specimens. Then the specimen was heated to 250oC (still loaded at 

K f~8.75MPa√m) followed by a set of diffraction measurements at the 100%, 120%, 150% 

loading conditions (Figure 5-5). At room temperature, the strain in the notch tip hydride is higher 

than in the surrounding zirconium matrix. At 250oC the strain is still higher in the hydride, but the 

strain differential has decreased from ~3000 to ~2000µstrain. During overload, increasing applied 

load increases the strain in the zirconium matrix from a peak of ~3000µstrain at 100% load to 

~5000µstrain at the 150% load, while the strain differential between the hydride and zirconium 

matrix increases from ~2000 to 3500µstrain higher in the hydride (at the nominal notch tip x=0). 

Overloading at 250oC indicate that strain in the notch tip hydrides are much less sensitive to 

applied load than at room temperature. For example, at room temperature the strain in the hydride 

increases from ~2000µstrain at 100% load to ~3000µstrain at the 120% load. At 250oC a small 

strain increase is observed in both the matrix and the hydride (<500µstrain), but the strain  

                                                   
25 Same reference lattice parameters were used for both specimens.  
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Figure 5-5 Strain profiles along x-axis for an ex-situ specimen, with nominal notch tip at zero. (a) 

Hydride intesity map, showing location of notch tip hydrides (left) ±50µm average (right) line 

extraction. (b) 0 load at room temperature – residual strain profile. Strain in the hydride tracks 

that of matrix. (c) 100% load at room temperature – load transferred to notch tip hydrides, 

consistant with plasticity in zirconium matrix. (d – g) continued on the next pages. 
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Figure 5-5 Strain profiles along x-axis for an ex-situ specimen, with nominal notch tip at zero. (d) 

Hydride intesity map, showing location of notch tip hydrides (left) ±50µm average (right) line 

extraction. (e) 100% load at 250oC (f) overload at 250oC – less load transfer to the hydride 

observed than during room temperature overloads. 
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Figure 5-5 Strain profiles along x-axis for an ex-situ specimen, with nominal notch tip at zero. (g) 

Hydride intesity map, showing location of notch tip hydrides (left) ±50µm average (right) line 

extraction. (h) overload at 250oC – less load transfer to the hydride observed than during room 

temperature overloads. 
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differential between the hydride and the matrix is unchanged. Further fracture of the notch tip 

hydride does not appear to have occurred in this specimen even during a 150% load at 250oC, as 

the peak strains in both the hydride and matrix are at the same relative location in all exposures 

[5]. 

In-situ Hydride Growth at 250oC 

The specimen was heated to 350oC under zero load and held at temperature for 20 minutes to 

ensure dissolution of all the hydrogen [12] and then cooled to 250oC at 10oC/minute under zero 

load. At 250 oC the solubility limit for precipitation of hydrides in zirconium is 60wt-ppm, thus 

this thermal-cycle produces a 60wt-ppm hydrogen super-saturation in the zirconium matrix, 

precipitating no bulk hydrides [3, 5]. At 250oC the kinetics of hydride precipitation is quite rapid 

and a hydride precipitate is resolved during the first map. Each map takes ~ 1.25 hours to 

complete, with the first scan completed in 0.4 hours. The hydride is resolvable during this first 

scan, implying that the initial hydride precipitation occurs on the order of minutes [12]; during the 

course of this first 0.4 hours a hydride ~50µm in length was produced. Strain and intensity maps 

of the hydride phase provide an estimate of the hydrides size as a function of time, since at this 

temperature there are no far-field hydrides in the zirconium matrix. Figure 5-6 outlines the 

strain/shape evolution in the hydride phase, with the hydride reaching a length of ~100µm in size 

(Figure 5-6b). This is consistent with SEM characterization of the hydride (Figure 5-2) conducted 

post experiment. Line plots of strain evolution (Figure 5-7) show that over the 5 exposures 

measured the hydride grows during the first 4 exposures and appears to reach a stable length by 
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Figure 5-6 Strain maps of the zirconium matrix and notch tip hydride (a) hydride formation load 

(Kf ~8MPa√m) first exposure (time 0 to 1.5 hours) and (b) hydride formation load (Kf ~8MPa√m) 

last exposure (time 5 to 6.5 hours). Note that the notch tip position has shifted in y due to 

specimen creep and notch is included at its nominal location (0, 0) as a guide to the eye.   
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Figure 5-7 Strain profiles along x-axis for the in-situ hydride growth specimen, with nominal 

notch tip at zero. (a-d) 100% load (250oC) exposures 1 to 4 (exposrue 5 on next page). Note that 

strain relaxation in the zirconium matrix and hydride are observed at a constant load. Creep in the 

zirconium matrix is expected at 250oC and hydride plasticity may occur at this temperature. (f-g) 

overload next page. 
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Figure 5-7 Strain profiles along x-axis for the in-situ hydride growth specimen, with nominal 

notch tip at zero. (e) exposure 5 (f-g) overloads (250oC) exposures. As with the ex-situ overloads 

at 250oC the strain increase in the hydride with applied load is less pronounced than at room 

temperuare. Note that hydride fracture is not observed. 
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exposure 5. The length of the hydride should be self-limiting for a given applied load26 and 

hydrides ~100µm in length are expected under these conditions [5]. Line plots indicate that strain 

relaxation mechanisms are operating, as strain in the matrix and hydride decreases during the 5 

exposures. Overload behavior is similar to the ex-situ specimens at 250oC with strain increases in 

the hydride less pronounced than at room temperature as applied load is increased and similar 

strain differentials between the matrix and the notch tip hydrides as observed for the ex-situ 

250oC experiment. One notable difference is that there is no dip in hydride load as the crack tip is 

approached, a feature that is observed in both ex-situ specimens.     

5.4 Discussion 

Ex-situ Room Temperature Strain Evolution 

Before discussing the strain evolution during loading, it should be remembered that relative strain 

measurements are reported here. The hydrides will initially be under compression relative to the 

zirconium matrix, since the hydride precipitation represents a net volume expansion relative to 

the zirconium replaced. The far-field strain of the hydrides and of the zirconium track each other 

as the far-field values at zero load were used to provide reference d-spacings for both phases. So 

long as the zirconium undergoes elastic deformation this registry between the strains in the 

hydride and matrix is expected [8]. It is not easy to quantify the initial strain state since the 

formation cycles used to produce the hydrides in this study are complex. During thermal cycling, 

formation stresses in the hydride will be partially relaxed by plasticity/creep in the surrounding 

zirconium [15] and possibly by plasticity in the hydride phase at temperatures above 150oC [23, 

24]. Note that no evidence supporting a δ � γ hydride phase transition was observed in this study 

                                                   
26 In order for a hydride to precipitate, the stress must be high enough to produce a hydrogen concentration 
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(either as a function of aging [25] or applied stress [9]); γ-hydride peaks were absent from all the 

diffraction patterns collected.  

 

The residual strains measured at room temperature are compressive at the notch tip for both the 

hydride and surrounding zirconium matrix (Figure 5-4). For the zirconium, this behavior is 

expected as the specimen is loaded in tension during the hydride formation cycle and hence 

plastic deformation will have occurred at the notch tip [2, 11]. Upon unloading, in order to 

maintain force equilibrium, the notch tip shifts into compression, with an outer region under 

tension which tends towards zero strain far-field [2, 11]. The hydrides show an almost identical 

strain behavior to the zirconium matrix, though the real stresses are expected to be different due 

to the initial compressive residual stresses in the hydride phase [3, 17]. As the hydrides exist as a 

minority second phase in the zirconium matrix, the strains in the hydride track the matrix 

behavior so long as the zirconium matrix does not yield. This result is markedly different to that 

reported by Steuwer et al. in a study of a fatigue crack in hydrided material [10], where the 

hydrides near the crack tip remain in tension after the load has been removed. It is difficult to 

compare results from the two studies, as they appear to show opposite behavior for the hydride 

phase. Steuwer et al. note that their findings for the hydride phase do not follow “normal 

micromechanical, elasticity theory considerations [10]”and suggests a phase transformation in the 

hydride phase may be responsible for the observed behavior27. In contrast the residual strain 

profile in both the zirconium matrix and hydride measured in the current study is as expected 

                                                                                                                                                       

in excess of the hydrogen solubility limit. Hydrides will either grow to a self limiting length or grow in 
length until their fracture strength is exceeded (KIH). 
27 Steuwer et al. note that they have observed no diffraction signature for the proposed phase change 
mechanism. Specifically the d-spacing shift observed in their previous study is not observed here.  
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from the consideration of mechanics and elasticity theory28. Further comment requires 

comparison of the in-situ loading of hydrided Zircaloy-2 reported in our previous work [8] to the 

in-situ loading of the hydrided Zircaloy-2/4 reported by Steuwer et al. [9] and this has been 

addressed in Chapter 3. 

 

At 100% load the initial residual strain profile is no longer evident and the notch tip hydrides now 

have a strain differential with respect to the surrounding zirconium matrix (Figure 5-4). The 

zirconium matrix and the hydride are similar in elastic response [8], thus this load transfer 

indicates that plasticity has occurred in the zirconium matrix. The difference in strain between the 

matrix and hydride is ~2,000µstrain at 100% load to a maximum for ~3,000µstrain at 120% load 

(~4000µstrain if the line extraction is used rather than the ±50µm average). Results from uni-

axial loading of lower yield stress Zircaloy-2 [8] suggests strains in the range of 3,000 to 4,000 

µstrain can readily develop between the plastically yielding zirconium matrix and elastically 

loading hydride during deformation at room temperature. The notch tip strains are in qualitative 

agreement with these bulk studies, though one might perhaps expect to be able to develop a 

higher maximum strain differential between the matrix and hydrides in the higher strength Zr-

2.5Nb (σys ~600MPa) material studied here than in the lower strength Zircaloy-2 (σys ~450MPa) 

[8].  

                                                   
28 A minority second phase (hydrides) should have a similar residual strain distribution to the surrounding 
matrix (zirconium), assuming the elastic properties of the two phases are similar and any transformation 
induced strains are ignored. 
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Ex-situ 250oC Strain Evolution 

At 250oC there are some notable differences when compared to the room temperature behavior 

during overload. At room temperature, increasing applied load produced an increase in strain in 

the notch tip hydrides. This was attributed to yielding in the zirconium matrix and load transfer to 

the notch tip hydrides, until the notch tip hydrides fracture and the crack arrested in the 

surrounding zirconium matrix. At 250oC, strain differentials for a given overload are less and the 

same increase in strain in the hydride region at the notch tip with increased applied load is not 

observed (Figure 5-5). For example a 120% loading at room temperature produces a ~3000µstrain 

strain differential between the matrix and hydride, while at 250oC a 120% loading produces a 

~2000µstrain differential. The length of the region where the hydride has higher strain than the 

zirconium matrix is ~3 times longer at room temperature than at 250oC. Further the100 and 120% 

loadings at 250oC has had little influence on the strain differential between the matrix and the 

hydride, remaining constant at 2000µstrain. The above indicates that load transfer to the notch tip 

hydrides has occurred at 250oC, but that the hydride is less effective at shielding the notch tip 

from load at higher temperatures and that that additional relaxation mechanisms are operating at 

elevated temperature. Two possibilities are (1) creep in the zirconium matrix or (2) hydride 

plasticity. These mechanisms are discussed in detail below. 

In-situ Precipitation 

The precipitation of notch tip hydrides serves to relax the strain field in the zirconium matrix, 

with the highest relative strain occurring in the notch tip hydride region. The relative strains after 

the initial loading indicate a smooth transition between the zirconium matrix and the notch tip 

hydride, which is consistent with the hydride and surrounding zirconium matrix having similar 
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elastic properties at 250oC 29(Figure 5-7). Absolute strains however would be offset due to 

residual stresses associated with hydride precipitation present in the reference strain 

measurement. Stress relaxation likely occurs in the zirconium matrix as a result of plasticity [15] 

followed by load transfer to the notch tip hydride [8], suggesting that at 250oC the hydride 

remains the plastically stiffer phase (this could be a result of either a higher yield stress than the 

zirconium matrix or a significantly higher hardening rate post yield). With increasing time the 

strains in the zirconium matrix continue to relax (by ~1000µstrain) as a result of hydride growth 

and creep in the surrounding zirconium matrix (Figure 5-7). Hydride growth continues to produce 

relaxation at the notch tip due to the accumulation of transformation strains associated with 

hydride precipitation. The relaxation associated with hydride precipitation has been captured by 

FE models treating the system as a continuum30 [26, 27]. In these continuum approaches 

hydrogen precipitation at a notch tip is modeled by imposing the transformation strains associated 

with hydride precipitation on the notch tip elements. Transformation strains imposed on the 

model are weighted by the volume fraction of hydride ‘precipitated’ producing a relaxation in the 

continuum stress/strain field, plotted in Figure 5-8. The net effect is that hydrostatic stress field is 

                                                   
29 This assumes that the hydride is elastic at room temperature and that its load is set by the surrounding 
matrix. If the modulus of the hydride were significantly different than that of the surrounding zirconium 
matrix the 1:1 correlation between the strain distributions in the two phases would not be observed (as their 
elastic response would be different).  
30 See the Literature Review (Chapter 2) for more details. 
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Figure 5-8 Continuum FE model predictions for the effect of a precipitating hydride on the crack 

tip strain field (a) hydrostatic stress and (b) normal stress (σyy) [26]. The calculated normal stress 

is in qualitative agreement with the zirconium εyy(AVE) strains reported in Figure 5-7 of this 

work.  
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calculated to reduce and plateau31 as the hydride grows, with the normal stress (σyy) calculated to 

have a similar response [26]. The continuum normal stress can be qualitatively compared to the 

zirconium εyy(AVE) strains measured in this experiment, as they are essentially relaxed by 

hydride precipitation in a similar manner to the continuum strain calculated in the FE model. 

Creep in the zirconium matrix is also responsible for the some of the observed strain relaxation in 

the zirconium matrix. Relaxations from creep appear to have stabilized by the start of the third 

exposure, indicating that the initial relaxations are rapid (primary creep) and over the course of 

the experiment the effect of additional creep on notch tip strains is negligible. The net effect of 

creep at the notch tip is relaxation of strains in the zirconium, reducing the nominal KI strain field 

versus the calculated KI over the course of several exposures and stabilizing over the time scale of 

the experiment [5]. That creep relaxations stabilize after a couple of exposures (~3 hours) 

suggests that ex-situ hydrides loaded at 250oC are also stable with respect to creep in the 

zirconium matrix at the 100% load. And that during overload conditions the surrounding 

zirconium matrix may take up to several exposures to fully relax. In the in-situ experiment the 

strain field that the hydride is precipitating into is stable by the start of the third exposure, but 

localized creep in the zirconium matrix/ligaments surrounding a precipitating hydride may still 

produce strain relaxation in the hydride phase [5]. Local creep may continue to relax strains in the 

hydride, but the peak strain in the hydride remains constant after the third exposure even as the 

hydride continues to grow. This suggests that creep in the zirconium matrix/ligaments 

surrounding a precipitated hydride stabilizes over a similar time scale. The 20x20µm2 beam used 

                                                   
31 This is a thermodynamic requirement as the model assumes that the chemical potential of a hydrogen 
atom in the hydride and at the hydride-matrix boundary is the same. As hydrostatic stresses reduce the 
chemical potential of hydrogen in a zirconium matrix, the hydrostatic stress must plateau in the hydride 
region [88].  
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in this study has insufficient resolution to probe these interactions in detail and a finer beam size 

would be required to further probe the effect of local creep surrounding the hydride.   

 

As the hydride grows in length, strain in the hydride is reduced, presumably due to the continued 

volume expansion of the precipitating (growing) hydride. This volume expansion constrained by 

the surrounding zirconium matrix produces a compressive strain relative to the zirconium, 

shielding the notch tip from strain as the hydride grows. This is commonly proposed as the crack 

retardation mechanism operating in yttria-stabilized zirconia reinforced alumina ceramics [2], the 

primary difference being that the formation of notch tip hydrides reduces the local fracture 

toughness as the hydride is significantly more brittle than the zirconium it replaces. The system in 

this case is complex however with interaction between the growing hydride (hence changing 

relative volume fractions of zirconium and precipitate) and relaxation in the zirconium and 

possibly the hydride. Relaxation mechanisms will include creep and plasticity in the zirconium 

matrix/ligaments surrounding the hydride platelets (see Figure 5-1b) as previously suggested [5, 

6], however at 250oC plastic deformation in the hydride itself cannot be eliminated as a possible 

contribution to the observed strain reduction in the hydride [23, 24].  

In-situ Overload 

The overload data at 250oC shows some notable differences with room temperature overload data. 

At 250oC in the initial map at 100% load (Figure 5-7) the strain differential between the hydride 

and matrix is ~1000µstrain, less than the strain differential observed at Kf during room 

temperature loading. With increasing applied overload, strain in the zirconium matrix increases, 

but at the 110% and 125% loadings the strain in the hydride has not significantly increased. This 

contrasts to room temperature overloads where increasing overload produces an increase in the 
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observed strain differential between the zirconium and the hydride phase. There are also 

differences in hydride strain profile between the in-situ and ex-situ overload experiments. In both 

ex-situ specimens a load drop is observed in the hydride region as the nominal notch tip is 

approached, whereas in the in-situ experiment strain increases in the hydride as the notch tip is 

approached. These drops in strain may be an artifact in the ex-situ specimens, as hydrides exist 

outside of the notch tip hydride region. As the notch tip is approached some of these hydrides 

(presumably at lower strains) may be sampled and this could produce a dip in hydride strain as 

the notch tip is approached. This is not observed in all conditions and the drop in strain is less 

pronounced/absent at the room temperature 100% load conditions in both ex-situ specimens. The 

other possibility that the strain drop with overload is real and may indicate that small scale micro-

fracture is occurring at the notch tip. This has been previously proposed [6, 28] with fracture of 

individual hydride platelets occurring prior to decohesion of the notch tip hydride region. 

Overloading of the in-situ specimen is inconclusive as hydride fracture has not occurred at the 

loads applied and further experimental work is required.   

 

Overload data on hydrides conducted ex-situ using acoustic emission to measure hydride fracture 

suggests that differences between room temperature overloads and those conducted at 250oC 

should be expected [5]. Specifically, at 250oC overloads in excess of 200% have been reported 

required to produce fracture in notch tip hydride with a 15µm root radius, in contrast to the 

overload behavior between room temperature and 225oC where smaller overloads (typically 

<30% for room temperature and <100% for 225oC) will fracture notch tip hydrides. Further the 

required overload for fracture increases linearly between room temperature and 225oC (Figure 

5-9), suggesting that the room temperature overload mechanism is representative of this 

temperature regime [5] or that the effect of hydride plasticity is low below some critical 
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Figure 5-9 Plots both the change in zirconium yield stress (σy(Zr)) as a function of temperature 

[15], the overload required to fracture a hydride grown at a Kf~6 MPa√m [33] and K1C data for 

solid δ-hydride [34]. Note that the increase in overload fracture at ~225oC is not correlated with a 

dramatic change in zirconium yield stress, but there is a correlation with the increase in K1C 

observed in solid δ-hydride. 
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temperature around 225-250oC. Some degree of plastic deformation in the hydride could 

contribute to the difference in observed behavior, particularly as there is no compelling reason to 

expect a dramatic change in properties of the zirconium matrix (e.g. yield stress) at temperatures 

below 525oC [15]. Further the limited experimental work available on fracture toughness (K1C) of 

solid δ-hydride suggests that the fracture toughness increases above a critical temperature [34]. 

Though the plastic properties of the zirconium do not show a dramatic change localized creep has 

been suggested a potential mechanism for the observed strengthening [5], indeed this has been 

experimentally observed in Al/SiC metal matrix composite systems [29]. Localized creep then 

limits the amount of load transfer that can occur from the matrix to the elastically stiffer second 

phase and may serve to explain the observed increase in notch tip hydride fracture resistance 

above ~250oC. There is also some experimental evidence for hydride plasticity [23, 24, 30-32], 

with measurements on bulk hydrides in compression suggesting that increasing temperature 

reduces the hydride yield stress in excess of 650MPa at room temperature to ~300MPa for 

temperatures in excess of 150oC [23]. The reduction in hydride yields stress with temperature 

may explain the increase in fracture toughness observed in solid hydrides at elevated temperature 

[34], show in Figure 5-9. At all temperatures, the yield stress of the hydride is below that of the 

zirconium matrix [23], but at low temperature the strain to failure is so low that the hydride is 

essentially elastic until failure [23, 32]. Further increasing temperature may increase the strain to 

failure in bulk hydrides [32], but the behavior of bulk hydrides in this study is influenced by 

optically observed cracks in the hydride material tested [23, 32] and is likely not representative of 

the microstructure of precipitated hydrides. Further large hydrides (both at notch tips [33] and in 

the bulk [24]) appear brittle in all conditions (even at elevated temperature), but this may be a 

result of geometric constraints or differences in the flaw populations associated with large 

hydrides. While the literature appears to support that hydride plasticity can occur in some 
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conditions, the contribution of hydride plasticity to total deformation remains unclear and there is 

insufficient evidence to conclude that differences in overload behavior at room temperature and 

250oC must result from hydride plasticity. Previous studies have suggested that hydride plasticity 

in a Zr-2.5Nb matrix can occur as low as 150oC [24], but more recent analysis of the data 

suggests this is an effect of zirconium matrix softening [5] and the possible relative contributions 

of these mechanism is not fully understood at present. Careful experimental work in this area is 

required to identify the role of hydride plasticity and relaxations in the zirconium 

matrix/ligaments surrounding hydride platelets on elevated temperature fracture.   

5.5 Conclusion 

It is clear that the environment within the hydrides precipitate is complex, and interpretation of 

the phenomenon requires an understanding of high temperature deformation mechanisms in the 

zirconium matrix and the hydride phase along with their interaction with the hydride growth 

process. The data presented here set suggests that at room temperature overload fracture of notch 

tip hydrides is consistent with an elastic inclusion (hydride) in an elastic/plastically deforming 

matrix (zirconium). Here yielding in the zirconium matrix transfers load to the notch tip hydride 

and the strain differential between the matrix and hydride increases with applied load. 

Comparison to an ex-situ experimental data base measuring overload fracture of notch tip 

hydrides with acoustic emission suggests that between room temperature and 225oC fracture 

occurs by a similar mechanism. Above 225 to 250oC differences in fracture behavior are 

expected, supported by the current diffraction experiment. At 250oC increasing applied load does 

not produce significant load transfer to the hydride phase and increasing overload does not appear 

to increase the strain differential between the zirconium matrix and notch tip hydride. Some 

degree of hydride plasticity or localized creep at the hydride/zirconium interface may explain the 
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change in mechanism with increased temperature, but more experimental work is required to 

conclusively identify the source of this relaxation. Further interpretation of the dataset requires 

the use of micromechanical models.   
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Chapter 6 

General Discussion 

The aim of this work was to characterize the mechanical response of zirconium hydrides using 

high energy X-ray diffraction, and is presented as a manuscript format dissertation with three 

manuscript chapters (3-5) each treated as a separate work. In many ways these projects can stand 

alone and therefore lend themselves towards individual discussion. What is lost in this approach 

is a presentation of the different studies as a unified work, particularly as the manuscript chapters 

are not intended to integrate as a cohesive three-part study. Where these studies integrate most 

clearly is in the future work discussed in the next chapter. One issue that pertains to all the studies 

is that of a reference lattice parameter and this is discussed in detail below. In order to make 

quantitative measurements of ‘strain’ a stress-free reference lattice parameter required. A true 

stress-free lattice parameter must be free of both macroscopic residual strains (Type I) and 

microscopic residual strains (Type II and III) [1].   

6.1.1 Type I Macroscopic Residual Strains  

Type I residual strains are characterized as occurring on the length scale of the part and must sum 

to zero (force balance) over this length scale [1]. Both the Zircaloy-2 and Zr-2.5Nb source 

materials used in this dissertation were in a stress-relieved condition. Small lab specimens (2 to 

3mm thick) were cut from this source material, further reducing any macroscopic Type I residual 

strains in the unlikely event they were present. One area where macroscopic Type I strains are 

significant is as a result of plasticity at strain concentrations that occurs during unloading, as 

previously discussed in Chapter 4 and 5. For example the fatigue pre-cracked Zircaloy-2 

specimens used in Chapter 4 and the ex-situ hydride specimens used in Chapter 5 show the 

characteristic compression to tension to zero far field strain profile. These interactions are short 



 

 172 

range and typically decay over several multiples of the plastic zone size. In Chapter 4 the plastic 

zone in Zircaloy-2 was estimated to be ~80µm at a K~10, therefore we would expect these 

interactions to tend to zero over several hundred microns and this is observed in the residual 

diffraction data. Residual strains can also arise from mechanical processing, such as the micro-

broaching procedure used to form notches in the c-shaped Zr-2.5Nb specimens used in Chapter 5. 

This procedure removes 1-2µm of material per pass to form the notch tip and the interactions 

should decay on several multiples of the material removed per pass [2]. The strain field resulting 

from micro-broaching is significantly less than the 20x20µm2 beam size used. The above 

indicates that the far field d-spacing reference used in this work are absent of macroscopic Type I 

residual strains.    

6.1.2 Type II and III Microscopic Residual Strains  

Microscopic residual strains arise from strains varying at the grain level (Type II) to strains 

varying on the sub grain level (Type III). These strains will be present in the material. Type II 

strains vary over the length scale of the grain size and Type III sum to zero over length scales 

smaller than the grain size [1]. Type III residual stresses occur on such a small length scale that 

they do not influence the peak positions measured by macro-beam diffraction, though they should 

contribute to the peak widths observed [1]. Assuming adequate sampling statistics and a 

homogenous material, Type II residual strains will be independent of measurement location. 

Further by reporting average strains for the zirconium matrix (where εAVE = Σε{hkl) (texture, 

multiplicity)), the effect of Type II residual strains arising from grain interactions is accounted as 

the forces must sum to zero over all crystallographic orientations32 [3]. Therefore a measurement 

of a material containing Type II residual strains can serve as a reference d-spacing, but this 
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reference will not be strain free. It should also be noted that Type II residual strains can also have 

a strong effect on some macroscopic material properties. For example during processing the 

zirconium alloys are cooled from high temperature to room temperature, generating inter-granular 

strains as a result of thermal and elastic anisotropy [4, 5]. These inter-granular Type II stress 

influence the macroscopic mechanical behavior, and contribute to the observed yield stress 

differential in tension and compression. The effect of Type II stress on the macroscopic behavior 

is accounted for empirically in FE models by using appropriate macroscopic flow curves. In the 

case of the EPSC model to study intensity changes at the crack tip, a thermal cycle is included in 

the calculation in order to calculate the Type II residual strains acting on a given grain orientation 

[5]. For example, the inclusion of these thermal residual strains accounts for the observed 

reduction in load partition to {0002} grain orientations discussed in Chapter 4.     

 

Phase strains associated with a second phase (hydrides) are also classified as Type II residual 

strains. In the case of hydrides the residual strains are a result of the transformation strains 

associated with hydride precipitation (typically assumed as a 17% volume expiation along 

zirconium {0002}, see Literature Review). Far field of the notch tip hydrides are free of the 

macroscopic (Type I) strain field, but hydride transformation strains represent a net volume 

expansion relative to the zirconium matrix replaced and therefore these hydrides are expected to 

be under a state of compression. From crystallographic considerations it is possible to estimate 

the volume expansions associated with the hydrided phase, yielding a large volume expansion 

that cannot be elastically accommodated for large hydrides33 [6, 7]. The amount of relaxation that 

                                                                                                                                                       
32 A material containing hydrides can no longer be assumed as homogenous; here phase strains associated 
with hydrides are also classified as a Type II residual strain. 
33 For a δ-hydride this can be estimated as a 17% lattice dilatation parallel to {0001}Zr and an in plane 
invariant shear (required to transform the zirconium HCP lattice to the FCC δ-hydride lattice). 
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occurs due to plasticity in the surrounding matrix is unclear, but a first order estimate of the 

residual stress state of precipitated hydrides in Zircaloy-2 is made in Chapter 3. The principal 

strains acting on a hydride are the sum of the deviatoric and hydrostatic strains 

3/)( zzyyxx
deviatoric
iiii ε+ε+ε+ε=ε  

where x,y,z represent the principle directions and (εxx+εyy+εzz)/3 represents the hydrostatic 

component [1]. Averaging the hydride lattice parameter along the principle directions removes 

the influence of average deviatoric stress acting on the hydride lattice parameter, but not the 

hydrostatic component. Therefore one has an estimate for stress-free d-spacing for the deviatoric 

component and the deviatoric strain can then be estimated from Hooke’s law. Assuming that the 

principle directions of the plate (RD, TD, ND) correspond to the principle strain directions of the 

specimen, this allows for an estimate of the residual deviatoric stresses acting on the hydride by 

solving the residual stress tensor 

( )zzyyxx
dev
iiii )21(3

E

1

E ε+ε+ε
ν−

+ε
ν+

=σ  

where E is the elastic modulus and ν is the Poisson ratio (both determined in diffraction) [1]. For 

the Zircaloy-2 material this produced an estimate of deviatoric residual stresses acting on the 

hydride that were consistent with some FE models in the literature [8]. A similar approach could 

not be employed for the notch tip mapping study as the hydride texture was sharper and hydride 

diffraction peaks were only resolved parallel to the loading direction.  

 

Some information on the residual hydride stress state may be obtained from the crack tip mapping 

study, as the notch tip hydrides are significantly larger than those in the surrounding matrix. This 
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assumes that initially hydrides are coherent with respect to the zirconium matrix and that 

transformation strains are elastically accommodated (as the hydride transformations strains are 

large, coherent hydrides are expected to be very small and submicron in size) [6]. As the hydride 

grows the surrounding zirconium matrix must yield, relaxing the strains in the hydride (as the 

hydride now has an incoherent relation with the surrounding zirconium matrix) [6]. For this 

reason a relation between macroscopic hydride plate size and residual strain on the hydride 

maybe expected. In this work it appears that all macroscopic hydrides can be classified as ‘large’ 

hydrides and have a similar residual strain. The line plots of residual strain show a 1:1 relation 

between the hydride and zirconium matrix strains, even though the notch tip hydrides are 

significantly larger (both in thickness and in length) than those far field. For the in-situ growth 

study, initially the measurement is made for a notch tip hydride <50µm in length at the notch tip. 

The strains in this hydride are in good agreement with later exposures (albeit relaxed by creep in 

the surrounding zirconium matrix) where the hydride has grown to a size of ~100µm. It is 

possible that a size dependence on hydride residual strain maybe observed, but results from this 

work appear to indicate that for hydrides larger than ~20µm long and ~2µm thickness the residual 

strains are stable. The above discussion neglects the fact that these large macroscopic hydrides 

plates are composed of smaller microscopic hydride platelets and suggests that the residual strain 

in the hydride platelets, on average, is the same once a critical macroscopic hydride size is 

achieved. Qualitatively this is in agreement with the literature, suggesting that the precipitation of 

a microscopic hydride is associated with both a lattice dilation and invariant shear, and thus it is 

easier for a new hydride to precipitate in the strain field of an existing hydride (and relax the 

transformation strains of this larger hydride) [6, 7]. Higher residual strains would be expected 

during the early stages of hydride growth, but past a certain macroscopic hydride size; the 

average residual strain in the hydride remains constant as only the newly formed microscopic 
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hydrides are expected to have higher residual stresses than their neighbors (or than the 

macroscopic hydride on average).        

6.1.3 Apparent Strains (Chemistry Effects)  

In addition to residual strains, reference lattice parameters are affected by material chemistry. If 

chemistry effects on a materials lattice parameter are not accounted accurate strain measurements 

can not be made (as apparent strains as a result of a change reference lattice parameter will be 

attributed to peak shirt due to an applied or residual stress). Chemistry effects are typically the 

largest effect on reference lattice parameter, tending to dominate apparent strain from other 

sources [1, 9]. Further these changes can be large even when the solute is small relative to the 

host, for example an increase of 50 wt-ppm carbon in austenitic steel produces an apparent strain 

of ~600µstrain [1]. In the current work the chemistries for the Zircaloy-2 specimens and for the 

Zr-2.5Nb specimens are assumed to be stable, with good agreement between reference parameters 

from specimen to specimen for a given material. The one chemical species whose concentration 

is expected to change during the experiment is hydrogen in the zirconium matrix (Oxygen pick-

up occurs in Zirconium at higher temperature) [1]. In Chapter 5 measurements were made at 

250oC on both heating and cooling. Reference lattice parameters for the hydride on cooling were 

estimated from the hydride on heating (as no hydride was initially present on cooling) and on 

cooling the zirconium matrix has 30wt-ppm more hydrogen dissolved [2]. A difference of 30wt-

ppm hydrogen will produce an apparent strain of ~200µstrain in the zirconium, which is on the 

order of the strain uncertainty in the reference d-spacing34 [9]. It should be noted that the 

reference d-spacing for the hydride at 250oC was estimated by comparing the strain at 100% load 

                                                   

34 The uncertainty in reference d-spacing is ±100µstrain for Zr{101
-
 0}, ±150µstrain  for Zr{0002} and 

±350µstrain ZrHx.   
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at room temperature and 250oC, assuming that under these two conditions the far field strain 

should be equal (since the far-field strain should be dependent only upon the specimen geometry, 

the elastic properties which are nearly invariant over this temperature range, and the applied K). 

This assumption appears valid as in the zirconium the estimated reference lattice parameter on 

heating at 250oC and the measured reference lattice parameter for the zirconium on cooling 

(different specimen) agree within error35.    

6.1.4 Reference d-spacing in the Literature   

There is some X-ray diffraction data in the literature reporting lattice strains of zirconium hydride 

[10, 11], previously discussed in the additional discussion in Chapter 3. Quantitative comparison 

between studies is difficult because uncertainties about the chemistry of the hydrides and 

different calibration procedures used in the different studies will significantly affect strain 

estimates. Qualitatively the experimental measures of hydride lattice parameter are reasonably 

consistent and do suggest that the lattice parameter of the δ-hydride in the δ-phase field does 

change slightly with hydrogen enrichment (δ-hydride phase compositions range from ZrHx 1.6 to 

1.7 or ~10,000wt-ppm hydrogen). Comparisons can be made within a given study at the extremes 

of the δ-hydride phase field, yielding an estimate from <200 to 800µstrain36 depending on the 

study [10, 11].In the (α+δ+γ) hydride phase field the available data indicates that the lattice 

parameter is constant for both the δ and γ-hydride phases, suggesting that the chemistry of the 

hydride in this phase is set by the phase boundary composition (as expected from the phase 

diagram) [10, 11].          

                                                   
35 Agreement within 200µstrain between the estimated and measured zirconium reference d-spacing. 
36 This is significantly smaller than the values given in Chapter 3, where the δ-hydride lattice parameter is 
estimated at the γ-hydride composition.  
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Chapter 7 

Conclusion 

This final Chapter summarizes the three manuscript chapters (3 to 5) and provides some 

suggestions for potential future work. Summaries of the manuscript chapters focus on conclusions 

drawn from the works and the future work section presents a potential path forward considering 

conclusions of the three manuscript chapters as a unified work. Viewed as a whole the work 

shows the potential of X-ray diffraction techniques in probing strain fields at stress concentrations 

and the interactions with precipitating notch tip hydrides. Measurements with sufficient resolution 

to probe stress concentration are a recent development (with proof of concept high spatial 

resolution strain mapping studies conducted in 2005) and the work presented in this dissertation 

contributes to this emerging area of research [2-3]. This work is also applied in nature; hydride 

formation in an in-reactor component is an engineering problem. Uncertainty regarding the strain 

field at a stress concentration and the strains associated with hydride formation require overly 

conservative fitness for service guidelines for in-reactor components [4, 5]. The research 

presented in this dissertation is not directly applicable to how a flaw of a given geometry in an 

engineering component will behave. Rather the research presented here serves as a starting point 

for such a study, establishing a method with sufficient resolution to refine/develop engineering 

models for hydride fracture.      

7.1 Summary 

Chapter 3 

Chapter 3 is the initial study of whether it was feasible to measure strain in the hydride phase 

embedded in a zirconium matrix at low concentrations (~100wt-ppm). Samples were loaded in 
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both tension and compression along three principal directions of a rolled plate. Experimentally 

the study was a success in that the strain response of embedded hydride phase was resolved as a 

function of load. This data was then interpreted through the use of finite element (load transfer to 

the hydride phase) and composite mechanics (fracture of the hydrides phase). A section of 

additional discussion outlines a method of estimating the residual stresses on the hydrides and 

raises serious concerns with a proposed δ � γ hydride phase transformation by hydrogen 

ordering [6].  

Chapter 4 

Chapter 4 reports maps of strain in un-hydrided fatigue cracked Zircaloy-2 and used 

FE/polycrystalline plasticity (EPSC) models to capture the strain/twinning behavior at the crack 

tip. At the time this measurement was made there were few studies reporting results for crack tip 

strain mapping [2-3]. Good agreement between the diffraction data and FE models of crack tip 

strains were achieved. The size of the twinned region was calculated using an EPSC model with 

boundary conditions obtained from the FE model and was found to have reasonable agreement 

with the experimentally observed twinned region at the crack tip. 

Chapter 5 

Chapter 5 reports first experimental measurements of fracture of crack tip hydrides during 

overload conditions and in-situ growth. Room temperature overload studies are consistent with 

in-situ loading experiments in terms of the strain differential between the matrix and notch tip 

hydrides during loading. Elevated temperature overload studies indicate that additional relaxation 

mechanisms are operating, likely matrix creep or some degree of hydride plasticity. These results 

are in reasonable agreement with the ex-situ overload experiments reported in the literature [4], 
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but provided additional insight to the strain state of the hydride at a stress concentration. The in-

situ experiment indicates that strains in the hydride during growth can be resolved and suggest 

one possibility for future experimental work in the area.  

7.1.1 Future Work 

As previously discussed the manuscript format used in this dissertation produced a 

compartmentalized discussion. This future work section seeks to view conclusions from these 

chapters as a whole and presents some ideas on potential paths forward. One area that stands out 

is the requirement for micromechanical models to aid in the interpretation of hydride notch tip 

mapping study in Chapter 5. Conclusions were drawn about this data set by comparing to the in-

situ deformation study in Chapter 3 and to some results published in the open literature [4]. Here 

some of the FE modeling work conducted in Chapters 3 and 4 suggest a potential path forward 

for interpreting the data set discussed in Chapter 5. The proposed future work has been divided 

into two areas, future experimental work and future modeling work. 

Future Experimental Work 

1. Determination of stress free hydride lattice parameter – A stress free reference for the hydride 

phase would enable quantitative strain measurements of the hydride phase, of importance for 

stress measurements and how the hydride transformation strains are accommodated. One 

potential method is to grow hydrides in the (α+δ+[γ]) phase field near the δ-hydride phase 

boundary in Zr-2.5Nb pressure tube material, then grind these specimens to a powder at low 

temperature. These measurements should be made over a range of hydride compositions to 

validate that the hydride lattice parameter do indeed remain constant in the (α+δ+[γ]) phase 

field. Another method would be to grow hydride blisters in a Zr-2.5Nb pressure tube and 
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grind to a powder; this assumes that hydrides grown at blisters and at the crack tip are similar 

in hydrogen enrichment. 

2. High temperature deformation studies of hydrided material – Chapter 5 noted that at 250oC 

additional relaxation mechanisms are operating, producing relaxation in the hydride phase. 

The source of this relaxation is unclear, but is likely a result of either creep in the zirconium 

matrix surrounding the hydride or plasticity in the hydride itself. Because the net result of 

both mechanisms is relaxation of elastic strain in the hydride, definitive identification of the 

mechanism is difficult and not possible with the current data set. In-situ uni-axial 

tension/compression studies on hydrided Zr-2.5Nb over a range of temperatures may provide 

additional insight to operational relaxation mechanisms. Such experiments could be 

conducted for several zirconium alloys in order to identify the effect of matrix yield stress, as 

this is directly related to the residual strain state of the hydride and may influence hydride 

fracture. 

3. Detailed in-situ growth study – The initial feasibility study indicates that a 20x20µm2 has 

sufficient resolution to study the growth of hydrides <100µm in length. Potential future work 

includes growth of hydrides at temperature followed by cooling to room temperature to study 

the overload behavior, effects of ratcheting thermal cycles on hydride strains and effect of 

pre-creep cycles on hydride growth.   

Future Modeling Work 

1. Modeling of unhydrided material at a stress concentration – The FE results in Chapter 4 

indicated that at room temperature FE models can capture the strain behavior at a stress 

concentration if the elastic and plastic anisotropy of the zirconium matrix is accounted for. 

Relaxations at stress concentrations by creep have also been modeled and validated against 
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diffraction measurements [7]. Strain mapping studies in Zr-2.5Nb over a range of 

temperatures (room temperature to 300oC) would allow validation of FE models against the 

measured strain distributions at a stress concentration and build confidence that the 

mechanical properties of the zirconium matrix that the hydride is precipitating into is 

accurately captured.   

2. Modeling of hydride material – A large uncertainty in current generation FE hydride 

implementations is how the hydride transformation strains are accommodated and 

transformation strains must be assumed. In these approaches, the strain distribution calculated 

when a hydride precipitates is fixed by the assumptions regarding the assumed transformation 

strains. The diffraction measurements reported in this dissertation represent a potential 

method for validating assumptions regarding hydride transformation strains.  

3. Accounting for hydride microstructure – A difficulty that is presented in modeling hydride 

behavior is how to properly account for the hydride microstructure. A macroscopic hydride 

plate is composed of finer microscopic hydride platelets. These macroscopic hydride platelets 

are not fully dense hydrides and some zirconium can be retained between hydride platelets. 

Further, a highly refined zirconium microstructure (such as Zr-2.5Nb pressure tube material 

with a ~200nm grain size) tends to favor the formation of microscopic hydride platelets in the 

hydride. It is possible to account for hydride fracture by considering the change in boundary 

conditions that occur during notch tip hydride fracture (process zone models [5]), but this 

approach does not provide information on how fracture occurs. Recent work in the area of 

microstructure based FE modeling has shown that in systems containing a clustered second 

phase, matrix material (zirconium) retained between these second phases (hydride) can have a 

strong effect on fracture [8]. Application of microstructure based models may provide some 
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insight on fracture mechanisms of notch tip hydrides that are lost in process zone models, or 

when a solid macroscopic notch tip hydride is assumed. 
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Appendix A 

Crystallography of the Zirconium/Hydrogen System  

Interstitial Sites in Zirconium  

There are two possible intestinal sites for in the α−zirconium HCP lattice; octahedral (Figure 

A-1a) and tetrahedral (Figure A-1b). In close packed crystal structures hydrogen tends to prefer 

tetrahedral sites and this has been experimental confirmed for the zirconium hydrogen system [1, 

2].    

Crystal Structure of γγγγ-Hydrides (ZrH)  

The γ-hydride has an ordered tetragonal crystal structure with a P 42/n space group. Hydrogen 

has ~50% occupancy on tetrahedral sites on alternating (110) planes, illustrated in Figure A-2 [1-

4].  

Crystal Structure of δδδδ-Hydrides (ZrHx) 

The δ-hydride has a disordered cubic crystal structure (CaF2) with a Fm3m space group. Hydrogen 

has ~50% occupancy (x~1.6 to 1.7). This structure is not illustrated, but it is similar in structure to 

Figure A-2 (crystal structure is cubic, with random occupancy on the illustrated tetrahedral sites) 

[1, 3-5].  

Lattice Parameter and d-Spacing 

The lattice parameter and d-spacing of reflections for (α) zirconium and the (δ and γ) hydride 

phases are summarized in Table A-1.   
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Figure A-1 Interstitial sites for hydrogen in the zirconium (α) lattice (a) octahedral (b) the 

preferred tetrahedral sites [1, 2]. 
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Figure A-2 An illustration of the FCT γ-hydride phase. 
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Table A-1 The lattice parameter and d-spacing of reflections for (α) zirconium and the (δ and γ) 

hydride phases are summarized below. 

 

              

Zr(α)   ZrH(γ)   ZrHx(δ)   

{hkl} (mx10-10)  {hkl} (mx10-10) {hkl} (mx10-10) 
       
a 3.323  a 4.600 a 4.780 
c 5.148  c 4.970   
       

100 2.792  111 2.720 111 2.759 
002 2.579  002 2.485   
101 2.455  200 2.298 200 2.389 
102 1.893  202 1.687   
110 1.612  220 1.625 220 1.689 
103 1.463  113 1.475   
200 1.396  311 1.395 311 1.441 
112 1.367  222 1.360 222 1.379 
201 1.348  400 1.149 400 1.195 
004 1.288  004 1.242   
202 1.228  313 1.090   
104 1.170  331 1.058 331 1.096 
203 1.083  402 1.043 420 1.068 
210 1.055  224 0.987   
211 1.034  115 0.950   
114 1.006   422 0.950 422 0.975 
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Appendix B 

X-ray Diffraction Procedure  

This appendix provides details on the experimental set-up that were not covered in the manuscript 

chapters (Chapters 3, 4 and 5) and the General Discussion (Chapter 6). Scattering geometry, 

details on how the detector image was converted into a diffraction pattern and uncertainty in peak 

fits are provided.  

Sample Geometry 

Sample geometry for the mini-CT specimens used in Chapter 4 and C-shaped specimens used in 

Chapter 5 are provided in Figure B-1. 

Scattering Geometry 

The X-ray diffraction work conducted in this study made use of a transmission scattering 

geometry, as schematically illustrated in Figure B-2. The forwarded scatter X-rays (Debye-

Scherrer rings) were captured on a 2D area detector (40 x 40 cm2).  

Analysis Procedure 

Two least square refinement methods were used to fit diffraction patterns; General Structure 

Analysis Software (GSAS) and a least squares fitting routine written in GSAS. Both methods use 

a least squares refinement of a pseudo-voigt peak shape to fit diffraction peaks for a given 

crystallographic orientation {hkl}. Raw images on the area detector capture the Debye-Scherrer 

rings as images. For a series of exposures, a dark field correction is done (image of the detector 

plate with no image is subtracted from the image captured) and all the exposures for a given 

condition are summed. To create a diffraction pattern, the summed exposures are binned to form 
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Figure B-1 Schematics of specimen geometries (a) mini-CT specimens used in Chapter 4 and (b) 

C-shaped specimens used in Chapter 5.  
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Figure B-2 Transmission scattering geometry used (a) schematic illustration and (b) labeled 

photograph of the experimental hutch at 1-ID. 
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a conventional diffraction pattern parallel and transverse to loading direction, as illustrated in 

Figure B-3. A typical fit is shown in Figure B-4, note that fitting was conducted in the detector 

coordinate system (equivalent to θ) and converted to d-spacing after fitting (using Bragg’s Law). 

Uncertainty 

Peak fitting precision is proportional to the number of counts, the more counts the better precision 

obtained for a given fit. Synchrotron X-ray diffraction typically is a high precision measurement 

because the high X-ray flux allows for a high number of counts. For example, for the mapping 

experiments of notch tip hydrides conducted in Chapter 5 the fitting uncertainty for the {101
-
 0} 

zirconium peak was 35 µstrain, roughly the size of the line used to plot the data. For the {0002} 

zirconium peak the fitting uncertainly is <1 µstrain, as result of the high intensity associated with 

this peak. The hydride peak intensity changes as a function of measurement location (typically 

high near the notch and lower far field), thus the error associated with a given hydride fit ranges 

from 40 – 400 µstrain. For the experimental work reported in this dissertation the realized 

uncertainty is greater than the fitting uncertainty. In Chapter 6 the following realized uncertainly 

was reported for the hydride notch tip mapping experiment (Chapter 5); ±100µstrain for Zr{101
-
 

0}, ±150µstrain for Zr{0002} and ±350µstrain ZrHx - greater than the fitting uncertainty for all 

orientations. The realized uncertainty is greater than the fitting uncertainty because in the 

mapping studies a relatively small beam sizes is used (50x50 µm2) to achieve high spatial 

resolution mapping. The beam size used in the mapping studies is a compromise between strain 

resolution (smaller beam size, less grains sampled) and spatial resolution (smaller beam size, 
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Figure B-3 (a) A summed detector image of a series of 10 exposures, with the 20o slices 

indicated how the conventional diffraction pattern, shown in (b), was created. 
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Figure B-4 A typical fit obtained for the {101
-
 0} zirconium and {111} hydride peaks. Fit show is 

from a least squares refinement routine implemented in Matlab, but comparable results are 

obtained with GSAS. A pseudo-Voight peak profile is assumed. Note that the fitting was 

conducted in detector coordinate system and converted to d-spacing at a later point in the 

analysis.    
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higher resolution maps). For larger beam sizes, the fitting uncertainty should approach the 

realized uncertainty (as is the case in the experiments conducted in Chapter 4). Figure B-5 

illustrates this for the stress free lattice parameter measurements for the notch tip hydride 

mapping study conducted in Chapter 5. The reference lattice parameter measurements were made 

at zero applied load far-field of the notch tip (all measurements are 1.2mm from the notch tip). 

The plots show that there is measurement point to measurement point variations in lattice 

parameter, yielding the strain uncertainties given above.  

Full Width at Half Maximum   

Variation in Full Width at Half Maximum (FWHM) was not discussed in the experimental 

chapters. FWHM evolution does occur at stress concentrations in the zirconium in this study, 

plotted in Figure B-6. The FWHM changes observed are a signature of plasticity at the notch tip 

and should roughly correlate with the size of the plastic zone. FWHM evolution for the hydride 

phase is too noisy to interpret in the mapping studies and a larger beam size or higher hydrogen 

concentrations are required, Figure B-6.  
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Figure B-5 Reference d-spacing for (a) {101
-
 0} zirconium (b) {111} hydride and (c) {0002} 

zirconium peaks for the C-shaped specimens discussed in Chapter 5. All measurements were 

made 1.2 mm from the notch tip. Note that the variation in reference d-spacing from 

measurement to measurement is greater than the uncertainty fitted peak position. 
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Figure B-6 FWHM evolution (a) {101
-
 0} zirconium (b) {0002} zirconium and (c) {111} hydride. 

The specimen is a C-shaped Zr-2.5Nb with a pre-grown hydrides discussed in Chapter 5 at 100% 

load (hydride formation load). Note that the FWHM contours at 100% correlate well with the 

expected plastic zone size in the zirconium. The hydride peaks are too noisy to interpret.  
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Appendix C 

Additional Data  

This appendix provides additional experimental data not presented is Chapters 3 and 4. A full 

data set is presented here for completeness. In Chapter 3 the data below was the source for the 

summary tables. In Chapter 4 the data was referenced, but not provided in the chapter.   

Additional Data from Chapter 3 

Figure C-1 supplementary data used to generate the tables reported in Chapter 3. 

Additional Data from Chapter 4 

Figure C-2 and Figure C-3 are supplementary data used in the discussion section of 

Chapter 4. 
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Figure C-1 (a-f) Proves data used to generate the tables presented in Chapter 3. (a-b) are loaded 

in tension and (c-f) are loaded in compression. The sample orientation is given at the top of the 

figure and follows the same convention used in Chapter 3 (for example, TD/RD – TD is parallel 

to loading and RD is transverse). (d-f) are plotted on the next page.   
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Figure A-2 (a-f) Proves data used to generate the tables presented in Chapter 3. (a-b) are loaded 

in tension and (c-f) are loaded in compression. The sample orientation is given at the top of the 

figure and follows the same convention used in Chapter 3 (for example, TD/RD – TD is parallel 

to loading and RD is transverse).  
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Figure C-2 Summary of all strain data for sample loaded parallel to TD in Chapter 4. This data is 

discussed, but not provided in the text. (a) Residual – 0 applied load (b) K~10 MPa√m (c) K~30 

MPa√m. 
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Figure C-3 Summary of all strain data for sample loaded parallel to ND in Chapter 4. This data is 

discussed, but not provided in the text. (a) Residual – 0 applied load (b) K~10 MPa√m (c) K~30 

MPa√m. 
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Appendix D 

Additional Information on Modeling Methods 

Provides details on FE models used in Chapters 3 and 4 that are not explicitly stated in the text. A 

brief description of the EPSC polycrystalline plasticity model used in Chapter 4 is also provided. 

Boundary conditions for the embedded hydride 

The boundary conditions for the embedded hydrides are illustrated in Figure D-1. An infinite 

array of hydrides was simulated by setting displacement boundary conditions along the edges (U 

in Figure D-1). Properties used for the zirconium matrix were extracted from Figure D-2. Hill 

parameters were estimated from yield stress ratios. Here it should be noted that in tension, 

zirconium yields in tension along the loading directions and in compression along the transverse 

or Poisson directions. Therefore in tension the tensile yield stress is used along the loading 

direction and the compression yield stress is used transverse to loading [1]. Orientation of the 

zirconium matrix was changed by changing the properties along a given direction (ND and TD in 

Figure D-1).  

Boundary conditions for the cracked CT specimens 

In order to avoid numerical and meshing artifacts at the notch tip a focused or rosette meshing 

technique was employed [2, 3]. Here quadrilateral elements were collapsed to triangles at the 

notch tip. When loaded these elements can accommodate high local strain at the crack by 

deforming to quadrilateral elements, while still using a small strain analysis (large strains can be 

used, but here a high degree of mesh refinement is required) [2, 3]. This is schematically 

illustrated in Figure D-3 and is a common method for modeling notch tips without a high degree  
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Figure D-1 Boundary conditions used for the modeling work in Chapter 3. 
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Figure D-2 Flow curves used for FE modeling inputs (a) tension and (b) compression [1].  
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Figure D-3 Schematic of the focused or rosette technique and boundary conditions used to model 

the cracked CT specimens [2, 3].  
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of mesh refinement. This configuration can be sensitive to the location of mid-point nodes on the 

collapsed elements at the crack tip [2], but there was no difference in solution if mid-point nodes 

were moved to the quarter point in the models used in this study (this sensitivity can arise as it 

weights the strain field towards and elastic or plastic solution). Material properties were assigned 

using the same convention as above (Figure D-2). 

EPSC 

EPSC models [4-7] are based on the idea that the mechanical behavior of a polycrystalline 

aggregate can be approximated as a Homogenous Effective Medium (HEM). The properties of 

the HEM are solved using the approach of Eshelby, where a misfitting ellipsoidal inclusion 

(misfitting by εT* in Figure D-4) has a uniform strain (εC) when embedded in a matrix (here the 

inclusion and matrix can differ in elastic properties). It is then possible to define an equivalent 

inclusion (missfiting by εT) that will have the same stress field when embedded in the matrix 

(here the matrix and inclusion have the same elastic properties). The strains in the constrained 

inclusion are related to the stress free equivalent transformation strains by the Eshelby tensor (SE) 

[4]:  

TEC S ε=ε  

stresses in the inclusion are then calculated as: 

)(C TC
M ε−ε  

where CM is the stiffness tensor. To define the properties of the HEM this process is repeated for 

all grains composing the aggregate. The process is then iterated until the properties of the HEM 

are consistent with that of all of the grains composing the material [4]. The above is an outline of 

the elastic part of the problem and can be modified to account for deformation processes (slip and
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Figure D-4 Illustration of transformation strains associated with a misfitting inclusion and matrix 

(εT*) that can differ in elastic properties. And an equivalent misfitting inclusion (εT) that has the 

same stress field as above, but the same elastic properties as the surrounding matrix. The 

relationship between the two cases is described by the Eshelby tensor SE [4]. 
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twinning). Here CM would be replaced by an elasto-plastic stiffness tensor that accounts for the 

stress relaxation associated with plasticity, calculated from hardening parameters and forces each 

grain to stay on its calculated yield surface for a given applied stress increment. Thus the 

approach is ‘self-consistent’ as there is a relation between the calculated macroscopic response 

and a weighted average of all of the grains composing the aggregate. Lattice strain for a given 

orientation can be calculated by considering the weighted average of individual grains of a given 

orientation. The above is a basic description of the solution scheme. For more detail on this 

approach the reader is referred to [5-7]. 
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