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Abstract 
 

Dual phase (α-β) Zr-Excel Pressure Tube (PT) material has been heat treated in the (α+β) 

or β-phase regime to generate variable microstructures. These heat-treated 

microstructures revealed significant modification in the inital microstructure. The 

microstructural changes by heat-treatment will have a profound influence on their 

deformation behavior; characterizing those properties is the main goal of this study. In 

this dissertation, the experimental results are presented in a manuscript format, which is 

divided in three technical chapters. Chapter 3 discusses the effect of heat treatment on 

texture modification; where, as received (ASR) PT materials were heated to a range of 

temperatures and cooled either in water or in air. It has been observed that due to the 

orientation relationship between α and β-phase, the ASR microstructure has been 

significantly altered during heating and cooling. The extent of this alteration strongly 

depends on the solution temperature and cooling rate. Although, variant selection is 

observed during texture modification, significant randomization is noticed in the room 

temperature texture. In Chapter 4, line profile analysis technique has been used to 

quantitatively analyze the microstructural details of the heat-treated materials. Diffraction 

pattern analyses demonstrated significant peak broadening in the heat-treated material; 

which is attributed due to the increase of volume fraction of martensitic α and alteration 

in the dislocation structures. Line profile analyses also revealed that primary α consists 

with large sub-grains and correlated dislocations but the martensitic α are highly 

dislocated. Finally in Chapter 5, thermal creep behavior of the heat treated materials has 

been studied. Microstructural analyses were also conducted in the pre- and post-creep 
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materials to understand the creep mechanism. Creep anisotropy of the heat treated 

materials has been investigated by correlating the experimental creep data with their 

associated texture. The ASR PT material shows very anisotropic creep behavior due to 

the strong texture. However, the water-quenched-895 treatment substantially decreased 

the anisotropy by creating a balance between the texture and microstructure. 

Nevertheless, texture randomization at higher solution temperatures might have changed 

this balance and made the material being anisotropic again.   
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Chapter 1  
Introduction 

1.1 Zirconium in Nuclear Industry 
Zirconium (Zr) based alloys are used as one of the major structural materials for 

components in the core of nuclear reactors because of their combined distinctive 

properties such as low neutron capture cross-section, high strength, excellent 

corrosion resistance in water and good mechanical properties at operating temperature 

of nuclear reactors [1,2]. 

Single phase (αZr) Zircaloy-2 (Zr-1.5 Sn-0.12 Fe-0.10 Cr-0.05 Ni Wt%) was first used 

as the Pressure Tube (PT) material in CANDU (CANada Deuterium Uranium) reactor 

design in 1964 but later replaced with dual phase (αZr+βZr) Zr-2.5 wt% Nb alloy as a 

better corrosion and creep resistant alloy [3]. Currently Zr-2.5Nb PTs have been 

performing satisfactorily during operation; however progressive demand and push for 

domestic energy security has driven some renewed interest in nuclear power. 

Recently, the CANDU system projected for the longer term (2025-2060) is a 

Supercritical Water Reactor (SCWR) system that offers advantages in the areas of 

sustainability, economics, safety and reliability and proliferation resistance [4]. The 

proposed reactor is expected to increase thermal efficiency to over 40% [5]. Zr-Excel 

alloy (Zr-3.5%Sn-0.8% Nb-0.8%Mo-1130 ppm O) is proposed as the candidate 

material for SCWR [5]. In the current study, Zr-Excel PT materials have been 

investigated under various microstructures to understand their characteristic 

mechanical behaviours. In addition, thermal creep properties of Excel alloys at 

different microstructures were analysed at different applied stresses and temperatures. 
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The goal is to establish a correlation between these microstructures and their 

associated creep behaviour. 

1.2 Motivation 
Nuclear fission energy has emerged over the past 40 years and provides about 13% of 

electrical power  worldwide and about 15% of power in Canada as a reliable source 

of clean and economical energy [6]. Although, nuclear energy is safer than other 

primary energy sources (e.g., chemical, thermal, kinetic or solar energy) in terms of 

accident statistics, one of the main safety concerns using nuclear energy is the 

possibility of releasing radioactive material into the environment [7]  Thus, designing 

the pressure boundary in nuclear reactors with a reliable structural material is crucial 

and challenging.  

PTs are the pressure boundary or primary containment of the CANDU® reactor. In 

the service condition, they are subjected to high stresses, temperatures and fast 

neutron fluxes which cause changes in the dimensions and material properties [8]. 

Thus it is important that these changes are known and the rate of change can be 

predicted and demonstrated at different operating conditions to remain within design 

basis. 

An increase of thermal efficiency in the SCWR will be achieved by increasing the 

coolant outlet temperature from ~300 ˚C (current generation) to 650 ˚C. This will be 

accomplished by using a re-entrant fuel channel design that requires the PT to operate 

at ~400 ˚C [5,4]. Hence a high strength and better creep resistant structural material is 

required for such a reactor which will be exposed to high levels of radiation dose and 

operating temperatures. Amongst all the Zr-based alloys previously developed for the 

nuclear industry, Zr-Excel is considered superior in terms of its strength and creep 
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resistance. Although, some preliminary experimental results shows better strength 

and in-reactor creep properties over Zr-2.5Nb PTs [9,10] due to the lack of sufficient 

fundamental research on this alloy, many characteristic behaviors of Zr-Excel are 

unknown. On the other hand, there is considerable operating experience and operating 

data existing on Zr-2.5Nb, through which CANDU reactors are maintained 

reasonably well. This is probably the reason for which Zr-Excel is not used as a 

structural material in CANDU reactors today. Nevertheless, since the primary 

objective of developing SCWR is to enhance the thermal efficiency, the pressure 

boundary obviously experiences much harsher environment in terms of increased 

temperature than the current CANDU reactor. Therefore, it is essential to generate 

sufficient experimental data on this alloy at variable microstructural conditions in 

order to understand/predict how they will behave in a desirable operating condition.  

 

The thesis is presented in ‘journal paper format’, with Chapter 2 as a Literature 

Review, Chapters 3-5 presenting research results, and Chapter 6 summarizing the 

work and suggesting future avenues of study. In the following, the outline of each 

chapter of the results section has been briefly described. 

 

1. Strongly textured annealed PT materials have been heat treated at a range of 

temperatures to induce significant phase transformation during heating and cooling. 

According to the Burgers relationship between the αZr and βZr phase, an orientation 

relationship is maintained at the time of phase transformation as {00.2}α ǁ {110}β and 

<11.0>α ǁ <111>β  during heating and vice versa during cooling [11]. This orientation 
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relationship in dual phase Zr alloys may allow some alteration in the initial strong 

texture during their transformation ( ) in certain circumstances [12,13]. In 

the first part of the results section of this thesis (Chapter 3), modifications in texture 

at different heat treatments were investigated. A quantitative analysis has been done 

to estimate the extent of the modification at different solution temperatures and at 

different cooling rates. Moreover, the associated microstructural factors which may 

control the alteration process have been investigated. It is expected that this study will 

not only provide useful information on the microstructural evaluation process of Zr-

Excel alloy by heat treatments but also generate a number of different microstructures 

with variable textures which will benefit the current project by extending further 

research, i.e., studying the deformation behaviour of different Zr-Excel 

microstructures. 

2. In the second part of the results section of this dissertation (Chapter 4), 

microstructural details of the heat treated Zr-Excel PTs are evaluated quantitatively 

by line profile analysis. In Chapter 3, the effect of heat treatments on texture 

modification is presented and a qualitative microstructural evaluation given. It has 

been noticed that, Water Quench (WQ) treatment causes the texture modification very 

effectively and the extent of the texture modification increases with increasing 

solution temperature. Due to the fineness and complex microstructures produced 

during water-quenching (martensitic transformation), it was not possible to evaluate 

how this martensitic transformation effects the overall dislocation structures, sub-

grain size, etc. in the room temperature microstructure. The quantification of these 
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microstructural constituents is required to predict the mechanical properties and to 

estimate the deformation behavior of these modified microstructures. 

3. In the third and final part of the result section (Chapter 5), thermal creep properties of 

the heat treated microstructures have been investigated during uniaxial constant load 

creep test experiments at various applied stresses and temperatures. Since the As 

Received (ASR) material’s (the annealed Zr-Excel PT materials) texture was 

modified during heat treatments, it is interesting to see how the anisotropic creep 

behavior (in the ASR) changes in the heat-treated microstructures. The quantitative 

microstructural information studied in Chapter 4 has also been incorporated here to 

understand the effect of microstructural changes (e.g., sub-grain size, dislocation 

structures and arrangements, etc.) on the mechanical properties. Moreover, 

microstructures of pre- and post-creep heat treated material were investigated to 

determine a correlation with the experimental creep data. 
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Chapter 2  
Literature Review 

 
The purpose of this chapter is to provide a critical review of the published literature 

relevant to the studies presented in this dissertation. The review is organized in such a way 

so that it can provide useful information on areas related to Zr and hcp crystal structures; 

Zr alloys as a structural material in CANada Deuterium Uranium (CANDU) reactors; 

fabrication and properties of Zr-Pressure Tube (PT) material; crystallographic texture of 

PT materials; deformation of CANDU PTs, including the effects of texture and 

microstructure on deformation behavior; Zr-Excel PTs in Super Critical Water Reactor 

(SCWR). At the end, different experimental techniques, which have been employed in the 

current study, are also discussed briefly. As a whole, the objective of this chapter is to 

provide the fundamental understanding of the ideas, which may be directly or indirectly 

related to the current study. 

2.1 Zr and HCP Crystal Structures 
Pure zirconium (Zr) exhibits two distinct types of crystal structures, where hexagonal close-

packed (hcp) αZr exists as the equilibrium phase for temperatures up to 862 ˚C and body 

centered cubic (bcc) Zr structure exist above 862 ˚C to its melting temperature (1845 ˚C) 

[1]. The crystallography of αZr is essential to discuss since it is the main constituent of the 

CANDU PT material and the mechanical properties of αZr phase have a strong influence on 

the plasticity and the deformation behavior of PTs.  

The cell geometry and atomic position of αZr phase is shown in a hcp unit cell in Figure 2-

1. Three of the axes are coplanar where a1, a2 and a3 are oriented 120˚ to one another but 
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the fourth axis (c) is perpendicular to the basal plane which contains a1, a2 and a3 axes. 

These lattice parameters are anisotropic where the lengths of a1, a2 and a3 are identical but 

shorter than ‘c’ axis. The model of hard-sphere packing specifies the ideal values of the c/a 

ratio to be 1.633 [2]. Most of the hcp metals have axial ratios close to this value but there 

are some metals whose axial ratios are very different than the ideal value [2]. This axial 

ratio is the most important structural parameters of an hcp system, since it determines the 

most close-packed plane in which dislocation motion is energetically favorable [3]. In 

addition, it affects many properties of the materials including lattice stability [4], elastic 

moduli [5,6], point defect properties [7], stacking-fault energies, ductility/brittleness [8], 

dislocation nucleation/movements and many other important properties [9]. It has been 

found that at room temperature the measured values of ‘c’ and ‘a’ for the αZr phase of Zr-

2.5Nb are 5.147 and 3.323 A˚ respectively, which gives a c/a ratio of 1.548 (ideal ratio is 

1.633) [10]. Thus, c/a ratio for Zr is significantly less than the ideal ratio and this deviation 

affects the deformation behavior of Zr based alloys. 

 
Figure 2-1 HCP crystal structure of the αZr phase, (a) atomic arrangements in unit cell and (b) 

angular relation in the axes. 

 



 

9 
 

Figure 2-2 shows the stacking sequence of close packed atom planes necessary to create the 

hcp structure, where the close packed atomic planes stacked one on top of another 

following an A-B-A…. sequence. This stacking sequence results in anisotropic properties 

in the crystal due to the different atomic packing in different directions and thus, e.g., 

deformation depends on the direction in which the stress is applied [10]. 

 
Figure 2-2 Atomic arrangements in hcp crystal structure. 

 

It is known that the usual method of plastic deformation in metals is by shear of crystal 

along definite crystallographic planes, called slip planes. Atomic density is greatest on a 

slip plane and the slip direction within that plane is the closest-packed direction within the 

slip plane. In a crystal structure, dense atomic planes are more widely spaced and thus the 

resistance to slip is generally less for these planes than for any other set of planes. 

Compared to BCC and FCC structures there are fewer slip systems in HCP metals, they are 

also anisotropically distributed. The significant crystal planes, which undergo plastic 

deformation in hcp metals, are given special names according to the {hklm} Miller index 

notation [third index is always the negative of the sum of the first two, i.e., l = -(h+k), thus 

hcp metals can be often denoted as hk.m] and shown in Figure 2-3. 

Basal Planes      {0001} or, {00.1} 

Type I prismatic planes    {1010} or, {10.0} 
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Type II prismatic planes   {1120} or, {11.0} 

Type I pyramidal planes   {1011} or, {10.1} 

Type II pyramidal planes   {1012} or, {10.2} 

 
Figure 2-3 Important planes and directions in hcp system. 

 

The prismatic slip system {10. 0}<11. 0> is the most dominant slip system in hcp Zr [11]. 

However, slip has also been observed to a lesser extent on the basal (00.2) planes in the 

<11. 0> directions [11]. In addition, twinning can also occur in HCP metals and plays an 

important role in the deformation of zirconium due to the limited available slip systems in 

the crystal c-direction. Deformation by twinning usually occurs when applied stress is 

along the c-axis at low temperatures. It has been noticed that prismatic slip system is the 

active slip system during tension and compression along a-axes whereas pyramidal slip i.e., 

{10. 1}<11.3> slip dominates during tension or compression along c-axis [10, 12]. Thus, 

the limited number of slip systems and the asymmetry of the deformation process are both 

responsible for the mechanical anisotropy of Zr-based alloys. 
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2.2 Zr Alloys in CANDU Reactors 
Nuclear reactor cores (containing the nuclear fuel components where the reaction takes 

place) exhibit a unique and harsh environment, which requires a suitable structural material 

that should have reliable mechanical strength; good corrosion resistance (corrosive 

environment caused by the high temperature pressurized coolant) as well as low neutron 

capture cross section. In CANDU nuclear reactors, cylindrical pressure tubes contain the 

uranium oxide fuel bundles and heavy water (D2O) as primary coolant (Fig. 2-4). These 

tubes are approximately 6.3 meters in length, 103.4 mm inside diameter and 4.2 mm wall 

thickness.  

 
Figure 2-4 Schematic illustration of (a) CANDU reactor core indicating different parts of the 

reactor and (b) fuel channel design of the current CANDU. 

 

Zirconium alloys have three essential properties, which makes them a distinctive structural 

material for critical core environment of nuclear reactors: sufficient strength, good 

corrosion resistance and low absorption of precious neutrons [13]. Cold–worked Zircaloy-2 

(Zr-1.5 Sn-0.12 Fe-0.10 Cr-0.05 Ni wt%) was first used as a PT material in CANDU 

reactor design in 1964 [14]. However, later when the concept and importance of Delayed 

Hydride cracking (DHC) had been understood, Zr-2.5wt% Nb was developed to replace the 

Zircaloy-2 to improve the corrosion and creep strength of the PTs [15]. It has been found 
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[16] that the corrosion of Zr-2.5Nb tubes was about one-third of that in Zircaloy-2 under 

similar operating conditions, and the deuterium uptake was only around 2-4% of that 

measured for Zircaloy-2. Thus, since about 1980, cold-worked Zr-2.5%Nb has been used 

for pressure tube alloy in CANDU nuclear reactors. Moreover, many other Zr-based alloys 

were developed to use in various important components (e.g., calandria tube, fuel cladding) 

of the reactor depending on their characteristic properties and suitability for such 

applications. Table 2.1 provides a summary of zirconium alloys, their compositions, and 

possible applications in nuclear industry. 

Table 2-1 Zirconium alloys with application in nuclear industry: [17] 

 

2.3 Fabrication Process and Properties of CANDU Pressure Tubes  
As mentioned earlier, Zr-2.5Nb pressure tubes are currently used in CANDU reactor, which 

has been fabricated by a standardized route. Thus it is useful to understand this fabrication 

process, which determines many important characteristic properties of the pressure tubes. 

For a better understanding of the fabrication process, specifically to understand the 

microstructural changes during different fabrication stages like forging, extrusion etc, it is 

essential to present the Zr-Nb equilibrium phase diagram prior to explaining the production 

route (Fig. 2-5).  
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Figure 2-5 Zr-Nb equilibrium phase diagram [27]. 

 

Before 1992, the source Zr-2.5Nb ingots were made from double-arc melted zirconium 

sponge and a master alloy of Zr and Nb. However, later it was found that quadruple-arc 

melting minimized harmful effects of trace of elements like carbon, chlorine and hydrogen 

on fracture toughness [18]. Moreover, it was found that the melting process provides the 

largest contribution to the reduction of the initial alloy hydrogen concentration. Although, 

hydrogen is almost totally removed from the bulk of the ingot during the vacuum arc-

melting process it can be re-introduced from contamination on the wall of the water-cooled 

copper crucible [18]. Thus, quadruple-arc melting technique has now been adopted for the 

production of Zr-2.5Nb PTs and precautions are taken to remove the contaminated skin 

after this process [18]. The ingots (580 mm dia) are preheated to 1015°C and press forged 

into 360 mm diameter polygons (not shown in Fig. 2-6). The press-forged polygons are 

then preheated to approximately 800°C (αZr +βZr phase) and rotary forged into logs 

approximately 200 mm in diameter. The logs are then machined to hollow billets and then 

extruded at 815 ˚C with an extrusion ratio of 10.5: 1. 
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Figure 2-6 Production route of Zr-2.5Nb pressure tubes [18]. 

 

 

To refine the billet microstructure, modern Zr-2.5Nb PT are given an additional beta-heat 

treatment step where billets are heated into the Zr phase field (1015°C), quenched or slow-

cooled and then re-machined prior to extrusion. Additional hydrogen pick-up may occur 

due to moisture in the air during forging and from β-quenching into water which is resolved 

by removing enough material during machining to eliminate the contaminated skin after 

each of these processes [18]. After extrusion, tubes are cold drawn twice (normally 14% 

and 15%) for a total of 25-30%, to increase dislocation density and hence strength. Finally, 
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to relieve the residual stresses (generated from quenching/extrusion/cold working), tubes 

are heat-treated in an autoclave for 24 hours at 400°C.  

2.3.1 Microstructure of the Pressure Tubes 
Alloying elements have profound effects on the final microstructure of the Zr-based PT as 

well as on their mechanical properties; thus, it is beneficial to have a general understanding 

of the characteristic behavior of these elements on Zr alloys. Table 2-2 provides the 

chemical compositions of common Zirconium alloys using in nuclear applications. 

Table 2-2 Chemical composition of Zr-alloys for nuclear application: [19] 

 

 

It can be seen that for Zr-2.5Nb PTs, niobium (Nb) is the main alloying element which has 

a low diffusion rate and is highly soluble; the solubility of Nb in -Zr is 1.1 wt% at 600C 

[20]. Addition of Nb in Zr stabilizes the high temperature bcc Zr phase and also 

effectively enhances the creep strength of Zr-2.5Nb [21]. Besides Nb, oxygen and iron are 

two primary impurities typically present in this alloy. Oxygen is usually introduced during 

the tube manufacturing procedure. It usually aggregates in the -phase and high oxygen 

content can increase the hardness of the PT material significantly [22]. Oxygen has strong 

influence on the phase boundary of the Zr-Nb phase diagram and thus the position of the 
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(+Zr)/Zr phase boundary is strongly affected by oxygen content.  It has been found that 

for a Zr-2.5Nb alloy containing 1230 ppm oxygen content, the (+Zr)/Zr phase 

boundary is at about 870C [20]. Since extrusion of the Zr-2.5Nb PT is done within the 

+Zr region (at ~815C, Fig. 2-6 and 2-7) and extrusion is the most important stage for 

determination of the final texture of the PT [19], the oxygen content is critical to consider. 

Fe is one of the other important impurities, which remarkably influence the self-diffusion 

co-efficient in nominally pure -zirconium [23,24]. Hood et al. [23] stated that the 

diffusion coefficient of Fe in Zr is approximately eight orders of magnitude faster than the 

Zr self-diffusion (Zr in Zr) coefficient over a range of temperatures. They (Hood et al.) 

have reported the average activation energy for diffusion of Fe in αZr is about 67 kJ/mol at 

temperature lower than 700 ˚C and thus its presence significantly reduced the activation 

energy for self-diffusion of Zr. Perovic et al. [25] reported that Fe is largely associated with 

the β-phase and α-α sub-grain boundaries based on an analytical electron microscopic 

investigation. 

 
Figure 2-7 Transmission electron micrograph of an extruded Zr-2.5Nb PT [26]. 
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Based on the Zr-Nb equilibrium phase diagram shown in Figure 2-5, it can be seen that at 

extrusion temperature of 815 C, the microstructure is within the two-phase area (Zr-Zr) 

where Zr (prior or pro-monotectoid  grains) is about 40% (by volume) and Zr is about 

60%. This amount can be altered by the presence of oxygen which leads to rising of the 

transformation temperature (or expanding the α+β phase field in Fig.2-5) and thus increases 

the volume fraction of the α-phase at this temperature [27]. After the extrusion process, 

most of the βZr transforms into αZr during cooling, which leads to the αZr inheriting the 

texture from the βZr according to Burger’s relation {110}β ǁ {00.2}α and <111>βǁ <11.0>α. 

An extensive discussion on texture formation during fabrication and the associated factors 

which influence the mechanism is presented in a later section of this chapter.  The room 

temperature Zr-2.5Nb PT material consisting of αZr grains and a grain boundary network of 

metastable β phase is shown in Figure 2-7. It can be seen that the α grains are elongated in 

the longitudinal direction and flattened in the radial direction due to the extrusion process.  

 It has been shown in Holt and Zhao’s work [19,28,29] that during extrusion, several 

deformation mechanisms could occur. They have reported that the prior -phase can be 

deformed by slip or twinning under the extrusion pressure and at the same time part of the 

Zr can be transformed into -phase by a stress-induced phase transformation. Aldridge et 

al. [30] observed that during the final stress-relief treatment at 400 C for 24 hours the 

metastable Zr partially decomposes into Nb-depleted hcp Zr (metastable) and Nb-

enriched bcc Zr. Thus, the room temperature microstructure of Zr-2.5Nb PT contains hcp 

Zr and bcc Nb phase (with metastable ). Due to the extrusion, the  grains are mostly 

thin and platelet-like shaped and  are distributed around the  grains as a thin grain 
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boundary filaments (Fig. 2-7).  The β phase contains of 18-20% Nb and is metastable at 

room temperature [26]. 

2.3.2 Crystallographic Texture of CANDU Pressure Tubes 
A propensity for the occurrence of certain orientations in a polycrystal during 

crystallization from a melt or subsequently by further thermo-mechanical processes is 

called ‘preferred orientation’ or ‘texture’. Texture has significant importance for a material 

whose properties are texture-specific. Many important mechanical properties e.g., Young’s 

modulus, Poisson’s ratio, strength, ductility, thermal expansion etc. may depend on the 

texture of a material [31]: 

As a result of the thermo-mechanical process involved in the extrusion and cold drawing 

stage of the fabrication route explained in section 2.3.1, the majority of the α-phase grains 

in the pressure tube have their <00.1> c-axis aligned in the circumferential (transverse) 

direction and the <10.0> and <11.0> planes in the axial and radial (towards thickness) 

directions of the tube respectively as shown in Figure 2-8 [32]. 

 
Figure 2-8. Texture of CANDU PT, a) Schematic diagram of the orientation of most of α-phase 

grains and b) (00.2) and (11.0) pole figures of α-Zr in CANDU Zr-2.5Nb cold-worked PT [33]. 
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Figure 2-9 Crystallographic orientation of β phase grains in a typical CANDU Zr-2.5Nb PT, a) 

schematic view of the gain orientation, b) (110) and (111) pole figures of bcc β-phase [33]. 

 
 

The bcc β-phase also has a characteristic texture like the α, where the {110} planes oriented 

perpendicularly towards axial and transverse directions and {200} planes perpendicular to 

radial direction (Fig. 2-9). Holt et al. [33] reported that the strong (00.2) texture (most of 

the basal plane normal towards transverse direction) results in good transverse tensile 

strength and low circumferential strain due to irradiation creep. However, such a strong 

texture exhibits relatively high axial elongation rates due to irradiation damage such as 

irradiation creep and growth [34].The elongation of the PTs has substantial consequences 

resulting in interference of the PT end fittings (Fig. 2-4) with the reactor structure. This 

imposes end constraints on the PT and changes the stress ratio from the 2:1 transverse/axial 

of an unrestrained tube [35]. Moreover, an additional small restraint is imposed by the 

metal bellows, which connects the PT end fittings to the reactor structure [35]. In the 
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current CANDU reactor setup, elongation caused by irradiation damage can be 

accommodated to some extent through the flexible seal (annulus bellows). Besides this, 

because of the strong texture, current CANDU PTs are also susceptible to delayed hydride 

cracking (DHC) on which much work has been done [36, 37, 38] although many more are 

in progresses due to the complexity of the problem.  

Holt et al. [28] reported that the β-phase plays an important role in the development of 

texture in the αZr and the bulk textures of Zr-2.5Nb extruded tubes comprised of  three 

components (transverse, axial and radial) which are based upon three different deformation 

mechanisms:  

1. Transverse component is usually dominant (strong basal poles in transverse tube 

direction) from high extrusion temperatures in the (α+β) phase region. This is 

associated with the texture being developed in the β-phase from the parent α phase 

(α→β, through Burgers relationship), the effect of inter-granular stress during the 

α/β phase transformation and bodily rotation of the α-phase in the β phase due to 

phase boundary sliding. 

2. A radial component is dominant at low extrusion temperatures with low extrusion 

ratios and in coarse billet grain structures. Crystallographic rotation of the α-phase 

due to pyramidal, prismatic and basal slip has been assumed to be the possible 

mechanism for strong radial texture tubes. 

3.  Axial component is dominant at even higher temperatures in the (α+β) phase field 

than mentioned in 1., where Zr is the predominant phase and this is associated 

with the texture of the deforming β-phase and a subsequent β-α phase 

transformation. 
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The above hypothesis could explain the variation/non-uniformity of the texture along tubes. 

It is observed that during fabrication, due to the temperature drop along the tube as it is 

processed, the fraction of basal plane normals in the radial direction of the tube compared 

to the basal plane normals in the axial direction increases from the front end (the end 

leaving the extrusion press first) [39, 40] to the back end (the end leaving the extrusion 

press last). Along with texture, the grain size also gradually decreases from the front to the 

back end [39]. The extrusion process is done in the (α+β) phase field; thus, the phase 

transformation in β→α might play a vital role on the final texture of the tube. Moreover, 

the effect of alloying elements in the (α+β) phase regime also has to be considered, which 

may affect the relative stability of the individual phase [41]. In the current study, Zr-Excel 

PT material with a strong transverse texture (similar to that described aboe for Zr-2.5Nb 

PTs) has been investigated after different heat-treatments; where materials were heated to 

various temperatures within the (α+β) phase field and then cooled at different rates. Thus, it 

is expected that a significant alteration in microstructure and texture will occur.  

As mentioned earlier, the transformation between the α-phase and the β-phase of zirconium 

(and titanium) occurs according to the Burgers orientation relationship, with parallel planes 

in the two phases {110}//{00.2} and parallel directions as <111>//<11.0> are also 

maintained [42]. This orientation relationship between {110} and {00.2}α corresponds to 

closest packed planes, and the parallel directions correspond to nearest-neighbour 

directions. This relationship has been observed for single crystals [43] and later has been 

confirmed within measurement accuracy for polycrystals [44]. Due to symmetry of the α 

and β phases, during heating the transformation α→β allows for six equivalent orientation 

variants and during cooling β→α there are 12 equivalent orientation variants. This 
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orientation relationship between α and β phase during heating and cooling are shown in 

Figure 2-10. Holt et al. [46] reported a significant transformation strain during this phase 

transformation. It has been shown in their work that transformation from β→α under 

unconstrained conditions amounts to ~ 10% contraction along a <100>β direction, and a 

~2% contraction and 10% expansion respectively along two perpendicular <110>β 

directions (Fig. 2-10c).  

 
Figure 2-10 Schematic crystallographic orientation relationship in α and β phase, (a) variants for 

β→α, (b) α→β and (c) strain changes during the transformation of β→α [45, 46]. 

 

 

Many authors have noticed the ‘Memory effect of Texture’ i.e., when a material is 

transformed from α-phase to β-phase and back to α-phase again, the original α-phase 

orientations are maintained either perfectly or to some extent [41,47,48]. Memory effect of 

texture indicates that variant selection must be occurring since if no variant selection 

occurred or if all of the variant have the same probability of occurrence during a phase 

transformation, then the resultant texture would be expected to be significantly randomized 

[41, 48]. In reality, this is not the case and many researchers have reported either the 

retention/strengthening of the existing texture, i.e., a memory effect [44], or a strong texture 

after phase transformation, i.e., variant selection [49]. In Chapter 3, the effect of heat 

treatments on the ASR strong texture of Zr-Excel PT has been studied, where variant 
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selection during phase transformation is discussed comprehensively. Chapter 5 has further 

discussed the consequences of different textures as well as microstructures on mechanical 

properties of Zr-Excel PT materials.  

2.4 Deformation of CANDU Pressure Tubes 
Under operating conditions, the dimensions of PTs changes due to the effects of 

temperature, stress and neutron flux. This deformation of the CANDU PT is anisotropic 

due to the strong texture of the tubes. CANDU reactor operates at a temperature ranging 

from 250 ˚C to about 310 ˚C (for the current Gen III+ reactors and will be higher for future 

generations; an internal pressure of about 10 MPa and a resultant biaxial stress state with 

transverse stress of about 120-135 MPa; a fast neutron flux up to about 4x1017 n.m-2.s-1 

[39]). Thus, irradiation and thermally induced deformation of fuel channel components are 

the major determining factors of fuel channel life. Dimensional changes in PTs in the 

normal reactor operation are caused by axial elongation, diametral expansion, sag and wall 

thinning [50]. There are three distinct deformation mechanisms which contributes to the 

dimensional changes: irradiation growth - the change in shape at constant volume in a fast 

neutron flux; irradiation creep - caused by the combined effect of stress and fast neutron 

flux; and thermal creep - the change in shape due to the effect of stress and temperature in 

the absence of fast neutron flux [51, 52,53]. The mechanisms by which these dimensional 

changes occur and the factors affecting them during reactor operation need to be 

understood [50, 54].  

Diametral expansion:  

PTs diameter increases with reactor operation time due to irradiation creep under the action 

of hoop/transverse stress resulting from the pressurized D2O coolant. It has been reported 

that in the diametral expansion, the contribution from the other two deformation 
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mechanisms (thermal creep and irradiation growth) is small, at least in the central region of 

the PT where the neutron flux, and hence the radiation effects, is very large [50, 54]. In 

fact, irradiation growth has a negative component which is beneficial as it tends to decrease 

the total diametral expansion [52].  

Axial elongation: 

CANDU PTs elongate due to the combination of irradiation creep and irradiation growth. 

The factors which are responsible for this are identified as the anisotropic crystal structure 

of Zr and the pronounced texture formed during fabrication. The accumulated fast neutron 

fluence during the operation is the rate-controlling factor [54].  

Sag: 

PT undergoes sag usually by irradiation (axial) creep from the weight of the fuel bundles 

and the heavy water. 

Wall thinning: 

Since creep and growth occurs at a constant volume of the PT, the increase in diameter and 

length during the service condition lead to a reduction in the wall thickness of the tube.  

Among the three deformation mechanisms, in the existing Gen-III CANDU reactors the 

contribution of irradiation creep is the most significant to the total deformation of the PT 

and considered as the primary source of deformation [10]. It has been shown in some recent 

in-reactor operating results that irradiation creep under normal operating conditions is about 

70% of the total deformation whereas, irradiation growth and thermal creep contribute 

about 20% and 10% respectively [55, 56]. In the following section, all these three 

mechanisms are discussed briefly. At the higher temperatures of the SCWR, thermal creep 

can be expected to be more significant contributor to the total deformation than in the Gen-

III design.  In addition, it is easy to study (compared to irradiation effects) and always the 

first assessment of creep anisotropy is made for this phenomenon.  Hence in the current 
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study, thermal creep behavior of the Zr-Excel PT will be studied; this mechanism will be 

discussed more comprehensively in the last part of this section. 

2.4.1 Irradiation Growth 
Amongst the three deformation mechanisms, irradiation growth is best understood since it 

is relatively easy to distinguish by measuring the dimensional changes of a component only 

under the fast neutron irradiation, in the absence of applied stress. This mechanism was 

first observed and theorized in zirconium by Buckley who proposed self-interstitial atoms 

(SIA) usually condensed on prismatic planes whereas vacancies (point defects caused by 

irradiation) condensed on basal planes. However, Buckley’s proposed mechanism does not 

explain the faster growth in polycrystalline zirconium which was first observed by Kelly 

and later by other researchers [57]. The diffusional anisotropy difference (DAD) theory 

proposed by Woo et al. [58] is the most well accepted mechanism for the irradiation growth 

mechanism. They proposed an anisotropic diffusional behavior of SIA and vacancies, 

where SIA precipitation causes an expansion and vacancy precipitation cause contraction. 

Furthermore, they reported that irradiation growth generally occurs when the strain 

direction caused by vacancies is different than by SIA. In zirconium, the preferred sink for 

vacancies is considered on the basal plane and for SIA towards the planes normal to the 

basal plane. Thus, irradiation growth causes a reduction in diameter in CANDU PTs (high 

basal plane density) and elongation in axial direction (high density of planes perpendicular 

to basal) (Fig. 2-11). Irradiation growth depends both on microstructural (e.g., texture, 

grain size, chemical composition and initial dislocation density) and on most of the 

operating factors (e.g., fast neutron flux, temperature, fast neutron fluence etc.) [50].  
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Figure 2-11Schematic view of diffusion anisotropy difference in hcp crystal. 

 

2.4.2 Irradiation Creep  
Irradiation creep is the most difficult mechanism to study because it simultaneously occurs 

with other mechanisms. In practice, to determine this component; irradiation growth strain 

is subtracted from the total strain for a given operating periods and thermal strain is ignored 

(or also subtracted) to obtain an approximation of the irradiation creep strain [50]. 

Irradiation creep also depends on both metallurgical variables, e.g., dislocation density, 

grain size and texture as well as on operating variables e.g., stress, temperature, fast neutron 

flux and fluences [10, 50]. Although, it was mentioned earlier that irradiation creep 

contributes the majority portion of deformation (~70%) for the current CANDU reactors, it 

may be more or less significant in the reactors operating at higher stresses and temperatures 

[59].  Many theories have been proposed to explain the mechanism and one common 

feature of all those theories is that irradiation creep occurs due to vacancies and SIA’s 

produced by irradiation. For zirconium alloys, the most popular irradiation creep model 

considered are yielding creep, climb-plus-glide (CPG) or I-creep, and stress-induced 
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preferred absorption (SIPA) [52]. Yielding creep is based on an assumption that an internal 

stress is generated due to the shape change of individual grains and irradiation growth-

induced expansion or tension (in the absence of stress). This model further assumes that the 

applied stress elevates this internal stress above the yield stress, to cause the grains to yield 

[52]. In the CPG model, it is assumed that dislocation climb around an obstacle is aided by 

the absorption of vacancies generated by irradiation and strain is caused by the glide of 

dislocations after they bypass the obstacles [60].  The SIPA mechanism assumes that self-

interstitials are preferentially absorbed at the defects in a crystal, e.g., dislocation loops, 

which are usually oriented perpendicularly to the applied tensile stress, and hence leads to 

elongation of the material in the direction of applied tensile stress [61, 62]. It has been 

reported [63] that the possible origins of SIPA are the elastic interaction between the stress 

field of the defect and that of the dislocation, or anisotropic diffusion.   

 

2.4.3 Thermal Creep 
Thermal creep is defined as a deformation process of a material under relatively low stress 

(lower than yield stress) at elevated temperature and over a long period of time. In creep 

tests, the elevated temperature is usually represented as homologous temperature, i.e., the 

ratio of test temperature (Tt) to the melting temperature (Tm) of the material. Creep of a 

material usually becomes significant at a homologous temperatures higher than 0.5, 

however it needs to be considered at a ratio above 0.3 [64].  
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Figure 2-12 Schematic representation of typical creep curve where curve A, constant-load test; 

curve B, constant-stress test [64]. 

 

 

Figure 2-12 shows a typical creep curve, where creep strain changes with time under a 

constant temperature and stress. There is an initial rapid extension that occurs at the time 

when the load is applied which is represented as 0 and after that three distinct stages: 

primary, secondary and tertiary creep. The slope of this creep curve is referred to as the 

creep rate (
𝑑

𝑑𝑡
 or έ). In the primary stage of creep, the rate of strain hardening is large 

compared to the recovery, which leads to a decreasing creep rate region. On the other hand, 

tertiary region shows a very fast creep rate due to high recovery rate often associated with 

metallurgical changes, such as coarsening of precipitate particles and formation of voids, 

which eventually leads to failure [65]. In the second stage of creep, a balance between the 

strain hardening and recovery is established which leads to a nearly constant or steady-state 

creep rate. In this dissertation, the focus of all the creep study will be on the steady-state 

creep region because for CANDU PTs it has the most technological importance as the 

majority of the service time is spent under this creep condition.  
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There are several mechanisms by which creep may occur in the steady-state creep stage and 

these mechanisms are strongly dependent on the applied stress and temperature. Besides 

these operational factors, metallurgical variables such as preferred orientation of the 

material, percent cold-work, dislocation densities, elemental distribution or chemistry and 

impurity content, etc., also have an effect [10].  

Microstructure may have a significant effect on creep rate, which has been reported in 

Clyne et al. study [66]. Although, it has been agreed that changes in microstructure tend to 

affect the creep rate, it can still be constant during a test provided the microstructure is 

evolving at a steady rate. In fact, under given conditions; microstructure often remains 

stable during secondary creep [66]. However, the same material may stabilize to a different 

microstructure if the stress or temperature is changed. Thus, to understand the creep 

mechanisms it is necessary to understand the correlation between the microstructure of the 

tested material and the associated test parameters.  

2.4.3.1 Stress dependence of thermal creep 
Creep rate at the steady-state stage is related to the applied stress by the following equation: 

                                                         𝜀̇= Bσ
n
                                                             (2-1) 

Here ‘B’ is the material constant and ‘n’ is the stress exponent that can be determined from 

the creep data (i.e., variation of strain with time) by applying a wide range of stresses at a 

constant temperature. The n value can vary from low to high values and depends on the 

applied stress or more specifically on the mechanism of creep which is operating. For 

example, for diffusion creep its value is approximately 1, while for dislocation or power 

law creep it is usually in the range of 3-10 [66]. Fig. 2-13 shows the effect of applied stress 

on creep rates as well as on the stress exponent of creep curve. 
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Figure 2-13 Schematic representation of the effect of stress on creep rates. 

 

Currently, under service conditions, CANDU pressure tube temperatures are typically in 

the range of 260-310 ˚C and the design stresses are generally well below the ultimate 

tensile strength of the material (280 MPa at 300 ˚C). However, in the case of cladding 

(containing the fuel pellets); it has been reported that situations can arise in which applied 

stresses exceed the yield stress [10]. Shober et al. [67] reported some of the creep data on 

zirconium and Zircaloy for the temperature range 456 to 500 ˚C, which has later been 

plotted by Jones et al. [68]. It shows that n varied continuously with applied stress where at 

low stresses (e.g., σ<20 MPa in Zircaloy-2), n had values close to 1 but at higher stresses 

(σ>100 MPa), n had values greater than 10. Gilbert et al [69] reported a similar dependence 

of creep rate on stress for annealed zirconium in the temperature range 50 to 850 ˚C and a 

stress range of 3 to 80 MPa. Kohn [70] showed the stress dependence on stress exponent 

for Zr-2.5Nb fuel sheathing tubes, which illustrated the minimum out of reactor (thermal) 

creep rates versus stresses ranging from 40 to 200 MPa at different temperatures (Fig. 2-

14). It can be seen from the Figure that, the n values increase from a minimum of 2 at low 
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stresses to 5.3 at a temperature of 350 ˚C. However, Nuttall et al. [71] shows that when the 

stress is higher than 200 MPa, the n value increases rapidly which is also demonstrated in 

Figure 2-15. 

 
Figure 2-14 Out reactor creep rate (minimum) of Zr-2.5Nb fuel cladding versus stress [70]. 

 

 
Figure 2-15 Thermal creep of Zr-2.5Nb at 500 ˚C (strain rate vs flow stress) [71]. 
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Christodolou et al. [72] analysed the thermal creep properties of Zr-2.5Nb PTs and reported 

a n value of 4 in the temperature range of 100-323 ˚C and at stresses up to 450 MPa. They 

have observed that for Zr alloys, creep rates lower than 5x10-7 h-1 leads to a stress 

exponent value lower than 5. In another study, Pahutova et al. [73] analyzed the creep 

behavior of five different Zr-Sn-Mo alloys and an alloy very similar to the Zr-Excel alloy 

(which is used in the current study) named as CX alloy (Zr-3% Sn-1%Mo-1%Nb) in the 

temperature range of 350-550 ˚C and a broad range of stress up to 750 MPa. It has been 

reported in their work that at strain rates of about 1x10-9 s-1 and 1x10-5 s-1 a stress 

exponent of 3 and above 20 respectively were obtained. Moreover, in other studies by 

Pahutova et al. [74] on Zr-Mo alloys and Zr-6% Sn-1%Mo alloy a similar relation of strain 

rates and stress exponent was obtained, where n tends to be lower than 4 and above 14 at 

low strain rates (1x10-6 h-1) and higher strain rates (3x10-5 h-1) respectively. 

 

Figure 2-16 Diffusion coefficient-compensated steady-state rate vs modulus compensated stress 

(secondary axis shows the lower stress data) [75]. 
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Based on extensive literature reviews, Hayes et al. [75] analyzed the cumulative zirconium 

creep data over a broad range of stresses (0.1 to 115 MPa) and temperatures (300 ˚C to 850 

˚C). It has been found that zirconium follows traditional power-law creep with a stress 

exponent of ~6.4 in the conventional power-law regime. According to this result, they 

postulated that dislocation climb, rather than the often-assumed glide mechanism, may be 

the rate controlling mechanism. Figure 2-16 summarized this study in a plot of diffusion 

coefficient compensated steady-state creep rates and shear modulus compensated steady-

state stress. It is noticed from this plot that the creep rate of zirconium at low values of σ/G 

varies proportionally to the applied stress. Moreover, they have observed a grain-size 

dependency of creep rate particularly at small sizes (<90μm) suggesting a diffusional creep 

mechanism. In addition, a grain-size independency at larger grain sizes supports a Harper-

Dorn mechanism, but a lower activation energy was not quite consistent at higher stresses. 

This review also analyzed the thermal creep data for Zircaloy-2 and Zircaloy-4 and results 

in similar observations as for pure zirconium.  

2.4.3.2 Temperature dependence of thermal creep 
Since thermal creep involves a thermally activated process; temperature plays the most 

vital role in this deformation mechanism. Temperature has an exponential relation with the 

steady-state creep rate and is often expressed as follows: 

𝜀̇= B exp (-Q/RT)                                       (2-2) 

where ‘B’ is the material constant, ‘R’ is the universal gas constant, ‘T’ is the absolute 

temperature and ‘Q’ is the activation energy for a particular creep mechanism. ‘Q’ can be 

determined from strain data for a range of temperatures under constant applied stress.  
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Figure 2-17 Schematic illustration of temperature dependence of activation energy [76]. 

 

Holmes et al. [76] analyzed some of the first activation energy of annealed and 20% cold-

worked Zircaloy-2 in the temperature range 50 to 500°C and under stresses of 138, 172 and 

207 MPa. The temperature dependence of the activation energy itself observed by Holmes 

is shown in Figure 2-17. He reported that over the range of 285°C to 500°C the activation 

energy is approximately equal to that of self-diffusion in Zircaloy-2, and independent of 

stress, creep rate and temperature, which implied a typical dislocation-climb controlled 

creep mechanism. In Figure 2-17, at Tc a self-diffusion condition is reached and the 

activation energy remains constant. In addition, Holmes found the value of Tc increased 

with applied stress; e.g., it was 250°C at 138 MPa and 310°C at 207 MPa.  

There are several other studies on activation energy for αZr self-diffusion. In one study, 

Shewfelt et al. [77] observed it to be ~300 kJ/mol at 450°C. Horvath et al. [78] also showed 

a very close value of αZr self-diffusion (~338 kJ/mol) at temperatures lower than 950 °C. 

Hood [79,80] investigated the effect of extrinsic and intrinsic factors on activation energy 

for self-diffusion and observed it is greatly reduced by extrinsic factors, especially the 
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presence of iron and oxygen. He found that the diffusion coefficient of iron in zirconium is 

approximately eight orders of magnitude faster than the zirconium (in Zr) self-diffusion 

coefficient over a range of temperatures [79]. Nakajima et al. and King et al. [81, 82] 

reported that the average activation energy for diffusion of Fe in α-Zr is about 67 kJ/mol at 

temperatures lower than 700 °C. Christodolou et al. [72] calculated the creep activation 

energy for Zr-2.5Nb PT materials and reported it to be 88 and 42 kJ/mol at temperatures 

above and below 200 °C respectively. They claimed the low values were attributed to 

dynamic strain aging (DSA) due to impurities like oxygen and iron. Franklin et al. [10] 

suggested DSA is an important feature for thermal creep of Zircaloy in the intermeditate 

temperature range (200-500°C) and it is considered to be the consequence of solute (Fe or 

O)-dislocation interactions. 

Thus, from the above discussions it is well understood that besides the experimental factors 

(applied stress and test temperature), creep of zirconium alloys is highly sensitive to 

metallurgical variables such as chemistry, impurity content, retained cold work and texture. 

Among the many attempts to describe this dependence, the following is very common: 

                                               𝜀̇ = A σ
n
 exp (-Q/RT)                                                        (2-3) 

where, ‘A’ is a materials parameter which can be empirically determined for a given 

material condition and chemistry. However, such an empirical description is not often very 

satisfactory and creep behavior may be significantly influenced by small heat to heat or lot 

to lot variations in metallurgical parameters. For instance, two Zr-2.5Nb tubes with the 

same texture and chemistry, but from different ingots, may exhibit different creep rates 

under the same test conditions. Furthermore, materials processing e.g., heating, cooling, 

ageing at different temperatures might also alter the creep behavior significantly in a 
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material, especially for dispersion strengthened metals.  That is, it is well established that 

the presence of dispersion of fine (~100 nm) insoluble particles may substantially influence 

the creep behavior by stabilizing the dislocation structure [83,84,85]. This stabilization 

reduces the dislocation creep by inhibiting sub-grain growth, which is shown in other 

works [86,87]. 

2.4.4 Creep Mechanisms 
As it can be seen from the earlier discussions, materials parameters (A), stress exponents 

(n) and activation energy (Q) can vary considerably over a large stress or temperature range 

or both. From the scientific point of view, this variation is caused by different creep 

mechanisms dominating in certain ranges of stress and temperature, where each creep 

mechanism has a nominally fixed value or set of values of n, Q and A [10]. On the other 

hand, when a constitutive creep equation (resulting from the laboratory creep data in a test 

regime for a specific creep mechanism) is used to predict creep rates in an operating regime 

(in which an entirely different creep mechanism operates), one can expect a large error in 

the predictions [10]. Thus, it is essential for engineers as well as scientists to understand the 

various creep mechanisms.  

2.4.4.1 Diffusion Controlled Creep 
Diffusion creep involves the flow of vacancies and interstitials through a crystal under the 

influence of applied stress. It is agreed that diffusion creep becomes the controlling 

mechanism when applied stress is too low (σ/G < 10-4) for significant dislocation 

movement. This mechanism is thought to arise in polycrystalline materials from the 

preferred migration of vacancies away from grain boundaries normal to an applied tensile 

stress to grain boundaries parallel to the stress axis [10]. This preferred migration of 
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vacancies leads to a mass transport of atoms in the opposite direction, which eventually 

elongates the materials in the direction of applied stress.  

 
Figure 2-18 Schematic representation of diffusion creep [10]. 

 

 

Jones et al.[68] reported that, diffusional creep mechanisms such as Nabarro-Herring  

(vacancy migration through the grain) or Coble creep (vacancy migration along grain 

boundary) might be operating in zirconium alloy at a stresses below 20 MPa since n 

appeared to approach 1. 

In Nabarro-Herring creep, vacancy migration occurs from the grain boundaries under 

tension to those under compression via bulk diffusion. The steady-state creep strain rate for 

such mechanism can be expressed as follows: 

                                                        𝜀̇NH = (14ΩDv/kTd
2
)σ      (2-4) 

here, Ω is the atomic volume, Dv is lattice diffusion coefficient, k is the Boltzmann 

constant, d is the grain diameter.  
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On the other hand, Coble-type creep occurs at lower temperatures when the flow of 

vacancies occurs by boundary diffusion from boundaries under tension to those under 

compression. Creep strain rate for Coble type creep is expressed as: 

                                                      𝜀̇Coble = (14ΩπδDgb/kTd
3
)σ          (2-5) 

here, δ is the thickness of the grain boundary and Dgb is the grain-boundary diffusion co-

efficient. 

Thus, it is evident that the steady-state creep rates of both Nabarro-Herring and Coble creep 

are related linearly to applied stress but inversely proportional to the square or cube of grain 

diameter under the different diffusion mechanisms.  

2.4.4.2 Dislocation Creep 
Like Jones et al. [68], Bernstein et al. [88] has also confirmed the unit value of n for 

zirconium and Zircaloy-2 at a stress lower than 20 MPa and at 550 ˚C. However, they 

found stress exponents of 4 and 6 in Zircaloy-2 and zirconium respectively at higher 

stresses with Q approaching that for self-diffusion. They have thus reported a dislocation 

climb-controlled mechanism involved here.  

The rate of dislocation creep is controlled by dislocation climb at higher stresses, and by a 

dislocation glide mechanism at lower stress and at higher temperature. Both the dislocation 

climb and dislocation glide mechanisms are sequential process and the slower step is the 

rate limiting. In the glide mechanism, dislocations surmount the potential barrier of 

obstacles by obtaining the energy in a statistical manner from applied stress and thermal 

energy [10]. On the other hand, in the climb-controlled mechanism, deformation rate is 

controlled by the rate at which an edge dislocation climbs to surmount obstacles in their 

slip planes [10]. This is schematically shown in Figure 2-19. The rate of climb is controlled 
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(under strictly thermal deformation) by the rate at which vacancies arrive at the dislocation. 

Ashby et al. [89] described such thermal vacancy climb-glide creep mechanism as follows: 

𝜀̇climb= A (DvGb/kT)(σ/G)
n
     (2-6) 

here, ‘G’ is shear modulus and ‘b’ is the Burgers vector of the participating dislocations. 

 

Figure 2-19 Dislocation climb and glide process [10]. 

 

Orwan et al. [90] and Bailey et al. [91] established a relationship between dislocation climb 

and glide to the steady-state creep rate. They report that when a dislocation creep 

mechanism operates, at steady-state condition, a balance occurs between the rate of strain 

hardening (or dislocation glide) and the rate of thermal recovery by rearrangement and 

annihilation of dislocations (or dislocation climb). In other works by Spingarn et al. [92], 

creep rate is linearly related to grain size at stress levels when the dislocation creep 

mechanism operates. They have proposed that the creep plastic deformation occur by 

dislocation glide on a slip band in each grain, and that dislocation pile-ups are generated by 

two adjacent grain boundaries. In this mechanism, the rate controlling process is the climb 

of leading dislocations in adjacent pile-ups at an activation energy corresponding to grain 
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boundary self-diffusion. They have expressed the creep rate based on their model as 

follows: 

𝜀̇ = aL (Gb
3
/kT) Dgbδ (σ/G)

5
    (2-7) 

here ‘a’ is the constant; L is the length of the slip band (grain size). 

Argon et al. [93] proposed a prominent new creep theory by introducing the concept of 

internal stress in sub-grain boundaries to the power law creep mechanism. In their model, 

material in which sub-grains form during steady-state creep contain internal stress and the 

mixed movement of dislocation glide and climb is driven not by applied stress but by the 

excess of the applied stress over the internal stress. They assumed that the internal stress is 

produced by the flexing of low energy dislocation sub-boundaries under the influence of 

the applied stress.  

2.5 Creep Anisotropy and Texture Dependence of CANDU PTs  

2.5.1 Effect of Texture on Creep Anisotropy 
As discussed earlier, applied stress and test temperature are the general factors that affect 

the creep behavior of zirconium alloys but metallurgical conditions also influence the 

overall creep properties significantly. Amongst all the metallurgical conditions arising 

during material processing, crystallographic texture (preferred orientation) can be a very 

strong factor influencing material creep behavior; especially when dislocation slip is the 

strain producing mechanism.  

A preferred orientation in a material typically results in anisotropic creep behavior, i.e., 

deformation rate are different at different directions of the structure for a given stress. As 

shown in section 2.3, the current fabrication route of the PTs leads to a very strong texture 

and thus the creep behavior of Zr-2.5Nb PTs in CANDU power reactors is very anisotropic 

as shown in many research works [10,15, 35, 50,59,72]. This anisotropic deformation 
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response of zirconium is due to the different deformation mechanisms operating or relative 

favourability of different slip systems discussed briefly in section 2.1.  

At relatively low temperatures such as 300 ˚C (T/Tm=0.27 for zirconium) we are in a 

complex regime where ‘plasticity’ and ‘creep’ are closely related; therefore it is worth 

considering the anisotropy of plasticity again, since this will be closely related to the 

anisotropy of creep at such temperatures.  As mentioned earlier, the prismatic slip system is 

the most active in a single crystal of α-Zr while the c-axis is the hard-slip direction. Also in 

section 2.1 it was mentioned that when a tensile stress is applied towards c-axis at low 

temperature zirconium does not deform by slip but first deforms by twinning. Himbeault et 

al. [94] did not observe any substantial strain due to twinning at the early stage of yielding 

in Zr-2.5Nb rather deformation is primarily by slip in the early stage of deformation. 

However, with the increase of temperature; the difference between the stress required for 

twinning and yielding decreases. Himbeault et al. have reported that at approximately 

100°C, twinning can start at the very early stage of deformation of the material. Thus, 

twinning may only be active in Zr-based materials for larger deformation, which is also 

evident in Cheadle et al.’s [95] work. Himbeault et al. did not observe any texture change 

associated with twinning at a plastic strain less than 5% in tension (at room temperature) 

along a specimen direction in Zr-2.5Nb materials with a high concentration of basal plane 

normals.  
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Figure 2-20 Critical resolved shear stress vs temperature for different slip modes in a single crystal 

of Zr [96]. 

 
The critical resolved shear stress (CRSS) value for different slip mode is an important 

parameter and its ratio can conveniently shows the dominancy of a specific type slip system 

over another and thus assist in prediction of the difference or anisotropy of their 

corresponding creep behavior at low homologous temperatures. Akhtar et al. [96] shows 

this differences of CRSS value in the prismatic <a> slip system of the {10. 0}<11. 0> type, 

basal <a> slip system of the {00.2}<11. 0> type and pyramidal <c+a> slip system of the 

{10. 1}<11.3> type in an order of increasing CRSS in a single crystal of αZr as a function 

of temperature. Figure 2-20 shows the results of their study, where it is clearly shown that 

the ratio of CRSS on the basal versus prismatic slip decreased from 3 at 577 ˚C to 1.12 at 

827 ˚C indicating that prismatic slip continued to be a dominant mode at temperatures at 

least up to 827 ˚C. In addition, interference from twinning with basal slip has been reported 
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in their work below 577 ˚C. In another work, Akhtar et al. [97] stated that for pyramidal 

slip to be active for plastic flow above 527 ˚C, it operated with a CRSS approximately 10-

20 times higher than those required for prismatic slip in the temperature interval of 527-827  

˚C. At room temperature on the other hand, Cai et al. [98] have estimated the CRSSS for 

Zr-2.5Nb for 1/3 <11.0>{11.0}, 1/3<11.0>(00.2) and 1/3 <11.3>{11.1} slip and their 

approximate ratios are of 1:1.25:2.25.  

Li et al. [27] estimated the creep anisotropy of internally pressurized Zr-2.5Nb PTs by 

plotting the ratios of steady-state creep rate (thermal) between the axial and transverse 

directions (έA/έT) and texture parameter (fT-fR) under a nominal transverse stress of 300 

MPa at 350°C. It can be seen clearly in Figure 2-21 that creep anisotropy is strongly 

dependent on crystallographic texture of the tubes. Reasonable model description for this 

creep anisotropy was obtained using typical ratios of the CRSS of the different slip systems 

and measured textures.  

 
Figure 2-21 Steady-state creep rate ratios (έA/έT) variations as a function of texture parameters for 

internally pressurized Fuel sheath and Micro pressure tube under a nominal transverse stress of 300 

MPa at 350°C [27]. Here F or B (in the right side of the plot) denotes the capsule was made from 

front and back end of the tube respectively and S or Q denotes that the billet was prepared by slow 

cool or β-quench. 
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Many authors [33, 35, 50, 99, 100],  have studied the irradiation induced (irradiation creep 

and irradiation growth) deformation in Zr-2.5 Nb PTs which causes significant anisotropic 

dimensional changes in the PT. Anisotropic initial microstructure is considered the main 

reason for preferential changes of PT dimensions. Amongst these studies, Holt et al. [33] 

studied the anisotropy of in-reactor deformation of Zr-2.5Nb PTs where they have found 

that diametral strain rate increases and axial elongation rate decreases as the resolved 

fraction of basal plane normal increases in the radial direction and decreases in the 

transverse direction but the fraction (basal plane normal) remained unchanged in the axial 

direction. Coleman et al. [99] observed that irradiation creep rate in axial direction is about 

twice that of the transverse direction in Zr-2.5Nb. They have reported that this anisotropic 

creep behavior is attributed to the crystallographic texture to a greater extent and 

deformation substructure i.e., preferred orientation of prior dislocations to a lesser extent. 

Holt et al. [100] proposed a model that relates the irradiation creep and growth of 

zirconium alloys to texture. In their model, they assumed the creep strain and growth strain 

to be additive and grains in each orientation are assumed to behave as independent single 

crystals. They have calculated the creep anisotropy for both Zr-2.5Nb and Zircaloy-2 PTs 

by using their texture information (resolved volume fraction of basal pole normals in each 

direction) and constructed two separate irradiation creep models: those in which dislocation 

climb is the strain producing mechanism and those in which glide is the strain producing 

mechanism. It has been observed that the model over-predicts the creep anisotropy ratio 

(εa/εt) for both climb and prismatic slip modes and greatly underestimates for basal slip 

mode. Nevertheless, assuming the total strain is to be 80% of prismatic slip {10. 0}<11. 0> 

and 20% basal slip {00.2}<11. 0> showed good agreement with the experimental results.  
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2.5.2 Effect Texture Alteration/Randomization on Creep Anisotropy 
As mentioned earlier in section 2.3.2, crystallographic texture develops in CANDU PTs 

during the extrusion stage due to the high temperature deformation and due to the 

subsequent phase transformation through the Burgers relationship. The strong preferred 

orientation of α and β grains (Figs. 2-8 and 2-9) generated during this fabrication stage are 

mostly responsible for the anisotropic strength of the PTs, i.e., PTs are stronger in 

transverse direction and weaker in axial direction. Holt and Aldridge [46] observed that 

both extrusion temperature and extrusion ratio significantly altered the crystallographic 

texture of the Zr-2.5 PTs. Figure 2-22 shows that increasing the extrusion ratio reduced the 

proportion of basal plane normals in the radial direction and increased the number of basal 

plane normals in both the axial and transverse directions. Furthermore, Figure 2-23 shows 

that increasing the extrusion temperature produced a small concentration of basal plane 

normals in the axial direction and moved the majority of the basal plane normals further 

towards the transverse direction.  

 
Figure 2-22 (00.2) pole figure shows the effect of extrusion ratio on texture (at 840°C pre-heat 

temperature for extrusion) [46]. 
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Figure 2-23 (00.2) pole figure shows the effect of extrusion temperature on texture (extrusion ratio 

4:1) [46]. 

 

This indicates that materials’ processing factors such as temperature have a significant 

influence on the texture components of PTs. Alteration of texture will have a substantial 

effect on anisotropic creep behavior due to the microstructural changes. Bell et al. [101] 

investigated the effect of different post-extrusion heat treatments on the thermal creep 

behavior of Zr-2.5Nb PT at 450 ˚C. They have found that water quenching from solution 

treatment temperatures of 650-850 ˚C and ageing at 500 ˚C for 24 hours results in 

anisotropic creep behavior. However, quenching from a temperature above 850 ˚C 

(approximately the αzr+βzr→βzr transformation temperature) results in relatively isotropic 

creep properties.  

Now before going into further detail of the effect of texture on the anisotropic creep 

behavior, it is necessary to understand the correlation between anisotropy factor, a 

multiaxial stress state (involved in an internally pressurized tube) and the associated creep 

rates towards the principal direction of the tube. Hill’s equation provides a relation amongst 

the effective stress (resultant), stress in the principal axes of the tube and anisotropy 

parameter, which is basically a generalization of von Mises criterion: 

σf = [F(σy- σz)
2
 +  G(σz- σx)

2
 + H(σx- σy)

2
 + 2 Lτ

2
yz + 2 M τ

2
zx+ 2 Nτ

2
xy]

0.5  
 (2-8) 
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In the above equation, σf is the effective stress, x, y and z are mutually perpendicular axes 

of the anisotropy of the material (for PT; axial, transverse and radial). F, G, H, L, M, N are 

the anisotropy parameters. Now, if the axes of anisotropy are coincident with the principle 

stresses (a case for internally pressurized tubes) and shear stresses (τ) are zero, then 

equation 2-8 reduces as: 

                            σf = [F(σA- σT)
2
 +  G(σT- σR)

2
 + H(σR- σA)2]

0.5
                   (2-9) 

Here, A, T and R represents the axial, transverse and radial direction of the tube 

respectively.  If there is an effective stress, it can also describe effective strains and hence 

strain components arising due to the Hill generalisation.  These strains are expressed using 

Levy-Mises flow rules. By definition, F+ G+ H = 1.5 thus, the principle creep rates 𝜀̇A, 𝜀̇T, 

𝜀̇R are represented as: 

   �̇�A = 𝜀̇f/ σf [F(σA- σT) -  H(σR- σA)] 

                                            𝜀̇ T = 𝜀̇f/ σf [G(σT- σR) -  F(σA- σT)]                                (2-10) 

                                               𝜀̇R = 𝜀̇f/ σf [H(σR- σA) -  G(σT- σR)] 

In the above equation, 𝜀̇f is the effective creep rate (referred from equation 2-1). 

For a thin walled (tube thickness ~ 1/10 of radius) PT, σA = σT/2 and σR = 0. Thus equation 

2-10 can be written as: 

        𝜀̇A = Bσ
n-1

f (0.5H-0.5F) σT 

   𝜀̇T = Bσ
n-1

f (G+0.5F) σT                                                (2-11) 

   𝜀̇R = Bσ
n-1

f (-G-0.5H) σT 

Therefore, if two sets of steady-state creep rate ratios can be estimated then one can find the 

anisotropy parameters and can correlate uniaxial creep data to the biaxial situation in the 

pressure tube.  In the case of an isotropic creep response G=F=H=0.5, hence the ratio of 
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strains in a biaxially pressurised sealed cylinder in the three principal directions Axial: 

Transverse: Radial is 0:1:-1. For comparison in the case of a ‘typical’ Zr-2.5Nb pressure 

tube, experimentally determined values are F=0.19, G=0.96 and H=0.35, resulting in a set 

of strain ratios 0.31:0.37:-0.67 (i.e. axial extension, diametral expansion, wall thinning).  

While these equations are approximations to the real situation they are useful in exploring 

the impact of relative levels of anisotropy on expected creep response [35]. 

Sattari et al. [102] studied the effect of microstructure (heat-treated and subsequenty cooled 

in water and air) on high temperature mechanical properties of Excel alloy. A significant 

change in the stress-strain response was observed due to substantial modification in the 

texture anisotropy due to heat-treatment. Table 2-3 shows the mechanical properties of 

different microstructures observed in the Sattari et al. study.  According to their 

observation, it can be seen that due to the strong texture in the ASR material, the 

mechanical properties are highly anisotropic whereas heat-treatment (specifically water 

quenching) significantly altered the anisotropy of mechanical properties. The relative yield 

strength (σTrans/σAxial) of ASR material (~1.5) is reduced to 0.97 and 0.99 in the 890 WQ 

and 980 WQ samples respectively, which indicates a reduction of anisotropy by ~35% in 

the heat-treated materials compared to the ASR. However, an overall increase of yield 

strength is observed both in the axial and transverse directions with the increase of solution 

temperature. This could be due to the increase of volume fraction of martensitic structures, 

which results in higher strength. 
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Table 2-3 Mechanical properties at 400 °C of different microstructures of Zr-Excel PT materials 

[102]. 

 
 

 

Ibrahim et al. [35] calculated the proportions of irradiation creep and growth of Zr-2.5Nb 

and Zircaloy-2 PTs based on the irradiation creep and growth anisotropy estimated from 

their associated texture. They have also calculated the creep and growth rates for a heat-

treated Zr-2.5Nb PT (water-quenched from ~875 ˚C, annealed at ~500 ˚C for 24 hours, 10-

15% cold worked). Figure 2-24 shows the basal pole figure of this heat-treated PT, where it 

can be seen that the texture is more random compared to the standard CANDU PTs texture 

and the basal poles are almost uniformly distributed in the tube directions. This texture 

modification leads to a significant alteration in creep behavior where it was observed that 

although the estimated transverse strain rate in the heat treated tube is reduced slightly 

compared to the standard PT (12x10
-4

 vs 13.5x10
-4

) the axial strain rate has been reduced 

by an order of magnitude (1.7x10
-4

 vs 12.7x10
-4

). The calculated irradiation creep rate in 

their study (per 10
25

 n.m
-2

 neutron flux) for the heat treated tube and standard tube in the 

transverse and axial directions are έT=17.5x10
-4

, έA=1.3x10
-4

 and έT=12.7x10
-4

, έA=3.4x10
-

4
. The calculated growth rates (per 10

25
 n.m

-2
 neutron flux) for the two textures in the 

transverse and axial directions are έT=-0.5x10
-4

, έA=0.9x10
-4

 and έT=0.8x10
-4

, έA= 9.3x10
-4

. 
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This indicates that heat treatments or fabrication routes that could result in less pronounced 

crystallographic texture would yield less variation in dimensional change. 

 

Figure 2-24  (00.2) pole figure of heat treated Zr-2.5Nb PT [35]. 

 

2.6 Generation- IV CANDU SCWR and Zirconium Excel Alloy 

2.6.1 CANDU Super Critical Water Reactor (SCWR) 
The concept of the SCWR was established as early as the 1950s and 1960s in USA and 

Russia, where the coolant is at super critical conditions in order to increase the thermal 

efficiency over 40%. Similar to the current CANDU design (Fig. 2-4), the CANDU SCWR 

design is based on heavy water as moderator and it has fuel bundles residing inside the 

horizontal pressure boundaries. However, the coolant is light water at 25 MPa, with an inlet 

temperature of 350°C and outlet temperature of up to 625°C [103].  

This use of SCW as a coolant requires major design changes, which involves increase of 

coolant core mean temperature to improve the thermal efficiency. Two conceptual fuel 
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channel designs have been proposed to meet this requirement: 1) High Efficiency Channel 

(HEC) and 2) Re- Entrant Channel (REC). The HEC design combines both the calandria 

and pressure tubes into a single tube [103]. The PT is in direct contact with the moderator 

with a temperature of about 80°C and is thermally insulated from the hot coolant, using a 

ceramic liner. This channel design ensures that the operating temperature is close to that of 

the moderator. Figure 2-25 schematically shows the difference between the current 

CANDU fuel channel and the conceptual HEC design. As can be seen from Fig. 2-25 (b) in 

the HEC design, PT is in contact with the moderator and would operate at moderate 

temperature (~80°C). Although, at this low operating temperature (compared to the 

proposed coolant outlet temperature of ~625°C), the corrosion rate of the PT materials 

would be very low, a high strength PT materials is still required to contain the SCW coolant 

as well as to sustain the unprecedented level of radiation damage [103]. 

 
Figure 2-25 Comparison of fuel channel designs, a) current CANDU, b) Conceptual HEC design. 

 

In the REC design on the other hand, a PT and a concentric inner tube are used, similar to 

the current CANDU reactors. The PT is separated from the heavy water moderator by a gas 

annulus. Unlike the HEC design, in the REC design SCW coolant flows first between the 
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PT and the inner tube.  It turns around and flows through the inner tube where the fuel 

bundle resides (Fig. 2-26). This design keeps the PT at a temperature of about 350°C to 

400°C, which is close to the current CANDU PT operating temperature [103,104].  

 
Figure 2-26 Schematic representation of conceptual REC design. 

 
As can be seen, the HEC and REC are different not only in design but also in terms of their 

operating conditions; thus, they must meet different requirements. For example, since in the 

HEC design there is no CT, the PT has to play the role of both PT and CT which means it 

has to exhibit minimum possible elongation due to irradiation growth and creep. As 

mentioned earlier, the operating temperature of the HEC design is low; thus, most of the 

deformation is expected to be irradiation driven. On the other hand, the REC design is quite 

similar to the current CANDU PT design and therefore, axial elongation to a certain extent 

can be accommodated. However, the diametral expansion is still a concern for this design. 

Since the REC design will operate at a high temperature (~400°C) thermal creep will 

become an important issue together with irradiation creep and growth. Thus, a high strength 

PT material with improved dimensional stability is a common requirement for both the 

HEC and REC design. A better dimensional stability requirement leads to develop a PT 
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material with less pronounced texture (will yield less dimensional changes as well as 

reduce anisotropic deformation). 

2.6.2 Development of High Strength Zr Excel Alloy 
In several design studies it has been shown that heavy water moderated reactors cooled 

with either organic liquids, boiling water or super-heated steam can result in higher net 

efficiency than conventional PHW reactors [103,104, 105,106]. Zr-based alloys (Zircaloys 

and Zr-2.5Nb) are currently used as a pressure boundary material quite satisfactorily in the 

CANDU reactors. However, advanced reactors like SCWR will require a material with 

significant improvements of its tensile and creep strength in order to sustain a much harsher 

environment than the current CANDU reactors environment. The goal of improving PT 

materials (for both conventional and SCWR) lead to the development of a program in the 

early 70’s to improve the mechanical properties of Zr-based alloys at temperatures of 300-

450°C.  

Zirconium Excel alloy (Zr-3.5%Sn-0.8%Mo-0.8%Nb) is proposed for the PT materials of 

SCWR. The major micro-constituent of Excel is α-hcp with unstressed lattice parameters 

a=3.2316 A˚ and c=5.1475 A˚ [102]. The minor phase present in the equilibrium 

microstructure is β-bcc with a lattice parameter of 3.6090 A˚ [102]. Among the alloying 

elements of the Excel alloy, Sn and O are αZr-stabilizing elements and dissolve mostly in 

the αZr-phase. When the material is heated they increase the αZr+βZr→βZr transformation 

temperature. It has been reported that an addition of 1% Sn in the Zr-3%Nb-1%Sn system 

increases the αZr+βZr→βZr transus temperature by 28˚C and lowers the solubility of Nb in 

αZr. On the other hand, Mo, Nb and Fe are β-stabilizing elements and lower the 

αZr+βZr→βZr transformation temperature [107]. Figure 2-27 and 2-28 shows the binary Zr-

Sn and Zr-Mo phase diagrams respectively. From these binary phase diagrams (along with 
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the Zr-Nb system, Fig. 2-5), we can see that Excel alloy has the potential for precipite 

formation. The Zr-Sn binary system exhibits a peritectoid reaction at 953 ˚C, Zr4Sn + βZr 

→αZr thus, theoretically it should be possible to form precipite of Zr4Sn [102]. However, 

there is discrepancy in the literature regarding the formation of Zr4Sn. Recently, Toffolon et 

al. found that in the Zr-Sn binary system, the solubility of Sn in αZr is 8.2% and 6.9% at 900 

˚C and 600 ˚C respectively [108]. This led to Pérez et al. [109] proposing a revised Zr-Sn 

binary phase diagram, with  new solvus lines suggesting that  the solubility of Sn in αZr is 

about 6.4% at room temperature; based on this new phase diagram we expect that at 

equlibrium all Sn will be in solution in Excel. 

 

Figure 2-27 Zr-Sn binary phase diagram [102]. 
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Figure 2-28 shows a βZr→αZr + Mo2Zr eutectoid reaction at 738 ˚C, which gives the 

potential for precipitation of the Mo2Zr intermetallic phase in Excel. The solid lines in the 

Figure 2-28, represent the Mo-Zr phase diagram assessed by Perez et al. [110] using a 

thermodynamic model and presently considered to the best estimate; based on consistency 

with available experimental data. The dashed line represents the earlier phase diagram of 

Mo-Zr obtained by thermodynamic assessment by Zinkevich et al. [111]. 

 

Figure 2-28 Zr-Mo binary phase diagram.  [102]. 

  

In another study by Toffolon et al. [112] on the pseudo-ternary Zr-Nb-Fe (1200 ppm O) 

phase diagram with iron content varying from 150 wt. ppm to 500 wt. ppm, the presence of 

Zr-Nb-Fe intermetallic phase was reported in the microstructure of alloys containing more 
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than 0.3% Nb. They found that addition of Sn up to 2% had no effect on the composition of 

the precipitates or phase diagram boundaries.  

Sattari et al. [102] studied the phase transformation temperature of Zr-Excel alloy and 

reported that the volume fraction of stabilized βZr starts to increase in the temperature range 

of 600-690 ˚C. In addition, it was reported that the β-transus temperature (i.e., when 100% 

β-phase is present in the microstructure) is ~975 ˚C. During cooling, high temperature β-

phase did not transform into hcp ά phase if the maximum temperature reached was below 

about 860 ˚C. The possible factors influencing the transformation temperature were 

considered to be the variation in concentration of β-stabilizing elements (e.g., Mo, Nb or 

Fe). Canay et al. [113] observed similar transformation temperatures for Zr-1Nb-1Sn-0.1Fe 

(Zirlo) and Zr-1Nb-1Sn-0.4Fe alloys. They reported the αZr →αZr + βZr transformation 

temperatures for these alloys to be in the range of 960-973 ˚C and the αZr + βZr → in βZr in 

the range of 650-741 ˚C. Thus, comparing the transitions of Sattari et al. [102] and Canay et 

al. [113], it appears that the addition of extra 2.5 % Sn and 0.8% Mo results in a net 

cancellation of the αZr-stabilizing and βZr-stabilizing effects of Sn and Mo respectively. 

Nevertheless, a significant difference was observed in the volume fraction of αZr and βZr 

between the Zr-Excel (Sattari et al. study) and the alloys that Canay et al. have worked on. 

Sattari et al. reported that this difference is due to very low solubility of Nb in the α-phase 

(<0.1%). 

Thus from the above discussions, it is quite clear that Zr-Excel alloy, which contains a 

substantial amount of both α and low diffusional β stabilizing elements, has a complex 

phase space.  It is difficult to use any individual binary diagram for the assessment of Zr-

Excel alloy;. ideally we need to construct an equilibrium diagram for this quaternary 
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system (Zr-Sn-Mo-Nb).  However this would require very at long hold times at each 

temperature; due to the very slow diffusion rates of the alloying elements. 

Williams et al. [114] assessed the effects of various alloying elements and strengthening 

methods in zirconium alloys with adequate strength for use as PT material at temperature 

above 400°C. They studied a number of Zr alloys with Sn, Mo and Nb as the major 

alloying elements where, Mo and Nb are β phase stabilizing elements that also were 

believed to have potential for precipitation hardening. In their work, they developed an 

alloy called CX alloy (Zr-3.2%Sn-1.1Mo-1.1Nb) which showed better mechanical 

properties in the precipitation hardened condition than the other investigated alloys. This 

CX alloy’s composition is very similar to the Zr-Excel alloy (Zr-3.5Sn-0.8Mo-0.8Nb) on 

which the current study is focused on. Furthermore, Williams et al. found that at 300°C and 

an irradiation to 3x10
20

 n.cm
-2

, CX alloys show better tensile properties than Zr-2.5Nb. In 

addition, an insignificant change in tensile properties was observed in aged CX alloys 

(525°C for 6 hours) as a result of irradiation (4.8× 10
19

 - 2× 10
20

 n.cm
-2

) at 450°C. This 

suggested to the authors that CX alloy will experience very little irradiation hardening or 

ductility loss under the proposed operating conditions. 

In another study, Ibrahim et al. [115] investigated the creep rupture properties of different 

heat treated CX alloy where they have found that quenched and aged microstructures of CX 

alloy exhibits the highest creep rupture strength at high stress levels and short times. In 

addition, they have found at high stresses (> 294 MPa) and a temperature of 300°C the CX 

alloy has better creep properties in the quenched and aged condition (a martensitic 

microstructure with fine precipitates). However, at lower stresses and higher temperature; 
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the air-cooled (from higher α+β phase region) CX alloy (a fine Widmanstatten α 

microstructure surrounded by a continuous network of β-phase) is best. 

Cheadle et al. [15] investigated the Zr-Excel PT materials at different processing condition 

and compared their mechanical properties with the standard Zr-2.5Nb PT materials. They 

have found that the as-extruded and stress-relieved Excel PT has similar tensile strength to 

27% cold-worked Zr-2.5Nb PT. Moreover, the transverse creep rate of Excel tube is about 

one third that of Zr-2.5Nb in the similar as-extruded condition. Furthermore, in the cold-

drawn condition (up to 15%), Excel still exhibits lower in-reactor creep rates than the 27% 

cold-drawn Zr-2.5Nb PTs.  

Table 2-4 Comparison of mechanical properties of Excel and Zr-2.5Nb PTs [15]. 

Alloy Condition 0.2% Yield 

Strength (MPa) 

Ultimate 

Tensile 

Strength (MPa) 

Total 

Elongation 

(percent) 

Zr-2.5Nb 20% CW 365 406 11 

Zr-Excel 20% CW 517 579 11 

Zr-2.5Nb Annealed 207 280 30 

Zr-Excel Annealed 338 460 20 

Zr-2.5Nb Heat-treated 

(quenched+aged) 

579 644 15 

Zr-Excel Heat-treated 

(quenched+aged) 

620 860 5 

 

Better in-reactor creep properties and dimensional stability can be achieved from a PT by 

fabricating them at lower % cold-drawn (reducing dislocation density) and producing 

equiaxed α-grains in the microstructure. However, in the current CANDU PT material, this 

approach reduces the tensile strength; thus, they are still produced at a relatively high 

percent cold work to meet the required strength. Thus, high strength Zr-Excel PT material 

could be a potentially beneficial alternative.  
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Delayed hydride cracking (DHC) is one of the major life limiting factors in CANDU 

reactor pressure tubes and has been studied by many authors [15,116,117]. Cheadle et al. 

[15] investigated the hydrogen uptake of Zr-2.5Nb (25% CW) and Excel alloy (5% CW) 

and concluded quite similar hydrogen absorption behavior in these two alloys. In some 

other studies [116,117] it has been reported that Excel possess higher hydride blister 

stability than Zircaloy-2 and Zr-2.5Nb but it has been observed that the velocity of DHC is 

significantly higher in Excel than Zr-2.5Nb which may limit its usefulness in the current 

CANDU reactor designs. 

2.7 Experimental Techniques 
This section describes the principles and techniques of the different experimental methods, 

which have been used in the present work. In order to characterize the microstructural 

constituents at variable treatments, several microstructural investigations have been done in 

the optical and transmission electron microscope (TEM). Energy Dispersive X-Ray 

Spectroscopy (EDS) was employed to identify the elemental distribution in the 

phases/constituents of interest. Crystallographic textures of different microstructures were 

measured using neutron diffraction technique; thus, the principle of diffraction and texture 

measurement technique has been illustrated. A qualitative study on the evaluated 

microstructures has been done through line broadening technique and later the 

Convolutional Multiple Whole Profile (CMWP) fitting method was employed for their 

quantitative estimation.  

2.7.1 Transmission Electron Microscopy 
Historically TEM was developed to overcome the limited image resolution in optical 

microscope imposed by the wavelength of visible light. Electrons possess a wave-like 

characteristic with a wavelength substantially less than visible light [118]. These 
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advantages of electron over light encouraged Knoll and Ruska (in 1932) to come up with 

the electron lenses and eventually some years later (in 1936) the first commercial TEM was 

built in the UK [118].  

TEM operation is based on electron diffraction and similar to the X-ray diffraction 

technique. Bragg’s law is the basis of all kinematic diffraction phenomena, whether by X-

rays, neutrons, or electrons. According to Bragg’s law, when waves with a specific length 

‘reflect’ off atomic planes, they must have a path difference equal to an integral number of 

wavelengths of the incident beam to remain in phase. Figure 2-29 shows the path difference 

of (AB+BC) between the electron waves reflected from the upper and lower planes. Now, 

if these reflecting planes are spaced a distance of d and the reflecting angle of the wave is 

θB then both AB and BC are equal to d sinθB and the total path difference is 2d sinθB. To 

meet the Bragg’s condition, the integral wavelength will be equal to this total path 

difference or, 

nλ = 2d sinθB               (2-12) 

where, θB is known as Bragg angle, d is the interplaner spacing of the atomic planes. If the 

angle of the incident beam is out of phase then destructive interference happens, which 

leads to either zero or weak reflection. 
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Figure 2-29 Schematic representation of Bragg’s law for diffraction [118]. 

 

 

To correlate the electron diffraction in the TEM it is essential to simplify Bragg’s law by 

using vector notation. Figure 2-30 illustrates the wave vector diagram of the diffraction 

phenomenon showed in Figure 2-29. 

 
Figure 2-30 Schematic representation of vector diagram of electron diffraction in TEM [118]. 

 

kI and kD in Figure 2-30 are the incident and diffracted wave vectors respectively and K is 

the difference of these vectors : 
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K = kD-kI   (2-13) 

The electron beam is treated as a wave of amplitude ψ0 and phase 2πkr in the elastic 

scattering theory. Thus, 

ψ = ψ0e
2πkr 

       (2-14) 

here k is the magnitude of the wave vector and r is the propagated distance of the wave. By 

definition k=1/λ and since only elastic scattering is considered here, then: 

|kD|=|kI|=1/λ                                (2-15) 

Now applying simple trigonometry to Figure 2-30 following equation can be obtained: 

|K|= 2sin/ λ                               (2-16) 

Substituting equation 2-16 in Bragg’s condition (eqn. 2-12) and considering n=1, it can be 

concluded that: 

|K|=1/d                                          (2-17) 

In equation 2-17, K is defined as ‘g’ a reciprocal lattice or diffraction vector. A diffraction 

spot can be seen in the Selected Area Diffraction (SAD) pattern when the Bragg’s 

condition is satisfied, however in many occasions we see the diffracted beam spots even 

when the Bragg condition is partially satisfied. The actual intensity of the diffraction spots 

thus depends on how far we are away from the Bragg condition. One can relate a specific 

plane in the crystal lattice to the measured g vector or the ratio of two reciprocal lattice 

vectors and can index/characterize the diffraction pattern provided the wavelength of the 

electron beam is known. 

The common features in the microstructure, which are typically characterized in TEM, are 

precipitates, small defect clusters, dislocations, or tiny filament like phases e.g., -phase in 

the current study, which cannot be identify properly in the light microscope. The imaging 
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condition is an important tool, with choice determined by what feature we are looking for. 

In the TEM, diffracted electrons leaving the lower surface of the sample are intercepted by 

the objective aperture and prevented from contributing to the image. The objective aperture 

allows the formation of an image by selecting either transmitted beams resulting in the 

formation of a bright field (BF) image, or one of the diffracted beams to form a dark field 

(DF) image. Therefore, BF and DF images are simply high magnification maps of the 

intensity distribution across the transmitted or diffracted beam.  

The two-beam condition is another important imaging condition, which allows analyzing of 

a crystal defect for example determination of Burgers vector of a dislocation (a or c type) or 

irradiation induced defect. To set a two beam condition, the TEM foil is tilted such that one 

set of desired crystallographic planes (h k l) is at or close to the Bragg condition. In the two 

beam condition, one strongly diffracted beam in addition to the transmitted beam are 

obtained where the diffracted beams may be visible too because of the relaxation of the 

Bragg conditions, but can be relatively faint. 

The SAD pattern is achieved from a small area of the sample by an aperture; thus, it is 

possible to infer the crystallography of the phase(s) by indexing the diffraction pattern 

originating from the selected area [118]. 

Convergent beam electron diffraction (CBED) is another useful TEM technique to 

characterize very small features up to few nanometers. In this technique, the electron beam 

is focused onto a small spot as opposed to parallel illumination used in the SAD technique. 

The symmetry of CBED pattern provides information about the crystal structure and space 

group of the diffracting volume [119]. 
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2.7.2 Energy Dispersive X-Ray Spectroscopy 
Energy Dispersive X-ray Spectroscopy (EDS) is an analytical technique used for the 

elemental analysis or chemical characterization of a phase or microstructural constituent 

(e.g, precipitate). 

The basic principle of EDS can be explained by the classical Bohr’s atomic model with 

electron-shell structure. The interactions between the electron beam and the material can 

result in emissions of two types of X-rays: 1) Bremsstrahlung and 2) Characteristic X-ray. 

Bremsstrahlung occurs when the incident electron loses energy due to the interaction with 

Coulomb forces of the atomic nucleus and they contribute to the continuous background in 

the X-ray spectrum. Characteristic X-ray occurs when the primary electron knocks out an 

inner-shell electron to a higher energy orbit, and generate an excited state at the vacancy 

site. In order to stable the atom, an electron from an outer shells fills the inner vacancy site. 

The energy difference between the outer shell and vacant shell is released in the form of a 

characteristic X-ray radiation. Thus, the characteristic X-ray energy released depends on 

the atomic number of the atom and quantum energy levels involved in the process [120]. 

EDS analysis is best done in STEM (a combined technologies of TEM and Scanning 

Electron Microscope) mode because of its capability of producing very small beam (<5 nm 

and ideally 0.1 nm diameter). STEM is used to map a region in the thin foils containing a 

particular species of atoms in nano/micro-structures. This is usually done by a coherent 

focused probe raster scanned across the thin foil and at each probe position the resultant x-

ray emission spectrum is recorded. 

2.7.3 Texture Measurements 
Crystallographic texture is an important factor responsible for anisotropic deformation of 

the CANDU pressure tube. Textures are generated or can be altered by recrystallization, 
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phase transformation, thermal and/or mechanical processing [121]. The current study 

involves phase transformation by different heat-treatments, thus measuring the textures of 

different microstructures and understanding the technique is essential.  

Crystallographic texture is usually represented by pole figures, inverse pole figures and 

orientation distribution functions (ODF) [121] and among them the first two are used for 

two dimensional representation and ODF is for three dimensional representation. A pole 

figure shows the distribution of a specified plane relative to the specimen coordinates 

(forming directions) and an inverse pole the vice versa.  

 

 
Figure 2-31 Schematic of stereographic projection [122]. 
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In the current study, pole figures are used to report the textures of heat-treated Zr-Excel PT 

materials. The interception of a plane normal with an imaginary sphere radius, which is 

centered on the crystal, is called a pole. The pole figure is generated by diffraction from a 

certain set of planes from a polycrystalline sample to be projected onto a projection plane 

reflecting the coordinate system of the polycrystalline sample [121]. Figure 2-31 shows the 

construction of a pole figure using a stereographic projection. As shown in the figure, a 

reference sphere is centered on the sample C as shown and the pole is the plane normal CP 

that intersects the surface of the sphere at the point P. The projection plane of the sphere is 

normal to the diameter AB, and the projection is made from the point B. Then, the plane 

with its pole at P has the stereographic projection P’ on the projection plane, which is 

obtained by drawing the line BP and extending it until it meets the projection plane [122]. 

 

Figure 2-32 shows a basal plane (00.2) pole figure of a typical CANDU PT constructed 

from the stereographic projection, where the distribution of basal plane normal relative to 

the three tube directions (Axial-A, Radial-R and Transverse-T) has been shown. The 

texture intensity towards a specific tube direction is represented by the texture coefficient 

(TC) in units of multiples of random distribution (mrd). Thus, the strongest (00.2) texture 

shown in Figure 2-32 is towards the transverse direction.  
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Figure 2-32 (00.2) or basal pole figure for a typical CANDU PT [33]. 

 

 

The resolved fraction of a texture in each tube direction is often numerically represented by 

fA, fT and fR where the subscript represents the fraction of poles in axial, transverse and 

radial directions. These fractions quantitatively describe the degree of anisotropy. It is 

defined with respect to a reference direction as [33]: 

fd =∑ 𝑉(𝑎𝑑, 𝛷)𝑎𝑑,𝛷 cos
2
 ad                                     (2-18) 

where, V(ad,Φ) is the volume fraction of the orientations (grains) with the plane normal 

(desire texture) at an angle of ad to the reference direction d, i.e., A, T, R. The sum fA + fT + 

fR=1, with a value of 1/3 in all three parameters indicating random texture.  The volume 

fraction can be calculated from the pole figure according to the following equation: 

V(α,β) = 
𝑇𝐶 (𝛼,𝛽).𝑆𝑖𝑛𝛼

𝛴𝑆𝑖𝑛𝛼
                                                        (2-19) 
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Where α and β are polar and azimuth angles respectively and TC (α, β) is the texture 

coefficient at each α and β and can be calculated from the relative intensities in the 

diffraction spectrum [33].  

The bulk texture measurement of a material with a neutron beam is based on the same 

principle of diffraction. A neutron beam with a characteristic wavelength of 0.05-0.3 nm 

and a penetration depth of several centimeters is suitable for macro texture measurement of 

bulk samples. In the current study, texture measurements were done at the National 

Research Universal (NRU) nuclear reactor at the Chalk River Laboratories (CRL). A 

monochromatic wavelength was used via a germanium crystal from the broad spectrum of 

thermal neutrons wavelengths. For diffraction, the detector and the incident beam are set at 

a fixed 2𝜃 angle corresponding to the Bragg angle of the particular set of crystallographic 

planes of interest. 

 
Figure 2-33 (a) Neutron diffraction spectrometer at the NRU reactor in CRL (b) Eulerian cradle 

with mounted sample [59]. 

 

 

Figure 2-33(b) shows the Eulerian cradle, where the sample is mounted with radial 

direction of the PT parallel to the η axis of the cradle. This configuration of the setup 
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corresponds to the radial direction at the centre of the pole figure. During the measurement, 

the cradle rotates the sample along η and χ at increments of 5˚ from 0-360˚ and 0-90˚ 

respectively so that the entire pole figure is covered. The detector can be programmed 

which allows to measure a different sets of crystallographic planes. 

2.7.4 Diffraction Line Profile Analysis (DLPA) 
DLPA is a powerful tool for characterization of microstructures in crystalline materials. 

Diffraction peaks usually broaden because of two reasons: 1) when crystallites are small or 

2) when the material contains lattice defects and hence strain. These two effects can be 

separated on the basis of the different diffraction-order dependence of peak broadening. 

Two classical methods have evolved during the past five decades to analyze the diffraction 

peak profile: the Williamson and Hall [123] and the Warren and Averbach [124] methods. 

The Williamson and Hall method is based on the full width at half-maximum (FWHM) 

values and the integral breadths of the peak, while the Warren and Averbach is based on the 

Fourier coefficients of the profiles. In principle, both of these methods provide the apparent 

size parameters of crystallites or coherently diffracting domains and values of the mean 

square strain. However, the evaluations by these methods become complicated, if either the 

crystallite shape [125] or strain [126] is anisotropic. Although, it is often assumed the mean 

square strain as a single-valued quantity [127, 128] numerous work [127,129, 130, 131] has 

shown, that the mean square strain, (ε
2

L,g) is almost never a constant, neither as a function 

of L nor of g, where L and g are the Fourier length and the diffraction vector, respectively 

[132]. The g dependence is further complicated by strain anisotropy, which means that 

neither the breadth nor the Fourier coefficients of the diffraction profiles are monotonic 

functions of the diffraction angle or g [132]. 
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Peak profile analysis thus can only be successful if the strain effect is separated correctly 

from the size effect. Two different models have recently been suggested for strain 

anisotropy by Stephens et al. [133] and Ungar: et al. [134] (i) a phenomenological model 

based on the anisotropy of the elastic properties of crystals and (ii) the dislocation model 

based on the mean square strain of dislocated crystals. The dislocation model of (ε
2

L,g) 

takes into account that the contribution of a dislocation to strain-induced broadening of a 

diffraction profile depends on the relative orientations of the line and Burgers vectors of the 

dislocations and the diffraction vector, similar to the contrast effect of dislocations in 

transmission electron microscopy. The anisotropic contrast can be summarized in contrast 

factors, C, which can be calculated numerically on the basis of the crystallography of 

dislocations and the elastic constants of the crystal [132]. The average contrast factors, 

𝐶 for the different Bragg reflections can be determined by determining the type of 

dislocations and Burgers vectors present in the crystal. Once the average contrast factors 

determined, they can be used in a `modified' Williamson and Hall plot and in the `modified' 

Warren and Averbach procedure to estimate the different averages of crystallite sizes, the 

density and the effective outer cut-off radius of dislocations [132].  

It can be shown that, once the strain contribution has been separated, diffraction peak 

profiles depend on the shape, the mean size and the size distribution of crystallites or 

coherently diffracting domains [135]. If the shape of the crystallites can be assumed to be 

uniform, the area and volume-weighted mean crystallite sizes can be determined from the 

Fourier coefficients and the integral breadths of the diffraction profiles. These two mean 

sizes of crystallites can be used for the determination of a crystallite size distribution 

function [132]. 
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2.7.4.1 Application of DLPA in the current study 
Although, TEM observation can provide a great deal of direct information on 

microstructures, since it is carried out in very localized areas it can be less useful for 

quantitative analysis due to a lack of statistics. Thus, determination or characterization of 

microstructural behavior becomes more uncertain in the TEM unless a large number of 

samples is investigated. In such circumstances, DLPA of X-ray or neutron diffraction 

patterns can be an indirect and convenient method of determining the microstructure of 

crystalline materials in a relatively large representative area, and hence provide 

complementary data to that obtained by TEM. 

Recently, Ungar et al. [134] developed an extended Convolutional Multiple Whole Profile 

(eCMWP) method where, the evaluation of different diffraction patterns measured on 

different crystalline materials: powder, bulk-polycrystals, single crystalline samples or 

textured specimens [132,136]. The calculation in this method is based on physical models, 

where theoretical profile functions are calculated to evaluate the effect of coherently 

scattering domain size, dislocation structures and planar faulting on the shape of the 

diffraction profiles [134]. The convolution of the different theoretical profile functions, 

together with the experimentally determined instrumental effects on broadening, are fitted 

to the full measured diffraction pattern (containing many peaks) by a non-linear least-

squares algorithm, resulted the detailed microstructural information [134,136]. 

The evaluation theory of the eCMWP methods explained here for the fundamental 

understanding of the software. The profile function of a diffraction pattern is 𝐼ℎ𝑘𝑙
𝐷 , is given 

by its Fourier transform (FT) [137]. 

FT𝐼ℎ𝑘𝑙
𝐷 = 𝐴ℎ𝑘𝑙

𝐷 =exp(-2π
2
g

2
L

2
< ε

2
L,g >) = exp[ -ρ(

𝜋𝑏

2
)2

g
2𝐶 L

2 𝑓(𝜂)]             (2-20) 
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where ρ, b are the dislocation density and the magnitude of the Burgers vectors 

respectively, 𝑓(𝜂) is Wilkens function [137], giving the L dependence of < ε
2
> for 

dislocations and η= L/Re, Re is the effective outer cut-off radius of dislocations. Based on 

the above, the average contrast factor 𝐶 can be expressed as [138]: 

𝐶 hkl= 𝐶 hk.0[1+q1x+q2x
2
], x=2/3 (l/g.a)

2
                                                                 (2-21) 

Here 𝐶 hk.0 is the average contrast factor corresponding to the h.k.0 reflections, a is the 

lattice constant in the basal plane, q1 and q2 are the parameters depending on the single 

crystal elastic constants of the material and dislocation structure. During the fitting in 

eCMWP, q1 and q2, ρ and Re are the dislocation structure related fitting parameters, which 

are refined together with the crystal size related parameters.  

Analyzing in the TEM and in traditional X-ray diffraction is destructive and requires 

significant sample preparation. In addition, preparing radioactive sample for TEM and X-

ray is not only expensive but has potential health hazards too. Neutron diffraction on the 

other-hand is advantageous due to its deeper penetration depth and obviates the need for 

costly and potentially dangerous sample preparation. Time of Flight neutron diffraction can 

record whole patterns simultaneously with co-linear diffraction vectors and reasonable 

resolution for the completion of DLPA measurement [139].  Besides, some work have 

already been done on aluminum alloy [140], beryllium [141] and most recently on Zr-

2.5Nb [142] by neutron diffraction at the Los Alamos Neutron Science Center (LANSCE), 

which demonstrates the validity of using this method in the quantitative analysis of 

microstructure. 
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Chapter 3  
Microstructural Evaluation and Crystallographic Texture 

Modification of Heat-Treated Zr Excel Pressure Tube 

Materials 
 

3.1 Summary 
Dual phase (-) Zr-Excel (Zr-3.5wt% Sn-0.8wt% Mo-0.8wt% Nb) Pressure Tube (PT) 

materials were solution treated at a range of temperatures in the (+)Zr or Zr -phase 

field, and cooled in water and air to generate different microstructures. Investigations of 

these heat-treated microstructures in TEM and their corresponding crystallographic 

texture measurements by neutron diffraction technique revealed that, as-received (ASR) 

PT material has been significantly altered during heat-treatments. The microstructural 

alteration by heat-treatment not only modified the initial ASR microstructure but also 

caused substantial changes in the initial strong transverse texture of the ASR PT material. 

Microscopical investigation shows that with the increase of solution temperature, the 

proportion of the transformed -phase () or martensitic/acicular -phase were 

progressively increased. The morphology of these transformed beta products are different 

in the water-quenching (martensitic plates) than the air cooling treatment (relatively wide 

parallel plates). Furthermore, the investigation on the room temperature texture of the 

heat-treated materials shows that: with the increase of solution temperature, the extent of 

the modification of the initial strong transverse texture (shifting towards axial direction) 

becomes more effective and a relatively randomized texture has been developed at higher 

solution treatment (quenching from ~930 C). This texture modification through heat-

treatment is found to be more effective by water quenching than by air-cooling treatment. 
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Although, a relatively randomized texture has been developed in the βα phase 

transformation (at higher solution treatment), variant selection is also observed during 

cooling (), whereas no (or very weak) indication of variant selection during heating 

() is evidenced based on the identical room temperature -phase (remnant) texture 

in the heat-treated and ASR materials.  

3.2 Introduction 
The nuclear reactor core exhibits a unique and harsh environment, which requires a 

suitable structural material that should have reliable mechanical strength, good corrosion 

resistance (corrosive environment caused by the high temperature pressurized coolant) as 

well as low neutron capture cross section, zirconium alloys meet this requirements [1]. 

Cold worked (CW) Zircaloy-2 (Zr-1.5 Sn-0.12 Fe-0.10 Cr-0.05 Ni) was used for 

CANDU PT materials until the importance of Delayed Hydride Cracking (DHC) was 

recognized [2]. Zr-2.5Nb alloy was developed in the late 1960’s in order to replace 

Zircaloy-2 to overcome the DHC problem as well as to improve the corrosion resistance 

and creep strength [3]. In the early 1970’s zirconium Excel (Zr-3.5wt% Sn-0.8wt% Mo-

0.8wt% Nb) alloy was developed in Atomic Energy Canada Limited (AECL) to give a 

further improvement of creep strength of the PT materials [3]. However, due to limited 

experimental data and lack of operating experience, Zr-Excel alloy was not implemented 

as a PT material in CANDU reactors. In addition, Zr-2.5Nb PT materials has been used 

as a PT material quite satisfactorily for a standard lifetime (~30 years), hence the driver 

for the implementation of a new alloy was not strong. Further, it was later found that 

zirconium Excel alloy might be more susceptible to hydrogen damage. Ells et al. [4] 

reported that although nucleation of hydride blisters is reduced in Excel, once DHC 
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initiates, it proceeds with a higher velocity than in Zr-2.5Nb. Therefore, Zr-Excel alloy 

has not been actively used in nuclear reactors today and thus, comprehensive research on 

this alloy has not occurred. Recently in the Generation-IV International Forum (GIF), 

development of a Supercritical Water Reactor (SCW) was initiated, which lead to 

consideration of the high strength and creep resistant Zr-Excel alloy as a candidate PT 

material [5, 6].  

In the early 1950’s, the idea of supercritical water reactors (SCWRs) was studied in USA 

and Russia. It was aimed to use light water as coolant at supercritical pressures in order to 

increase the reactor’s thermal efficiency [5]. However, no supercritical water-cooled 

reactor has been built to-date, although supercritical coal powered stations do operate. 

The Generation-IV International Forum (GIF) has encouraged collaborative R&D on 

SCWR [7]. In the CANDU-SCWR proposed design, heavy water is the moderator similar 

to the current CANDU®, but the coolant is light water at 25 MPa, with an inlet 

temperature of 350̊ to 400 °C and an outlet temperature of up to 625 °C. This use of SCW 

as a coolant requires major design changes in the fuel channel. In order to increase the 

thermal efficiency, it is necessary to increase the coolant core mean temperature, which 

essentially requires a high inlet temperature attained by employing a regenerative heat 

transfer system [8]. Two conceptual fuel channel designs have been proposed to meet this 

requirement. Amongst them the High Efficiency Channel (HEC) combines both the 

calandria and pressure tubes into a single tube. In the HEC design (Fig. 3-1b) the PT is in 

direct contact with the moderator with a temperature of about 80 °C and is thermally 

insulated from the hot coolant by use of a ceramic insulator. This channel design ensures 

that the operating temperature is close to that of the moderator [6]. Although, at this low 
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operating temperature (compared to the proposed coolant outlet temperature of ~625 °C), 

the corrosion rate of the PT materials would be very low, a high strength PT material is 

still required to contain the SCW coolant as well as to sustain high levels of radiation 

damage [5]. 

 
Figure 3-1 Comparison of CANDU-SCWR fuel channel designs to the proposed fuel channels for 

SCWR: (a) current CANDU design, (b) proposed HEC design and  (c) REC design. 

 

The REC design on the other hand (Fig. 3-1c), consists of a PT and a concentric inner 

tube and in a manner similar to the current CANDU reactors (Fig. 3-1a), the PT is 

separated from the heavy water moderator by a gas annulus. Unlike the HEC design, in 

the REC design, SCW coolant flows first between the PT and the inner tube. It then turns 

around and flows through the inner tube where the fuel bundle resides. This design keeps 

the PT at a temperature of about 350 °C to 400 °C, which is close to (but slightly higher 

than) the current CANDU PT operating temperature. 

As can be seen, the HEC and REC are different from each other not only in design but 

also in terms of their operating conditions; thus, the PT material must meet different 

requirements. For example, since in the HEC design there is no CT, the PT has to play 

the role of both PT and CT which means it must minimize possible elongation due to 

irradiation growth and creep. Since the operating temperature of HEC design is low, most 
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of the deformation is expected to be irradiation driven. On the other hand, the REC 

design is quite similar to the current CANDU PT design and therefore, axial elongation 

can be accommodated to some extent. However, diametral expansion is still a concern for 

this design. Since the REC design will operate at a high temperature (~400 °C), thermal 

creep will become an important issue as well as irradiation creep and growth. Thus, a 

high strength PT material with high dimensional stability can be considered a common 

requirement for both the HEC and REC design. An improved dimensional stability 

requirement leads to development of a PT material with less pronounced crystallographic 

texture. 

Crystallographic texture arises in CANDU PTs during their fabrication, and in turn leads 

to anisotropic deformation in service. In order to homogenize the micro-chemistry, Zr 

alloy ingots undergo heat treatments in the fully β-phase regime prior to their processing 

or fabrication [9].  Two phase zirconium alloys (such as Zr-2.5Nb and Excel) are hot 

extruded in the (+β)Zr-phase regime, cooled and may then undergo further thermo-

mechanical treatments. 

Upon cool-down, texture changes arise during the phase transformation of β. This 

transformation occurs according to the Burger’s orientation relationship, where parallel 

planes and directions in the two phases {110}β ǁ {00.2}α and <111>β ǁ <11.0>α are 

maintained [10]. This orientation relationship establishes six symmetrically equivalent 

possible orientation variants during αβ phase transformation (heating) and twelve 

equivalent possible orientations variant when material undergoes  transformation 

(cooling) [9]. If the transformation allows all these variants to be present in equal 
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quantities, then regardless of the strength of the initial α texture it will be considerably 

randomized by an β transformation [11].  

The current CANDU PTs fabrication route results in a strong texture with the basal plane 

normal of the α-hcp grains predominantly oriented in the transverse-radial plane, and 

biased towards the transverse direction of the PT. In reactor, the PT is stressed in both the 

transverse and axial directions due to the biaxial stress state (with the transverse stress 

approximately twice that of the axial as a result of internal coolant pressure [12]). At the 

operating stresses and temperature the creep rate along the hcp c-axis is relatively lower 

than along the a-axis. Thus, all other things being equal, changing a strong texture into a 

less pronounced texture by increasing the resolved fraction of the basal plane normals in 

the axial direction will increase the transverse creep rate but reduce the axial creep rate 

[13]. Ibrahim et al. [14] calculated the irradiation creep and irradiation growth of 

differently fabricated Zr-2.5Nb and Zircaloy-2 PTs in order to compare their anisotropic 

creep behaviour. It was shown in their work that, the PTs which were heat-treated to 

produce a randomized texture showed significant reduction in axial creep rate (1.7x10
-4

 

vs 12.7x10
-4

) per 10
25

 n/m
2 

(10,000 hrs at 2.78x10
17

 n/m
2
. s) compared to the PTs 

produce under typical production routes [15]. However, the transverse creep rate was 

slightly changed (12x10
-4

 vs. 13.5x10
-4

 n/m
2
. s) at the same operating condition. This 

demonstrates that besides crystallographic texture, other microstructural factors e.g., 

initial grain structure; pre-existing dislocation density, etc. will also have a significant 

influence on the anisotropic deformation behaviour of the PT.  

Sattari et al. [16,17] studied the transformation temperature and mechanical properties of 

some heat-treated and aged microstructures of Zr-Excel PT materials. In their study on 
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transformation temperature [16] they have investigated the αβ phase 

transformation temperatures and the factors associated with this transformation process. 

They have concluded that the volume fraction of βZr starts to increase from ~600 °C and 

the (α+β)Zr -phase region transforms into βZr at ~970 °C. In addition, they have reported 

that βZr does not transform into martensite α upon quenching from temperatures below 

~865 °C. In a further study, Sattari et al. [17] compared the tensile and creep rupture 

properties of annealed Excel PT microstructure to that obtained from a limited number of 

solution temperatures (Table 3-1). It was reported that, fully martensitic and aged 

microstructure had better creep properties at high stress levels (>700MPa); the material 

air cooled from the higher (α+β)-phase region, shows low sensitivity to stress but better 

creep properties than as-received (which were similar to the current ASR materials) 

microstructure. In addition, significant alteration of the anisotropy of mechanical 

properties has been also reported. 

Table 3-1 Mechanical properties of different microstructures of Zr-Excel PT materials at 400 ˚C: 

[17]. 

 
 

 

Although these Sattari et al. studies have provided some general understanding of the 

characteristic behaviour of heat-treated Excel alloy, a correlation between the heat-treated 

microstructures and their mechanical properties to the modified crystallographic texture 

has not been established. In the current study, the microstructure and crystallographic 
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texture of numerous samples have been investigated, heat-treated at a broad range of 

temperature and at different cooling rates. The microstructural evaluation has been 

carried out together with their corresponding textures. It is believed that this extended 

work on heat-treated Excel PT materials will provide a more complete and consistent 

supportive evidence to the previous works [16, 17]. Furthermore, this work will generate 

more statistics on Excel PT materials, which will be of benefit to the study of 

characteristic deformation behaviour of various microstructures.  

3.3 Materials and Experimental Methods 

3.3.1 Experimental Materials 
In the current study, annealed Zr-Excel PT materials provided by the Atomic Energy of 

Canada Limited (AECL) was used (the ASR materials), designated as tube XL-601. The 

extrusion for the fabrication of the current PT was done at ~850 C followed by 25% cold 

work and then annealed at 750°C for 30 minutes. At the end, a stress-relieve treatment 

was given at 400 °C for 24 hours.  The room temperature microstructure of the Zr-Excel 

PT comprises hcp Zr and bcc βZr with some metastable hexagonal ωZr -phase in the β 

grains. Figure 3-2 shows that ASR materials are comprised of equiaxed α grains (~1.5 μm 

dia) and β-phase (~400 nm) with a volume fraction of ~85% and ~15% respectively. 

Given the annealing condition, this nominal β-phase is a combination of β-phase enriched 

in solute contents and some metastable ω (Fig. 3-2 c and e) [18]. The chemical 

composition of the ASR material is given in Table 3-2. It can be seen that due to the 

fineness of the microstructures, optical microscopy (OM) could not reveal the associated 

phases clearly (Fig. 3-2a). Moreover, other microstructural features like the shape of the 

individual grains or small constituents such as ω-phase cannot be explored in the OM. On 
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the other hand, TEM micrographs showed these features quite distinctly (Fig. 3-2 b, c); 

the associated phases of the microstructure were also confirmed by Selective Area 

Diffraction (SAD) patterns (Fig. 3-2 d, e). 

 
Figure 3-2  As Received Zr-Excel PT microstructures (a) optical (b) TEM micrographs shows the 

α and β phases, (c) ω phase inside the β phase (d) SAD pattern on α phase circled in b, and (e) 

SAD pattern on ω mixed β phase circled in c. TEM foil normal is along the AD direction. 

 
The elemental distributions in the corresponding phases of the ASR materials were also 

investigated and are shown in Figure 3-3 from Scanning Transmission Electron 

Microscopy (STEM) - Energy Dispersive X-ray Spectroscopy (EDX). Zr and Sn (α-

stabilizing element) are almost homogenously distributed in the α-phase but are relatively 

reduced in the β-phase, which is enriched with the solute elements Mo, Nb and Fe.   

Table 3-2 Chemical composition (wt%) Zr-Excel PT materials [16]. 

 Sn Mo Nb O Fe H Zr 

Spec. 3.2-3.8 0.6-1.0 0.6-1.0 0.09-0.16 0.15 20 ppm 

 

Balance 

Measured 3.39-3.68 0.77-0.81 0.75-0.77 0.11 0.09-0.13 ≤5 ppm Balance 
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Figure 3-3 STEM-EDX mapping of ASR Zr Excel PT microstructure showing the elemental (Sn, 

Mo, Nb and Fe) distributions in the  αZr and βZr phases. TEM foil normal is along the AD 

direction. 

 

3.3.2 Heat Treatments 
For heat treatments, rectangular specimens (10 x 10 x 4 mm

3
) were cut from the PT 

(parallel to the axial direction of PT) using a slow-speed diamond saw. All these samples 

were wet polished using P200 SiC paper to grind off the black oxide layer (generated due 

to the annealing process during fabrication of the PT) prior to the heat-treatments. In 

order to observe the sample temperature during heating and cooling, Omega K-type 

Super OMEGACLAD® XL (an Inconel alloy) sheathed thermocouples were inserted 

through the (drilled) samples, and monitored via a Labview program. Samples were 

heated (15 °C/sec) in flushing argon environment (to prevent oxidation during heat 

treatment) inside a quartz tube in a LINDBERG/BLUE Mini-MiteTM tube furnace. Heat 

treatment was then conducted at various schedules involving heating into the (α + β)Zr or 

βZr-phase regions (shown in Table 3-3). Specimens were then removed from the furnace 
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after heat treatment and were either Air-Cooled (AC) or Water-Quenched (WQ). Heat-

treated specimens were subsequently prepared for metallographic observations. 

Table 3-3 List of heat treatments: 

 

Treatment 

Solution Temperature ( °C) Duration 

(Hours) 

 

865 875 895 905 915 930 950 975 

WQ √ √ √ √ √ √ √ √ 2 

AC  √ √  √ √ √ √ 2 

 

3.3.3 Metallography 
Samples were wet polished with silicon carbide papers down to P1200 grit and then swab 

etched by attack polishing (solution of 5% HF, 5% HNO3, 5% H2O2 and 85% distilled 

water) with 0.05μm colloidal silica at an approximate ratio of 1:4. These specimens were 

then suitable for examination by optical microscopy. However, owing to the fineness of 

the microstructures, optical microscopy was of limited use, apart from revealing grain 

growth (after treatment) and the general grain shape. Due to the length scales, 

microstructures were better revealed using TEM (FEI Technai Osiris instrument).  Hence, 

the samples were first cut into thin slices (200-300μm) using an Accutom-5TM precision 

cut-off saw followed by hand grinding on P1200 SiC to 70-80 μm and finally 3mm 

diameter disks were punched from the slices.  After thinning through mechanical 

polishing, samples were polished electro-chemically using a solution of 10% perchloric 

acid and 90% methanol at -45 °C in a TenuPol-5™ twin-jet electro-polisher.  

3.3.4 Texture Measurements 
After preliminary microstructural analysis of the heat-treated samples, the 

crystallographic textures of these samples were measured. For that, two samples (same 
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treatment) of ~(10 x10 x4 mm
3
) dimensions were glued together (after grinding off the 

oxide layer) with a consistent orientation to produce a bulk specimen of ~(10 x10 x 8 

mm
3
). Texture measurements were conducted (at room temperature) using neutron 

diffraction [19] at the National Research Universal (NRU) reactor in Chalk River 

Laboratories (CRL). These measurements were made at a nominal wavelength of 2.075 Å 

obtained from the {220} reflection of a Ge single crystal monochromator, on the E3 

spectrometer at NRU. Three distinct pole figures for both the   [(00.2), (10.0) and 

(11.0)] and β-phase [(200), (110) and (111)] in each sample have been constructed for 

comparison at different treatments. The resolved fractions of the (00.2) α-basal pole 

figure at all three tube directions (Axial, Transverse and Radial) were calculated [20]. 

3.4 Results and Discussion 

3.4.1 Microstructural Analysis 
Figure 3-4 and 3-5 shows the optical and TEM micrographs of some representative heat 

treatments carried out in the current study. In general, all these micrographs show the 

presence of two common features in the microstructure: the equiaxed primary α grains 

(the retained  which did not transform into  during heating), which are progressively 

decreasing in volume fraction with an increase of solution temperature (the elevated 

temperature to which the sample is heated and then water-quenched or air-cooled) and 

the Widmanstätten structures (characterized by a geometrical pattern resulted from the 

formation of a new phase along certain crystallographic planes of the parent phase), 

which are correspondingly increasing. Although, the differences in the morphology of 

these phases are not quite clear in the optical micrographs (Fig. 3-4), the TEM 
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micrographs shown in Figure 3-5 reveal that the Widmanstätten morphology in the water-

quenched (WQ) treatment is much finer than in the air-cooled (AC) treatment.  

 
Figure 3-4 Optical micrographs of heat-treated ASR Zr-Excel PT shows the microstructural 

changes with solution temperatures. 
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Figure 3-5 TEM micrographs of heat-treated ASR Zr-Excel PT materials shows the 

microstructural constituents at different solution temperatures. 
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The individual atomic movements which can occur during the formation of 

Widmanstätten structures in the WQ treatments are very restricted (less than one inter-

atomic spacing) and thus a super-saturated solution forms in such case. In contrast during 

the AC treatment solute elements diffuse out during cooling, towards their equilibrium 

phases. Thus, due to the substantially different cooling rates, the Widmanstätten 

structures in WQ and AC can be expected to have significant differences in the solute 

contents. Besides the morphological and compositional variation at different cooling 

rates, WQ treatment seemed more effective in terms of the extent of phase transformation 

than the AC treatment. This is evidenced by a higher volume fraction of fine 

Widmanstätten structures and lower content of primary αZr in the room temperature 

microstructure at an identical solution temperature. A qualitative estimation shows that 

no significant phase transformation occurs below 875 °C in either WQ or AC treatment, 

which is agreement with Sattari et al. [16]. Solution treatment at 895 °C (expressed here 

as WQ-895 or AC-895), leads to substantial phase transformation in both cases, where 

the WQ treatment generates about 75-80% (of the total volume of the room temperature 

microstructure) of fine Widmanstätten type structures, compared to around 65-70% of 

Widmanstätten structures in the AC; the rest of the room temperature microstructure 

remained mostly as equiaxed primary αZr. However, some traceable amount of remnant 

βZr (the high temperature βZr phase which did not transform during cooling) has also been 

found in the heat-treated microstructure along with the primary α and Widmanstätten 

structures, which is discussed briefly in a later section of this microstructural analysis 

part. At 930 °C solution treatment (WQ-930), the fine Widmanstätten structure in WQ 

treatment generated up to 85-90% of the volume with relatively less for the AC treatment 
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(~75-80%). The equiaxed primary αZr, which is around 10% higher in volume in the AC 

treatment than the WQ treatment could be due to the slow cooling rate during air-cooling, 

as evidenced by higher volume fraction of αZr and larger grains compared to the sample 

water-quenched at an identical solution temperature (shows in Fig.  3-5).   

It has been reported in else where [21,22,23,24] that in β-stabilized hcp alloys, cooling 

from the (α+β) or β-phase region results in significant transformation of β by Burgers 

relationships [10]. Amongst these works, William et al. [21] reported that CX alloy (Zr-

3.2 wt% Sn-1.1 wt % Mo-1.1wt% Nb), which is quite similar to the Excel alloy (Zr-3.5 

wt% Sn-0.8 wt% Mo-0.8 wt% Nb), exhibits a microstructure of martensitic Zr and 

primary Zr when water-quenched from the (α + β)Zr or Zr fields. In contrast, a 

microstructure of equiaxed Zr and fine acicular Widmanstätten structure arises under air-

cooling. Thus in the current study, the Widmanstätten structures forming in the WQ and 

AC treatments are similarly named as martensitic and acicular  respectively, based on 

the terminology of the William et al. study. 

Banerjee et al. [23, 24, 25] observed that Zr alloys quenched from the (α+β)Zr or Zr result 

in the transformation of β to ά–hcp martensite, ἅ-orthorhombic martensite or ω hexagonal 

metastable phases, or a mixture of all, depending on the solution treatment temperature 

and chemical composition of the alloy. Langford et al. [22] confirmed ά-hcp martensite, 

ἅ-orthorhombic martensite or hexagonal ω or a mixture of these are produced when β-

stabilized Zr-2.5Nb alloy is quenched from (α + β) or β-phase field. They have also 

reported that the phase evolution during the quenching process depends on both the 

solution treatment temperature and on the chemical composition of the alloy. Thus, based 

on all these previous studies it can be predicted that the occurrence of any or all of these 
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constituents (martensitic, orthorhombic or acicular α) will occur after cooling of β-

stabilized Zr alloys. 

 
Figure 3-6 Microstructural evaluation at higher solution temperatures, (a) comparison of 

morphologies of transformed β-phase at different temperatures for WQ and AC, (b) presence of 

retained β-phase (the white circled feature) at 895 °C (top) and partial phase transformation in 

WQ-930 °C (bottom) showing the presence of retained α. Black specks to the right of the AC-930 

°C sample are surface hydrides generated during electropolishing during TEM sample 

preparation. TEM foil normal is along the AD direction 

 
Figure 3-6 compares the different morphologies of transformed β (acicular/ martensitic α) 

in the AC and WQ samples. It can be seen that the specimen water quenched from higher 

solution temperature or near the β-transus temperature (where the entire prior α 

completely transforms into β-phase) exhibit a much finer, needle-like structure. However, 

at a slower cooling rate (AC), high temperature βZr has been transformed into parallel-

plate Widmanstätten  with long plates growing from the parent β-grain boundaries. A 

similar kind of refinement of the α plates has been observed in previous studies 
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[26,27,28]. Chai et al. [28] investigated the effect of cooling rate on β→α transformation 

during quenching of Zr-0.85Sn-0.4Nb-0.4Fe-0.1Cr-0.05 Cu alloy and reported that water, 

liquid nitrogen, air and furnace cooling from β-phase leads to the formation of 

martensitic, coarse basket-weave, parallel-plate and lenticular structures respectively. In 

addition, they have noticed that the micro-hardness of the specimens decrease while the 

width of the α laths increase with a decrease in cooling rate. In other work, Banerjee et al. 

[29] observed a fully martensitic structure in Zr-Ti alloys quenched from the high 

temperature β-phase, with no detectable retained β-phase. They have reported that for 

those martensitic plates, which had equivalent correspondences between the parent and 

product lattices, thick twins were generated, but when this condition was not satisfied 

thin twins formed. Thus, the morphological changes in the transformed β-phase that leads 

to the formation of martensitic α in the WQ treatment and parallel-plate like structure in 

AC treatment can be attributed due to the differences in the cooling rate. Moreover, 

generation of doublets in the diffraction pattern from martensitic plates (Fig 3-6a), 

especially at higher solution temperatures, also indicates the formation of micro twinning 

in the WQ treatment.  

Although for higher solution temperature treatments most of the room temperature prior 

Zr has transformed into martensitic or acicular αZr structures, some remnant Zr (i.e. 

which has not transformed during cooling) was also seen in the TEM study. Figure 3-6b 

(top), shows some evidence of this remnant Zr in the WQ-895 treatment. The size, 

shape, volume and distribution of these remnant β grains might have varied with 

changing of solution treatment temperature as well as with cooling rates. Specifically a 

lower solution temperature leads to a higher volume fraction of remnant Zr (and vice 
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versa), and the more diffusional cooling in an AC treatment leads to a higher content 

compared to the WQ treatment. Solute elements, specifically beta stabilizing elements 

e.g., Mo, Nb and Fe may have some indirect effect on this transformation, given that their 

concentration is controlled by the solution temperature. Sattari et al. [16] reported that 

during heating, the volume fraction of Zr starts to decrease (transform into Zr) from 

600-700 °C. However, during cooling they did not notice any significant transformation 

of Zr-phase (into martensitic/acicular α) occurring below 860 °C and believed this 

difference between heating and cooling was due to the concentration of slow diffusing 

Zr-stabilizing solute elements e.g., Mo, Nb influencing the overall transformation 

process. That is, as the volume fraction of Zr–phase goes up at higher solution 

temperatures, then the average concentration of Nb and Mo in the high temperature Zr–

phase will decrease and allow more Zr to transform into martensitic or acicular Zr 

during subsequent cooling. This transformation () occurs at rates that are quick 

compared to the diffusion rates/distances of Nb and Mo in Zr. An influence of 

composition on transformation temperature has also been reported in other works [30,31].  

As discussed earlier from Banerjee et al. [23, 24] study, the morphologies (lath or 

acicular) as well as the solute contents of the transformed Zr, depend on the solution 

treatment temperature, cooling rate and on the chemical composition of the phases at the 

solution temperature.  Therefore, at the same solution temperature, the volume fraction of 

the transformed β in water-quenched (martensitic α) samples is substantially higher than 

for air-cooled samples (fine acicular α). This is likely due to the increased elemental re-

distribution and hence grain growth that can occur during the relatively slow cooled AC 

treatment that could sluggish the transformation . This could then contribute to a 
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difference in the crystallographic texture modification for different treatments, as will be 

described in the following section.  

3.4.2 Texture Analysis 
Microstructural studies from the previous section clearly indicate that heat treatment 

causes substantial phase transformation during heating and cooling. All the heat-

treatments in the current study are done within the transformation temperatures for 

α→β→α. Therefore, a possible alteration in texture (in terms of weakening/strengthening 

or randomization) can be expected during the phase transformation through the Burger’s 

relationship. The room temperature crystallographic textures of all the heat-treated 

samples (listed in Table 3-3) were investigated to identify their modification (if any). 

Figure 3-7 shows the pole figures of α-phase of the ASR materials, which is very similar 

to the typical CANDU PT texture. As can be seen from these pole figures, most of the 

(00.2) basal plane normals are in the Radial-Transverse plane and directed mostly 

towards the transverse direction. The {10.0} plane normals are towards the axial 

direction and {11. 0} plane normal directed mostly towards the radial direction. 

 
Figure 3-7 Different pole figures of αZr of ASR (annealed Zr-Excel PT) materials. The axial 

direction is vertical, the transverse/hoop direction is horizontal and the radial direction is about 

the center. 
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In the current study, although the pole figures were measured for all the heat-treated 

samples, due to the space constraint, only the pole figures, which of interest for the 

relevant discussions are presented here (the rest of the pole figures are presented in the 

appendix of this dissertation). Nevertheless, later in Figure 3-9 the extent of modification 

of texture for all the WQ and AC treatments has been quantified. Figure 3-8 a and b show 

some representative pole figures of the room temperature texture (of αZr) of the AC and 

WQ materials, respectively. A qualitative comparison between these pole figures and 

ASR pole figures shows that no significant changes occurred for the {10.0} or {11.0} 

pole figures except slight strengthening towards axial direction in the {11.0} pole figure. 

However, heat treatment does cause significant alteration in the (00.2) basal pole figures, 

which is most significant at higher solution temperatures and more specifically for the 

WQ treatment. With increase of solution temperature the transverse components (fT) of 

the basal plane normal of (00.2) pole figure starts decreasing and intensity shifts towards 

the axial direction of the tube. At relatively lower solution temperatures, this process was 

very slow for the AC treatment as evidenced by almost no resolved fraction of axial 

components (fA) below an AC-895 treatment. However, at much higher solution 

temperatures, a substantial axial component also appeared in the α-basal pole figure for 

the AC treatment. On the other hand, a faster cooling rate in the WQ treatment leads to a 

start for this alteration of texture components at as low as WQ-875 treatment with the 

WQ-930 treatment showing almost a random texture.  
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Figure 3-8 Effect of heat-treatment on texture (room temperature) represented by pole figures of 

αZr: (a) after AC treatment and (b) after WQ treatment. The axial direction is vertical, hoop 

direction is horizontal and center is radial direction. 

 
In Figure 3-9, texture modification (in terms of variation in the resolved fraction of basal 

plane normal) caused by heat-treatment is quantitatively illustrated at different solution 

temperatures and cooling rates. For this analysis, the resolved fractions of basal plane 

normal (fA, fR and fT) towards each sample direction (axial, radial and transverse) were 

measured and plotted against the solution temperatures. As can be seen from Figure 3-9 

(WQ treatment), the dominant transverse component of the basal plane normal (red bars) 
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gradually decreases with increase of solution temperature while correspondingly the axial 

component increases. Interestingly, this alteration has almost saturated at around a 915-

930 °C solution temperature i.e., the overall texture components for the α-basal pole 

figure are essentially randomized. This modification process is clearly less effective in 

the AC treatment, since almost no changes in axial component has been observed until a 

solution temperature of ~ 900 °C. In Figure 3-9 the black arrow shows that, for water 

quench treatment; axial component (blue bar) is increasing linearly. However, this linear 

increase of axial component did not start (or was very slow) in the air-cooled samples 

until the solution temperature increased up to ~905 °C. In the WQ-930 treatment, the 

axial components increased around 6 times compared to the initial value, whereas for 

AC-930 treatment it was increased only ~3.5 times. The radial components in both cases 

remain stable. 

 

 
Figure 3-9 Quantitative representation and comparison of texture modification at different heat 

treatments. 

 

According to the microstructural observation, significant phase transformation has been 

observed both in heating (α→β) and cooling (β → martensitic or acicular α). As 

mentioned earlier, these phase transformations occur by maintaining a specific 
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orientation relationship ({110} β ǁ {00.2}α and <111>β ǁ <11.0>α) and variant selection is a 

key factor which controls the weakening, strengthening or maintenance of an identical 

texture (memory effect) after a thermal cycle. This orientation relationship between the 

two phases (α-β) plays a crucial role in many metallurgical processes such as epitaxial 

growth or transformation, and hence affects the texture of the final products [11]. Since 

the αβα phase transformation also follows this orientation relationship, if the initial 

material is textured then the transformed phase will inherit orientation information from 

the parent phase [11]. Therefore, at first glance, it can be considered that the α-phase in 

the (α+β)-phase region might have insignificant effect (specifically at lower solution 

temperature) on the room temperature martensitic/acicular α texture. On the other hand, 

the β-phase in the (α+β) or β-phase field will presumably mostly control the room 

temperature martensitic or acicular α-phase (transformed β) texture, inherited from the 

high temperature β-phase texture through the Burgers orientation relationship. However, 

it should be considered that the remnant α at the (α+β)-phase regime may grow, at higher 

temperatures and hence could have an influence on preferential (non-random) variant 

selection during the subsequent β  α phase transformation [11].  

For a strong ‘texture memory’ effect or to maintain the parent phase texture through an 

αβα phase transformation, a strong variant selection is required during the phase 

transformation. Otherwise, when no variant selection occurs (i.e. if all variants possible), 

a significant randomization will occur [9,11]. Since the martensitic α-phase was formed 

from the high temperature βZr through the Burgers relationship, it is expected that after 

heat treatments the room temperature αZr texture is associated with the high temperature 

βZr texture.  



 

105 
 

 
Figure 3-10 Comparison of (110) βZr and (00.2) αZr pole figures at different heat treatments: (a), 

(b) and (c) represents the {110}β pole figures for ASR, AC-930 and WQ-930 respectively, (d) 

and (e) shows the (00.2) α pole figures for AC-930 and WQ-930 treatments repectively. The axial 

direction is vertical, hoop/transverse direction is horizontal and center is radial direction. 

 

Figure 3-10 a, b and c shows the room temperature (110) βZr pole figures (to which basal 

pole figure of α has the orientation relationship) for ASR, AC-930 and WQ-930 

treatments, which clearly indicates that the heat treatment (either WQ or AC cooling) did 

not result in any alteration/modification in the room temperature βZr texture. However, 

significant alteration observed in the (00.2) αZr pole figures both in the AC (Fig. 3-10 d) 

and WQ (Fig. 3-10 e) after α→β→α transformation, indicating cooling played the most 

effective role during this texture modification process. 
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Figure 3-11 Texture inheritance and variant selection in α→β→α transformation in Zr-2.5 Nb PT 

(hot-worked):(a) (00.2) pole figure of α phase of hot-worked Zr-2.5Nb PT material, (b) 

experimental (110)β phase texture at 975 °C, (c) predicted {110} β pole figure at 975 °C and (d) 

predicted α phase texture during cooling β→α [9].  

 

 

Daymond et al. [9] predicted the high temperature (at 975 C) β-phase texture of Zr-

2.5Nb PT material based on no variant selection from the room temperature α-phase 

texture, and obtained a result (Fig. 3-11c) similar to the room temperature β-phase texture 

observed in the current study in Figure 3-10 a to c (all the maxima at the axial direction 

are present). However, Daymond et al. predicted high temperature β-phase texture (with 

no variant selection condition) was quite different (two maxima at ~30° away from the 

axial direction observed) than the experimental high temperature β-phase texture (Fig. 3-

11b). Nevertheless, with the increase of stress constraint on selected variants in their 
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prediction, there was significant improvement between the model predictions and 

experimental high temperature β texture. Based on this observation, they have reported 

significant variant selection observed in Zr-2.5Nb PT material during heating from α→β 

transformation. Daymond et al. also predicted (using no variant selection) the α phase 

texture (Fig. 3-11d) during cooling (β→α) and observed that the (00.2) basal pole figure 

intensity in the similar positions they have been observed in their experimental α phase 

texture (after β→α transformation, not shown here), i.e., a good agreement between 

the predicted and experimental α-phase texture after cooling. This observation is 

perfectly identical to the current study for (00.2) basal pole figure of α-phase texture 

(after cooling), which is shown in Fig. 3-10 d and e. However, while the predicted high 

intensity locations for (10.0) and (11.0) pole figures are correct, the overall strength of 

the texture (β→α) in Daymond et al. work was underestimated if the model had no 

variant selection. However inclusion of selection of variants based on phase 

transformation stress substantially improved their prediction of the experimentally 

observed α texture. The starting (00.2) α-phase texture of the current study is similar to 

the (00.2) -phase texture of Daymond et al. and the resultant (00.2) -phase texture 

(α→β→α) which is inherited from the high temperature -phase after cooling is also 

quite similar to the resultant (00.2) texture of the Daymond et al. study. Thus, it is 

reasonable to assume that variant selection might also have occurred in the current study 

during the phase transformation (). Furthermore, it can be seen that the room 

temperature (110) β-phase texture of the ASR material (Fig. 3-10a) is very similar to the 

room temperature (110) β-phase texture (remnant) of the heat-treated materials (Fig. 3-10 

b or c).  In addition, comparing their (-phase texture) similarities to the predicted high 
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temperature -phase texture with no variant selection in Daymond et al. (Fig. 3-11c), it 

can be speculated that there were no new β grains formed with a different texture, which 

would be prohibited by epitaxial growth of the existing β-phase texture at high 

temperature. This is contrary to the Daymond et al. experimental observation for -phase 

texture; where significant variant selection was also reported during heating (). 

There are three possible reasons for this difference: (1) the Zr-2.5Nb PT had substantial 

cold-work dislocations present which might influence the subsequent transformation; (2) 

the alloying elements are different in the two alloys and the heating/cooling rates used are 

quite different which may also bias one method of transformation compared to another 

(growth vs nucleation) and (3) the starting β-phase texture of Zr-2.5Nb also looks 

different than the β-phase texture of the Zr-Excel materials (the strength in the axial 

direction and in the two maxima located around axial direction of the 110β pole figure are 

different, Fig. 3a in [9] and 3-10a). Thus considering that there is no or at most only weak 

changes in the β-phase texture that occur on heating, it can be suggested that the selection 

of variants in the  phase transformation which led to a texture with axial 

intensity in the (00.2) basal pole figure, has occurred during the β to α transformation on 

cooling.  

The extent of the texture inheritance from the parent texture strongly depends on the 

variant selection, the solution temperature, as well as on the composition of the alloy 

[9,11,17]. Hutchinson et al. [32, 33] have suggested that there are three possible sources 

for variant selection: (1) stresses generated by volume change (due to phase 

transformation, grain growth etc.) that are retained in the high temperature phase may 

bias the transformation behavior during cooling; (2) thin films of the initial phase 
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surrounding precipitates may remain untransformed at high temperature and eventually 

may act as a nuclei for growth during cooling; and (3) at high temperature, grain 

boundaries with optimal characteristics for nucleation of certain orientations may occur 

which can lead to select a specific variant during cooling. According to Romero et al. 

[11] the first two sources can be disregarded since at high temperature any stresses 

generated during heating would be relieved in the (extremely soft and recrystallized) β-

phase and it is likely that most of the precipitates will dissolve before the transformation 

temperature is reached. In the current study, if the first two sources for the variant 

selection are also disregarded then the observed variant selection could be caused by the 

nucleation on particular β-β grain boundaries. The α-phase of zirconium is highly 

thermally anisotropic; thus, during heating, stresses might be generated due to thermal 

anisotropy and these anisotropic thermal stresses could also generate a bias for the 

selection of variants [9]. On the other hand, since the β-phase is thermally isotropic, it is 

unlikely that thermal stresses will play a role selecting the initial variants formed during 

cooling [9].  

Romero et al [11] observed (in Zircaloy-2, 100% α at room temperature) that if the 

sample is only heated into the (α+β)-phase field, an almost perfect memory effect was 

seen upon cooling; the heating and cooling rates used were relatively rapid. Moreover, 

they also did not observe any variant selection upon heating into the β-phase regime, but 

did find variant selection during subsequent cooling, where the α inherited the high 

temperature β-phase texture selectively during the β→α phase transformation. In 

addition, they have reported that once the transformation temperature has well exceeded 

the β transus temperature then the final transformation texture (α→β→α) is weakened. 
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The probable reason for this texture weakening was reported as grain growth in the β-

phase, which in turn changed the grain boundary population. Daymond et al. [9] also did 

not observe any changes in the texture of Zr-2.5Nb PT material during heating into the 

(α+β)-phase region (below β transus) and then returning back to the ambient condition. In 

another work, Ibrahim and Holt [14] reported that Zr-2.5Nb PT material quenched from 

877 ˚C (α+β)-phase region shows all the maxima for all variants, i.e., weak variant 

selection (if any). This is contrary to the current study according to Fig. 3-10. However, 

Stanford et al.
 
[34]

 
reported variant selection in water-quenched (from the fully β-Ti) Ti-

6Al-4V alloy. Interestingly, in their study the texture of the quenched sample showed all 

the expected maxima; however the texture strength was significantly higher for some 

maxima indicating some variant selection. They found (from EBSD studies) multiple 

possible variants present inside individual prior β-Ti grains; however the area fraction of 

each variant was different. 

In the current study, it is expected that even at a higher solution temperature (below β 

transus temperature), a substantial amount of Zr will exist with the majority of material 

Zr, e.g., at 930 ˚C roughly 10-15% (in volume fraction) of Zr exists which remained 

untransformed (i.e., primary ) during heating and subsequent cooling. Romero et al. 

have suggested that the presence of untransformed α, even on the order of 1-2%, could be 

an important source of variant selection, since it would restrict the grain growth of β 

during heating. According to this observation, it is worth noting that 

retained/untransformed α (at high temperature) could also act as nucleation sites and will 

affect the variant selection.  
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Daymond et al. [9] reported preferred variant selection during heating (α→β), which they 

have hypothesized to be due to the interaction between thermal stresses produced in the 

α-phase along with the phase transformation strain, while during cooling proposed that 

(β→α) preferential selection was due to the transformation strain coupling to the 

anisotropic elastic moduli of the α-phase. Bate et al. [35] has also modelled such cooling 

induced variant selection of texture reasonably well, based on the elastic strain 

interactions caused by shape change between the neighbouring transformation products 

induced in a high temperature β-Ti matrix.  It seems likely that this is a possible 

mechanism for the variant selection that has been observed in the current heat-treated 

Excel PT materials. However, further studies such as in-situ texture measurements at 

elevated temperatures, estimating the transformation strain and their effect to the 

martensitic products during cooling and by constructing a model with reasonable 

selection criteria would provide a better understanding of the variant selection 

mechanism as well as the texture modification process in Excel alloy.  

Although variant selection might be occurring during cooling, the overall texture has 

nonetheless been relatively randomized (at higher solution treatment) compared to the 

initial strong transverse texture. Referring to Figures 3-7 to 3-9, it can be seen that 

starting with a strong transverse texture in the ASR material, an increase of solution 

temperature gradually increases the axial components in the basal pole figures and for the 

WQ treatment at ~915 °C to 930 °C the texture becomes nearly randomized. This effect 

of randomization seems comparatively weaker in the air-cooled treatment (Fig. 3-8a). By 

comparing the resolved fraction values in both air-cooled and water-quenched treatment 

(Fig 3-9) and contrasting their corresponding heat-treated micrographs (Fig. 3-4 or 3-5), 
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it can be expected that AC treatment is associated with significantly more diffusion based 

solute atom redistribution during cooling along with substantial grain growth. This may 

restrict the process required to drive the texture changes observed in the WQ treatment. 

Moreover, since preferential variant selection during cooling depends on the elastic strain 

interaction [9, 35] between the transformed products, there could be a threshold for this 

strain to allow for any substantial modification; slower cooling would give more time for 

strains to relax by diffusion.  

3.5 Conclusions 
In the current study, annealed Zr-Excel PT materials were water-quenched or air cooled 

after solution heat-treatments, at a range of temperature (mostly in the + phase 

transformation range where significant transformed β products are formed during 

cooling). The following results are observed: 

 No significant transformed β (or Widmanstätten structures) was observed below an 

875 °C solution temperature. -phase stabilizing elements e.g., Mo and Nb effects 

might be dominating up to ~875 °C, and above that temperature, their (β-

stabilizrs) effect may be weakened due to the low concentration present which 

allows more β to transform. 

 With an increase of solution temperature, transformed β or Widmanstätten 

structures were found to increase gradually in volume fraction for both water 

quenched and air-cooled samples. Widmanstätten structures with different 

morphologies were attributed to different solution temperatures, cooling rates or 

due to variations in composition of the alloy at the solution temperature. AC 

treatment was found to be less effective in terms of producing transformed β-
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phase, which might be associated with a diffusional cooling process, solute atom 

redistribution and grain growth. 

 Although, the higher solution treated microstructures are mostly comprised of 

transformed beta with little primary α, a measureable amount of remnant/retained 

β was also observed up to WQ-895 treatment.  

 ASR annealed Zr Excel PT materials show strong transverse textures, which after 

a thermal cycle () shifted gradually towards axial direction, with more 

shift with increasing solution temperature. WQ-930 treatment shows a relatively 

randomized texture, which is evidenced by the relatively uniform distribution of 

resolved fraction of basal poles towards all three directions of the tube. AC 

treatment shows this modification process less effectively than the WQ treatment, 

which could be explained by relatively more solute diffusion occurring; as well as 

growth of the αZr that might restrict any substantial modification of texture. 

 The final texture in the α→β→ transformation is inherited from the high 

temperature β-phase texture through Burgers orientation relationship. Notable 

variant selection has been observed and this selection seemed to occur during 

cooling. Based on the literature review, this selection of variants could be 

attributed to the elastic strain interaction between the neighboring transformed 

products (martensitic/acicular) and the high temperature β matrix. Thus, solution 

temperature, cooling rate, as well as the phase constituents e.g., β stabilizing 

elements, could play a significant role in variant selection.  
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 No significant changes have been observed between the room temperature ASR 

and post heat-treatment β-phase texture, suggesting minimal variant selection 

during heating.  
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Chapter 4  
Quantitative Characterization of the Microstructure of 

Heat-Treated Zr-Excel by Neutron Line Profile 

Analysis 

 

4.1 Summary 
Heat treatments in the (α+β) or β-phase temperature regime (solution treatments) and 

subsequent cooling induce significant microstructural changes in the dual phase (α-β) Zr-

Excel Pressure Tube (PT) material (Zr-3.5Sn-0.8Mo-0.8Nb). Using Transmission 

Electron Microscopy (TEM) and neutron diffraction line profile analysis, the 

microstructure (average sub-grain size, dislocation density and dislocation arrangement) 

of various solution treated, quenched and aged samples was quantitatively characterized, 

separately for the primary  and martensitic phases. It was found that with the exception 

of water quenching from 895 C (WQ-895), all the treatments used resulted in Zr-Excel 

having hcp  crystal structure for both the martensitic and primary α domains. The 

martensitic domains of WQ-895, despite the strong morphological resemblance to the 

pure  martensites, comprise of a mixture of  and metastable -phases. The solution 

treated and quenched Zr-Excel PT materials develop a dual structure composed of large 

equiaxed primary  grains having a highly correlated low density dislocation structure 

and large sub-grains (~300 nm), and large martensitic domains having a randomly 

arranged very high density dislocation structure and sub-grain size of ~30 nm. The 

significantly different microstructures of the primary and martensitic phase manifest in 

large differences in hardness and ductility. Due to this duality of the mechanical 
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properties, the solution treated and quenched Zr-Excel samples are analogous to metal 

matrix composites, where a softer ductile matrix contains a harder brittle reinforcing 

phase. 

4.2 Introduction 
The need for domestic energy security amidst the constantly growing global energy 

consumption has driven renewed interest in nuclear power. Life extension of current 

reactors and advanced nuclear reactor designs will push materials to unprecedented levels 

of radiation dose and operating temperature. The severe radiation environment present 

inside the reactor core gradually changes the microstructure of the alloys, eventually 

altering the mechanical properties and thus the deformation behaviour of the structural 

components. Experimental research directed at understanding microstructure property 

relations under extended or new operating conditions is required to safely predict the life 

of existing power plants and to realize the benefits of new advanced nuclear reactors. 

Besides exploring the behaviour of well-established structural materials under different 

operating conditions, there is interest in investigating the properties of new materials 

which are promising candidates for the nuclear industry. The experimental results can be 

used to develop and validate predictive computational models in order to expedite the 

development and incorporation of advanced materials into new reactor designs. 

Zirconium-based alloys are used as structural materials in nuclear reactors because of 

their advantageous mechanical properties along with low thermal neutron capture cross-

section [1]. For example, in CANDU reactors Zr-2.5Nb is used as a pressure tube (PT) 

material [2]. Zirconium (and titanium) exhibit (in their pure form) a hexagonal close 

packed (HCP) stable  phase at low temperature and body centered cubic (bcc) -phase 
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stable at high temperature. However, at a given temperature, alloying elements can affect 

the relative stability of these phases and produce a (+) dual phase regime at an 

intermediate temperature [3]. In the current CANDU PT fabrication route, cooling from 

extrusion to room temperature leads to a microstructure of hcp αZr and metastable bcc Zr 

[3]. It has been reported that, during the stress relief stage (400C for 24 hours) of the PT 

fabrication route, Zr partially decomposes into hexagonal Zr [4]. Besides the α, β and ω-

phase formation at different microstructural conditions, many authors [5, 6,7] reported 

the formation of hcp ά-phase in Zr and Ti based alloys from a high temperature β-phase 

during quenching through a martensitic transformation. 

The zirconium Excel (Zr-Excel) alloy was developed in the early 1970’s as a possible PT 

alloy for CANDU reactors in order to replace the cold-worked Zr-2.5Nb PT materials due 

to a perceived need for higher creep strength [2]. However, later it was suggested that Zr-

Excel may be more susceptible to hydrogen ingress than Zr-2.5Nb under CANDU 

operating conditions [8], which contributed to decreased interest in further research. 

Recently, the development of the Generation-IV Super Critical Water Reactor (Gen-IV 

SCWR) technology renewed interest in the high strength Zr-Excel alloy. Compared to the 

current CANDU fuel channel design, the proposed new generation reactors would 

employ Zr-Excel as structural material at a lower temperature (~100 °C), which ensures 

that hydrogen embrittlement is not a concern, thus making the high creep strength Zr-

Excel alloy a promising candidate as a new structural material [9].  

The Gen-IV fuel channel design has significant differences compared to the currently 

used CANDU-6 reactor design, as shown in Figure 4-1 [10,11]. One important aspect is 

that Gen-IV reactors require better dimensional stability under operating conditions. This 
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necessitates the development of a PT material which has a relatively weak (random) 

crystallographic texture in order to minimize the anisotropic deformation due to creep. 

The current fabrication route (at the extrusion step) of PT leads to a highly textured 

material; for the (00.2) poles in the α-Zr phase the maximum multiples of random 

distribution (mrd) is ~15 and for the (11.0) poles of the similar phase; the maximum mrd 

is ~8.5 [12]. The anisotropic deformation of PT mainly arises from this strong 

crystallographic texture, coupled with the anisotropy of the Zr α-phase.  

 
Figure 4-1  Comparison of fuel channel designs (schematic) in (a) CANDU-6, (b) High 

Efficiency Channel (HEC) and (c) Re-Entrant type fuel channels for CANDU-SCWR.  

 

Previous research [13] has shown that the strong transverse texture of the as-fabricated 

Zr-Excel PT can be partially randomized by solution treatments (i.e., heating to an 

elevated temperature in the α+β or at β-phase regime) followed by rapid cooling. It has 

been observed that the extent of this texture randomization strongly depends on the 

solution temperature, as well as on the cooling rates [13,14]. Figure 4-2 shows the 

modification of texture observed in the previous work [13] on heat-treated Zr-Excel PT 

materials, where starting from a strong transverse texture: the transverse components of 

the room temperature basal (00.2) pole figure shifted towards the axial direction with 

increasing solution temperature. The texture modification is accompanied by a 
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proportional change in the microstructure: the stronger the randomization of the texture, 

the higher is the volume fraction of the newly formed martensitic α (or ά)-phase 

compared to the primary -phase. At the solution temperature, the prior -phase will 

transform into -phase (partially or fully, depending on the solution temperature), which 

in turn will transform into martensitic  (ά) during rapid cooling. The texture of the 

martensitic α (ά)-phase has a direct correlation with the texture of the parent high 

temperature β-phase. This transformation of α→β→ά, occurs through the Burgers 

orientation relation of {110β ǁ {00.2}α, and <111>β ǁ <11.0>α[15].  

 
Figure 4-2  Effect of water quenching (WQ) treatment on the resolved fraction of (00.2) basal 

poles [13]. 

 

The primary objective of the current work on Zr-Excel PT material is to study the thermal 

creep behaviour as a function of the different textures/microstructures achievable by the 

heat-treatment. Although, thermal creep is primarily governed by applied stress and 

temperature, crystallographic texture along with the pre-existing dislocation structures are 
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important factors affecting magnitude and the anisotropic nature of the phenomenon [16, 

17, 18]. In order to better understand the deformation rate at various stress and 

temperature values, the initial microstructure (dislocation densities, grain size) has to be 

known, as it plays an important role. It has been shown that the solution treatments and 

the subsequent cooling sequences, besides changing the texture and the morphology of 

the grain structure, significantly alter the dislocation structure as well [19]. It has been 

reported that during the martensitic transformation, from body centered cubic (bcc) β to 

hexagonal close packed (hcp) α, high intergranular stresses build up in the polycrystal 

(given the anisotropic coefficient of thermal expansion (CTE) and elastic-plastic 

anisotropy of the -phase), which are relieved by plastic deformation [19]. Part of this 

plastic deformation is mediated by dislocation mechanisms, thus the applied heat-

treatments and cooling sequences, besides the pre-existing cold work, also might have a 

significant effect on the resulting dislocation structure and density [19]. 

Previous research on various Zr alloys has indicated that the initial dislocation structure 

has a significant effect on the thermal creep behaviour; in particular: (i) it has been 

reported that the amount of strain induced by in-reactor creep is strongly related to the 

amount of cold work present prior to service in the structural component, which is 

directly related to the density and distribution of dislocations [20]; (ii) Li et al. [21] 

studied the influence of pre-existing dislocation structures on the anisotropy of thermal 

creep of cold-worked Zr-2.5Nb PTs and reported that pre-existing anisotropic dislocation 

distributions in different orientations had a profound effect on the anisotropy of creep. Li 

et al.’s creep model for Zr-2.5Nb (SELFPOLY7-Q) which included the prior dislocation 

structures resulted in a significant improvement to the experiment results compared to the 
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previous model (SELFPOLY 7), which considered only texture as the source of 

anisotropy. Thus, quantitative information of the pre-existing dislocation structures is 

essential in improving the understanding of creep anisotropy.  

Banerjee et al. [6] reported significant martensitic transformation in Zr-Nb alloys 

quenched from β transus temperatures. Their work shows that the acicular martensitic 

structure exhibits internal twinning which leads to inhomogeneous shear strain. They 

have reported a regular dislocation structure inside the fine twins and the uniform nature 

of dislocations in the martensite plate may suggest that dislocations are produced due to a 

slip type shear contributing to the overall lattice deformation. Thus, microstructural 

alterations induced by solution treatments may generate non-diffusional products like 

martensitic structures, which may change the dislocation structure and induce 

inhomogeneous strain.  

Sattari et al. [14] studied the Zr-Excel alloy in order to determine the transformation 

temperature of α →β→α phase transition during heating and cooling. However, the study 

did not focus on characterizing the microstructural details of the transformed phase, such 

as the subgrain size of the phases, formation of twin boundaries or the dislocation 

structure in the martensitic phase. Another study by Sattari [22], investigates the 

mechanical properties of Zr-Excel samples subjected to various solution treatments and 

subsequent cooling routines. Although a comprehensive study of the mechanical 

properties was carried out on several heat-treated materials, these studies were not 

correlated to the heat-treated microstructures, due to the lack of sufficient microstructural 

information. Cheadle et al. [2] investigated the dislocation density and other 

microstructural information (e.g, grain size, crystallographic texture) in annealed Zr-



 

123 
 

Excel PT materials. In that study, they demonstrated the superiority of Excel PT materials 

to Zr-2.5Nb under varied fabrication process (e.g, varying the % cold-drawn, annealing, 

heat-treatment). However, the study did not analyze the microstructural evaluation at 

different heat-treatments in order to understand the characteristic behaviour of this alloy.  

Characterizing a microstructure with complex martensitic plates is always challenging 

due to their very small features, as well as because of the limitations of Transmission 

Electron Microscopy (TEM) and other microscopy methods in terms of statistical 

sampling. The present work employs neutron diffraction line profile analysis (DLPA) and 

TEM to study the microstructure of Zr-Excel. DLPA is able to quantitatively characterize 

the average microstructural features of a macroscopic volume of material, while TEM 

can show very detailed features in microscopic volumes. The two methods used together 

can provide a comprehensive characterization of the material. In the current study, it is 

aimed to evaluate the microstructural detail of heat-treated Excel PT materials 

qualitatively and quantitatively. It is believed that this analysis will not only benefit the 

understanding of the characteristic behaviour of Excel PT materials at different 

microstructures, but will also provide a general idea as to possible microstructural 

changes in other Zr-based materials under similar heat-treatments. 

4.3 Experimental 

4.3.1 Material  
The as-received (ASR) material for the present study was obtained from a Zr-Excel PT, 

manufactured by extrusion at ~850 C (at 10:1 extrusion ratio) followed by a 25% cold 

draw. The cold drawn tube was then annealed at 750 °C for 30 minutes and stress 

relieved at 400 ˚C for 24 hours.  
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The microstructure of the ASR material consists of Zr hcp (~80-85% of the total volume) 

as majority phase and Zr bcc (~15-20%) as the minority phase. The chemical 

composition of the ASR material is summarized in Table 4-1. 

Table 4-1. Elemental composition (wt%) of the As-Received (ASR) Zr-Excel PT material: [14]. 

 Sn Mo Nb O Fe H (ppm) Zr 

Specification 3.2-3.8 0.6-1 0.6-1 0.09-0.16 0.15 20 (<5) Balance 

Measured 3.39-

3.68 

0.77-

0.81 

0.75-

0.77 

0.11 0.09-

0.13 

≤5 ppm Balance 

 

4.3.2 Sample preparation 
Specimens of 10x10x4.3 mm3 were cut from the pressure tube (parallel to the axial 

direction) using a low-speed diamond saw. All samples were wet polished using P200 

SiC paper to grind off the black oxide layer (appeared after annealing treatment in the 

fabrication route) prior to the heat-treatments. In order to observe the temperature of the 

samples during heating and cooling, an Omega K-type Super OMEGACLAD® XL (an 

Inconel alloy) sheathed thermocouple was inserted into a drilled hole in the samples and 

monitored via a Labview program. The samples were heated in a flowing Argon 

environment inside a quartz tube in a LINDBERG/BLUE Mini-MiteTM tube furnace. 

The heat treatments were conducted using various schedules involving heating into the (α 

+ β)Zr or βZr-phase regions. After the solution treatments, the specimens were removed 

from the furnace and were water-quenched (WQ). According to the previous study [13], 

water quenching from solution temperatures between 895 °C to 930 °C significantly 

weakens the strong initial ASR texture, as can be seen in Figure 4-2. Water quenching 

from higher solution temperatures than 930C does not have any substantial influence on 
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the resolved fraction of the texture components (Figure 4-2); therefore most of the 

microstructure characterization (using DLPA and TEM) in the present work was 

conducted on samples subjected to solution treatments between temperatures of 895 °C to 

930 °C. Additionally, for every sample treated between 895 and 930 °C and water-

quenched, an aged sample was also fabricated; the aging of the WQ samples was for two 

hours at 500 °C. Aging is known to increase the ductility of the brittle WQ materials to 

some extent, which improves the industrial applicability of such materials. Aldridge et al. 

[23] reported substantial microstructural changes in heat-treated and aged (below 600 °C) 

Zr-2.5Nb PTs materials which correlate with observed changes in mechanical behaviour. 

Thus, the present work will also investigate how the aging treatment affects the water-

quenched Zr-Excel PTs at a microstructural level. 

4.3.3 Characterization Methods 

4.3.3.1 Metallography and Microscopy 
The samples were wet polished with silicon carbide papers down to P1200 grit and then 

swab etched by attack polisher (solution of 5% HF, 5% HNO3, 5% H2O2 and 85% 

distilled water) with 0.05μm colloidal silica at an approximate ratio of 1:4 in order to 

prepare them for Optical Microscopy (OM). However, owing to the fine structure of the 

microstructures, optical microscopy was of limited use, apart from revealing the general 

grain shape and grain growth (after solution treatment). Due to the small length scale of 

the microstructure, details were better revealed by Transmission Electron Microscopy 

(TEM) and Scanning Transmission Electron Microscopy (STEM). In order to prepare 

TEM/STEM specimens, the heat-treated samples were first cut into thin slices (200-

300μm) using an Accutom-5TM precision cut-off saw, followed by hand grinding on 

P1200 SiC to 70-80 μm, and as a final step 3mm wide disks were punched from the slices 
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(foil normal is along the axial direction of the tube).  After thinning through mechanical 

polishing, samples were further thinned electro-chemically using a solution of 10% 

Perchloric Acid and 90% Methanol at -45 °C in a TenuPol-5™ twin-jet electro-polisher. 

The TEM and STEM analysis has been conducted using a FEI Technai Osiris instrument. 

4.3.3.2 Neutron and X-ray Diffraction 
The neutron diffraction patterns intended for diffraction line profile analysis (DLPA) 

were collected using the Neutron Powder Diffractometer (NPDF) at the Los Alamos 

Neutron Science Center (LANSCE) [24]. NPDF is a time-of-flight (ToF) diffraction 

instrument equipped with 8 detector banks positioned at various 2θ angles. Banks 7 and 

8, located at the highest 2θ = +/- 148˚ angle, have the lowest instrumental broadening 

compared to the other banks, thus data from these banks was used for DLPA. The low 

instrumental broadening and the high signal-noise ratio available at NPDF makes the 

diffractometer a good instrument to perform measurements specifically intended for line 

profile analysis [25,26,27]. The diffracting volume of the Zr-Excel samples was in the 

order of ~1 cm3, ensuring that the microstructural parameters determined by DLPA are 

statistically representative of the bulk. 

Full pattern Diffraction Line Profile Analysis was applied to extract the quantitative 

microstructure values from the neutron diffraction measurements [28]. The reflections of 

the solution-treated Zr-Excel samples broadened significantly due to the size effect of the 

dislocation cells/sub-grains and the lattice distortions induced by dislocations. The 

broadening caused by size is fundamentally different than the broadening caused by 

dislocations, both in terms of peak shape and in terms of hkl Miller-index dependence 

[29]. Because of this, modern whole pattern line profile analysis (DLPA) methods are 

able to determine with high confidence the microstructural parameters of the material by 



 

127 
 

matching the measured pattern with a calculated one based on physical microstructural 

models. The calculated diffraction pattern is the mathematical convolution of different 

theoretical profile functions originating from various microstructural features and the 

convolution of the measured instrumental effects on broadening. The calculated pattern is 

fitted to the full measured diffraction pattern by a non-linear least-squares algorithm 

while the microstructural parameters are refined [29]. In the present case, the 

Convolutional Multiple Whole Profile (CMWP) software package was used to perform 

the full pattern DLPA in order to evaluate the neutron diffraction patterns [30]. Outputs 

from DLPA are defect statistics, such as the average size of the coherently scattering 

domains, dislocation density, dislocation character (ratio of the sub-densities having <a>, 

<c+a> and <c> Burgers vectors) and dislocation arrangement [28, 29,31]. The 

instrumental peak profile widths and shapes were determined using a coarse grained, 

strain and dislocation free NIST standard Si powder sample [30,32]. In the case of 

plastically deformed metals, it has been demonstrated that the coherently scattering 

domains correspond to dislocation cell structures and/or to subgrains, i.e., the fine 

structure within ‘conventional’ grains [33]. Based on Equation 7 in Rafaja et al. [34] 

(Sin
2
 φ = 1-Cos

2
φ = 1-[(h+k+l)/(h

2
 + k

2
+ l

2
)
1/2

x(3)
1/2

)]
2
, where φ is the angle between the 

lattice planes), it can be estimated that the misorientation sensitivity of diffraction line 

profile analysis methods between subgrains is on the order of 1˚ and 0.1˚ for average 

domain sizes of ~30 nm and ~300 nm, respectively. In the present manuscript the 

coherently scattering domain size will be referred to as the sub-grain size.  

In addition, a synchrotron X-ray diffraction pattern was measured with a very high 

signal-noise ratio on the ASR Zr-Excel material in order to identify the minority phases 
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initially present in the material. The diffraction pattern was collected at the 33-BM 

instrument at the Advanced Photon Source, Argonne National Laboratory (APS ANL) 

with a wavelength of 0.07208 nm [35]. 

4.4 Results 

4.4.1 As-Received Zr-Excel 
The ASR material consists of equiaxed α-phase grains and surrounded by a thin network 

of β-phase grains (Fig.4-3). At higher magnification, TEM reveals a significant amount 

of metastable ω-phase which is present almost everywhere where β can be found.  

 
Figure 4-3 TEM images showing the details of typical microstructure of ASR Zr-Excel PT (a) 

Dual phase (α-β) microstructure where ‘A’ represents α-phase and ‘B’ represents β-phase, (b) 

Dislocations in the ASR microstructure, marked as ‘C’, (c) metastable ω-phase embeded in the β-

phase. The circle marks the area used for Selected Area Diffraction (SAD) and (d) Selected Area 

Diffraction (SAD) pattern from the ω rich β-phase. TEM foil normal is along the axial direction 

of the PT. 
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Figure 4-4 STEM-EDX mapping compares the elemental distribution in the ASR microstructure. 

TEM foil normal is along the axial direction of the PT. 

 
The co-existence of ω and β has been confirmed by the selected area diffraction (SAD) 

pattern shown in Figure 4-3d. As mentioned earlier, the presence of the ω-phase might be 

attributed to the stress relieving step in the fabrication route due to the decomposition of 

βZr-phase [4]. The metastable, coherent hexagonal ω-phase may form either thermally or 

athermally over a range of alloy compositions [36]. A qualitative assessment based on the 

images such as Figure 4-3b indicates that the dislocation density in the -phase is in the 

order of magnitude of 10
13

-10
14

 m
-2

; a quantitative value will be provided by DLPA. The 

elemental distribution in the ASR Zr-Excel material was mapped using Scanning 

Transmission Electron Microscopy (STEM) Energy Dispersive X-ray Spectroscopy 

(EDX) to estimate the compositional variation in the α and β phases (Fig. 4-4). Since Sn 

is an α-stabilizer [37], the Sn is homogenously spread within the α-phase and is depleted 

in the ω enriched β-phase. Fe, considered a β-phase stabilizer [37], is segregated in the β-
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phase and it is enriched at the α/β grain boundaries. The major alloying elements (in 

Excel) Mo and Nb are also β stabilizers [37] and have been enriched in the β-grains, 

especially near the grain boundaries.  

Synchrotron X-ray diffraction of the ASR Zr-Excel material confirmed the presence of 

the  and -phases detected by TEM (Fig. 4-3 c, d). Figure 4-5 shows that the intensity 

of the reflections corresponding to the minority  and -phases are 1-2 orders of 

magnitude lower than the intensity corresponding to the majority -phase, as expected 

from the phase volume fractions (~80-85% of α) determined using microscopy (TEM).  

 
Figure 4-5 The synchrotron X-ray diffraction pattern of the ASR Zr-Excel shows the presence of 

minority β and ω-phase. The unlabeled high intensity reflections belong to the majority α-phase.  
 

The minor phases have different structures: -phase is body centered cubic (bcc) while 

the -phase is hexagonal, though the crystal structure of  and  are related, as described 

in detail in refs. [38,39,40]. Due to this crystallographic relationship, in a polycrystal 

diffraction pattern every  reflection will have one or more  reflections close by, as 

Figure 4-5 shows – depending on which  variants are formed. The distance between  
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and neighbouring  reflections is small enough that these will significantly overlap, 

which in certain cases might lead to difficulties in phase identification. In order to 

demonstrate the existence of -phase along with  in the synchrotron data one has to 

look for the reflections of  which do not have neighbouring  peaks. In the X-ray 

diffraction pattern of the ASR Zr-Excel (Fig. 4-5) such  reflections can be clearly 

identified: 11.1, 00.2, 11.2 and 30.2, are used to detect the presence of -phase in the 

solution-treated and water-quenched materials, and it is these same reflections which are 

used in the neutron diffraction LPA measurements.  

 
Figure 4-6  Williamson-Hall plot comparing the peak-widths of the prior α-phase reflections from 

the ASR Zr-Excel material (open squares) to the instrumental broadening of the NPDF instrument 

(full circles). The small, but clearly visible broadening of the Zr peaks compared to the 

instrumental baseline qualitatively indicates the presence of a low density of lattice defects. 
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In order to qualitatively assess the broadening of the -phase peaks a Williamson-Hall 

(WH) plot was constructed (Figure 4-6), where the Full Width Half Maxima (FWHM) 

(measured with the FityK software [41]) of the reflections are presented as a function of 

their position [42]. As might be expected, given a final annealing step in the 

manufacturing process, the peak broadening from the ASR Zr-Excel α-phase is close to 

the instrumental broadening of the NPDF instrument. The relatively small difference 

between the measured and instrumental broadening suggests the presence of a low 

density of lattice defects in the -phase, in good agreement with the TEM images shown 

in Figure 4-3(b). The quantitative microstructural evaluation was performed using the 

CMWP whole pattern diffraction line profile analysis (DLPA) software using 15 -phase 

peaks. The / reflections partially overlapping with -phase peaks were also fitted with 

theoretical functions in order to minimize their impact on the accuracy of the results. 

However, the microstructure of the  and -phases were not evaluated due to low signal-

noise ratio corresponding to their low intensity.    

Figure 4-7 presents, both in linear and logarithmic intensity scale, a zoom-in to the NPDF 

diffraction pattern of the ASR Zr-Excel evaluated using the CMWP method. The open 

circles, the continuous line and the dotted line represent the measured data, the fitted 

theoretical diffraction pattern and the difference curve, respectively. The microstructural 

parameters obtained for the -phase of the ASR Zr-Excel are shown in the first row of 

Table 4-2: the area weighted average sub-grain size is 330 ± 30 nm, the dislocation 

density is 1.1 ± 0.5 x 10
14

 m
-2

 and the dimensionless Wilkens arrangement parameter is 

0.8 ± 0.1. The average spacing between the dislocations (defined as 1 √𝜌⁄  ) is 95 ± 20 

nm, which is roughly 3 times smaller than the average sub-grain size. The value of the 
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Wilkens arrangement parameter suggest a highly correlated dislocation structure having a 

low configurational energy, which is in good agreement with the fact that the material 

was subjected to annealing as the last step (before the stress relieving) of the 

manufacturing process. At the elevated temperature of the annealing (750 °C), thermally 

activated dislocation motion facilitates the rearrangement of the non-recovered defect 

structure to a state of lower configurational energy. 

 
Figure 4-7  A zoom-in to the neutron diffraction pattern of the As-Received Zr-Excel material 

modeled by the CMWP software in (a) linear and (b) logarithmic intensity scale. The open 

circles, the continuous line and the dotted line represent the measured data, the fitted theoretical 

diffraction pattern and the difference curve, respectively.   
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Table 4-2 Microstructural results for the as-received and solution treated Zr-Excel samples 

provided by the CMWP evaluation of the neutron diffraction data: 

 

 

4.4.2 Zr-Excel with modified microstructures 
As discussed in the Introduction, one goal of the solution treatments is to randomize the 

strong as-manufactured texture of the Zr-Excel pressure tube material. The texture of the 

as-manufactured pressure tubes causes anisotropic creep deformation, which is 

sometimes an unfavourable behaviour for a structural component. The solution treatment 

and subsequent quenching partially randomizes the texture during the transformation of 

part of the primary grain structure into martensitic features, with a resultant decrease in 

the anisotropy of the material. The extent of the transformation can be controlled by 

tuning of the solution temperature (Figure 4-2) and the rate of cooling. The solution 

treatment and subsequent quenching, besides partially randomizing the texture, increases 
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the hardness and decreases the ductility of the material [22]. The ductility can be 

improved by aging the solution treated material, i.e. applying short heat treatments at 

temperatures well below the α→β transformation temperature [14, 23].  

 

Figure 4-8 STEM-EDX mapping compares the elemental distributions for different heat 

treatments (a) WQ-895, where ‘A’shows the primary α and ‘B’ shows the martensitic features, 

(b) WQ-895  and Aged, where ‘C’ shows the martensitic α or ά, (c) WQ-930 Aged. TEM foil 

normal is along the axial direction of the PT. 

 

To investigate the relationship between the mechanical properties and the microstructure, 

as-received Zr-Excel material was subjected to solution treatments at 895 ˚C or 930 ˚C, 

and then water quenched (WQ). Some of the material was then additionally aged at 500 
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˚C for 2 hours. Hence, 4 types of Zr-Excel samples were produced: (i) solution treated at 

895 ˚C and water quenched (WQ-895); (ii) solution treated at 895 ˚C; water quenched 

and aged (WQ-895 Aged); (iii) solution treated at 930 ˚C and water quenched (WQ-930); 

(iv)solution treated at 930 ˚C, water quenched and aged (WQ-930 Aged). The 

microstructure of these samples was investigated by TEM and neutron diffraction line 

profile analysis. Figure 4-8 shows the STEM-EDX mapping of these heat-treated 

materials, where the elemental distributions of the major alloying elements of the alloy 

are presented. 

4.4.2.1 Solution treated Zr-Excel at 895 ˚C and Water Quenched (WQ-

895) 
As-received Zr-Excel that has been solution treated at 895 ˚C and water quenched, 

develops a composite structure consisting of equiaxed grains (primary phase) and 

martensitic domains, as shown in Figure 4-9a. From a rough estimation of the TEM 

images, it can be seen that the equiaxed grains (primary α) represent around 20%-25% of 

volume fraction; the rest is martensitic phase.  

 

Figure 4-9 The WQ-895 sample has a dual-phase structure (a) being a mixture of primary α-phase 

grains shown as ‘A’ and martensitic domains of ω and α-phase shown as ‘B’,  (b) dark field TEM 

image showing the presence of ω-phase in the martensitic domain structure and(c) SAD pattern 

from the martensitic domain. The circle in the (b) indicates the area where the SAD pattern 

shown in (c) was collected. The SAD pattern consist of overlapping diffraction patterns 

corresponding to  (green, dash-dot arrows) and -phase (red, dotted arrows). TEM foil normal 

is along the axial direction of the PT. 
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It can be seen from Figure 4-9b that the ω-phase is dispersed in the martensitic plates and 

the SAD pattern (Fig. 4-9c) on this image also confirms the co-existance of hexagonal ω 

and hcp α. This may indicate that the martensitic phase is a mixture of hcp α (red dotted 

line) and ω crystal structure (green dotted line), contrary to the expectation of being 

entirely hcp  in the martensitic domain. 

Neutron diffraction data collected using the NPDF instrument confirms the TEM 

findings: Figure 4-10 shows the diffraction pattern of WQ-895 having secondary phase 

reflections at positions corresponding to the  and  structures. As discussed in 

connection to Figure 4-5, all the  reflections are located close to  ones; thus the pattern 

shown in Figure 4-10 confirms the existence of the -phase but it does not rule out the 

presence of  (higher symmetry than , hence no unique peaks).  

 
Figure 4-10 Neutron diffraction pattern of WQ-895 collected using bank #6 of the NPDF 

instrument. The position of the peaks confirm the presence of α and ω-phase, but does not rule 

out the presence of β-phase. 
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In order to determine with more confidence the presence or lack of -phase in WQ-895, 

the / peak located at K = 1/d = 5.6 nm
-1

 is compared in Figure 4-11 to its 

corresponding reflection from the ASR Zr-Excel, both recorded using the medium 

resolution bank (#6) of the NPDF instrument. The peak corresponding to the as-received 

material is the sum of the overlapping  20.1 and  200 reflections, as Figure 4-5 also 

shows.  

 
Figure 4-11  Comparison of secondary phase peaks in the neutron diffraction pattern of as-

received and WQ-895. While the as-received Zr-Excel has both β and ω-phase, it is likely the 

WQ-895 has only ω phase and does not contain a detectable amount of β. 

 

The neutron diffraction measurement shown in Figure 4-11 had a different geometry than 

the X-ray measurement shown in Figure 4-5. Moreover, the structure factors of neutron 

diffraction and X-ray are also different, thus the relative intensities of the  20.1 and  

200 reflections are different, but the doublet nature is still visible. The peak 

corresponding to the WQ-895 is located exactly at the position of the  20.1 reflection 
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with no visible indication of a doublet peak structure, suggesting that there is no 

detectable amount of -phase present in the WQ-895 sample. The bcc -phase has not 

been seen during the TEM investigations either. This implies that during quenching, the 

-phase transformed to a martensitic structure consisting of a mixture of hcp  and of 

metastable -phases. However, an insignificant amount of residual -phase might still 

exist in WQ-895, below the detection limit of both the applied neutron diffraction and 

TEM methods.  

The formation of metastable ω during quenching is also reported in the study of Silcock 

et al. [43] who first discovered the formation of ω-phase in Ti alloys (Ti 13%Mo and Ti 

29% V) upon quenching from a high temperature (~1250 ˚C) β structure. Silcock et al. 

[44] also described the relation between β and ω structures where (10.0)ω ǁ (112)β, has a 

similar atomic arrangements to the (10.0)α plane and needs only an expansion of ~4 

percent in the [00.1]ω direction and ~2 percent in the [12.0]ω direction to make 

coincidence. Wenk et al. [40] also had a similar observation during their study on the in 

situ crystallographic orientation development and changes during α to ω and ω to α 

transition in Zr alloys. Moreover some other authors described this hexagonal ω as a 

distorted bcc structure which can be achieved by displacing atoms in an α structure 

[45,46]. Thus the formation of ω-phase, by quenching from high temperature in the 

current study, is not unexpected.  

STEM-EDX mapping (Fig. 4-8a) for WQ-895 treatment shows quite similar elemental 

distribution for primary α as it has noticed in the ASR materials and the solute 

enrichment in the martensitic features is similar to the enrichment in the β-phase. 
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However, solute contents - specifically β-stabilizing Nb and Mo seem to have diffused 

out quite considerably from the β-phase compared to the ASR.  

 

 
Figure 4-12 Williamson-Hall plot showing the hcp-α reflections having similar broadening in the 

case of both the ASR (open squares) and WQ-895 (open circles) materials. The small, but clearly 

visible broadening of the Zr-Excel peaks compared to the NPDF instrumental baseline (full 

circles) qualitatively indicates the presence of a low density of lattice defects, however there is no 

statistical difference between ASR and WQ-895 results. 

 

The reflections corresponding to the -phase are relatively narrow and as Figure 4-12 

shows, have widths similar to the peaks of the ASR Zr-Excel. The Williamson-Hall 

(WH) plot in Figure 4-12 qualitatively demonstrates that the microstructure (i.e. sub-

grain and dislocation structure) of the -phase in the as-received and WQ-895 Zr is quite 

similar. The quantitative evaluation of the WQ-895 neutron diffraction pattern using 

CMWP confirms this similarity: for both as-received and WQ-895 -phase, the average 
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sub-grain size is in the range of ~300 nm and the dislocation density is in the range of 

~10
14

 m
-2

 (Table 4-2). The analysis did not reveal any quantifiable contribution to the 

peak shape and peak broadening from fine structured microstructural features of -phase, 

which would be expected to be seen, given that the martensitic phase is shown by the 

TEM to be partially -phase. This suggests that, in the case of WQ-895 the volume 

fraction of the martensitic  (ά)-phase could be too low to give a detectable signal 

relative to the strong peaks of primary α, i.e. insufficient to stand out from the statistical 

noise and the background in the neutron diffraction measurements. 

4.4.2.2 Solution treated Zr-Excel at 895 ˚C, Water Quenched and Aged 

(WQ-895 Aged) 
Solution treated and quenched Zr-based materials are hard but brittle [14, 19, 22], which 

limits their industrial applicability. The ductility can be improved by aging the material, 

i.e. annealing it for a few hours at a low enough temperature to avoid recrystallization. 

The WQ-895 sample has been aged at 500 C for 2 hours and investigated with TEM and 

neutron diffraction line profile analysis to explore how the microstructure is affected by 

this procedure. 

 

Figure 4-13 The microstructure of the WQ-895 Aged Zr-Excel as shown by TEM (a)The material 

consists of equiaxed primary a grains and a martensitic phase, (b)martensitic plate like structures, 

(c) SAD reveals that the martensitic phase has a hcp-a microstructure, no  crystal structure is 

detected. TEM foil normal is along the axial direction of the PT. 
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Figure 4-13 shows that the morphology of the grain and domain structure of the aged 

material is similar to the non-aged case, except for somewhat sharper grain boundaries 

and cleaner primary α. The large equiaxed primary  grains have a low dislocation 

density, and are surrounded by martensitic domains. Even though the images in Figure 4-

9a and Figure 4-13a look similar, SAD reveals a significant difference: the martensitic 

domains have  crystal structure and no -phase is detected, in contrast to the - 

mixture seen in the non-aged sample (Fig. 4-9). 

Neutron diffraction further confirms the absence of -phase Figure 4-14a and 4-14b 

compare the patterns of the WQ-895 and WQ-895 Aged samples and it is clearly seen 

that all the  reflections visible in the non-aged patterns are missing or are practically 

indistinguishable from statistical noise. This indicates that the metastable hexagonal -

phase (martensitic) transformed into the stable hcp-martensitic  (ά)-phase during the 

aging process. A similar → phase transformation induced by annealing has been 

investigated in detail using in-situ X-ray diffraction by Brown et. al. in a two-phased / 

microstructure of shocked high purity Zr [47]. Figure 4a in [47] shows that the 

transformation of  into  starts at temperatures as low as ~200 ˚C and the Zr sample is 

fully transformed to -phase around ~330 ˚C. In the case of Zr-Excel, the solute elements 

may influence the thermal stability of the -phase, but nevertheless the aging at 500 °C 

for 2 hours fully transforms the -phase detected in the martensitic domains into -

phase.  
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Figure 4-14 Comparing the NPDF bank#7 patterns of WQ-895 and WQ-895 Aged reveals that all 

the ω reflections visible in the non-aged patterns are missing or are reduced to undetectably low 

intensities due to aging. Additionally, the α reflections develop a bimodal structure due to the 

aging process, which can be explained by the dual grain structure of the sample consisting of the 

 structured primary and martensitic domains. The diffraction patterns are split up on two 

logarithmic plots for better clarity. 

 

Besides the disappearance of the  reflections, the comparison of the neutron diffraction 

patterns before and after aging reveals a shape change in the -phase reflections which is 

induced by the aging. By plotting the pattern on a logarithmic scale (Figure 4-14a) it can 

be clearly seen that the  reflections become wider at the lower intensity regions. A 



 

144 
 

closer investigation reveals that the WQ-895 Aged  reflections can be interpreted as the 

sum of a narrow and a wide peak. These peak shapes can be described as the 

superposition of two whole diffraction patterns both corresponding to the hcp -phase, 

one having narrow and the other wide reflections. The dual grain structure of the sample 

explains this bimodal character of the pattern: the narrow reflections originate from the 

equiaxed primary  grains as they have a low dislocation density, while the wide 

reflections stem from the fine structured martensitic  (ά)-phase which induces 

significant peak broadening.  This bimodal character of the  reflections develops after 

the aging process and coincides with the disappearance of the  reflections, because the 

volume fraction of the martensitic  (ά)-phase increases significantly as the material 

having an  crystal structure transforms to . Due to small differences in the lattice 

parameter of primary  and martensitic  (ά), induced by different solute element 

concentrations, the position of the narrow and the wide components will not coincide 

exactly. Possibly residual intergranular stresses between the two phases could also cause 

minor shifts between the lattice parameters of the two components. 
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Figure 4-15  The bimodal peaks corresponding to the primary α and martensitic α (ά)-phase of the 

WQ-895 Aged sample (NPDF, bank#7) are modeled by the CMWP software as the sum of two 

full diffraction patterns both having an α crystal structure but having a different sub-grain and 

dislocation structure. In total 7 reflections were used, here the 10.2 (a), 11.0 (b) and 10.3 (c) are 

shown here. The measured data (open circles) is modeled by the theoretical pattern created for the 

primary  (long dashed line) and martensitic  (ά) (short dashed line). As the difference curve 

shows, the summed theoretical pattern (continuous line) fits well (the deviation from the 

measured pattern is small) the measured data indicating the reliability of CMWP results. 
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Since the bimodal pattern is the sum of two very different set of peaks, one narrow 

corresponding to the primary  and one wide corresponding to the martensitic  (ά)-

phase, their microstructure can be individually evaluated by modeling the theoretical 

diffraction pattern as the sum of two phases both having an  crystal structure but 

different populations of sub-grains and dislocations. Figure 4-15 shows three bimodal 

reflections as a sum of two peaks, one belonging to the diffraction pattern of the primary 

 and one to the martensitic  (ά), modeled by the CMWP line profile analysis software. 

In total 7 peaks have been modeled, and the microstructural parameters for the primary 

and martensitic  (ά) are presented in Table 4-2. For the primary  of WQ-895 Aged the 

area weighted average sub-grain size is 252 ± 25 nm, the dislocation density is 0.4 ± 0.5 x 

10
14

 m
-2

 and the dimensionless Wilkens arrangement parameter is 1.1 ± 0.5. These values 

are very similar to the microstructural parameters found for the  phase of the ASR Zr-

Excel material and for the primary -phase of the non-aged WQ-895 sample. However, 

the martensitic  (ά)-phase has a very different microstructure: the area weighted average 

sub-grain size is 36 ± 5 nm, the dislocation density is 57 ± 5 x 10
14

 m
-2

 and the 

dimensionless Wilkens arrangement parameter is 6.3 ± 0.6. The average sub-grain size is 

an order of magnitude smaller in the martensitic  (ά) than in the primary , and the 

average spacing between the dislocations (defined as 1 √𝜌⁄  ) has also decreased by an 

order of magnitude: 160 ± 100 nm for the primary  and 13.2 ± 0.6 for the martensitic  

(ά), which is roughly 3 times smaller than their corresponding average sub-grain size. 

There is also a significant difference in the resulting Wilkens parameters, showing that 

the dislocation structure of the martensitic  (ά) has a much more randomized 
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arrangement (i.e. has a higher configurational energy) than the dislocations of the primary 

-phase.  

 
Figure 4-16 The Williamson-Hall plot (for Aged WQ-895) corresponds to the theoretically 

modeled diffraction patterns of the primary  (open squares) and martensitic  (ά) (open circles) 

phases using the CMWP software. The instrumental broadening of the NPDF neutron diffraction 

instrument is shown by the full circles. 

 

 

Figure 4-16 shows the Williamson-Hall (WH) plot corresponding to the theoretically 

modeled diffraction patterns of the primary  and martensitic  (ά)-phases using the 

CMWP line profile analysis software. The big differences in the microstructural results 

obtained using CMWP are illustrated well by the large differences in peak broadening. 

The peak widths of the primary  component behave similarly to the WH plots of the -

phase found in the ASR and in the WQ-895 non-aged material (Fig. 4-12), while the 

reflections of the martensitic  (ά)  components are much broader and also show a strong 
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strain broadening anisotropy typical of materials with a high dislocation population [48]. 

It can be seen that (Fig. 4-16) the 00.2 and 00.4 peaks of the martensitic  (ά) are 

significantly less wide than the other non-basal reflections. This indicates that the 

dislocation structure in the martensitic phase consists primarily of <a> type Burgers 

vectors, as their contrast factor is negligibly small for basal reflections; thus their 

presence would not cause significant broadening of 00.x type directions. 

4.4.2.3 Solution treated Zr-Excel at 930 ˚C and Water Quenched (WQ-

930) 
The WQ treatment at 930 ˚C, resulted in a higher volume fraction (~85-90%) of the 

martensitic phase. The TEM images in Figure 4-17 show that the grain structure of the 

WQ-930 sample also consists of large equiaxed primary  grains having a low 

dislocation density surrounded by a matrix of fine structured martensite, similarly to the 

WQ-895 sample. However, the SAD pattern of the martensitic phase (Fig. 4-17c) clearly 

shows that the hcp α crystal structure dominates, though some faint retained ω reflections 

might be visible. The absence of  crystal structure is also confirmed by the neutron 

diffraction patterns. 

 

Figure 4-17 The grain structure of the WQ-930 sample where (a) shows the presence of primary 

and martensitic α marked as ‘A’ and ‘B’ respectively, (b) shows the abundance of martensitic 

α(ά), which has a fine multi-twinned structure, (c) shows the SAD pattern from the region ‘C’ 

indicated on (b) showing that the martensite has an hcp  crystal structure, which is confirmed 

also by neutron diffraction. TEM foil normal is along the axial direction of the PT. 
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Figure 4-18 shows the diffraction pattern collected on the medium resolution bank #6 of 

the NPDF instrument, indicating where the positions of the  and -phase peaks would 

be. Based on the pattern one can conclude that no detectable amount of  or  is seen in 

the WQ-930 non-aged sample, in contrast to the WQ-895 non-aged sample shown in 

Figure 4-10. Thus, the high temperature -phase present at the solution temperature is 

directly transformed into martensitic α (ά) during quenching. A possible reason for this 

complete martensitic α (ά) formation from β could be due to the concentration reduction 

in the β stabilizing Mo and Nb elements that occurs in the β-phase at higher solution 

temperatures (since there is a fixed amount of Mo/Nb available, but a larger volume of β-

phase), which leads to a higher starting temperature of martensite transformation (Ms) 

and increased the gap between Ms and end of martensitic formation temperature (Mf) 

[14]. Water quenching from the higher solution temperature resulted in a more 

pronounced peak broadening compared to the WQ-895 Aged case, due to the 

significantly higher volume fraction of the martensitic  (ά)-phase present in this sample.   

As shown above, the  and  peaks found in the as-received Zr-Excel (ASR) and the  

peaks found in the non-aged WQ-895 material are missing in the case of non-aged WQ-

930, which implies the completeness of the transformation from → during cooling 

from the relatively higher solution temperature. Although both non-aged WQ-895 and 

WQ-930 samples show quite similar martensitic features in the TEM images, due to 

different solution temperature their crystal structure evolved differently as evidenced by 

Figure 4-10 and Figure 4-18. 
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Figure 4-18 Neutron diffraction pattern of WQ-930 collected using bank #6 of the NPDF 

instrument. Only the presence of -phase is confirmed, there is no conclusive signal from the  

and -phase. The grey / and  labels indicate the expected positions of the  and  peaks. 

 

 

Due to the dual grain structure of the WQ-930 material, consisting of the coarse grained 

primary  and the fine structured martensitic , the  peaks have a characteristic bimodal 

shape, similar to the case of WQ-895 Aged sample. These shapes can be described as the 

superposition of two whole diffraction patterns both corresponding to the hcp -phase, 

one having narrow and the other wide reflections originating from the primary  and 

martensitic  (ά), respectively. Since the volume fraction of the martensitic grains is high 

in the present case, the area of the wide peak component is much larger than the narrow 

component. The CMWP whole pattern line profile analysis is performed the same way as 

described for the WQ-895 Aged sample. Figure 4-19 shows three typical reflections to 

illustrate the bimodal character of the peaks and their modeling with theoretical 

reflections using the CMWP software. The resulting microstructural parameters for the 
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primary and martensitic  are presented in Table 4-2. For the primary  of WQ-930 the 

area weighted average sub-grain size is 328 ± 33 nm, the dislocation density is 0.9 ± 0.5 x 

10
14

 m
-2

 and the dimensionless Wilkens arrangement parameter is 1.1 ± 0.3. These values 

are very similar to the parameters of the -phase of the as-received Zr-Excel material and 

of the primary -phase of the non-aged and aged WQ-895 samples. As expected, 

compared to the primary  the martensitic  (ά)-phase has a very different 

microstructure: the area weighted average sub-grain size is 30 ± 5 nm, the dislocation 

density is 78 ± 7 x 10
14

 m
-2

 and the dimensionless Wilkens arrangement parameter is 4.4 

± 0.6. The average sub-grain size is an order of magnitude smaller in the martensitic  

than in the primary , and the average spacing between the dislocations (defined as 

1 √𝜌⁄  ) has also decreased by an order of magnitude: 105 ± 30 nm for the primary  and 

11.3 ± 0.7 for the martensitic , which is roughly 3 times smaller than their 

corresponding average sub-grain size. There is also a significant difference in the 

resulting Wilkens parameters, showing that the dislocation structure of the martensitic  

has a more randomized arrangement than the dislocations of the primary -phase, similar 

to the WQ-895 Aged material. 
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Figure 4-19  The bimodal peaks corresponding to the primary  and martensitic  (ά)-phase of 

the WQ-930 sample (NPDF, bank#7) are modeled by the CMWP software as the sum of two full 

diffraction patterns both having an  crystal structure but having a different sub-grain and 

dislocation structure. In total 7 reflections were used, here the 10.1 (a), 10.2 (b) and 11.0 (c) are 

shown. The measured data (open circles) is modeled by the theoretical pattern created for the 

primary  (long dashed line) and martensitic  (ά) (short dashed line). As the difference curve 

shows, the summed theoretical pattern (continuous line) fits well the measured data. 
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4.4.2.4 Solution treated Zr-Excel at 930 ˚C, Water Quenched and Aged 

(WQ-930 Aged) 
As mentioned above, the water quenched materials are hard but brittle, and aging is the 

usual method used to improve their ductility. To investigate how the microstructure of the 

WQ-930 material is changed by the aging process, the water quenched material was heat 

treated at 500 C for 2 hours. The treatment does not induce any significant difference in 

the TEM images compared to the non-aged WQ-930, as Figure 4-20 and Figure 4-17 

show. A minor change that can be noted is that aging of the WQ-930 treatment might 

improve the image quality in terms of cleaner primary and martensitic α and much better 

defined grain boundaries (than the non-aged treatment), which might indicate some 

relaxation of residual stress or reduction of dislocation densities. 

Figure 4-20 shows the TEM micrographs and the SAD pattern corresponding to the 

martensitic phase. Since the higher solution temperature (WQ-930) already formed a very 

dense twinned martensitic  (ά) microstructure, the aging did not alter the overall grain 

structure and its crystal structure. STEM-EDX mapping in Figure 4-8c shows the 

associated elemental variation in the primary and martensitic phase for WQ-930 aged 

sample. 

 

Figure 4-20  The grain structure of WQ-930 Aged material, where (a) shows the presence of 

primary ‘A’ and martensitic α as ‘B’, (b) a close-up on the martensitic phase showing the 

abundance of microstructural features even after aging and (c) SAD pattern from the martensitic 

region designated by ‘C’ in figure (b). TEM foil normal is along the axial direction of the PT. 
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The neutron diffraction pattern of the WQ-930 Aged sample has similar bimodal  

reflections as the WQ-930 material, and does not have any  or  peaks either. The 

CMWP line profile analysis was carried out on the neutron diffraction data the same way 

as it is described for the WQ-895 Aged and WQ-930 materials, using the data from the 

high resolution bank#7 of the NPDF instrument. The resulting microstructural parameters 

for the primary and martensitic  are presented in Table 4-2. For the primary  of WQ-

930 Aged the area weighted average sub-grain size is 278 ± 28 nm, the dislocation 

density is 1.5 ± 0.5x 10
14

 m
-2

 and the dimensionless Wilkens arrangement parameter is 1 

± 0.2. For the martensitic  the area weighted average sub-grain size is 35 ± 5 nm, the 

dislocation density is 63 ± 6 x 10
14

  m
-2

 and the dimensionless Wilkens arrangement 

parameter is 3.9 ± 0.6. Similarly to the other samples, the average sub-grain size is an 

order of magnitude smaller in the martensitic  than in the primary , and the average 

spacing between the dislocations (defined as 1 √𝜌⁄  ) has also decreased by an order of 

magnitude: 81 ± 14 nm for the primary  and 12.6 ± 0.6 for the martensitic , which is 

roughly 3 times smaller than their corresponding average sub-grain size. There is also a 

significant difference in the resulting Wilkens parameters. 

4.5 Discussions 
All the Zr-Excel samples having modified microstructures discussed in the present 

manuscript share a common characteristic: due to the solution treatment and subsequent 

quenching they develop a composite-like structure consisting of equiaxed grains and 

martensitic domains. The equiaxed grains are similar in size, shape and fine structure, and 

have the same hcp crystal structure as the grains of the -phase of the as-received 

material, and thus are referred to here as the “primary ” component. The martensitic 
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domains on the other hand have a much finer defect structure and in consequence are 

presumably significantly harder and less ductile than the primary  domains. These 

general characteristics develop in all the investigated cases, the differences arising due to 

solution temperature can be found in the details such as the volume fraction and the 

crystal structure of the martensitic domains, and the fine structure (defect structure) of the 

primary and martensitic components. These differences are significant from a practical 

point of view because the mechanical properties of the alloy will strongly correlate with 

these details. 

4.5.1 Phase stability of WQ-895 
With the exception of WQ-895, all the treatments resulted in Zr-Excel having 

predominantly hcp  crystal structure for both the primary and martensitic domains. In 

the case of WQ-895 the martensitic domains consist of a mixture of  and -phases, as 

presented in detail in Section 4.4.2.1. The formation of ω-phase during quenching from 

solution temperatures in hcp alloys is not unexpected. At the solution temperature, the 

primary -phase of the as-received material transforms into -phase (partially or fully, 

depending on the solution temperature), which in turn will transform back to martensitic 

, and in certain cases to martensitic , during rapid cooling. Silcock [43] was one of the 

first to describe a mechanism of phase transformation from  to  which also explains 

the orientation relationship between the two; many other authors have also reported 

similar mechanisms for the  →  phase transformation [44, 45, 46]. Trinkle et al. [49] 

describes this mechanism in detail for Ti, where the hcp ω is created from high 

temperature bcc β phase during cooling under pressure. The mechanism proposed by 

Trinkle et al. [49] assumes that the (111) planes of bcc- collapse to form the basal plane 
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of the hcp . This mechanism results in an orientation relationship of {111} ǁ {00.1}ω 

and <110> ǁ <11.0> , which means that there are four possible variants of  which can 

form from a given orientation of  [50]. Benites et al. [51] calculated the relation of the 

lattice parameters of bcc β and hcp ω to be aω = √2aβ and cω= √3/2aβ.  

The -phase present in the martensitic domains of the WQ-895 material is metastable as 

it fully converts to -phase following a short aging treatment performed at 500 C, as 

described in Section 4.4.2.2. There are other examples for the metastability of the -

phase under ambient conditions in hcp alloys: Jamieson et al. [52] observed the formation 

of ω-phase in pure Ti and Zr under hydrostatic pressure, which was retained in Ti after 

returning to ambient conditions. The metastable Ti could be transformed to Ti-phase by 

heating the sample to ~100 ˚C. Other authors [53,54] also present the formation of ω-

phase in various alloys of Ti, Zr and Hf enriched with transition metals e.g., V, Cr, Mo, 

Ni. Mantani et al. [55] investigated the aging response of the martensitic microstructure 

of Ti-8wt%Mo. It was found that metastable ω was formed in the quenched 

microstructure and aging at 450 ˚C transformed the ω-phase into orthorhombic αʺ 

structure [56, 57]. Brown et al. [47] investigated the transformation of  to  induced by 

annealing in the two-phase / microstructure of shock loaded high purity Zr. The 

authors suggest that the high amount of dislocations present in the shocked Zr sample 

contribute to the relative stability of the -phase in the pure material at ambient 

conditions. Figure 4a in Brown et al. shows that the transformation of  into  starts at 

temperatures as low as ~200 C and the Zr sample is fully transformed to -phase around 

~330 C. In the case of Zr-Excel, the solute elements may increase the thermal stability 

of the -phase, but nevertheless the aging at 500 C for 2 hours fully transforms the -
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phase detected in the martensitic domains into -phase, as described in detail in Section 

4.4.2.2.  

Heat treatment at higher solution temperature (WQ-930 ˚C) leads directly to a 

microstructure of martensitic α and primary α without the aging, which is confirmed by 

TEM and neutron diffraction (section 4.4.2.3). However, some partially transformed ω-

phase was found occasionally in the sample during the TEM analysis, though the overall 

volume fraction must be less than ~1%, as the -phase it did not yield a detectable signal 

in the neutron diffraction data (Figure 4-18).  

 4.5.2 Defect structure/microstructure of the different phases having hcp 

 crystal structure 
The solution treated and quenched Zr-Excel samples are a mixture of large equiaxed 

primary  grains having a low density of defects, and large martensitic domains having a 

high density of defects. By using TEM and neutron diffraction line profile analysis the 

defect structure (microstructure) of the solution treated Zr-Excel samples were 

quantitatively and individually characterized for the primary  and the martensitic 

domains. The results are listed in Table 4-2 and are presented in detail in the Results 

section. Figure 4-21 provides an overview of the microstructural characteristic (the defect 

structure) of the primary and martensitic phases. Figure 4-21a, 4-21b and 4-21c show the 

average sub-grain size, the dislocation density and the dimensionless Wilkens dislocation 

arrangement parameter, respectively, as a function of the various sample types. The open 

circles and the open squares denote the primary  and the martensitic , respectively. 

The most noticeable feature of the figures is the strong separation of the microstructural 

properties as a function of phase for all three characteristics. Figure 4-21a shows that 

there is an order of magnitude difference in the average sub-grain size of the two domain 
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types: for the primary  grains it is in the range of ~300 nm, while for the martensitic -

phase it is in the range of ~30 nm. Figure 4-21b shows that there is a similarly large 

difference between the dislocation density values: for the primary  grains it is in the 

range of ~1x10
14

 m
-2

, while for the martensitic -phase it is in the range of ~60x10
14

 m
-2

 

to ~80x10
14

 m
-2

. Figure 4-21c shows that the dislocation arrangement parameter also 

shows a large difference: for the primary  grains it is in the range of ~1 indicating a 

correlated dislocation structure, while for the martensitic -phase it is in the range of ~4-

6 indicating a significantly more randomized dislocation structure. Figure 4-21 also 

shows that the microstructure of the -phase in the ASR material lines up with the results 

from the primary  domains for all three characteristics.  

Such significant differences in the defect structure of the primary  and martensitic  

domains means that their mechanical properties will also be very different: the primary 

grains are softer and more ductile than the martensitic domains. Due to this duality in 

mechanical properties the solution treated Zr-Excel samples are analogous to metal 

matrix composites, where a softer ductile matrix contains a harder brittle reinforcing 

phase. The overall mechanical properties of the composite depend amongst other things 

on the individual properties and on the volume fraction of the component phases. 

4.5.3 Average sub-grain size 
As described in detail in section 4.3.3.2, the average sub-grain size is one of the 

microstructural characteristics which can be determined using diffraction line profile 

analysis, and it is related to the size of the domains being misoriented by angles larger 

than ~0.1˚ - 1˚. In the case of the ASR material, the sub-grain size in the -phase is 330 ± 

30 nm (Table 4-2). The low density dislocation structure found in the  grains (Figure 4-
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3b) disrupts the translational symmetry of the crystal lattice and in this way creates 

coherently scattering domains/sub-grains which are smaller than the actual grain size 

(delimited by high angle boundaries) of ~1.5μm observed in the TEM. Figure 4-21a and 

Table 4-2 shows, that the sub-grain size of the primary -phase for all the solution treated 

and quenched Zr-Excel samples is practically the same within measurement accuracy as 

that measured for the ASR Zr-Excel.  

In the case of the martensitic -phase, Figure 4-21a and Table 4-2 shows that for all the 

samples the average sub-grain size has the same value within uncertainty, around ~30 

nm. This correlates well with the size of the domains defined by the multiple twins 

present in the martensitic structure. The high resolution image of a martensitic plate in 

WQ-930 (Figure 4-17b) shows the presence of small domains delimited by multiple types 

of twin boundaries. The size of these features is in the same range as the coherently 

scattering domain size (sub-grain size) determined by diffraction line profile analysis. 

Multiple twinning is a common feature in martensitic phases. Banerjee et al. [58] studied 

martensitic transformations in a series of Zr-Ti alloys and found that on quenching from 

high temperature β-phase, the process fully transforms the material into a martensitic 

state. Upon investigating the martensitic structure it was found that it is made up of thick 

twin plates delimited by {10.1} type boundaries which are further divided into smaller 

domains by thin twins of {10.1},{11.2} and {11.1} type. Although the twin boundaries 

found in the present work were not characterized, a qualitative comparison with 

Banerjee’s work shows that the martensitic domains seen in the solution treated and 

quenched Zr-Excel has an apparently equivalent structure. Thus, line profile analysis is 

able to quantitatively determine the characteristic size of the substructure found in the 
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martensitic plates, predominantly defined by multiple types of twin boundaries. The ~30 

nm sub-grain/domain size does not depend on the solution temperature and it is also 

unaffected by the 2 hour long aging performed at 500 C. The stability of these domains 

can be explained by the immobility of the intertwinned twin boundaries of multiple types 

in the martensitic grain at the temperatures used for aging. As a consequence of the 

stability of this microstructural feature, the significant amount of strengthening 

contributed by the Hall-Petch mechanism [59,60] does not reduce in the martensitic 

structure due to aging. Sattari et al. [22] reported an increase of 23% in the hardness due 

to aging (at 450 ˚C for 1-2 hours) of water quenched Zr-Excel alloy from 890 ˚C solution 

temperature caused by additional precipitation hardening of the martensitic phase. These 

results show that the already present Hall-Petch-like hardening most likely was not 

weakened due to aging, only additional strengthening was induced due to precipitation. 

4.5.4 Dislocation density and arrangement 
The dislocation density found in the -phase of the ASR material is (1.1 ± 0.5)x10

14
 m

-2
, 

corresponding to an average dislocation line spacing (defined as 1 √𝜌⁄  ) of 90 ± 20 nm. 

This density is in good agreement with the typical dislocation spacing seen in the TEM 

images (Figure 4-3b). The estimates of Cheadle et al. [2] show the same order of 

magnitude for the dislocation content in the -phase of annealed Zr-Excel. The 

dislocation arrangement parameter obtained using line profile analysis is 0.8 ± 0.1 which 

indicates a strongly correlated structure. The strong correlation corresponds to an 

arrangement having a lower stored energy density than the same density of dislocations 

would have if distributed in a less correlated way. The low density value and the strongly 

correlated arrangement of the dislocation structure is the result of the 30 minute long 
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annealing at 750 °C and the subsequent 24 hour long stress relieving at 400 °C to which 

the ASR material was subjected to as the last steps of the fabrication process. Besides 

diminishing the amount of dislocations present in the material, the annealing also 

arranges the dislocations in a low energy configuration; which manifests in the low value 

of the arrangement parameter. 

The dislocation densities for the primary -phase in all the solution treated and quenched 

Zr-Excel samples are similar to the ASR material, with values of 1x10
14

m
-2

 – 2x10
14

m
-2

, 

further the dislocation arrangement parameters have the same value of ~1 indicating a 

correlated structure. These results indicate that the inter-granular stresses arising during 

quenching due to the anisotropic coefficient of thermal expansion of Zr did not induce 

enough plastic deformation in the primary -phase during the quenching of the samples 

to create a microstructure very different from the -phase of the ASR. The only case 

where there is a dislocation density higher by a factor of 2 in the primary -phase is the 

WQ-895; the density in that sample then decreases when the material is aged. Thus it can 

be expected that the mechanical properties of the primary -phase in all the Zr-Excel 

samples with modified microstructures is similar to the -phase found in the ASR 

material. 

The dislocation densities in the martensitic -phase are more than an order of magnitude 

higher than in the primary , with values around 60x10
14

m
-2

 – 80x10
14

m
-2

 corresponding 

to average dislocation line spacing (defined as 1 √𝜌⁄  ) in the range of 11 nm - 13 nm 

(Figure 4-21b, Table 4-2). The dislocation arrangement parameters corresponding to the 

martensitic phase are also very different compared to the primary -phase with values in 

the range of 4-6 indicating a much more random configuration (Figure 4-21c, Table 4-2). 
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The average spacing of the dislocation lines is approximately ~2-2.7 times smaller than 

the average size of the sub-grains meaning that on average approximately ~4-7 

dislocations can be found in a sub-grain. As discussed above, the sub-grains in the 

martensitic phase are the small domains delimited by the dense structure of various twin 

boundary types. These dislocations cannot be seen in the TEM images due to the contrast 

of all the other densely packed features present in the field of view. The effect of 

martensitic transformation on the formation of dislocations formation has been studied by 

many authors [19,61,62] where the accumulation of dislocations is considered to be 

caused by the plastic deformation induced by the reverse stresses generated during 

cooling.  

The residual stresses which remain in the martensitic phase after the completion of the 

cooling process can induce inhomogeneous inter- and intra-granular residual strains 

which can cause diffraction peak broadening similar to the effect caused by dislocation 

structures. The contribution to the peak widths by these types of inhomogeneous residual 

strains are usually small and do not cause large uncertainties in the determination of 

dislocation densities. Using the crystal plasticity modeling results of Kanjarla et al. [64], 

Balogh et al. [25] has estimated that the uncertainty in dislocation density evaluation due 

to residual strains is up to 12% (± 6%). Such an uncertainty would mean that the actual 

dislocation density present in the material is lower than the value provided by the line 

profile analysis.  Preliminary modeling results of residual thermal stresses in Zr show that 

the amount of inhomogeneous residual strains and their peak broadening effect depends 

strongly on the texture of the material: the effect is significantly weaker if the texture is 

stronger than 4-5 mrd, as is the case in this sample [63].  
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While the aging at 500 C for 2 hours did not have an effect within uncertainty on the 

sub-grain size of WQ-930, it did cause a measurable decrease in dislocation density from 

(78 ± 7)x10
14

 m
-2

 down to (63 ± 6)x10
14

 m
-2

. Additionally, the arrangement of the 

dislocations also shows a slight increase in correlation which is an expected effect of 

annealing, the arrangement changes from 4.4 ± 0.4 to 3.9 ± 0.4. The change in 

arrangement is detectable, though not a significant one considering the magnitude of the 

uncertainties. The decrease in dislocation density indicates a partial recovery of the 

dislocation structure decreasing the stored energy density of the system due to the aging 

process. Though, keeping in mind the possibility that the above mentioned 

inhomogeneous residual strains might be present in the martensitic phase, it may be 

possible that relaxation of inter- and intra-granular inhomogeneous strains might be 

partially responsible for the measured peak narrowing which at the moment is interpreted 

as a decrease in dislocation density. If that would be the case, it would mean a smaller 

change in the actual density of dislocations induced by the aging. In order to better 

understand and quantify the role of the inhomogeneous residual strains in the solution 

treated Zr-Excel materials a finite element or a FFT based crystal plasticity model would 

be needed, similar to the model employed by Kanjarla et al. [64], specifically constructed 

for the martensitic structure. 
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Figure 4-21 The microstructural parameters in the primary  (open circles) and martensitic  

(open squares) phase as a function of various heat treatments. (a)The average sub-grain size is an 

order of magnitude smaller in the martensitic phase than in the primary , while (b) the 

dislocation density values in the martensitic phase are nearly two orders of magnitude higher than 

in the primary phase. (c) The Wilkens arrangement parameters indicate that the dislocation 

structure of the primary -phase is more correlated than the dislocation structure of the 

martensitic phase. The As-Received and the Non-Aged WQ-895 samples have no martensitic -

phase, thus only the data for primary  is shown. 
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4.6 Conclusions 
A detailed microstructural investigation was carried out using TEM and neutron 

diffraction line profile analysis on as-received and solution treated and quenched Zr-

Excel PTs material. The following observations have been made: 

 The as-received Zr-Excel PT material consists of α as a majority phase and ω-

mixed β as the minority phase. STEM-EDX mapping shows that the β-phase is 

enriched with the solute elements, except for Sn in the α-phase. Line profile 

analysis reveals the -phase having a low density of dislocations with a correlated 

arrangement, in good agreement with the TEM images. 

 Solution treatment at 895 C and subsequent water quenching (WQ-895) 

significantly alters the initial microstructure which is dominated by a mixture of 

martensitic and primary -phase. The martensitic phase is a mixture of metastable 

ω and stable  crystal structures. 

 Aging at 500 C for 2 hours the WQ-895 material transforms metastable ω into α 

and thus the martensitic phase has only  crystal structure. Although the 

morphology of the martensite containing the  crystal structure looks identical to 

the martensite which is pure , the SAD images and neutron diffraction patterns 

revealed the differences.  

 Solution treatment at the higher temperature of 930 C (WQ-930) transformed the 

high temperature β-phase directly into martensitic α rather than any intermediate 

meta-stable ω-phase which has been observed in the case of the non-aged WQ-

895 treatment. 
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 Further aging of the WQ-930 material did not causes any substantial change in the 

microstructure except some reduction in the dislocation density, which might 

partially be attributed to the relaxation of inhomogeneous strains present within 

the martensitic phase.  However, the average sub-grain size of both primary and 

martensitic α did not change much throughout the heat-treatments. 

The primary objective of this study on Zr-Excel is to acquire microstructural information 

to correlate with the thermal creep behaviour of heat treated Zr-Excel alloys, which will 

be presented in the future [65]. The current work will assist us to understand the 

significance of different initial microstructures of Zr-Excel and their influence on creep 

behaviour. The post-creep microstructure investigation will show that the initial 

dislocation structure and the martensitic phase volume fraction of the heat treated 

material significantly influence the overall creep behaviour of the Zr-Excel alloy. 
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Chapter 5  
Thermal Creep Behavior of Heat-Treated Zr-Excel 

Pressure Tube Materials 

 

5.1 Summary 
Thermal creep behavior of heat-treated Zr-Excel (Zr-3.5 wt% Sn-0.8 wt% Nb-0.8 wt % 

Mo) alloy, a potential candidate pressure tube material for Gen-IV Super Critical Water 

Reactor (SCWR), has been investigated. Experimental data was obtained from tensile 

samples with their tensile axes cut along either the axial or transverse directions of 

pressure tubes (PTs), which were stressed by applying an external load at different 

temperatures. Heat-treatment on Zr-Excel PT materials leads to significant 

microstructural changes, where a strong texture of the As-Received (ASR) materials is 

altered to a different degree of randomness depending on the solution temperature. Creep 

data of both ASR and heat-treated materials were analyzed and compared, in order to 

determine the variation in creep behavior. The temperature selected for the creep tests 

ranged from 150 ˚C to 350 ˚C and the applied stress ranged from 150 to ~700 MPa. It has 

been observed that at a relatively high temperature, steady-state creep rate of both ASR 

and heat-treated materials depends on the applied stress in a power law fashion with the 

stress exponent (n) in both cases approaching a value of ~3. However, at relatively low 

temperature, n showed a high value, for both ASR (<250 ˚C) and heat-treated materials 

(<350 ˚C). The activation energy (Q) for the creep mechanism has been found to be 

microstructure-dependent. The ASR material has a Q value of ~75 to ~109 kJ/mol (~the 

value of self-diffusion of Zr) within the test temperature range. However, martensitic 
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structure formation (due to higher solution temperatures) and other microscopic changes 

(e.g., dislocation structures, elemental segregation) resulted in significantly increased Q 

values up to ~270 kJ/mol in the heat-treated materials. The anisotropic creep behavior 

observed in the ASR materials was significantly altered in the heat-treated materials, 

which is found to strongly depend both on the extent of texture modification and on the 

microstructure. A moderately modified texture with substantial martensitic constituents 

(75-80% in volume) achieved in the WQ-895 treatment (i.e., heated to 895C and water-

quenched) improved the creep anisotropy significantly compared to the ASR materials. 

However, materials consisting of highly randomized texture and higher martensitic 

constituents (80-85%) achieved in the WQ-930 treatment made the material’s creep 

behavior anisotropic again. 

5.2 Introduction 
Zr based alloys possess a distinctive position among structural materials in nuclear 

applications because of their excellent properties such as low absorption cross-section for 

thermal neutrons, excellent corrosion resistance in water and good mechanical properties 

at the operating temperatures of nuclear reactors. Zircaloy-2 (Zr-1.5 Sn-0.12 Fe-0.10 Cr-

0.05 Ni Wt%) was first used as the PT material in the CANDU (CANada Deuterium 

Uranium) reactor design in 1964 [1]. However, later when the concept and importance of 

Delayed Hydride cracking (DHC) was well understood, Zr-2.5 Nb wt% was developed to 

replace the Zircaloy-2 to improve the corrosion and creep strength of the PTs [2]. 

Progressive demand and the push for domestic energy security with low CO2 production 

has driven some renewed interest in nuclear power. Life extension of current and 

advanced nuclear reactors will expose the structural materials to unprecedented levels of 
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radiation dose and operation temperature. The nuclear radiation inside the reactor core 

gradually changes the microstructure of the alloys, which eventually deteriorates the 

mechanical properties and thus the deformation behavior of the structural components. A 

new concept of nuclear reactor was proposed in the early 1950s, where the reactors 

would be cooled with water at supercritical pressure [3]. However, no supercritical water-

cooled power reactor have been built to today. The idea of developing such reactors has 

become active again and is one of six reactor concepts being considered by the 

Generation-IV International Forum (GIF) for international collaborative R&D [4]. It is 

reported that with the Super Critical Water (SCW) as a coolant, the thermodynamic 

efficiency will be increased to over 40%, higher than the efficiency (~29%) achievable in 

the current CANDU design [3, 4]. In the SCWR design, heavy water is the moderato, 

similar to the current CANDU
®
, but the coolant is light water at 25 MPa (a supercritical 

condition), with an inlet temperature of 350̊ to 400°C and an outlet temperature of up to 

625°C [3]. This use of SCW as a coolant requires major design changes in the fuel 

channel [5] and requires much better dimensional stability than the current CANDU PTs. 

In the proposed conceptual design of the fuel channel, the PT is in contact with the 

moderator and will operate at about the moderator temperature (~80 ˚C). At this low 

temperature (compared to the coolant outlet temperature of ~625 ˚C), the strength of Zr 

alloys would be much greater and the corrosion rate would be much lower. 

A high strength, creep resistant zirconium alloy Excel (Zr-3.5%Sn-0.8% Nb-0.8%Mo-

1130 ppm O) has been proposed as a pressure tube materials for SCWR reactor [6 ,7].  It 

was initially developed in 1970’s as a possible PT alloy for CANDU reactors to replace 

the cold-worked Zr-2.5 Nb PT materials, due to a perceived need for higher creep 
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strength. However, later it has been found that zirconium Excel is more susceptible to 

hydrogen ingress than the Zr-2.5 Nb alloy in use at the time [8]. The proposed modified 

fuel channel design in the newly proposed Gen-IV technology suggested substantial 

changes, where DHC will not be a major issue. The lower operating temperature of Gen-

IV reactors ensures that hydrogen embrittlement will not be a concern, thus Zr-Excel 

alloy could be a promising candidate as a new structural material.  

Although Zr-Excel has been considered the best candidate for PT materials of Gen-IV 

SCWR, there is not much experimental data available on this alloy in the literature to 

understand its characteristic behavior at different operating conditions. One may ask why 

substantial research has not been done in the past even though the alloy was developed in 

1970’s. Two major reasons can be given. Firstly, the current Zr-2.5Nb PT material still 

fits into its original specifications, and there is considerable operating experience and 

operating data on the existing Zr-2.5Nb PT material, upon which CANDU reactors were 

already maintained reasonably well when Zr-Excel was developed. Therefore, generating 

sufficient data for a drastic change in the fuel channel design was not economically 

feasible. Secondly, some preliminary research on the behavior of hydrogen ingress on 

Excel alloy [8] has shown that although nucleation of hydride blisters is reduced in Excel, 

once DHC initiates, it proceeds with a higher velocity than in Zr-2.5Nb. All these 

constraints therefore, masked the knowledge and information required to use Zr-Excel for 

any structural design in the nuclear industry. Nevertheless, in early 70’s during the initial 

development of Excel alloy, Ibrahim et al. [6] investigated the creep strength of an alloy 

(Zr-3 wt% Sn-1 wt% Mo-1 wt% Nb, named CX alloy) similar to the Excel alloy (Zr-3.5 

wt%Sn -0.8 wt% Mo- 0.8 wt% Nb), in comparison to other alloys (Zircaloy-2 and Zr-
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2.5Nb). It was found that CX alloy exhibited high creep strength and reasonable 

corrosion resistance. These investigations were done on CX alloy plates which were hot 

rolled (at 1040 ˚C) and annealed at 760 ˚C for 1 hour, i.e., the crystallographic texture is 

different from the typical PT texture. This particular study basically explored the 

suitability of CX or Excel type alloy over the existing Zircaloy-2 and Zr-2.5Nb alloy, but 

did not characterize its mechanical behavior as a function of different textures or of 

different microstructures. In other work, Ibrahim et al. [9] have shown that different 

fabrication/treatment in Zr-2.5Nb and Zircaloy-2 PTs significantly alters the irradiation 

creep and growth of the associated material. It has been shown in that work: PTs which 

were heat-treated to a randomized texture showed significant reduction (almost an order 

of magnitude) in axial strain rate compared to the PTs produced under typical production 

routes (strains of 1.7x10
-4

  vs 12.7x10
-4 

respectively, tested for 10,000 hours at a neutron 

flux of 2.78x10
17

 n/m
2
. s). On the other hand, the transverse strain rate was only slightly 

changed (13.5x10
-4

 vs 12x10
-4

) at the same operating condition, which clearly indicates 

that crystallographic texture as well as other microstructural factors, e.g., initial grain 

structure and pre-existing dislocation density have significant influence on the 

characteristic deformation behaviour of a material [10]. Cheadle et al. [15] have 

investigated PTs made with Zr-Excel and compared their creep strength to the Zr-2.5Nb 

PTs. It was found that annealed Excel PTs shows ~70 percent less in-service axial 

elongation and diametral expansion due to irradiation creep and growth than Zr-2.5 tubes. 

Although, this (Cheadle et al.) work has comprehensively shown the in-service 

superiority (in terms of creep resistance) of Excel alloy tubes than Zr-2.5Nb tubes in a 

different fabrication route, the thermal creep properties and the influence of different 
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microstructures were not investigated. In addition, the correlation of different 

microstructures with their associated creep behaviour were not explored extensively, 

although such data exists for Zr-2.5Nb PT material [10,11,12].  

Sattari et al. [13] investigated the transformation temperature of αZr → βZr during heating 

and βZr→αZr during cooling in Zr-Excel alloy at a range of solution temperatures. It has 

been shown in their work that solution temperature, as well as cooling rate plays an 

important role to determine the phase stability and room temperature microstructure. In 

other work, Sattari [14] determined the high temperature mechanical properties (stress 

rupture and tensile properties) of Excel alloy of different microstructures achieved by 

heat-treatments. In that work, although the tensile strength and stress-rupture properties 

had been analysed for different microstructures, due to a lack of sufficient experimental 

test data and microstructural information, the exact mechanism of the deformation 

behaviour in the various heat-treated Zr-Excel PTs is not clear. In the current work, 

previous microstructural studies [15,16] have been correlated to the thermal creep 

behaviour. For the heat-treated microstructures various microscopic features (e.g., phase, 

solute elements etc.) along with texture have been observed and correlated with 

deformation properties at a range of test temperatures and applied stresses. Finally, the 

post-deformation microstructures were analysed.  

The current work is a continuation of the previous work on heat-treated Zr-Excel PTs 

materials [15], where it has been shown how heat-treatment in a phase transformation 

temperature range modified the crystallographic texture to alter the strong anisotropic 

texture of the ASR materials. Moreover, the previous study on quantitative determination 

of microstructural evaluation of heat-treated Zr-Excel PT material [16] showed that heat-
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treatment in the (α+β) phase transformation range not only changed the texture of the 

ASR materials but also substantially altered the dislocation and grain structures. Thus, it 

is expected that all these microstructural changes should significantly influence the creep 

response, which is the main focus of the current study.The previous study on texture 

modification [15] comprehensively showed that water-quench treatment is more effective 

compared to an air-cooling treatment for texture modification. Amongst all the 

treatments, it was found that water quenching from a solution temperature of 930 ˚C 

produced a relatively randomized texture and quenching above this temperature did not 

further change the texture significantly. In addition, the quantitative microstructural study 

[16] also showed that increasing solution temperature significantly changed the 

dislocation structure as well as other microstructural constituents. Therefore, in the 

current work, creep properties of the WQ-treatments are analyzed to see how the initial 

texture (modified by heat-treatment) and prior dislocation structures effects the 

deformation behavior of Zr-Excel PT materials.  

5.3 Experimental Procedures 

5.3.1 Materials 
In the present study, the ASR Zr-Excel PT material was used under different heat-treated 

conditions. The ASR PTs were fabricated by extruding a hollow billet preheated to 850 

˚C at a ratio of 10:1 followed by 25% cold drawing. The tube was then annealed at 750 

˚C for 30 minutes and stress relieved at 400 ˚C for 24 hours. The ASR PTs consist of 

relatively equiaxed hcp α-grains (~80-85% of the total volume) with bcc β-phase 

continuously distributed around the -phase as thin grain boundary filament (Fig.5-1a). A 

closer observation (by TEM) on the β-phase, revealed a significant presence of hexagonal 
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ω-phase (Fig. 5-1); which might be formed during the annealing step of the fabrication 

route [17]. 

 
Figure 5-1 Microstructures of ASR Zr-Excel PTs; (a) Overall ASR microstructure (A, B 

represents α and β phase respectively); (b) Mo enrichment in the β phase; (c) segregation of Fe at 

the α-β grain boundaries; (d) meta-stable ω-phase in the β-phase (C represents ω- Microstructures 

of ASR Zr-Excel PTs; (a) Overall ASR microstructure (A, B represents α and β phase 

respectively); (b) Mo enrichment in the β phase; (c) segregation of Fe at the α-β grain boundaries; 

(d) meta-stable ω-phase in the β-phase (C represents ω-phase) and Diffraction Pattern on (e) α-

phase and (f) β-phase. TEM foil normal is along the axial direction of the PT. 

 

Table 5-1 Chemical composition of the ASR materials [13]. 

Sn Mo Nb O Fe H (ppm) Zr 

3.39-3.68 0.77-0.81 0.75-0.77 0.11 0.09-0.13 ≤5 ppm Balance 

 

For creep tests, uniaxial blanks were obtained from the pressure tube with the 

longitudinal dimension of the blank parallel to the axial or transverse direction of the 

tube. These blanks were then heat-treated (specified in the following section) in a 
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flushing argon (99.999 Ar, O2 <1ppm, H2O<3ppm, N2<4ppm, and THC<0.5ppm) 

environment inside a quartz tube in a LINDBERG/BLUE Mini-Mite TM tube furnace.  

Since, creep tests are slow experiments that utilize a lot of experimental equipment, 

instead of doing the creep tests on a range of heat-treated materials, it is aimed to well 

characterize the creep behavior of a limited range of materials:  specifically, ASR 

material; sample WQ from 895 ˚C (WQ-895), which exhibits a moderate randomized 

texture; and sample WQ from 930°C (WQ-930), where texture is relatively more 

randomized (Fig. 5-2). Moreover, samples from these heat-treated materials were also 

aged at 500 ˚C for 2 hours to observe the influence of aging on the subsequent creep 

behavior, giving a total of five material (including the ASR) states for creep testing. In 

the previous work [16], it has been reported that aging of the water quenched samples 

reduced some portion of the total dislocation densities, as determined by the line profile 

analysis; thus it would be interesting to see how this affects creep behavior. Here in this 

study, the non-aged WQ-895 and aged WQ-895 samples will together be termed as the 

“WQ-895 treatment” and non-aged WQ-930 and aged WQ-930 will be termed “WQ-930 

treatment”. To prepare heat-treated samples, several axial and transverse uniaxial blanks 

are heat-treated first and then machined to tensile creep sample (gauge length is ~12 mm 

long, 1.5 mm thick and 3 mm wide).  The corresponding microstructures and textures of 

these treatments are illustrated in Figure 5-2 and 5-3 respectively.  
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Figure 5-2 Microstructures of the heat-treated Zr-Excel PTs prior to creep tests, (a) non-aged 

WQ-895, (b) Aged WQ-895, (c) non-aged WQ-930 and (d) aged WQ-930. ‘A’ and ‘B’ represents 

the primary α and martensitic phase respectively. TEM foil normal is along the axial direction of 

the PT. 

 
Microstructural information on these heat-treated materials were reported in previous 

work [16], where the sub-grain size of the α and martensite were found to be around 335 

nm and ~35 nm respectively. Moreover, dislocation densities of different phases at 

different heat treatments have also been revealed and presented with their associated 

resolved fraction [15] of basal plane normal (obtained in texture measurements by 

neutron diffraction) in Table 5-2.  
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Table 5-2 Dislocation density and resolved fraction of basal plane normal at different treatments.  

 
 

 

 
Figure 5-3 Texture variations of basal (0002) pole Figures at different treatments, (a) As-

received, (b) WQ-895 and (c) WQ-930. 

 
Dislocation density of the martensitic phase of the non-aged WQ-895 treatment could not 

be determined in Diffraction Line Profile Analysis (DLPA) due to the uncertainty caused 

during the evaluation of weak second phase peaks. Moreover, it should be noted that 

peak-broadening in DLPA can also be associated with inter-granular strains (along with 

the strain caused by dislocations) caused by residual thermal stress arising during 

cooling. This peak width contribution would be assumed to be due to dislocation density 
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and cannot be separated from the total density provided by Convolutional Multiple 

Whole Profile analysis (CMWP, a technique used to perform the full pattern DLPA to 

evaluate the microstructural information) software package [18]. Therefore, the true 

dislocation density could be little smaller than the value shown in Table 2. In one 

estimation based on polycrystal modeling done on a cubic material, the inter-granular 

strains introduced an error in dislocation density of 6-10% [19]. Inter-granular strain 

distributions have been estimated in low textured Zr polycrystal plasticity modeling and 

are expected to be limited to ~25-30% error in the dislocation density [20]. However, this 

is expected to be a ‘worst case scenario’ since this preliminary result also indicates that in 

a highly textured material this contribution (from inter-granular strain) would be 

significantly less. The error bars on dislocation density reported in Table 2 do not include 

this potential systematic error, but are statistical based on the fit to data. 

5.3.2 Creep Tests 
Creep tests have been performed in a modified Applied Test Systems (ATS) series 3610 

furnace where uniaxial load is applied by using a lever arm through a stepper motor. 

Creep strain is measured from the linear displacement of the sample using a Linear 

Variable Differential Transformer (LVDT). To prevent the sample from excessive 

oxidation (which might cause reduction in the actual creep rate) during the test, samples  

were shielded (inside an enclosure box/tube) and high purity nitrogen gas was flowing 

throughout the test (a brief description of the creep test setup is presented in the 

Appendix). Table 5-3 shows the hardness variation of samples at different test conditions, 

which shows a small increase of hardness due to oxidation during the experiments (<50 

HV) [23].  
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Table 5-3 Hardness variation before and after the creep tests. 

 
 

In the current work, the applied stress has been selected based on the study of Sattari et 

al. [14], where at room temperature the yield strength of ASR Zr-Excel was found to be 

~575 MPa and ~800 MPa respectively in axial and transverse directions. At 400 ˚C, the 

yield strength reported for ASR material as ~350 and 450 MPa in axial and transverse 

direction respectively, whereas for water quench treatment the yield strength (at 400 ˚C) 

was found ~730 MPa in axial and ~710 MPa in transverse direction (for non-aged WQ-

890). However, since the creep mechanism is influenced by the applied stress and 

temperature [21,22,23], in the current work the applied stress and temperature were 

chosen from a low to high range in order to observe any changes in creep mechanism. 

The uncertainty for the displacement measurements in the LVDT was found to be 

±0.00067 mm. The variation of specimen temperature compared to the furnace 

temperature was ±10 ˚C (but was known, due to a thermocouple on the sample) and 

uncertainty in the temperature controller was ±5 ˚C during the test.  
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5.3.3 Microscopy on post creep materials 
To observe the microstructural changes of the samples after the creep tests, several 

microstructural analyses were done. Microstructural analysis was conducted in an FEI 

Technai Osiris Transmission Electron Microscope (TEM) coupled with EDS 

ChemiSTEM, operated at 200KV, under bright field, dark field, and high angle angular 

dark field (HAADF) imaging conditions. Compositional variations in different phases 

after different heat treatments were studied both qualitatively and quantitatively using 

ChemiSTEM EDS mapping. In addition, Electron Back Scattered Diffraction (EBSD) 

grain maps from an FEI Nova NanoSEM provided the mis-orientation distribution of the 

grain boundaries and effects of different test conditions on the grain size. Moreover, 

fracture surface of the failed samples at different treatment has also been analyzed in the 

SEM to confirm the fracture mechanism. The detail of the sample preparation for TEM 

and EBSD is given below: 

TEM sample preparation 

Samples were cut from the gauge area of the crept samples and then hand ground on 

P1200 SiC to 70-80 μm slices and finally ~3mm diameter disks were punched from the 

slices. After thinning through mechanical polishing, samples were polished electro-

chemically using a solution of 10% Perchloric Alcohol and 90% Methanol at -45 °C in a 

TenuPol-5™ twin-jet electro-polisher.  

EBSD sample preparation 

A small (~4x3x1.5 mm3) rectangular sample was cut from the gauge length of the crept 

sample and after hand grinding on P3000 SiC, attack polished in a 5% HF 35% HNO3 

60% H2O solution, and given a fine silica polish before a final electro-polishing in 5% 

Perchloric 95% Methanol solution at -25°C.  
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5.4 Results 

5.4.1 As-Received Materials 
The list of the creep tests for ASR materials is shown in Table 5-5. Although, creep 

depends mainly on the applied stress and test temperature, it has been found to be also a 

function of metallurgical condition of a test material, such as the initial texture which 

leads to anisotropic deformation behavior [24]. Thus, to analyze these anisotropic effects 

of texture in the Zr-Excel PTs (developed during fabrication), all the samples have been 

tested both in the axial and transverse directions and the results for ASR materials are 

illustrated in Figure 5-4. Since, creep rate is very slow in the transverse direction and it 

becomes slower at relatively lower temperature, a test was not performed at 150 ˚C for 

the transverse orientation.  

 
Figure 5-4 As-received creep curves at 250 ˚C and at different applied stresses: (a) axial strain at 

different stresses at 250 ˚C. To show the anisotropic creep strain in the ASR materials, the axial 

and transverse strains are compared at variable applied stresses: (b) at 500 MPa; (c) at 400 MPa 

and at (d) 300 MPa. Due to very noisy data points at the beginning of the test for transverse 

sample, specifically for lower applied stresses; some of the initial strain data points are not 

included here. 
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Table 5-4 List of the ASR materials test conditions. 

 

Figure 5-3 shows that ASR material exhibits a strong preferred orientation (most of the 

basal plane normal are towards the transverse direction of the PT), which leads to a 

significant difference in the creep rate in axial and transverse directions. Figure 5-4 

shows the creep curves for ASR materials, i.e., the evaluation of creep strain with time at 

different test condition for both axial and transverse sample. From Figure 5-4 it can be 

seen that creep strain is not only influenced by the applied stress and temperature but also 

significantly affected by the sample direction due to the strong transverse texture of the 

ASR materials, e.g., at 250° and under 400 MPa applied stress, the axial steady state 

creep rate is 8.37x10
-6

 h
-1

, whereas the transverse creep rate is only 1.89x10
-6

 h
-1

 (~4.5 

times slower). In addition to this, both the applied stress (Fig. 5-4a) and test temperature 

also play an important role on the strain rate. Figure 5-5 shows the axial strain rate at 

different test temperatures; a drastic increase in the strain rate at 350 ˚C compared to the 

strain rates at 250 or 150 ˚C is clear.  
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Figure 5-5 Comparison of creep strain curves of ASR material (axial sample) at different test 

temperatures. 

 

 
Figure 5-6 Steady-state creep rate vs Applied stress at different test condition for ASR material. 

 

To characterize the creep mechanism for the ASR materials, both the stress exponent (n) 

and activation energy (Q) has been calculated and plotted in Figure 5-6 and 5-7, based on 

fitting an equation of form, 𝜀̇= Bσ
n
 for ‘n’  and 𝜀̇= B exp (-Q/RT) for ‘Q’. Although the 
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stress exponent n in Figure 5-6 is reasonably consistent within 250-350 ˚C; at lower test 

temperature, specifically at 150 ˚C where the strain rate is very slow, a very high n value 

is obtained. The possible reason which may cause this variation in the exponent is 

explained in the Discussion section. 

Activation energy (Q) for the ASR materials also calculated from the steady state creep 

rates at different test temperatures and a value ranging from ~74-110 kJ/mol has been 

deterimined (Fig. 5-7). Although, due to the time constraints activation energy can not be 

deterimined at few more test temperatures; however, the Q value obtained for the ASR 

materials is comparible to the value observed in literature [10, 23]. 

 
Figure 5-7 Dependence of steady-state creep rates on temperature of ASR materials. 

 
The effect of creep on the ASR microstructure has been analyzed by comparing the initial 

microstructure to the post-creep microstructure. Figure 5-8 (a-c) shows the initial ASR 

microstructures, where the well-defined equiaxed prior α grains with ω-mixed β phase 

mostly at the α-phase grain boundaries. Although, the prior α shows some dislocations 

(Fig. 5-8c) before the creep, they were not significant in quantity (due to annealing at the 
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fabrication route of the tube) and mostly observed in the bulk of the α-phase instead of at 

the α-α grain boundaries (GBs). On the other hand, the post creep ASR microstructure 

(crept for ~600 hours at 250 ˚C and 500 MPa applied stress), is highly deformed with a 

significant amount of dislocations distributed in the post creep microstructure, as 

observed qualitatively in Figure 5-8 (d, e and f). This dramatic increase of dislocation 

densities clearly indicates substantial plastic deformation during the creep test. As can be 

seen, the dislocation sub-structures at α-α GBs and within the α-grains are quite massive 

in the post creep microstructures (Fig. 5-8 e, f) compared to the microstructures prior to 

the creep (Fig. 5-8 b, c).  

 
Figure 5-8 Microstructural investigation of the post creep samples of ASR (Axial) materials crept 

at 250°C and at 500 MPa for ~500 hrs. (a) (b) and (c) shows the overall ASR microstructure, α-α 

GBs and dislocation on α-phase respectively prior to the creep and (d), (e) and (f) shows the same 

microstructural features in the post creep sample. ‘A’ represents the intersection of α-α Gbs and 

‘B’ represents the sub-grain boundaries in α. TEM foil normal is along the axial direction of the 

PT. 
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It is evident from the TEM micrographs that deformation induced dislocations are 

drastically piled up at the α-α GBs in the crept samples (Fig. 5-8e) and the dislocation 

lines on the α-grains are wavy and occasionally tangle with each other, forming the 

dislocation networks. In addition, sub-grain boundaries have been observed after creep 

(Fig. 5-8f), with dislocations piled up mostly at these sub-grain boundaries. 

 
Figure 5-9 Dislocations characteristics in ASR microstructures at different diffracting vectors, a) 

for <a>; b) <c+a> and c) <c> type dislocations. TEM foil normal is along the axial direction of 

the PT. 

 

Figure 5-9 shows the dislocation structures in the post-creep ASR sample for different 

observation conditions. Comparison of dislocation features in the same area imaged 

under different ‘g’ vectors labeled in each micrograph is presented in Figure 5-9. It is 

evident from the TEM micrographs taken with g~10.1 (diffracting vector) that a dense 

<a> type dislocation structure is present (Fig. 5-9a). In order to observe <c> and <c+a> 

type dislocations, the same area as in Figure 5-9a was imaged with different diffraction 

vectors. The bright field micrograph presented in Figure 5-9b imaged with g~11.0 shows 

a high density of dislocations as well. Owing to the 11.0 g vector, these dislocations can 

be <a> or <c+a> type. To overcome this ambiguity, the same area was imaged under 

g~00.2 (Figure 5-9c), all of the dislocations become out of contrast under this TEM 

diffraction condition, leaving a clear and dislocation free microstructure, which rules out 
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the presence of both <c+a> and <c> type dislocations. Hence from the TEM analysis, it is 

reasonable to say that mainly <a> type dislocations are generated during the creep 

deformation.  

 
Figure 5-10 EBSD mapping shows the difference in average grain misorientation (a, b), 

misorientation kernel plots (c, d) respectively between two ASR samples, where a) and c) are 

resulted from a sample failed immediately after applying a load and b), d) shows the results from 

a sample crept for ~500 hours at 250 ˚C. 

 

To analyze the effect of applied stress on the samples during the creep test, EBSD maps 

of two ASR samples (axial) were compared (tested at 250 ˚C), where one of them has 

failed immediately after an applied stress of 600 MPa (Fig. 5-10 a, c) and the second one 

was crept at an applied stress of 500 MPa for a reasonable test duration (~500 hours) 

(Fig. 5-10 b, c). Figure 5-10a and b shows the map of grain average misorientation, 

where angles >10° constitute a grain boundary. The pattern quality of the failed sample 
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(Fig. 5-10a) is relatively poor compared to the crept sample (Fig. 5-10b, as deduced by 

higher indexing in the crept sample). Regions of low pattern quality and zero solutions in 

the failed sample are assumed to be areas of high strain deformation, due to the fact that 

the beta phase fraction is similar in the two samples. The failed sample appears to show 

grains with a larger misorientation spread (Fig. 5-10c), indicating more deformation. It 

can be seen from the plots shown in Fig. 5-10c and Fig. 5-10d that the average 

misorientations for the failed sample and crept sample are 0.53 deg and 0.39 deg, 

respectively. The average misorientations are calculated using the following formula: 

< 𝛼 >=
∑ 𝑓𝑖𝛼𝑖𝑖

∑ 𝑓𝑖𝑖
                                                       (5-1) 

where <α> is the average misorientations, fi is the fraction and αi is the misorientation 

angle for the corresponding fraction. 

This shows that the average misorientation corresponding to the failed sample is larger by 

~ 37% than for the crept sample. This can be explained by the fact that the failed sample 

plastic deformation (within a time frame of a few seconds) before it broke in a ductile 

manner (shown in Fig. 5-28a). The higher average misorientation is caused by the higher 

dislocation density induced by this plastic deformation. This analysis can provide us an 

idea as to misorientation in grains, or the stress relief one can expect in the ASR Zr-Excel 

PT materials at different creep conditions. 

5.4.2 Heat-Treated Materials 

5.4.2.1 WQ-895 Treatments 
Martensitic microstructures of WQ-895 samples were hard to deform and no traceable 

amount of displacement was detected in the LVDT after a test duration of ~150 hours 

below 250 ˚C test temperature and at an applied stress below 350 MPa. Therefore, in the 
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current study, no creep data has been presented for heat-treated samples at a temperature 

below 250 ˚C. Moreover, due to the time constraint of this project, creep data could only 

be obtained at two different test temperatures. Table 5-5 shows the list of the WQ-895 

treated samples which have been tested at different creep test conditions. Again due to 

the time constraint and slower creep rate in the non-aged sample, transverse samples were 

not tested. However, both the axial and transverse samples were tested for the aged 

treatment. 

Table 5-5 List of creep tests on WQ-895 treated samples. 

 
 

Figure 5-11 shows the creep test results for axial WQ-895 treated samples. Amongst all 

the samples shown in the figure, the aged WQ-895 (axial) sample shows the fastest creep 

at 350 ˚C and at 550 MPa applied stress. The same heat treatment shows almost the 

slowest creep rate at the same applied stress at 250 ˚C and the strain rates gradually 

decrease as the applied stresses is decreased. This observation exclude the results at 

250 °C for non-aged WQ-895 samples due to very insignificant changes in strain  over a 

long period of test duration (~100 hours) at 250°C. Interestingly, the non-aged axial WQ-

895 sample shows a comparatively slower creep rate than the aged sample at the same 

test conditions (7.93x10
-5

 h
-1

 vs 7.60x10
-4

 h
-1

 at 450MPa and 350°C, Table 5-6). This 



 

193 
 

could be due to the significant microstructural alteration, where a meta-stable hexagonal 

ω-phase has been transferred to a more stable martensitic hcp α phase by aging [16]. As 

can be seen, some of the creep curves are ‘wobbling’ in Figure 5-11, specifically the non-

aged WQ-895 samples tested at 650 and 450 MPa at 350C. This could be due to a weak 

connection of the sample to the LVDT sensor (the contact of the non-magnetic 

connecting rod to the sample grip), which may lead to a continuous vibration (heat was 

circulating inside the oven through an oven fan) of the sensor in the process of data 

collection; however it does not detract from the ‘average’ strain taken ignoring these 

wobbles. 

 
Figure 5-11 Axial Creep Strain vs Time for non-aged and aged WQ-895 samples at different 

applied stresses and temperatures. 
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Table 5-6 Steady-state creep rates of Axial WQ-895 samples at different test conditions. 

 
 

 

 
Figure 5-12 Transverse Creep strain vs Time for Aged WQ895 treatment at different applied 

stresses and temperatures. 
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Table 5-7 Steady-state creep rates of Transverse WQ-895 samples at different test conditions. 

 
 
Figure 5-12 shows the creep curves for Aged WQ-895 treatments on transverse samples 

and Table-5-7 shows their corresponding creep rates. According to Table 5-6 and 5-7 

(and Fig. 5-11 and 5-12), the axial strain rate of the WQ-895 aged samples seems slightly 

faster (~1.2-1.6 times) than the transverse strain rate under a stress range of 250-550MPa. 

However, comparing this difference of creep rate (i.e., creep anisotropy) to the ASR 

samples (Fig. 5-4), it seems that the overall creep anisotropy in the WQ-895 treatment 

has been significantly reduced. This reduction in the rate differences is illustrated in the 

histogram plots in Figure 5-13a and b. Although due to the unavailable creep data, a 

direct comparison of strain rate cannot be made at the same creep conditions, this 

illustration provides us at least an idea on the degree of alteration in creep rates between 

axial and transverse samples for ASR and WQ-895 treatment.  
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Figure 5-13 Comparison of the steady-state creep rate in axial and transverse directions: (a) ASR 

samples at 250°C, (b) Aged WQ-895 samples at 350°C. 

 

Figure 5-14 shows how the microstructural changes by heat-treatment effects the 

anisotropic creep behavior of the Zr-Excel PT materials. Due to the strong transverse 

texture in the ASR materials, the relative creep rates of axial sample (𝜀̇A/𝜀̇T) are 

significantly higher compared to the values for the WQ-895 aged samples. This 

substantial alteration in relative creep rates is presumably primarily explained by the 
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texture modification (transverse resolved fraction shifted towards axial direction, Table 

5-2) observed in the previous work [15]. In addition, the dependence of the relative creep 

rates as a function of temperature is very different for the ASR and WQ-895 aged 

material. As Figure 5-14 shows, the slope corresponding to the ASR (tested at 250 C) is 

much steeper than the slope corresponding to the WQ-895 (tested at 350 C). The 

anisotropic creep rates and the overall creep resistance was improved after the WQ-895 

treatment but due to the reduction of the ductility (percent elongation) of the materials in 

the martensitic microstructure, they have failed earlier (after ~10% strain) than the ASR 

materials. 

 

Figure 5-14  Relative steady-state creep rates ratio between axial and transverse sample of ASR 

(at 250 ˚C) and WQ-895 aged (at 350 ˚C) sample at variable applied stresses . The violet dashed 

arrow shows a case of relative strain rate if creep response was isotropic. 
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Figure 5-15 Steady-state creep rate vs Applied stress for WQ-895 treatments at different test 

conditions. 

 
To investigate the creep mechanism in the WQ-895 (including the aged sample) 

treatment, the stress exponent (n) and activation energy (Q) values obtained from the 

experimental creep data at different test conditions have been analyzed. The stress 

exponent values illustrated in Figure 5-15 shows that n is ~3.5 for WQ-895-Aged sample 

in a stress range of 250 to 550 MPa at 350 °C. The exponent in the non-aged WQ-895 

sample shows a smaller value (~2.25); such a low value might be due to the uncertainty 

caused by the fact that the data was collected only at two different applied stresses and by 

the large size of one of the error bars. Creep data collected at a bigger range of stress 

values would probably provide a closer value of n to that observed in the aged materials.  
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Thus, within a stress range of 250 to 550 MPa at 350 °C both aged and non-aged WQ-

895 treatment shows reasonably consistent exponent values, close to a value for 

dislocation creep (~3). On the other hand, the creep rate was found as low as 7x10
-6

 h
-1

 

even at very high applied stress (750 MPa) at a relatively low test temperature (250 °C). 

This is found to be consistent in both the axial and transverse samples for the WQ-895 

aged treatment. The stress exponent plot (Fig. 5-15) shows very high n value of ~11 at a 

stress range of 450 to 750 MPa at 250 °C. This behavior is similar to the ASR materials 

shown at 150 °C for a stress range of 300-500 MPa (Fig. 5-6).  

 
Figure 5-16 Dependence of WQ-895 treatments steady-state creep rate on test temperatures. 

 
Although, stress dependence in WQ-895 treatments resembles to ASR materials; 

however, the resultant activation energy (average) for WQ-895 treatment (Fig. 5-16) is 

comparatively higher than the energy observed in the ASR materials (~130 kJ/mol vs ~91 

kJ/mol). This could be due to the significant microstructural alteration during heat-

treatments, which changed the dislocation structure as well as compositional variation in 

different phases, as reported in the previous work [16]. To understand this mechanism in 
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more detail, the pre- and post-creep microstructures of WQ-895 treatments were 

investigated in the TEM. 

 
Figure 5-17 Effect of creep on WQ-895 (Axial) sample at 350°C test temperature and 650 MPa 

applied stress, (a) Overall microstructure prior to the creep; (b) after the creep; (c) dislocations at 

α and martensite GBs; (d) and (e) compares the dislocation structures in α-phase between ASR 

and WQ-895 ˚C (axial) sample respectively; (f) shows the slip bands (shows by green arrows) 

and micro-cracks (red circles) in the post creep microstructure. TEM foil normal is along the axial 

direction of the PT. 

 
TEM micrographs shown in Figure 5-17, illustrate the effect of creep on the WQ-895 

microstructure. All of these images were taken from the sample (axial) tested at 350 ˚C 

and crept for ~400 hours at an applied stress of 650 MPa. It can be seen that the post-

creep sample has a severely deformed microstructure, as evidenced by massive 

dislocation networks formed on the primary α-phase (Fig.5-17e). On the other hand, the 

α-grains were relatively clean (in terms of dislocations and other microstructural defects) 

prior to the creep (Fig. 5-17a,). The severity of dislocation formation on primary α in the 
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WQ-895 treatment can be easily comparable to the dislocations formed in the primary α 

of ASR microstructure (Fig. 5-17 d and e respectively). However, due to a lesser content 

of primary α in WQ-895 (significant amount of α has been transformed into β during 

heating which was subsequently transformed into the martensitic phase during cooling); 

dislocations have been pinned at the primary α and martensite GBs (Fig. 5-17c), which 

seems to be moving forward to the neighboring α-grain during the creep in the ASR 

materials (Fig.5-17d). This could explain the slower creep rate in WQ-895 treatment 

compared to the ASR materials at similar test conditions. Despite this pinning of 

dislocations at the -martensite GBs, slip bands along with micro-cracking marks (red 

dotted circles in Fig. 5-17f) have also been observed in the WQ-895 microstructure. 

These slip bands might arise from the quench (water)-induced martensite, indicating 

limited plastic deformation in the hard martensitic WQ-895 microstructure. Furthermore, 

frequent sub-grain boundaries were not observed in the primary α-grains in the WQ-895 

post-creep microstructure, in contrast to the post creep ASR microstructure (Fig. 5-8f). 

This could be due to the effect of higher test temperature or higher strain rate as 

suggested by Langdon et al. [25], which may indicate that the primary α in the WQ-895 

sample might experience a higher deformation strain compared to the prior α in the ASR. 

However, since the WQ-895 microstructure mostly consists of hard martensitic 

constituents (~75-80%) and they (martensite) are exhibits around primary α, the overall 

creep rates were smaller compare to the ASR materials at an identical test condition. 

Figure 5-18 shows the microstructure of primary α-grains, imaged with different 

diffracting vectors in order to characterize the deformation induced dislocations in WQ-

895 sample. To characterize these dislocations, a contrast experiment was conducted in 
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the TEM as described in the earlier results section of ASR materials. TEM analysis 

confirms that the majority of the dislocations generated during the creep deformation are 

again <a> type (Fig. 5-18a), whereas no evidence for <c> or <c+a> type dislocations was 

found (Figure 5-18b, c).  

 
Figure 5-18 Dislocations at different diffracting vectors for WQ-895°C microstructure after creep 

at 350°C test temperature, (a) for <a> type , (b) for <c+a> type and (c) for <c> type. TEM foil 

normal is along the axial direction of the PT. 

 

5.4.2.2 WQ-930 Treatments 
Heat-treatment at a higher solution temperature not only produced a relatively 

randomized texture in the Zr-Excel PT materials (Table 5-2, Fig.5-3) it also generated 

more dislocations and martensitic features in the microstructure [16], which eventually 

made the materials much harder as compared to other heat treated samples (Table 5-4). 

Therefore, it will be interesting to see how these microstructural changes affect the creep 

behavior of the WQ-930 treated samples. Table 5-8 shows the list of the samples tested 

for WQ-930 treatment. For space constraints only aged WQ-930 creep curves are shown 

here (the rest of the creep data will be presented in the appendix section of this 

dissertation). However, the stress exponent and activation energy plots have been 

presented for both the non-aged and aged samples. Figure 5-19 illustrates the creep 

curves of aged WQ-930 treatment for axial samples and, as for the WQ-895 treatment, 
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samples at higher applied stress show lower creep resistance than the samples at 

relatively lower stress at a given temperature.  

Table 5-8 List of WQ-930 creep tested samples. 

 
 

 
Figure 5-19 Axial Creep strain vs Time for WQ-930 Aged treatment at 350 and 250 ˚C. 

 
Table 5-9 shows the axial steady-state creep rates for WQ-930 treatment at the different 

test conditions showed in Fig. 5-19. As for the previous treatments, at higher test 

temperature the creep rate is faster than the rate observed at lower test temperature at a 
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constant applied stress, e.g., at an applied stress of 650 MPa, creep rate is 1.95x10
-3

h
-1

 

and 7.02x10
-5 

h
-1

 at 350 °C and 250 °C test temperature respectively. The creep rate in the 

aged WQ-930 axial sample is significantly lower than the creep rate observed for the 

aged WQ-895 axial sample, e.g. at 450 MPa and 350 °C test temperature, the steady-state 

creep rate for axial aged WQ-895 sample is 7.6x10
-4

 h
-1

 whereas for an axial aged WQ-

930 sample the creep rate was 1.2x10
-4

 h
-1

 (~6 times slower). This difference in creep 

rates is shown explicitly in Figure 5-20.  

Table 5-9 Steady-state creep rates of Axial WQ-930 samples at different test conditions. 

 
 

It can be seen in Figure 5-20 that at a constant test condition, the axial creep resistance is 

significantly improved for higher solution treated sample compared to samples treated at 

relatively lower solution temperature. Due to unavailable creep data, this behavior could 

not be compared for all the applied stresses for WQ-895 and WQ-930 treatments; 

however, this behavior is very consistent across stresses. In addition, the creep rate at 650 

MPa for aged WQ-930 treatment seems very close to the value of creep rate achieved at 

550 MPa in the aged WQ-895 treatment. This alteration in creep rates clearly indicates 

that higher solution treatment temperature of Zr-Excel PT leads to more resistance to 

creep in the axial direction. This effect can likely arise due to the accumulation of more 
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resolved fraction of basal plane normal towards axial direction in the heat-treatment at 

higher solution temperature (Fig. 5-3), which in turns increased the axial strength of the 

tube. Moreover, a higher solution treatment (WQ-930 vs. WQ-895) leads to more 

martensitic constituents [15] in the microstructure which could be another factor that 

might be responsible for higher creep resistance. 

 
Figure 5-20 Comparison of axial creep strain rate for aged WQ-895 and aged WQ-930 treatment. 

 
Although, higher solution treated creep samples show slower axial creep, the transverse 

creep curves shown in Figure 5-21 demonstrate relatively faster creep (Table 5-10) than 

the rates obtained in the WQ-895 treatment transverse samples. This behavior is 

compared in the Figure 5-22, where the transverse creep rates in WQ-895 treatment is 

significantly slower than the WQ-930 treatment at different applied stresses. Again, due 

to unavailable creep data, creep rates among these two treatments could not be compared 

at the all similar applied stresses but the comparison at three different stresses clearly 

shows consistent differences. 
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Figure 5-21 Transverse Creep strain vs Time for WQ-930 Aged treatment at 350 and 250°C. 

 
Table 5-10 Thermal creep rates of WQ-930 (Transverse) samples at different test conditions. 
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Figure 5-22 Comparison of transverse creep strain rates for Aged WQ-895 and Aged WQ-930 

treatment at 350°C test temperature. 

 

The overall thermal creep behavior for WQ-930 treatment in the axial and transverse 

direction is compared in Figure 5-23a. The transverse creep rates for aged WQ-930 

samples are found to be increased compared to the rates observed for the axial samples. It 

can be seen that although the anisotropy has been reduced significantly in WQ-895 

(aged) treatment (Fig. 5-14), at higher solution treatment (WQ-930), it is clearly seen that 

the anisotropy increases again but in the opposite direction. In Figure 5-23b, the 

secondary ‘Y’axis shows the relative strain rate of 𝜀�̇� 𝜀�̇�⁄  for WQ-930 treatment. It is 

evident that even having a more randomized texture (Table 5-2) in WQ-930 material than 

WQ-895 material, the creep behavior is still anisotropic. The possible reason for this 

anisotropic nature in the WQ-930 treatment is explained in the discussion part on the 

basis of the characteristic texture and microstructural difference of the martensitic phase 

than the primary α phase. 
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Figure 5-23 Comparison of Creep anisotropy at different treatments: (a) Axial and Transverse 

strain rate for WQ-930 aged samples at 350°C and (b) relative creep rates at different treatments. 

The left ‘Y’ axis in (b) shows the primary ‘Y’ axis which shows the relative steady-state creep 

rate between axial and transverse sample, i.e., 𝜀�̇� 𝜀�̇�⁄  and the right side of the ‘Y’ is the secondary 

‘Y’ axis shows the relative steady-state between Transverse and Axial sample, i.e., 𝜀�̇� 𝜀�̇�⁄  at 

different applied stresses. The red dashed arrow shows a case of relative strain rate if creep 

response was isotropic. 
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Figure 5-24 Steady-state creep rate vs Applied stress for WQ-930 treatments. 

 
Stress exponent ‘n’ for WQ-930 treatment achieved from the slope of log Steady-state 

rate vs log applied stress plot (Figure 5-24) shows very similar trends to those observed 

for the WQ-895 treatment. At a stress range of 250 to 650 MPa and at 350 ˚C ‘n’ varies 

from 4 to 5.5. However, due to the formation of a severe martensitic structure and more 

dislocations in the higher solution treatment, the WQ-930 treatment shows high creep 

resistance at 250 ˚C and at a stress range of 450 to 750 MPa (Fig. 5-19 and 5-21). 

Nevertheless, the exponent at lower test temperature is found with a high value of 8 to 10 

(Fig. 5-24) as has also been observed for previous solution treatments.  
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Figure 5-25 Dependence of steady-state creep rate on creep test temperature for WQ-930 

treatments. 

 
Activation energy for WQ-930 treatment (shown in Fig.5-25) gives a higher value than 

all other previous solution treatments shown in the current study, and provides a value 

within the range of ~180 to 322 kJ/mol at a temperature range of 250-350°C. Although, 

these values are scattered for aged or non-aged and for axial-transverse samples they 

seem quite consistent when external variables (aging/sample direction) are constant. 

TEM images investigation (Figure 5-26) of the post-creep microstructures of WQ-930 

samples shows severe deformation, which is evidenced by numerous dislocations 

accumulated in the primary α (Fig.5-26 b, c) of the post-creep axial sample (tested at 350 

˚C and 550 MPa). Moreover, inter-granular micro-cracks along martensitic grains (the 

blue arrows and light yellow dotted circle shown in Fig. 5-26 d and e respectively) 

resulting in the widening of the GBs. In addition, slip bands on the lath type martensites 

were also noticed in the post creep aged WQ-930 microstructure, indicating the limited 

plastic deformation of this material by dislocation glide and resulted in failure within a 
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short period of testing. Higher applied stress (>450MPa) on a relatively lower ductility 

(lowest content of primary α than WQ-895 and ASR) material might be the reason for the 

massive dislocation structures formation on the existing α (Fig.5-27); limited plastic 

deformation of the quench induced martensite could initiate the crack for failure.  

 
Figure 5-26 Effect of creep on aged WQ-930 (axial) microstructure (a) overall microstructure 

before creep; (b) microstructure after creep; (c) severity of dislocations in primary α-phase; (d) 

and (e) crack initiation and widening along martensitic GBs; (f) slip bands on the lath type 

martensites. TEM foil normal is along the axial direction of the PT. 

 
Figure 5-27 Comparison of dislocation accumulations on primary α in different treatments. All 

the samples are axial samples and heat-treated samples are the aged ones. TEM foil normal is 

along the axial direction of the PT. 
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Figure 5-28 EBSD maps showing the difference in mis-orientation Kernel maps (a, b, c), mis-

orientation Kernel plots (d, e. f) in the heat-treated (axial) crept samples: a) and d) are the resulted 

from WQ-895 sample crept at 450 MPa and broke after ~425hrs  ; b) and e) are from WQ-895 

sample crept at 650 MPa which broke after ~300hrs and c) and  f)  are from WQ-930 sample 

crept at 450 MPa applied stress. 

 

 

In Figure 5-28, EBSD maps of heat-treated samples (WQ-895 and WQ-930 treatment) 

have been compared to analyze the deformation behavior in different grains. Comparing 

the pattern quality of the two WQ-895 samples (tested at 450 MPa and 650Mpa applied 

stress and at the same test temperature), it looks like sample crept at 450 MPa (Fig. 5-

28a) resulted more stress relief indicating by higher indexing compared to the sample 

stresses at 650 MPa (Fig.5-28b). However, the average misorientations are found 0.502 

and 0.455 degrees (calculated from the plots of Fig. 5-28 d, e in the same technique used 

for ASR sample of Fig. 5-10) for the sample (WQ-895) crept at 450 MPa and 650 MPa 

respectively. This shows that the average misorientaiton corresponding to the sample 
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crept at lower applied stress (450 MPa) than the higher applied stress (650 MPa) is larger 

by ~10%, which is significantly low than a comparison of failed (no creep) and crept 

sample shown in Figure 5-10. Besides this, the deformation behaviour of two different 

heat-treated samples (WQ-895 and WQ-930) was also analyzed at an identical test 

condition shown in Figure 5-28 a, d and c, f. The average misorientation calculated from 

the plots for these two samples are found 0.502 and 0.441 degree. Thus, the average 

misorientation of the sample treated at lower solution temperature (WQ-895) is larger by 

~12% than the higher solution treated sample (WQ-930). This is interesting that the 

average misorientation in all the crept samples, including the ASR crept sample (Fig. 5-

10d) shows more or less (within~10) similar deformation behaviour but significantly 

different than a situation where samples failed immediately by plastic deformation. This 

suggests that the time at load during creep is causing a moderate level of change of grain 

structure, but that this change in misorientation is not strongly depedent on either stress 

or temperature, at least within the range of tests carried out. 

Figure 5-29 shows the comparison of fracture surface of the ASR materials (failed 

immediately after loading, Fig. 5-29a) and heat-treated materials (failed after reasonable 

test duration, Fig. 5-29 b and c). The ASR material fracture surface clearly shows the 

permanent deformation at the tip of the advancing crack indicating severe plastic 

deformation before failure, which is the evidence of typical ductile fracture. Fractography 

of WQ-895 aged sample (Fig. 5-29b) shows less plastic deformation at the advancing 

crack tip and smaller dimple size compared to the ASR fracture surface. Interestingly, the 

WQ-930 aged samples shows very little plastic deformation at the advancing crack tip. 

Nevertheless, the fracture surface mostly consists of regions of small dimples (green 
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circled area) along with few cleavage facets (red circled area and arrows) indicating a 

mixed fracture (both ductile and brittle) mode in the WQ-930 treatment.  

 

Figure 5-29 Fractography of different samples (axial): a) ASR sample crept at 250 ˚C and at 

600MPa failed immediately, b) Aged WQ-895 sample crept at 350 ˚C at 650MPa for ~350 hours, 

c) Aged WQ-930 sample crept at 350 ˚C at 550 MPa for ~120 hours. Inset shows the images at 

higher magnification and the green and red circled area (and red arrorws) in (c) shows the region 

of brittle cleavage and ductile dimples respectively. 

 

5.5 Discussions 
In a creep curve, interest commonly focuses on the strain rate during secondary creep, 

which can be distinguished by the progressive changes in the microstructure (e.g., 

dislocation density or the sub-grain formation and their size) and those in which it 

remains essentially invariant. Thus it is obvious that changes in microstructure affect the 
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creep rate, which has been noticed in the treatments presented in the current study. 

However, these changes (sub-grain formation, changes in dislocation structures and their 

distributions) in microstructure can still remain constant provided the microstructure is 

evolving at a steady rate [24]. In fact microstructure often remains dynamically stable 

during secondary creep, but a given material will stabilize to a different microstructure if 

the stress or temperature is changed [26]. All these effects definitely complicate the issue 

when making inferences about creep mechanisms from experimental strain rate data. 

In a power law creep (or dislocation climb) mechanism, where the rate determining step 

(the slowest step) is climb, then the creep rate is observed to obey the following equation 

[24]: 

                                                 �̇� =ADeff Gb/kT (σVM/G)
n
                                           (5-2) 

Where ‘�̇�’  is the shear strain rate (=𝜀̇/√3, where 𝜀̇ is the elongational strain rate, for 

uniaxial loading), A is a dimensionless constant, ‘Deff’ is the effective diffusion 

coefficient, ‘G’ is the shear modulus, ‘b’ is the Burgers vector, ‘k’ is the Boltzmann’s 

constant, ‘T’ is absolute temperature , ‘σVM’ is the deviatoric (Von Mises) stress from the 

applied load (=σA/√3 for uniaxial loading) and n is the stress exponent (n~3-10). In 

practice, a higher value of n than the theoretical values suggested from equation 5-2 is 

very common, which could be a consequence of dislocations not acting independently 

and changes in microstructure with applied stress level can affect the apparent value on n. 

Sherby et al. [27] have shown that the strain rate (𝜀̇) is approximately proportional to the 

cube of the sub-grain size in Al, which stabilizes (𝜀̇) during testing to a value inversely 

proportional to the applied stress. They found experimental data apparently giving n=5, 

which actually indicated a microstructure-invariant stress exponent of about 8.  
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Despite the microstructural changes during creep, a pre-existing microstructure where 

there is a possibility of presence of dispersion of fine (~100 nm) insoluble particles can 

also affects the creep resistance substantially [26]. This is important during power law 

creep primarily through the opposition to dislocation glide offered by stable obstacles on 

the slip plane. In this situation, Orowan bowing is necessary for dislocations to by-pass 

the particles; which require an applied stress given by [24]: 

σOrow = 
𝐺𝑏

𝐿
                                                (5-3). 

where, ‘G’ is the shear modulus, ‘b’ is the Burgers vector and ‘L’ is the particle 

separation. The requirement of Orowan bowing is associated with the concept of a 

threshold stress, ‘σ0’ below which there is essentially no creep. Under the Orowan 

bowing condition, strain rate is given by the following equation [26]:   

𝜀̇ = 𝐴′ (
𝜎𝐴−𝜎0

𝐺
)

𝑛

exp (
−𝑄

𝑅𝑇
)                         (5-4) 

The gradient of ln (𝜀̇) vs ln (σ), i.e. the apparent stress exponent, ‘napp’, will under these 

circumstances differ from ‘n’. Nardone et al. [28] shown that apparent exponent, napp can 

be related to the true exponent and with the ratio of threshold σ0 and applied stress σA as: 

napp =
𝑛

1−(
𝜎0

𝜎𝐴
)

(1 −
𝛿𝜎0

𝛿𝜎𝐴
)                             (5-5) 

This indicates that when the threshold stress is relatively small and does not depend on 

the applied stress σA, then ‘napp’ will be close to the true exponent ‘n’. However, if the 

applied stress is reduced towards the threshold value (or threshold increased towards 

applied), then (σ0/σA) in Equation 5-5 will no longer be small and the existence of the 

threshold stress will be apparent in a conventional ln (𝜀̇) vs ln (σ) plot, as an increase in 

the gradient towards infinity; the applied stress approaches the threshold value [26]. At 
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higher test temperature, the threshold stress may be less than the Orowan stress, because 

climb processes can assist by-pass of the obstacles and thus the ‘nApp’ approaches again 

towards the true ‘n’. In the current study such obstacles could be the small sub-grain 

boundaries of martensite, solute elements or could be the small precipitates reported in 

Sattari et al.[14].  This may explain the creep tests at high temperature for the ASR 

(>250 °C) and heat-treated materials (at 350 °C), which mostly gives a ‘n’ value close to 

a pure dislocation or power law creep mechanism showing in bar diagram of Figure 5-30. 

However, at lower test temperature, the threshold stress is apparent and is likely the 

reason why the gradient (in ln 𝜀̇ vs ln σ curve) of the low temperature creep data has 

increased dramatically. Mitchell et al. [29] derived equations for apparent stress exponent 

and activation energy in materials (single crystal of sapphire, spinel, Ni3Al and NiAl) 

whose deformation is controlled by the nucleation and propagation of dislocations. It has 

been shown in their work that the apparent stress exponent is strongly dependent on 

applied stress as well as on the temperature, which can decrease from the values greater 

than 10 at low temperature to unity at higher test temperature, even though a single 

mechanism is controlling. Hunt et al. [30] have also observed a higher stress exponent of 

6.9 at lower temperature and 2 for a higher test temperature in Zircaloy-4 and Zr-Nb-Sn-

Fe alloy, where they have claimed the low value might indicate either a large internal 

stress or introduction of a new mechanism such as grain boundary sliding. 
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Figure 5-30 Effect of test temperatures on the stress exponent (n) of different treatments. The 

heat-treated materials in this plot are all aged. 

 

Since thermal creep is a thermally activated process, the Q value should indicate the 

creep mechanism operating in a given material under given conditions [24]. It has been 

shown that when dislocation-climb is the rate controlling creep mechanism, then the 

creep activation energy is approximately equal to the self-diffusion of the associated 

material [24]. In other work, it was reported that the creep activation energy for annealed 

and 20% cold-worked Zircaloy-2 at temperature from 50 to 500 °C under a stress range 

of 138-207 MPa is independent of stress, creep rate and temperature and is consistent 

with the reported self-diffusion activation energy [31]. Nevertheless, Hood [32,33] 

reported that the activation energy for self-diffusion of Zr (~301 kJ/mol at 450 ˚C) is 

greatly reduced by extrinsic factors, especially the presence of impurities, e.g., iron (Fe) 

and oxygen. It was stated that the diffusion coefficient of Fe in αZr is approximately eight 

orders of magnitude faster than the αZr self-diffusion coefficient over a range of 

temperatures [32]. Christodoulou et al. [23] also derived low activation energies in Zr-

2.5Nb pressure tube materials due to the presence of Fe. The activation energy in the 

current study for ASR materials is found to be a value of ~75 to 109 kJ/mol (Figure 5-7), 

at a stress range of 300-500 MPa within a temperature from 150-250 °C. The current low 
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value of Q for the ASR materials thus could be the result of high extrinsic diffusivity 

paths provided by the impurities (e.g., Fe), which has a large binding energy with the 

dislocations and provides a high diffusivity path acting as short circuit channels for the 

self-diffusion process [34]. 

 
Figure 5-31 Comparison of activation energy at different treatments. Horizontal axis shows the 

different treatments with the temperature range the samples (axial) have been tested on. 

 
Figure 5-31 shows the activation energy (average) variation for different treatments, 

which clearly gives a good contrast in each case. The activation energy found for ASR 

materials has a good agreement with the value observed by Li et al. [10] and 

Christodolou et al. [23] where the low value of Q was believed to be attributed to high 

diffusivity paths provided by dislocations acting as short circuit channels for self-

diffusion [32].  
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Heat-treated materials, specifically non-aged WQ-930 treatment on the other-hand shows 

a significantly higher value of activation energy (~280 kJ/mol), which is close to the 

intrinsic self-diffusion in Zr (~300 kJ/mol) [10]. According to the previous study on 

quantitative microstructural analysis of heat-treated Excel alloy [16], it has been shown 

that heat-treated materials exhibits significantly higher amount of dislocations compared 

to the ASR materials (Table 5-2). In addition, due to the presence of smaller amount 

(~20-25% of total volume fraction, Fig.5-1a and 5-2) of equiaxed α (the softer 

component) in the heat-treated materials the α-phase has been highly deformed during the 

creep test, which is evidenced by generation of a much higher density of dislocations in 

the post-creep -phase (Fig. 5-27). Although, a low value of Q is expected in the heat-

treated materials; given that increased amount of dislocations should result in high 

diffusivity paths when dislocations act as short circuit channels for the self-diffusion 

process [35]. However, this is contrary to the current study and this could be due to 

tangling or pinning of dislocations at the solute elements or at the precipitates which were 

reported in Sattari et al. study [14], where they have observed precipitates mostly in the 

martensitic phase. Moreover, previous study [16] showed that the martensitic constituents 

exhibit very small sub-grains of ~30 nm which could also play a crucial role as obstacles 

to restrict the dislocation movement and thus may increase the activation energy for 

creep. Strutt, et al. [36] reported that activation energy for creep is anomalously high 

when a super saturation of impurity atom-vacancy complexes exists. Moreover, they have 

also observed that the condensed impurity atom-vacancy complexes pin dislocations very 

effectively. Although, WQ samples were aged and observed some relaxation in the 

materials [16], considering such intense martensitic structures (roughly ~80-85% of 
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martensitic features in WQ-930 sample) in the heat-treated materials, aging for only two 

hours might not rule out the possibility of remaining super saturation achieved during 

water quenching.  

 
 

Figure 5-32 Distribution of solute elements in the post creep samples, where the images on top (a-

d) represents the elemental (only Nb, Mo and Fe) distribution in the ASR (axial) crept sample 

tested at 250 ˚C for ~500 hrs at 500 MPa and the images at the bottom (e-h) are from WQ-895- 

Aged (axial) samples tested at 350 ˚C for ~300 hrs at 550 MPa. TEM foil normal is along the 

axial direction of the PT. 

 
Hansen et al. [37] and Shahani et al. [38] noted that the presence of particles tends to 

stabilize the dislocation substructure by exerting a strong ‘Zener pinning effect’ on grain 

boundaries and sub-grain boundaries. This stabilization reduces the dislocation creep by 

inhibiting sub-grain growth, which is shown in other works [39,40]. Myers et al.[41] 

found the nApp ~ 10 and Qapp of the order of~1000 kJ/mol for sintered Al powder 

(containing fine Al2O3 particles) whereas, for pure Al, n ~4-5 and activation energy for 

volume diffusion in Al is about 138 kJ/mol. Figure 5-32 shows how the solute elements 

are distributing and segregating (specifically Fe at the α-β GBs in ASR and at martensitic 

GBs of WQ-895 treatments) in the current Zr-Excel PT materials. Heat-treatments at 
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higher solution temperature produces more martensite, which generates numerous GBs 

(along with twin boundaries inside martensitic plate as showed in the previous work [16]) 

and since the solute elements tend to segregate at the grain boundaries, the ‘Zener 

pinning effect’ can also be a possible mechanism which may assist to influence the creep 

behavior in the heat-treated materials. 

Besides influencing the activation energy values, the heat treatments also change the 

anisotropy of the creep behavior, i.e. the ratio of the axial and transverse creep rates 

(𝜀�̇� 𝜀�̇�⁄ ). As Figure 5-23b shows, in the case of ASR Zr-Excel the rate of creep is ~2x-5x 

larger in the axial than in the transverse direction. The anisotropic behavior of the ASR 

material can be explained with the strong texture due to which most of the basal poles of 

the prior α-phase are oriented towards the transverse direction of the pressure tube and 

none (or at least insignificant) are oriented towards the axial direction. The strong texture 

ensures that the mechanical properties of the ASR Zr-Excel will have a directional 

dependence. The goal of the current heat-treatments was to partially randomize the 

texture of the ASR material in order to decrease the anisotropy of the mechanical 

properties of Zr-Excel. The effect of the heat treatments on the creep anisotropy is 

summarized in Figure 5-23b: for the ASR material 𝜀�̇� 𝜀�̇�⁄ ≫ 1, for the WQ-895 Aged 

𝜀�̇� 𝜀�̇�⁄ ~1 and for the WQ-930 Aged 𝜀�̇� 𝜀�̇�⁄ ≪ 1. This result shows that the anisotropy of 

creep does decrease and becomes almost isotropic for WQ-895 Aged, but for WQ-930 

Aged it increases again in the opposite direction. At the first glance, this behavior does 

not seem to correlate with the texture information shown in Table 5-2 because WQ-930 

Aged has the most randomized texture; thus it would also be expected to have the most 

isotropic creep behavior. In order to interpret the results in Figure 5-23b, besides the 
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effect of the texture, the presence of the martensitic α-phase has to be also considered. As 

Table 5-2 shows, the dislocation densities present in the primary α and martensitic α 

grains have a difference of nearly two orders of magnitude, which results in a significant 

difference in the mechanical properties of the two phases. The higher dislocation density 

and the fine domain structure of the martensitic α phase means significantly higher yield 

strength (hardness) compared to the primary α phase [14]. The resolved fraction of basal 

plane normal in the axial direction (fA) is almost zero in the ASR material (Table 5-2) 

which increases due to the heat treatments. It is important to note, that all the increase in 

fA is contributed solely by the martensitic grains formed during the heat-treatments 

(through Burgers relations, martensitic α texture inherited from high temperature β phase 

texture), while the remaining contribution to the transverse direction (fT) is mainly 

originating from the primary α grains and partly from martensitic α (since they were 

relatively randomized). Thus, in the heat treated materials of WQ-895 Aged and WQ-930 

Aged all the material oriented with the basal normal direction towards the axial and 

transverse directions are solely hard martensitic α  grains and mainly soft primary α 

grains, respectively. Basically, the randomized texture presented in Figure 5-3c is the 

sum of two sharper sub-textures, one belonging mainly to the primary α and the other to 

the martensitic α phase alone. This specific correlation of the texture with the 

microstructure might be the reason why the maximum randomization of the Zr-Excel 

material does not coincide with isotropy of creep behavior. The measured anisotropy of 

the creep behavior is the result of the interplay between the anisotropy of the texture and 

the specific orientation relationship between the soft primary α and the hard martensitic 

α-phase. As the volume fraction of the martensitic α-phase increases with the annealing 
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temperature (which randomizes the overall texture of the samples) the ratio of the axial 

and transverse creep rates 𝜀�̇� 𝜀�̇�⁄  decreases. This takes the value of 𝜀�̇� 𝜀�̇�⁄  close to 1 

(isotropy) for the WQ-895 Aged sample meaning that the two interplaying effects of 

texture and microstructure balance out. However, as the volume fraction of the 

martensitic grains increases further, the value of 𝜀�̇� 𝜀�̇�⁄  decreases below 1, as the example 

of WQ-930 Aged shows. This behavior shows that if the goal of the heat treatments is to 

make the mechanical properties of Zr-Excel more isotropic than the ASR condition, it is 

not necessary to fully randomize the texture (i.e. achieve fA = fT) but that the optimal 

texture has to be found which is in between the ASR state (fA = 0) and the full 

randomized (fA = fT) state.  

Sattari et al. [14] also reported significant modification to the anistropic mechanical 

properties of Zr-Excel PTs by heat-treatment. A substantial reduction in the yield strength 

anisotropy (σTransverse/σAxial) was observed in their study of a WQ-890 sample. The 

deformation behavior in the fully martensitic structure generated in the WQ-980 sample 

of Sattari’s et al. study was fit using anisotropy parameters (F=0.674, H=0.799 and H-

F=0.125); which are simlar to those from the Ibrahim et al. [9] study on heat-treated (no 

martensitic transformation) Zr-2.5Nb materials. In their study, Ibrahim et al. observed 

that axial/radial plate shaped grains with an optimum texture allow closest approach to 

zero axial strains (έA~0) for an internally pressurized thin-wall tube with end-cap. 

Habbottle et al. [42] noted that an isotropic material (F=G=H=0.5), which exhibits a 

random texture will exhibit an axial creep rate of zero under thin pressurised tube 

conditions. Thus, an axial creep rate is expected to be very low for a microstructure with 

random texture compared to the typical PT (ASR); which exhibits a greater difference in 
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the anisotropy parameters (H-F). The fully martensitic structure (no primary α grains), 

generated in the WQ-980 treatment of the Sattari et al. study was found to be the most 

creep resistant and the axial sample showed the minimum rate of creep. A similar trend is 

also noticed in our current study; where WQ-930 materials, which contain ~85-90% of 

martensite are the most creep resistant and exhibit an increase of relative creep anisotropy 

𝜀�̇� 𝜀�̇�⁄ . For example Figure 5-23b clearly indicates the reduction of axial creep to a 

minimum. However, at a lower solution temperature (WQ-895) where the texture is less 

randomized, there is still significant anisotropy. However regardless of the less random 

texture in the WQ-895 sample, almost isotropic creep properties are observed in the 

current study due to the combined effect of dissimilar mechanical properties, grain shape, 

and texture of martensitic and primary α. Table 5-11 shows a comparison of the 

anisotropy creep rate ratios observed in the current study (at 350 ˚C) and in the Sattari’s 

et al. creep-rupture study (at 400 ˚C). Since there was no steady state creep data reported 

in Sattari’s study for axial and transverse sample at an identical applied stress, the relative 

anisotropic creep rate ratios are estimated from a linear interpolation of Figure 5-8 in that 

study [14]. In addition, to compare both studies at an identical applied stress (650MPa), 

Figure 23 (b) was extrapolated from the existing data points to obtain creep-rate ratios. It 

can be seen from Table 5-11 that at higher solution temperature, the creep anisotropy 

such that 𝜀�̇� > 𝜀�̇�, whereas at low solution temperature creep anisotropy is reasonably 

low and 𝜀�̇� < 𝜀�̇�. The creep rate ratios (𝜀�̇� 𝜀�̇�⁄ ) of the fully martensitic structure sample 

(WQ-980) in Sattari’s study are smaller values than the values obtained in the current 

study for WQ-930 sample, but considering the uncertainity in their creep data 

(𝜀�̇� has only two data points) and comparison of a significantly different microstructure 
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(WQ-930 and WQ-980) at a different test temperature, one cannot make a direct 

comparison of the two samples. However, the WQ-890 sample of Sattari’s study and 

WQ-895 sample of the current study are more comparable due to their quite similar 

microstructure. The creep rate ratios (𝜀�̇� 𝜀�̇�⁄ ) of these two samples are clearly reduced 

significantly compared to the ratio observed in the ASR sample of the current study (~5.5 

at 550 MPa, Fig. 23b). However, in the current study, the WQ-895 sample was more 

isotropic than the WQ-890 sample of Sattari’s study. This difference could be arising due 

to different test temperature, sample preparation (heat-treatments) and comparing the 

ratio from  limited data points.  

Table 5-11 Comparison of anisotropic creep rate ratios between Sattari’s and current study.   

 

 

5.6 Conclusions 
Creep tests were carried out under different test conditions to determine the steady-state 

creep rate of annealed (ASR) and heat-treated Zr-Excel PT materials at different initial 

microstructures. It was found that steady-state creep rate varied considerably with 

specimen orientation (axial to transverse) when the samples were tested under the same 

nominal conditions of stress and temperature. This variation is microstructure-dependent, 
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where the degree of randomness in texture varies from very low (in ASR) to relatively 

high (in the heat-treated materials at higher solution temperature). In addition, 

experimental factors, e.g., applied stress and temperature also play an important role in 

controlling the creep mechanism. Figure 5-30 and 5-31 compares the creep behavior 

between ASR materials and the heat-treated materials. It can be seen that at higher test 

temperature both ASR and heat-treated materials gives a consistent stress exponent value 

of ~3 (Fig. 5-30) which is close to the value expected for dislocation or power law creep. 

However, at relatively low temperature when the threshold stress becomes predominant 

there is a very high exponent value. This scenario was consistent for all the treatments 

including in the ASR materials at 150 ˚C test temperature. Activation energy on the other 

hand is low in the ASR condition (~100 kJ/mol), which is a value close to the extrinsic 

self-diffusion of Zr in the presence of impurities, e.g., Fe. The required activation energy 

for thermal creep is increased in the heat-treated materials, which might arise due to the 

substantial microstructural evolution by changing the dislocation structures, martensitic 

phase formation with very small sub-grains and non-uniform elemental distribution 

during the heat-treatments.  The post creep microstructures and their comparison to the 

microstructures prior to creep provided numerous evidence to support the assumptions 

made from the experimental creep data. The anisotropic thermal creep behavior of the 

ASR and the heat-treated materials were analyzed and presented in Figure 5-23b. In 

addition, Figure 5-20 and 5-22 compared the creep rates of WQ-895 and 930 treatments 

for axial samples and transverse samples respectively. All these illustrations represent the 

influence of heat-treatment on creep anisotropy. It can be seen that, although the steady-

state creep rates varied by 1.5 to 4.5 times (depending on the applied stress) in axial and 
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transverse direction for ASR material (Fig. 5-13a), this variation has been significantly 

reduced in WQ-895 treatment (~1.6 times maximum, Fig. 5-13b). This implies that the 

creep resistance in the axial direction of the tube has increased by reducing the resistance 

towards transverse direction.  Moreover, from the relative creep strain rate shown in 

Figure 5-23b, it is also apparent that the creep behavior becomes almost isotropic in WQ-

895 treatment. The interplaying effects of texture and microstructure might be balanced 

out in the WQ-895 treatment, which lead to almost an isotropic creep behavior relative to 

the ASR condition. However, in the case of WQ-930 treatment, increase of volume 

fraction of martensitic grains might have altered the balance between the crystallographic 

texture and hard martensitic microstructure and subsequently turned the materials 

anisotropic again.  
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Chapter 6  
Conclusions and Scope for Future Work 

 

6.1 Conclusions 
Zr-Excel alloy was developed in the early 1970’s as an alternative high strength and more 

creep resistant Pressure Tube (PT) material for the Canadian nuclear industry. Due to 

lack of extensive experimental data and sufficient operating experience, understanding of 

the characteristic deformation behavior of Excel alloy at various operating condition is 

limited. In order to select any particular material for a structural design, it is necessary to 

understand how its microstructure is related to the mechanical properties at various 

conditions, i.e., knowing the structure-property relationships. Material processing plays 

an important role in control of microstructure, which leads to specific mechanical 

properties. To determine the general characteristic properties of a material, a large range 

of experimental and operating data is required at various conditions. Finally, a correlation 

amongst the processed materials and their properties needs to be established based on 

experimental data, which eventually can help to predict behavior under specific 

conditions.  

In the current study, Zr-Excel PT materials were heat-treated in the α+β phase 

transformation temperature range in order to generate a number of different 

microstructures. The primary objective of this study was to determine the thermal creep 

behavior of Excel PT materials for various microstructures. Since the as-received PT 

material consists of hcp Zr and exhibits a very strong transverse texture (from 

fabrication) creep behavior is quite anisotropic. Besides crystallographic texture, other 

microstructural constituents such as dislocation densities, sub-grain size, elemental 
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distribution as well as specific phase contents, play an important role on the resultant 

deformation behavior. The relevant literature [1,2,3,4,56,7,8,9,10,11,12,13,14,15], which 

describes the influence of these factors on the microstructures as well as on deformation 

properties of Zr alloys, provided the motivation for this work.   

The work of this thesis is divided into three major technical sections. In the first section 

(Chapter 3), the effect of heat-treatments on the crystallographic texture of the PT 

materials and their associated microstructural changes has been investigated. The 

microstructural evolution after heat-treatment was observed by Transmission Electron 

Microscopy (TEM) and the room temperature crystallographic textures of these heat-

treated materials were measured using the neutron diffraction technique. There were two 

specific objectives in the first section of this study: 1) to investigate the effect of heat-

treatment on Excel PT materials during the α→β→α transformation including the effect 

of both microstructure and texture, 2) to determine the factors which were responsible for 

the associated alterations. 

In the second section of this study (Chapter-4), the heat-treated microstructures were 

analyzed more comprehensively. As mentioned earlier, the primary objective of the 

current work was to investigate the thermal creep behavior of the heat-treated Excel PT 

materials; thus, it was also essential to know the initial microstructures more precisely, 

i.e., a quantitative estimation of the microstructural information of those heat-treated 

materials was required. For that, line profile analyses were conducted on the neutron 

diffraction data of the heat-treated materials. Initially, a qualitative estimation was done 

on the diffraction data using Williamson and Hall (W-H) plot, where the extent of line 

broadening were identified first and later an extended CMWP method was used to 
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quantify the microstructural details. In addition, TEM investigations were also done on 

the heat-treated materials as supportive evidence for the line profile results. This work 

has generated good statistics of the Zr-Excel PT materials heat-treated in the (α+β) phase 

field.  

In the third and final section of this study (Chapter-5), thermal creep behavior of Excel 

PT material (ASR) along with a selection of heat-treated materials was analyzed. It was 

found from the experimental results of the previous sections that heat-treatment at certain 

condition (water-quenching) and at higher solution temperature caused substantial 

alteration in the crystallographic texture. The third section analyzed the creep behavior of 

those substantially modified texture materials (heat-treated) at different applied stresses 

and temperatures in order to investigate the effect of texture as well as microstructure on 

their associated deformation properties. A creep rig was constructed in the project to 

perform the creep tests with Linear Variable Differential Transformers (LVDT) used to 

measure the creep strain. Creep tests on the experimental materials were performed for a 

reasonable duration in order to estimate the steady-state creep rate. The post creep 

microstructures were investigated in TEM to observe the microstructural changes that 

occurred after creep as well as to understand the associated creep mechanism. 

The following sub-sections present the summary of the results achieved from each major 

section of this study: 
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6.1.1. Microstructural Evaluation and Crystallographic Texture 

Modification of Heat-treated Zr-Excel PT materials (Chapter-3) 
 

The observation and experimental results achieved in this section can be divided into two 

parts: 1) qualitative microstructural investigations on the heat-treated Excel PT materials 

and 2) quantitative analysis of the crystallographic texture of heat-treated PT materials. 

At the beginning of the current study, the heat-treatments which were conducted to 

generate variable microstructures were designed in such a way so that sufficient phase 

transformation occurred during the α→β→α transformation. The selection of solution 

temperatures (the elevated temperature at which samples were heated and solutionized 

for a given duration) for the heat-treatments was based on the prior study of 

transformation temperature of Zr-Excel PT materials by Sattari et al. [9]. Rectangular 

samples were taken from annealed Zr-Excel PTs (ASR) and then heated to a temperature 

between 865 ˚C to 975 ˚C, i.e., (α+β) phase field and at the β transus temperature. These 

samples were solutionized at the respective temperatures for two hours and then cooled in 

air (AC) or quenched in water (WQ) to observe the effect of different cooling rates in the 

microstructure. 

The microstructural investigation on these heat-treated materials showed the following 

results: 

 No significant phase transformation was noticed in 865 ˚C solution treatment (in 

WQ or AC treatment). However, traceable amount of phase transformation was 

observed in the WQ treatment (as evidenced by martensitic structure formation in 

the room temperature microstructure) from 875 ˚C (WQ-875) and the extent of 

this transformation gradually increased with increasing solution temperatures. The 

presence of high concentrations of β stabilizing solute elements, e.g., Mo and Nb 
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at lower solution temperature could be the possible reason which restricts the β 

transformation during cooling. In contrast, at higher solution temperature they 

would be in lower concentration in the solid solution and the β phase to transform. 

 TEM analysis revealed that the samples in which substantial phase transformation 

occurred consisted of primary α, remnant β and a transformed product, which is a 

Widmanstätten structure. With the increase of solution temperature, these 

transformed products were increased by reducing the prior α and β-phase. Closer 

observation in TEM showed that the transformed product morphology in WQ 

treatment is quite different than in the AC treatment; with, fine martensitic 

structures observed in the WQ treatment and acicular Widmanstätten structures 

formed in the AC treatment. A qualitative investigation showed that WQ is a 

more effective treatment compared to the AC treatment, as evidenced by more 

transformed product formation after cooling. A considerable amount of solute 

atom redistribution and grain-growth at elevated temperatures duering cooling 

could be the possible factors for this difference.  

The texture analysis results can be summarized as follows: 

 With the increase of solution temperature, the strong transverse texture of the 

ASR materials started to change by shifting the resolved fraction of transverse 

components of the basal plane normal towards the axial direction. It was observed 

that the WQ-930 treatment generated a relatively randomized texture; where the 

distribution of resolved fraction of basal plane normal towards each tube direction 

was relatively uniform. This alteration of texture seems comparatively less 

effective in the AC treatment than in the WQ treatment, more specifically at lower 



 

236 
 

solution temperatures. The comparison of texture modification between WQ and 

AC treatment was quantified by calculating the resolved fraction of basal plane 

normal in each tube direction and plotting them as a function of solution 

temperature. 

 Based on the analysis of room temperature α and β textures of the heat-treated 

materials as well as on the relevant literatures [6,7,14], it is reported that the final 

texture of the transformed products are inherited from the high temperature β-

phase texture through a Burgers orientation relationship [5]. The crystallographic 

texture (room temperature) was relatively randomized by the higher solution 

temperature treatments. Nonetheless, significant variant selection was noticed in 

the axial direction of the basal pole figures. This variant selection likely occurred 

during cooling from elevated temperature and was attributed to the elastic strain 

interaction in the neighboring transformed products (martensitic/acicular), 

imposed on the high temperature β matrix. 

6.1.2. Quantitative Estimation of Microstructural Evaluation of Heat-

Treated Excel PT Materials by Line profile Analysis (Chapter-4) 

 
TEM investigation is not always the best tool to estimate the microstructural detail, if the 

microstructural constituents are too small or dense for ready determination of exact 

contents. Moreover, since TEM observations are performed on a very small sample 

which covers only a tiny volume of the bulk material, it may not statistically represent the 

materials. In this section, neutron diffraction line profile analysis (DLPA) was used to 

quantitatively characterize the bulk microstructure of the heat-treated Excel PT materials. 

An extended Convolutional Multiple Whole Profile (eCMWP) software package was 
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used to determine the microstructural information. The calculation in this method is 

based on physical models, where theoretical profile functions are calculated to evaluate 

the effect of coherently scattering domain size, dislocation structures and planar faulting 

on the shape of diffraction profiles [16]. The convolution of the different theoretical 

profile functions, together with the experimentally determined instrumental effect on 

broadening were fitted to the full measured diffraction patterns by a non-linear least-

squares algorithm resulted the detail microstructural information.  

Following are the summary of these investigations: 

 The qualitative observation on ASR materials in WH plot showed a minimum 

strain-broadening, which lead to a very low calculated density of dislocations 

(1.1±0.5x10
14

 m
-2

) with a correlated arrangement. However, the WQ-895 

treatment significantly altered the initial microstructure both in terms of phase 

constituents (comprised of primary α, martensitic ω, martensitic α and possibly 

remnant β) and dislocation structures. 

 Aging on the WQ-895 treatment transformed the martensitic ω into more stable 

martensitic α (ά) (~75-80%) and a significant amount of dislocation density 

(57±5x10
14

 m
-2

) was observed in this martensitic phase, which was evident from 

the substantial strain broadening in the WH plot. 

 At higher solution treatments (WQ-930), no intermediate meta-stable phase (ω) 

has been observed in the microstructure, and the resultant microstructure mostly 

comprised of martensitic α (~85-90%) and primary α. This phase evolution was 

confirmed in the TEM observation as well as by higher peak broadening (the 
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superimposed α peak which comprises primary and martensitic α) in the 

diffraction pattern.  

 Dislocation densities (calculated in CMWP method) at higher solution treatment 

seemed to be increased significantly in the martensitic α, which is evidenced in 

the WH plot as a higher strain broadening compared to the broadening caused in 

WQ-895 aged martensite. However the dislocation densities in the primary α did 

not change much.  

 Further aging on the WQ-930 treatment did not show any substantial changes in 

the microstructure except some reduction in the dislocation density (63±6x10
14

  

m
-2

), which might be due to the relaxation of inhomogeneous strains present 

within the martensitic phase.  

 Although the dislocations in the primary α seemed to have dipole/correlated 

arrangements the dislocations were found to be very random in the martensitic 

phase and mostly <a> type. In addition, the sub-grain size of the primary α (~330 

nm) and martensitic phase (~35 nm) remain quite consistent in the heat-treated 

materials. 

6.1.3. Thermal Creep Behavior of Heat-Treated Zr-Excel PT Materials 

(Chapter-5) 

 
In the final section of this thesis, thermal creep behavior of the heat-treated materials was 

investigated at different test conditions. Since, the initial crystallographic textures as well 

as the overall microstructures of the ASR materials were significantly altered by heat-

treatments; an attempt was made to analyze how these microstructural changes affect the 

deformation properties. Uniaxial creep tests (at constant load) were performed on the 
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axial and transverse sample (longitudinal dimension of the sample is parallel to axial or 

transverse direction of the tube respectively) for several heat treatments. The temperature 

range over which the tests were conducted was 150 ˚C to 350 ˚C, and the applied stresses 

were in a range of 150 MPa to 750 MPa. In order to understand the creep mechanism and 

to analyze the microstructural changes after a certain creep test, the post creep samples 

were investigated in the TEM and compared to their initial microstructures. In addition, 

EBSD was performed to attempt to assess the extent of stress relief and deformation of 

the grains at different microstructures and various test conditions. Moreover, the fracture 

surface of samples was analyzed to characterize their associated fracture mechanism. 

The results achieved from this study can be summarized as follows: 

 The overall creep behavior seemed to depend on the microstructures, where the 

degree of randomness in texture as well as the microstructural constituents 

(martensitic/ primary α contents) controlled the extent of the creep anisotropy.  It 

also depended on prior dislocation structures (e.g., higher dislocation contents in 

the heat-treated conditions might be partially responsible for an increase in the 

overall activation energy). The applied stress and temperature, which also played 

an important role as to the operating creep mechanism.  

 At higher test temperature (350 ˚C) the stress exponent value (n) for both the ASR 

and heat-treated materials showed a common value of ~3, which is close to the 

value expected for dislocation or power law creep. However, at lower creep 

temperatures, e.g., 250 ˚C, the stress exponent increased dramatically up to ~10 in 

the heat-treated materials and to ~6 in the ASR materials. This could be due to the 

presence of a threshold stress (i.e. a stress below which there is no creep), which 
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becomes important when the test temperature is reduced. Such threshold stresses 

arise to due dislocation obstacles, and give rise to an apparent high stress 

exponent when fitted with a power-law equation.  At higher temperatures, the 

threshold stress may be less than the Orowan stress (the stress required to by-pass 

an obstacles) and thus the climb processes becomes easier [17], hence the high 

stress exponent is seen only at lower temperatures. 

 Activation energy (Q) was calculated from the normalized steady-state creep rates 

plotted against homologous temperature (1/T). For ASR materials, Q approaches 

the value of extrinsic self-diffusion value of Zr (~100 kJ/mol) in the presence of 

impurities (e.g., Fe). The activation energy was drastically increased for heat-

treated materials (up to ~300 kJ/mol), which was attributed to significant 

microstructural evolution associated with change in the dislocation structures, 

martensitic phase formation and non-uniform elemental distribution on the 

martensitic plates. 

 Creep anisotropy was investigated in the ASR and heat-treated materials. It was 

found that due to the strong transverse texture in the ASR materials, the steady-

state creep rate for the axial samples was faster than for transverse samples by 1.5 

to 4.5 times at a stress range from 300 to 500 MPa. However, this anisotropy was 

reduced significantly in the WQ-895 treatment due to significant alteration in the 

crystallographic texture (substantial transverse resolved fraction of basal plane 

normal shifted to the axial direction) and generation of sufficient martensitic 

phase, which might have established a balance for (almost) isotropic properties. 

Nevertheless, at a higher solution temperature (WQ-930; exhibiting higher 
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contents of resolved fraction of basal plane normals in the axial direction), the 

creep rates in the transverse samples were substantially higher than in the axial 

samples, i.e., materials were anisotropic again, but in the opposite sense. The 

WQ-930 materials had the most randomized texture thus it might be expected to 

have the most isotropic creep behavior, but it was found to be very anisotropic 

(axial creep resistance higher than the transverse). This is presumably due to the 

increase of martensitic volume fraction which has characteristic texture and 

mechanical properties very different from the primary α. The randomized texture 

observed in WQ-930 materials basically is the sum of two sharper sub-textures, 

one mostly belonging to the primary α (contributed the transverse components of 

basal plane normals) and another solely belongs to the martensitic α (contributed 

all of the axial components of basal plane normal). The higher dislocation density 

and the fine domain structure of martensitic α [18] means there is also a 

significant difference in yield strength compared to the primary α phase.  

  The post-creep microstructural observation showed that dislocation densities in 

the primary α were significantly changed in all the treatments (including ASR) by 

creep. This deformation of α grains seemed more aggressive in the  grains of 

higher solution temperature samples, as evidenced by the generation of much 

higher densities of dislocations in the α grains of WQ samples than in the ASR 

samples. The reason for this severe deformation of -grains could be due to the 

fact that with more martensitic structures formed at higher solution temperature, 

there is less primary α remaining in the overall microstructure. Therefore, when 

load is applied to this ‘composite material’ (small content of soft  and higher 
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content of hard martensite) the soft α might experiences much higher stress and 

more deformation.  

6.2 Scope for Future Work 
In the current study, reasonable effort was made to cover the topic within the constraint 

of time and research funds. However, there is always some scope to improve by 

providing more experimental data and by doing additional work to eliminate any 

ambiguity in the presented results. In addition, generating the scope for new research 

from an existing work is the only way for further improvement/development. All these 

factors encouraged suggesting some future direction based on the current research. Based 

on the results achieved from each chapter, the following suggestions can be made: 

Chapter 3: 

 It was observed that no significant transformed β or Widmanstätten structures 

were found in either water-quench or air-cooling treatment below 875 °C. The 

reason predicted for this was the presence of effective amount of β-stabilizing 

elements below 875 °C which restricted the transformation. This prediction was 

based on the literature review and qualitative observation (no transformed 

products noticed at this solution treatment) of the heat-treated microstructures. 

However, the mechanism as to how these β-stabilizing elements interact to limit 

the β→ά transformation is not clear. Moreover, a suitable phase-diagram is also 

required for the Zr-Excel alloy to estimate exactly when the β stabilizing elements 

starts dissolving in the solid solution in order to allow the transformation (if the 

assumption is correct).  An equilibrium phase diagram for this quaternary system 

would require long hold times due to the very slow diffusion rates of the alloying 

elements. 
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 Although, a qualitative estimation was made (based on the previous study by 

Sattari et al.) to represent the content of different phases (α, β, ά) after heat-

treatments, their volume fraction could be measured quantitatively (using 

numerous micrographs) for better statistics. 

 Based on the literature and characteristic room temperature β-phase texture it was 

suggested that there was no change in the β-phase texture upon heating to high 

temperature (i.e. it inherited the room temperature texture). Moreover, the 

observed variant selection in the room temperature α texture was predicted as 

occurring during cooling. In-situ texture measurements (for both phases) of 

different phases at elevated temperatures could provide a better evidence for this 

assumption.  

 The reason for variant selection was considered due to the elastic strain 

interaction in the neighboring transformed products during cooling. Estimating 

the transformation strain from an in-situ strain measurement during the phase 

transformation and their effect on the martensitic products during cooling, and 

hence constructing a model with reasonable selection criteria could provide a 

better understanding of this prediction.  

 

Chapter 4: 

 A good agreement has been found in the estimation of microstructural 

information by line profile analysis through CMWP method and in the TEM 

observation. More data could be produced for other heat-treatments, e.g., air-

cooled samples which showed substantial texture modification at higher solution 
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temperature. Although, air-cooled Excel does not have the potential precipitation 

hardening caused by water-quenching [12], Sattari et al. [13] reported that air-

cooled samples show better creep properties than ASR materials at low stresses. 

Moreover, it would be interesting to see how the cooling rate affects the 

dislocation densities as well as other microstructural constituents.  

 Aging of the WQ-930 treatment showed some reduction of dislocation densities; 

this was predicted to be due to the relaxation of residual stress caused by 

quenching. Based on the literature review, this amount was considered to be 

around 10-15% of the strain field associated with that from dislocation densities. 

A more accurate estimation of this residual stress could be made by using some 

crystal plasticity model (e.g., Finite Element or Fast Fourier Transform model) on 

the aged and non-aged samples, which would shed some light on the actual 

contribution of the strain broadening that, arise from the relief of residual stress. 

This would provide a more realistic value of dislocation densities, which 

eventually could help to construct a better creep model. 

 Line profile analysis (LPA) on the as-crept samples could be also interesting to 

carry out. The microstructural investigations of the crept samples (in Chapter-5), 

show significant changes in the initial dislocation structures and additional sub-

grains were formed during the deformation of primary α. Thus, estimation of this 

microstructural information using LPA on different heat-treated materials at 

different creep conditions could provide a correlation between microstructures 

and their deformation properties. 
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Chapter 5: 

 Due to the time constraint of this project, where a number of different analyses 

were aimed to perform on numerous numbers of samples, thermal creep behavior 

of the heat-treated samples was performed mostly at two different test 

temperatures, which lead to some limitations in the creep data. Although, the error 

bars on the calculated creep rates are not that significant, tests at a few more 

temperatures could provide improved values of parameters. 

 Additional creep tests are also desirable under a wider range of applied stresses. 

  Although, some preliminary tests were performed on a specific treatment and at a 

constant test condition to verify the consistency of the creep rates for a particular 

sample, an average creep rate obtained from many samples for all the treatments 

and at a constant creep condition could provide more reliability and lower 

uncertainty to the experimental data. 

 A quantitative correlation is required between different heat-treated 

microstructures and experimentally acquired creep data. For this, microstructural 

information; e.g., texture information, grain size, dislocation densities and creep 

data can be used to construct a theoretical model (e.g., SELFPOLY [8]). A 

reliable model, which can fit the experimental creep data eventually, could be 

used to predict the characteristic thermal creep behavior for a desirable 

test/operating condition.  
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Appendix 
 

In many occasions number of images, plots, experimental designs and some of the experimental 

data which have been calculated in the current study were not presented in the dissertation 

considering their relative insignificance for the discussions. However, as a supportive evidence 

of the analyses in different sections of this dissertation and for completeness; here in this 

appendix, this information has been provided. 

Appendix I: Effect of Heat-Treatment on Microstructures and 

Crystallographic Texture 

 
In this section the heat-treated microstructures and pole figures; which were not presented in 

Chapter 3 are included.  

 
Figure I-1. Optical Micrographs of heat treated (air-cooled) samples of Zr-Excel PT materials. 
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Figure I-2. Optical micrographs of water-quenched samples Zr-Excel PT materials. 
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Figure I-3. Pole figures of α-phase in the Water-quenched Zr-Excel PT materials. 
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Figure I-4. Pole figures of α-phase for WQ-975 treatment and AC-875, AC-905 and AC-915 treatment. 

 

Appendix II: Creep test experimental setup 
In the current study, creep tests have been done in a modified Applied Test Systems (ATS) series 

3610 furnace/oven (rated for ~425 ˚C), where uniaxial load has been applied by using a lever 

arm (5:1) through a stepper motor. This rig was developed specifically for the work described in 

the thesis; a schematic is shown in Figure. II-1.  Load is measured by use of a load cell (model 

LC101-1K), while creep strain is measured from the linear displacement caused during the creep 

test by using Linear Variable Differential Transformers (LVDTs).  For that a connecting rod is 

attached (through a threaded hole) to the upper sample grip (shown in Fig. II-1) and the other end 

is connected to a magnetic core which travels inside the LVDT magnetic body. A displacement 

can be read during the test as a voltage change due to the change of magnetic flux while the 

magnetic core changes its position because of any substantial elongation in sample length. The 

standard MHR025 LVDT sensor, which has been used in the current work for strain calculation, 
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has a total 1.28 mm measuring stroke. Thus, a maximum of ~10.5% of strain for a uniaxial 

tensile creep sample of 12 mm gauge length could be measured with this sensor. The dimensions 

of the creep sample were chosen based on the standard (ASTM) tensile sample specification 

(L/√A0 ~5.6, L is gauge length and A0 is the cross-sectional area). The non-linearity of the 

LVDT sensor is only 0.15% of full scale; the sensor is calibrated over 50% of the measurement 

range, which is about ±0.00192 mm in the worst case. A standard MHR series LVDT can be 

operated at maximum 150 ˚C while it is aimed to perform most of the creep experiment above 

this temperature. Therefore, the LVDT sensors have been installed inside a block, which has 

been kept out of the furnace (shown in Fig. II-1). In order to measure the displacement of the 

sample, a non-magnetic connecting rod is connected to the sample via a customized grip to the 

LVDT sensor. Moreover, to prevent the sample from excessive oxidation (which might cause 

significant reduction in the actual creep rate) during the test, samples are properly shielded 

(inside an enclosure box) and high purity Nitrogen or Argon gas is flowing throughout the test. 

Control of the loading and temperature is carried out by a LabView program, which has been 

created at Queen’s University based on the experimental parameters; such as: applied uniaxial 

stress, sample dimensions, temperature, time and sequence of the experiment.  
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Figure II-1 Schematic representation of creep test setup. 

 

 
Figure II-2 Creep sample preparation (a) shows the axial and transverse blanks in the PT, (b) a schematic 

drawing of the tensile creep sample used in the current study. 

 

 

For sample preparation, at first; rectangular blanks has been taken out from different tube 

directions (axial and transverse) and then different heat-treatments have been conducted on these 
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blanks. Heat-treated samples are then machined to a uniaxial tensile creep sample. After 

machining, the initial sample gauge length is measured in a Laser sensor. The Z-Mike sensor is a 

non-contact gauge, which produces a precision scanning laser beam and part can be accurately 

dimensioned when it is placed anywhere within the measurement range (Fig. II-3). It has a very 

good resolution where within 1-50 mm measurement range, linearity or deviation is ± 0.0015 

mm and reproducibility is ± 0.0005 mm.  

 
Figure II-3 Laser machine setup and strain measurement of the creep sample. 
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To verify the strain data achieved from LVDT technique, the gauge length of the crept sample 

measured again in the Laser sensor after the test. The average difference between final LVDT 

gauge and post-mortem laser mesauremetn is found to be below ±0.005 mm, which demonstrates 

the reliability of the current strain measurement technique by LVDT. The uncertainty for the 

displacement measurements in the LVDT has found ±0.000678.  

Appendix III: Creep curves at different test conditions  
In this section, the creep curves which have been listed in Chapter-5 but did not presented 

because of space constraint are presented here. 

 

 

 
 

 

Figure II-1 Axial creep strain curve at 150MPa and at 350 ˚C of ASR sample. 
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Figure III-2 Axial creep strain curve at 250MPa and at 350 ˚C of ASR sample. 

 

 

 

Figure III-3 Axial creep strain curve at 350MPa and at 350 ˚C of WQ-930 non-aged sample. 
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Figure III-4 Axial creep strain curve at 450MPa and at 350 ˚C of WQ-930 non-aged sample. 

 

Figure III-5 Axial creep strain curve at 550MPa and at 350 ˚C of WQ-930 non-aged sample.  

 


