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Abstract 

Zr-Excel alloy (Zr-3.5Sn-0.8Nb-0.8Mo) is a dual phase (α + β) alloy in the as-received pressure 

tube condition. It has been proposed to be the pressure tube candidate material for the Generation-

IV CANDU-Supercritical Water Reactor (CANDU-SCWR). In this dissertation, the effects of 

heavy ion irradiation, deformation and heat treatment on the microstructures of the alloy were 

investigated to enable us to have a better understanding of the potential in-reactor performance of 

this alloy.  

 In-situ heavy ion (1 MeV) irradiation was performed to study the nucleation and evolution of 

dislocation loops in both α- and β-Zr. Small and dense <a> type dislocation loops form under 

irradiation between 80 and 450 °C. The number density tends to saturate at ~ 0.1 dpa. Compared 

with the α-Zr, the defect yield is much lower in β-Zr. The stabilities of the metastable phases (β-Zr 

and ω-Zr) and the thermal-dynamically equilibrium phase, fcc Zr(Mo, Nb)2, under irradiation were 

also studied at different temperatures. Chemi-STEM elemental mapping was carried out to study 

the elemental redistribution caused by irradiation. The stability of these phases and the elemental 

redistribution are strongly dependent on irradiation temperature.  

In-situ time-of-flight neutron diffraction tensile and compressive tests were carried out at different 

temperatures to monitor lattice strain evolutions of individual grain families during these tests. The 

β-Zr is the strengthening phase in this alloy in the as-received plate material. Load is transferred to 

the β-Zr after yielding of the α-Zr grains. The temperature dependence of static strain aging and the 

yielding sequence of the individual grain families were discussed. Strong tensile/compressive 

asymmetry was observed in the {0002} grain family at room temperature. 

The microstructures of the sample deformed at 400 °C and the samples only subjected to heat 

treatment at the same temperature were characterized with TEM. Concentration of β phase 

stabilizers in the β grain and the morphology of β grain have significant effect on the stability of β- 
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and ω-Zr under thermal treatment. Applied stress/strain enhances the decomposition of isothermal 

ω phase but suppresses α precipitation inside the β grains at high temperature. An α → ω/ZrO phase 

transformation was observed in the thin foils of Zr-Excel alloy and pure Zr during in-situ heating at 

700 °C in TEM.  
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Chapter 1 

General introduction 

1.1 Background and Motivations 

Zirconium Excel (Zr-3.5% Sn-0.8%Nb-0.8%Mo, wt.%) alloy is a nuclear structural material with 

high tensile strength, creep resistance and in-reactor dimensional stability developed by Chalk 

River Nuclear Laboratory in the 1970s [1-5]. In the design of Generation-IV CANDU-

Supercritical Water Reactor (CANDU-SCWR), Zirconium Excel alloy was proposed as the 

pressure tube candidate material due to its low thermal neutron absorption cross section and 

excellent mechanical performance [1, 6]. However, there are several issues still to be addressed 

before the Excel alloy can be used for pressure tubes in the reactor, which include 

characterization of irradiation damage by fast neutron irradiation, creep-rupture properties, 

corrosion behavior and delayed hydride cracking (DHC), amongst others [1, 6].    

It is well known that in-reactor fast neutron irradiation results in atomic displacement damage via 

collision cascades, which are responsible for the formation of dislocation loops, cavities, 

dissolution of secondary phase particles (SPPs), irradiation induced precipitation and micro-

chemistry redistribution [7]. The irradiation induced defects such as dislocation loops can 

significantly harden the material due to the interaction of gliding dislocation and dislocation 

loops, thus reducing the ductility and fracture toughness [8]. Neutron irradiation induced 

microstructures and microchemistry redistribution has significant effect on the dislocation loop 

structure, irradiation growth and corrosion behaviors [9, 10].  The stability of the SPPs and 

elemental redistribution have been widely studied in Zircaloys and Zr-2.5Nb alloy due to their 

extensive usage in current commercial nuclear powers as fuel cladding and pressure tube 

materials, respectively. A dependence of dislocation loop structure and second phase particle 

stability as a function of irradiation doses, irradiation temperatures, minor alloying elements and 
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applied stress have been well established in these alloy [7, 9, 11, 12]. The irradiation induced 

hardening and deformation mechanism for these materials have been investigated broadly as well 

[7].   

However, the study and understanding of neutron irradiation induced damage in Zr Excel alloy 

and deformation mechanisms for both un-irradiated and irradiated materials are still limited.  This 

knowledge is vital for the application of Zr-Excel alloy to future nuclear reactors. Even though 

Excel alloy has a similar microstructure to Zr-2.5Nb, i.e., a dual phase structure composed of α 

grains in hexagonal close packed (hcp) crystal structure and thermodynamically metastable β-Zr 

grains in body centered cubic (bcc) structure, there is still a significant difference in chemical 

composition of the α grains and β grains between these two alloys due to addition of a relatively 

large amount of slow diffusing species, Sn and Mo in the Excel alloy. Sn is enriched in α grains 

and has significant effects on the formation and evolution of dislocation loops, due to interaction 

of the alloy elements with point defects [13]. Mo is enriched in β-Zr grains, and is not a common 

element in nuclear-grade zirconium alloys. This makes Zr-Excel also of considerable basic 

science interest. Few studies have ever been made to investigate the defects induced by 

irradiation in β-Zr grains, even in Zr-2.5Nb. Indeed, one could argue that this might be required 

to eventually determine the overall irradiation behavior of this alloy, despite the low volume 

fraction. Furthermore, metastable ω-phase particles have been observed in as-fabricated Excel 

pressure tube material. Up to now the stability of the metastable phase and microchemistry 

redistribution under irradiation is not yet fully understood.   

Due to limited access to neutron irradiation facilities and the risk associated with handling 

neutron irradiated samples, as well as high costs, heavy ion (Kr
2+)

 irradiation is applied to 

simulate neutron irradiation effects [14]. The volume of the cascade caused by heavy ion is 

relatively close to that produced by neutrons compared with other energetic charged particles. 
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The CANDU pressure tube shows strong anisotropy in its mechanical properties due to the strong 

texture formed during processing [15, 16]. Both the anisotropic behavior and the type of texture 

formed during processing are closely related to the deformation modes activated during the 

plastic deformation. Extensive studies in deformed Zr alloys showed that prismatic <a> slip is the 

easiest slip system, i.e., prismatic <a> slip systems have the lowest critical resolved shear stress 

(CRSS) [17]. Basal <a> slip and pyramidal <c+a> slip were claimed to be observed at higher 

temperature as well, but show higher CRSSs than prismatic <a> slip. The ratio of the CRSSs of 

these available slip systems determines the mechanical  behavior and the texture evolution during 

plastic deformation [18]. The addition of alloying elements and the presence of irradiation 

induced dislocation loops can significantly change the ratio of CRRSs due to the interaction of 

the active dislocations with solute atoms and/or irradiation induced defects [19, 20]. Further the 

interaction of moving dislocation with irradiation induced point defects can produce defect free 

channels where localized deformation occurs in irradiated Zircaloys and Zr-2.5Nb alloys [20]. 

However no study has ever been carried out to unveil the deformation mechanisms in both 

unirradiated and irradiated dual phase Zr-Excel alloy.  

1.2 Objectives 

The current research aims to study the microstructural changes induced by irradiation, 

deformation and thermal treatments, to increase our understanding of how the alloying elements 

and heat treatment may affect the material performance under irradiation condition or non-

radiation conditions, to make suggestions for optimizing the manufacturing procedure and future 

applications. Specifically, the objectives are:   

1) To in-situ characterize the evolution of irradiation induced lattice defects in the α phase of Zr-

Excel alloy and the β-Zr phase under heavy ion irradiation; 
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2) To understand the phase stability under irradiation and thermal treatment with in-situ TEM 

heavy ion irradiation, and in-situ TEM heating or ex-situ heat treatment; 

3) To understand the deformation behavior and mechanisms under uniaxial tensile or compressive 

deformation at different temperatures and to analyze the interaction between α and β phases and 

the effects of alloying elements on the deformation mechanisms of the α and β phases by time of 

flight neutron diffraction technique.  

1.3 Thesis overview 

The research in this dissertation will be presented in manuscript format. There are 8 individual 

journal papers included either published, submitted or to be submitted. Consequently, the general 

introduction to this dissertation (Chapter 1) is intentionally kept brief. Each part of the work will 

be introduced individually in the following chapters. 

Chapter 2 comprehensively reviews radiation damage theories, research techniques, and relevant 

studies on irradiation induced defects, phase stability, micro-chemistry redistribution, irradiation 

induced hardening, deformation mechanisms in Zr and its alloys. 

Chapters 3 to 6 cover the microstructure changes induced by heavy ion irradiation. 

Chapter 3 focuses on the nucleation and evolution of irradiation induced <a> type dislocation 

loops under heavy ion irradiation. The effects of temperature, alloying elements on the irradiation 

induce defect structure are discussed. Comparison between the defect structures induced by ion 

irradiation and neutron irradiation is given.   

Chapter 4 presents the irradiation induced lattice defects in β-Zr and evaluate the stability of β-Zr 

under irradiation.  

Chapter 5 addresses the metastable phases in Zr-Excel alloy in terms of the lattice parameters, 

stability under irradiation and the elemental redistribution induced by irradiation. 
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Chapter 6 addresses the equilibrium phases in Zr-Excel alloy in terms of their stability and 

elemental redistribution, as characterized by in-situ Chemi-STEM elemental mapping. 

Chapters 7 and 8 report the lattice strain evolution of individual grain families from both the α 

and β phases, as tracked by time of flight neutron diffraction during tensile and compressive 

deformation.  The effects of temperature, alloying elements and strain path on yielding sequence 

of the individual grain families are discussed and the strengthening mechanisms are revealed.  

Chapter 9 deals with the stability of metastable phases (β and ω) under thermal treatment and 

high temperature deformation. The effects of alloying elements and applied stress/strain on their 

stability are discussed.   

Chapter 10 reports a direct observation of α to ω phase transformation during in-situ annealing of 

thin foils of Zr and Excel in TEM.  
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Chapter 2 

Literature Review  

2.1 CANDU SCWR design 

The CANDU-Supercritical Water Reactor (CANDU-SCWR) is one of the six conceptual reactors 

being considered by the Generation-IV International Forum (GIF) for international collaborative 

R&D [1, 2].  With supercritical water (SCW) as a coolant, the thermal efficiency is expected to 

reach about 48% [2, 3]. Even though several CANDU-SCWR fuel channel designs were 

proposed, two of them were considered as the most promising: the High Efficiency Channel 

(HEC) and Re-Entrant Channel (REC) as illustrated in Figure 2-1. Like the current CANDU 

reactor, separate pressure tubes are used in both designs. The difference is that in the HEC each 

pressure tube is designed to contact with the moderator directly, without separation of the 

Calandria tube. Between the coolant and pressure tube, a thermal insulator (a ceramic material) is 

used to keep the pressure tube thermally insulated from the hot coolant. The operation 

temperature of the pressure tube for the HEC design is the same as that of the heavy water 

moderator, about 80℃, and the pressure of the light water coolant is 25 MPa. In the REC design, 

however, the pressure tube and the concentric inner tube are separated from the heavy water 

moderator by the Calandria tube. The SCW coolant flows between the pressure tube and the inner 

tube, and at the end of the channel it turns and flows back through the inner tube which contains 

fuel bundles. Operating temperature of the pressure tube is designed to be 350 to 400 ℃ for the 

REC design.    

The Zr-2.5Nb alloy which is used in current CANDU commercial reactors as pressure tubes is not 

suitable for the pressure tube material in the SCWR due to the requirement of higher strength and 
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creep resistance at both low and high temperatures. In both designs, Zr-Excel alloy is considered 

as the potential candidate material for pressure tubes.  

 

 

Figure 2-1 The schematic diagrams of HEC (left) and REC (right) fuel channel design [2] 

2.2 Pressure tube materials 

2.2.1 The development of pressure tube materials 

The first reactor to use zirconium alloy tubes to contain hot pressurized water as a heat transport 

medium was the Hanford N reactor in 1962 [4]. Cold worked Zircaloy-2 was applied in the 

Hanford N reactor as pressure tube due to the suitable strength and low thermal neutron cross-

section. In the early Canadian reactors, Nuclear Power Demonstration (NPD) reactor followed by 

Douglas Point and Pickering units 1&2, the pressure tube material used was the same as that in 

Hanford N reactor [4-6]. However, a stronger zirconium alloy was desired in consideration of 

reduction of pressure tube wall thickness to improve neutron economy, as well as to deal with H 

pickup issues. With the information that zirconium-niobium alloys have higher strength than 

Zircaloy-2 with acceptable corrosion resistance, Zr-2.5Nb alloy was introduced by Chalk River 

Nuclear Lab from the USSR and applied to the pressure tubes in subsequent Canadian reactors 

[4]. The alloy was initially developed in a quenched and aged condition which gave a 62% 

increase in strength compared to cold worked Zircaloy-2 and a reduction in creep rate [6]. Tubes 

in this condition were installed in Gentilly-1 and KANUPP reactors. However tubes of 27% cold-
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drawn Zr-2.5%Nb which gave a 44% increase in strength compared to cold worked Zircaloy-2 

were widely used due to a lower creep rate and lower cost to fabricate [6, 7]. All CANDU 

reactors from Pickering-3 onwards have used Zr-2.5 %Nb tubes with about 27% cold work. 

Compared with cold worked Zircaloy-2, cold worked Zr-2.5Nb turned out to be  more corrosion 

resistant and experiences remarkably less deuterium pick up in similar service conditions [8].  

Zr-Excel alloy (Zr-3.5% Sn-0.8%Nb-0.8%Mo, wt.%) was developed in the 1970s by AECL, and 

was found to have higher strength, creep resistance, and in-reactor stability than Zr-2.5Nb alloy 

[2, 6, 9-11]. As-extruded or annealed Zr Excel had similar strength to 20% - 30% cold worked Zr-

2.5Nb at both room temperature and 300℃ [6, 9, 11]. Early studies on creep showed that the in-

reactor creep rate at 300℃ for as-extruded Zr-Excel alloy pressure tubes, with a similar strength 

to 27% cold worked Zr-2.5Nb, is only one third of that of as-extruded Zr-2.5Nb [6, 11]. Excel 

alloy has higher matrix strength and there is less need to increase strength through grain size 

refinement or cold-working. Both the large grain size and lower dislocation density are 

contributors to a lower creep rate.  

Tests from NRU showed that the long-term steady irradiation growth rate for 8% cold worked 

Excel was evaluated to be 30% less than that of Zr-2.5Nb [6]. Based on limited tests, it was 

shown that Zr-Excel alloy is more resistant to DHC (delayed hydrogen cracking) than Zr-2.5Nb 

alloy [11]. With the above mentioned advantages over Zr-2.5Nb and without significant 

degradation in other important properties such as deuterium pick up and corrosion, Zr-Excel was 

believed to have a longer lifetime and reliability and was proposed to be used in CANDU 

reactors. However, the proposal was dropped, and the development of Excel was stopped in the 

mid-1980s. On the one hand, the owners of CANDU reactors had, by the mid-1980s, acquired 

considerable operating experience and operating data on Zr-2.5Nb upon which to base their 

maintenance plans and for AECL to use as a basis for marketing future reactors; on the other 

hand, it is risky and expensive to develop a new alloy [12]. However, in next generation nuclear 
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power designs, the water pressure is increased from the current 11MPa to 25 MPa which results 

in the stress along tube hoop direction increasing from 130 MPa to 300 MPa. This poses a 

significant challenge for pressure tube materials, which caused a revival of interest in Zr-Excel 

alloy. 

2.2.2 Microstructure of Excel alloy as pressure tube material 

The phase transformation and effects of thermal treatment on mechanical properties have been 

investigated by Sattari et al. [13]. The important phase transformation temperatures were 

established for Excel alloy. It was found that             and             

temperatures are in the range of 600-690℃ and 960-970℃, respectively. Water quenching from 2 

h at 980 ℃ solution heat treatment followed by aging at 450℃ for 1 h gives good creep properties 

at high stress level (>700MPa). However air cooling from 2 h 890℃ in         phase region 

followed by aging at 450℃ for 1 h yields good creep properties at lower stress level (<560MPa). 

Water quenching from 980℃ produces a fully martensitic structure. A combination of α grains 

and Widmanstatten structure is formed on air cooling from 890 ℃. Precipitates are formed in the 

martensitic phase during 450℃ aging. The as-received Excel tube was fabricated by hot extruding 

the hollow billet at 850 ℃ at a ratio of 10:1 followed by 25% cold drawing. The tube was then 

annealed at 750 ℃ for 30 min and stress relieved at 400 ℃ for 24 h during which a black 

zirconium oxide layer on the surface of the pressure tube was formed. The TEM microstructure of 

an as-received tube is shown in Figure 2-2 [14], which consists of fully recrystallized α grains, 

partially recrystallized α grains, and β phase in the α grains and at the α  boundaries. Dense and 

small metastable ω phase particles are observed in the β phase (Figure 2-2 (b)).  

The metastable ω phase is hexagonal structure with a = 0.5nm and c = 0.3109nm [15]. ω phase 

was first reported in Ti alloys [16] and then Zr alloys [15]. It can form via either athermal process 

by quenching from β phase or thermal process by aging of the quenched material at a certain 
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temperature. The formation mechanisms by both these two processes are reviewed in [17]. The 

orientation relationship between β phase and ω phase is         (    )     ̅     

    ̅    . The chemical composition of the ω phase formed by the athermal process is close 

to parent β phase, however, there is a difference between the thermally formed ω phase and β 

phase matrix.  For aged ω phase, the composition is dependent on the aging time until it reaches a 

pseudo-equilibrium composition which is independent of initial alloy content and aging 

temperature.  

  

(a) (b) 

Figure 2-2 The microstructure of as-received Zr Excel pressure tube.  (a) TEM bright field; 

(b) TEM dark field image showing the ω phase particles (white spots) in β phase.  

2.3 Effect of neutron irradiation on Zr alloys 

The materials in nuclear reactors are subjected to a flux of fast neutrons. In CANDU reactors, the 

fast neutrons can travel through the pressure tube, associated with the possibility of loss of energy 

by transferring a fraction of energy to atoms in the pressure tubes when neutrons collide with Zr 

atom (or alloying element) nuclei. The neutron-nuclei interaction could be considered as an 

elastic hard balls collision due to the electrical neutrality of neutrons. The probability of collision 

of a neutron with Zr atoms can be defined by the double differential scattering cross section (in 



 

  12 

 

energy and angle),   (       ), where, Ei and Ef  are the incident and final energies and  is the 

solid angle into which the neutron is scattered [18]. That is  

   
 ∬  (       )       (2-1) 

 

Accordingly, the probability that a neutron of energy Ei, elastically scattering against an atom of 

mass M, will impart a recoil energy T to the struck atom does not depend on the recoil energy. 

Now the average energy transferred to the struck atom can be calculated as  

 ̅  
   

 
 

(2-2) 

 

where   
  

(   ) 
, and M is the atomic mass of the struck atom. For the neutron of 1MeV energy, 

the average transferred energy over all the collisions can be evaluated as 21.5 keV.   

For Zr, the threshold energy to displace an atom off-site used for damage dose calculation is 40 

eV [18]. The first off lattice atom displaced by the collision of a neutron is called primary knock 

on atom (PKA). The PKA has an average energy of the average transferred energy. With such a 

large amount of energy, the PKA can cause a displacement cascade where many displacement 

events occur in a localized region, associated with a thermal spike. A typical schematic 

characteristic of the cascade is shown in Figure 2-3. During the thermal spike, the recombination 

of Frenkel pairs (a pair of vacancy and SIA) is enhanced. After cooling down of the thermal 

spike, there are some individual SIAs and vacancy point defects as well as clusters of them. A 

molecular dynamics (MD) simulation study of the displacement damage in Zr was carried out by 

Gao et al. to investigate the effects of temperature on vacancy and interstitial production 

efficiency, cluster size and PKA energy [19]. Both the clusters and individual point defects have 

significant effects on the service performance of structural material in reactor, which will be 

reviewed in the following sections.  
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Figure 2-3 A displacement cascade caused by the PKA with high density of vacancies in the 

core surrounded by high density of SIAs [20]. 

2.3.1 Irradiation growth  

Irradiation growth is a common phenomenon occurring in nuclear reactors for fuel materials and 

structural materials due to irradiation of fast neutrons. It refers to the process of dimensional 

changes under irradiation without volume change in the absence of applied stress. Irradiation 

growth in single crystal zirconium was first reported by Buckley, under fission fragment damage 

[21]. The shape changes that occurred were consistent with an expansion along the a-axis 

together with a c-axis contraction, the relative magnitudes of which indicated no volume change.  

After Buckley [22], neutron irradiation induced growth in single crystal Zr was studied [23-28]. 

Although there are some discrepancies in different experimental data about irradiation growth 

strain along c-axis, it is well accepted currently that irradiation results in an expansion along <a> 

direction and a contraction along <c> direction. Carpenter et al. reported that the irradiation 
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growth strain in single crystal Zr along a <c+a> direction was close to zero [24, 26]. Long term 

neutron irradiation tests showed that growth strain tended to reach a saturation strain at the very 

beginning, following a quick transient stage along both <a> and <c> directions. Accelerated 

growth was then observed in lower purity single crystal samples after a certain dose level [26, 

29].  

Due to the significant importance of dimensional stability of structural materials in reactor, 

irradiation growth in polycrystalline Zr alloys was extensively studied, especially in Zircaloy-2 

[29-42], Zircaloy-4 [33, 39, 43-47] and Zr-2.5Nb [48-55], which are widely applied in 

commercial nuclear reactors. For annealed polycrystalline Zr and its alloys, positive strain was 

observed along the macroscopic longitude direction which is close to the texture component 

showing a large number of prism plane normal (i.e., <a> direction). It can be concluded that like 

single crystals, the polycrystals experienced an initial quick transient growth at the very 

beginning stage followed by growth strain saturation or steady state linear growth depending on 

the irradiation temperature at intermediate dose level (usually less than 10 dpa, displacement per 

atom). The saturation neutron dose ranges from 0.45 dpa to 2.2 dpa which is dependent on the 

irradiation temperature and alloying elements (evaluated by 1 dpa=                

(E>1MeV) [56]) [27]
1
. Due to these combinations of saturation and steady state behavior, growth 

strain is typically plotted as a function of fluence in a logarithmic scale [38, 42, 57]. The growth 

behavior can then be empirically described by the slope, n, of a straight line drawn through the 

points. The growth strain,   , then is given by  

    (  )  
(2-3) 

                                                      

1
 Due to difference of the neutron spectra of different reactors, it is not accurate to describe the damage 

level with neutron fluences. At present, it is much more popular to describe damage level with dpa. The 

conversation is based on the data reported in the literature. If there is no data for the reactor in literature, we 

use the approximation given by 1dpa=                (E>1MeV) unless specifically mentioned 

according to Fidleris [52].  
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where,   is a constant,    is neutron flux, and t is irradiation time. Northwood and Herring [25] 

reviewed the early data of irradiation growth for annealed polycrystalline Zr and Zircaloy alloys 

irradiated at temperatures ranging from 70  o     ℃ and damage levels ranging from 0.01 to 10 

dpa (evaluated by 1 dpa =                (E>1MeV) [44]) and showed that the irradiation 

growth behavior could be well described using the equation by dividing the data into two 

regimes, except the irradiation at     ℃ a  high dose level. The initial growth rate is high and 

for dose level less than 2 dpa, the best fitted n value is 0.65, which indicates rapid growth during 

the transient stage. The transient strain is inversely temperature dependent [27, 58, 59]. Above 

this damage level, the best fit n value is 0.11, indicating growth saturation and steady state. 

Continuous long-term irradiation growth tests carried out by Rogerson et al. [29, 32] first showed 

that breakaway growth occurs in Zr single crystals and Zircaloy after a certain threshold dose 

level which indicated that an incubation time is required for breakaway growth. After the 

occurrence of breakaway growth, the growth rate increases with neutron fluence, which results in 

an accelerated growth rate, thus yielding significant dimensional instability in Zr reactor 

materials. Later it was found it was a reproducible phenomenon which was common to annealed 

Zr and its alloys such as Zircaloy-2 [30, 43], Zircaloy-4 [45, 47], Zr-2.5Nb [43], Zr-Excel alloy 

[43] and Zr-Sn alloy [27, 58] and Zr-Sn-Nb-Fe alloys [60-63]. All the experiment results illustrate 

that the incubation period of the breakaway growth is dependent on temperature as well as 

impurity content, i.e. the higher the temperature or the lower the purity, the lower the dose at 

which breakaway growth starts to occur. Linear growth with high growth rate but without 

showing evident accelerating strain rate was also reported for Zircaloy irradiated at high 

temperature (above 400 ℃) [27, 33, 43, 59]. At temperatures above 400 ℃ an increase in 

irradiation temperature caused a rapid linear increase of growth rate [33].  

In uranium polycrystalline aggregates, the growth rate increases with the degree of texture, 

reaching a maximum for a single crystal [64]. It was suggested that the growth of a polycrystal 
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would be the vector sum of the growth of individual grains disregarding the interaction of 

neighboring grains. However, a comparison of single crystal and polycrystalline zirconium under 

the same condition showed that the magnitude of the saturation strain of polycrystal is 

significantly higher than that of single crystals [26, 27]. This is attributed to the effect of grain 

boundaries which are usually considered as neutral sinks (i.e. equal attraction to vacancies and 

SIAs) in rate theory. Grain size effects on the irradiation growth strain were discussed for 

annealed Zr alloys in the literature [27, 44, 45, 65]. It could be concluded that growth strain is 

inversely dependent with grain size. However irradiation at higher temperature only showed weak 

grain size dependence [66].  

Cold-worked Zr alloys display linear irradiation growth behavior with neutron fluence over 

temperatures ranging from 80 to 400 ℃ [37, 39, 52, 59, 67]. Negative strain and strain relief 

along the macroscopic longitudinal direction were observed at the early stage for cold-worked 

samples, which may be caused by the relaxation of residual stress induced by cold work [27, 67]. 

Compared with annealed alloys the cold-worked alloys exhibit much higher growth rate. Further, 

the growth rate increases with dislocation density [48, 49, 67], which indicates the effect of 

dislocation networks which act as the net sink of vacancies and interstitials depending on the 

character of dislocations. 

Many attempts had been made to explain the anisotropic in-reactor dimensional changes with the 

absence of stress and their dependences on temperature, fluence and microstructure such as grain 

size and dislocation density. Holt [66] gave a comprehensive and critical review on many 

proposed models. The modified models based on conventional biased rate theory applied to 

isotropic metals seem failed to apply to metals with anisotropic hcp structures [66]. Woo and 

Gosele [68] first pointed out that the difference in the diffusional anisotropy between irradiation 

generated interstitial and vacancy point defects should have significant effects on the sink 

strength of the dislocations which was calculated as a function of line-direction with <c> axis. 
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Later, Woo [69] proposed a model which was referred to as the diffusion anisotropic difference 

(DAD) based on rate theory by introducing the reaction kinetic theory of the difference in 

anisotropic diffusion of the point defects. It is assumed that SIAs diffuse faster along <a> 

direction than <c> direction, while vacancies migrate isotropically. The DAD model was 

successfully employed to explain many anomalous irradiation growth behaviors as well as 

irradiation induced microstructures [70-73]. Even though it was claimed that the visible 

interstitial <a> type dislocation loops were not enough for the measured growth strain [74], 

irradiation induced dislocation loops were still considered as important sinks for point defects and 

yielded significant direct growth strain in annealed materials. In particular, the vacancy type <c> 

type loops were considered to be responsible for the breakaway growth observed in annealed 

materials above some threshold dose [47, 75-79] and high growth rates at high temperatures.  

Table 2-1 The Burgers Vector, notations and habit plane of dislocation loops reported in Zr 

and it alloys 

Burgers Vector Notations Habit plane 

1/3<11 ̅ > <a> {10 ̅ } Prism 

½[0001] <c> (0001) Basal 

1/3<11 ̅3> <c+a> {10 ̅ }Pyramidal 

1/6<20 ̅ > <1/2c+p*> (0001) Basal 

*Note: <p> denotes 1/3<10 ̅ > 

2.3.2 Irradiation induced dislocation loops 

In the early model proposed by Buckley [22], the irradiation growth phenomena in single crystal 

Zr, i.e., the expansion along <a> direction and contraction along <c> direction, were attributed to 

prism plane interstitial <a> type dislocation loops and basal plane vacancy <c> loops. This 

explanation stirred great interest of the studies into the effects of neutron irradiation on the 

microstructure of Zr, even though the hypothesis was later proven to be untrue by Kelly and 
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Blake [80]. Four types of dislocation loops have been reported in irradiated Zr and it alloys, 

which are perfect dislocation loops with Burgers vector of 1/3<11 ̅ > and 1/3<11 ̅3> and faulted 

loops with Burgers vectors of ½[0001] and 1/6<20 ̅ > type [81, 82]. The habit planes and the 

notations of the dislocation loops are given in Table 2-1. All these dislocation loops can be 

involved in the evolution of irradiation induced microstructures of Zr alloy, dependent on the 

irradiation conditions.  

Dislocation loops with <a> type Burgers vector are the most common irradiation induced defects 

in irradiated Zr and its alloys. <a> loops which are visible in TEM were reported to be formed at 

very low dose, as low as            (E > 1MeV) at 350 °C [83] and              (E > 

1MeV) at 300 °C [25, 74, 80, 81] in neutron irradiated Zr and Zr alloys. These neutron fluences 

corresponded to 0.04 to 0.1 dpa displacement damage. Systematic characterization of neutron 

irradiation induced <a> dislocation loops in pure Zr [83-87], Zircaloy [85, 87] and Zr-2.5Nb [87] 

illustrates that there is an almost parabolic increase in the <a> type loop diameters and a decrease 

in loop densities with increased temperature. The measured loop diameter and density by 

different researchers are reasonably consistent as seen in Table 2-2-2. It was claimed that no 

damage was observed when irradiated at temperature above 500 °C for crystal bar Zr and α phase 

in Zr-2.5Nb and above 650 °C for Zircaloy-2 [87]. The temperature dependence of loop size and 

density could be attributed to the enhanced recombination of vacancies (V) and self-interstitial 

atoms (SIAs) with increased temperature [88, 89]. It was claimed that the energy released from 

the recombination of Frenkel pairs might facilitate the migration of point defects over longer 

range, which is called V-SIA recombination enhanced migration of defects. The increase in the 

number of recombination sites results in enhanced diffusion of point defects and decreased loop 

nucleation sites, thus yielding the growth of loops and a drop in the loop density. The temperature 

dependence implied that diffusion of point defects is one of the mechanisms of the growth of 

loops.  
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Considering the neutron fluence dependence of <a> type dislocation loops, a large amount of 

observations give the remarkable trend that the number of atom sites involved in the damage 

increases and then reaches a plateau at 2.2 dpa at 300 °C for Zircaloys, while the size increases 

slowly due to a slight decrease in the density of the visible defects [25, 74]. However irradiation 

at high temperature such as 500 °C does not present saturation at that dose level. The dislocation 

loops grow to form dislocation networks at high temperature [25, 87]. The dislocation network 

was thought to be responsible for the steady state irradiation growth behavior at high temperature.  

Table 2-2 The <a> type dislocation loops in annealed Zr and Zr alloys under neutron 

irradiation in different conditions. 

Sample 
Irradiation 

Temperature (°C) 

Damage dose 

(dpa) 

Mean 

diameter(nm) 

Loop density( 

        ) 
Ref. 

Annealed Zr 
300 0.8 18.6 0.5 [87]

 2
 

400 0.74 & 2.2 50~56 ~0.09 [85], [87] 

Annealed 

Zircaloy 

250 0.7 6      1.3~4.0 [85]
 3
 

300 0.8 6.5 1.9 [87] 

340 2.2 8 10 0.8~5 [85] 

400 2.2 16 23 ~0.5 [85] 

500 0.62 >100 Rare [87] 

Annealed Zr-

2.5Nb 

300 0.8 7 - [87] 

400 0.74 37 - [87] 

 

The identification of the interstitial/vacancy nature of dislocation loops is critical to verify 

proposed irradiation growth mechanisms. For large loops (>20 nm) the nature could be 

                                                      

2
 In this reference the damage level is given in dpa. 

3
 The damage level is converted by the approximate equation. 
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determined by using the TEM inside/outside technique once the loop plane normal is determined 

[90]. The nature of small loops is much more difficult to determine. Two methods are usually 

employed to solve the problem. One is post-irradiation annealing at high temperature (around 500 

°C) which could result in the increasing of loop diameter to a size available for the inside/outside 

technique [80]. However, there is risk that the relative proportion may be changed due to the 

influence of the thermally induced vacancies. Another one is the black white contrast technique 

[91]. Loops at a given depth from the specimen surface are imaged in dark field under two-beam 

conditions at small positive deviations from the Bragg orientation. The 'butterfly' type images are 

then compared to the images created by computer simulations, so that its vacancy/interstitial 

nature is determined.  

Northwood and Herring listed the early works focusing on characterizing the nature of <a> type 

dislocation loops [25]. It showed that at all temperatures both interstitial and vacancy <a> loops 

were found. Jostsons et al. [83] reported that the large vacancy <a> loops are remarkably 

elliptical with the loop minor axis in the (0001) plane and the major axis in the vicinity of the 

[0001] direction, while the interstitial loops are close to circular shape. It was concluded by 

Northwood that with the increasing of irradiation temperature, the ratio of the number of vacancy 

to interstitial loops increases. At 400 °C, the vacancy loops outnumber the interstitial loops. It 

was suggested by Griffiths [82] that temperature dependence of the ratio could account for the 

inverse temperature of saturation strain in irradiation growth. Another interesting feature is that 

<a> loops tend to align in rows or layers which are parallel to the basal plane [83, 86]. Loops in 

each row or layer have the same nature, and rows consisting of interstitial loops and vacancy 

loops distribute alternately. Similar phenomenon was also reported in neutron irradiated Ti [92]. 

It was assumed that the vacancy <a> loops are generated directly from the collision cascades 

because of the high local vacancy concentration and their subsequent growth in Zr should be 

suppressed as a result of the biased absorption of interstitial point defects [93]. However, the 
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diameters of vacancy loops measured in a round robin experiment were comparable with those of 

interstitial loops in  irradiation at 400 °C to a dose level of 2.2 dpa [85], which indicated that the 

vacancy loops are stable under neutron irradiation and could grow larger by absorbing more 

vacancy point defects. Furthermore, electron irradiation where no collision cascades occur carried 

out by Griffiths et al. [94] illustrated  the presence of both vacancy and interstitial <a> loops in 

electron irradiated Zr, which implied that the collision cascade is not the only nucleation 

mechanism for vacancy loops. It suggests that vacancy <a> loops might nucleate from diffusion 

of vacancy point defects as well.  

The difficulty arises to explain the presence of stable vacancy loops on prismatic planes using 

conventional rate theory, which made people think of the effect of anisotropic migration of 

different point defects on the formation and growth of loops. The DAD model [69] which has 

been mentioned in section 2.3.1 could also be employed to explain the anomalous coexistence of 

vacancy and interstitial <a> type dislocation loops. It was found that the difference of diffusion 

behavior between SIAs and vacancies could produce a large bias in the reaction rates with sinks 

such as dislocation loops and grain boundaries [69]. The bias is zero-order and completely 

overwhelms the first-order elastic interaction between point defects and the sink. As a result the 

dislocation can act as either a vacancy sink or interstitial sink, depending on the dislocation line 

direction, and the same for grain boundaries depending on their orientation. The DAD model 

could reasonably explain the mixed nature, geometry and the raft arrangement of <a> loops in Zr. 

A detailed discussion of this is presented in elsewhere [69, 70].  

Comparing dislocation loops size and density in Zircaloys and Zr-2.5Nb with that of pure Zr, we 

could draw a conclusion that the addition of substitutional solutes such as Sn and Nb to Zr causes 

an increase in the density and corresponding reduction in the size of <a> type dislocation loops 

introduced by both neutron and electron irradiation. However, it is claimed by Griffiths [82] that 

Sn does not  seem to have a significant effect on the ratio of interstitial to vacancy loops. Hood 
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[95] suggested that Sn atoms clusters but not individual Sn atoms could act as traps of vacancies 

and sites for recombination of SIA and vacancies. Little research has been carried out to study the 

effect of Mo on irradiation induced microstructures. The irradiation induced defects in Excel 

alloy with high Sn, Nb and Mo content is believed to be different from that in Zircaloys and Zr-

2.5Nb due to alloying elements effect. Nevertheless, to date studies on the <a> loops induced by 

irradiation in the Excel alloy are still limited.  

A round-robin experiment dedicated to finding <c> loops in Zircaloy-2 and crystal bar Zr found 

that only <a> loops are formed and no <c> loops observed after neutron irradiation up to 2.2 dpa 

over a range of temperatures. However, TEM work carried out by Holt and Gilbert [47, 78] on 

annealed Zircaloys irradiated at 280 °C and 300 °C indicates the formation of <c> component 

dislocations above a threshold neutron dose (7-9 dpa). It was proposed that the formation of <c> 

loops might be responsible for the occurrence of breakaway growth in annealed Zircaloys. 

Further, the XRD line-broadening on basal plane analysis on Zircaloy-4 guide tube (in annealed 

condition) irradiated to several different neutron doses at 300 °C showed evidently the correlation 

between irradiation growth rate and the density of <c> type defects, i.e. accelerated growth occurs 

when the density of <c> type dislocations starts to increase [96]. Detailed TEM examination and 

analysis on annealed sponge Zr and Zircaloys irradiated between 285 °C and 425 °C carried out 

by Griffiths and Gilbert [76] demonstrated that the <c> component dislocations introduced by 

radiation are clearly distinguished from those induced by mechanical deformation. They are 

actually vacancy dislocation loops in nature with Burgers vector of 
 

 
    ̅   lying on basal 

planes. These vacancy loops are considered as vacancy sinks. The formation of <c> type vacancy 

loops provides another type of sinks for vacancies, i.e. more net SIA point defects flux into <a> 

type dislocation loops or dislocation network resulting in accelerated elongation along <a> 

direction and diminishing in the number of vacancy <a> dislocation loops. A limited statistical 

study on the nature of <a> loops and <c> loops in annealed Zr and Zircaloy-2 irradiated at 430 °C 
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up to 2.2 dpa showed that the percentage of vacancy <a> loops is lower in Zircaloy-2 than that in 

pure Zr where there is less concentration of <c> type vacancy loops [77].   

Like breakaway growth, an incubation period is required for the nucleation of <c> loops as well. 

It is of great interest to investigate factors affecting the incubation time for <c> loops, because it 

is related to the long-term dimensional stability of Zr alloys reactor components. The effect of 

temperature on the incubation time of these loops is parallel to that of breakaway growth, i.e. it 

shows an inverse temperature dependence [75-77]. TEM examination performed on Zircaloy-4 

guide tube irradiated at 300 °C [47, 75, 76, 96, 97] suggests a dependence of the formation of <c> 

loops on the amount of solute dispersion (Cr, O and Fe) throughout the matrix. As the solute 

content in the matrix, by itself, is insufficient to contribute to the formation of the <c> loops,  it 

needs the supplement of solute from the radiation-induced dissolution of existing intermetallic 

particles [76]. This implies that a certain time is required for the solute atom to diffuse. The 

higher the temperature, the higher the diffusivity, thus less incubation time is required for 

diffusion, which can account for the temperature dependence of threshold dose for the loop 

formation as well as breakaway growth.  

However why the alloying elements such as Fe, O and Cr show the influence on the formation of 

<c> loops but not Sn and if threshold concentrations for these alloying elements are required or 

not is still unclear. Several possible hypotheses had been proposed: (1) It was thought that the 2-

D segregation of Fe atoms on basal plane could lower the stacking fault energy of basal plane 

thus making basal plane fault loops more energetically stable [75, 76, 82]. (2) Supersaturated 

interstitial or substitutional atoms may change the c/a ratio of zirconium lattice. It has been found 

for pure hcp metals during electron irradiation that the habit plane of dislocation loops is related 

to the c/a ratio. When the c/a is greater than the ideal value (1.633), the dislocation loops habit on 

basal plane regardless of nature; when the c/a ratio is less than the ideal value, the habit plane 

may be on prism planes, pyramidal planes or basal plane [98]. However with a c/a ratio 1.593, the 
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basal plane spacing of Zr would have to expand by at least 3% to approach the ideal value.  As a 

significant drawback of the above theories they could not account for the vacancy-only nature of 

basal plane loops. (3) Fe as well as other impurities segregating to dislocation loops may modify 

the dislocation bias so that vacancy loops receive a net flux of vacancies and interstitial loops 

receive a net flux of interstitials [86]. The correlation of loop stability and increased solute 

concentration is unique to <c> type vacancy loops, but no direct evidence for a similar correlation 

applies to <a> type loops. (4) It is most likely that Fe may enhance the diffusional anisotropy of 

point defects. Fe is a fast diffuser in Zr and diffuses faster along direction parallel compared to 

perpendicular to the c-axis [99]. It could conceivably enhance diffusional anisotropy by coupling 

with vacancies, increasing their diffusion parallel to the c-axis. The limited study conducted by 

Hood et al. [100] confirmed that assumption, which showed that the diffusion anisotropic factor 

(define as DAF=Dc/Da, where Dc is diffusion coefficient along <c> axis, and Da along <a> axis) 

is 1.0-3.2 with decreasing temperatures for nominal purity Zr (about 50 ppm Fe), and is about 

0.53 in high purity Zr (< 1ppm Fe).  

There is a significant difference between the effects of overall concentration of Fe on irradiation 

growth behavior of alloys containing Nb (Zr-Sn-Nb-Fe alloys, Zr-Nb-Fe alloys and Zr-Nb alloys) 

and that of alloys without Nb such as the Zircaloys. It could be concluded that higher Fe 

concentration in the matrix no matter whether caused by irradiation dissolution of second phase 

precipitates (SPPs) or by Fe ion injection will facilitate the formation of <c> type vacancy loops 

in Zr-Sn alloys. In the contrary, it has been reported that higher content of Fe could improve the 

irradiation growth resistance in Nb content Zr alloys [61, 63, 101]. The effects of Fe on the 

irradiation growth behavior of alloy E635 and E110 which contain Nb were reviewed by Shishov 

et al.  [101]. It was found that the irradiation growth behavior as well as other properties of E635 

alloys is related to the relative content of Fe and Nb described empirically by R = Fe/(Fe+Nb-

0.3), which determines the composition and type of SPPs [101]. Alloy with R < 0.1 only contains 
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one type of SPP, β-Nb (bcc, a = 0.353nm); Two types of SPPs, β-Nb and Laves phase Zr(Nb, Fe)2 

(hcp, a = 0.54 nm,c = 0.87 nm) will form with R between 0.1 and 0.3; only Laves phase presents 

with R between 0.3 and 0.45; alloys with R ≥ 0.45 contains T-phase (Zr, Nb)2Fe (fcc, a = 1.21nm) 

and Laves phase as well. The influence of irradiation on the phase composition was well 

established [101]: β-Nb (85-90% Nb) precipitates become depleted in Nb to 50-60% Nb, and fine 

dispersed irradiation induced SPPs enriched in Nb are formed; the Laves phase becomes depleted 

in iron and alters its crystal structure from hcp to bcc of the β-Nb type. The fcc (Zr, Nb)2Fe 

precipitates retain, on the whole, their composition and structure. A TEM study [61] showed that: 

High density of <c> loops are formed close to depleted β-Nb particles at 22 dpa in alloy 

containing β-Nb. In an alloy containing Laves phase <c> loops present close to transformed β-Nb 

particles (50% Nb), but the density is relatively low at 12 dpa. No <c> loops are observed close to 

T-phase up to 12 dpa. The results imply that the nucleation of <c> loops is closely related to the 

stability of the SPPs under irradiation in Nb content Zr alloys. 

The study on the formation of <c> loops in neutron irradiated Zr Excel is limited. Idrees et al.  

investigated the formation of <c> loops under heavy ion irradiation with dynamic observation in 

TEM [102]. It was concluded that the vacancy <c> loops could form under 1MeV Kr
2+

 irradiation 

at temperatures from 100℃ to 400 ℃ [102]. The threshold dose required for the formation of <c> 

loops goes down from 5.5 dpa at 100 ℃ to 2.5 dpa at 400 ℃  However the formation 

mechanism and influence of alloy elements on the formation of <c> loops are not well 

understood.  

2.3.3 Irradiation induced elemental redistribution  

Under neutron irradiation, the atom displacement induced defects have significant effects on the 

distribution of alloy elements. Firstly, the increased concentration of point defects could 

significantly enhance the diffusion of alloy elements which can prompt precipitation if there are 
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oversaturated solute atoms in the solvent matrix, which is referred to as irradiation enhanced 

precipitation (IEP). The effect of IEP is similar to the aging effects. Secondly, collision cascades 

can cause the precipitate atoms to be ballistically driven into the surrounding matrix, thus 

contributing to the dissolution of the precipitate, enhanced content of solute element in the matrix, 

secondary precipitation and amorphization. At last, preferential association of solute atoms with 

vacancies will cause depletion and enrichment of the alloy element in or near sinks, which may 

induce precipitation or depletion close to sinks. In addition, vacancy supersaturation can change 

the relative free energy of phases as well.  

Elemental redistribution under neutron irradiation has been widely reported in Zircaloys [82, 103-

108], Zr-2.5 Nb [87, 109-113] and the Zr-Sn-Nb alloys [60, 61, 63, 101, 114, 115]. Zr2(Fe, Ni) 

and Zr(Fe, Cr)2 are the two common precipitates in Zircaloy-2 and Zircaloy-4. The microstructure 

changes in these two precipitates are dependent on the irradiation temperature and neutron flux, 

which have been systematically presented by Griffith et al. [82, 108]. It could be summarized 

that: 1) At low temperature (<80 °C) the two precipitates both experience amorphization 

associated with Fe and Cr depletion; 2) At intermediate temperature (250-330 °C), the Zr2(Ni, Fe) 

precipitates retain crystalline structure, however Zr(Fe, Cr)2 particles are subjected to partial 

amorphisation, with a significant depletion of Fe in the amorphous region compared with the 

crystalline region; 3) At high temperature (>370 °C) both types of precipitates remain crystalline. 

Dissolution of precipitates is observed at all the temperatures due to sputtering or diffusion. Sn 

enriched precipitates which do not exist before irradiation are observed at high temperature 

irradiation [106-108].  

In annealed Zr-2.5Nb which contains α and equilibrium β-Nb, high-voltage electron microscope 

(HVEM) irradiation causes the growth of the β-Nb at 465 ℃ at the dose level of 19 dpa [113]. 

IEP of β-Nb was also reported in neutron [87, 110] and proton irradiation [111]. However, it 

should be noted that in these studies control experiments were not carried out to separate the 
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effect arising due to irradiation and from thermal activation. In Zr-12.5Nb, coarse ω particles are 

dissolved at 350 °C firstly which followed by secondary precipitation of fine ω particles [113]. In 

as-extruded Zr-2.5Nb which consists of α phase and large metastable β-Zr phase, neutron 

irradiation to about 1 dpa at 300 °C results in the decomposition of β phase to ω phase associated 

with a depletion of Fe in β-Zr phase [109]. A comparison with a thermal treatment shows that the 

formation and coarsening of ω particles could also be attributed to thermal effect. However the 

redistribution of Fe is only observed in irradiated samples. For pressure tube Zr-2.5Nb which 

consists of β-Zr lamella (with ω phase inside) and α grain lamella, when irradiated to more than 

10 dpa at 280 °C, the β-Zr lamella transformed to β-Nb without ω phase being observed, and 

while increased segregation of Fe in the α-α boundary is observed [110]. The phase stability and 

chemistry redistribution in Zr-Sn-Nb(-Fe) alloys has been discussed in the previous section. The 

stability of the second phase has a significant effect on the formation of <c> loops, even though 

the mechanism is still poorly understood. 

However, the element redistribution and the stability of β-Zr and ω phases under irradiation in 

Excel alloy are still rarely investigated, except the recent study by Idrees et al. [102] showing that 

heavy ion irradiation (10 dpa) enhanced coarsening of ω phase particles compared to the  thermal 

effect.   

2.3.4 Irradiation induced hardening and loss of ductility 

Tensile tests of irradiated Zr alloys were extensively reported in the literature [116-125]. A 

typical stress-strain curve for unirradiated and irradiated Zircaloy-2 is shown in Figure 2-4 [124]. 

There are two significant differences between stress-strain curves of the irradiated Zr alloys and 

the unirradiated. Firstly, irradiated specimens experience an increase in yield stress which reflects 

the pinning effects of irradiation induced defects on gliding dislocations, referred to as irradiation 

hardening [122]. The increment of the yield strength is dependent on the irradiation conditions 
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such as irradiation temperature and irradiation damage dose. Secondly, a dramatic decrease in 

uniform deformation elongation occurs in irradiated samples. Strain localization bands are 

observed in irradiated samples, which are associated with the occurrence of dislocation 

channeling [118-120]. With complete loss of uniform deformation, a significant yield point drop 

is observed in tensile stress strain curve for Zr and Zr alloys irradiated to high dose, followed by a 

continuous decrease in engineering stress, which is referred to as work softening. Similar 

phenomena are also observed in bcc and fcc metals [126-131].  

The yield strength (YS) and ultimate tensile strength (UTS) for neutron irradiated Zr alloys as 

well as other metals increases gradually as a power function along with neutron dose before 

reaching a critical dose where the YS and UTS tend to get saturated [107, 113, 114]. Similar to 

irradiation growth strain, the increase in yield stress could be described in a power-law function 

with neutron fluence as well: 

     (  )  (2- 4 ) 

where    is radiation fluence, which can be replaced by a factor related to defect cluster barriers, 

or by dpa (displacement per atom). The exponential index, n, is about 0.33 to 0.5 when irradiated 

at lower temperature, while 0.1 for high temperature for annealed Zircaloys below the saturation 

dose [132]. Above the saturation dose, n is about 0.1 for irradiation at temperature less than 200 

°C [133, 134]. 

The saturation of irradiation hardening was thought to be caused by the effect of displacement 

cascades overlapping. It was claimed that the saturation neutron dose (DSH) for hardening is  

roughly the same as the damage saturation dose (DSD) [135]. However, the data available in the 

literature shows large discrepancies. Higgy and Hammad reported [132] that the DSH for 

Zircaloys at low temperature (<100 °C) is  0.09 to 0.11 dpa, while the DSH is above 3.5 dpa at 

350 °C. Byun et al. [134] reported that the DSs for Zr-4 and pure Zr irradiated between 60 and 
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100 ℃ are 0.01 dpa and 0.07 dpa, respectively. With tensile tests at 300 °C it was reported that 

the DSHs for Zr-2 and Zr-2.5Nb irradiated at 150 and 250 °C are about 0.35 dpa and 0.12 dpa, 

respectively [136]. When irradiated at reactor temperature, the DSH for cold worked Zr-2.5 Nb 

was reported as 0.95 dpa when tested at both room temperature and high temperature [137]. The 

above data indicates that the irradiation hardening saturation dose might be dependent on 

irradiation temperature, as well as test condition and the alloy under study. 

 The percentage change in yield strength is higher for samples irradiated at lower temperature 

than that at higher temperature [132]. Cold worked materials exhibit less irradiation hardening 

than annealed ones [132]. A post irradiation annealing can recover the strength to the pre-

irradiation level; the higher the annealing temperature, the less annealing time required for 

recovery [135].The recovery is directly related to the annihilation of small <a> type dislocation 

loops. However, the <c> component loops appear to have no significant influence on strength, 

because <c> loops are stable and not annihilated when the strength is fully recovered [135]. In 

addition to irradiation hardening induced by dislocation loops, significant irradiation hardening at 

high dose level, related to the dissolution of SPPs was reported in Zircaloys by Huang et al.  

[138].  
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Figure 2-4 The engineering stress-strain plots of unirradiated and irradiated Zr-2 [124].  

Dislocation channelling is a very common strain localization mechanism during the deformation 

of many metals after irradiation [116, 126, 128, 139]. Dislocation channels are narrow defect free 

bands where defects are cleared by gliding dislocations. Once dislocation channelling has 

occurred, dislocations released from a source tend to be constrained to move in such a narrow 

band and produce large localized strain. It was reported that the localization strain in a dislocation 

channel could reach as high as hundred percent while macroscopic strain is a few percent [116].  

Dislocation channeling in a Zr alloy was first reported by Coleman et al. [121]. Since then 

dislocation channeling phenomenon has been extensively reported in Zr alloys [116, 118, 120, 

121, 140-144]. For irradiated Zircaloy and Zr it was found that the dislocation channeling only 

occurs after a critical dose level of about 0.01 dpa [145]. At room temperature deformation, it was 

reported that dislocation channels occur mainly on prismatic planes with small amount on 

pyramidal planes [142]. However, at high temperature (350 ℃) deformation, dislocation channels 
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could form on prismatic, basal and pyramidal plane, which are dependent on the loading 

directions compared to the crystallographic grain orientations [125, 140].  

It was noted that the strain hardening rate at a given strain decreases with neutron damage level. 

For a long time, dislocation channeling was thought to be responsible for the reduction in strain-

hardening capability due to softening effect from the clearance of radiation-induced defects by 

glide dislocations. Further, the reduced strain hardening rate was considered as the reason for the 

loss of ductility and the prompt necking at yield. However, when plotting the stress-strain curve 

in true strain and stress, it is found that the stress-strain curves for irradiated samples and 

unirradiated sample could be superimposed when shifting the irradiated curves to a certain strain 

[133] as shown in Figure 2-5. The true stresses of irradiated samples are even a little bit higher 

than unirradiated samples after such a fitting shift. Comparing the strain hardening rate of the 

irradiated and unirradiated ones at the same stress level, it can be seen that the strain hardening 

rate at the same stress is roughly independent of whether the sample is irradiated or not, or to 

what dose level. That implies the hardening behaviour introduced by the dislocation channeling 

due to clearance of dislocation loops and the dislocation tangling during cold working should not 

be significantly different in their effect on stress-strain response. In turn this means that strain 

hardening rate is only true stress dependent, i.e., when the true stress reaches a critical level, the 

instability is initiated. 

The capability for uniform deformation is an important factor for the life time of zirconium 

components in reactors. However, irradiation hardening behaviour for Excel is very poorly 

reported, i.e., the strain saturation dose and how to shift the true stress-strain curve to make the 

irradiated curve superimposed with the unirradiated one is not known.  
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Figure 2-5 The true stress strain curve of irradiated and unirradiated Zircaloy-4. Note the 

curve for irradiated is shift right to a strain to fit the curve for unirradiated [133].  

2.4 Deformation mechanisms in Zr alloys 

Deformation mechanisms in Zr and Zr alloys have been extensively studied in order to 

understand the deformation and mechanical anisotropy and to control the texture formed during 

processing [146-148]. The deformation mechanisms in unirradiated Zr alloys under different 

deformation conditions have been well reviewed [146, 147, 149]. It can be summarized that 

prismatic slip is the easiest slip, followed by basal <a> slip and pyramidal <c+a> slip. Twinning 

can also be activated when the grain orientation is not favourable for prismatic slip. The ratio of 

the critical resolved shear stress (CRSS) for the deformation modes is dependent on deformation 

temperature, impurities and alloying elements. In irradiated Zr and its alloys, irradiation induced 

defects will change the CRSSs of the deformation modes and the relative ratios of CRSSs as well. 

2.4.1 Slip modes in Zr 
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Prismatic <a> slip has been observed in both single crystal Zr and polycrystalline Zr as the slip 

system operates most easily when deformation occurs, and it has been observed in temperature 

ranging from liquid nitrogen temperature to 700 °C, except when the orientation does not favor 

the operation of prismatic slip relative to the other deformation modes [150].  

In addition to slip on prism planes, basal slip traces have also been discovered. Bailey [151] 

observed that slip can occur on basal planes at high temperature or at sufficiently high stress near 

needle-like hydride precipitates in commercial Zr according to TEM. Dickson [152, 153] had 

studied the room-temperature basal slip in Zr with purity of 99.8-99.9%. It was concluded that 

short basal slip traces were observed sufficiently frequently to justify the suggestion that basal a 

slip is an important secondary slip system in  -Zr. And in many cases the dislocations were 

observed occurring near the tips of {11 ̅ } twin. Single crystals of Zr had been deformed in 

tension between 20- 840 °C with a range of orientations by Akhtar [150]. It was suggested that 

the extensive basal slip traces are observed above 580 °C in the crystals with <c> axis close to 

tensile direction, and the relative ease of basal slip increases with temperature. But slip on the 

planes other than {0002} and {10 ̅ } is not detected at any temperature within the range of 

orientations investigated. Similar to the result reported in single crystal deformed in uniaxial 

tension, basal slip was also claimed to be observed by Xiao in polycrystalline Zircaloy-4 fatigued 

at and above 600 °C [154]. Although the traces of basal slip in certain circumstance have been 

reported in the previous papers, there is no direct evidence for basal slip in polycrystalline Zr 

alloys at room temperature. Modeling of the lattice strain development of texture Zircaloy-2 at 

room temperature by applying an elasto-plastic self-consistent (EPSC) model has been conducted 

by Xu et al. [155]. Based on the optimized agreement between model and experimental data it 

was suggested the there was evidence that basal slip does occur. However, other researchers have 

instead preferred to include pyramidal <a> slip as an alternative to basal slip in order to achieve 

optimal agreement with their experimental data [156]. But pyramidal <a> slip has rarely been 
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reported in literature. Pyramidal <a> slip was claimed to be observed in a document cited by 

Philippe et al. [157], but that document was not subsequently published. The modeling result of 

Xu et al. [155] has suggested that pyramidal <a> slip can reasonably be neglected especially if 

one wants to simplify the modeling process by using fewer modeling parameters.  

At a higher stress, the <a> dislocations accumulate, forming local stress concentration, where it is 

possible for cross-slip to operate. Kink bands were claimed to be observed by Martin and Reed-

Hill [158] in polycrystalline Zr samples tested in tension or compression between 20 and 540 °C 

and the development of the band was attributed to cross-glide on basal planes. It was suggested 

that in this temperature basal glide had replaced twinning as a means of deformation in crystal 

oriented unfavorably to prism slip. Kink bands, wavy slip lines and offset produced by kink banks 

reported by Westlake [159] in quenched Zr-H alloys containing 0.54% hydrogen have been 

considered as indication of the occurrence of cross-glide on planes of [11 ̅ ] zone, i.e., from 

prism planes to basal planes. Wavy slip markings observed through optical microscopy and 

segmented dislocation lines observed through TEM by Akhtar et al. in single Zr deformed to 

strain of 0.34 at liquid nitrogen temperature imply the occurrence of cross slip [160]. A high 

density of <a> and heavily tangled dislocations which form networks and cell walls were 

observed by Song in crystal-bar Zr deformed to 20% strain at room temperature in compression 

along a normal direction, indicative of extensive cross-slip [161]. It was also proposed by 

McCabe that the formation of cell structures in high purity Zr deformed along in-plane direction 

in compression to strains greater than 10% at room temperature would support the idea of cross-

slip activity [148].   

The independent slip systems of hexagonal metals have been investigated by Groove and Kelly 

[162]. He concluded that there are only two independent slip systems in the {10 ̅ } <11 ̅ > slip 

family and again these can be chosen in three different ways. Only two independent slip systems 

are offered by basal slip family as well. Four independent slip systems are offered by pyramidal 
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slip system with <a> Burgers vectors. But they are crystallorgraphically equivalent to the 

combined four independent modes by cross slip between prismatic and basal slip system. As a 

result, if cross slip is taking place in Zr, a total of only four independent slip systems are possible 

with <a> Burgers vectors, which is insufficient to fulfill the Von Mises criterion. In addition, the 

<a> dislocation can only give rise to the strain along <a> direction but cannot accommodate 

strain along the <c> axis. In order to explain the high ductility of Zr and Ti, dislocations with 

<c+a> Burgers vectors which offer five independent slip systems are suggested to activate on 

pyramidal planes to accommodate strain along the <c> axis. Yoo [163] argued that the second-

order pyramidal slip, {11 ̅ }<11 ̅ >, has been observed in Cd, Zn, Mg, Co and Be, however, 

these metals do not exhibit particularly good ductility, whereas Ti and Zr have good ductility 

although pyramidal <c+a> slip is not very active in them. These argument put the validity of five 

independent slip system assigned to the <c+a> slip or the criteria itself that requires five 

independent slip systems under question. The argument of Yoo is lacking evidence because 

<c+a> slip on first order pyramidal plane {10 ̅ } was in fact observed in single Zr deformed in 

compression with c-axis along to the compression direction at elevated temperature [164] and in 

polycrystalline high-purity Zr deformed in compression with c-axis close to the compression 

direction [148]. Although <c+a> slip was claimed to occur on the {11 ̅ } at room temperature 

and on both {11 ̅ } and {10 ̅ } at high temperature in single Ti [165, 166] and on {11 ̅ } or 

{10 ̅ } in Zr by TEM observation [147], Numakura et al. argued that the diversity arose from the 

complicated nature of <c+a> dislocations in addition to the difficulty inherent in the slip plane 

determination in these metals. The investigation conducted by Numakura et al. [167] showed that 

the <c+a> dislocations primarily glide on the first pyramidal plane {10  ̅ } in Zr and Ti 

polycrystalline Ti and Zr deformed at room temperature. It was also proposed by Numakura et al. 

[167] that {10 ̅ }<11 ̅ > slip may play an essential role in the ductility of Zr and Ti because 

among the hexagonal metals in which pyramidal <c+a> slip can occur, only Ti and Zr which have 
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this pyramidal slip mode exhibit high ductility. The source of <c+a> dislocations was also studied 

by Numakura et al. [167] and it was suggested that the <c+a> dislocations are emitted from grain 

boundaries. Although the contribution of twinning to high ductility of Zr and Ti during 

deformation at low temperature or room temperature was highlighted by Garde and Reed-Hill 

[168, 169] and Philippe et al. [157], Numakura et al. indicated that <c+a> slip on pyramidal 

planes is expected to be more advantageous for the ductility because it can provide sufficient slip 

systems necessary for general deformation compared with twinning.            

To sum up, as interpreted above, there are two types of dislocations in zirconium which can give 

rise to plastic strain during the deformation including dislocations with Burgers vector <a> and 

<c+a>. Dislocations with <c> Burgers vector were observed using electron microscopy by Song 

and Gray [161], but they are immobile dislocations and cannot move during deformation. <a> 

dislocations most easily glide on prismatic planes usually, but they are also observed to slip on 

basal planes and pyramidal planes in special circumstances, such as high temperature and high 

stress. The pile-up of <a> dislocations caused by obstacles may cause the operation of cross-slip 

from prismatic planes to basal plane or pyramidal planes. But <a> dislocation slip cannot give 

rise to strain along the <c> axis. Even though the CRSS required to initiate the <c+a> slip is 

much higher than that for prismatic <a> slip, dislocations with <c+a> Burgers vector have been 

observed to glide on {10 ̅ } plane to accommodate the strain along the <c> axis. Occurrence of 

<c+a> slip on other pyramidal planes has been reported in special circumstances. The possible 

slip modes are shown in Figure 2-6.   
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Figure 2-6 The possible slip modes in zirconium and its alloys  

2.4.2 Twinning  

In addition to pyramidal <c+a> slip, twinning is an alternative deformation mechanism to 

accommodate the strain along <c> axis during the deformation of Zr and its alloys especially at 

low temperature and high strain rate. Although twinning activity is less frequently observed in 

deformed Zr compared with Ti, Mg and some other hcp metals, twinning in zirconium alloys is 

still a subject of great interest attracting many researchers due to the role it plays during the 

plastic deformation of Zr alloys. The occurrence of twinning not only accommodates plastic 

deformation by shear strain (usually smaller than the slip shear), but also brings about local stress 

relaxation which usually much more rapid than that due to slip, and reorients grains into 

orientations favorable for the activation of slip thus having significant effect on texture evolution. 

In addition, the occurrence of twining strongly affects the hardening response of low-symmetry 

aggregates due to the barriers that the twin lamellae pose to the propagation of dislocations [170]. 

The effects of twinning on the hardening response is well interpreted by McCabe et al. [148], in 

that the work hardening rate keeps increasing slightly with strain when twinning is activated 

during the deformation however it decreases steadily if slip mechanisms control the deformation.  
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Figure 2-7 Schematics of twinning modes in Zr. The arrows represent the direction of the 

strain resolved along the <c> axis. [178]   

Deformation twinning on {10 ̅ }, {11 ̅ }, {11 ̅ } and {11 ̅   planes have been historically 

reported in zirconium crystals deformed at room temperature [171-174]. However for some cases, 

the deformation twinning on the {11 ̅   planes is not completely defined, so it is not well 

accepted in general. Deformation twinning mode on {10 ̅ } was observed operative by Akhtar 

[164] in single crystal Zr deformed in compression along the <c> axis at elevated temperatures. 

As a result, now it has been well accepted that deformation twinning on {10 ̅ }, {10 ̅ }, {11 ̅ } 

and {11 ̅ } planes are the dominant four twinning modes which can be activated in Zr as shown 

in Figure 2-7 [146, 147, 149, 163, 175-178].  

2.4.3 Effect of temperature  

Deformation temperature has significant effects on the CRSSs for slip and the occurrence of 

twinning. Akhtar [150, 160, 164] deformed single crystal pure Zr at different temperature from -

196 to 800 °C, the CRSSs for prismatic slip, basal slip, and pyramidal slip are calculated and 

shown as a function of temperature (see Figure 2-8). The CRSSs are found to be strongly 
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dependent on the deformation temperature and decrease rapidly with the increase of temperature. 

A well accepted explanation of the phenomenon is that the Peierls stress barrier to slip is short 

range and accordingly can be overcome by thermal activation. Hence at low temperatures 

especially at liquid nitrogen temperature, slip is suppressed because greater resolved shear stress 

is necessary to initiate the dislocations so that twinning dominates the deformation.  

 

Figure 2-8 CRSSs for various slip modes as a function of temperature in single crystal Zr. 

[164] 

The effects of deformation temperature on the activation of twinning are more complex than slip. 

Song and Gray [161] did a comprehensive study of the stress-strain behavior of pure 

polycrystalline Zr at various temperatures. An important finding in their work was a transition 

from slip controlled deformation to twinning-controlled deformation. The transition strain 

increases with temperature, however, the transition stress is insensitive to temperature variation. 

Unlike the Peierls stress barrier, the friction stress for twinning is much less sensitive to 
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temperature, since it involves the cooperative movement of a large number of atoms, similar to 

that in a martensitic transformation. At low temperature, the critical shear stress for uniform 

twinning is lower than that for slip due to the increased impedance of the Peierls stress for 

dislocation gliding. Consequently, the material yields more by twinning. Increasing temperature 

reduces the Peierls stress barrier due to thermal activation; hence the yield stress for slip falls 

below the CRSS for twinning, which is insensitive to temperature. As a result, the material yields 

by slip rather than twinning. Since deformation by slip exhibits a higher strain hardening rate than 

twinning in the early stage of the deformation, the material hardens rapidly to the stress equal to 

the critical shear stress for uniform twinning, thus twinning can take over as the controlling 

deformation mode at that point. Because the work hardening rate decreases with the increase of 

temperature due to the thermal activation, the transition strain increase with the increasing 

temperature from -196 to 100 °C. 

2.4.4 Effect of alloying elements  

O and Fe are common impurities in Zr alloys. The effects of O on the deformation of hcp metals 

(especially for Ti and Zr) can be well demonstrated by a recent high resolution STEM (Scanning 

transmission electron microscopy) study in the deformed Ti-O binary alloys, showing that 

interaction between oxygen and the core of screw dislocations that mainly glide on prismatic 

planes will result in significant strengthening [179]. This result is consistent with a recent in-situ 

neutron diffraction study on dual phase Zr-2.5Nb alloy that O interstitials have a greater 

strengthening effect on prismatic 〈a〉 slip than on basal 〈a〉 slip [180]. The effect of O on operation 

of twinning is still debatable. Previous studies [181, 182] showed that increased content of O 

disfavored the operation of twinning in Ti and Zr, however, a recent study on Zr-2.5Nb presented 

a different results that the operation of twinning is weakly dependent on O [180]. Fe is a β phase 

stabilizer and has very low solubility in α-Zr. Fe has solute strengthening in α-Zr. However, the 
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strengthening effect is ignorable due to low concentration of Fe in the α phase. Fe is enriched in 

the β phase in dual phase Zr-alloys and can significantly strengthen β phase.  

Sn is a very important alloying element in Zr alloys. Many commercial nuclear and experimental 

Zr alloys are Sn contained alloys, including Zircaloy-2, Zircaloy-4, ZIRLO [183], Zr-Excel [184] 

and E635 [101]. Sn is an α phase stabilizer and induces significant solid solution strengthening in 

α-Zr [185]. This is why high Sn content Zr-Excel was considered as candidate for pressure tube 

material for CANDU-SCWR as mentioned in section 2.1. An ab initio study on Zr-Sn alloys 

revealed that Sn could effectively decrease the stacking fault energy in the basal plane but not in 

the prismatic plane [186]. In-situ neutron tensile tests on Zr-xSn (0.15% < x < 1.2%) binary alloys 

showed that the effects of Sn on the CRSSs is different for different deformation modes [187]. 

However, the deformation mechanisms in such high Sn content alloy, as Zr-Excel alloy, are still 

not well studied. 

2.4.5 Effect of irradiation induced defects  

Onimus et al. [140] claimed that for irradiated Zr alloys when deformed at 350 ℃, the increment 

of CRSS due to irradiation defects for prismatic and pyramidal slip is higher than basal slip, 

which makes basal slip much easier to activate than in the case of unirradiated material. Recent 

in-situ neutron diffraction studies on the deformation modes of irradiated Zr-2.5Nb suggested a 

change from easy prismatic slip mode to relatively more pyramidal slip after irradiation [188, 

189]. The irradiation induced change of the deformation mode still deserves further systematic 

study. The study on deformation mechanism for both unirradiated and irradiated Zr Excel alloy is 

still very limited. 
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Chapter 3  

Accumulation of dislocation loops in the α phase of Zirconium Excel 

alloy under heavy ion irradiation 

Abstract: In-situ heavy ion irradiations were performed on the high Sn content Zr alloy ‘Excel’, 

measuring <a> type dislocation loop accumulation up to irradiation damage doses of 10 dpa at a 

range of temperatures. The high content of Sn, which diffuses slowly, and the thin foil geometry of 

the sample provide a unique opportunity to study an extreme case where displacement cascades 

dominate the loop formation and evolution. The dynamic observation of dislocation loop evolution 

under irradiation at 200 °C reveals that the dislocation loops form directly from the collapse of the 

displacement cascade. The size of the dislocation loops increases slightly with irradiation damage 

dose. The mechanism controlling loop growth in our study is different from that in neutron 

irradiation; in our study larger dislocation loops can condense directly from the interaction of 

displacement cascades and the high concentration of point defects in the matrix. The size of the 

dislocation loop is dependent on the point defect concentration in the matrix. A negative correlation 

between the irradiation temperature and the dislocation loop size was observed. A comparison 

between cascade dominated loop evolution (this study), diffusion dominated loop evolution 

(electron irradiation) and neutron irradiation suggests that heavy ion irradiation alone may be not 

enough to accurately reproduce neutron irradiation induced loop structures. An alternative method 

is proposed in this paper. The effects of Sn on the displacement cascades, defect yield, and the 

diffusion behavior of point defects are established.              

Keywords: In-situ, irradiation damage, Zr-Excel alloy, dislocation loop 
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3.1 Introduction 

The most significant difference of Generation IV nuclear power plants compared to existing 

commercial designs is a high operating temperature in the reactor core, in order to improve 

thermodynamic efficiency [1]. The operating temperature of the six conceptual reactors selected 

from a hundred proposals in the Generation IV International Forum ranges from 500~1000 °C, 

depending on the type of coolant [1]. The increased core temperature imposes a harsher 

environment on structural materials, and can include higher stress and more chemically aggressive 

coolants [2]. The CANDU-Supercritical Water Reactor (CANDU-SCWR) is one of the six 

conceptual reactors, proposed by Atomic Energy of Canada Limited (now Canadian Nuclear 

Laboratories, CNL) [3, 4]. Similar to current CANDU reactors, the design uses fuel channels to 

separate moderator from coolant. However, with the increase of the outlet temperature from the 

current 300 ℃ to 625°C, the pressure of the pressurized water increases from 11 MPa to 25MPa, 

resulting in the stress along the transverse direction of the pressure tube increasing from the current 

130 MPa to 300 MPa. The requirement of high yield strength and creep resistance leads to the 

consideration of the dual phase (α+β) Zr-Excel alloy (Zr-3.5Sn-0.8Mo-0.8Nb) as the candidate 

pressure tube material, instead of Zr-2.5Nb which is used as the pressure tube material in current 

commercial CANDU reactors [4-7].  

Metallic components, such as Zr based pressure tubes and fuel cladding, are subjected to the 

irradiation of fast neutrons in nuclear reactors which leads to irradiation induced dislocation loops, 

irradiation hardening, loss of ductility and irradiation growth and creep. There has been great 

interest in studying the evolution of dislocation loops under neutron irradiation including loop 

nature, Burgers vector, habit plane, size and density [8-16], because induced dislocation loops are 

directly responsible for dimensional instability [17] and the deterioration of the mechanical 

properties [18, 19]. More specifically, the formation of dislocation loops with <c> component 

Burgers vector which are vacancy type in nature with habit on the basal plane, are closely related to 
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the breakaway growth phenomenon observation in Zr alloys under neutron irradiation [20]. Further, 

the interaction of <a> irradiation induced dislocation loops with slip dislocations is thought to be 

responsible for irradiation induced hardening [21]. In Zircaloys, higher irradiation temperature 

produces lower irradiation induced hardening, due to the lower number density of <a> type 

dislocation loops produced at high temperature [22, 23]. The increment of yield strength (   ) 

caused by radiation increases with damage dose until a saturation dose, after which     saturates 

[19]. The saturation dose for     is observed to be similar to the dose at which the number density 

of dislocation loops saturates [8, 23]. A statistical study [23] in Zircaloy further confirmed that      

is proportional to the square root of the product of loop size and number density.  

The number of studies on irradiation damage of Zr-Excel alloy is limited. Griffiths et al [17] and 

Holt et al [24] reported the formation of <c> component loops in 3% cold worked Zr Excel alloy 

after neutron irradiation to 3.3 dpa at 380 °C. More recently, Idrees et al [25, 26] studied the 

kinetics of <c> component loop nucleation and evolution mechanism via dynamical observation 

under in-situ heavy ion irradiation in TEM. It was observed that <c> type dislocation loops form 

above a threshold dose which was strongly affected by the irradiation temperature and initial 

microstructure. There has been much less reported work on the <a> type dislocation loops. Holt 

[24] reported a high density of fine <a> type dislocation loops about 20 nm in size in as-extruded 

Zr-Excel alloy after neutron irradiation to 5 dpa at 380 °C. It was found that the dislocation loops in 

the Excel alloy have less tendency to form network structures than in Zircaloys [24]. The Excel 

alloy contains a high level of Sn in the α phase, which partially contributes to the high yield 

strength of this alloy [27]. The inclusion of Sn as an alloying element has been demonstrated to 

suppress the irradiation growth of Zr-xSn (   1.5%) binary alloy under neutron irradiation at low 

temperature but enhance irradiation growth at high temperatures [28, 29]. This phenomenon was 

considered to be caused by the size dependence of the interactions of Sn-atom clusters with 

vacancy point defects [9]. Sn-atom clusters have been recognized as traps of vacancies and sites for 
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recombination of self-interstitial atoms (SIAs) and vacancies, thus resulting in a decrease in the 

dislocation loop size and increase in the number density [9, 30]. However, there is still a lack of 

systematic study of the effects of temperature, irradiation dose, and alloying elements (Sn) on 

dislocation loop nucleation and evolution in high Sn content Zr alloys.    

Heavy ion irradiation has been recognized as an effective proxy for studying irradiation damage 

caused by fast neutrons, in terms of the nature of the damage events including PKA, displacement 

cascade, and displacing efficiency [31]. Compared with neutron irradiation, ion irradiation has 

several advantages: easier access, cheaper cost, no induced radioactivity, high dose rate and precise 

parameter control. In this paper, in-situ heavy ion (1 MeV Kr
2+

) irradiation was employed to study 

the nucleation and evolution of <a> type dislocation loops with irradiation dose at different 

temperatures. The implication of the ion irradiation induced microstructural change on neutron 

irradiation and possible effects on mechanical properties are discussed.  

3.2  Experiment and materials 

The material used in this study is an as-received Zr Excel alloy pressure tube material provided by 

Canadian Nuclear Laboratories with specified chemical composition give in Table 3-1. The as-

received tube was fabricated by hot extruding the hollow billet at 850 °C at a ratio of 10:1 followed 

by 25% cold drawing. The tube was then annealed at 750 °C for 30 min and stress relieved at 400 

°C for 24 h. The microstructure of the as-received tube consists of primary α phase and metastable 

β phase. This study focuses on the irradiation induced <a> type dislocations in the α phase. The 

irradiation induced microstructure changes in the β phase can be found in a different paper [32]. 

Some of the as-received material was solution treated at 890 °C for 2 h followed by air cooling and 

subsequent aging at 450 °C  for  1 h, which yields primary α + Widmanstatten structure (designated 

as an 890AC sample). This microstructure has been reported to have good thermal creep properties 

at low stress levels [33].  
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Table 3-1 The chemical composition of Zr-Excel alloy in wt.%. 

 Sn Mo Nb O Fe H Zr 

Nominal 3.5 0.8 0.8 0.13 0.15 20ppm Balance 

Measured 3.39-3.68 0.77-0.81 0.75-0.77 0.11 0.09-0.13 5ppm Balance 

 

The in-situ heavy ion irradiation was carried out at the Intermediate Voltage Electron Microscope 

Tandem Facility (IVEM-Tandem) at Argonne National Laboratory. The facility includes a Hitachi 

H-9000NAR TEM interfaced to a 2 MV tandem ion accelerator. TEM specimens of as-received Zr-

Excel material were irradiated by 1 MeV Kr
2+

 at a flux of            or                   

at temperatures ranging from 80 ~ 450 °C to different dose levels up to 10 dpa. According to the 

SRIM calculation (assuming 40 eV as the displacement threshold energy) the dose rate during the 

Kr
2+

 irradiation was approximately 1.5 10
-3

 dpa/s for flux of                   and the 

accumulated damage at the final fluence              was 10 dpa. In-situ TEM observation was 

performed at an operation voltage of 300 kV under weak beam dark field (WBDF) conditions. 

Under weak beam conditions, the deviation parameter is larger than with two-beam dynamic 

conditions. Therefore when imaging with weak beam, the sample is tilted away from the Bragg 

condition with a diffraction deviation                 and the effective extinction distance, 

  
   

     (if we use short g vectors), giving a dislocation peak width of about 1/3   
   

     

[34]. Therefore the WBDF technique is very powerful for revealing small scale dislocation loops. 

The image size of dislocation loops imaged by WBDF is much closer to the real size of the 

dislocation loops than under the two beam kinematical condition.  The areal number densities of the 

dislocation loops at different irradiation conditions were measured manually. The procedure of 

measuring them is as follows: a) Select a square area of 100 nm × 100 nm randomly; b) count the 

number (  
 ) of well distinguished dislocation loops in the WBDF images; c) repeat step a) and b) 5 
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times; d) The areal number density ( ) was calculated by     
       

         . The loop 

size was measured from the image size of the defect in WBDF images. 

In this experiment, TEM slices were made by electropolishing by Tenupol-5 twin jet electropolisher 

at 40 °C. The electrolyte is 10% perchloric in methanol. One drawback of the in-situ TEM 

irradiation is that the thickness of the TEM samples varies from ~ 60 nm at the hole to ~130 nm far 

from the edge according to measurement made by electron energy loss spectroscopy (EELS). In-

situ irradiation allows us to avoid the effect of change in thickness on size and areal number density 

of dislocation loops since comparisons are made amongst different dose level at the same location. 

However, when comparing the dislocation loops in different samples, uncertainty in thickness will 

cause extra uncertainty in defect density. However, a study [35] on in-situ heavy ion irradiation on 

Fe and it alloy showed that the areal number density does not increase with foil thickness. Further, 

above 40 nm, change in foil thickness does not have a significant effect on the number density. 

Since most in-situ irradiation was made in the area estimated as 90~ 120 nm thick (as judged by the 

distance away from the edge and the contrast observed in the TEM), therefore the effect of changes 

in foil thickness is ignored in this study.    

3.3 Experimental results 

3.3.1 In-situ irradiation at 200 °C  

Figure 3-1 shows the in-situ observation of the formation and evolution of <a> type dislocation 

loops under heavy ion irradiation at 200 °C at a dose rate of about 1.5 10
-4

 dpa/s, in the α phase of 

the 890AC sample. The images were captured at WBDF condition with g =    ̅ . It can be seen 

that small dislocation loops (2-3 nm) can even form after several seconds of irradiation at a damage 

dose of 0.0025 dpa. From the video recorded during the in-situ experiment, it could be seen that 

dislocation loops pop into existence suddenly. As the irradiation dose increases, the density of the 

dislocation loop increases with irradiation dose until 0.078 dpa where it reaches a plateau; this is 
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demonstrated in Figure 3-2 (a) where the dislocation loop number density is plotted against the ion 

fluence on a log-log scale. That is, <a> type dislocation loops saturate at a very low dose (less than 

0.1 dpa under heavy ion irradiation).  

 

 

Figure 3-1 In-situ observation of the formation and evolution of dislocation loops in the α 

phase of 890AC sample under 1 MeV Kr
2+

 at 200 °C with TEM microscopy. The dose rate is 

1.5      dpa/s. The images were taken under g =    ̅  WBDF condition. The electron 

beam is parallel to [0002] zone axis.  

The number density of dislocation loops could be expressed by an exponential function:   

 ( ) , where   is the ion irradiation dose, C is a constant and n the exponential index [36]. There 

are two stages in the plot. At less than 0.078 dpa, n is 0.75, but after that n is 0.019. The number n 
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is an indicator of the loop formation mechanism. If n=1, the dislocation loops form from the 

collapse of isolated cascades [36]. The n index in our experiment is smaller than 1, because of the 

dissolution of dislocation loops or because loops are lost (to the foil surface) during irradiation or 

because of the overlap of cascade events even at very low dose. That is dislocation loops could 

disappear by gliding to the foil surface or being ‘engulfed’ by displacement cascade events. After 

0.078 dpa, overlap of cascade events becomes more significant, which results in a saturation of 

dislocation loops and a very low n index.  

Defect yield is defined as Y =  
    , where   

  is the number of visible loops per unit area and   , 

is the ion dose, i.e. the number of cascades generated per unit area. The defect yield characterizes 

the ability of a displacement cascade to collapse to a visible loop. The defect yield was plotted in 

Figure 3-2 (b) as a function of the irradiation dose. It is about 0.04 at the very beginning of the 

irradiation (less than 0.02dpa) and decreases quickly with irradiation dose due to loop loss or 

cascade overlap. If we assume that the <a> type dislocation loops distribute evenly among three 

<   ̅0> Burgers vectors, considering the invisibility of dislocations in TEM in the       

condition, the [  ̅ 0] dislocation loops are not visible at      ̅  condition. That means 1/3 of 

<a> type dislocation loops are actually not visible in such conditions; hence the real defect yield is 

33% higher than the measured value. However, one should be cautious because an oxidation layer 

readily forms in the thin area of a zirconium TEM sample no matter how the samples are stored 

before the irradiation. Under in-situ irradiation at 350 °C or higher temperatures, an oxidation layer 

forming on the surface can be clearly seen in TEM; in terms of counting of radiation damage such a 

layer creates noise or background signal. Even though during irradiation at lower temperatures, the 

oxidation layer is not obvious, one must consider that the dislocation loops having weak contrast 

and size smaller than 2 nm are hard to distinguish from the background. This kind of technical 

difficulty may also contribute to an underestimation of defect yield.  
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The mean image size of the dislocation loops increases with damage dose as can be seen from 

Figure3-2 (c) and (d), but the variance (width of distribution) is very large especially after 

saturation is reached. Due to the relative low temperature and short irradiation time, the dislocation 

loops do not readily grow through absorbing a net flux of similar point defects 

.   

  

Figure 3-2 The statistics of the dislocation loops induced by heavy ion irradiation at 200 °C in 

the 890AC sample. (a) The loop number density as a function of ion fluence on log-log scale. 

(b) The defect yield as a function of irradiation dose. (c) and (d) The defect image size 

distribution. 

3.3.2  Temperature dependence  

The irradiation damage dose at which the <a> type dislocations loops saturate is important in 

assessment of mechanical properties since, as noted above, the loop number density saturation dose 

(a) (b) 

(c) (d) 
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(   ) is expected to be similar to the yield strength increment saturation dose (   ). The     for Zr-

Excel alloy at 80 and 200 °C are determined as 0.1 dpa and 0.078 dpa, respectively. However, there 

is a lack of sufficient data to determine the     exactly at 350 and 450 °C. The limited data suggests 

that the     at 450 °C is less than 0.3 dpa but higher than 0.07 dpa. The     seems to have weak 

dependence on the irradiation temperature under heavy ion irradiation.  

 

Figure 3-3 The <a> type dislocation loops in the 890AC samples irradiated to 0.5 dpa at 

different temperatures (time required to reach this dose level is 55 min). (a) T = 80 °C, (b) T = 

200 °C, (c) T = 350 °C (d) T = 450 °C. The images are taken under g =    ̅  WBDF condition 

and the electron beam is parallel to [0002] zone axis. 
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Figure 3-3 shows the <a> type dislocation loops in the 890AC samples irradiated to 0.5 dpa at four 

different temperatures. A high density of fine dislocation loops is observed at all the irradiation 

temperatures and there is no distinguishing difference among the irradiated microstructures at these 

temperatures. The average image size of the dislocation loops decreases slightly with increasing 

temperature, while the loop areal number density exhibits no change with the irradiation 

temperature (see Figure 3-4). This observation is different from what has been observed in neutron 

and electron irradiated zirconium and Zircaloy alloys where the increase of irradiation temperature 

results in an increase of defect image size but decrease in the areal number density [11, 13, 14, 37-

39].  

  

Figure 3-4 The defects image size and the areal number density for the 890 AC samples after 

irradiation to 0.5 dpa at four different temperatures.   

3.3.3 High dose region  

Irradiation by neutrons, electrons or heavy ions up to higher dose at high temperature (> 300 °C) 

results in the transformation of <a> type dislocation loops into dislocation networks in Zr and some 

Zr alloys [37, 39, 40]. The irradiation dose where the dislocation network forms is dependent on the 

irradiation temperature and alloying elements and irradiation particles. The in-situ heavy ion (Kr
2+

) 

irradiation of AREVA’s M5 alloy (Zr-0.99Nb-0.135O) showed that dislocation network formed at 
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             ion fluence at 300 °C [40]. This irradiation induced dislocation network was 

thought to be responsible for the observed high irradiation growth rate at high temperature [41, 42].  

 

Figure 3-5 The <a> type dislocation loops in the AR samples irradiated up to 10 dpa 

irradiated at 200 °C (upper row) and 450 °C (lower rows). The images (a-e) are taken under g 

=    ̅  WBDF condition, and image (f) are taken under g=    ̅  BF condition. The electron 

beam is parallel to [1 ̅10] zone axis. 

Figure 3-5 shows the <a> type dislocation loop structures in the AR Excel samples irradiated up to 

10 dpa at 200 and 450 °C. It can be seen that the microstructure of the <a> type dislocation loops 

seems to be independent of the irradiation temperature and irradiation dose after 1 dpa. There is no 

evidence of a trend to form dislocation networks at either temperature. This means that after 

reaching saturation the dislocation loop density, the structure enters into a steady state and changes 

slowly with further irradiation. In-situ electron irradiation showed that dislocation networks form 
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by the coarsening and subsequent interaction of dislocation loops [37]. Since the high content of Sn 

in the Zr-Excel alloy apparently suppresses the diffusion of vacancy point defects, dislocation loops 

do not readily coarsen by coalescence of two or more loops, thus preventing the formation of 

dislocation networks – at least under irradiation at and below 450 °C.    

3.4 Discussion  

3.4.1 Loop nucleation and growth  

In this experiment, dislocation loops form at very low dose (0.0025 dpa).  This is consistent with an 

earlier heavy ion irradiation study on Zr thin foil [43]. Heavy ion irradiation induced small defects 

in thin foil at low dose has been presumably thought to nucleate directly from the collapse of 

displacement cascade [35, 36, 43].  Previous studies on electron irradiation [9, 37, 44] showed that 

<a> type dislocation loops could also nucleate by the diffusion of vacancy or interstitial point 

defects. Neutron irradiation produces displacement cascades and an increased concentration of 

freely migrating point defects as well. Since the damage dose rate under neutron irradiation is 

relatively low (10
-7

 dpa/s) compared to ion or electron irradiation, there is enough time for the point 

defects to diffuse. Therefore, the <a> type dislocation loops induced by neutron irradiation can 

nucleate by the condensation of displacement cascades or by the diffusion of point defects.  

Electron irradiation is an extreme case, because the dislocation loops can only be generated through 

the diffusion of the point defects, since displacement cascades are absent in electron irradiation. 

This study is another extreme case, in that the dislocation loops are primarily formed from the 

collapse of the cascade due to i) the high damage rate, ii) high content of diffusion suppressing 

alloying element and iii) thin foil geometry providing a readily available sink for point defects. The 

dislocation loops generated through these two different mechanisms will therefore develop different 

structures. The <a> type dislocation loops induced by electron irradiation form ordering bands 

parallel to the basal plane [37, 44]. However, in the cascade dominated mechanism, the dislocation 
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loops are distributed randomly and uniformly (see Figures 3-3 and 3-5). Some more complex 

dislocation structures were observed in the 200 °C irradiated samples. Figure 3-1 shows that above 

0.125 dpa, the dislocation loops tend to bind and form a ‘string’ like feature. This feature was not 

observed in all the α grains. Figure 3-6 shows the string like structures in some grains. These strings 

are not parallel to any specific crystallographic plane.  

The dislocation loop structure induced by neutron irradiation is, in many ways, more like that 

produced by electron irradiation. There are a several references reporting the <a> dislocation loop 

forming ordered band arrays parallel to the basal plane trace in Zr and Ti base metals under neutron 

irradiation [12, 14, 38, 45]. This spatial ordering of dislocation loops in the hcp metals is believed 

to be caused by the diffusion anisotropic difference (DAD) [46]. That is, the diffusion of the 

irradiation induced point defects or their clusters governs the <a> type dislocation loop nucleation 

and evolution under neutron diffraction, although the displacement cascade events do take place.      

 

Figure 3-6 The complex dislocation loop structures formed in the 200 °C irradiated samples. 

The foil orientation is given by the hexagonal unit cell. 
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Figure 3-7 Zone denuded of dislocation loops in the 450 °C irradiated 890AC sample. The 

orientation of the foil is shown in the hexagonal unit cell.     

Another feature of the structures formed by the diffusion controlled mechanism is the presence of 

zones denuded of interstitial dislocation loops close to the grain boundary [47], because the grain 

boundaries act as interstitial point defect sinks. Figure 3-7 shows the dislocation loop structure in 

the 890AC sample after irradiation to 0.5 dpa at 450 °C under different diffraction vectors. A semi-

denuded zone was only observed in Figure 3-7 (b) which was taken under g =  ̅   , but not under 

the other two conditions. In the semi-denuded zone, dislocation loops of size larger than 5 nm are 

absent, even though smaller dislocation loops can still be observed. Based on the       

invisibility criterion, dislocation loops visible under this condition have Burgers vector of 

1/3[  ̅  ] or 1/3[ ̅    . This selective depletion of dislocation loops may reflect the effect of grain 

boundary on the collapse of dislocation loops. In Figure 3-7, the grain boundary is parallel to 

(   ̅ ) plane.  
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The size of dislocation loops was observed to increase with irradiation dose under heavy ion 

irradiation at low dose. An in-situ video showed that the dislocation loops mainly grow by the 

following two mechanisms. Firstly, larger loops apparently form directly from collapse of 

displacement cascades due to the interaction of cascade displacements and the high concentration of 

point defects and point defect clusters in the matrix. Secondly, cascade events overlap with the pre-

existing dislocation loops and produce larger loops. The effect of alloying element on the growth of 

the dislocation loops will be given in Section 4.3.2. 

In the 1980s, high voltage electron irradiation was employed to understand the mechanisms behind 

neutron irradiation induced dislocation loops [37, 44, 48, 49]. However, this method was mostly 

abandoned once the potential impact of the absence of displacement cascades was recognised. 

Since then, heavy ion irradiation has been more popular for mimicking the effects of neutron 

irradiation. Nevertheless, our study and another heavy ion study on pure Zr [43] shows that heavy 

ion irradiation on TEM foils does not reproduce the dislocation loops structures induced by neutron 

irradiation in terms of loop size, number density, and loop arrangement, even though the heavy ion 

irradiations have cascade size, PKA energy and displacement efficiency very close to that of 

neutron irradiation [31]. The reason is that the loop structure induced by heavy ion irradiation is 

dominated by the collapse of cascades due to the high damage rate and the sample geometry, while 

the loop structure generated by neutron irradiation is strongly affected by diffusion mechanisms. 

Since high voltage electron irradiation generates a large amount of Frenkel pairs, it somewhat 

compensates for the point defect sinking to the surface of the thin foil; hence a proper combination 

of high voltage electron irradiation and heavy ion irradiation may be an optimum technique to 

simulate neutron irradiation. 

3.4.2  Effects of alloying elements 
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The effects of Sn on the heavy ion irradiation induced loop structures can be clarified by comparing 

the loop structures in heavy ion irradiated Zr-Excel alloy and pure Zr. Idrees et al. [43] performed a 

systematic investigation on the heavy ion irradiation induced <a> loop structure in pure Zr up to 

low dose levels (<1 dpa) at 300 to 500 °C. The loops in pure Zr experience significant growth with 

irradiation dose and the loop size has a strong dependence on the irradiation temperature at an 

irradiation dose higher than 0.1 dpa. The correlation is such that the higher the irradiation 

temperature the bigger the loop size. This phenomenon is consistent with the loop growth 

mechanism claimed by the author, i.e., that the loops grow by absorbing the same type point 

defects. In our investigation on Zr-Excel alloy, a negative correlation between the irradiation 

temperature and the loop size is observed. This correlation demonstrates the effect of Sn on 

suppressing the diffusion of point defects. The binding energy of a Sn cluster and vacancy was 

reported as ~0.3 eV [50], the migration energy of a vacancy was calculated as~ 0.6 eV [51]. Sn 

clusters can therefore significantly slow the diffusion of vacancies. Also the binding of the Sn 

cluster to the vacancy can promote the annihilation of interstitial and hence decrease the 

concentration of the point defects, which effectively further lowers the diffusion rate.  

It is interesting to note that in pure Zr at very low damage dose (<0.1 dpa) the dislocation loop size 

is independent of the irradiation temperature; this is because at that dose level the loops observed 

just formed from the collapse of the displacement cascades, which is consistent with what we have 

observed in this study. The average size of the dislocation loop in the pure Zr at dose less than 0.1 

dpa is comparable to the loop size in our study. This indicates that the addition of Sn has very little 

effect on the size of loops collapsing from cascades. The defect yield exhibits a negative correlation 

with the irradiation temperature [43]. Based on the defect yield at 300 °C (0.27 at 0.008 dpa) given 

by Idrees et al. , it can be inferred that Sn can significantly decrease the possibility of a 

displacement cascade collapsing into a visible dislocation loop.   
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3.4.3 Effect of irradiation temperature 

The in-situ heavy ion irradiation on pure zirconium also shows a positive correlation between the 

loop size and temperature but a negative correlation between areal number density and temperature 

[43]. Dislocation loops grow by absorbing a net flux of the same type of point defects during 

neutron irradiation or electron irradiation. This means that the diffusion of the individual point 

defect or point defect cluster to the loops plays an important role in the loop growth during 

irradiation by such particles. Two additional factors should be considered in this study. Firstly, Sn 

atom clusters have been recognized to suppress the diffusion of vacancy point defects as discussed 

before. Secondly, the free surface of the ~100 nm thin film dominates as a point defect sink and is 

expected to significantly decrease the concentration of freely migrating defects [52]. These two 

factors decrease the diffusion rate of irradiation induced defects in our study. As has been observed 

from the in-situ video under irradiation at 200 °C, a higher proportion of larger dislocation loops 

pop- up directly from the matrix at 0.25 dpa compared with at a lower damage dose (see Figure 3-2 

(d)). This means that the increase of dislocation loop size is a result of the interaction of new 

displacement cascades with the pre-existing irradiation induced point defects in the matrix. The 

higher the concentration of the point defects in the matrix, the higher the possibility of a large 

dislocation loop directly condensing from the displacement cascade. The anomalous temperature 

dependence in our study can be well understood by the cascade production nature of the dislocation 

loops. Higher irradiation temperature results in a higher possibility of Frenkel pair recombination 

and sink into the surface, therefore, the concentration of the irradiation induced individual point 

defects, or their clusters, in the matrix thus decreases with irradiation temperature. This likely 

accounts for the negative temperature dependence of the size of dislocation loops. However, the 

defect number density is approximately independent of temperature. This may imply that the 

concentration of the point defects in the matrix does not affect the probability of a cascade collapse 

into a dislocation loop.   
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3.4.4  Implications for studies of neutron irradiation   

A comparison of the dislocation loops in 400 °C neutron irradiated Zr and Zr alloys containing 

different content of Sn shows that the higher the Sn content, the smaller the dislocation loop size 

and the higher the loop number density [24]. The dislocation loops in Zr-Excel alloy have a much 

lower tendency to coalesce into dislocation networks than was observed in Zircaloy-2 [24]. The 

band arrangement of the <a> loops present in Zircaloy-2 was absent in the Zr-Excel alloy. This 

indicates that high content of Sn suppresses the role that point defect diffusion takes in the loop 

nucleation and evolution but enhances the contribution of cascade collapse in the loop structure 

formation. Even though our heavy ion irradiation result does not exactly reproduce the loop 

structure induced by neutron irradiation, several implications for neutron irradiation can still be 

obtained from the heavy in-situ ion irradiation study. First, there will be less irradiation temperature 

dependence on the irradiation induced hardening in Zr-Excel alloy than of low Sn content alloys. 

Secondly, the irradiation induced hardening will saturate at a low irradiation dose (about 0.1 dpa). 

Lastly, TEM in-situ tensile tests on heavy ion irradiated Zr-2.5Nb show that gliding dislocations are 

initiated from irradiation induced dislocation loops at both room temperature and 300 °C [53]. This 

means that the irradiation induced dislocation loops can act as sources of gliding dislocations under 

thermal stress conditions, thus affecting the creep properties for the pressure tube. The stability of 

the irradiation loops is very important for the long-term irradiation creep for the pressure tube. Sn 

solute atoms impose a very strong interaction with line dislocations and produce solute 

strengthening [55, 55]. However, it is unclear about the effect of Sn on the stability of the 

irradiation induced dislocation loops under stress. In-situ and ex-situ tensile tests on irradiated Zr-

Excel are required investigate this effect.  

Conclusion 

In-situ heavy ion irradiations were performed on high Sn content Zr-Excel alloy to study <a> type 

dislocation loop accumulation behaviour up to irradiation damage doses of 10dpa at a range of 
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temperatures. The in-situ and ex-situ characterization of the dislocation loop structures at different 

dose levels and irradiation temperatures and the comparison with the loop structures induced by 

neutron irradiation and high voltage electron irradiation enable us to draw the following 

conclusions: 

1) The nucleation and evolution of <a> type dislocation loops in Zr-Excel alloy under heavy ion 

irradiation are governed directly by collapse of displacement cascades at all the irradiation 

temperatures ranging from 80 to 450 °C. The diffusion of the irradiation induced freely migrating 

point defects takes only a weak, or even negligible, role in the development of loop structures. 

2) The dislocation loop number density gets saturated at very low level (around 0.1 dpa) at all the 

irradiation temperatures. The saturation of the loop number density is caused by loop loss and 

displacement cascade overlap. The relationship between the loop number density and ion fluence 

illustrated that a dislocation loop forms through the collapse of an isolated cascade.  

3) The increase of the loop size with dose level at a dose less than 0.2 dpa at 200 °C is due to the 

increased concentration of point defects or their clusters in the matrix. This is consistent with the 

negative correlation between the irradiation temperature and loop size at 0.5 dpa.  

4) An appropriate combination of electron irradiation and heavy ion irradiation can more accurately 

simulate neuron irradiation than either type alone.      

5) Sn can suppress the diffusion of point defects and decreases the possibility of a displacement 

cascade condensing into a dislocation loop, but has no effect on the size of the cascade collapsed 

loop.            
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Chapter 4  

In-situ study of heavy ion irradiation induced damage in β-Zr  

Abstract  

In-situ heavy ion (1 MeV Kr
2+

) irradiation was carried out to investigate the evolution of irradiation 

induced lattice defects at room temperature and the stability of β-Zr under irradiation at 

temperatures ranging from 150 to 350 °C. It was found that the irradiation induced defects started 

to appear at a dose between 0.5dpa and 0.75 dpa, which is relatively high compared to the case for 

α-Zr. The number density of dislocation loops increased exponentially with fluence, with an 

exponential index ~3.52. The statistical results show that the electron beam with which in-situ 

observation was carried out had an influence on the size of the dislocation loops. The g·b analysis 

shows that dislocation loops with Burgers vector ½< ̅11> and <100> are both present in the sample 

after irradiation to 1.5 dpa. ω phase particles precipitate out during irradiation at 250 and 350 °C, as 

a result of the combination of the thermal treatment and irradiation enhanced concentration of  

point defects.  

4.1 Introduction  

Both the current pressure tube material Zr-2.5Nb alloy and the potential candidate of future 

pressure tube material for Generation-IV CANDU-Supercritical Water Reactor (CANDU-SCWR), 

Excel alloy, are dual phase materials. They are composed of a majority of α-Zr phase with 

hexagonal close packed (hcp) crystal structure and a minority of metastable β-Zr phase with a body 

center cubic (bcc) crystal structure [1, 2].  

Radiation damage induced by energetic particles is of great concern for Zr alloy components in the 

nuclear industry due to the resulting dimensional change and effect on mechanical properties. Over 

the past decades, radiation induced defects [3-6] and phase stability [7, 8] in hcp α-Zr have been 
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comprehensively studied, through neutron and ion irradiation. However, the radiation induced 

damage in β-Zr has not been well studied. 

In the current pressure tube material Zr-2.5Nb, the β-Zr grains are typically located between 

elongated α grains and form a network structure. The thickness of the β-Zr filament is typically in 

the range of 10-50 nm, making the study of defect structures difficult. The metastable β-Zr filament 

in the Zr-2.5Nb pressure tube decomposes firstly into a metastable hexagonal ω-phase [9], and 

finally to equilibrium Nb enriched bcc β-Nb phase [10] under neutron irradiation; this 

decomposition is also assisted by thermal activated diffusion [2, 11, 12]. Neutron irradiation at 200 

°C does not have a significant effect on the kinetics of the formation of ω-phase [9]. 

Unlike Zr-2.5Nb pressure tube material, the β-Zr grains in Excel pressure tube material are more 

equiaxed and have a larger grain size. The stability of β-Zr in Zr Excel alloy is crucial for the 

material’s application as a pressure tube but is rarely investigated; except for a recent study [4] 

showing that heavy ion irradiation can enhance the coarsening of athermal ω phase particles, in 

addition to the effect of the thermal processes. The potential service temperature of Zr Excel alloy 

in CANDU-SCWR might be as low as 80℃ where thermodynamic phase transformations will be 

either slow or unlikely to take place. The dislocation structures induced by the irradiation will 

certainly lead to significant changes in mechanical properties. In this study, in order to elucidate the 

radiation induced defects in bcc β-Zr phase and its stability under irradiation, a single phase high 

Nb content material, Zr-20%Nb alloy is used. The alloy choice means that the bcc β-Zr crystal 

structure is readily retained during cooling to room temperature. Heavy ion irradiation is utilized to 

emulate fast neutron irradiation damage, giving obvious research benefits in that experimental 

parameters such as material selection, dose, temperature, etc. can be accurately controlled. In-situ 

heavy ion irradiation coupled with transmission electron microscope (TEM) enables dynamic 

observation of microstructure evolution under irradiation. However, one must be cognizant that the 
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irradiation conditions (flux, cascade structures, surface effects) are not identical to those produced 

by neutron irradiation of bulk material and must be interpreted in that light. 

4.2 Experiment  

The composition of the as-received β-Zr (35% cold swaged rod, 5mm in diameter) was 20.2 wt.% 

Nb, 770wppm Fe, 11 wppm H, 270wppm O, 30 wppm C and <20 wppm N. The material was 

subjected to annealing at 875 °C for 20 min under protection from oxidation by flowing Argon 

followed by a water quench. 3 mm discs were cut, punched and then mechanically thinned to 100 

μm. TEM samples were then electropolished with 5% perchloric in methanol at -50 °C using a 

Tenupol-5 twin-jet apparatus.  

The in-situ heavy ion irradiation was carried out at the Intermediate Voltage Electron Microscope 

Tandem Facility (IVEM-Tandem) at Argonne National Laboratory, which contains a Hitachi H-

9000NAR TEM interfaced to a 2 MV tandem ion accelerator. One sample was irradiated with 1 

MeV Kr
2+

 at a flux of                 to low dose levels at room temperature for the in-situ 

observation of lattice defects where thermodynamic transformations of β-Zr are very sluggish [13]. 

Other samples were irradiated at temperature ranging from 150 to 350 °C to higher dose levels for 

in-situ observation of phase transformations. Stopping and Range of Ions in Matter (SRIM) was 

utilized to determine the radiation dose in the term of displacement per atom (dpa) [14]. Threshold 

displacement energies (Ed) of Zr and Nb were chosen as 40 eV and 60 eV, respectively. According 

to the SRIM calculation the dose rate during the Kr
2+

 irradiation was approximately 10
-3

 dpa/s and 

the accumulated damage at the final fluence               was about 1 dpa. 

In-situ TEM observation of lattice defects was conducted at an operation voltage of 300 kV, but at 

200 kV for in-situ observation of phase transformations. Weak beam dark field (WBDF) was used 

to monitor the microstructure change during irradiation. Extra care was taken to maintain consistent 
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imaging conditions during the observation. Post-irradiation microstructure characterization was 

carried out using an FEI Technai OSIRIS TEM.  

Quantitative measurements were carried out to statistically analyze the evolution of loop number 

density and loop size distribution. Weak beam dark field is very sensitive to strain fields caused by 

small lattice defects and could resolve defects down to ~1nm size. In WBDF the defect’s image size 

is close to the real size of the defects. However surface contamination such as hydrocarbons also 

can give background with white contrast in WBDF images which makes it hard to recognize 

dislocation loops smaller than 2 nm. Therefore in this study, in order to reduce the effect of surface 

contamination, only loops larger than 2 nm diameter were measured to obtain loop size and area 

number density. 

4.3  Results 

4.3.1  In-situ observation 

As shown in Figure 4-1 (a), the unirradiated material contains only body centered cubic (bcc) 

structured β-Zr. Figure 4-1 (a-e) shows in-situ TEM observations under irradiation at room 

temperature under g(5g) weak beam dark field condition through using g =   ̅  close to [001] zone 

axis. No dislocation loops of a visible size were observed until 0.5 dpa. Small dislocation loops 

with size about 2-3 nm start to form at a dose between 0.5 dpa and 0.75dpa. Figure 4-1 (c) shows a 

scattering of irradiation induced defects with very weak contrast at 0.75 dpa. Above 0.75 dpa, the 

number density of defects increases rapidly with the increment of irradiation dose as shown in 

Figure 4-1( d) and (e).  
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Figure 4-1 TEM weak beam dark field micrographs showing the accumulation of irradiation 

induced defects under in-situ heavy ion (Kr2+) irradiation at room temperature. The 

irradiation dose is indicated below each micrograph. The images are taken with electron 

beam close to [001] zone axis and g =1 ̅0. a)-e) are taken at the same area and under electron 

beams, and f) is taken at an area which is outside of the electron illumination during heavy 

ion irradiation. 
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In irradiated metals the relationship between the number density of defects and irradiation dose is 

usually described by an exponential function before reaching saturation [15]: 

   ( )  (4-1) 

Where   is number density of defects; C is a constant;   is damage dose or irradiation fluence and 

n is the exponential index. Statistical analyses of the number density are plotted as a function of 

irradiation fluence in log-log scale in Figure 4-2. At 0.75 dpa, the area number density of visible 

defects is as low as             . Above 0.75 dpa the area number density of visible defects 

increases dramatically with an exponential index n=3.52 and reaches               at 1.5 dpa. 

Defect saturation is not observed up to 1.5 dpa. The defect area number density outside the in-situ 

observation area was also measured and is plotted in Figure 4-2. It could be clearly seen that the 

defect areal density in the area without electron illumination is higher than that in the area under 

electrons, which indicates that exposure in the 300 keV electron beam during Kr
2+

 ion irradiation 

may have some influence on defect formation.   

Figure 4-3 shows the image size distributions of visible defects for each condition. In the area 

exposed to electron beams, the measurement is not carried out at the dose of 0.75 dpa because there 

are very few defects at this level which would result in poor statistics. A slight defect growth under 

irradiation between 1 dpa and 1.5 dpa is observed. At 1.5 dpa, the maximum of the defect size 

distribution for areas both with and without electron beam illumination is located at 4.5-5.5 nm. 

However, the distribution for the area exposed to the electron beam is a wider distribution and has a 

lower frequency at the maximum than the area not exposed. This again suggests that the electron 

beam with which dynamic observations have been carried out during irradiation influenced the 

growth of defects.   
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Figure 4-2 Defect area number density as a function of heavy ion irradiation damage dose.  

 

 

Figure 4-3 Image size distributions of visible defects. Size was measured in weak beam dark 

field micrographs with g =1 ̅0 close to [001] zone axis. 
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Figure 4-4 Ex-situ bright-field micrographs of bcc Zr-Nb irradiated to 1.5 dpa: (a)     ̅ , (b) 

     , (c)      .  

Figure 4-4 shows bright-field micrographs of bcc Zr-20%Nb irradiated to 1.5 dpa taken under 

different diffraction conditions. According to the     table (shown in Table 4-1), loops which are 

visible in all three graphs have Burgers vector [010] (loops which are circled in Figure 4-4). Loops 

which are marked with squares and only visible in     ̅  and       have Burgers vector 

½[111] or ½[11 ̅]; those only visible in     ̅   and       and surrounded with triangles have 

Burgers vector [100]; the one only invisible in g =1 ̅0 which is surrounded by inverted triangle has 

Burgers vector ½[ ̅11]. This demonstrates that after heavy ion irradiation, dislocation loops with 

both Burgers vector ½< ̅11> and <100> form in bcc β-Zr. The percentage of the analyzable loops 

with ½< ̅11> and <100> is about 50% - 50% at 1.5dpa. However, because of the lack of in-situ 

    analysis during heavy ion irradiation, the evolution of the proportion of ½< ̅11> and <100> 

loops with irradiation dose was not determined. 

Table 4-1     table for zone axis [001] for loops of  the types expected in bcc-Zr. 

g\b ½[111] ½[ ̅  ] ½[1 ̅ ] ½[11 ̅] [100] [010] [001] 

110 1 0 0 1 1 1 0 

1 ̅0 0 1 1 0 1 -1 0 

020 1 1 1 1 0 2 0 
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4.3.2  Phase stability 

 

Figure 4-5 In-situ selected area diffraction patterns taken on          zone axis under 

irradiation at different temperatures and doses.  

Figure 4-5 shows the in-situ selected area diffraction patterns (SADPs) taken on          zone axis 

under irradiation at temperatures ranging from 150 to 350 °C. The diffraction pattern before 

irradiation is shown in Figure 4-5 (a). Weak diffuse streaks can be seen. After irradiation up to 10 

dpa at 150 °C, these streaks still exist, and no clear diffraction spots from ω phase appear. Under 

irradiation at 250 °C, the diffraction spots from the ω phase become distinguishable at 7 dpa, but 

(a) (b) 

(c) (d) 

(e) (f) 
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the streaks did not fully disappear at 10 dpa. Under irradiation at 350 °C, the diffraction spots from 

the ω phase became clear at 6.5 dpa, and the diffuse streaks had fully disappeared at 10 dpa.  

 

Figure 4-6 Ex-situ characterization of irradiation induced phase transformation at 250 and 

350 °C. (a) ω phase formed in the β matrix, (b) β phase transformed to tetragonal zirconia in 

some area, (c) the retained β phase without ω phase at some area, (d) extensive zirconia 

observed in 350 °C irradiated sample, (e) the Kikuchi map of zirconia obtained from the 350 

°C irradiated sample.  

Kikuchi patterns from the β phase disappeared after irradiation. Figure 4-6 shows the ex-situ 

SADPs taken from the high temperature irradiated samples. The ω phase transformed from the β 

phase was observed at some areas in the 250 °C irradiated sample as seen in Figure 4-6 (a). This is 

consistent with the in-situ observation. However, tetragonal zirconia (space group:137, P42/nmc) 

was observed at the area surrounding the area where β phase with ω phase inside was observed (see 
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Figure 4-6 (b)). In the 350 °C irradiated sample, the zirconia phase was extensively observed. 

Figure 4-6 (d) shows the diffraction pattern taken from [111] zone axis of tetragonal zirconia. The 

zirconia phase was further confirmed by the Kikuchi pattern map obtained from the 350 °C 

irradiated sample as shown in Figure 4-6 (e). There is still some area where the β phase was 

retained, but the ω phase was not observed as seen in Figure 4-6 (c). It should be noted that the high 

temperature irradiated samples were cooled in the microscope and stayed in the microscope 

overnight, which means that oxidation occurred during the irradiation in the TEM.  

4.4  Discussion  

4.4.1  Defect accumulation 

The threshold dose required for visible defects in β-Zr is above 0.5 dpa which is much higher than 

that of many metals, such as fcc metals (less than 0.002 dpa for Ni and less than 0.001 dpa for Cu 

[16, 17]), bcc metals like Fe and Fe-Cr alloy (0.01-0.1 dpa) [18, 19] and hcp α-Zr (0.08 dpa) [5]. 

Dislocation loops generated by direct cascade collapse have been extensively observed in a variety 

of metals and are reviewed in [15]. The defect yield which is defined as the proportion of cascades 

which collapse to visible loops can reach as high as unity in some fcc metals such as Ni and Cu 

[15], which means that nearly every individual cascade can collapse to a visible defect. The defect 

yield in bcc materials is lower on average than in fcc metals for equivalent irradiation conditions 

[15] due to the higher stacking-fault energy, which acts as the activation barrier for the formation of 

a critical-sized faulted loop nucleus [20]. Self-ion irradiation (40-240keV) on α-iron to a low dose 

(                ) at room temperature showed that no visible dislocation loops are formed by 

the collapse of isolated cascades [20]. However, visible dislocation loops were observed in α-Fe 

irradiated at 40 K by self-ions to a higher irradiation dose (               ) where significant 

spatial overlap of displacement cascades occurs [21]. This result confirmed the hypothesis proposed 

by Dunlop [22] that spatial overlap of displacement cascades is required for visible loop formation 
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in α-Fe. One method to characterize how many overlapped cascades must collapse to form a 

dislocation loop is by plotting the defect number density on a log-log scale [15]. The slope (n) of 

the plot represents the number of cascades required to allow collapse to a loop. It can be seen in 

Figure 4-2 that n is 3.52 in this study, which means that the overlap of at least 3 or 4 cascades is 

required to form a loop. Defect yield in the Zr-20Nb alloy under irradiation in this study is very 

low, about       at 1.5 dpa. That is, the probability of collapse of several overlapped cascades in 

Zr-20 Nb alloys to a loop is still very low. 

There is no study on neutron irradiation induced dislocation loops in Zr-20Nb reported in the 

literature. The dislocation loop density measured in this study is relatively low compared to an 

earlier study on neutron irradiated pure Nb [23, 24]. The difference may be caused by the effect of a 

high level of alloying elements. A molecular dynamics study of cascades in Nb-10%Zr solid 

solution showed that the size of the largest defect cluster (either interstitial or vacancy type) is 

smaller than in the pure niobium system, and the number of dislocation loops drops as well [25].  

A slight increase in the size of dislocation loops was observed with increasing irradiation dose in 

our study, suggesting short length scale diffusion of point defects in the neighbourhood of existing 

dislocation loops. It is worth noting again that the loop density under the illumination of electrons is 

lower than that of the area outside of the electrons, while the average loop size is larger. A similar 

phenomenon was reported in a Fe-11%Cr alloy during irradiation by 100 keV Xe
+ 

[18]. It was 

suggested that the reduction in loop density is due to enhanced loss of loops by electron assisted 

migration, or by the effect of electrons on the loop formation. However, in our study, few loops 

were observed to be lost during irradiation either by dissolution as a result of a cascade overlap 

effect or by gliding of loops to the surface. One possible explanation for the phenomenon in our 

study could be enhanced diffusion of point defects by the 300 keV electrons, which allows a larger 

diffusion distance of point defects such that they are more likely to reach dislocation loops.   
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Dislocation loops with both Burgers vector ½< ̅11> and <100> were observed in this experiment. 

This is consistent with previous results observed in a Nb single crystal under neutron irradiation 

[23, 24] and other bcc alloys such as Fe and Fe-Cr alloys under both heavy ion irradiation [15, 18, 

20] and neutron irradiation [26, 27]. In an early study of neutron irradiated pure Nb at room 

temperature, more than 2/3 of the loops were perfect loops with Burgers vector ½< ̅11>, with the 

rest of them <100> loops. However, in our study, the fraction of ½< ̅11> and <100> dislocation 

loops is about 50/50. This ratio implies that less energetic loops are more readily formed in bcc Zr-

Nb solid solution than in pure Nb. The formation of less energetic <100> dislocation loops is 

thought to be responsible for the swelling resistance of Fe-Cr alloys under neutron irradiation [26]. 

The nature of the dislocation loops (i.e. vacancy or interstitial) was not analysable in this study. 

However, molecular dynamics studies on the displacement cascade in Nb and Nb-10%Zr showed 

that both interstitial and vacancy clusters are found after the thermal spike, which is consistent with 

experimental observations of a neutron irradiated Nb crystal [25, 28]. No direct simulation study 

was carried out on irradiation damage of Zr-20Nb due to its thermodynamic instability; however it 

is speculated that the qualitative effect of alloying elements on the irradiation induced point defects 

or clusters demonstrated by Nb-10Zr may also apply to the Zr-20Nb.  

4.4.2 Phase stability  

The ω-Zr phase can form from β-Zr isothermally or by fast quenching from the beta phase regime. 

It has been shown that ω-Zr phase particles precipitated from β-Zr phase during aging between 300 

and 500°C resulted in a strong age hardening [12, 13]. Whether metastable ω-Zr particles are 

formed or not after irradiation in bcc β-Zr at low temperature is of great interest due to their impact 

on mechanical properties of dual phase pressure tubes used at low temperature. Early electron 

irradiation studies on as-quenched Zr-20Nb alloy, where ω-Zr particles did not form through 

quenching, showed that ω-Zr particles were induced by 1MeV electron irradiation at temperatures 

as low as 150 °C after only 15 s irradiation at a dose rate of 1×10
-3

 dpa/s [11]. The morphology of 
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ω-Zr induced by irradiation is ellipsoid rather than the cuboid morphology which results from 

thermal treatment [11]. It was claimed [11] that the precipitation of ω particles is enhanced by 

irradiation, as irradiation induced lattice defects provide more nucleation sites and enhance the self-

diffusion rate. The influence of the electron irradiation on the formation of ω particles is striking, 

since the incubation period for the thermally driven precipitation of ω particles is as long as 10 

hours even at 300 °C in Zr-19Nb alloy [13]. However, in our study no evidence was found 

indicating the formation of ω particles under heavy ion irradiation, even up to 10 dpa at 150 °C. 

This means that irradiation enhanced precipitation is harder to induce under heavy ion irradiation 

than electron irradiation.  

The effect of heavy ion or neutron irradiation on the formation of ω is two-sided. On one side, 

irradiation enhances the concentration of the point defects in the matrix which may enhance the 

diffusion rate and promote the formation of the ω phase, as happens under electron irradiation. 

However, it should be noted that concentration of irradiation induced point defects is much lower 

under heavy ion irradiation than under electron irradiation because of the thermal spike associated 

with the displacement cascade under heavy ion irradiation, which enhances the recombination of 

the Frenkel pairs. On the other side, the displacement cascades cause ballistic mixing, which may 

cause the dissolution of newly formed ω phase [29].  

The β → ω transformation was observed in-situ under irradiation at 250 and 350 °C, at which 

thermal activation may also contribute to the transformation. It is striking that tetragonal zirconia 

formed after irradiation outside the in-situ observed area, i.e., outside the electron illumination. The 

electron beam seems to have a significant effect on the phase transformation or may prevent the 

formation of oxidation, even though the mechanism behind it remains unclear as yet. Unlike the 

nano-sized zirconia formed during annealing of a Zr thin foil in TEM (see Chapter 10), the zirconia 

grain observed here is greater than 800 nm in size in Zr-20Nb alloys, as seen in Figure 4-7.  
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Figure 4-7 The selected area aperture and the SADP    

 

Conclusion  

In this study, in-situ heavy ion irradiation was carried out on a Zr-20Nb alloy to study the evolution 

of irradiation induced defects in β-Zr phase at room temperatures and the phase stability at 

temperatures ranging from 150 to 350 °C. In-situ observation shows that no dislocation loops of a 

visible size were observed until 0.5 dpa, which is a relatively high dose compared with hcp α-Zr, 

and many bcc metals. The number density of dislocation loop increases as an exponential function 

of irradiation dose with an index of 3.52. The size of the defects increases with increment of 

irradiation dose. The presence of the electron beam may have some influence on the nucleation and 

growth of defects. Post irradiation analysis shows dislocation loops with Burgers vector ½< ̅11> 

and <100> are both present in the sample after irradiation to 1.5 dpa. Formation of ω phase was 

only in-situ observed at 250 °C and higher, up to 10 dpa. Zirconia formed in the area outside of the 

electron beams under irradiation at 250 and 350 °C.  
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Chapter 5  

Metastable phases in Zr-Excel alloy and their stability under heavy ion 

(Kr
2+

) irradiation 

Abstract 

Zr-Excel alloy (Zr-3.5Sn-0.8Nb-0.8Mo, wt.%) has been proposed as a candidate material for 

pressure tubes in the CANDU-SCWR design. It is a dual-phase alloy containing primary hcp α-Zr 

and metastable bcc β-Zr. Metastable hexagonal ω-Zr phase could form in β-Zr as a result of aging 

during the processing of the tube. A synchrotron X-ray study was employed to study the lattice 

properties of the metastable phases in as-received Zr-Excel pressure tube material. In-situ heavy ion 

(1 MeV Kr
2+

) irradiations were carried out at 200 °C and 450 °C to emulate the stability of the 

metastable phase under a reactor environment. Quantitative Chemi-STEM EDX analysis was 

conducted on both un-irradiated and irradiated samples to investigate alloying element 

redistribution induced by heavy ion irradiation. It was found that no decomposition of β-Zr was 

observed under irradiation at both 200 °C and 450 °C. However, ω-Zr particles experienced shape 

changes and shrinkage associated with enrichment of Fe at the β/ω interface during 200 °C 

irradiation but not at 450 °C. There is a noticeable increase in the level of Fe in the α matrix after 

irradiation at both 200 °C and 450 °C. The concentrations of Nb, Mo and Fe are increased in the ω 

phase but decreased in the β phase at 200 °C. The stability of metastable phases under heavy ion 

irradiation associated with elemental redistribution is discussed.  

Key Words: Zr-Excel alloy, heavy ion irradiation, phase stability, Chemi-STEM EDS  

5.1 Introduction 

Since Zr-Excel alloy (Zr-3.5Sn-0.8Nb-0.8Mo, wt.%) was proposed as a candidate material for 

pressure tubes for the CANDU Supercritical Water Reactor (CANDU-SWR), due to its high 
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strength and good creep resistance, research work on the alloy which was originally developed by 

AECL in 1970s has been revived. Significant studies have been carried out on the thermodynamics 

[1-3], mechanical properties [4], irradiation induced damage [5, 6] and delayed hydride cracking 

(DHC) [7] of Zr-Excel alloy. 

Like Zr-2.5 wt.% Nb alloy, of which the pressure tubes of current CANDU reactors are made, Zr-

Excel alloy is a dual-phase material consisting of a majority of hexagonal  close packed (hcp) α-Zr 

phase and a fraction of thermodynamically metastable body center cubic (bcc) β-Zr phase. In the 

Zr-2.5wt.%Nb pressure tube material, the metastable β-Zr is enriched with β stabilizing elements Fe 

and Nb [8, 9]. The concentration of Nb in β-Zr phase is about 20%, which corresponds to the 

composition at the monotectoid point of the equilibrium Zr-Nb binary phase diagram [10]. 

Decomposition of β-Zr to hexagonal ω phase with space group of P6/mmm or Nb enriched 

equilibrium cubic β-Nb phase could take place under irradiation or thermal treatment [8, 11-16]. 

However the redistribution of minority alloying elements such as Fe and Nb between the α and β 

phases was only observed under irradiation. It was found that Fe is depleted in the β phase after 

both neutron irradiation [8, 14] and heavy ion (Ar
+
) irradiation [17]. An increased concentration of 

Fe was observed at the α-α boundary and in the α matrix [8, 14]. The concentration of Nb is 

increased in both the α matrix, caused by irradiation driven alloying element redistribution, and in 

the β-Zr matrix as a result of decomposition of β-Zr to ω phase [14], but is decreased in β-Nb if it is 

present before irradiation [8].  

The volume fraction of β-Zr phase in Zr-Excel as-received pressure tube is reported as 13% [3]. 

The concentration of Nb in the β-Zr phase is just 4%, as evaluated from energy dispersive X-ray 

spectroscopy (EDS) [3], which is much less than the monotectoid point of the equilibrium Zr-Nb 

binary phase. However, the addition of Mo which is a strong β phase stabilizer and is enriched in 

the β-Zr phase contributes to the retention of the β-Zr phase in Zr-Excel. No ω phase particles were 

reported in the β-Zr phase [3], whereas, in our present study, cuboidal ω phase particles were 
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observed in the β-Zr phase in the Zr-Excel as-received pressure tube. An early study on the stability 

of ω phase particles in a Zr-Nb alloy under HVEM demonstrated dissolution of coarse ω particles 

and re-precipitation of small fine ω particles at 350 °C [16]. However, an in-situ heavy ion 

irradiation at 400 °C did not show a noticeable change of the morphology of ω particles in Zr-20Nb 

alloy [18]. A recent ex-situ statistical study was carried out on a heat treated Zr-Excel alloy in 

which as-quenched ω particles were present in the β phase, showing that irradiation assists the 

precipitation and growth of ω phase in the β-Zr phase [6].  

To date, three open questions remain for as-received Zr-Excel pressure tube alloy. 1) What are the 

lattice parameters of the β-Zr phase and the ω phase? 2)  Are the minor phases in Zr-Excel alloy 

stable under irradiation? 3) How do the alloying elements redistribute between the β-Zr phase and 

the ω phase after irradiation? In this paper, a high resolution synchrotron X-ray diffraction 

experiment was carried out on the as-received Zr-Excel pressure tube material to measure the lattice 

parameters of the two minor phases. In-situ heavy ion irradiation was carried out on a TEM disc cut 

from the material to directly observe the stability of the β-Zr and ω phases during irradiation. 

Before and after the irradiation, STEM-EDX elemental mapping was performed to characterize 

elemental distribution over the two metastable phases.  

5.2 Experiments 

The material used in this study is an as-received Zr-Excel alloy from a pressure tube provided by 

Atomic Energy Canada Limited (AECL) Chalk River Laboratory (now Canadian Nuclear 

Laboratory) with specified chemical composition given in Table 5-1. The as-received tube was 

fabricated by hot extruding the hollow billet at 850 ℃ at a ratio of 10:1 followed by 25% cold 

drawing. The tube was then annealed at 750 ℃ for 30 min and stress relieved at 400 ℃ for 24 h. 

The microstructure of as-received tube is shown in Figure 5-1, which consists of fully recrystallized 

α grains, partially recrystallized α grains, and β phase inside the α grains or between the α grains. 
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Dense and small cuboid particles of metastable ω phase are observed in the β phase (Figure 5-1 

(b)). The ω particles are thought to be formed during the stress relieving process of the pressure 

tube.  

Table 5-1 The chemical composition of Zr-Excel alloy in wt.%.  

 Sn Mo Nb O Fe H Zr 

Nominal 3.5 0.8 0.8 0.13 0.15 20ppm Balance 

Measured 3.39-3.68 0.77-0.81 0.75-0.77 0.11 0.09-0.13 5ppm Balance 

 

  

Figure 5-1 The microstructure of as-received Zr-Excel pressure tube.  (a) TEM bright field; 

(b) TEM dark field image showing the ω phase particles (white spots) in β phase.  

The synchrotron X-ray sample was cut from the as-received tube with normal plane parallel to the 

transverse direction (TD). The surface plane was first ground mechanically on sandpaper, followed 

by etch polishing with a solution of 5% HF 35%      and 60%     associated with 0.05 micro 

colloidal silica at an approximate ratio of 1:4, and electropolishing with electrolyte of 5% 

perchloric acid in 95% methanol. Slices used for TEM samples were cut from the transverse 

direction-radial direction (TD-RD) plane. These slices were ground down to 100 μm thick with 

sandpapers and then punched to 3mm standard TEM discs. Electropolish was carried out with a 

Tenupol-5 twin-jet electro-polisher using electrolyte of 10% perchloric acid in 90% methanol at a 

temperature lower than -40 °C. 

(a) (b) 
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Synchrotron X-ray diffraction was carried out at the Advanced Photon Source facility in Argonne 

National Laboratory on beamline 33-BM [19]. The wavelength of the photon source is 0.072081 

nm. Due to the high brightness and high energy of the photon source, synchrotron diffraction 

allows detection of minor phases in a short time. The step size of 2θ is 0.005° which gives a high 

resolution of d-spacing measurement.   

The in-situ heavy ion irradiation was carried out at the Intermediate Voltage Electron Microscope 

Tandem Facility (IVEM-Tandem) at Argonne National Laboratory. The facility includes a Hitachi 

H-9000NAR TEM interfaced to a 2 MV tandem ion accelerator. TEM specimen of as-received Zr-

Excel material was irradiated under 1 MeV Kr
2+

 at a flux of                 at 200°C and 450 

°C. According to the SRIM calculation the dose rate during the Kr
2+

 irradiation was approximately 

10
-3

 dpa/s and the accumulated damage at the final fluence              was 10 dpa. Dynamical 

observation was made at an operation voltage of 300 kV. Dark field formed by ω reflections was 

used to view the change of microstructure during and after irradiation.  

The post irradiation TEM characterization were performed on an FEI Technai OSIRIS microscope 

coupled with four super X-ray spectrum detectors which allow for fast acquisition of X-ray 

spectrum and enable us to map elemental distribution using Chemi-STEM EDX (Energy dispersion 

X-ray). The acquisition and post-acquisition data processing system is Bruker ESPIRIT software. 

The mapping setup is very important for qualitative information and vital for the accuracy of the 

quantification analysis of the concentration of alloy elements in different phases. The setup of the 

mapping varies with the thickness of the sample and also the spot size of the STEM beam, because 

the intensity of the X-ray is dependent on the thickness and beam current. In order to obtain reliable 

quantitative results, it is necessary to increase the dwell time of each pixel if the sample is thin to 

ensure a dead time between 7-30%. 
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5.3 Experimental Results  

5.3.1  Phases in Zr-Excel as received material 

5.3.1.1 Lattice parameters 

 

Figure 5-2 Indexed Synchrotron X-Ray diffraction pattern from as-received Zr-Excel 

pressure tube material. 

The lattice parameters of the major phase (hcp α-Zr) and minor metastable phases (bcc β-Zr and 

hexagonal structural ω-Zr) in Zr-Excel as-received pressure tube material are investigated with 

synchrotron X-ray diffraction. The synchrotron X-ray diffraction pattern which contains peaks from 

all the three phases is shown in Figure 5-2. All the peaks are identified and shown in the figure 

except two peaks locating at 2θ = 15.073° and 32.174° which correspond to interplanar spacings of 

0.2748 nm and 0.13 nm. The first peak may correspond to the {111} plane of δ-ZrH1.5-1.6 [20], 

but the second peak is unknown. The peak positions and the corresponding interplanar spacings for 
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α-Zr, β-Zr and ω-Zr are listed in Table 5-2. Through the experimentally measured interplanar 

spacings of these crystallographic planes, the lattice parameters of all three phases could be easily 

calculated and are summarized in Table 5-2. 

The lattice parameters of the primary phase hcp α-Zr in Zr-Excel are: a = 0.32213 nm, c = 0.5149 

nm and c/a = 1.5984. Compared with the lattice parameters reported in literature for pure Zr where 

a = 0.32331 nm, c = 0.51491 nm (c/a = 1.5926) [21], there is about 0.32% contraction along the 

<   ̅ > direction and 0.031% expansion along the c-axis. The lattice parameter of the metastable 

bcc β-Zr in Zr-Excel is a = 0.3525 nm. The lattice parameters of thermal ω-Zr in Zr-Excel pressure 

tube are: a = 0.5029 nm, c = 0.3124 nm and c/a = 0.621. These parameters are similar to what has 

been reported in the literature for ω-Zr phase formed in a Zr-Nb alloy with 4% Nb, which has been 

thought of as a pseudo-equilibrium composition of ω in Zr-Nb alloy [22-24].     

Table 5-2 Summary of diffraction planes of all three phases in Zr-Excel alloy and the 

corresponding peak and d-spacing.  

Phase Diffraction plane Experimental peak d spacing (nm) Calculated lattice parameter 

α 

{   ̅ } 14.846 0.27897 a = 0.32213 nm 

c = 0.5149 nm 

c/a = 1.5984 

(0002) 16.010 0.25745 

{   ̅ } 25.875 0.16109 

β 

{011} 16.631 0.2492 

a = 0.3525 nm 
{002} 23.595 0.1763 

{211} 33.621 0.1246 

{013} 34.720 0.1115 

ω 

(0001) 13.2495 0.3124 

a = 0.5029 nm 

c = 0.3124 nm 

c/a = 0.621 

{   ̅ } 21.204 0.1959 

{   ̅ } 23.279 0.1786 

{   ̅ } 33.16 0.1257 

{   ̅ } 39.625 0.1063 
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When it comes to diffraction breadth, diffraction peaks of ω-Zr and β-Zr are wider than those of α-

Zr due to size effect, as shown in Figure 5-2. Due to this effect, the size ( ) of ω-Zr particles can be 

estimated by the following equation [25]: 

  
    

      
 

(5-1) 

where    is full-width half maximum (FWHM),    is diffraction angle and   is wavelength of 

synchrotron X-ray radiation. The    for (0001) diffraction peak is measured as 0.2431°. The size of 

ω-Zr particles is then calculated as 15.7 nm, which is very close to what was measured directly 

from TEM micrographs of ω-Zr particles, as shown later in Figure 5-5 and Figure 5-6.  

5.3.1.2 Elemental distribution 

Figure 5-3 shows a qualitative Chemi-STEM EDX elemental map over the α/β interface area in as-

received Zr-Excel alloy pressure tube material. The quantified results for all the three phases are 

summarized in Table 5-3. The α-Zr phase is enriched with α stabilizing element Sn and depleted 

with β stabilizing elements Mo, Nb and Fe. The concentration of Sn is 3.8 ± 0.3% in the α-Zr 

phase. The concentration of Mo in α phase will be ignored in both unirradiated and irradiated 

samples. The Kα peak of Mo is very close to Kβ of Zr, these two peaks overlap in the energy 

spectrum. Further the Kβ peak of Mo is too weak to be distinguished from background noise when 

the concentration of Mo is low. This causes difficulty in obtaining accurate and reliable quantitative 

analysis for Mo in α phase when the concentration is very low. The concentration of Nb and Fe in 

the α phase are 0.23 ± 0.02% and 0.07 ± 0.02% respectively.  
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Figure 5-3 Qualitative Chemi-STEM EDX element mapping over the α/β interface area in As-

received Zr-Excel alloy pressure tube material showing the partitioning of Zr, Sn, Nb, Mo 

and Fe among the α-Zr, β-Zr and ω-Zr phases. The phases are indexed in the HAADF image.  

In contrast, the β phase is enriched in those β stabilizing elements Nb, Mo and Fe, whose 

concentrations are 5.03 ± 0.27%, 6.50 ± 0.28% and 0.77 ± 0.07% respectively. The content of Sn is 

still very high in the β phase at 2.44 ± 0.3%. The concentration of Nb in the β phase is far less than 

the composition at the eutectoid point in the Zr-Nb alloy phase diagram, in agreement with previous 

results. However the concentration of Mo in the metastable β phase of Zr-Excel alloy is close to the 

composition of the eutectoid point in the Zr-Mo binary phase diagram. The concentrations of those 

β stabilizing elements Nb, Mo and Fe are lower in the ω phase than in the β phase but much higher 

than in the α phase. This indicates that during the formation of ω-Zr, Mo, Nb and Fe are ejected out 

from ω-Zr nuclei into the surrounding β-Zr matrix. The errors in measuring the composition of the 

ω phase particles are much higher than for the α and β phases. Two reasons should be taken into 
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account. Firstly, the size of ω particles is about 16 nm, less than the thickness of the TEM sample. 

That is, the ω particles are embedded in a β phase matrix. The alloy elements concentration varies 

with ratio of the thickness of ω phase particles to that of the β phase. Secondly, the thickness is not 

uniform in an electropolished dual phase TEM sample. The thickness of the area where ω particles 

are located is thinner than other β phase areas without ω particles, which causes the count of X-ray 

signal from this area to be lower, resulting in errors when quantifying the spectra 

Table 5-3. The concentration of alloying elements in the three phases of as-received Zr-Excel 

alloy pressure tube material 

 α phase (mass%) β phase (mass%) ω phase (mass%) 

Sn 3.8 ± 0.3 2.44 ± 0.30 1.50 ± 0.73 

Nb 0.23 ± 0.02 5.03 ± 0.27 3.17 ± 1.23 

Mo - 6.50 ± 0.28 4.07 ± 1.36 

Fe 0.07 ± 0.02 0.77 ± 0.07 0.34 ± 0.05 

Zr balance balance balance 

 

5.3.2 Stability of phases under irradiation  

5.3.2.1  Morphology change of ω particle under irradiation   

Figure 5-4 shows the in situ TEM observation demonstrating the change of morphology of the ω 

particles under irradiation up to 3 dpa at 200 °C irradiation. Great care was taken to maintain the 

diffraction condition during the observation. It could be clearly seen that ω particles experienced 

shrinkage under heavy ion irradiation at 200 °C, especially after 1 dpa.  



 

  110 

 

 

Figure 5-4 In-situ observation of the changes of the morphology of ω phase particles under 1 

MeV heavy ion (Kr
2+

) at 200 °C up to 3 dpa. The dynamical observation is performed under 

TEM dark field formed with ω diffraction spot.   

Figure 5-5 shows the morphology of ω phase particles before and after irradiation to 10 dpa 

at 200 °C and 450 °C. It clearly illustrates that the shape of ω particles changed remarkably 

from cuboid to ovoid after irradiation at 200 °C to 10 dpa. However, no significant change 

is observed in the morphology of ω particles when irradiated at 450 °C.  

 

Figure 5-5 The morphology of ω phase particles in as-received and irradiated specimens, (a) 

unirradiated, (b) irradiated at 200 °C to 10 dpa, (c) irradiated at 450 °C to 10 dpa. 
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The shape factor, areal size distribution and the mean size of ω particles before and after 

irradiation are shown in Figure 5-6. The shape factor, which is defined by the ratio of long 

axis to short axis of the ω particles is changed to 1.9 from 1.3 after irradiation at 200 °C 

indicating ω particles become more elongated rather than cuboidal. The mean size of ω 

particles decreases by 42%, from 161 nm
2
 to 92 nm

2
, after 10 dpa irradiation at 200 °C. 

The shrinkage of the ω particles under irradiation at 200 °C is further demonstrated by the 

leftwards shift of the frequency peak in Figure 5-6. Selected area diffraction patterns show 

that no amorphization occurred after irradiation at 200 °C, thus indicating that ω particles 

experienced dissolution during irradiation at 200 °C.  

 

Figure 5-6 The areal size distributions of ω particles in non-irradiated and irradiated 

specimens.   
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No significant trends of growth or shrinkage of ω particles are observed after irradiation at 

450 °C i.e., neither the mean size nor size distribution of ω particles is changed significantly. 

This result is consistent with previous in-situ observation of ω particles in Zr-20%Nb irradiated at 

400 °C under heavy ion irradiation, except for the change of contrast of ω particles caused by 

surface oxidation even at high vacuum conditions (           ) [18].  

It is worth noting that the long axes of ω particles all align in the same direction. This may imply 

the ω particles along one specific crystallographic orientation experience more dissolution than the 

direction perpendicular to it, under heavy ion irradiation. Unfortunately, due to the complexity of 

the diffraction pattern caused by surface oxidation and surface hydrocarbons in the irradiated 

sample it is hard to determine the crystallographic orientation in this study.   

5.3.3 Elemental redistribution induced by irradiation 

 

Figure 5-7 Qualitative Chemi-STEM EDX elemental maps for irradiated sample showing the 

distribution of Nb, Mo, and Fe. (a) In the β grain with ω particle inside in the sample 

irradiated to 10 dpa at 200 °C; (b) at the α/β interface in the sample irradiated to 10 dpa at 

450 °C. 
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Figure 5-7 shows the typical Chemi-STEM alloying element maps over the α/β interface area or β 

grain of the samples irradiated to 10 dpa at 200 and 450 °C. It is worth noting from Figure 5-7 (a) 

that Fe is enriched at the β/ω interface after irradiation to 10 dpa at 200 °C. The Fe enriched region 

forms a loop with morphology similar to the outline of ω particles before irradiation. This may 

indicate that Fe is enriched in an area where dissolution of ω particles occurs. Quantitative results 

show that concentration of Fe on the β/ω interface is as high as 1.97%. The enrichment of Fe in the 

boundary of β/ω interfaces is not observed in the sample irradiated at 450 °C, where no significant 

irradiation induced change is observed in the ω particles, which further implies a relationship 

between the Fe enrichment and the dissolution of ω particles. 

Figure 5-8 shows the typical energy dispersive X-ray spectroscopy (EDS) spectra from α, β and ω 

phases in the unirradiated and irradiated samples. The summary of the quantified results of those 

spectra are shown in Table 5-1 and Table 5-4 and was charted in Figure 5-9. Figure 5-9 (a) 

illustrated concentrations of Fe and Nb in the α phase in unirradiated and irradiated samples. There 

is a clear trend showing that the concentration of Fe in the α phase increases after irradiation at both 

200 °C and 450 °C. It increased more in α grains surrounded by β-grains than in α grains without 

surrounding β-grains, and increased more at higher irradiation temperature. However, there is no 

clear trend showing the effect of irradiation and irradiating temperature on the concentration of Nb 

in the α grains.    
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Figure 5-8 Typical energy dispersive X-ray spectroscopy (EDS) spectra from α (surrounded 

by β phase), β and ω phases.  (a) Unirradiated sample, (b) sample irradiated to 10 dpa at 450 

°C, (c) sample irradiated to 10 dpa at 200 °C. Only energy ranges where peaks of Fe, Sn, Zr, 

Mo, Nb locate are selected.  
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Table 5-4 The concentration of alloying elements in the three phases of heavy ion irradiated 

samples.  

Sample  Sn (wt.%) Nb (wt.%) Mo (wt.%) Fe (wt.%) Zr (wt.%) 

10 dpa 

at 200 °C 

α1* 3.49 ± 0.34 0.29 ± 0.03 - 0.12 ± 0.02 balance 

α2** 3.23 ± 0.1 0.25 ± 0.03 - 0.14 ± 0.02 balance 

β 1.6 ± 1 4.3 ± 0.4 6.0 ± 0.5 0.55 ± 0.11 balance 

ω 1.6 ± 0.34 3.72 ± 1.2 5.91 ± 1.3 0.43 ± 0.12 balance 

10 dpa 

at 450 °C 

α1 3.4 ± 0.17 0.20 ± 0.02 - 0.17 ± 0.01 balance 

α2 3.5 ± 0.07 0.26 ± 0.02 - 0.18 ± 0.02 balance 

β 1.18 ± 0.41 4.46 ± 0.36 6.32 ± 0.52 0.58 ± 0.04 balance 

ω 1.22 ± 0.36 2.12 ± 1.3 4.21 ± 1.4 0.37 ± 0.05 balance 

Note: * α1 means the α grain without β phase surrounding 

          ** α2 means the α grain with β phase surrounding 

  

Figure 5-9 (b) demonstrates the change of the concentrations of the β phase stabilizing elements 

Mo, Nb and Fe induced by heavy ion irradiation in the β phase. It could be seen that the 

concentrations of Nb, Mo, and Fe in the β phase were all decreased slightly under irradiation at 450 

°C, and more significantly under irradiation at 200 °C. To the contrary, the concentrations of Nb, 

Mo and Fe went up in the ω phase particles at both temperatures, slightly at 450 °C irradiation and 

more significantly at 200 °C irradiation, except for Nb in the 450 °C irradiation case (Figure 5-9 

(c)). This means that Mo, Nb and Fe are driven into the ω phase from the β phase during irradiation. 

As a result, the concentrations of those elements in the ω phase are close to those in the β phase 

after irradiation at 200 °C as demonstrated in Figure 5-8 (d).    



 

  116 

 

Neither Mo nor Nb enriched precipitates was observed around β-Zr grains in either the 200 °C or 

450 °C irradiated samples, which means that the irradiation enhanced decomposition of β-Zr or 

secondary precipitation did not actually occur in this study. This indicates that metastable β-Zr 

grains which contain alloying elements such as Mo and Nb are stable under heavy ion irradiation at 

least up to 10 dpa.  

 

 

Figure 5-9 The concentration of alloying elements in α phase (a), β phase (b), and ω phase (c) 

in unirradiated and irradiated samples. 

5.4 Discussion  

5.4.1 Effect of alloying element on lattice parameters  

Since the as-received pressure tube was annealed and stress relieved in the final processing stage, 

deviation of the lattice parameter induced by residual stress could be ignored, except for those 

associated with cool down from the annealing temperature. These thermal stresses will induce 
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tension on the c-axis and contraction on the a-axis, with expected elastic strains of 0.05-0.1% and 

0.01-0.1% respectively depending on texture [17, 26]. The observed change of the lattice parameter 

compared to pure zirconium will be a combination of these thermal strains, and the high content of 

Sn in α-Zr. It has been well defined that Sn is α phase stabilizer. Increase in the content of Sn 

results in an increase of the       phase transformation temperature [28-30] and an increase in 

the hardness of the Zr-Sn binary alloy as a result of solid solution strengthening [31]. In the dual 

phase Zr-Sn-Nb-Mo system alloy, Sn tends to enrich in the α-Zr phase. The shrinkage of the lattice 

constant along <a> caused by the addition of Sn is quite reasonable because the atomic radius of Sn 

is smaller than that of Zr. Slight expansion along <c> direction is presumably due to the 

combination of such shrinkage plus the thermal expansion. It might also be affected by the presence 

of interstitial impurities such as H and O [21]. Nonetheless, based on the relative magnitudes and 

the expected thermal strain effect, it appears there is a difference between the responses of the 

lattice parameter along <a> direction and <c> direction due to the presence of Sn substitutional 

atoms. This may reflect the anisotropy of the elastic strain field induced by Sn solute atoms; that is, 

the Vegard’s law which applies to Zr-Nb system (see below) doesn’t apply straightforwardly to the 

Zr-Sn system. The change of the lattice parameters caused by the solution of Sn in α-Zr may also 

have some effect on the deformation mechanisms. The stress required for a dislocation to glide on a 

certain atomic plane is related to the ratio of the spacing between slip planes to the unit slip distance 

(d/b) [32]. The higher the ratio, the lower the shear stress that is required. The decrease in the 

interplanar spacing of prism planes will result in an increase of the critical resolved shear stress 

(CRSS) for prism slip, which is the easiest slip system for α-Zr [33] and changes in the ratio of 

prismatic slip systems to other slip systems, thus affecting the deformation anisotropy of α-Zr.    

 In Zr-Nb binary alloys, the lattice parameter of as-quenched bcc β-Zr is a linear function of the 

atomic percentage of the Nb, to which Vegard’s law applies [23, 34, 35].  Hence the lattice 

parameter of β-Zr can be expressed by an empirical equation [36]: 
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      ( )  (   )   ( )      ( ) (5-2) 

where       ,     and     at a given temperature T, are the lattice parameters of the bcc structural 

phase β-Zr(Nb),  β-Zr with 100% Zr and β-Nb with 100% Nb, respectively.   is the atomic 

concentration of Nb in β-Zr(Nb).  

According to the above equation, metastable β-Zr phase in Zr-2.5Nb pressure tube, which has a 

chemical composition corresponding to the eutectoid point (18.5 at.% Nb) in the Zr-Nb equilibrium 

phase diagram should have a lattice parameter a = 0.3524 nm at room temperature, although there 

are some discrepancies between the measured lattice parameters [36, 37]. It is striking to find out 

that the lattice parameter of the metastable phase β-Zr in Zr-Excel pressure tube material is very 

similar to that in Zr-2.5Nb even though the chemical compositions of the two are significantly 

different. The concentration of Nb in the β phase of Zr-Excel is 5.03 ± 0.27%, which is far less than 

the composition at the eutectoid point in the Zr-Nb alloy phase diagram. The composition of Mo in 

metastable β phase of Zr-Excel alloy is 6.5 ± 0.28%, which is close to the composition of the 

eutectoid point in Zr-Mo binary phase diagram. This indicates that Mo plays an important role in 

the retention of the metastable β phase in Zr-Excel alloy, perhaps more so than Nb. Mo possesses 

similar effects to Nb on the lattice parameter of β-Zr phase but is even stronger, because Mo has a 

smaller atomic radius. Even though the lattice parameter of metastable phase in Zr-Excel is similar 

to that of Zr-2.5Nb in spite of the remarkable difference in their composition, it is still hard to draw 

a conclusion that the lattice misfit between α-Zr and β-Zr determines the composition of the 

metastable phase in dual phase Zr alloys because there is no specific morphology observed for the 

α/β interface.  

Similar to the β-Zr phase, the lattice parameters of as-quenched ω-Zr depend on the initial 

concentration of Nb in the Zr-Nb system alloy [23]. However, for thermal ω-Zr, the chemical 

composition is dependent on the aging time, until it reaches a pseudo-equilibrium composition 

which is independent of initial alloy content and aging temperature [38]. As mentioned before, the 
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ω-Zr phase particles in as-received Zr-Excel pressure tube are formed by aging. Mo, Nb and Fe are 

ejected into the β matrix during the precipitation of ω particles. The lattice parameters of ω particles 

are similar to those that have been reported elsewhere [22-24] for ω-Zr phase formed in a Zr-Nb 

alloy with 4% Nb, and which are typically considered as the composition of ω particles in the 

metastable β-Zr phase of Zr-2.5Nb alloy [22-24].  

5.4.2 Effect of temperature on phase stability  

5.4.2.1 Stability of ω particles 

The stability of metastable ω particles is of great concern for Zr-Excel alloy pressure tube material 

since their presence is directly related to the mechanical properties of the material. Earlier studies 

on Zr-2.5Nb and Zr-20Nb demonstrated age hardening caused by precipitation of ω particle in β 

phase at temperatures between 400 °C and 550 °C [12, 13]. However, further aging caused the 

decomposition of ω particles into α phase and Nb enriched β phase [12, 13]. Under irradiation, the 

displacement cascade will cause ballistic mixing of the elements in the particle and matrix which 

may cause the dissolution of particles. In addition, the increased concentration of freely moving 

individual point defects will enhance the diffusion rate of the element towards the phase where its 

chemical potential is lower, and thus may assist the precipitation of secondary phase particles. 

Hence, the stability of particles under irradiation is dependent on the competition of these two 

processes. In this study, heavy ion irradiation was carried out at two different temperatures. It was 

found that ω particles dissolved at 200 °C irradiation but not at 450 °C, as shown in Figure 5-4 to 

Figure 5-6. The dependence of the stability of ω particles on irradiation temperature is likely 

explained by competition of irradiation induced dissolution and irradiation enhanced thermally 

activated diffusion. During the formation of ω particles by thermal processing, elements like Fe, 

Mo and Nb are ejected from the interface between the ω nuclei and β phase, into the surrounding β 

matrix. As a result, those alloying elements are depleted in the ω phase but enriched in the β-Zr, as 
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shown in Figure 5-3.  Therefore, dissolution of ω particles requires the injection of Nb, Mo and Fe 

from the β matrix into the particles, driven by irradiation induced ballistic mixing. At 200 °C, the 

flux of those elements from β matrix to ω particles driven by irradiation is greater than the flux of 

those elements from ω particles to β matrix driven by thermally activated diffusion. Therefore there 

is a net flux of Fe, Mo and Nb from β matrix to ω particles as demonstrated in Figure 5-9, resulting 

in the significantly increased level of Fe Mo and Nb in the ω particles after irradiation at 200 °C. 

However, at the elevated temperature of 450 °C, thermally activated diffusion is increased, so the 

net flux of Fe, Mo and Nb is decreased or even becomes negative as illustrated in Figure 5-9; hence 

a slight increase of the concentration of Fe and Mo but a decrease in concentration of Nb in the ω 

particles is observed.  

There are some discrepancies amongst previous studies on the stability of ω particles in Zr-Nb 

alloys. As mentioned before, early 1MeV electron irradiation with HVEM showed that pre-existing 

ω particles in Zr-12Nb dissolve, with fine ω particles re-precipitated at 350 °C [16]. Similar in-situ 

irradiation was carried out by Motta [18] on ω particles in Zr-20Nb with 900 keV electrons at 350 

°C and 350 keV heavy ions at 300 and 400 °C. It was surprising to find out that the phenomenon 

that had occurred in the former case was not reported by Motta under heavy ion irradiation [18]. In 

fact no significant changes were observed in the ω particles by Motta under all irradiation 

conditions. It was suggested by Motta that the dissolution of ω phase should be favored under ion 

irradiation relative to electron irradiation because the presence of displacement cascades (which are 

not observed under electron irradiation) enable processes such as recoil resolution and interfacial 

mixing, which facilitate the dissolution of precipitates. The dissolution of ω requires that Nb passes 

across the ω/β interface, into ω particles from the β phase. It is, therefore, unlikely that electron 

irradiation would destabilize precipitates while ion irradiation would not [18]. The most reasonable 

explanation for this discrepancy is that the ω particles in Zr-12Nb are an ordered phase. Ordered ω 

phase has been reported to be formed thermally in Zr-2.5Nb and Zr-7Nb. No evidence was given as 
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to whether the ω particles studied in Ref. [16] are an ordered phase or not. However, if they are an 

ordered phase, it is easy to understand the above disagreement; a high density of point defects 

induced by electron irradiation will cause the disordering of the ordered phase and enhanced 

precipitation of fine disordered ω particles as well.   

5.4.2.2 Stability of β phase 

Decomposition of β-Zr to β-Nb was reported in neutron irradiated Zr-2.5Nb pressure tube material, 

to a neutron dose of about 10 dpa at 280 °C [8] and also under proton irradiation [15]. Whether 

there is decomposition of β-Zr to β-Nb and whether there are Nb and/or Mo enriched precipitates 

induced, is of great interest in the case of Zr-Excel alloy. In our study, there is no evidence for 

decomposition of β-Zr or for the precipitation of Nb and Mo enriched precipitates around β grains. 

That is, the metastable β-Zr is stable under heavy ion irradiation at least after irradiation to 10 dpa 

at 200 °C and 450 °C. However, it should be remembered that this result is obtained from thin TEM 

samples and does not demonstrate that β-Zr phase will be also stable in bulk material under neutron 

irradiation at the same temperature. Motta [18] compared the experimental observations of the 

precipitation of β-Nb particles in Zr-Nb alloys under neutron, proton, electron and heavy ion 

irradiation and found that the thickness of the irradiated sample may have a significant effect on the 

precipitation of β-Nb, due to the effect of surface sinks on the diffusion length of Nb. It was 

calculated that with the surface sink considered, the diffusion length of Nb in heavy ion irradiated 

thin samples is two orders lower than that of a neutron irradiated bulk sample, thus supressing the 

precipitation of Nb and decomposition of metastable β-Zr phase. As a result of the strong effect of 

surface sinks on ion irradiation of TEM samples, a full understanding of the stability of β-Zr phase 

of Zr-Excel alloy under neutron irradiation still requires further investigation on irradiated bulk 

material. 

5.4.3  Irradiation induced elements redistribution 
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Irradiation induced Fe redistribution has been extensively reported in Zr-Nb [8, 14, 39], Zr-Sn-Nb 

[40-43] and Zr-Sn [44, 45] system alloys. The redistribution of Fe, with a depletion from second 

phase particles and corresponding increase in the α matrix, is believed to lead to amorphization of 

second phase particles and stabilise formation of <c> type vacancy loops, which results in 

accelerated irradiation growth. In our study, we also observed a slight increase in Fe level in the α-

Zr matrix regardless of whether there are β grains surrounding the α-grain or not. This was true at 

both irradiation temperatures; however the increase of the Fe level in α-grains is greater at the 

higher irradiation temperature. A similar phenomenon has also been reported in an ion irradiated 

Zr-2.5Nb alloy [17]. That means that the redistribution of Fe may not be driven only by ballistic 

mixing from displacement cascades but also by a mechanism of diffusion. Compared with Nb and 

Cr, Fe is depleted more rapidly in second phase particles [39, 41] under irradiation. This result may 

support the ultra-fast diffusion by formation of an Fe/vacancy pair that was proposed by King [46]. 

Our results are the first time that the dissolution of ω particles has been shown to be associated with 

the enrichment of Fe in the ω dissolved zone; here seen in the 200 °C irradiation. If Fe tends to be 

bonded with vacancy point defects induced by irradiation, this might indicate that the zone from 

which ω phase has dissolved acts as a strong vacancy sink.  

There is no evidence to show a significant increase in the level of Nb and Mo in the α grains. 

However it is clear that Nb and Mo are depleted from the β matrix and increased in concentration in 

the ω particles, especially under 200°C irradiation. Substitutional Nb and Mo are slow diffusers in 

Zr, hence the main driving force for the redistribution of Nb and Mo is by displacement cascades. 

The range of such mixing is limited by the cascade size. The ω particles are on average 16 nm in 

size and surrounded by β grains enriched with Nb and Mo. Hence it is easier and more likely that 

one will observe increased levels of Nb and Mo ejected from the β phase into ω particles than into 

the α grains, if there is any redistribution of the latter kind. The increased concentration of Nb and 

Mo is directly related to the dissolution of ω particles under irradiation at 200 °C.  
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Conclusion 

In this study, synchrotron X-ray diffraction was used to identify the phases in as-received Zr-Excel 

pressure tube material and to determine their lattice parameters. Subsequent in-situ heavy ion 

irradiation at 200 and 450 °C was performed to investigate the stability of the metastable phases. 

Post irradiation Chemi-STEM EDS characterization was employed to analyze irradiation induced 

elemental redistribution. The conclusions drawn are as follows: 

(1) Compared with pure Zr, there is 0.3% shrinkage along the <a> direction and slight expansion 

along the <c> direction for the lattice parameters of hcp α phase in Zr-Excel, as a result of high 

content of Sn, coupled with thermal expansion strains. The lattice parameter of β in Zr-Excel is 

very close to that of Zr-20Nb, in spite of the difference in chemical composition. Aged ω particles 

in Zr-Excel have similar lattice parameters to ω observed in Zr-Nb which has a pseudo equilibrium 

composition. 

(2) No decomposition of the β-Zr phase was observed under irradiation at either 200 °C or 450 °C.  

(3) The stability of ω particles depends on the competition of irradiation induced dissolution and 

irradiation enhanced thermally activated diffusion. The ω-Zr particles experienced shape changes 

and eventual dissolution from the outer layer in towards the core, at the lower temperature of 200 

°C where the flux of Nb and Mo from the β matrix into ω particles driven by irradiation is greater 

than the flux of those elements from the ω particles into β matrix which is driven by thermally 

activated diffusion. Enrichment of Fe is observed along the β/ω interface, associated with the 

dissolution of ω particles.  

(4) There is an increase in the level of Fe in the α matrix after irradiation at both 200 °C and 

450 °C. The concentrations of Nb, Mo and Fe are increased in the ω phase but decreased in 

the β phase at 200 °C. 
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Chapter 6  

Effect of heavy ion irradiation on thermodynamically equilibrium Zr-

Excel alloy  

Abstract  

The thermodynamically equilibrium state was achieved in a Zr-Sn-Nb-Mo alloy by long term 

annealing at an intermediate temperature. The fcc intermetallic Zr(Mo, Nb)2 enriched with Fe was 

observed at the equilibrium state. In-situ 1 MeV Kr
2+

 heavy ion irradiation was performed in a TEM 

to study the stability of the intermetallic particles under irradiation and the effects of the 

intermetallic particle on the evolution of <c> type dislocation loops at different temperatures from 

80 to 550 °C. Chemi-STEM elemental maps were made at the same particles before and after 

irradiation up to 10 dpa. It was found that no elemental redistribution occurs at 200 °C and below. 

Selective depletion of Fe was observed from some precipitates under irradiation at higher 

temperature. No change in the morphology of particles and no evidence showing a crystalline to 

amorphous transformation were observed at all irradiation temperatures. The formation of <c> type 

dislocation loops was observed under irradiation at 80 and 200 °C, but not at 450 and 550 °C. The 

<c> loops were non-uniformly distributed; a localized high density of <c> type dislocation loops 

were observed near the second phase particles, possibly as a result of the stress induced by the 

particles since there was no observable elemental redistribution. The stability of the second phase 

particles and the formation of the <c> type loops under heavy ion irradiation are discussed.  

Key word: Zr-Excel alloy, heavy ion irradiation, phase stability   
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6.1 Introduction  

Under neutron irradiation, a second phase precipitate (SPP) may be altered by two ways [1]. First, 

the atomic displacements created within the collision cascade ballistically drive the atoms of the 

SPP into the surrounding matrix or inject the atoms from the surrounding matrix into the SPP. 

Second, the solute-defect flux interactions will transport the solute atoms out of or into the SPP. 

Therefore, neutron irradiation can induce dissolution, amorphization and transformation of the 

SPPs and elemental redistribution which may modify the chemical composition of the SPPs and the 

matrix. The stability of the SPPs in Zr alloys is critical for the performance of alloys in-reactor, 

including dimensional stability and corrosion resistance [2, 3].  

Neutron or proton irradiation induced changes in the SPPs in Zr alloys have been extensively 

studied by post-irradiation TEM characterization [2-11]. The study of irradiation induced 

amorphization and preferential depletion (if in significant amount) of elements from SPPs like Fe 

from Zr (Cr, Fe)2 and  Zr(Nb, Fe)2 are quite straightforward by this method [3, 6, 9, 10]. However, 

there has been no direct observation of the dissolution of particles, except small particles 

precipitating out around pre-existing particles after heat treatment. Furthermore, the quantitative 

study of irradiation induced size, morphology, and compositional changes in the SPPs, which is 

very important for understanding phase stability under irradiation [11] is necessarily only of a 

statistical nature, or even subjective, if only post-irradiation characterization is possible [2, 9].  

In-situ heavy ion irradiation carried out within a TEM provides a unique chance to dynamically 

monitor the pathway for morphologic and structural changes in SPPs and irradiation induced 

precipitation around pre-existing precipitates. The amorphization kinetics for Zr(Cr, Fe)2. and 

Zr2(Ni, Fe) in thin foil Zircaloys under ion irradiation has been studied in situ [12-14]. Idrees [15] 

directly observed the dissolution of Zr3(Mo, Nb, Fe)4 precipitates and irradiation induced 

precipitates under TEM bright field condition in a heat treated Zr-Sn-Mo-Nb alloy sample.  
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Zr-Excel alloy is a dual phase (α+β) alloy with high mechanical performance and a candidate 

material for pressure tubes in the CANDU supercritical water reactor (SCWR) concept [16], 

consisting of Zr, ~3.5wt% Sn, ~0.8wt%Nb, ~0.8wt% Mo and other trace elements. The metastable 

β phase, with ω particles inside, is a mechanically strengthening phase [17]. Preliminary studies on 

the phase stability of the metastable phases in Zr-Excel with heavy ion irradiation showed that 

displacement cascades caused the dissolution of the isothermal ω particles into the β matrix at 200 

°C [18]. Even though the decomposition of β phase was not observed under short timescale heavy 

ion irradiation up to 10 dpa at 450 °C, probably due to the strong sink of the foil surface limiting 

the diffusional path of Nb and Mo [19], it is still possible that β phase decomposes into 

thermodynamic equilibrium phases in a bulk sample under neutron irradiation at high temperature, 

due to combination of thermal effects and irradiation. Our recent synchrotron X-ray diffraction and 

TEM study on long term annealed Zr-Excel alloy showed that the equilibrium second phase 

particles has been identified as fcc Zr(Mo, Nb)2 with crystal structure of MgCu2 type and lattice 

parameter a = 0.767 nm [20]. 

In this paper, in-situ heavy ion irradiation was employed to study the stability of this Zr(Mo, Nb)2 

phase under irradiation at different temperatures. In-situ TEM bright field observation combined 

with quasi-in-situ Chemi-STEM elemental mapping was used to monitor the possible 

morphological and compositional change in the Zr(Mo, Nb)2 SPPs induced by irradiation. The 

formation and evolution of <c> type dislocation loops as a function of irradiation dose and 

temperature were also studied. Effects of these particles on the formation of the <c> type 

dislocation loops are discussed.   

6.2  Experiments 

The material used in this study is an as-received Zr-Excel alloy from a pressure tube (AR-PT) 

provided by Atomic Energy Canada Limited (AECL) Chalk River Laboratory (now Canadian 
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Nuclear Laboratory, CNL). The nominal composition of Zr-Excel alloy is 3.5wt% Sn, 0.8wt%Nb, 

0.8wt% Mo, 1100 wppm O, 1000 wppm Fe and ~20 wppm H. The as-received tube was fabricated 

by hot extruding the hollow billet at 850 ℃ at a ratio of 10:1 followed by 25% cold drawing. The 

tube was then annealed at 750 ℃ for 30 min and stress relieved at 400 ℃ for 24 h. This processing 

produced an α+β dual phase microstructure with isothermal ω particles precipitating in the β grains 

(see Figure 6-1 (a)). Sn was fully dissolved in the α phase, hence no Sn enriched precipitates were 

observed. The β and ω phases are thermodynamically metastable phases.  

In order to reach the thermodynamic equilibrium state, the as-received pressure tube samples were 

annealed at 550 °C for 1350 and 2500 hours. The samples were sealed in vacuum quartz tubes to 

prevent the samples from oxidation. After the annealing treatment, the β and ω had decomposed 

into thermodynamically stable second phase particles (SPPs) as seen in Figure 6-1(b).  

In-situ heavy ion irradiation was carried out at the Intermediate Voltage Electron Microscope 

Tandem Facility (IVEM-Tandem) at Argonne National Laboratory. The facility includes a Hitachi 

H-9000NAR TEM interfaced to a 2 MV tandem ion accelerator. TEM specimens of the 2500 h 

annealed Zr-Excel material were irradiated by 1 MeV Kr
2+

 at a flux of            or       

            at temperatures ranging from 80 ~ 450 °C to different dose levels up to 10 dpa. These 

TEM samples are made by traditional twin-jet electropolishing with an electrolyte of 5% perchloric 

in methanol at -40 °C. According to the SRIM calculation (using 40 eV for the displacement 

threshold energy) the dose rate during the Kr
2+

 irradiation was approximately 1.5 10
-3

 dpa/s for 

flux of                   and the accumulated damage at the final fluence              

was 10 dpa. The dynamic observation was performed at bright field conditions. Chemi-STEM 

energy dispersive X-ray (EDX) elemental mapping was performed on an FEI Technai OSIRIS 

microscope coupled with four super X-ray spectrum detectors which allow fast acquisition of X-ray 

spectrum. A low background TEM sample holder was used. The qualification of the EDX spectra 

was performed with ESPRIT software, with the Cliff-Lorimer method used to do the quantification. 
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Figure 6-1 The Microstructure of the as-received pressure tube material (a and c) and the 

2500 h 550°C annealed sample (b and d). The grain size distributions obtained from 3 maps 

are given below.  
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6.3 Experimental results 

6.3.1 Effects of annealing treatment 

Hardness testing was performed to examine the effect of long term annealing on the mechanical 

properties of the alloy. Figure 6-2 shows the hardness (HV5) of the as-received pressure tube (AR-

PT) sample and the annealed sample. It was found that the hardness decreases slightly after long 

term annealing at 550 °C. The decrease in the hardness is expected to be mainly caused by the 

decomposition of the beta phase, which has been found to be a strengthening phase [17]. Figure 6-1 

(c) and (d) compares the grain size of the as-received sample and the annealed sample. The grain 

size distributions for these two samples are also given below the microstructure, respectively. The 

microstructures for these two samples are not uniform and the grain size of them varies from 

400nm to ~7 μm. There is no significant grain growth after 2500 h annealing at 550 °C.  

 

Figure 6-2 Hardness (HV5) as a function of the annealing time at 550 °C 

6.3.2 Irradiation at 80 °C 
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Figure 6-3 In-situ observation of the formation of <c> type dislocation loops irradiated at 80 

°C up to 10 dpa. All the images are taken under g = 0002 bright filed condition. 

Figure 6-3 shows a series of TEM images of the formation and evolution of the <c> component 

dislocations in a grain with <   ̅ > axis close to the normal of the thin foil. All the images are 

taken under g = 0002 bright field condition, under which <c> component dislocation loops are 

visible while <a> type dislocation loops are invisible. Three corners of the grain were monitored 

during the irradiation, which were marked as 1, 2 and 3, respectively. Zr(Mo, Nb)2 SPPs were 

observed near corners 1 and 2, while small surface hydrides were observed near corner 2 and 3. <c> 

component dislocation loop nuclei were not observed until 6.25 dpa at corners 2 and 3. At 10 dpa a 

scattering of small <c> component loops with basal habit plane are present at the area near the grain 
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boundary at corners 2 and 3. At the corner 1 where the surface hydrides are absent, only a scattering 

of possible <c> type loop nuclei (black dots indicated by arrows) were observed at 10 dpa. It seems 

that the nucleation of <c> type dislocation loops is affected to some extent by the surface hydrides 

or grain boundary but less affected by the SPPs.  

 

Figure 6-4 The distribution of the <c> component dislocation loops in different grains after 

irradiation 10 dpa at 80 °C. (a) The overview of 5 grains. The orientations of these grains are 

given by the inset hexagonal unit cells. (b)-(f) The distribution of <c> type dislocation loops in 

individual grains. The images are taken under g = 0002 bright field condition. The 

concentrations of alloying elements measure by quantitative Chemi-STEM-EDX in these 

grains are given in parentheses in order of Sn, Mo, Nb and Fe in wt.%.  

Figure 6-4 shows the ex-situ characterization of the irradiated sample after the in-situ observations. 

Five neighbouring grains are examined. The overview of these five grains is given in Figure 6-4 (a), 



 

  136 

 

and their orientations are given by the inset hexagonal unit cells. All these five grains have their 

<c> axes roughly perpendicular to the foil normal, but their <c> axes are oriented in different 

directions. Grain 1 has a high density of <c> type loops uniformly distributed over the grain (see 

Figure 6-4 (b)). The <c> component loops in grains 2-4 are distributed unevenly and localized at 

the areas near the grain boundary, where SPP exists (see Figure 6-4 (c-e)). Grain 5 has a low 

density of small <c> type dislocation loops randomly distributing over the grains.  It can be seen 

that there is a large grain-to-grain variation in the density and distribution of <c> type loops among 

these five grains.    

During the irradiation at 80 °C, the contrast of the SPPs at two beam bright field condition changes, 

from dark to clear contrast, which enable us to see details inside the SPPs. Based on this, we can 

infer that amorphization does not occur during the irradiation. This can be further confirmed in that 

there is no ring-pattern observed in the diffraction pattern taken after irradiation (see the inset in 

Figure 6-4). No significant change in the morphology of the SPPs was observed. Figure 6-5 shows 

the elemental maps before and after irradiation at 80 °C at the same location where the 

microstructure evolution during irradiation was monitored. A striking finding is that under ballistic 

mixing caused by the displacement cascades, no obvious elemental redistribution is observed. This 

can be clearly seen in Figure 6-6 which presents the elemental line scans around a SPP along two 

directions as indicated in Figure 6-5. Along both directions, there is no significant long range 

elemental redistribution, except after irradiation the fluctuation of the elements along the line scan 

becomes larger. Such fluctuations may reflect the small scale atomic displacement caused by 

displacement cascades. The absence of long range elemental redistribution can be further confirmed 

by measuring the chemical composition in a given SPP before and after irradiation as shown in 

Table 6-1. No obvious change was observed in the concentrations of Mo, Nb and Fe after 

irradiation. 
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Figure 6-5 The elemental maps before and after irradiation at 80 °C at the same location. 

 

Figure 6-6 Elemental line scans along two directions around the particle shown in Figure 6-5. 

The upper row is acquired before the irradiation and the lower row after irradiation.  
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Figure 6-7 In-situ observation of the formation of <c> type dislocation loops irradiated at 200 °C up to 10dpa. All the images are taken 

under g = 0002 bright filed condition. 
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6.3.3  Irradiation at 200 °C 

A higher density of <c> type loops were observed in the in-situ monitored grain at 200 °C than at 

80 °C. However, the nucleation and the distribution of the <c> type dislocations are again non-

homogeneous. Area 1 and 2 are separated by a group of SPPs circled in Figure 6-7. The threshold 

doses for the nucleation of <c> loop and the <c> loop number density at these two areas are quite 

different. Near some grain boundaries, a localized high density of <c> loops was observed. As 

happened in the 80 °C irradiated sample, grain-to-grain variation in the <c> loop structure was also 

observed in the 200 °C irradiated sample. 

The Zr(Mo, Nb)2 particles are quite stable under irradiation at 200 °C up to 10 dpa. No change was 

observed in the morphology after irradiation (see Figure 6-7 and 8). The SPPs likely remain fully 

crystalline as no ring-pattern was seen in the diffraction pattern. The in-situ elemental maps and 

elemental line scans are shown in Figure 6-8 and Figure 6-9. No elemental depletion was observed 

after irradiation, which again can be confirmed by measuring the chemical composition of the same 

particle and matrix area before and after irradiation (see Table 6-1).   

6.3.4 Irradiation at high temperature 

Irradiation at higher temperature raises the possibility that the sample is contaminated during 

irradiation. As we can see from Figure 6-10, the samples irradiated at 450 and 550 °C were heavily 

contaminated at high damage doses. The contamination is mainly caused by oxidation, which can 

occur even in the TEM chamber having a vacuum of ~10
-5

 Pa. <c> type dislocation loops were 

rarely observed at 450 °C and higher. 
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Table 6-1 The chemical composition (mass %) acquired by EDX in the same SPP and matrix 

area before and after irradiation. For Sn content in the SPP, if the back ground noise is 

higher than Sn-Kα1 peak, the quantitative result for Sn is unavailable.  

Tirr (°C) damage dose (dpa) Mo Nb Fe Sn 

80 

0 
P 32.6 26.7 2.0 0.5 

M - 0.2  0.1 3.8 

10 
p 32.3 26.7 2.1 - 

M - 0.3 < 0.1 4.0 

200 

0 
p 34.1 26.8 2.0 - 

M - 0.3 < 0.1 3.0 

10 
P 33.2 26 2.0 - 

M - 0.2 < 0.1 3.4 

450 

0 

P (large) 32.8 24.2 2.8 - 

P (small)* 10.9 9.0 1.0 2.4 

M† - 0.3 < 0.1 2.5 

10 

P (large) 29.0 23.6 2.8 - 

P (small) 7.3 6.8 0.1 2.8 

M† 0.12 0.3 0.16 2.4 

550 

0 

P (large) 19.3 15.6 2.29 1.5 

P (small) 10.2 7.2 0.7 1.66 

M† <0.1 0.2 <0.1 2.5 

10 

P (large) 17.9 14.3 1.5 1.2 

P (small) 9.5 7.3 0.5 0.9 

M† - 0.3 0.12 2.6 

*Note: The chemical composition measured for the small particles does not reflect the real 

composition because of the effects of the matrix. † The matrix around the particles where 

Fe is depleted.  
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Before                                            After  

Figure 6-8 The elemental maps before and after irradiation at 200 °C at the same location. 

Line scan 
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Figure 6-9 Elemental line scan around the particle as shown in Figure 6-8. The upper one is 

acquired before the irradiation and the lower one after irradiation. 

Figure 6-11 shows the elemental maps at the same area before and after irradiation at 450 °C. Based 

on the Nb and Mo maps, it can be inferred that the morphology of the particles did not change 

during irradiation. However, some small particles were fully depleted in Fe after irradiation. The 

quantified results are given in Table 6-1. For the large particle circled in the HAADF (high-angle 

annular dark-field) image in Figure 6-11, a noticeable depletion of Mo occurred, but not for Fe. The 

concentration of Fe significantly increased in the matrix around the particles where Fe was 

depleted. Under 550 °C irradiation, similar to the case under 450 °C, no obvious change in the 
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morphology of the particles was observed either (see Mo and Nb maps in Figure 6-12). However, 

depletion of Fe occurred in both relatively small particles and large particles (see Table 6-1 and Fe 

maps in Figure 6-12). There is an increase in the content of Fe in the matrix near the SPPs. The 

concentration of Mo and Nb in the SPPs also slightly dropped after irradiation. Figure 6-13 shows 

the quantitative Fe map for a SPP (shown in Figure 6-12) in the 550 °C sample before and after 

irradiation. The distribution of Fe has been significantly changed after irradiation. A Fe enriched 

circle can be seen in the periphery of the SPP after irradiation.  

 

Figure 6-10 In-situ observation of the formation of <c> type dislocation loops irradiated at 

450 and 550 °C up to 10 dpa. All the images are taken under g = 0002 bright field condition. 
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Figure 6-11 The elemental maps before and after irradiation at 450 °C at the same location. 

 

Figure 6-12 The elemental maps before and after irradiation at 550 °C at the same location. 
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Figure 6-13 Fe line scans in a large precipitate before and after irradiation at 550 °C. 

6.4 Discussion 

6.4.1 <c> type dislocation loops  

<c> component loops were only observed in significant numbers under irradiation at 80 and 200 

°C, but not at 450 °C and above. The formation of <c> component dislocation loops at low 

temperatures and high temperatures has been reported in non-equilibrium Zr-Excel alloys 

previously [15, 21]. The number density and the size of the <c> loops were strongly dependent on 

the irradiation temperature. It was found that loop line density increased with irradiation 

temperature, peaked at 300 °C and decreased with further increase of irradiation temperature. The 

negative temperature dependence of the loop line density at high temperatures was explained based 
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on vacancy thermal emission from the early nucleation of vacancy loops [15]. This is probably the 

same reason why there are no <c> loops under high temperature irradiation in this study.  

Under irradiation at lower temperature, the <c> type loops distribute non-homogeneously within a 

grain and the structure of <c> component loops varies grain to grain. The increased number of <c> 

type dislocation loops near the SPPs as happened in grains 2 – 4 in Figure 6-4 has also been 

observed in the Zircaloys after neutron irradiation at ~300 °C [22-26]. This was explained by 

increased level of Fe and Cr in the matrix close to the Zr(Cr, Fe)2 SPPs due to irradiation induced 

dissolution and amorphisation of the SPPs, accompanied by Fe and Cr depletion in the SPPs [3, 23, 

25, 27]. The effects of the concentration of Fe in the matrix were further confirmed by the direct 

comparison between the neutron irradiation induced defect structures in two different pure Zr 

containing different level of Fe and O [25] and comparison among Zircaloy-4 thin foil samples 

which had been implanted with different levels of Fe and irradiated by high voltage electrons [26]. 

More recently, an atom probe tomography study on a Zircaloy-2 fuel cladding material subjected to 

9 annual cycles of in-reactor exposure showed that Fe and Sn segregate to ring-shaped features 

which were assumed to be <c> type dislocation loops [28].  This was confirmed by a line scan in 

proton irradiated Zircaloy-2 sample that Fe (and, to a lesser extent, Ni) preferably sits on sites 

coincident with <c> loop positions [9]. This shows direct evidence for correlation between Fe and 

formation and the stability of the <c> type loops. However, in our study the increase in Fe content 

in the matrix close to the SPP cannot be applied to explain the increased number density of <c> 

type loops close to the SPP, because for one thing there is no increased amount of Fe detected in the 

matrix near the SPP (see Figure 6-4 (e)); and for another, there is no depletion of Fe in the SPPs, as 

shown in Table 6-1. Actually, as we can see from the concentrations of the alloying elements in the 

five grains in Figure 6-4, neither of these alloying elements seems to account for localized 

distribution and grain-to-grain variation of the <c> type dislocation loops, because there is no 

significant grain-to-grain variation in the concentration of Sn, Nb or Fe. Mo seems to be more 
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enriched in grain 5 and the area near the SPP in grain 4. However, due to that the Kα1 peak of Mo 

being very close to Kβ1 peak of Zr, and the fact there is a slight left shift of the Kβ1 peak in the 

experiment, the concentration of Mo in Zr matrix given directly by quantification of the EDX 

spectrum is not reliable when the content of Mo is too low to give a good Mo-Kβ1 peak. This is the 

reason the concentration of the Mo in α-Zr is not given in Table 6-1. In fact, the Mo-Kβ1 peak was 

not seen in the spectra of all the 5 grains. This means Mo is unlikely to be the controlling factor 

either. Hence, unless very low levels of alloying elements determine the formation of <c> type 

dislocation loops, some other factors must dominate in this case.    

Grain 3 in Figure 6-4 has some pre-existing <c> type dislocation lines. Some <c> loops are found 

near the <c> type screw dislocations, while <c> type edge line dislocations seem to have no 

significant effect on the formation of <c> component loops (see Figure 6-4 (d)). Such relationships 

of <c> loops with <c>-type screw dislocations has also been observed in neutron irradiated cold 

work Zircaloy-2 alloy [23]. Further, it was found that the grain-to-grain variation in the character 

(screw-edge populations) of <c> component dislocations may be responsible for the variation in the 

<c> loop structures. However, in our study these screw <c> dislocations do not seem to 

significantly increase the number density of the <c> loops compared with grain 1 where the pre-

existing <c> type screw dislocations are not observed.  

Internal stress is one possible reason to cause the observed grain-to-grain variation in our study. An 

in-situ tensile test on Zircaloy-4 alloy under heavy ion irradiation at 300 °C showed that applied 

stress has significant effects on the linear density of <c> loops [29]. That is, a tensile stress parallel 

to the <c> axis and compressive stress perpendicular to the <c> axis reduces the liner density of 

<c> loops [29]. The stress around an SPP may thus facilitate or supress the formation of <c> loops, 

dependent on the relationship between the <c> axis and the stress states. This to some extent may 

account for the fact that some SPPs facilitate the formation of <c> loops, while clearly not all <c> 

loops are dependent on the stress caused from the SPPs. Residual stresses are hard to anneal out in 
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Zr alloys due to the anisotropy in the coefficients of thermal expansion (CTE) along the <c> and 

<a> axes [30]. During the preparation of the sample with twin jet electropolishing, extra stresses 

may be produced as many bending contours are observed in the thin foil. This makes the effect of 

stress on <c> loops structures hard to quantify in our study. 

6.4.2 Elemental redistribution 

6.4.2.1 Fe depletion 

Irradiation induced Fe depletion in second phase particles and second phases (like β-Zr) has been 

extensively reported in Zr alloys under neutron and charged particle irradiation [3, 10, 27, 31-33]. It 

is a very important topic in Zr alloys under irradiation, since it plays an important role on the 

formation of dislocation loops. As mentioned before, Fe redistribution has been historically 

considered to facilitate the formation of <c> type loops, hence accelerating the occurrence of 

breakaway growth [24, 34]. However, a recent study on Zr-1.0 Sn- x Fe alloys showed that high 

overall Fe content in the alloys can be helpful for irradiation growth resistance [35]. Chemi-STEM 

mapping on 350 °C proton irradiated Zr-0.1Fe and Zircaloy-2 alloys showed that irradiation 

induced precipitation of rod-like Fe enriched precipitates was observed around the pre-existing Fe 

containing precipitates. These irradiation induced precipitates may act as annihilation sites for point 

defects, therefore decreasing the densities of both <a> type and <c> type loops [36].  

In this study, occurrence of redistribution of Fe is temperature dependent. Depletion of Fe in the 

Zr(Mo Nb)2 particles and an associated increase of Fe content in the surrounding matrix was 

observed under heavy ion irradiation at 450 °C and above, but not at 200 °C and below, see Table 

6-1. At lower temperature, significant diffusion is not able to take place even though the 

concentration of vacancy point defects is enhanced by irradiation. The absence of the depletion of 

Fe in the Zr(Mo Nb)2 SPPs at lower temperatures shows clear evidence that the element 

redistribution caused by ballistic mixing effect from displacement cascades is not significant in this 
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case. Iron is expected to be a substitutional atom in Zr(Mo, Nb)2 as it is in Zr(Cr, Fe)2 SPPs found in 

Zircaloys. Thermal treatment alone cannot cause the selective depletion of Fe in these particles or 

in the β-Zr phase [31]. The in-situ observation of the depletion of Fe from the SPPs at higher 

temperatures confirms the earlier mechanism proposed for the selective depletion of Fe from Zr(Cr, 

Fe)2 particles under neutron irradiation at intermediate temperatures (250 – 320 °C), i.e., that Fe 

was displaced into the interstitial state by irradiation and then diffuses quickly in its interstitial 

nature, outward from the particles [3, 33]. The driving force for interstitial Fe to flow into the 

matrix instead of recombining with the vacancies and staying in the SPPs is presumably that 

interstitial Fe as a solute atom has lower energy of formation in the matrix than it does in the 

particles [3]. This is reasonable because there is an excess concentration of irradiation induced 

vacancies, and interstitial Fe atoms can form strong bonds with vacancies to form Fe/vacancy pairs 

[33, 37]. This can account for the increased concentration of Fe observed in the matrix after 

irradiation at high temperature. Fe and Cr depletion was not observed in Zr(Cr, Fe)2  after neutron 

irradiation at high temperatures (370 – 440 °C) [3]. This was explained by increased thermally 

driven recombination and decreased number of surviving interstitials limiting diffusion from within 

the SPPs at high temperatures [3, 38]. In this study, we found that Fe was to a lesser extent depleted 

from the Zr(Mo, Nb)2 SPPs at 550 °C than at 450 °C. Also, at higher temperature, the interstitial Fe 

atoms diffusing outward from the SPPs into the surrounding matrix may recombine with vacancies 

to form substitutional Fe atoms in the matrix [39]. Some of these substitutional Fe atoms may flow 

back into SPPs since the chemical potential of substitutional Fe is lower in the SPPs. This can 

perhaps account for the formation of the Fe enriched circle structure shown in Figure 6-12 and 

Figure 6-13. The depletion of Fe in the Zr(Mo, Nb)2 SPPs in this study was also found to be 

dependent on the size of the particle, especially when irradiated at 450 °C (see Figure 6-11 and 

Table 6-1).       

6.4.2.2 Mo and Nb redistribution  
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Depletion of Nb has been reported in β-Nb particles in Nb containing alloys under neutron 

irradiation at 330-340 °C due to Fe enhanced diffusion [2]. However, enrichment of Nb can occur 

in β-Zr due to due to irradiation enhanced decomposition [31] and in Zr (Nb, Fe)2 due to the 

selective depletion of Fe [2, 10]. There is no observed depletion or enrichment of Nb in a (Zr, 

Nb)2Fe after neutron irradiation. Depletion of both Mo and Nb was observed in Zr(Mo, Nb)2 SPPs 

in this study under ion irradiation at 450°C and above. Due to the lack of depletion of Mo and Nb at 

lower temperatures, ballistic mixing caused by displacement cascade is concluded to take a weak 

role in the long range redistribution of Nb and Fe. Irradiation or Fe enhanced diffusion can account 

for the depletion of Mo and Nb in this study.  

6.4.3 Stability of SPPs 

The stability of SPPs in Zr alloy under irradiation has been intensively studied because it critical in 

understanding resistance to irradiation growth. Griffiths claimed that neutron irradiation induced 

the dissolution of Zr(Cr, Fe)2 and Zr2(Ni, Fe) SPPs in Zircaloys at temperatures between 75 to 440 

°C as a result of sputtering at lower temperature and high temperature or Fe preferential depletion 

from the precipitates at intermediate temperature [3]. The Fe depletion zone in Zr(Cr, Fe)2 is 

coincidental with an amorphisation zone [3]. A recent statistical study with TEM showed that the 

Zr2(Ni, Fe) SPPs dissolved at a higher rate than Zr(Cr, Fe)2 SPPs, by the mechanism of irradiation 

induced Zr self-interstitial diffusion under neutron irradiation [9].  

In Nb containing Zr alloys, different types of precipitates, commonly bcc β-Zr/β-Nb, hcp Lavas 

Zr(Nb, Fe)2 and fcc (Zr, Nb)2Fe can form, dependent on the relative content of Nb and Fe [2, 8, 40]. 

The metastable β-Zr is subjected to irradiation stimulated decomposition into β-Nb [31, 32]. The β-

Nb precipitate keeps its bcc structure even when Nb is depleted from the precipitate [2]. However, 

there is no evidence showing if irradiation induced dissolution of the β-Nb precipitate occurs. The 

hcp Lavas Zr(Nb, Fe)2 precipitates transformed into bcc β-Nb due to the loss of Fe [2, 8, 10, 40]. 
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However, fcc (Zr, Nb)2Fe retained its structure and composition after irradiation, even though it 

contains Fe which is selectively depleted from many types of precipitates.  

Our study first presented the effects of cascade dominated irradiation on the morphology and 

composition of ZrMo2 type precipitates, as characterized by in-situ Chemi-STEM. No noticeable 

change in the morphology and chemical composition of the Zr(Mo, Nb)2 SPPs was observed after 

irradiation at 200 °C and below in this study, suggesting that displacement cascades did not cause 

sputtering dissolution of the SPPs. At higher temperatures, Fe, and to a lesser extent Nb and Mo, 

were depleted from some precipitates. However, it is reasonable to expect that loss of a small 

amount of Fe in Zr(Mo, Nb)2 did not have significant effect on the precipitates because Fe in 

Zr(Mo, Nb)2 is not as critical to the precipitate structure as it is in Zr(Fe, Cr)2 and Zr(Nb, Fe)2. The 

effect of the slight depletion of Nb and Mo on the crystal structure is not clear, since the surface 

contamination or irradiation induced defects (if there are any) made it hard to see the diffraction 

spots from the small SPPs in TEM. Nevertheless, it is clear that there is no visible dissolution of the 

particles under irradiation at low or high temperature. In addition there is no irradiation induced re-

precipitation at all the temperatures. Our results presented here are different from the in-situ 

observations made by Idrees et al. [15] in TEM bright field condition on non-equilibrium Excel 

alloy, where visible dissolution of the SPPs and irradiation induced re-precipitation took place.  

There is no clear evidence showing that amorphization of the SPPs occurred during heavy ion 

irradiation. A recent heavy ion study on Mo2Zr phase shows that at 200 °C it undergoes a radiation-

induced structural change, from a large cubic (MgCu2 type, cF24) to a small cubic (bcc type, cI2), 

along with an estimated 11.2% volume contraction, without changing its composition [41]. This 

may also occur in this study, but the small size of the SPPs made it hard to characterize such 

changes.   
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Conclusion  

In this study, heavy ion irradiation coupled with in-situ TEM bright field observation and pseudo 

in-situ Chemi-STEM elemental mapping was employed to study the stability of the Zr(Mo, Nb)2 

phase under irradiation at temperatures ranging from 80 °C to 550 °C. The conclusions can be 

drawn as following: 

1) The formation of <c> type dislocation loops was observed under irradiation at 80 and 200 °C, 

but not at 450°C and higher. The <c> loops were non-uniformly distributed. Localized high 

densities of <c> type dislocation loops are observed near second phase particles, possibly as a result 

of the stress induced by the particles, since there is no observed elemental redistribution at lower 

temperature. 

2) There is no long range elemental redistribution at 200 °C and below. Short range redistribution 

of alloying element in the SPPs cannot be ruled out.  

3) Selective depletion of Fe was observed from some precipitates under irradiation at higher 

temperature, presumably due to the fast diffusion of Fe interstitials. The depletion of Nb and Mo 

from the SPPs may be attributed to irradiation or Fe enhanced diffusion.  

4) No change in the morphology of particles nor evidence showing a crystalline to amorphous 

transformation were observed at any of the irradiation temperatures. 
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Chapter 7  

In-situ neutron diffraction study of lattice strain evolution in a Zr-Sn-Nb-

Mo alloy during tensile deformation  

Abstract  

In-situ tensile tests have been carried out on a textured dual phase (α+β) Zr-Sn-Nb-Mo alloy rolled 

plate material at different temperatures ranging from room temperature to 400 °C. At each 

temperature, samples were pulled along different directions relative to the plate. Time of flight 

(TOF) neutron diffraction was conducted during all of the tensile tests to investigate the 

development of the interphase and intergranular lattice strain caused by elastic and plastic 

deformation along the loading axis and Poisson direction (sample transverse) for both phases. Static 

strain aging occurred after the strain hold for neutron diffraction data collection, and is strongly 

dependent on test temperature and deformation strain. Texture change and lattice strain relaxation 

of the {0002} grain family indicate that twinning occurs in samples deformed in tension along the 

original plate transverse direction (TD) at all the test temperatures. The average localized stress 

required for nucleation of twinning is evaluated according to the accumulated lattice strain. The α 

phase is plastically softer than the β phase at all temperatures, and load is transferred to the β phase 

after yielding of the α phase. Applied stress / strain assisted decomposition of the isothermal ω 

particles accounts for the sharp lattice strain relaxation in the β-{110} grain family during 400 °C 

deformation. Elastic and plastic deformation anisotropy was analyzed based on the lattice strain 

curves. It was inferred that basal <a> slip is significantly enhanced in this alloy due to the high Sn 

content, especially at elevated temperature and in grains whose orientation does not favour 

prismatic slip. However, pyramidal <c+a> slip is found to be more favoured at room temperature 

than elevated temperature under uniaxial tensile deformation.   

Key words: TOF neutron diffraction; phase transformation; dislocation slip; twinning; Zr alloy. 
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7.1 Introduction  

Zr-Excel alloy is a Zr-Sn-Nb-Mo dual phase (α-Zr + β-Zr) alloy. The potential for use in the next 

generation nuclear reactor (CANDU Supercritical Water Reactor) as pressure tube candidate 

material has driven recent studies of this material including thermodynamics [1-3], mechanical 

properties [4], and irradiation induced damage [5, 6]. However, relatively little effort has been 

made to understand the deformation mechanisms of this dual phase structural material. 

Deformation of dual phase alloys with hcp matrix and bcc minor phase, such as Zr-2.5Nb and Ti-

6Al-4V has been an important research topic due to their complexity and important applications [7-

14]. The complexity of the deformation of such dual phase alloys arises due to the plastic 

anisotropy of the α phase and the interaction between the two phases. Traditionally, the deformation 

anisotropy of hcp metals was studied on specimens with different initial textures and by post-

deformation characterizations with EBSD [15, 16] and/or TEM [15]. More recently, in-situ tensile 

tests in SEM were carried out to understand the effect of crystallographic orientation on the 

deformation mechanism of individual grains [14, 17]. However, these methods do not elucidate the 

stress distribution amongst grains of different orientations. It is thus hard to accurately relate local 

stress to the deformation mechanisms observed. Efforts have been made to understand the 

interaction of two ductile phases in duplex structures by post deformation characterization [18, 19]. 

However, mechanisms proposed based on post deformation characterization are often inconsistent 

with direct observation by in-situ TOF neutron diffraction [20-22]. Compared with traditional post-

deformation characterization and in-situ deformation in the SEM, in-situ TOF neutron diffraction 

has obvious advantages. It is possible to track the change of d-spacing and intensity of different 

crystallographic planes during deformation. With this information, the elastic response, micro-

yielding, average internal stress and strain of each individual grain family (GF; a set of grains 

having a particular crystallographic plane normal aligned in the same direction in the sample) can 

be inferred. In addition, texture evolution and phase transformation can also be determined. With 



 

  160 

 

these advantages, TOF neutron diffraction (or similarly synchrotron X-ray) has been widely used to 

in-situ study the deformation behavior of single phase and dual phase hcp or other dual phase 

metals [12, 23-29]. These studies advanced our understanding of the mechanisms and nature of the 

deformation behaviours of various metals, such as the effect of neutron irradiation induced damages 

on the different slip systems in Zr-2.5Nb alloy [24], a better understanding of the deformation of 

cementite and load partitioning in cementite contained steels [26], the effect of temperature on the 

deformation mechanisms [29, 30] and the modeling of the initiation of twinning and de-twinning in 

Mg alloys [27, 28, 31-33]. The primary drawback is that the strains obtained are averages over all 

the grains in the measurement volume that have a particular crystallographic orientation, i.e. 

individual grains and the effect of local neighbourhood is not directly probed. In addition, only 

elastic strains are directly measured and plastic strains must be indirectly inferred. 

Static strain aging (SSA) which refers to an increase in yield stress after holding at a certain strain 

for a while, has been reported widely in Zr alloys at a range of temperatures, dependent on 

interstitial impurity elements. At temperatures ranging from 200 °C to 500 °C, oxygen has been 

proven to play an important role in strain aging of nominally binary Zr-O alloys and other Zr alloys 

[34, 35]. This was attributed to the interactions of interstitial oxygen or Snoek ordering of 

interstitial-substitutional pairs or complexes with the stress field of horizontal arrays of glide 

dislocations. Hydrogen was also thought to contribute to strain aging at lower temperatures near 80 

°C. In addition, the SSA was also affected by previous plastic deformation [36, 37]. However, a 

systematic study on the effects of plastic strain and temperature on the SSA in Zr-Excel alloy has 

not been done. In-situ neutron tensile tests at different temperatures can provide a unique chance to 

study these effects.     

Sn induces significant solid solution strengthening in α-Zr [38]; Zr-Excel alloy has a high content 

of Sn. A previous study showed that Sn can slightly change the c/a ratio [39]. Also in-situ neutron 

tensile tests on Zr-xSn (0.15% < x < 1.2%) binary alloys showed that the effects of Sn on the 
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critical resolved shear stresses (CRSSs) is different for different deformation modes [40]. However, 

the deformation mechanisms in such high Sn content alloy are still not well studied. In this paper, 

in-situ TOF neutron diffraction is performed on Zr-Excel specimens under uniaxial tension at three 

different temperatures, while the lattice strains of individual GFs are monitored. The macroscopic 

mechanical behaviour is compared and related to that of the individual GFs. Based on the analysis 

of the yielding sequence of the individual GFs, some new understanding and findings on the effects 

of temperature, grain orientations and also alloying elements on activation of deformation 

mechanisms on such a ‘new’ alloy (actually, old alloy but little studied) are obtained and discussed 

in this study.  

7.2 Material and Experimental procedure 

Zr-Excel alloy plate with a 14mm thickness manufactured by warm rolling was used in this study. 

The nominal composition of Zr-Excel is 3.5wt% Sn, 0.8wt% Nb, 0.8wt% Mo, 1100 wppm O, 1000 

wppm Fe and ~20wppm H. The grain sizes are 1-10 μm in diameter. Two groups of cylindrical 

tensile samples with dimension of 6.36 mm in diameter and 43mm in gauge length were machined 

with axial direction along the parent plate’s transverse direction (named TD sample) and rolling 

direction (named RD sample), respectively. Screw threads were machined at the ends of the 

samples to allow them to fit into the loading rig on the neutron diffractometer. 

In situ tension tests were performed on the SMARTS TOF diffractometer at Los Alamos Neutron 

Science Center (LANSCE), Los Alamos National Laboratory [41]. LANSCE is a pulsed neutron 

source, which produces a polychromatic neutron beam containing a continuous spectrum of 

wavelengths generated through spallation reactions in a tungsten target moderated by water at 10 

°C. The wavelengths of neutrons correspond to neutron velocities which can be determined based 

on the time of neutron flight to detector. The detailed information of the SMARTS diffraction beam 

line can be found in [41, 42]. In short, the pulsed beam is collimated to impinge on a specimen, and 

is then diffracted towards two banks of detectors which are ±90° toward the incident beam. That is, 
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the diffraction 2θ angle is centered at ±90°. In terms of Bragg’s law, the diffraction angle θ is fixed 

as 45° while the wavelength λ varies. TOF diffraction has a great advantage over diffraction with 

constant wavelength beam source, in that it can produce a wide-ranging diffraction pattern (with 

more than 50 peaks for Zr Excel alloy) simultaneously without the need of changing 2θ. Further, 

the scattering vectors for all the diffraction peaks recorded in a given detector lie in the same 

direction in the sample and thus can be used to determine the elastic strain in that same direction.  

The loading direction (LD) of the tensile sample is set at 45° to the incident neutron beam direction, 

as shown in Figure 7-1. The scattering vectors (Q1 and Q2) for the two detector banks at SMARTS 

(bank1 and bank2), see Figure 7-1, are aligned with the Poisson direction (PD) and loading 

direction (LD), respectively, and thus provides the ability to measure elastic lattice strains along 

these directions.    

 

Figure 7-1 The setting up of tensile sample on SMARTS neutron diffractometer. The loading 

axis of the tensile sample is 45° to the incident neutron beam. The two diffraction beams going 

to detector bank1 and bank2 are perpendicular to the incident beam. The diffraction vector 

of diffraction detected by bank 1 is Q1which is perpendicular to loading axis and parallel to 

the Poisson direction. The diffraction vector of bank 2 (Q2) is parallel to loading axis.  
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In-situ tension tests were performed on both RD and TD samples to about 10% strain at three 

different temperatures: 20 °C, 200 °C and 400 °C. In order to avoid oxidation during the tests at 

200 °C and 400 °C, heating was carried out in a vacuum furnace. For all six tensile samples, the 

diffraction vector Q1 was parallel to the normal direction (ND) of the parent plates. The in-situ 

tensile tests were not carried out at a constant strain rate, because it was necessary to hold the 

sample at a given strain for a short time (approximately 17 min in this study) to acquire enough 

scattered neutron intensity for good statistics in the diffraction pattern. Initially a nominal stress of 

15 MPa was applied to ensure the sample did not move in the grips. In the elastic deformation 

regime, tensile tests were performed under stress control. Motion of the crosshead stopped after 

each increment of 40 MPa in applied stress. Beyond the linear deformation stage, the in-situ tension 

tests were controlled by strain increment using a high resolution extensometer with a gauge length 

of 25 mm directly attached to the sample. Near the yield point, the strain increment step was set as 

low as 0.03%, and then the step size increased with nominal strain, to 0.05%, 0.1%, 0.2% and as 

high as 1.0% at strains after 3.5%. The macroscopic stress and strain were recorded every 2 

seconds. Figure 7-2 plots the applied stress and strain as a function of test time. No creep occurred 

in the elastic deformation stage under stress control, however, the stress relaxed in the plastic 

region during the strain holds for the neutron diffraction measurement. The relaxation of the stress 

increases with increasing plastic strain, and the relaxation rate decreases rapidly with holding time. 

Neutron diffraction measurement was carried out by one run for 17 min in elastic deformation 

regime and 2 runs in the plastic regime; namely, a 3 min short run where rapid stress relaxation 

took place and 17 min for the second run where near steady state was achieved. The diffraction 

patterns reported here thus represent the time average during this latter hold. 
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–  

Figure 7-2 Stress and strain during in-situ tension test with neutron diffraction 

As mentioned before, TOF neutron diffraction analysis, like other diffraction techniques, is based 

on Bragg’s law, 

               (7-1) 

where      is the d-spacing of {h k l} reflection planes, the angle between the incident beam and 

the {h k l} reflection plane is 45  ,   is the wavelength of a neutron, and n is an integer. The lattice 

strain of a {h k l} GF then can be calculated from the shift of {h k l} peak position [43]: 

     
     

    
 

     

    
 

     

    
 (7-2) 

where     ,      and      are d-spacing of {h k l} planes, wavelength and flight time of neutron 

diffracted by the {h k l} plane in the reference sample, respectively. It should be noted that what we 

term the ‘lattice strain’ is the average normal elastic strain (not including shear strains) over all the 

grains of the {h k l} family appropriately oriented within the diffraction volume.  
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Figure 7-3 Time of flight neutron diffraction spectrum after refinement with GSAS software 

 

Figure 7-4 {    ̅ } diffraction peak and refined profile (green profile) fitted with 

SMARTSSPF. 

Accurate strain calculation requires the precise position of each peak. General Structure Analysis 

System (GSAS) [44, 45] software and SMARTSware [46] were used for batch data processing. 

Peak finding for all the diffraction spectra of an individual test could be batch processed using the 
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SMARTSRUNREP code which can execute functions in GSAS software to fit the whole diffraction 

pattern with a Rietveld refinement [47]. The green line in Figure 7-3 is a spectrum fitted by 

Rietveld refinement. The peak position for each reflection is marked below, and the difference 

between the fitted spectrum and experimental spectrum is given by the purple curve. Rietveld 

refinement could be used to determine the crystal structure, overall lattice parameters, texture and 

phase fractions. However, with increasing load and strain, due to elastic and plastic anisotropy, the 

strain varies amongst different GFs, which leads to complexities in interpreting the Rietveld strains 

obtained [48]. Therefore the individual peak position was determined via single peak fitting with 

SMARTSSPF code. An example of the fitted result for a single peak is shown in Figure 7-4. The 

elastic lattice strain reported for each GF in this paper was calculated by single peak fitting. The 

evolution of the texture during the deformation test can also be monitored by neutron diffraction. 

Inverse pole figures were plotted with SMARTSINVPOL program which can execute the GSAS 

software. 

7.3  Experimental results 

7.3.1 Macroscopic behaviour  

The stress-strain curves of the in-situ tensile tests at all test temperatures are shown in Figure 7-5. 

The Young’s moduli of all the samples determined from the extensometer data are tabulated in 

Table 7-1. No significant difference is observed in the Young’s modulus between the RD and TD 

samples at a given temperature. An increase in test temperature results in a decrease of elastic 

modulus. The 0.2% yield stress (YS or       ) and ultimate tensile strength (UTS) of all the 

samples are derived from the stress-strain curves and plotted as a function of temperature in Figure 

7-6 (a). As expected both YS and UTS of RD and TD samples decrease as the test temperature 

increases. A linear relationship can be drawn between the logarithm of the YS and UTS and 1/T as 

shown in Figure 7-6 (b). The plastic anisotropy of the plate is very significant. At all three 
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temperatures, the TD samples yield at higher stress than RD samples, because there are more grains 

aligned with their c-axis parallel to the loading direction (named basal grains in the following) in 

the TD samples as seen in Figure 7-8 (a) and (b). This is a plastically harder orientation compared 

to grains aligned with the {10 ̅ } lattice plane normal parallel to the LD (prismatic grains) for Zr 

and its alloys (and indeed the majority of HCP metals). However, as temperature increases, the YS 

of the TD sample drops much faster than the YS of the RD sample. The UTS of the RD sample is 

higher than that of the TD sample at all the temperatures, which indicates the RD samples have 

greater hardening (here defined as the difference between the UTS and YS) than the TD samples. 

The RD samples pulled at room temperature experienced a hardening of 175 MPa. In contrast, the 

TD sample only has a hardening increase of 39 MPa at room temperature. It should be noted that as 

temperature increases the hardening capacity increases in the TD sample but decreases in the RD 

sample. As a result, the hardening of the TD sample is close to that of the RD sample at 400 °C.  

 Table 7-1 Young’s Moduli of all the tested samples 

Sample 
20 °C 200 °C 400 °C 

RD TD RD TD RD TD 

Young’s Modulus 

(GPa) 
106.6 103.6 77.2 80.5 70.6 71.4 

 

Table 7-2 Experimental strain ratio defined by          for RD samples and          for TD 

samples. 

sample 

400 °C 200 °C 20 °C 

RD 
TD 

RD 
TD 

RD 
uniform neck uniform neck 

Lankford 

coefficient 
1.3 1.4 1.9 1.2 2.0 1.5 1.3 
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Figure 7-5 Stress-strain curves for all the samples during in-situ tensile tests at room 

temperature, 200 and 400 °C. 

  

(a) (b) 

Figure 7-6 (a) YS and UTS of the RD and TD samples plotted as a function of temperature 

and (b) the logarithm of YS and UTS as a function of the reciprocal of temperature.  
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Figure 7-7 Comparison between the in-situ tensile stress strain curves for 400 °C and 200 °C 

RD samples with magnified region of interest.  

 

Figure 7-8 The inverse pole figure evolution of the RD and TD samples  in the loading 

direction at 400 °C, before tension (a, b),  RD and TD samples after tension to 9.5% strain (c, 

d).   
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The low work hardening capacity or fast drop of hardening rate with strain makes necking initiate 

in the TD samples at a very low strain. From the stress-strain curves, the UTS of the TD samples 

are reached at a strain between 3%- 5% depending on the test temperature, which marks the 

initiation of necking or deformation localization. An unusual phenomenon can be seen in the TD 

sample pulled at 200 °C, which fractured at a strain of only ~5.5%, while at room temperature and 

400 °C the strain to failure was greater than 10% (the maximum strain achieved during the tests). 

At 200 °C severe localized deformation occurred at the necking area; the percentage of area 

reduction is about 74%. The fracture surface has typical ductile fracture features like shear 

structures in the outer layer and irregular fibrous surface in the center interior region. This is not an 

isolated case; multiple repeated tests (not reported here) have shown reduced ductility at 200 °C 

compared to both 400 °C and ambient temperatures; the reduced ductility in this intermediate 

temperature range will require future investigation.  

The elastic-plastic transition is gradual in the samples deformed at 400 °C. At room temperature, 

the RD sample and TD sample show significant differences in their elastic-plastic transition 

behavior. The RD sample, as for high temperature deformation, exhibits a gradual transition, but 

the TD sample shows an abrupt transition. The RD sample tested at 200 °C shows an obvious yield 

plateau.  

It is also interesting that static strain aging (SSA) also contributes to the hardening of all the 

samples. At 400 °C, SSA occurred only at very low strains (less than 3%) in both the TD and RD 

samples, and disappeared at higher strains, as shown in Figure 7-7. In contrast, SSA occurred only 

at a strain greater than 2% in the room temperature deformed samples. However, when stretched at 

200 °C, SSA occurred after all the plastic strain holds, as shown in Figure 7-7. A yield drop is 

typically associated with SSA; for each individual loading step, the stress dropped after yield if 

SSA occurred, as demonstrated in Figure 7-5 and Figure 7-7.  
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The plastic deformation along the PD also exhibits significant anisotropy; this causes the cross 

section of the sample to change from circle to ellipse. Table 7-2 shows the experimental Lankford 

coefficients defined by          for the RD samples and          for the TD samples. It was 

consistently found that the strain along ND is the lowest, i.e., that ND is the plastically hardest 

direction, due to having the highest fraction of basal oriented grains.  

7.3.2 Lattice rotation during in-situ test 

Figure 7-8 demonstrates the lattice rotation during the tension test at 400 °C. The RD sample, 

where grains are preferentially oriented with <10 ̅0> directions parallel or close to the LD did not 

experience significant lattice rotation. However, the density near the <10 ̅0> pole in the inverse 

pole figure increases gradually during tension deformation, reaching 8.53 multiples of random 

distribution (mrd) at 9.5% strain compared to 7.65 mrd at the start of the test, which indicates that 

grains are slightly reoriented with the <10  ̅0> crystallographic direction rotated closer to the 

loading axis. Such small gradual lattice rotation is a typical feature of dislocation slip deformation, 

which implies that dislocation slip is the dominant deformation mechanism in the RD sample at 400 

°C. In sharp contrast, the TD sample exhibits a large lattice rotation at 400 °C. The density of 

<0002> pole parallel to the LD decreased significantly, associated with an increase in the density 

near the <10 ̅0> pole. That is, during uniaxial tensile deformation, grains with <0002> parallel or 

close to the LD are reoriented to an orientation with <10 ̅0> parallel or close to the LD, which 

means a rotation about 90° around the <11 ̅0> direction. A large rotation with a specific angle is a 

typical feature of twinning; {10 ̅2} twinning causes a lattice rotation of 85.22° around <11 ̅0> that 

is a commonly observed in Zr alloys when the <c> axis experiences tension. Therefore it can be 

inferred that {10 ̅2} tensile twinning significantly contributes to the plastic deformation of the TD 

sample. Figure 7-9 shows the evolution of the intensity of {0002} and {10 ̅0} GF peaks as a 

function of engineering strain for the TD samples during the tensile tests, indicating that twinning 

only occurred above a certain strain.  
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Figure 7-9 The normalized peak intensity from detector bank 2 plotted against  engineering 

strain for TD samples 

The tension tests of the RD and TD samples at 200 °C and room temperature show similar lattice 

rotations as observed at 400 °C test. The stress level above which twinning occurs increases as the 

test temperature decreases, as illustrated in Figure 7-9. The effects of temperature on twinning will 

be further discussed later.  

7.3.3  Elastic lattice strain evolution 

In this paper, 8 GFs from the α phase and 3 GFs from the β phase are investigated. In the 

decreasing order of d spacing, these GFs, described by the lattice planes that have their normal in a 

specific direction in the sample, are {10 ̅0}, {0002}, {110}, {10 ̅1}, {10 ̅2}, {200}, {11 ̅0}, 

{211}, {10 ̅3}, {11 ̅2} and {20 ̅1}, where four index notation represents crystallographic planes 

of the α phase and three index notation the β phase. However, since the original material is 
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textured, only diffraction peaks which are strong enough for reliable peak position will be 

considered in each specific sample. The error bars for the calculated lattice strain caused by the 

uncertainty of the peak are typically less than 2% in the plastic region and are not plotted in 

consideration of clarity. The description of the lattice evolution follows the flow from high 

temperature to room temperature and RD to TD sample.  

7.3.3.1 Tension along RD at 400 °C 

In-situ elastic lattice strains of individual GFs along the LD and PD (or ND) in the RD sample 

during the 400 °C tension test are plotted in the form of stress-strain curves in Figure 7-10 (a) and 

(c). Due to the effect of texture, only six GFs are presented along the LD. In the elastic region, the 

diffraction lattice strain of each GFs accumulated linearly with increasing applied stress. The 

diffraction lattice elastic stiffnesses (DLESs) of individual GFs calculated with least squares fitting 

are summerized in Table 7-3. Most of the DLESs are slightly higher than the measured 

macroscopic elastic modulus. The linear strain region of GFs of the α phase varies from 0.27% to 

0.34%, which is responsible for the gradual elastic-plastic transition in the macroscopic stress-strain 

curve. The β phase is more elastically rigid than α grains in the RD sample. The diffractioin elastic 

lattice stiffness of the β-{110} GF is about 83GPa, 6 GPa higher than the α phase.  

The negative departure from linearity of a GF (i.e. to a lower strain than it would have if it 

continued along the elastic response) in or beyond the macroscopic elastic region is defined as 

micro-yielding or yielding of a GF in this paper. Correspondingly, if some GFs exhibit ‘yield’ 

others must take up additional stress. The {1  ̅ } GF departs first from linearity at an applied 

stress of 224 MPa which is much lower than the macroscopic yield stress. The micro-yielding is 

likely responsible for the small amount of stress relaxation at 224 MPa in time-strain curve, as 

shown in Figure 7-1. Above 278 MPa, the {1  ̅ } GF starts to relax and experiences the largest 

lattice strain relaxation in the subsequent deformation. The other α phase GFs micro-yield/yield in 
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an order of     ̅     {   ̅ }, {   ̅ } and     ̅   (see Table 7-4 for more details).  That is, the 

{1  ̅ } GF is the hardest set of grains for plastic deformation among the investigated α phase GFs, 

there being no {0002} type GF in this plate orientation. In addition, the {1  ̅ } GF experiences the 

least strain relaxation in the subsequent plastic deformation.  

 

 

Figure 7-10 Lattice strain development of individual grain families in the RD sample during 

tension test at 400°C, (a, b) along the RD and (c) along the ND.   
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The lattice strain curve of the β phase {110} GF deflects positively from linearity at 257 MPa and 

experiences rapid linear accumulation of elastic lattice strain with stress until 317 MPa. This 

implies that after plastic deformation occurs in the α phase, load is partitioned to the β phase. 

Above 317 MPa, the slope of the lattice strain curve of the {110} GF increases with applied stress, 

which signifies the occurence of plastic deformation and work hardening in the β phase. If we 

assume the elastic constant does not change since the texture changes are small, the phase stress 

where the β phase starts to yield would be evaluated as 528 MPa (based on a simple uniaxial 

calculation, ignoring Poisson constraints). The main deformation mode has been thought as 

½<1 ̅1> dislocations gliding on {110} {112} and/or {132} planes [49]. Above 356 MPa which 

corresponds to a macroscopic strain of ~2%,the lattice strain curve of the {110} GF ‘kicks back’ 

and experiences large stress relaxation continuously with increasing applied stress. After that, load 

is transferred back to the α phase, and the α phase starts to accumulate more elastic strain.   

Along the original plate ND, or Poisson Direction (PD), a totally different strain pattern developed. 

Deformation along PDs has no overall constraint condition, so the radial surface can move freely. 

Interpreting grain responses in the PD is very complex, as has been discussed elsewhere [50]. In 

both elastic and plastic deformation regions, significant deformation anisotropy was exhibited. The 

{   ̅ } GF is the plastically softest GF and experiences largest lattice relaxation. While, the 

{0002} GF is the plastically hardest amongst the α phase GFs and accumulates compressive lattice 

strain. In other words, plastic deformation along the ND does not readily occur in the grains with 

the <c> axis parallel to ND. With the surrounding grains undergoing plastic deformation, the 

{0002} GF is exposed to a compressive stress exerted by the surrounding grains due to strain 

compatibility. The {0002} GF in the PD corresponds to GFs like the {   ̅ } and     ̅   in the LD 

which experience the least strain relaxation. In contrast to the LD, the β phase appears elastically 

more compliant than the α phase in the PD. However, no deviations from linearity occur in the 

{211} and {200} GFs until 365 MPa where a ‘kick back’ occurs in the {110} GF along the LD. 



 

  176 

 

7.3.3.2  Tension along TD at 400 °C 

Lattice strains of individual GFs in the TD sample pulled at 400 °C along the LD and PD (again 

ND) are presented in Figure 7-11 (a)-(c). The DLESs of the eight α phase GFs in the LD are fitted 

with a least-squares method, with the region below 50 MPa ignored, and summarized in Table 7-3. 

Significant elastic anisotropy is observed between <a> and <c> directions. The DLES of the 

{0002} GF is about 15 GPa higher than those of the {10 ̅0} and     ̅   GFs. For other GFs, the 

closer the grain is aligned to {0002} GF, the higher the DLESs.  

Along the LD, the yielding sequence of the α phase GFs is {   ̅ }, {   ̅ }, {   ̅ }, {   ̅ }, 

{   ̅ }, {   ̅ }, {   ̅ }, and {0002}, and the applied stresses at which these GFs yield are 

summarized in Table 7-4. The α phase {0002} and β phase {110} are the plastically hardest GFs. 

The applied load is transferred to them after macroscopic yielding, thus causing them to deviate 

positively from linearity and accumulate positive lattice strain.  The average stresses in the {0002} 

and {110} GFs at their yielding points are approximately assessed as 424 and 484 MPa (based on 

lattice strain multiplied by lattice stiffness), respectively. The {0002} GF yields at an applied stress 

of 370 MPa (corresponding to 1.63% macroscopic strain), but a significant change in intensities of 

the {0002} and {   ̅ } peaks is only observed above 383 MPa (corresponding to 2% macroscopic 

strain). This means that that pyramidal <c+a> slip may play a significant role in the yielding of the 

{0002} GF. However, it is not possible to rule out the nucleation of twinning at 370 MPa. As in the 

case of the RD sample, a large strain relaxation occurs in the {110} GF above 398 MPa, while 

lattice strain is accumulated in all the other GFs.   
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Table 7-3 The measured diffraction lattice elastic stiffness of each individual grain families (GPa)  

grain family     ̅0} {0002} {110}     ̅1}     ̅2} {200}     ̅0} {   ̅3} {211}     ̅2}     ̅1} Emacro 

400 °C RD 74 - 83 77.2 - - 76.1 - - 76.1 74 70.6 

400 °C TD 75.9 91.1 80.9 80.6 87.8 - 76.9 88.9 - 79.9 75.7 71.4 

200 °C RD 82.8 - 79.5 82.8 - - 76.9 - 77.3 83.1 81.7 77.2 

200 °C TD 84.4 96.5 82.5 86.4 90.4 66.6 85.5 92.6 77.8 85.8 83.8 80.5 

20 °C RD 94.2 - 94.1 94.8 - - 94.6  99.7 98.5 97.4 106.6 

20 °C TD 99.1 112.6 90.1 97.6 100 - 100 102.1 96.3 98.0 97.6 103.6 

 

Table 7-4 The micro-yield or yield stresses of individual grain families (MPa) determined by negative departure from linearity. 

grain family     ̅0} 

{0002} 

{110} {   ̅1} {   ̅2} {200} {   ̅0}     ̅3} {211}     ̅2}     ̅1} YTS 

twin slip 

400 °C RD 278 - - 317/528 224 - - 271 - - 258 271 300 

400 °C TD 333 383/423 370/424 370/485 297 229 - 325 304 - 304 304 321 

200 °C RD 320 - - 368/782 320 - - 320 - 368/829 320 320 363 

200 °C TD 401 421/444 409/455 No 382 332 No 401 332 - 401 401 410 

20 °C RD 420 - - 571/996 458 - - 476 - 583/1258 494 458 518 

20 °C TD 578 609/498 564 No 564 545 - 578 523 nd 578 578 626 

317/528: applied stress/calculated residual stress 

“No” implies no negative deflection from linearity 
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Figure 7-11 Lattice strain development of individual GFs in the TD sample during tension test 

at 400 °C, (a) and (b) along the TD, (c) along the ND and (d) magnified plastic region of 

interest along the TD, and the inset is stress-strain curve around the strain of interest.   

Necking occurred in the TD sample at ~5% engineering strain. Unfortunately, during the 

experiment we were not able to determine if the necking located at the neutron diffraction volume 

or not, hence all results above 5% strain (~400 MPa) should be treated with caution. From Figure 7-

11 (a) and (b), after the maximum applied stress, the lattice strains in all the α phase GFs increase 
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with the drop in applied load. This could be partially attributed to the relaxation of {110} GF. 

However, since the volume fraction of the β phase is only ~ 10%, load transferred from β phase to α 

phase could be offset by the drop in load. The lattice accumulation with the decreasing load might 

reflect lattice strain development in the necking area, that is, large local stresses form in the 

localized straining area.  

There is a lattice strain relaxation in all the α phase GFs except the {0002} GF at stresses between 

383 MPa and 391 MPa, as indicated by arrows in Figure 7-11(d). A similar phenomenon is also 

observed in the RD sample pulled at 400 °C, but to a lesser extent. It is interesting that this lattice 

relaxation coincides with disappearance of the SSA.  

There are some similarities between lattice strain evolution along the PD in the TD and RD 

samples, such as large elastic and plastic deformation anisotropy. Also the responses of the GFs 

such as {211}, {200}, {   ̅ }, {   ̅ } and {0002} are similar to that in the RD sample. Some 

differences deserve to be discussed however. The {11 ̅0} GF is the softest grain orientation in the 

RD sample and experiences the largest strain relaxation, but in the TD sample the {11 ̅0} GF is the 

plastically hardest orientation and its lattice strain grows linearly with applied stress all the time. 

The difference could be easily understood by the texture of the sample; the {11 ̅0} GF along the 

PD corresponds mostly to {1 ̅0n} GFs along the LD in the RD sample but is dominated by the 

{0002} GF along the LD in the TD sample.  

7.3.3.3 Tension along RD at 200 °C 

Lattice strains of individual GFs in the RD sample during the tension test at 200 °C along the LD 

and the PD are plotted in Figure 7-12 (a) and (b). They are very similar to that of the 400 °C RD 

sample in both the elastic and plastic region, except that the DLES of the β phase is not higher than 

that of the α phase (see Table 7-3). In addition, the elastic-plastic transition behavior at 200 °C is 

quite different from that at 400 °C. It occurs more suddenly instead of gradually. The GFs of the α 
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phase yield at very similar applied stresses as shown in Table 7-4, and experience lattice relaxation 

nearly simultaneously after 348 MPa. Above this transition stage, the lattice strain evolution pattern 

of both α phase and β phase are similar to that of the 400 °C RD sample expect that larger lattice 

strain was accumulated in the β phase {110} GF and no ‘inflection’ occurs. The slope of lattice 

strain curves of {110} and {211} increases above 368 MPa suggesting the occurrence of plastic 

deformation in the β phase. The lattice development along PD is quite similar to that in the 400 °C 

RD sample. 

 

Figure 7-12  Lattice strain development of individual GFs in the RD sample during tension 

test at 200 °C, (a) along the RD and (b) along the ND.   

7.3.3.4 Tension along TD at 200 °C 

Lattice strains of individual GFs in the TD sample pulled at 200 °C along the LD and the PD (again 

ND) are given in Fig 13(a)-(c). Along the LD, similarly to TD sample deformed at 400 °C, elastic 

deformation exhibits significant anisotropy. The DLESs of individual GFs are summarized in Table 

7-3; they are higher than that of their counterpart at 400 °C, but the relative order of stiffness is the 

same. The yielding sequence of the α phase GFs is similar to that in 400 °C deformed TD samples 
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except that the {   ̅ } micro-yields first and larger lattice strain was accumulated in the β phase. 

The stresses at which lattice strain-stress curves of the individual GFs deviate negatively from 

linearity are summarized in Table 7-4. A ‘kick back’ occurs in the {0002} GF at an applied stress 

of 409 MPa, corresponding to a grain family stress of 455 MPa. However, significant intensity 

change of the {0002} and {10 ̅ } peaks is only noticed above applied stress of 421 MPa (grain 

family stress ~444 MPa). This change of intensity occurs at a macroscopic strain which is 0.4% 

larger than the strain where the ‘kick back’ occurs. Therefore, the initial ‘kick back’ of the {0002} 

GF should presumably be credited mainly to pyramidal slip. Along the PD, the lattice strain 

develops in a quite similar way to the TD sample deformed at 400 °C as shown in Figure 7-13.  

7.3.3.5 Tension along RD at 20 °C 

Lattice strains of individual GFs in the RD sample during tension test at 20 °C along the LD and 

PD are presented in Figure 7-14 (a) and (b). Along both the LD and PD, the lattice strain develops 

in a similar way to the RD samples deformed at higher temperature. The DLESs and yield stresses 

of individual GFs along the loading axis are given in Table 7-3 and Table 7-4. However, some 

differences deserve attention. The {   ̅ } GF starts to micro-yield at the lowest applied stress of 

420 MPa. However, the lattice strain increases rapidly with the applied stress and undergoes the 

least strain relaxation above a stress of 600 MPa. The {   ̅ } GF still undergoes the largest lattice 

relaxation at a stress above 520 MPa. The {   ̅ } GF which undergoes the second largest strain 

relaxation at 200 °C and 400 °C yields last and experiences least strain relaxation below 600 MPa at 

20 °C. Along the PD, the {10 ̅3} GF accumulates positive lattice strain with increasing applied 

stress.  

 



 

  182 

 

 

Figure 7-13 Lattice strain development of individual GFs in TD sample during tension test at 

200 °C, (a) and (b) along the TD and (c) along the ND.   

 

0

50

100

150

200

250

300

350

400

450

500

0 5000 10000 15000 20000

A
p

p
lie

d
 s

tr
e

ss
(M

P
a)

 

Lattice strain (10-6) 

e_10-10
e_0002
e_110
e_10-11
e_10-12
e_200
e_11-20
e_10-13
e_211
e_11-22
e_20-21

(a) TD 

320

340

360

380

400

420

440

3000 3500 4000 4500 5000

A
p

p
lie

d
 s

tr
e

ss
(M

P
a)

 

Lattice strain (10-6) 

(b) TD 

0

50

100

150

200

250

300

350

400

450

500

-5000-4000-3000-2000-10000

A
p

p
lie

d
 s

tr
e

ss
(M

P
a)

 

Lattice strain (10-6) 

e_0002
e_110
e_10-11
e_10-12
e_200
e_11-20
e_10-13
e_211
e_11-22
e_20-21

(c) ND 



 

  183 

 

 

Figure 7-14 Lattice strain development of individual GFs in the RD sample during tension 

test at 20 °C, (a) along the RD and (b) along the ND.   

7.3.3.6 Tension along TD at 20 °C 

Lattice strains of individual GFs in the TD sample pulled at 20 °C along the LD and PD are plotted 

in Figure 7-15 (a) and (b). The most striking feature for deformation at room temperature is that no 

departure to a positive direction is observed in the {0002} lattice strain curve along the LD. Rather, 

it undergoes a sharp backward inflection at an applied stress of 606 MPa corresponding to a grain 

family stress of ~601 MPa and an engineering strain of 0.704%. After the yield of the {0002} GF, 

no change is observed in the intensity of the {0002} and {10 ̅0} peaks until 1.804% strain. This 

suggests that the yield and initial relaxation of the {0002} GF is caused by pyramidal <c+a> slip. 

The lattice strain where twinning is activated is         , corresponding to a grain family stress 

of about 498 MPa. The DLESs and yield stresses of individual GFs are given in Table 7-3 and 

Table 7-4. The GFs in the TD sample yield at much higher stress than the same GFs in the RD 

sample. The phenomenon has been reported in Zr-2.5Nb before and was thought to be a result of 

differences in thermal residual stress associated with the different textures [51]. The differences in 
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YS for individual GFs between the RD and TD samples also contribute to the difference between 

the macro yield stresses of the TD and RD samples, which has often been overlooked. 

 

Figure 7-15 Lattice strain development of individual GFs in the TD sample during tension test 

at 20 °C, (a) and (b) along the  TD and (c) along the ND.   

7.4  Discussions 
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In our experiment, SSA occurred in the RD and TD samples at 400 °C at low strain, which could be 

well understood by Snoek ordering. However, the disappearance of SSA at strains higher than 3% 

is harder to interpret. The effect of pre-strain on strain aging was studied in Zr-O and Zr-Nb alloys 

[34, 35]. It was concluded that pre-strain decreases the strain aging induced increment in yield 

stress (Δσy); the higher the oxygen content, the more the Δσy decreases with pre-strain. However, 

the Δσy did not approach zero even at a strain of more than 10%. No attempt has been made to 

explain this phenomenon, but Garde’s study on Zircaloy showed that the substitutional element Fe 

in the α matrix is responsible for strain aging in Zircaloy [52]. Addition of Fe in commercially 

produced zirconium alloys is nearly inevitable, especially for laboratory fabricated Zr-O [34] which 

was enclosed in a steel can during fabrication, although Fe content was not measured/reported in 

the alloy. Since Zr-O is single phase, Fe can only be in solution in α. That implies that strain aging 

previously reported in Zr-O and Zr-Nb alloys could have contributions from both O and Fe. A 

recent study on the grain sink strength demonstrated that low angle grain boundaries have higher 

sink strength of interstitial point defects than higher angle grain boundaries [53] due to grain 

boundary stress. This may indicate that low angle boundaries induced by plastic deformation may 

also have higher sink strength for oxygen than dislocations. Secondly, the stress field of grain 

boundaries caused by the difference of the lattice strain between different GFs and different phases 

may increase the sink strength of a pre-existing boundary for oxygen. Therefore, above a certain 

strain oxygen will be enriched in the grain boundary or phase boundary rather than at dislocations. 

In contrast to the Zircaloy and Zr-1Nb studies, Zr-Excel is a dual phase structure, and Fe is 

segregated to the β phase, so Fe is not available to contribute to strain aging in the α phase. Then, if 

oxygen interstitials move to the grain boundaries, strain aging will disappear; which accounts for 

our observations at 400 °C.  
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Figure 7-16 As polished TEM samples: (a) as-received pressure tube material with hydrides 

indicated by arrows, (b) pulled in tension to fracture. 

Strain aging involves the diffusion of interstitial or substitutional elements. Diffusion of oxygen is 

substantially slower at 200 °C than at 400 °C, and, the spacing between dislocations is much closer 

than the distance O has to travel to a grain boundary. Previous experimental results on oxygen 

diffusion in zirconium showed that the oxygen diffusion coefficient is 3~4 orders of magnitude 

lower at 200 °C than at 400 °C [54, 55]. Calculation shows that more than 10
4
 hours are required 

for oxygen to diffuse 1 μm at 200 °C, while a similar amount of diffusion required less than one 

hour at 400 °C. The presence of dislocations enhances the oxygen diffusion coefficient in the Zr-

Excel, but it is still unlikely that oxygen will diffuse to a grain boundary at 200 °C. Since the 

separation of dislocations is much smaller than the grain size it is easier for oxygen to segregate 

around dislocations, hence strain aging can exist up to 10% strain at 200 °C. Hydrogen possibly 

plays an important role in strain aging at room temperature [35] because it is a faster diffuser. A 

hypothesis for strain dependence of the strain aging is the effect of dislocations on the segregation 

behaviour of hydrogen. Surface hydrides are usually introduced in the sample during TEM sample 
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preparation in materials with low dislocation density as shown in Figure 7-16 (a), but no surface 

hydrides are found in the deformed materials where <c> component dislocations are present. This 

suggests that <c+a> dislocations are strong sinks for hydrogen, and hence would be pinned by such 

hydrogen interstitials. Since pyramidal <c+a> slip is harder to operate than prismatic or basal <a> 

slip and usually occurs at higher strain, it may explain the occurrence of SAA only after 2% strain 

at room temperature. 

7.4.2 Tensile twinning 

{10 ̅2} tensile twinning is a very common deformation mode in hcp Zirconium alloys when the 

<c> axis undergoes extension [56]. In previous studies on uniaxial deformation of Zirconium, 

Zircaloys and Zr-2.5Nb alloys, the occurrence of tensile twinning is evident under compressive 

deformation with the <c> axis perpendicular to the loading axis at a variety of temperatures up to 

300 °C [12, 16, 30, 57-59]. Twinning was also observed in Zircaloy-2/4 and Zr-2.5Nb alloy 

pressure tube material [51, 57, 60] at room temperature under tensile deformation. In Ref. [57] and 

[51], tensile twinning was claimed to account for the change of intensity of the {0002} and {10 ̅0} 

peaks. However, the changes in intensity are small compared to that seen in compressive 

deformation at room temperature (see Fig.3 in [57]). In Zr-2.5Nb, a noticeable increase of {10 ̅0} 

peak was observed only after 6% true strain [51]. However, no obvious relaxation of lattice strain 

of the {0002} GFs along LD is observed. In Ref [60], the grain size is about 50 μm in diameter and 

much larger than that in this study. The effect of grain size on the occurrence of twinning is not 

well established. It is commonly believed that twins form more easily in larger grains [61], 

although a probabilistic twin nucleation model suggested that twinning occurrence is independent 

of grain size [62]. During tension at 250 °C, it was claimed that twinning doesn’t occur in Zr-2.5Nb 

pressure tube material up to an elastic lattice strain of 7000 micro strain in the {0002} GF [51]; it 

was considered that pyramidal slip is easier to operate than tensile twinning at 250 °C. In our 
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experiment, the changes in the texture and the intensity of {0002} and {10 ̅0} peaks (see Figure 7-

8 and Figure 7-9) imply the operation of tensile twinning at all the test temperatures. The strain 

where twinning is activated is no greater than 2% at all temperatures. Despite the grain size effect, 

it could be concluded that compared with Zr-2.5Nb alloy, twinning is easier to operate in Zr-Excel 

alloy especially at high temperature. Since Fe, Nb and Mo are enriched in the metastable β-Zr [3] 

and O does not seems to have significant effect on the initiation of  twinning [59], it could be 

inferred that high content of Sn which may change the CRSS ratio of different deformation modes 

in the α phase favors the occurrence of tensile twinning especially at high temperature.  

7.4.3 Phase decomposition 

At all temperatures, the β phase yields at a higher stress than α phase, indicating that the β phase is 

a strengthening phase in dual phase Zr-Excel alloy. TEM investigation of the Excel showed that 

there are athermal ω paritcles in the β grain under the as-received condition, which contribute to the 

high yield strength of the β phase. ‘Kick back’ of {110} lattice strain curve takes place in the RD 

sample and TD sample at 7447 and 6115 micro strain at 400 °C. However, no such ‘kick back’ 

occurs at 200 °C and room temperature. In addition, the RD sample was held at 400 °C for 6.5 h but 

the TD sample for 15 h before the ‘kick back’ during the test. This suggests that both the applied 

stress/strain and a thermal effect may contribute to the lattice relaxation. Twinning can cause such a 

‘kick-back’ in the {0002} GF lattice strain curve in Zircaloy-2 under compression at room 

temperature [57]. However, in bcc structures with high stacking fault energy, twinning is not likely 

to occur [49], which can be confirmed by no significant change in the inverse pole figure for the β 

phase. Another possible reason for such relaxation is a phase transformation assisted by the applied 

stress/strain. Thermal treatment resulted in the formation of isothermal ω paritcles. However, in the 

400 °C deformed RD sample, the isothermal ω paritcles were observed to be fully or partially 

decomposed. This means that the applied stress/strain assisted the decomposition of the ω phase. 
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Due to restrictions on space, the detailed TEM observations and further observations and 

discussions will be reported elsewhere [63]. Since the ω phase is a strengthening phase in Zr alloys 

[64, 65], the applied stress/strain assisted decomposition of these ω particles could account for the 

large ‘kick back’in β phase lattice strains.   

7.4.4 Elastic properties 

Northwood reported the elastic constants for several dilute Zirconium alloys at a range of 

temperatures [66]. It was concluded that the elastic constant of a specimen is dependent on 

temperature, texture and interstitial impurities such as oxygen but not substitutional alloying 

elements. The macroscopic elastic moduli of the samples and DLESs for α GFs measured in this 

study are comparable to Northwood’s study within experimental error. However, a linear 

relationship with temperature was not obtained in this study. The DLESs of individual GFs for both 

α and β phase are plotted against temperature and orientation in Figure 7-17 (a) and (b). At 400 °C, 

the β phase {110} GF is elastically stiffer than the α phase in the RD sample. However, at 

temperatures no greater than 200 °C the α phase is elastically stiffer. The DLES for the same GF is 

higher in the TD samples than the RD samples; as would be expected due to load partitioning 

arising from elastic anisotropy and the relative textures. In the TD samples, the DLES does not 

decrease monotonically with the increase of the angle between diffraction planes normal to <c> 

axis. A minimum value is reached at an angle between 60 to 75°, consistent with the theoretical 

derivation from single crystal elastic constants that the minimum single crystal elastic constant is at 

54° to the  <c> axis [66]. 

Compared to the β phase in Zr-Nb alloys [21, 22, 49], the β phase in Zr-Excel is certainly stiffer. 

Since the lattice parameters of the two β phases are very similar, the reason for the increase of 

stiffness of β phase in Zr-Excel alloy may be the chemical composition difference. In Zr-Excel, the 

β phase is enriched with Mo as well as Nb [3]. This suggests that the solution of Mo in the β phase 
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increases the elastic modulus. This is consistent with our previous study suggesting that Mo also 

has a stronger effect on stability and lattice parameter of β phase than Nb [39].      

 

 

Figure 7-17 Diffraction lattice elastic stiffnesses of individual grain families vs. deformation 

temperature and orientation.  
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7.4.5 Implication of the sequence of micro-yielding or yielding 

Micro-yielding of some GFs occurs in all the tests in this study, i.e., a small amount of plastic 

deformation takes place in some grain orientations in the nominally elastic deformation region. This 

is also confirmed by stress relaxation in the macro stress-strain curve. The micro yielding could 

occur either during the loading process or load-holding time if dislocations overcome short range 

obstacles due to thermal activation, which therefore leads to difficulties in determining the strain 

rate associated with the micro yielding. Due to the micro-yield behaviour it is hard to accurately 

determine the CRSS of given dislocation a slip mode at a specific strain rate, however the yielding 

sequence of individual GFs at least reflects the relative ease of different slip modes. A fully 

quantitative understanding of the implication of lattice strain is hard to achieve. Even with 

advanced polycrystalline plasticity models (EPSC [20, 67] and CPFEM [68, 69]) one fails to 

predict some import features in the lattice strain development, especially in the PD. However, many 

modeling studies carried out on different hcp metals [23, 67, 70, 71] have demonstrated that the 

yield of a specific GF is associated with the activation of a specific slip mode. It was concluded 

[67] that prismatic <a> slip in Zircaloys controls the initial micro-yielding of the {10 ̅ } and 

{20 ̅ } GFs along the LD, however, basal <a> controls the {10 ̅1}, {10 ̅2}, {11 ̅ } and {10 ̅3} 

GFs. This is consistent with the fact that the {10 ̅1} GF was found to yield first in Mg alloys where 

basal <a> is the easiest slip system [23, 71]. Yielding of the {0002} GF signifies the activation of 

twinning or pyramidal <c+a>; while these two modes can be distinguished by whether there is a 

change in the diffraction intensities of {0002} and {10 ̅ } peaks or not. Previous in-situ lattice 

strain measurements on Zircaloy-2 and Zr-2.5Nb alloys during tensile deformation [22, 57] were 

carried out with constant wavelength neutron sources. Limited GFs were measured and the 

sequence of yielding of individual GFs was difficult to determine. EPSC modelling confirmed 

single crystal observations that prismatic <a> is the easiest slip mode followed by basal <a> slip 

[67]. Later, in-situ TOF neutron diffraction measurement carried out by Long [51] clearly showed 
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that {10 ̅ } and {20 ̅ } GFs yield first at room temperature in unirradiated Zr-2.5Nb pressure tube 

material and experience a larger lattice relaxation than the {10 ̅ } GF. At a higher temperature 

(250 °C), the lattice strain stress curve of the {10 ̅ } GF approached that of the {20 ̅ } GF even 

though it still yielded at a higher stress and experienced less lattice relaxation. This is indicative of 

a faster decrease of CRSS of basal <a> slip than prism <a> slip with increase of temperature, which 

is consistent with an early study [72].  

The applied stress at yield of individual GFs for all the samples is presented in Figure 7-18. In the 

RD samples, the {10 ̅ } GF yields earlier than {10 ̅ } GF at 400 °C, yields at the similar  stress 

level to {10 ̅ } GF at 200 °C, but yields after {10 ̅ } GF at room temperature. This suggests a 

change in the primary slip mode from prismatic <a> slip to basal <a> slip with increasing test 

temperature, which is consistent with the trends in the earlier references [51, 72]. However, in this 

experiment the {10 ̅1} GF experienced the largest lattice relaxation at 200 °C and 400 °C, and also 

at room temperature above 520 MPa, which is different from what occurred in Zr-2.5Nb [51]. In 

addition, the activation of basal slip at 200 °C and 400 °C in our study is not significantly more 

difficult than prismatic slip, which is different from earlier observations on crystal bar Zr [72, 73]. 

This conclusion would imply that the ratio of CRSS of basal <a> to prismatic <a> is lower in Zr-

Excel alloy than pure Zr due to the high content of Sn (3.8 wt%) in the α matrix. This is consistent 

with an ab initio study on Zr alloys which revealed that Sn could effectively decrease the stacking 

fault energy in the basal plane but not in the prismatic plane [74], thus favouring the activation of 

basal <a> slip.    

In the TD samples, pyramidal GFs yield at the lowest stress and experience the largest lattice 

relaxation at all the deformation temperatures. These pyramidal GFs are oriented such that they 

favor the activation of basal <a> slip rather than prismatic <a>, as demonstrated in Figure 7-19. It 

appears that as a result of the decrease in the stacking fault energy on the basal plane, basal <a> slip 

is the dominant deformation mode in the TD samples at temperatures up to 400 °C. However, a 
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question arises with regards the GF {10 ̅1}, {10 ̅2}, {11 ̅ } and {10 ̅3} whose yield are all 

interpreted as representing basal <a> slip activation. They exhibit yield at different stresses, and the 

yielding sequence changes with temperature. While differences in yield are expected due to 

different Schmid factors, the change in sequence with temperature is presumably caused by the 

difference in thermal residual stresses amongst different individual GFs which varies with angle 

from the <c> axis and will change with temperature. However accurate calculation of this effect is 

not possible without knowing the d-spacing of these planes at an absolute stress free condition.  

 

Figure 7-18 Stresses of individual grain families at micro-yield vs. deformation temperature 

and texture. 0002S and 0002T represent pyramidal <c+a> slip and twinning, respectively.  

If the stresses built up along the PDs are neglected at yield, the CRSS for pyramidal <c+a> slip is 

approximately proportional to the lattice strain when the {0002} GF yields. From Figure 7-18, it 
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can be seen that the grain family stress associated with yield in the {0002} GF decreases with 

increasing temperature, which is not surprising. Perhaps surprising is that as the temperature 

increases, the gaps between the yield stress of the {0002} GF and the other GFs increases, which 

implies the ratio of pyramidal slip to basal or prismatic slip increases with temperature. Further, 

during tension at room temperature, the {0002} GF yields at a lower stress than the {10 ̅ } GF. 

This is in contradiction to what we usually consider, i.e., that pyramidal <c+a> is relatively easier 

to operate at higher temperature due to a decrease of the relative CRSS ratios [73, 75].  

 

Figure 7-19 The dependence of Schmid factor for different deformation modes as a function 

of the angle between loading axis a <c> axis in single crystal.  

The Schmid factors for {10 ̅ } tensile twinning is highest in the {0002} GF along the LD, and 

decreases rapidly with angle of plane normal to the <c> axis. That is, twinning takes place primarily 

or perhaps only, in the {0002} GF amongst the investigated GFs. The controversy as to the use of a 

CRSS to describe twinning was reviewed by Christian [76]; it was attributed to the difficulty in 

determining the occurrence of twinning from stress-strain curves and the localized stress 

concentrations which may be required for twinning nucleation. However, with in-situ neutron 

diffraction, significant activation of twinning can be readily monitored by the diffraction peak 
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intensity change. At the same time, the average stress within a GF can be estimated based on the 

lattice strain where twinning occurs. In our experiments, twinning occurs after pyramidal <c+a> 

slip at all temperatures. At 200 °C and 400 °C a significant intensity change was observed shortly 

after pyramidal slip initiated, about 0.4-0.6% strain later. However, at room temperature, twinning 

operates at ~1.1% strain later than pyramidal slip, where the grain family stress has been greatly 

relaxed (see Figure 7-15). The grain family stresses along the LD that are required for initiation of 

tensile twinning in the TD samples (based on observed change in diffraction intensity) are plotted 

in Figure 7-18 and are found to decrease with increasing temperature, but to be much less sensitive 

to temperature than slip modes; this is consistent with previous studies [76, 77]. However, it is 

perhaps surprising that the grain family stress where twinning is significantly activated at room 

temperature is lower than all the slip modes, but that it is activated after slip. A question arises as to 

why twins don’t nucleate and grow earlier at room temperature, when the stress in the {0002} GF is 

even higher. This question is hard to answer within existing twinning nucleation / growth models 

[77, 78] but is presumably associated with the requirement for twins to be nucleated by high local 

stresses that are relaxed by the activation of pyramidal <c+a> slip which are relatively easier to 

operate at room temperature than at higher temperatures in this alloy.  

Conclusions 

In-situ neutron diffraction was performed to study the deformation anisotropy of Zr-Excel under 

uniaxial tension deformation from 20 to 400 °C. The repeated strain rests during in-situ neutron 

diffraction provide a unique chance to study the strain aging behaviour. Several conclusions can be 

drawn from this comprehensive neutron diffraction experiment. 

(1)  Strain aging occurs at all temperatures but is found to be dependent on temperature and strain. 

The dependence of strain aging with applied strain at 400 °C is attributed to the change with 

temperature of the grain boundary sink strength for oxygen. Room temperature strain aging is 

attributed to hydrogen.  
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(2) Applied stress/strain assisted decomposition of the isothermal ω particles may be responsible for 

the lattice strain relaxation in the β-(110) GF observed at 400 °C. 

(3) The elastic anisotropy of the α phase was determined as a function of temperature. The β phase 

was either elastically stiffer or softer than the α phase dependent on the temperature and orientation 

relative to texture.   

(4) At all temperatures, the β phase yields at a higher stress than α phase, indicating that the β phase 

is a strengthening phase in dual phase Zr-Excel alloy. The presence of Mo as a solute strengthener 

and the athermal ω precipitation are responsible for the higher yield strength of the β phase. 

 (5) {10 ̅2} tensile twinning occurs at all temperatures. The occurrence of twinning after there has 

been a large stress relaxation in the {0002} GF strains at room temperature due to pyramidal <c+a> 

slip demonstrates that CRSS alone is unlikely to be a sufficient criteria for activation of twinning.   

(6) The relative CRSS of basal <a> slip appears to be significantly decreased by the high content of 

Sn. It is even lower than prismatic <a> slip at elevated temperature. In the TD samples where grains 

are not well oriented for prismatic <a> slip, basal <a> slip is the dominant deformation mechanism 

at all temperatures. Relative to prismatic <a>, pyramidal <c+a> slip occurs more easily at room 

temperature than at elevated temperature in Zr-Excel alloy.   

(7) During uniaxial tension tests the {0002} GF is a significantly strengthening crystal orientation 

at elevated temperatures but not to a great extent at room temperature.  
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Chapter 8  

Deformation anisotropy and asymmetry of a dual phase zirconium 

alloy under uniaxial deformation at room temperature 

Abstract  

Traditionally, the deformation anisotropy of hcp polycrystalline metals has been studied 

based on the macroscopic responses of specimens with different initial textures. In this 

study, we use in-situ time-of-flight neutron diffraction to track the responses of individual 

grain families along three orthogonal directions during uniaxial tension and compression at 

room temperature in dual phase (α+β) Zr-Excel alloy samples with different loading 

directions relative to the initial texture. We present a full set of the lattice strain evolution 

during the deformation for both the α and β phases. The responses of the different grain 

families along the three directions under deformation provides new insight on the phase 

specific work hardening behavior of dual phase hcp metals and show evidence of work 

softening in the prismatic <a> slip system. The occurrence of {   ̅ }<10 ̅ ̅> twinning 

was determined by the change in the intensity of the {0002} and {   ̅ } peaks in the 

compressed RD and tensioned TD samples. However, this type of twinning failed to induce 

work hardening in this alloy due to relatively easy activation of the pyramidal <c+a> slip 

when the <c> axis undergoes extension strain. The {0002} GF exhibits substantial 

asymmetry when undergoing extension strain and compression strain, in terms of yield 

stress and work hardening behavior, due to different pyramidal <c+a> dislocation 

structures developed under the two different strain paths. This may indicate an increased 
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dislocation density and dislocation entanglement that does not form dislocation cell 

structure cannot effectively induce work hardening unless dislocations are piling up at 

grain boundaries or obstacles.  

Keywords: uniaxial deformation, time-of-flight, neutron diffraction, Zr alloy  

8.1 Introduction 

Understanding and predicting mechanical properties is critical for the engineering materials used as 

structural components in nuclear reactors. The hexagonal close packed (hcp) based dual phase Zr-

2.5Nb alloy is the pressure tube material for current commercial CANDU reactors due to its 

combination of good mechanical properties and thermal neutron economy. Recently, a dual phase 

Zr-3.5Sn-0.8Nb-0.8Mo alloy (Zr-Excel alloy) has been considered as a candidate material for 

pressure tubes in the design of the CANDU Supercritical Water Reactors (SCWR) due to its high 

strength, partly achieved by solution strengthening due to the high content of substitutional Sn 

atoms [1, 2]. 

It is well known that hcp metals exhibit low crystalline symmetry and therefore have a limited 

number of primary slip systems (basal <a> or prismatic <a> dependent on c/a ratio) [3, 4]. 

Furthermore, the primary slip systems cannot accommodate strain along the <c> axis. Therefore, in 

some circumstances pyramidal <c+a> dislocation slip or twinning must be activated to 

accommodate strain along the <c> axis [5]. Early studies on single crystal Zr showed that the 

critical resolved shear stress (CRSS) for pyramidal <c+a> slip is much higher than that for 

prismatic <a> slip [6-8]. As a polycrystalline material is basically an aggregate of crystallites of 

different orientations with grain boundaries between them [9] the overall mechanical response of a 

polycrystal must be dependent on the property of the single crystal. Therefore, the yield strength 

differential between hcp polycrystalline specimens of the same material but loaded in a different 

orientation relative to the texture, is usually interpreted by the activation of different deformation 
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mechanisms [10]. That is, a higher yield strength along the direction to which the <c> axis is 

preferentially oriented versus along the direction to which the <a> axis is preferentially oriented is 

explained by the fact that a higher CRSS is required for the activation of secondary pyramidal <c+a> 

slip or twinning than the primary prismatic <a> or basal <a> slip. This explanation is quite 

reasonable, although other factors such as grain shape and residual thermal stress need to be 

considered in the details of such analyses.  

Unlike face centered cubic (fcc) and body centered cubic (bcc) metals, annealing cannot alleviate 

all residual stresses in most hcp materials. Although mechanically generated residual stresses can 

be annealed, the anisotropic coefficients of thermal expansion (CTE) of the hcp materials will 

create thermal residual stresses upon cooling to room temperature. Furthermore, since Zr-Excel is a 

dual phase material, the difference of CTEs between the α and β phases will also generate inter-

phase thermal residual stresses. The effects of the thermal residual stresses on the mechanical 

response of a Zircaloy-2 have previously been quantitatively studied through the application of 

polycrystal plasticity models [11-13].  

Another phenomenon associated with the deformation anisotropy of hcp polycrystals is 

heterogeneous deformation [14]; that is, plastic deformation tends to localize in the grains oriented 

such that they favor activation of easy slip systems. During uniaxial deformation, for example, this 

results in residual stresses even in the Poisson directions (PDs) due to the strain incompatibility 

between plastically soft and plastically hard grains. That is, a nominally uniaxial stress state applied 

macroscopically becomes biaxial or triaxial local stress state. This non-uniaxial stress state may 

enable specific grains to carry more or less load than the average, dependent on the stress states.  

Traditionally, the deformation anisotropy of hcp polycrystalline metals has often been studied 

based on the macroscopic responses of specimens with different initial textures [10, 15-21]. In this 

paper, we use in-situ time-of-flight (TOF) neutron diffraction to track the d-spacings of a set of 

different α and β crystallographic planes along two or three directions during uniaxial tension and 
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compression tests of a warm rolled Zr-Excel plate material, at room temperature. The three 

dimensional stresses suggest the possibility of work softening of prismatic <a> slip and a work 

hardening mechanism that does not involve the interaction of dislocations with obstacles, but rather 

hardening by composite load transfer. Moreover, the responses of the individual grain families 

(GFs) under tension and compression, which represent a set of grains with the same orientations 

along the measured direction, clearly shows the effects of thermal residual stresses and stress state 

dependence of pyramidal <c+a> slip on the deformation anisotropy and tensile and compressive 

yield asymmetry.   

8.2  Experiments 

Zr-Excel alloy plate with a 14 mm thickness and manufactured by warm rolling was used in this 

study. The nominal composition of Zr-Excel is 3.5wt% Sn, 0.8wt%Nb, 0.8wt% Mo, 1100 wppm O, 

1000 wppm Fe and ~20 wppm H. The microstructure of the as-rolled plate was characterized with 

Scanning Transmission Electron Microscope (STEM) as shown in Figure 8-1. From the views of 

both RD-ND and RD-TD planes, the microstructure is a mixture of recrystallized equiaxed α grains 

with low density of line dislocations and α grains elongated along the RD with a high density of 

line dislocations. The size of the α grains varies from 1 to 10 μm. The β grains which have brighter 

contrast in STEM micrographs fill the gaps between the α grains and are 0.5-2 μm in size.  

In-situ compressive tests and tensile tests were performed at room temperature using the horizontal 

load frame on the SMARTS time-of-flight (TOF) diffractometer at Los Alamos Neutron Science 

Center (LANSCE), Los Alamos National Laboratory [22]. For tensile tests, cylindrical dog bone 

tensile samples with 6.36 mm gauge diameter and 43mm gauge length were machined with axial 

direction along the parent plate’s transverse direction (named TD sample) or rolling direction 

(named RD sample), respectively. Screw threads were machined at the ends of the tensile samples 

to allow them to fit into the loading rig on the neutron diffractometer. For compression tests 
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cylindrical samples with a diameter of 10 mm and a length of 27 mm were machined along the RD 

or TD directions. 

 

Figure 8-1 The microstructure of the as-received hot rolled Zr-Excel plate material. The left 

column is viewed onto the RD-ND plane, the right column is viewed onto the RD-TD plane 

The basic ideas of TOF neutron diffraction have been reviewed in numerous references [23-25], 

hence only a brief description will be given here. Unlike X-ray or constant wavelength neutron 

diffraction, TOF neutron diffraction uses a pulsed polychromatic neutron source. Neutrons are 

particles with mass, and their velocity depends on their energy. This is utilized in the time-of-flight 

technique where the time it takes for a neutron to travel from the source to the detector is used to 

determine the wavelength of the neutron. Hence, using a fixed detector geometry, full diffraction 

patterns are recorded in each detector. In terms of Bragg diffraction, 
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          (8-1) 

where d is the spacing of (h k l) plane,   is diffraction angle and   is wavelength of the neutrons. In 

this experiment the diffraction angle is pre-set to a fixed angle (~45°). A specific (h k l) 

crystallographic plane corresponds to a certain wavelength which is determined by the neutron’s 

time of flight.  

So the lattice strain can be easily calculated as 

  
     

    
 

     

    
 

     

    
 

(8-2) 

where              , and        represent the shift of d-spacing, time of flight and wavelength of 

neutron for specific (h k l) plane, respectively. The denominators in the equation refer to the 

parameters of the original materials, or some reference. The setting up of the in-situ uniaxial 

deformation and data analysis method can be found in our previous paper [26]. The two detectors at 

+/- 90 degrees at the SMARTS instrument at LANSCE measure the lattice strains along the loading 

direction and one direction perpendicular to loading. In order to measure the lattice strain 

evolutions in three orthogonal directions during loading, 2 sets of samples would have to be used. 

For example, if the RD is parallel to the loading direction, in one test the perpendicular diffraction 

vector (Q1) is parallel to the normal direction (ND), in the other test, it is parallel to the TD. The 

true stress-strain curves of two repeated tensile tests coincide very well as shown in Figure 8-2 

demonstrating little sample to sample variation. However due to lack of available time, such 

duplicate tests were not carried out for the other samples, hence diffraction data is only available in 

one Poisson direction (PD).   

Since stress relaxation occurs in the plastic region, one can notice the dips in the stress-strain curves. 

Neutron data collection was made by two runs in this region; namely, a 3 min collection for a first 
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short data collection during which rapid stress relaxation took place and 17 min for a second data 

collection where near steady-state was achieved; it is the data during this latter period that is 

reported here. The tensile tests were carried out under strain control (clip gauge extensometer), the 

compressive tests were carried out under actuator displacement control. The evolution of the texture 

during the deformation test was monitored from the changes in peak intensities. Inverse pole 

figures were plotted with the SMARTSINVPOLE program which executes GSAS software [27].  

8.3  Experimental results 

8.3.1  Macroscopic mechanical behavior  

The true stress-strain curves of the in-situ tensile and compressive tests are plotted in Figure 8-2. 

Compression tests are plotted on the primary axis and tension tests on the secondary axis. Unlike 

the common uniaxial tensile or compressive deformation tests under constant strain rate, the stress-

strain curves of in-situ deformation with neutron diffraction are not monotonic, due to stress 

relaxation occurring in the plastic deformation region during the strain hold for diffracted neutron 

collection. The stress relaxation makes it hard to accurately determine the yield stress. In this paper, 

the yield stress (YS) is defined as      where if the      is located in the stress relaxation region, the 

yield stress was approximately estimated as the maximum stress before 0.2% plastic strain. Table 8-

1 and Table 8-2 tabulate the elastic modulus and      of each sample. There is no significant 

difference in elastic modulus between the RD and TD samples in the compression or tension tests. 

However, the tensile modulus is measured as slightly higher than the compressive modulus for both 

the RD and TD samples. This was caused by the different ways of measuring the strain. In both the 

tension and compression tests, the RD samples yield at lower stress than the TD samples. The 

compressive yield stress of the RD samples is 50 MPa higher than the tensile yield stress. However 

no such significant difference is observed in the TD samples. After yielding, the TD sample 

exhibits much more hardening (here defined as the difference between the UTS and YS) during 
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compression than during tension. On the contrary, the RD sample was hardened more under 

compression than under tension. Furthermore, the amount of hardening in the compressed TD 

sample is comparable to that in the tensile RD sample, and the hardening in the tensile TD sample 

is comparable to that in the compressive RD sample. It should be noted that the macroscopic strain 

did not fully stop evolving during the strain hold in the compression test. A small amount of strain 

increment was observed during the strain hold, however this should not have a significant effect on 

the lattice strain measurement [28]. 

 

Figure 8-2 True stress-strain curves for the in-situ uniaxial deformations. Compression tests 

are plotted in primary axis (black), and tension tests are plotted in secondary axis (gray).  

8.3.2 Texture evolution  

Figure 8-3 shows the inverse pole figures of four different samples before and after deformation. 

RD samples are preferentially oriented with the <10 ̅ > crystallographic direction parallel or close 
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to the loading direction (LD) (see Figure 8-3 (a) and (c)). The tensile TD sample has two major 

texture components, one is <10 ̅ > crystallographic direction parallel or close to the LD and the 

other is the <c> axis parallel or close to the LD (see Figure 8-3(d)). The compressive TD sample 

only has one major texture component with <c> axis aligned parallel to the LD (see Figure 8-3 (b)). 

The inverse pole figures of ND vary amongst different samples because of the slight transverse 

misalignment of the samples during the in-situ neutron diffraction.  

The texture of the RD sample changes significantly after the compressive deformation but not after 

the tensile deformation. After the compression test the density near the <0001> pole increases by 

2.5 multiples of random distribution (mrd) in the RD inverse pole figure, from 0.5 mrd to 3 mrd, 

and the density around the <   ̅ > pole decreases significantly. Accordingly, there is a significant 

decrease in the density around the <0001> pole in the ND inverse pole figure (see Figure 8-3 (a)). 

That is, there is a fraction of grains rotated sharply ~90° from the <10 ̅ >//LD orientation to the 

<0001>//LD orientation after the compression test in the RD sample. The change of the texture 

indicates operation of an extension twinning, {   ̅ }<10 ̅ ̅> twinning, which causes a 85.22° 

lattice rotation around the <   ̅ > axis [29]. In contrast, the texture of the TD sample changes 

significantly after the tensile deformation, but not after the compression test. After the tension the 

density around the <0001> pole decreases, associated with an increase in the density around the 

<   ̅ > pole in the TD inverse pole figure. At the same time, there is an increase in the density 

around the <0001> pole in the ND inverse pole figure (see Figure 8-3 (d)). This also suggests the 

operation of {   ̅ }<10 ̅ ̅> twinning. In the compressed TD sample, there is also a noticeable 

change around the <   ̅ > pole. It is similar to the case of the compressed RD sample, which is 

caused by operation of {   ̅ }<10 ̅ ̅> twinning in grains oriented with the <   ̅ > axis parallel to 

the loading direction.  
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(a) Compressive RD sample 

 
 

 

 

 

 

(b) Compressive TD sample 

 
 

 

 

 

 

(c) Tensile RD sample 

 
 

 

 

 

(d) Tensile TD sample 

 

Figure 8-3 Inverse pole figures demonstrating the texture evolution of RD and TD samples 

during uniaxial compressive and tensile tests.  
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The {   ̅ }<10 ̅ ̅> extension twinning, which is often called tensile twinning, actually does not 

only occur when <c> axis is being loaded under a macroscopic tensile stress. The {   ̅ }<10 ̅ ̅> 

twinning occurs when crystals or grains tend to experience positive strain along their <c> axis, 

which is the cases of tensile TD sample and compressive RD sample (due to Poisson tensile 

constraints). Figure8-4 plots the intensities of {0002} and {   ̅ } peaks against the engineering 

strain for those two samples. It can be seen that a noticeable increase in {0002} peak intensity is 

observed at -1.35% strain in the compressed RD sample, while a continuous decrease of {0002} 

peak intensity is observed after 1.804% strain in the tensile TD sample. This suggests that 

{   ̅ }<10 ̅ ̅> tensile twinning initiates at a strain of ~-1.35% and 1.804% in the compressive RD 

and tensile TD samples, respectively.   

Contraction or compressive twinning {10 ̅ ̅}    ̅   is suggested to occur when a Zr crystal is 

oriented with the <c> axis undergoing negative strain [30]. However, the absence of change in the 

inverse pole figure for the compressive TD and tensile RD does not support the activation of such 

twinning in the tension RD and compression TD samples in this study. Since prismatic <a> slip and 

basal <a> slip cannot accommodate the strain along the <c> axis, pyramidal <c+a> slip is believed 

to be the main mechanism accommodating negative strain along the <c> axis.     



 

  214 

 

 

Figure 8-4 Intensities of {0002} and {   ̅ } peaks plotted against engineering strain for the 

compressive RD and tensile TD samples.  

8.3.3 Elastic lattice strain evolution 

In this paper, 8 GFs from the α phase and 3 GFs from the β phase are investigated. In the 

decreasing order of d-spacing, these GFs, described by the lattice planes that have their normal in a 

specific direction in the sample, are {10 ̅0}, {0002}, {110}, {10 ̅1}, {10 ̅2}, {200}, {11 ̅0}, 

{211}, {10 ̅3}, {11 ̅2} and {20 ̅1}, where four index notation represents crystallographic planes 

of the α phase and three index notation the β phase. However, since the original material is 

textured, only diffraction peaks which are strong enough to allow for reliable peak position will be 

considered in each specific sample. Error bars for the calculated lattice strain caused by the 

uncertainty in the fit of the peak position are not presented in the plots in consideration of ease of 

viewing, but are an order of 10 × 10
-6

 for the peaks shown.   
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Figure 8-5 Lattice strain development of individual grain families in the RD sample during 

the tension test, (a) along the LD, (b) along one of PDs or the ND and (c) along another PD or 

the TD.  
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8.3.3.1 Tension along RD 

The lattice strain evolution along three orthogonal directions in the RD sample during the tension 

test is presented in the form of stress-strain curves in Figure 8-5 (a-c). Along the LD, the lattice 

strain increases linearly with the applied stress in the elastic deformation stage, which is below 460 

MPa (see Figure 8-5 (a)). The diffraction lattice elastic stiffnesses (DLESs) of individual GFs from 

the α phase and β phase are given in Table 8-1. There is no significant difference observed among 

the DLESs of the GFs from the α phase due to the type of texture. The observed DLES of the β 

phase is close to that of the α phase.  

The negative deviation of the lattice strain curve of a GF from linearity along the LD signifies 

occurrence of plastic deformation in the grains belonging to that GF. This kind of deviation can 

occur before the noticeable macro-scale yielding. In this paper, as a convention, the negative 

deviation from linearity of a GF during what appears to be macroscopic elastic deformation is 

defined as micro-yielding, while such deviations beyond the macroscopic elastic stage are defined 

as yielding. It should be noticed that it is not possible to tell from the results if the micro-yielding 

occurs during loading or during the strain hold, since pre-existing dislocations can also move 

during the strain hold if thermal fluctuations overcome the short range energy barrier of 

dislocations. The strain rate during the strain hold can be much lower than that during loading; 

hence dislocations are relatively likely to be thermally activated even at lower stresses.  

The stresses where the GFs from the α and β phases deviate from linearity are summarized in Table 

8-2. The α phase yields first and load is transfer to the β phase, as we can see in Figure 8-5 (a) that 

the two β-GFs depart from linearity positively at the same time as the negative deviation of the α 

phase. The lattice stresses where the {110} and {211} GFs yield are calculated as 996 and 1258 

MPa, respectively, based on a simplistic assumption of elastic strain multiplied by DLES, as will be 

discussed in section 8.4.1. Among the α phase, the yielding sequence of the GFs is 

{10 ̅0},{10 ̅1},{20 ̅1},{11 ̅0} and {11 ̅2}. The lattice strain in the GF in order of smallest to the 
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largest follow the same order of the yielding sequence until 539 MPa, beyond which the {10 ̅0} GF 

accumulates lattice strain, and the lattice strain in {10 ̅1} GF continuously relaxes.  

Along one of the Poisson directions (PDs, along ND), the lattice strains of individual GFs develop 

in a totally different pattern from that along the LD (see Figure 8-5 (b)). Unlike along the LD, since 

there is no stress applied along the PDs, negative or positive departures from linearity along the 

PDs reflect the tensile and compressive internal stress states along the PDs, respectively. Such 

departures cannot be readily interpreted in terms of plastic yield due to the complexity of the load 

transfers occurring [31]. Beyond 500 MPa, the GFs such as {11 ̅0}, {10 ̅1} and {11 ̅2} depart 

negatively from linearity to build tensile lattice stress. These internal lattice stresses can be kept as 

residual stresses once the specimen is unloaded. However, the GFs like {   ̅ }, {0002} and the 

two β-GFs depart positively to build compressive lattice stress. Along the other PD (along TD), the 

lattice strains of individual GFs behave qualitatively similarly to those along the ND (see Figure 8-

5(c)). However, the magnitude of the lattice strain of the same GF is quite different between along 

those two directions, which can be illustrated by considering the {11 ̅0} GF and {0002} GF which 

depart from linearity furthest negatively and positively, respectively. The lattice strains of the 

{11 ̅0} GF along ND and TD are 681 × 10
-6

 and 1589 × 10
-6

, respectively. The lattice strain along 

the {0002} GF along ND and TD are -5090 × 10
-6

 and -7476 × 10
-6

, respectively. This difference 

reflects the strong plastic deformation anisotropy along the two PDs, which arises due to the very 

different textures. 
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Table 8-1Diffraction lattice elastic stiffness of individual GF and the macro elastic modulus of each sample (GPa) 

GF     ̅0} {0002} {110}     ̅1}     ̅2} {200} {   ̅0}     ̅3} {211}     ̅2}     ̅1} Emacro 

RD-T 94.2 - 94.1 94.8 - - 94.6 - 99.7 98.5 97.4 106.6 

TD-T 99.1 112.6 90.1 97.6 100 - 100 102.1 96.3 98.0 97.6 103.6 

RD-C 94.5 - 89.5 95.4 - - 99.6 - 94.5 94.6 96.1 90.1 

TD-C 98.3 105 90.8 96.4 96.4 - 100 99.8 88.1 94.9 98.6 95 

 

Table 8-2Yield stress of each individual grain family and each sample (MPa)  

GF     ̅0} 

 0002} 

 110}     ̅1}     ̅2}     ̅0}     ̅3}  211}     ̅2}     ̅1} YTS 

twin slip 

RD-T 420 - - 571/996 458 - 476 - 583/1258 494 458 518 

TD-T 578 609/498 564 nd 564 545 578 523 nd 578 578 626 

RD-C -442 - - -595/-977 -523/-540 - -523 - -602/-1170 -559/-588 -475 -568 

TD-C -434 - -737/-1080 -721/-970 -486 -539 -434 -645/-694 -721/-959 -513 -434 -625 

609/498: Applied stress/estimated stress  (σ = Eε) 

Nd: Not determined 
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Figure 8-6 Lattice strain developments of individual grain families in the TD sample during 

tension test, (a) and (b) along the TD and (c) along the ND.   
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8.3.3.2  Tension along TD 

Lattice strain development of the individual GFs in the TD sample during a tension test are plotted 

along the LD and PD (ND only) in Figure 8-6. Unlike the RD samples, TD samples have grains 

which are oriented with <c> axis aligned less than 35° toward the LD, for example the {0002} and 

{10 ̅ } GFs. Along the LD, there is significant difference among the DLESs of the different GFs. 

The {0002} GF exhibits the highest DLES; DLESs of individual GFs are given in Table 8-1. 

Micro-yielding occurs in the {   ̅ } GF first at 523 MPa and in the {10 ̅2}, {10 ̅1} and {0002} 

GFs subsequently; Above 578 MPa, all other GFs from the α phase yield (see Table 8-2 for details). 

In the meantime, load is transferred to the β phase, as in the RD sample. Along the PD, the 

departure direction of each individual GF in the TD is same as that in the tensile RD sample, but the 

magnitude of that deviation is much less.  

8.3.3.3 Compression along RD 

The lattice strains of the individual GFs in the RD sample along the LD and PD during the 

compression test are plotted in Figure 8-7(a) and (b). The DLESs of individual GFs along the LD 

are given in Table 8-1. As for the tensile RD sample, no obvious difference in the DLESs amongst 

the investigated α phase GFs is observed. The β-{110} GF is measured to be a little bit elastically 

softer than the other GFs. The stresses where these GFs deviate from linearity are summarized in 

Table 8-2. The difference in the yield/micro-yield stresses amongst different α-GFs is quite obvious. 

The {10 ̅0} GF micro-yields first at -405 MPa, followed by the {20 ̅1}, {11 ̅0}, {10 ̅1} and 

{11 ̅2} GFs successively. At -523 MPa, lattice strains in the GFs such as {10 ̅0}, {20 ̅1}, {11 ̅0}, 

{10 ̅1} start to relax. The {11 ̅2} GF is a plastically harder orientation and its lattice strain starts to 

relax at applied stress -559 MPa, corresponding to a lattice stress ~ -588 MPa. The magnitude of 

lattice strain in the {10 ̅0} GF is the smallest amongst the pre-existing GFs from the beginning of 

plasticity to the end of the test, which is in sharp contrast to the tension test where the lattice strain 
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in the {10 ̅0} GF is the smallest at the beginning of plastic deformation but becomes the largest 

amongst the α phase GFs by the end of the test. The order of the magnitude of lattice strains in the α 

phase GFs is the same as the yielding sequence and stays unchanged with increasing deformation. 

The {0002} GF appears in the LD at -581 MPa, which corresponds to the relaxation of lattice strain 

in the {0002} GF along ND. The lattice strain of the newly born {0002} GF along the LD is 

estimated by using the d-spacing of {0002} along ND before deformation as a reference. The lattice 

strain of the {0002} GF increases rapidly with the increase in the applied stress; it should be 

remembered that there are always new contributions to the {0002} GF with increasing deformation 

due to the growth of old twins and/or nucleation of new twins.  

 

Figure 8-7 Lattice strain developments of individual grain families in RD sample during 

compressive test, (a) along the LD and (b) along one of the ND.   
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Along the PD, the plastic anisotropy of the α phase under compression is less than that under 

tension, compare Figure 8-7 (b) and Figure 8-5 (b). At an applied stress of about -500 MPa along 

the LD, most GFs start to deviate from linearity. Similar to the case of the tensile RD sample, 

{0002} GF departures positively and the other α phase GFs deviate negatively until -581 MPa. At -

581 MPa, the difference between the lattice strain of the {0002} GF and the {11 ̅0} GF is 2213× 

10
-6

. In the tension test of the RD sample, the lattice strain difference along ND between these two 

GFs is 4695 × 10
-6 

at 583 MPa, which is more than twice as large as that in the compression test. 

That is, the type II internal stresses along the PD is smaller in the compression test than in the 

tension test. Since twinning is activated in grains with <c> axis perpendicular to the compressive 

axis at -581 MPa, the residual stress is relaxed, and all GFs of α phase tend to go back towards 

linearity except the {   ̅ } GF. The GFs from the β phase accumulate large lattice strain, 

presumably because they are hard to deform plastically.   

8.3.3.4  Compression along TD  

The lattice strain developments of individual GFs in the TD sample along the LD and PD during 

the compression test are plotted in Figure 8-8 (a) and (b). The DLES of each individual GF is given 

in Table 8-1. Along the LD, the lattice evolution curves of α-GFs spread out significantly. The 

{10 ̅0}, {20 ̅1}, {11 ̅0} GFs deviate from linearity at the lowest applied stress (-434 MPa) 

simultaneously. They are followed by {10  ̅1}, {11  ̅2}, {10  ̅2}, {10  ̅3} and {0002} GFs 

sequentially (see Table 8-2). The lattice-strain evolution of some GFs are roughly superimposed, 

such as the GFs of {10 ̅0}, {20 ̅1} and {11 ̅0} below -760 MPa and the GFs of {11 ̅2} and 

{10 ̅2}. However some differences can still be seen amongst the {10 ̅0}, {20 ̅1} and {11 ̅0} GFs. 

The lattice strain curve of the {10 ̅0} GF becomes ‘zigzag’ between -678 MPa and -793 MPa. 

Above -790 MPa, the lattice strain is relaxed and decreases with the increased applied stress. 
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Nevertheless, the lattice strain of the {11 ̅0} GF increases with applied stress after -760 MPa. The 

lattice strain of {20 ̅1} GF decreases with applied stress after -539 MPa.  

 

Figure 8-8 Lattice strain developments of individual grain families in TD sample during 

compressive test, (a) and (b) along the TD and (c) along one of the ND.   
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phase GFs during the compression test. The {10  ̅3} and {0002} GFs deviate from linearity 

positively to accumulate more elastic lattice strain, after the yield of other α phase GFs. Especially 

for the {0002} GF, the elastic lattice strain reaches as high as -10286× 10
-6

, which corresponds to a 

an approximate lattice stress of -1080 MPa.  

As in the other three tests, the β phase is a strengthening phase. However we cannot tell which of 

the {0002} GF and the β phase is stronger, since a relatively large tensile lattice stress builds in the 
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plastic deformation. It is worth noting that there is some unusual behavior when the lattice strain in 

the {110} GF again increases rapidly above a stress of -829 MPa. 

Along the PD (ND in this case), the lattice evolution pattern of the individual GFs does not show as 

wide a spread as it did in the compressed RD sample. There is also a zigzag shape in lattice strain 

evolution of {0002} GF between -678 MPa and -793 MPa, which is opposite to that in the LD 

{10 ̅0} GF. While such zigzag strain changes are sometimes related to the initiation and growth of 

twinning [32] in this case it would presumably be in the {10 ̅0} GF along the LD; a similar 

phenomenon is not observed in the compressive RD sample. Further, as discussed before, the strain 

changes in the PD are very hard to interpret based on individual deformation mechanisms [31].  

The {11 ̅0} GF deviates positively to build tensile lattice strain until the end of the test, which 

forms a sharp contrast to its response in the RD sample during compression. A ‘kick back’ occurs 

in the β phase {200} GF at -702 MPa. 

8.4  Discussions 

8.4.1  Three dimensional average stress states 

During the tension tests, taking the RD sample(s) as example, the {11 ̅0} GF along the PD builds 

tensile lattice strain, and the {0002} GF along the PD accumulates compressive strain. The stress 

states of a grain are not uniaxial anymore but rather triaxial stress states occur, particularly in the 

plastic deformation region. Consider a grain with the orientation shown in the inset of Figure 8-9 

(with <10 ̅0>//RD, <11 ̅0>//TD and [0002]//ND), which is the main texture component in the RD 

sample, according to the inverse pole figures (Figure 8-3 (a)). Even though the crystals are in fact 

elastically anisotropic, we will for simplicity treat the crystal as an elastically isotropic continuum, 

neglecting the elastic anisotropy which is small compared to the plastic anisotropy. In this case, the 

stresses along three principal directions can be evaluated by Hooke’s law.  
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where   is the Poisson ratio which was assumed as 0.33 [33], and EGF is the DLES along the LD for 

a GF. It should be noted that this calculation will make very little sense for a weakly textured 

samples because the lattice strain obtained for each GF is an average of many grains with different 

orientations that happen to have one crystallographic plane parallel each other. However for a 

strongly textured specimen (as the case for this study), this calculation is more reasonable since 

there is a higher probability of having grains in such nominal orientations. The benefit of such an 

assumption it is that it allows a simple determination of the qualitative effects of the internal 

stresses generated along the PDs on the strength measured along the loading direction.  

 

Figure 8-9 The stresses along three orthogonal directions in the grain with the orientation 

shown in the inset of the figure and pulled along RD.   
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The calculated stresses along three principle directions using this assumption are plotted against 

engineering strain in Figure 8-9. The stress even more approximately evaluated with     , i.e., 

without considering the Poisson strains, is also plotted for comparison, labeled as along RD-2. It 

can be seen that before the yield point, these two methods fit very well, which means that using the 

second approach as a rough estimation of the yield stress of a GF is acceptable. However, after 

yield, the uniaxial assumption overestimates the stress along the LD before a macroscopic strain of 

0.8% but underestimates the stress after that. Along the TD direction, tensile stress builds up, and 

along the ND direction, compressive stress occurs. Consider that if prismatic <a> slip is to be 

activated during the deformation in the grains of this GF, the resolved shear stress (RSS) along the 

slip direction on the prismatic plane must exceed some critical value; it can be evaluated by  

    (       ) (8-4) 

where m is the Schmid factor. The RSS on the prismatic plane is also plotted in Figure 8-9. It 

decreases after yield and reaches a steady state. The calculated RSS is somewhat in contradiction to 

our typical understanding that cold work will cause an increase of the shear stress required to move 

dislocations. Probably the most famous and fundamental paper on work hardening is the paper 

presented by Taylor [34]. In Taylor’s paper the increase of shear stress is related to the interaction 

of dislocation pairs distributed on separated parallel slip planes. The shear stress required to move 

the dislocation pairs on a separated slip plane is found inversely proportional to the spacing 

between the two slip planes; this distance decreases with the increased shear strain because of the 

multiplication of dislocations during plastic deformation [35]. Even though the Taylor’s hardening 

law is derived from an elastic isotropic single crystal model without considering the effect of grain 

boundaries, phase boundaries and plastic anisotropy, it has also been applied in polycrystals to 

explain the work hardening phenomena [36]. More recently, a dislocation dynamics (DD) 

simulation based on Taylor’s law has given accurate prediction of complex deformation curves of 

face-centered cubic crystals and revealed the connection between dislocation mean free path and 
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work hardening [37, 38]. However, such work hardening models appear not to explain what is 

taking place in this orientation (shown in the inset of Figure 8-9) in this study of dual phase Zr-

Excel alloy, because the RSS on the prism plane actually decreases with engineering strain. 

Indeed dislocation related theories have also been used to explain many different kinds of softening 

phenomena in materials, such as the work softening in irradiated metals [39, 40] and nanostructured 

metals [41, 42]. The former is explained by the clearance of dislocation loops which act as 

obstacles for dislocation propagation, and the latter is believed to be due to the fact that plastic 

deformation may restore the dislocation structure and facilitate the yielding process in 

nanostructured aluminum. However a decreasing RSS on the prismatic plane in this study is not 

easy to explain, because no easy glide channel is observed in the deformed sample in the TEM, but 

rather a high density of entangled dislocations. The stress relaxation occurring during the strain 

hold may contribute to the decrease in the RSS observed. The lattice strain does relax during the 

strain hold, as shown in Figure 8-10 which compares the lattice strain calculated in minutes zero to 

three after the strain was held, with that collected from three to twenty minutes after the strain was 

held. However, the amount of lattice relaxation is small (mostly 3%-5%) making it unlikely to be 

responsible for all of the continuous decrease in RSS with plastic strain.    

Regardless of the mechanism for the reducing RSS, the 3D stress states of the selected grain 

orientation also reveals a work hardening mechanism for dual phase materials or polycrystals with 

strong plastic anisotropy which does not involve dislocation interaction model (Taylor model). The 

PD {0002} GF and the β phase are late to yield as stress is applied; compressive elastic lattice 

stresses build up due to their decreasing lattice strain along the PD. As a result, some orientations, 

like the PD {11 ̅ }, which are easy to deform tend to exhibit tensile internal stress. That tensile 

stress along the PD will influence the RSS on the slip plane at a given load along the loading 

direction as discussed above, thus those grains can take more load along the LD even though the 

RSS may be decreasing (i.e., work softening occurs). The boundaries which accommodate the 
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strain difference between plastically soft and plastically hard grains play an important role in this 

hardening mechanism. In the light of 3D stress state of the α grain, the estimated yield strength of 

the β phase in Table 8-2 (based on uniaxial stress state assumptions) is underestimated because a 

compressive lattice stress occurs along both of the PDs. Nonetheless it is clear that the β phase is 

much stronger than the α phase, so an accurate value of the β-phase yield stress is not critical; it 

would require micromechanical modeling to determine it. 

 

Figure 8-10 The lattice strain plotted against the engineering strain. The first run collects the 

data in the first 3 minutes during the strain hold and the second run in the following 17 

minutes.     

8.4.2 Deformation anisotropy and asymmetry 

The collected DLESs of the individual GFs are shown in the Figure 8-11. The DLSEs of most GFs 

under compression are lower than those under tension. This is consistent with the macroscopic 

elastic moduli of the TD and RD samples measured during tension and compression. However, one 
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would expect GF elastic stiffness to be the same for a given GF under tension and compression, 

based purely on bond properties. The difference noticed may arise either from experimental 

uncertainty or from the effect of thermal residual stresses, which will be discussed in more detail 

later. Under both tension and compression, the microscopic DLESs of individual GFs show very 

strong orientation dependence.   

   

Figure 8-11 The diffraction lattice elastic stiffness of individual grain families plotted against 

the angle between the diffraction plane’s normal to the <c> axis  

The distribution of lattice strain evolution of the α phase GFs reflects the plastic anisotropy of the 

hcp α-Zr crystal when loading along different crystallographic direction and also the intergranular 
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α phase GFs along the LD are relatively narrow during the tension tests but broad during 

compression tests. However, along the PD the reverse occurs, with a wide spread during tension 
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distribution of lattice strain evolutions as broad in the direction which is physically getting smaller 

but narrow along the direction getting larger, no matter how the sample is deformed and what the 

texture is. Similar phenomena have also been reported in Zircaloy-2 [43] and Zr-2.5Nb alloys [44, 

45]. Modeling using FEM coupled with EPSC partially captured this feature in a Zr-2.5Nb alloy 

[46]. The explanation of this phenomenon is the combination of the effect of the thermal residual 

stress on the yield of the individual GF [47] together with asymmetry in yield; which can be caused 

by twinning, by tensile/compressive asymmetry of pyramidal <c+a> slip [48] ( i.e. CRSS for <c+a>  

is higher under a compressive stress state than a tensile stress states ) or by asymmetry of basal <a> 

slip, as described in the case of dual phase hcp Ti alloys [49, 50].  

 

Figure 8-12 The yield stresses of individual grain families plotted against the angle between 

the diffraction plane’s normal and the <c> axis  
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Figure 8-12 shows the the micro-yield/yield stresses of individual GFs from the α phase, plotted 

against the angle (ϴ) between the diffraction plane’s normal and the <c> axis; the angles for the 

specific GFs are given in Table 8-3. It can be seen that the microscopic yield stresses for the GFs 

decrease with increase of the angle for the TD sample under compression, but change only slightly 

and non-monotonically during the tension test for the same sample. The yield stress of a GF is 

higher under the tension test than under the compression test when ϴ > 42°, but is lower when ϴ < 

42°. For the RD samples, all the GFs yield at a higher stress under compression than under tension, 

even though ϴ > 42° for all the GFs. The differential between the tensile and compressive yield 

stress of a GF for both the TD samples and the RD samples is less than 150 MPa except for the 

{0002} GF where the differential is as high as 516 MPa. The tensile test was carried out in strain 

control, and the compressive test in position control; this difference in loading type can cause small 

differences in the internal elastic strains, but the differences are negligible compared to the 

differences reported here between tension and compression [28]. 

Table 8-3 The angle between the diffraction plane’s normal and the <c> axis 

diffraction 

plane 
   ̅0    ̅0    ̅1    ̅1    ̅2    ̅2    ̅3 0002 

angle to <c> 

axis 
90° 90° 74.8° 61.6° 57.9° 42.7° 31.6° 0° 

 

The differential in the tensile/compressive yield stresses for the GFs other than the {0002} GF is 

presumably explained by the thermal residual stress, which are present in the original samples.  

There is variation in residual thermal stresses from sample to sample, due to slight variations in 

texture and/or cooling rate, and there is of course significant variation between grain families. 

However, a general trend can be seen (data not shown) that for the GFs of {10 ̅0}, {10 ̅1}, {11 ̅0}, 

{20 ̅1} and {11 ̅2}, the d-spacings are smaller in the TD samples than in the RD samples. This is 
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consistent with the relative magnitude of the thermal residual stress measured and discussed in 

detail for a single phase Zircaloy-2 alloy plate material [51] which has a similar texture to the Zr-

Excel plate used in this study. The -Zr is thermally anisotropic, i.e., the CTE of the <a> axis is 

lower than that of the <c> axis. Therefore, after cooling from the stress-free temperature, the <c> 

axis is under tension and the <a> axis is under compression. The magnitude of the thermal residual 

strains depends on the texture, the grain shape and any interaction with other phases. EPSC 

simulations for the single phase Zircaloy-2 showed that the {10  ̅ 0} GF always exhibits 

compressive strain, while the {0002} GF always exhibits tensile strains. However, the thermal 

residual stress is a little more complicated in the case of dual phase Zr alloys; the -Zr is has an 

isotropic thermal expansion with a magnitude roughly halfway between the -Zr <a> and <c> 

direction CTEs. Several lattice strain modeling studies have been done for Zr-2.5Nb alloys with 

different heat treatments and microstructures [45, 46]. In a weakly textured hot-rolled Zr-2.5Nb 

alloy the residual stress exhibits the same features as that of the single phase Zircaloy-2 [46]. In a 

strongly textured Zr-2.5Nb alloy, along the direction where the <10  ̅0> axis is preferentially 

oriented, the {10 ̅0} GF would have an initial tensile strain [45]. A simple and straightforward way 

to understand the effect of thermal residual stress is that the tensile residual thermal stress along the 

loading direction in a GF will promote the yield in that GF during a  tension test but delay the yield 

under a compression test, and vice versa. In this way, it is reasonable to see that in the TD samples 

the GFs with ϴ > 42° having compressive residual strains according to the simulation for a strongly 

textured Zr-2.5Nb dual phase alloy [45] yield at a higher load under compression than tension. 

However, the case in the RD samples is less straightforward. All GFs from the phase yield at a 

higher stress under compression than under tension. The simulation [45] showed that all the 

grains may have tensile residual stresses along this direction; it is perhaps contrary to common 

sense because the CTE along <a> axis is lower than that of the phase thus one would expect the 

grains to more readily evolve compressive residual strains. This reminds us of that the three 
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dimensional nature of thermal stresses must be taken into account and can make effects more 

complicated to interpret; a crystal plasticity model is required to capture such effects [11, 13], 

which is outside of the scope of this paper. In these studies, it appears that the compressive residual 

stress along one of the PDs can offset compressive residual stress along the loading direction and 

promote tensile deformation.  

The differential between tensile and compressive yield stress of the {0002} GF is too large to be 

explained by the thermal residual stress, even though the tensile residual strain in the {0002} GF 

may contribute partially to the differential. Other factors which can contribute to the differential are 

the fact that positive and negative strain along the <c> axis is accommodated by different 

deformation mechanisms (e.g. twinning vs slip), or by the proposed stress state dependence of the 

pyramidal <c+a> slip system [21, 48]. It has been reported that for textured polycrystalline 

Zircaloy-2 alloy when deforming uniaxially along the direction to which the <c> axis is 

preferentially oriented {10 ̅ } extension twinning controls the yielding for tension along the <c> 

axis, while, compressive {11 ̅2} twinning or pyramidal <c+a> leads to yielding under compression 

[21]. Later, crystal plasticity simulations showed that the stress required to activate {10 ̅ } tensile 

twinning is less than pyramidal <c+a> slip for Zircaloy2 and Zr-Sn alloys [32, 52, 53]. However, in 

our study, as seen in Figure 8-4, noticeable changes in the intensities of the {0002} and {10 ̅ } 

peaks are only seen after a strain of ~1.8% for the TD sample under tension, while the {0002} GF 

appears to yield at a strain of ~0.7%. This suggests that pyramidal <c+a> is the mechanism 

controlling the initial yielding of the {0002} GF under both tension and compression tests for the 

Zr-Excel alloy at room temperature at this loading rate. The yield differential of the {0002} GF 

between tension and compression again suggests a stress state dependence of pyramidal <c+a> slip. 

A stress direction dependence of pyramidal <c+a> slip has previously been applied in crystal 

plasticity modeling to explain the plastic deformation of hcp metals [46, 54, 55]. The reason for the 

tensile/compressive asymmetry of the pyramidal <c+a> slip was claimed to be due to the fact that 
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cross-slip of pyramidal <c+a> can occur readily during compression along the <c> axis, but not 

when tension is along the <c> axis for a Ti-6Al-4V alloy; hence tension along the <c> axis exhibits 

a lower yield stress [48, 56]. In our study, TEM investigation has shown that the <c+a> dislocation 

structures vary from grain to grain dependent on the grain size, orientations and constraint imposed 

by the neighboring grains. However, a general trend still can be found that when the <c> axis is 

under extension, the <c+a> dislocations are mostly screw in nature, and they do cross-slip as shown 

in Figure 8-13 (a) and (c); A few edge {11  ̅ }<   ̅ > dislocations might be seen as their 

dislocation lines are in the basal plane in Figure 8-13(a).  However when the <c> axis undergoes 

contraction, the <c+a> dislocations are edge dislocations in nature or mixtures of edge and screw as 

seen in Fig 13(b) and (d). Screw dislocations will more readily cross slip than the edge dislocations.  

It has been claimed for Zr, Ti, and their alloys that when uniaxially deformed along the <11 ̅ > or 

<10 ̅ > direction, the main deformation mechanism is prismatic <a> slip [8, 48, 56-58]. However, 

in polycrystalline alloys, pyramidal <c+a> must still be activated even when prismatic <a> slip is 

orientationally favored, due to strain constraints imposed by the neighboring grains, i.e., that the <c> 

axis must extend or shrink to fulfill the local strain compatibility as seen in Figure 8-13 (a) and (c). 

This important observation was not reproduced in the numerical simulation for the Zircaloy-2 alloy 

with elastic-plastic self-consistent (EPSC) crystal plasticity model [32], though it is perhaps better 

reproduced when using crystal plasticity finite element (CPFE) approach [59, 60] which can better 

account for local conditions.  

In summary of the above discussion, it can be concluded that in this Zr-Excel alloy when the <c> 

axis experiences an extension strain the pyramidal <c+a> slip activates at a stress level perhaps 

lower than but at least close to that for the prismatic and basal <a> slip; however, when the <c> 

axis undergoes contraction strain, the pyramidal <c+a> slip activates at a stress almost two times 

higher than the prismatic and basal <a> slip; this difference is due to the thermal stress and the 
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strain path dependence of pyramidal <c+a> slip. This anisotropy is a primary reason why we see a 

strain path dependence on the deformation anisotropy.    

 

Figure 8-13 The structure of <c+a> dislocations in different grains in the compressed TD 

sample. The <c> axis experience expansion in (a) and (c), and undergoes contraction in (b) 

and (d). All the micrograph are imaged under g = 0002 two beam condition.  In (a) and (c), 

the <c+a> dislocations are parallel to the slip plane when the slip plane is edge on and are 

entangled in the slip plan when the slip plane is not edge on.  They are most screw dislocations 

in nature, while a few edge dislocations habiting on the {11 ̅2} plane still can be seen (the 

short straight line parallel to the basal plane trace). In (b) the dislocations are mostly edge 

dislocations in nature, mostly on {10 ̅1} plane, while in (d) mixed screw and edge dislocations 

are observed, more fraction of edge {11 ̅2} <c+a> dislocations are seen.  
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 For a long time, the effect of texture or orientation on the mechanical properties of polycrystalline 

hcp metals [10, 21, 61] was studied with mechanical tests of samples of different initial textures and 

post-deformation microscopic characterization. The yield strength differential between the sample 

with more grains having their [0002] poles preferentially oriented to the LD and the sample with 

more grains whose <11 ̅0> or <10 ̅0> poles preferentially are oriented to the LD is commonly 

interpreted by the activation of different slip systems. That is, the CRSS for <c+a> slip or twinning 

is higher than prismatic slip [10, 54, 55, 61, 62]. This is true for both single crystals and 

polycrystalline zirconium and titanium alloys [8, 58, 63], and also can be seen in the compressed 

TD sample in this study, but not the case for the tensile TD sample in this study.  

The decreased ratio of CRSSs between the pyramidal <c+a> slip to prismatic <a> slip in the tensile 

TD sample could be attributed to the effect of the alloying elements (Sn, Fe) and impurities (O and 

H).  An in-situ neutron study of the Zr-Sn alloys with Sn content varying from 0.15% to 1.2% 

showed that increase of Sn can decrease that ratio, although that paper did not consider the 

extension/contraction asymmetry of pyramidal <c+a> slip [52]. Another study on micro-pillar 

deformation of α-Ti directly showed the strong hardening effect of oxygen interstitial atoms on the 

screw prismatic <a> dislocations, but did not investigate the <c+a> dislocations [64]. Those 

incomplete findings suggest that the alloying elements do change the relative ease of the operation 

of different slip systems for the hcp metals; however, further systematic study is needed to achieve 

a better understanding. 

8.4.3  Anisotropy in work hardening 

Many studies have shown that {10 ̅2} extension twins in hcp metals (Zr, Ti, and Mg alloys) can 

enhance the work hardening rate by reorienting the lattice to a plastically harder orientation and 

inducing interfaces as barriers for subsequent dislocation slip [65-70]. However, in our study, the 
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compressed RD sample where {10 ̅2} extension twinning occurs exhibits very low strain hardening; 

while the RD sample pulled in tension (where no twinning occurs) shows a considerable work 

hardening. Similarly for the TD samples, {10 ̅2} extension twinning occurs under tension but does 

not induce an increased work hardening effect. The failure to induce work hardening by {10 ̅2} 

extension twinning can presumably be explained by the easier activation of the pyramidal <c+a> 

slip system when the <c> axis undergoes extension. Therefore, the work hardening asymmetry of 

the RD and TD sample under tension and compression instead demonstrates the work hardening 

asymmetry of pyramidal <c+a> slip, that is pyramidal <c+a> slip has more hardening potential 

under compression than under tension. This idea actually has been applied in crystal plasticity 

modeling for hot rolled Zr-2.5Nb alloy with great success [46].  

This idea is much clearer when plotting the lattice strain evolution of the GFs under these two 

deformation modes in one figure as shown in the Figure 8-14 and Figure8-15 for RD and TD 

samples, respectively. For the RD samples, it can be seen that after the lattice relaxation during the 

yielding, the lattice strain of all the GFs from the α phase increase significantly under tension, 

however, in the compression test, only the {10 ̅1}, {11 ̅0}, and {11 ̅2} GFs which account for a 

small proportion of the grain population, accumulate lattice strain upon an increase of macroscopic 

strain, though to a lesser extent than in the tensile RD sample (see Figure 8-14). The difference in 

the behavior of the {10 ̅0} GF along the LD between tensile and compressive loading is related to 

some extent to a radical difference in the lattice evolution in the {0002} GF along the PDs (as seen 

Figure 8-5(b), (c) and Figure8-7 (b)). The large increase in the lattice strain of those GFs under 

tension could also be partially explained by the internal stresses along the two PDs, as has been 

discussed in section 4.1. For the TD samples, the {0002} and {10 ̅3} GFs experience significant 

work hardening under compression but relaxation under tension as shown in the Figure 8-15. This 

is direct evidence for the work hardening asymmetry of the pyramidal <c+a> slip system. 

Combining all the samples in this study, one can summarize that no matter whether under tension 
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or compression loading the overall strain hardening is strongly correlated to the proportion of the 

grains whose <c> axis tends to become shorter. The higher the proportion, the higher is the amount 

of work hardening as observed in the tension RD sample and the compressed TD sample. When 

correlating the work hardening asymmetry to the microstructure of the <c+a> dislocations, it seems 

that increased dislocation density and dislocation entanglement without forming dislocation cell 

structure (see Figure 8-13 (a) and (c)) is less effective in inducing work hardening unless 

dislocations are piling up at grain boundaries or obstacles (as shown in Figure 8-13 (b)).  

 

Figure 8-14 The lattice strain evolution of the individual GFs in the RD samples under tension 

and compression tests.  
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Figure 8-15 The lattice strain evolution of the individual GFs in the TD samples under tension 

and compression tests 
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of gliding dislocations and obstacles, or dislocation free path, i.e., effectively a ‘composite 

hardening’ due to load transfer. The thermal residual stress has significant effects on the 

macroscopic yielding of the sample but also the microscopic yielding of individual GFs. The {0002} 

GF exhibits substantial asymmetry when undergoing tensile and compressive strains, in terms of 

yield stress and work hardening behavior, which is believed to be due to the different pyramidal 

<c+a> dislocation structures developed under these two different strain paths. The reason behind 

this phenomenon in this alloy is different from what has been previously reported in Ti-6Al-4V 

dual phase alloys. It indicates that an increased dislocation density and dislocation entanglement 

that does not form dislocation cell structure probably does not effectively induce work hardening, 

unless dislocations are piling up at grain boundaries or obstacles.  
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Chapter 9  

The stability of thermodynamically metastable phases in a Zr-Sn-Nb-Mo 

alloy: effects of alloying elements, morphology and applied stress/strain  

Abstract  

The transformation and/or presence of metastable β and ω phases are critical in the strength of 

many Zr and Ti alloys. In this paper, a dual phase Zr-Sn-Nb-Mb alloy was studied with TEM after 

thermal treatment and high temperature tensile deformation. Plate and pressure tube material, 

manufactured through different processing routes, were used in our study. The overall average 

concentrations in the β grain of the β phase stabilizers (mainly Mo and Nb) are higher in the 

pressure tube sample than in the plate sample. The subsequent responses of the β and ω phases in 

these two types of samples revealed that these concentrations have significant effects on the 

stability of the β and ω phases as well as on the precipitation behavior of the α phase from the β 

phase. That is, the higher the concentrations the more stable the β and ω phases are, and hence the 

fewer tendencies there are for precipitation of α phase. Aging treatments cause the transformation 

of athermal ω to isothermal ω, which is not surprising. The most striking finding is the product of 

the decomposition of the isothermal ω particles during aging treatment is determined as not being α 

phase, even though the structure of it is as-yet not fully determined. The non-uniform morphology 

of the β grains in the plate material provides a unique opportunity to investigate the effects of 

morphology on the aging response of the β phase. It was found that thin β filaments suppress the 

precipitation of isothermal ω particles but enhance the precipitation of α phase at α/β interfaces. 

The effect of the Burgers orientation relation between α and β grains on the precipitation of the α 

phase at the α/β interface is discussed. Applied high temperature stress/strain has been found to 

enhance the decomposition of isothermal ω phase but suppress α precipitation inside the β grains. 
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The suppression of α precipitation by applied stress/strain is discussed in terms of the ω assisted α 

precipitation. Implications of these findings to the in-service application of the alloy are discussed.  

Key Words: Zirconium alpha-beta alloy, ω phase stability, stress induced phase transformation, 

TEM 

9.1 Introduction 

Zirconium and titanium alloys which have β phase stabilizing alloying elements often also exhibit 

ω phase particles. Depending on the composition, ω phase can form either after quenching from the 

β-phase region (athermal ω particles) or during ageing of quenched material (isothermal ω 

particles) [1]. The composition dependence of the formation of athermal or isothermal ω particles in 

a Zr-Nb binary alloy was reviewed by Dey [2]. The presence of either athermal or isothermal ω 

particles can induce significant hardening [1, 3, 4]. The ω phase has also been reported to form by 

transformation of the α phase under high hydrostatic pressure in zirconium and titanium alloys [5-

7] and from the β phase under room temperature deformation [1, 8].   

The metastable ω phase can experience ω→α transformation under a thermal treatment, whether it 

is athermal or isothermal ω [3, 9-12]. Cheadle [3] established an isothermal phase transformation 

diagram for the Zr-19Nb binary alloy. The isothermal ω particles which form through aging of 

quenched β-Zr will eventually transform into the α phase through diffusion under thermal treatment 

at a temperature between 300 °C and 520 °C. The higher the temperature, the higher the ω→α 

transformation rate is. Above 520 °C, α phase can directly precipitate from the β phase. The 

morphology of the β phase can significantly change the β→ω transformation behaviour but does 

not significantly affect the stability of ω during an aging treatment [9]. However, the effects of the 

specific content of alloying elements and/or applied stress/strain on the stability of ω phase and the 

precipitation of α phase during aging treatments is still not well understood. These effects may 
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significantly affect the deformation behaviour or creep properties within a certain range of 

temperatures.  

Zr-Excel alloy (Zr-3.5Sn-0.85Nb-0.85Mo in wt. %) has been considered as a future pressure tube 

material for Generation IV CANDU Supercritical Water Reactor (CANDU-SWR) due to its high 

strength and good creep resistance [13-15]. Like its counterpart Zr-2.5Nb pressure tube material, it 

is a dual phase material which contains a majority of hcp α phase and a minority of bcc β-Zr. The 

chemical composition of the β-Zr in the Zr-Excel alloy is quite different from that in the Zr-2.5Nb 

due to the addition of another β stabilizing alloying element Mo [16]. Our previous in-situ neutron 

diffraction study on the deformation of a Zr-Excel warm rolled plate material revealed that the high 

strength of the alloy is attributed to increased strength in both the α phase and β phases [17]. The 

strength in the α phase is due to solution strengthening by Sn [18, 19], while the strength in the β 

phase may be caused both by solution strengthening due to Mo [20] and the formation of athermal 

ω particles in the β phase. In this paper, Zr-Excel plate samples which have been in-situ uniaxially 

deformed on a time of flight (TOF) neutron diffractometer at 400 °C and pressure tube samples 

were investigated with transmission electron microscopy (TEM). The stress enhanced 

decomposition of the ω phase correlates well to the atypical large stress relaxation of the β phase 

above a certain stress [17]. 

9.2 Materials and Experiments 

The first material used in this study is as-received Zr-Excel alloy plate with a 14 mm thickness  and 

manufactured by warm rolling in the high α phase field, followed by heat treatment in the low α+β 

phase field (designated as AR-plate hereafter). Although this results in an atypical microstructure 

for applications, it affords us an interesting opportunity to study the influence of elemental 

segregation. The nominal composition of Zr-Excel alloy is 3.5wt% Sn, 0.8wt%Nb, 0.8wt% Mo, 

1100 wppm O, 1000 wppm Fe and ~20 wppm H. Samples from the AR-plate were deformed in 
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uniaxial tension along the original parent plate rolling direction (RD) or transverse direction (TD) 

to a strain of about 10% at 400 °C in an in situ TOF neutron diffractometer; more details can be 

found in [17]. The whole tensile test lasted about 10 h. For comparison, pieces of as-received plate 

material were aged in a furnace at 400 °C for 6.5 h or 24 h (designated as HT-plate hereafter). 

During heat treatment the samples were wrapped in steel bags and protected from oxidation in a 

flowing Argon atmosphere. The second material used is Zr-Excel alloy as-received pressure tube 

(AR-PT) material which has been processed with a different procedure [16] and has isothermal ω 

particles inside the β-Zr grains. A sample of PT material was also annealed for 24 h at 400 °C 

(designated as HT-PT sample hereafter), using the same procedure as the plate material.  

TEM samples were prepared by traditional twin jet electropolishing. Slices used for TEM samples 

were cut from cross-sections perpendicular to the loading direction and also in a Poisson direction. 

These slices were ground down to 100 μm thick with sandpaper and then punched to 3mm standard 

TEM discs with a Gatan slice puncher. Electropolish was carried out with a Tenupol-5 twin-jet 

electro-polisher using an electrolyte of 10% perchloric acid in 90% methanol at -42 °C. The 

temperature of the electrolyte was kept constant by an external cryo-cooler. The TEM 

characterization was carried out on an FEI Technai OSIRIS STEM/TEM. The orientations of grains 

and phases were determined by Kikuchi patterns (KPs) given in STEM microprobe mode; with a 

camera length of 115 mm for recording the Kikuchi pattern. The elemental distribution and 

partitioning was characterized at STEM mode with four super X-ray spectrum detectors which 

allow fast acquisition of X-ray spectrum and enable detection of the trace elements with 

concentration as low as 0.02% when using an FEI low background TEM holder.    
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9.3 Experimental results 

9.3.1 As received plate material 

The microstructure and elemental maps of the as-rolled plate were characterized with Chemi-STEM 

EDX as shown in Figure 9-1. The diameter of the β grain ranges from 0.5 ~ 4 μm. The β grains 

have either an equiaxed or elongated morphology. The β phase exhibits high concentration of β 

phase stabilising alloying elements such as Nb, Mo and Fe; while the α phase is enriched with Sn, 

an α phase stabiliser. ω phase particles were observed in the equiaxed β-Zr grains (see Figure 9-2 

(a)) but there is no elemental partitioning within the β phase (data not presented due to space 

limitations). According to the selected area diffraction pattern (SADP) on the        zone axis, 

there is an orientation relationship (OR) between the ω and β phases, which has been previously 

reported [1, 5],             ̅    and   ̅             . In combination with the 

morphology of the ω phase particles and elemental distribution, it can be inferred that the ω 

particles are athermal in nature and form through quenching from the α+β region. However, the size 

of these ω particles is larger than the athermal ω particles typically reported in the literature [21-

23]. The aging treatment after the α+β quenching presumably caused a growth of these ω particles. 

However, because the typical cuboid isothermal ω particles have not formed, we still refer to these 

particles as ‘athermal’ ω particles. 
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Figure 9-1 The Chemi-STEM elemental maps of the AR-plate material showing the elemental 

distribution and partitioning between the α phase and β phase.  

 

Figure 9-2 Three types of β grains in the AR-plate samples. (a) The equiaxed β grain with 

only athermal ω precipitates inside (the inset SAD pattern was taken on        zone axis).  

(b) The equiaxed β grain with both ω particles and α’ martensitic plates inside. (c) The 

elongated β grain with athermal embryonic ω particles (see the inset dark field image) 

exhibits diffused SADP taken on        zone axis.      
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The morphology and microstructure of the β grains are not uniform. There are ~13% β grains with 

α plates precipitated inside them, as well as the athermal ω particles. High resolution Chemi-STEM 

elemental mapping shows that Nb and Mo are a little bit depleted in the α plates compared with the 

matrix (data not presented here), but the concentration of these alloying elements in the α plates is 

much higher than their thermodynamic solubility in the α phase. These plates have hcp crystal 

structure. This indicates that these plates might be α’ martensite phase. The coexistence of athermal 

ω phase with α” orthorhombic martensite has been reported in Zr-Excel alloy after quenching from 

800 °C [24], but the coexistence of ω phase with α’ is less expected, according to the continuous 

cooling transformation (CCT) diagram of the Zr-Nb binary alloy [25]. One of the possible reasons 

is that formation of the α’ phase occurs as a transition stage during an α→α+β transformation 

during a short annealing treatment after quenching [25]. In the AR-plate material, for most of the β 

grains (~90% of them), there is no α precipitation at the α/β phase boundary. The occasional α 

precipitate at an α/β interface is less than 50nm in width. 

In the elongated β grains, no obvious precipitation was observed in TEM bright field. The SADP on 

the        zone axis shows diffuse streaks. These diffuse streaks have been considered to be 

characteristic of the initiation of the formation of athermal ω particles in ω-forming alloys through 

quenching from the β field [25]. However, in alloys with high solute content, the β phase can be 

retained after quenching from the β field temperature, and no ω-like fluctuation could be seen in the 

as quenched β phase [2]. The as-quenched β phase in these high solute content alloys also showed 

diffuse streaks in the SADP along the        zone axis, and those diffuse streaks disappear 

gradually during aging at intermediated temperature with the formation of isothermal cuboidal ω 

particles [2]. Recent studies showed that the formation of the embryonic ω particles during the 

annealing treatment for as-quenched near-β titanium alloys also shows similar streaks in the SADP 

of the β phase [26-28]. In the study reported here, very small ω particles with average diameter 

about 1 nm were observed in TEM dark field imaged with the streaks. The small ω particles form 



 

  253 

 

rows which are parallel to        direction, which is thought to be the origin of the diffuse 

streaks in the SADP [23]. This is a typical morphology for athermal ω particles in the as quenched 

β phase [22]. The quantitative X-ray spectrum analysis shows no obvious difference in elemental 

content between equiaxed and elongated β grains (data not presented here). The difference in the 

size between the ω particles in the equiaxed and elongated β grains therefore indicates that the 

morphology of the β grain has a significant effect on the precipitation behaviour of the ω particles 

during the manufacturing process.  

 

Figure 9-3 The chemical composition of the β phase in the AR-plate samples and the AR-PT 

samples 

The concentrations of alloying elements in β grains in the AR-PT samples and AR-plate samples 

are plotted in Figure 9-3. It can be seen that the concentrations of Nb and Mo in the β grains in the 

AR-PT sample are higher than that found in the AR-plate sample, while the concentration of Sn 

which stabilizes the α phase is lower. 
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9.3.2 Heat treatment at 400 °C 

Figure 9-4 shows the microstructure of the three types of β grains in the plate material which has 

been heat treated at 400 °C for 24 h (24 h HT- plate). There are four features which can be observed 

after the heat treatment. Firstly, the athermal ω particles turn into isothermal ω particles with an 

elemental separation (see Figure 9-4(a)). Secondly, α plates are observed in ~34% of the equiaxed β 

grains (see Figure 9-4(b)). In addition, some of the β grains where the α plates exist have ω particles 

partially or fully decomposed (see Figure 9-4 (b) SADPs for the area 1 where the diffraction spots 

from one ω variant disappear and the area 3 where all the diffraction spots from the ω disappear) 

and form a new phase giving diffraction spots pointed at by the arrow in the SADP for area 3, 

which will be further discussed in section 9.3.3. Thirdly, the elongated β grains do not experience 

precipitation of isotheral ω particles during the aging treatment (see Figure 9-4(c) and the 

corresponding SADP). Lastly, ~40% of β grains have α precipitation at the phase boundary (see 

Figure 9-4(a) and (c)). 
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Figure 9-4 Three types of β grains in the 24 h HT-plate samples. (a) The equiaxed β grain 

with only cuboid thermal ω precipitates inside, and the corresponding        zone axis SADP 

was shown below. (b) The equiaxed β grain with both ω particles and α plates precipitating 

inside, and        zone axis SADPs for different areas are given below. (c) The elongated β 

grain with no isothermal ω precipitate inside shows diffuse streaks in the        zone axis 

SADP.       

Figure 9-5 shows the STEM high angle annular dark field (HAADF) images of the β grains having 

α phase precipitating at the α/β phase boundary and the crystallographic orientations of the β grains 

and their surrounding α grains. According to the Burgers relationship (BR) between the orientation 

of the α and β phases, that is (   )   (    )  and    ̅         ̅   , there are 12 

variations of the orientation relationship (OR), as shown in the Figure 9-6 where the variants are 

pointed at by arrows. The triangle shaped β grain in Figure 9-5(a) has three neighbouring α grains. 

As can be seen from the Kikuchi pattern (KP), the α grain 1 has BR with the β grain (see the variant 

indicated by the red arrow in Figure 9-6(a)). Further, α precipitation was observed at the BR 

boundary. The α phase at the phase boundary marked as #2 also has BR with the β grain and has a 

low angle misorientation with the α grain 1. However, grains 4 and 5 do not have BR with the β 

grain, no α precipitation was observed at these boundaries. 
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Figure 9-5 The precipitation of the α phase at the α/β interface in the 24 h HT-plate sample. (a) 

The α phase precipitation at an α/β interface of the equiaxed β grain, and the orientations of 

the α grains surrounding the β grain are given by KPs. (b) The lower row of figures show the 

α phase precipitation at the α/β interfaces of the elongated β grain and the orientations of the 

surrounding α grains. The two β grains are close to [110] zone axis.      
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Figure 9-6 The 12 Variants of the α-β Burgers relationship. Blue solid circles are for the 

crystallographic planes in bcc β phase, the red solid/open circles are for the crystallographic 

planes/direction in hcp α phase. 

The elongated β grain (or β filament) shown in Figure 9-5 (b) has two neighbouring α grains. The 

left one has BR with the β grain (according to the variant indicated by red arrows in Figure 9-6 (b)), 

while the right one does not. Unlike the previous case, α phase has precipitated on both sides of the 

β grain. On the left side, the α precipitate has a similar orientation to the left α grain and has BR 

with the β grain (as seen in KP 4 and KP 5). The α precipitate at the right boundary does not have 

BR with the β grain and has different orientation from the right side α grain, thus forming an high 

angle grain boundary (HAGB). In addition, the α precipitate at the phase boundary obeying the BR 

is wider that at the boundary not obeying the BR. In summary of the above observations, it can be 

concluded that the BR phase boundary between α and β and the filament morphology facilitate 

nucleation and growth of α phase at the boundary. The BR will be kept between the boundary 

precipitate and the β at the BR boundary, but not at the non-BR phase boundary.   
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Figure 9-7 The precipitation of the α plates in the β grain in 6.5h HT-plate sample. Figures (a-

e) show the STEM-HAADF image and the elemental maps in the β grain. (f) The HAADF 

image of the the α plates in the β grain at lower magnification. The SADPs and KPs of the α 

plates and the β matrix are given correspondingly. (g) The reconstruction of the SADP on 

       zone axis and the [   ̅    zone axis. 

 The isothermal ω phase is observed to be partially decomposed after 24 h annealing at 400 °C; it is 

important to know on what timescale this decomposition occurs. Figure 9-7 (g) shows 

Widmanstätten α plates precipitating inside a β grain within the 6.5 h HT-plate sample. The α plates 

are enriched with Sn and depleted in Nb, Mo and Fe. That is, the α’ martensite plates are 

transformed into α plates. All the α plates have BR with the β matrix (see the KPs in Figure 9-7). 

Isothermal ω phase particles were observed but no decomposition of the ω particles has occurred at 
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this annealing time (See the SADPs in Figure 9-7). This suggests that the decomposition of the ω 

phase particles which takes place in the 24 h HT sample occurs after the transformation β + 

athermal ω (+ α’ plates) → enriched β + α plates + isothermal ω.    

 

Figure 9-8 The ω particles in β grains in the AR-PT sample and the 24 h HT-PT sample. The 

SADP for (a) was taken on         zone and for (b) on        zone axis. 

Figure 9-8 shows the microstructure of the β grains in the AR-PT and HT-PT samples. Figure 9-8 

(a) shows the cuboid isothermal ω particles in the β grains in the AR-PT sample, which were 

produced at the stage of the stress relief treatment at 400 °C for 24 h during the fabrication of the 

tube [16]. After another 24 h annealing at the 400 °C, the ω particles neither grow nor decompose 

as happened in the 24 h HT-plate sample (see Figure 9-8 (b) and the corresponding SADP). That is, 

compared with the AR-plate samples, the ω phase is more stable in the pressure tube material and 

there are no Widmanstätten α plates observed inside the β grains. In addition, fewer than 10% of β 

grains have α phase precipitate at their boundaries in the 24 h HT-PT sample; the typical 

microstructure of the α/β phase boundary is shown in the Figure 9-8 (c). That means that the 

precipitation of the α phase inside the β grains or at the phase boundaries is suppressed in the 

pressure tube material. The different responses of the β grains and the ω particles under thermal 

treatment in these two different materials indicates the important effects of the concentrations of the 
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alloying elements (Mo and Nb) and the processing procedure on the stability of the ω phases the β 

phases, which are critical to the mechanical properties.   

9.3.3  Tensile deformation at 400 °C 

 

Figure 9-9 The typical microstructure of the β grain in the 400 °C tensilely deformed AR-

plate sample. (a) Bright field image, the SADPs are taken on        zone axis. (b) Dark field 

image taken from the spots pointed by an arrow in the SADP for area 1, 2 and 3. (c) STEM-

HAADF image for area3. (d) The morphology of residual ω particles. (e)  ω particles in 

elongated β grain.  

Figure 9-9 shows the typical microstructure of the β grains in the 400 °C AR-Plate sample 

deformed in tension (almost 90% equiaxed β grains have such a microstructure). The most 

significant feature is the extensive decomposition of the isothermal ω phase, as seen in the        

SADPs for the area 1, 2 and 3 in Figure 9-9 (a), where the diffraction spots from the ω phase have 

totally disappeared. At the area 4 in Figure 9-9 (a), the isothermal ω phase particles have partially 
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disappeared. As seen from the SADP for the area 4, only one of the two variants of the ω phase has 

disappeared. The morphology of the remaining ω particles has become irregular in shape (see 

Figure 9-9 (d)) rather than the cuboid shape which is a typical shape for isothermal ω in the Zr- 

Excel alloy. The decomposition of the ω phase has already been seen in the 24 h HT-plate sample 

(see Figure 9-4 (b) and SADP for b3). The phase produced from the decomposition gives a strong 

diffraction spot between (   )   and (  ̅ )   diffraction. The isothermal ω phase is expected to be 

transformed into α phase based on previous studies [3, 4, 29]. According to the OR between the ω 

phase and α phase, (   ̅ )   (    )  and     ̅              [7, 10, 12], and the OR 

between the ω phase and β phase, the α phase transformed from the ω phase should also have a BR 

with the β matrix. However, the new diffraction spots do not fulfill the BR relationship and actually 

do not match the diffraction pattern from any zone axis of the hcp α-Zr. This suggests that the phase 

produced by the decomposition of the ω phase is actually not α phase but some other phase; this 

phase ‘X’ has not been reported in the previous literature. Figure 9-9 (b) shows the dark field image 

of the X phase by selecting the diffraction spot indicated by the arrow in the SADP for area 1, 2 and 

3 under a two beam condition. The X phase has an irregular plate shape. Fig 9 (c) shows the 

HAADF image at area 3. Three phases are distinguished from the HAADF image, which are α 

phase (plates shape and marked as #1), β phase (marked as #2) and the X phase (marked as #3). 

The KPs taken under micro probe mode are given for each phase, marked with the corresponding 

number. It can be seen from the KP of the X phase that there are two zone axes close to each other. 

The KP of Z1 from the X phase almost superposes to the KP of the        zone axis. The 

diffraction spots from the X phase in the SADP actually arise from Z2. Another feature of the X 

phase is the fact that it thins much faster than α and β phases during electropolishing. This suggests 

that the electrochemistry properties of the X phase is quite different from the β phase and α phase. 

Unfortunately, the crystal structure has not yet been determined due to experimental difficulties 

even though many efforts have been made.  
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It should be noticed that the α plates are much less frequently observed in the 400 °C deformed 

sample than in the samples that had only been heat treated. Once the α plates form, either under 400 

°C thermal treatment or by applied tensile stress at 400 °C, they are unlikely be decomposed and 

transformed to another phase since they are equilibrium phase. This suggests that under the applied 

stress, the precipitation of further α plates seems to be suppressed. Figure 9-9 (e) shows the 

formation of isothermal ω phase in the elongated β grain. Compared with the thermal treatment 

only sample, where isothermal ω phase was not observed in the elongated β grains, the precipitation 

of isothermal ω phase in the elongated β grains are enhanced by the applied stain/stress. 

9.4  Discussions  

 

Figure 9-10 The percentage of β grains with different microstructures in different samples.  
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Figure 9-10 summarizes the fraction of the β grains with different microstructures in all the 

samples. There are no α plates observed in the β grains in pressure tube material even after heat 

treatment, while ~13% equiaxed β grains are observed with α’ plates inside in the AR-plate 

material. The heat treatment results in the precipitation of α plates in ~34% of the equiaxed β grains 

in the plate material, while ~10% of β grains in the deformed sample are observed with α plates 

inside. In addition, the pressure tube material has a much lower percentage of α phase precipitating 

at the phase boundaries under thermal treatment at 400 °C. The ω phase particles in the pressure 

tube are much more stable than those seen in the plate material under thermal treatment as the 

decomposition of the ω phase are observed in the 24 h HT-plate sample but not in the 24 h HT-PT 

sample. The applied stress or strain enhances the decomposition of the ω phase at 400 °C in the 

plate material. Based on those observations the phase transformation in the β grains in the plate 

material and pressure tube material under thermal treatment or high temperature deformation are 

concluded as following: 

In the plate sample under thermal treatment at 400 °C, 

             (  )                                             

                        (in equiaxed   grains only) or  

                (        )               /  (        )              

In the plate sample under tensile deformation at 400 °C, 

             (    )                          ( )  

                                ( )                          

In the pressure tube material,  
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These different phase transformations indicate the effects of alloying elements, morphology and 

applied stress or strain on the stabilities of the metastable phases and the transformation behavior of 

the   phase.  

9.4.1  Effects of alloying elements 

The effects of alloying elements on the stability of the bcc β phase in Zr and Ti  binary alloys 

containing β stabilizer have been well documented [2, 25]. For Zr-xNb binary alloy, if x < 7% α’ 

martensite will form upon quenching the alloy from the β field; if 7% <  x < 18%, β + athermal ω 

will form after quenching; while the β phase will be retained to room temperature if x > 18%. It has 

been concluded that the co-existence of α’/ α” with the ω is not common though it can happen 

under certain circumstances. With respect to Zr-xMo alloys, the α’ martensite was suppressed if x 

≥  3%, and the β can be fully retained if x≥  10% [30]. The alloying effects in ternary or 

multicomponent alloys could be much more complicated [31]; that is, adding another alloying 

element may significantly change the stability of the β phase. Systematic and quantitative effects of 

alloys on the stability of β phase, as indicated above for the binary alloys, are harder to establish in 

those complex alloys. A previous study on the phase transformation behaviour of Zr-Excel alloys 

showed that the content of 1.5 wt.% Mo and 1.4 wt.% Nb in the β phase is high enough to supress 

the β to α’ martensite transformation [24]. Instead the β phase transforms into a mixture of athermal 

hexagonal ω and a” martensite in a matrix of β-Zr phase. Compared with the Zr-Nb binary alloys, 

the addition of Mo significantly increases the stability of the high temperature bcc β phase.  

In our study, two types of equiaxed β grains are observed in the AR-plate sample, one with α phase 

inside (in form of α’ plates), one without. Quantification of Chemi-STEM X-ray spectra shows that 

the concentration of the Mo and Nb in the β grains with α’ plates inside is lower than that in the β 

grains without α’ plates insides. This indicates that the higher the concentration of the β phase 

stabilizers, the more stable the ω phase during subsequent aging treatment. In other words, the 
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temperature where the α phase forms directly from β phase (   ) in the time-temperature-

transformation (TTT) diagram increases with increasing concentration of the β phase stabilizers. 

This is consistent with the comparison between the AR-plate sample and AR-PT sample (see Figure 

9-7 and Figure 9-8). 

Recently, several studies have been carried out to investigate the role of ω phase on the nucleation 

and precipitation of α phase in near-β Ti alloys [9, 26-28, 32, 33]. It has been established that it is 

the isothermal ω particles rather than thermal or athermal embryonic ω particles that assist the 

transformation to α directly. In our study, during aging the AR-Plate sample, we see a higher 

fraction of β grains with α plates inside. Two mechanisms could be considered with respect to the 

precipitation of α phase in the β phase in our study. First, the α phase can form by consuming the 

isothermal ω particles through the transformation of β → β + isothermal ω → α + β. Second, the α 

phase can precipitate out directly from the β phase with the assistance of the isothermal ω, i.e. β 

            
→               . Since the Widmanstätten structure is formed (see Figure 9-7), it can be inferred 

that the second mechanism dominates the precipitation of the α plates. The first mechanism may 

also happen if the ω particles are located in the way of the propagation of the α plates.      

The precipitation of the α phase can also be facilitated by the α/β phase boundaries. Firstly, the 

phase boundaries provide favourable nucleation sites. Secondly, the interfacial energy does not 

increase as much as would be the case for precipitation inside the β grains. Thirdly, phase 

boundaries provide a fast diffusion path. During the precipitation of the α phase, there is an 

elemental separation at the phase boundary. The β stabilizers are ejected to the β side, and Zr and 

Sn are ejected to the α side. Since the phase boundary is a fast diffusion path, the α phase at the 

boundary probably propagates parallel to the phase boundary and grows by a ledge mechanism. 

The growth of the α phase results in lateral migration of the phase boundary toward the inside of 

the β grain. 
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Comparing the response of the ω phase particles in the AR-PT and AR-plate under thermal 

treatment, it can be seen that the stability of the ω phase particles are significantly correlated to the 

overall average concentration of Mo and Nb in the β grains. This correlation can be understood by 

the formation of the isothermal ω phase. Since isothermal ω phase is depleted in Mo and Nb 

compared to the athermal ω particles / β phase, during the formation of the isothermal ω particles 

from athermal ω particles, Nb and Mo are ejected out from the ω phase. The composition of the 

athermal ω is considered to be the same as that of the β matrix, however, the composition of 

isothermal ω depends on the annealing time and temperature [1, 29]. It was believed that during the 

aging treatment the isothermal ω will eventually reach a pseudo-equilibrium composition which is 

independent of the initial composition of the β phase. The pseudo-equilibrium composition of the 

isothermal ω is not established for Zr-Sn-Nb-Mo alloy. However, it is reasonable to assume that it 

takes longer time to reach the pseudo-equilibrium composition in higher Mo and Nb content β 

phase. Two reasons should be considered. First, to reach a pseudo-equilibrium composition the 

required change in the composition is greater in higher Mo and Nb content β phase. Second, the 

high content Nb and Mo may lower the diffusion rate of the vacancy point defects which are the 

medium for self- and substitutional atom diffusion. These effects will be further discussed in 

section 9.4.3. 

9.4.2  Effects of morphology and orientation  

The morphology of the β grain has significant effects on the precipitation behavior of the 

isothermal ω particles. The elongated morphology suppresses the precipitation of the isothermal ω 

particles (see Figure 9-4 (c)). A similar phenomenon has also been noticed by Griffiths [9] in Zr-

2.5Nb pressure tube material during annealing at 500 °C. The effect of the morphology of β can be 

explained by the presence of a zone denuded of isothermal ω particles close to the α/β phase 

boundary as shown in Figure 9-11. The formation of the denuded zone may be caused by the 

decrease of the concentration of the vacancy point defects near the phase boundary due to the 
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strong vacancy sink strength of the phase boundary [9]. The depletion of the vacancy point defects 

will limit the precipitation of isothermal ω. The elongated β grain has a very high ratio of interface 

to volume; therefor the concentration of freely migrating vacancy point defects is much lower in the 

β filament than in the equiaxed β grain. It should be noticed that isothermal ω particles were 

observed in the β filament in the Zr-2.5Nb pressure tube after 24 h thermal treatment at 400 °C [9], 

but not in the β filament in 24 h HT AR-plate in our study. This may reflect the fact that Mo is even 

harder to diffuse in Zr than Nb, or that it can decrease the diffusion rate of vacancies due to 

vacancy-solute atom (cluster) interactions, which is consistent with the fact that Mo can suppress 

grain growth and retard recovery and recrystallization of cold worked microstructures [34].  

 

Figure 9-11 The zone denuded of isothermal ω phase close to the phase boundary in the 24 h 

HT sample and AR-PT sample.  

The precipitation of the α phase at the α/β interface is influenced by the orientation relationship 

between the α and β. It is enhanced by the interface which fulfills the BR. This can be simply 

understood by the fact that the α/β interface which obeys the BR has minimum interfacial free 

energy [25]. Since the newly formed α at the α/β interface fulfilling BR has a BR with the β phase 
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and a low angle grain boundary with the α phase, the increase in interfacial free energy due to the α 

precipitation is very small, which facilitates α phase precipitation.  

9.4.3  Effect of applied stress/strain  

The effect of applied stress/strain on the stability of ω phase has been little studied. It was 

suggested that the applied stress may promote ω phase formation rather than suppress it [9]. In our 

study it was found that the decomposition rate of the ω particles is enhanced by the applied 

stress/strain (see Figure 9-10) and that the precipitation of the ω phase is enhanced in filament β 

grains (see Figure 9-9 (e)). Since the decomposition of ω particles also occurs under heat treatment 

with the absence of an applied stress, it can be inferred that the ω particles decompose through the 

process of diffusion even though the product, phase X, has not been determined. The enhanced 

decomposition rate of ω particles under applied stress/strain may be caused by plastic deformation 

induced dislocations in the β grain which enhance the diffusion rate significantly by providing fast 

diffusion paths. This is consistent with the quantitative EDX results that show the overall average 

concentration of Mo and Nb in the β grain with ω particles partially decomposed is higher than in 

the β grain with ω particles fully decomposed, since the increased concentration of Nb and Mo may 

decrease the diffusion rate of vacancy point defects [9]. The enhanced diffusion rate caused by the 

applied stress/strain also accounts for the precipitation of the isothermal ω particles in the β 

filament in the 400 °C deformed plate sample.  

The precipitation of Widmanstätten α plates in the deformed sample is suppressed in the tensile 

deformed sample. As has been pointed out before, the precipitation of the Widmanstätten α plates is 

assisted by the isothermal ω particles, as has been recognized in β-Ti [27, 28].  Oxygen enrichment 

at the semi-coherent isothermal ɷ/β interfaces is thought to play a dominant role in the ω assisted 

transformation to α since O is an α phase stabilizer [27, 28]. The suppression of α plates by applied 
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stress/strain suggests that the O segregation at the ɷ/β interfaces has been changed by the applied 

stress/strain thus not favoring the precipitation of α phase.  

9.4.4  Implications for industry 

 

Figure 9-12 Lattice strain development of individual grain families in the AR-Plate sample 

during tension test along the rolling direction at 400°C measured by in-situ TOF neutron 

diffraction. The lattice strain is measured along the loading direction [17].  

Even though the phase produced by the decomposition of isothermal ω phase during aging is not 

determined, the applied stress/strain enhanced decomposition of ω phase is believed to be 

responsible for the lattice relaxation of the β phase that occurs during tensile deformation, and 

which has been measured by in-situ time of flight neutron diffraction, as seen in Figure 9-12 (refer 

to [17] for more details). That is, the stability of the ω phase as a strengthening phase is critical for 

the mechanical behavior of the β phase at high temperature. Our study shows that the stabilities of 

the β and ω phases are strongly affected by the concentrations of the β phase stabilizers. A previous 

study has shown that the contents of Mo and Nb in the β phase in Zr-Excel alloy after α+β 
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treatment is directly related to the heat treatment temperature. The higher the temperature, the lower 

the concentrations are. That means a selection of proper α+β treatment is very important for the 

fabrication of future pressure tube material.  

Conclusions  

In this study, the microstructures of β phase in Zr-Excel alloy pressure tube material and plate 

material in as-received condition, 400 °C aged condition and 400 °C deformed condition are 

examined with TEM. The elemental concentrations in the β phase were measured by EDX 

techniques. Furthermore, the variability in the morphology and elemental contents of the β phase 

provides us a unique opportunity to investigate the effects of alloying elements and grain 

morphology on the stability and phase transformation behavior of the metastable phases in this 

alloy. Several conclusions can be drawn from the TEM observations: 

1) The precipitation of Widmanstätten α phase in the β grain during aging at 400 °C is suppressed 

by a high concentration of the Mo and Nb.  The higher content of Mo and Nb seems to bring down 

the diffusion rate of the vacancy point defects and increase the α formation temperature. The α/β 

interface which fulfill the BR can facilitate the α phase precipitation at the phase boundary.  

2) The aging of the isothermal ω particles is suppressed in the β grains having filament morphology 

at 400 °C, due to the phase boundary sink for the vacancy point defects. However, applied 

stress/strain can enhance the precipitation of isothermal ω particles in the β filaments, due to 

increased dislocation density and subsequent enhanced diffusion.   

3) The stability of the isothermal ω particles is strongly correlated to the initial overall 

concentrations of Mo and Nb in the β grains. The isothermal ω particles in the plate material where 

β grains contain statistically less Mo and Nb are decomposed during aging at 400 °C after 24 h. The 

phase that is produced by this decomposition has been determined to not be α phase as we would 

have expected, although the crystal structure has not yet been identified.  
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4) Applied stress/strain enhances the precipitation and decomposition of the isothermal ω particles 

but suppresses the precipitation of the Widmanstätten α inside the β grain. This is attributed to the 

effects of the applied stress/strain on the diffusion rate and the O enriched region at ω/β interfaces.   
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Chapter 10  

In-situ TEM observation of the α to ω phase transformation in pure Zr 

and its alloy 

Abstract 

The metastable hexagonal ω phase has been widely reported in Zr and Ti alloys containing β phase 

stabilizers. Previously, it has been well established that the formation of ω phase from the β phase 

can occur through four distinct ways: quenching from high temperature, aging at intermediate 

temperature, application of high hydrostatic pressure or applying plastic deformation. However, the 

α to ω phase transformation has only been reported under high hydrostatic pressure or shock 

loading. In this study we report for the first time in-situ observations of an α to ω/ZrO phase 

transformation during annealing of thin foils of both pure Zr and a Zr-Sn-Nb-Mo alloy at 700 °C in 

a TEM. This ω/ZrO phase is retained after cooling to room temperature. The orientation 

relationship between the ω/ZrO and α phase has been identified as (   ̅ )   (    )  and 

    ̅              or (  ̅  )   (    )  and     ̅         ̅    depending on 

the orientation of the α grain. Dynamic observation of the nucleation and growth enables us capture 

the pathway for the α to ω transformation.   

Key Words: Zr-Excel alloy, ω phase, TEM, in-situ heating 

10.1 Introduction 

Metastable hexagonal ω phase has been widely reported in Zr and Ti alloys where the high 

temperature bcc β phase can be retained at low temperatures by rapid cooling [1-5]. The ω phase 

has been found to have significant effects on the mechanical properties (hardness [6, 7] and 

Young’s Modulus [1, 8]), level of refinement of the α grain size during precipitation from the β 

phase [9, 10] and superconductivity [11]. The occurrence of the ω phase in Zr and Ti alloys has 
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been reviewed in early literature [4, 5]. Generally speaking, the ω phase can form from either the 

hcp α phase or the bcc β phase. The β to ω phase transformation is reported to take place under four 

different conditions: 1) Athermal ω phase forms upon quenching alloys with a solute content close 

to the lower limit for the retention of the β phase from high temperature [12]; 2) Isothermal ω phase 

precipitates in alloys with a high solute content during ageing in the temperature range 100 to 500 

°C [6]; 3) Room temperature deformation induces the formation of ω phase in near-β phase alloys 

[1]; 4) high hydrostatic pressure can produce omega phase in near-β phase alloys [4]. Under certain 

conditions, α to ω phase transformation can occur even in pure zirconium and titanium. However, 

previous studies have shown that this transformation cannot be achieved except under high 

hydrostatic pressure [4, 13-15]. The α to ω phase transformation is of great interest because of a 

3~6 fold abrupt increase in yield strength [16, 17], and about 35% increase in the Young’s modulus 

[16, 18] as well as an increased superconducting critical temperature [11] at the α to ω transition 

pressure.  

The α to ω phase transformation in Zr and Ti under hydrostatic pressure has been regarded as a 

displacive transformation [14, 19-21]. The orientation relationship (OR) between the α phase and 

the ω phase is critical in understanding the martensitic nature of the transformation. However, there 

are still some discrepancies in the reported OR between the α phase and ω phase, even though many 

efforts has been made over recent decades with a variety of techniques including TEM [14, 22], in-

situ synchrotron diffraction [13, 17, 23, 24], and ab initio modeling [21, 25]. There are two 

orientation relationships which have been widely reported. The first one is (   ̅ )   (    )  and 

    ̅             [13, 14, 24]. This kind of OR requires three neighbouring close-packed 

atomic rows     ̅    displacing 1/12     ̅    in the basal plane (    )  and the next three 

parallel atomic rows displacing the same distance along the opposite direction [14]. This is the 

simplest atomic shuffling pathway to transfer the α lattice to the ω lattice. However, an ab initio 

calculation showed that the energy barrier for the α to ω transformation with this OR is actually 
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much higher than the other type of orientation relationship which is (  ̅  )   (    )  and 

    ̅          ̅     [21, 22, 25]. This type of OR involves the non-intermediary phase 

pathway of a complicated shuffling of 6 atoms in combination with a shear strain [21, 25]. 

Alternately, a composite pathway which involves α to an intermediary metastable β to ω has been 

proposed for this type of OR, but both the theoretical calculations and experimental results seem to 

rule out this possibility [21, 26]. Recently, an in-situ synchrotron X-ray study implied that both of 

these two ORs are active during the α to ω transition [17], while the factors which might determine 

the selection of ORs were not discussed. 

Due to the technological difficulties, until now there is still no direct observation of the α to ω 

phase transformation under high pressure which can solve the dispute as to OR between the α and ω 

phase and/or verify the proposed pathway for the α to ω transformation. In this paper, we report that 

the α to ω phase transformation can occur during annealing of thin foils of pure Zr and one of its 

alloys, at 700 °C under high vacuum (         Pa) in a transmission electron microscope (TEM). 

This demonstrates a strong effect of the foil thickness on the stability of the  phase. This 

phenomenon allows us to directly observe the nucleation and growth of the ω phase in the α matrix 

and investigate the orientation relationship between the two phases and the pathway for the 

transformation.  

10.2 Experiments 

Two types of materials were used in this experiment. One is warm rolled Zr-Excel alloy containing 

3.5wt% Sn, 0.8wt%Nb, 0.8wt% Mo, 1100 wppm O, 1000 wppm Fe and ~20 wppm H; more detail 

about this alloy can be found in [27]. The other material is a 1.27 mm 99.95% pure Zr thin foil 

containing 500 wppm Fe, and 700 wppm O, purchased from Alfa Aesar. The Excel alloy was 

compressed along the rolling direction (RD) by 9% while the thin foil was pulled along the RD by 

30%. Discs 3 mm in diameter (~100 micron thick) were made from the compressed Excel alloy 
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with the normal direction of the discs aligned to the RD, while from the deformed pure Zr thin foil 

they were produced with the normal direction (ND) of the discs parallel to the normal direction of 

the thin foil. The TEM foils were then prepared by traditional twin jet electropolishing in a 

Tenupol-5 using electrolyte of 10% perchloric acid in 90% methanol at -42 °C which was 

maintained by an external cryo-cooler. The TEM sample was loaded in a Gatan double tilt holder 

Model 625 which can reach a maximum sample temperature of 1000 °C. The in-situ heating was 

performed in a 200KeV FEI TECHNAI Osiris S/TEM microscope coupled with four super X-ray 

spectrum detectors. The TEM foils were heated to 700 °C by different pathways (directly heat up to 

700 °C or heat to an intermediate temperature, hold for 1 hour and then up to 700 °C); the α→ω 

phase transformation was observed after annealing for a while (10-30 minutes) at 700 °C. The 

nucleation and growth of the ω lath in the α grains were dynamically monitored under TEM bright 

field (BF) and dark field (DF). The Chemi-STEM elemental mapping was employed to analyze 

possible elemental redistribution associated with the α to ω transformation. This elemental mapping 

was performed after cooling to room temperature, using an FEI double tilt low background holder.  

10.3 Experimental Results 

Figure 10-1 shows snapshots of the ω lath growing in a twinned α grain in the Excel alloy during 

annealing at 700 °C. The twins are of the common {   ̅ }< ̅   > tensile twin often observed in 

hcp metals including Zr, when the <c> axis is subjected to tensile strain [28]. The matrix is oriented 

with the [   ̅ ] zone axis close to the normal direction of the thin foil, the twin with [0002] zone 

axis, which are shown in the corresponding Kikuchi patterns. The twin boundaries (TBs) are 

highlighted with red dash lines in Figure 10-1 (a). Two ω lathes (marked as A and B) and an ω 

nucleus (marked as C) are observed in the twin as shown in Figure 10-1 (a), which corresponds to t 

= 0 s. The ω laths are in edge-on condition, parallel to the (   ̅ ) prismatic plane and propagate 

along the [  ̅  ] direction. The lath B has crossed the TB, enters into the matrix and was diverted 

to another direction, which is parallel to the [0002] direction. The lath B in the matrix is not in the 
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edge-on condition and has an image width of about 60 nm. After 60 s, the nucleus grows to a thin 

lath more than 0.92 μm in length. The average propagating velocity is about 16 nm/s in the first 

minute after it starts to propagate. After the lath B crosses another TB and enters into twin 3, it 

turns back into the original propagation direction.   

 

Figure 10-1 Snapshots showing the growth of the ω phase in a twinned α grain in the Excel 

alloy. The twin boundary was highlighted with red dash lines in (a). The ω phase is indexed in 

(b). If we set t= 0 s at snapshot (a), then (b) and (c) correspond to t= 60 s and t= 180 s 

respectively. The Kikuchi patterns and selected area diffraction patterns are taken at matrix, 

twin of the α phase and the ω lath as well, which have been marked by corresponding 

numbers. It should be noted that in order to reveal the OR between the α and ω phase the 

selected area diffraction patterns from spot 3 and 4 are taken at the same orientation, and 

those from  spot 2 and spot 5 are taken at the same orientation.   

The OR between the α and ω phases has been determined. The Kikuchi patterns (KP) and the 

selected area diffraction pattern (SADP) are given below the snapshots. The supposition of the 

o 
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SADP from the α and ω phase are given beside the SADPs. It can be seen that in the twinned area 

where the [0002] direction is perpendicular to the thin foil the OR between the α and ω phases is 

identified as the Silcock relationship which is (   ̅ )   (    )  and     ̅             , 

while in the matrix oriented with the [   ̅ ] aligned to the normal of the thin foil the OR follows 

(  ̅  )   (    )  and     ̅         ̅   .  

 

Figure 10-2 Snapshots showing the nucleation of ω phase in the α phase in the pure Zr. The 

nuclei are arrowed in the first snapshot. 

In situ observations shows that the α to ω transformation first starts from an area near the edge of 

the foil hole and then propagates into a thicker area. This strongly suggests a significant thickness 

effect on the α to ω transition. However, the hole edge itself does not provide nucleation sites for 

the ω phase. The early nucleation of the ω occurs somewhere inside the α grain. Figure 10-2 shows 

several snapshots illustrating the nucleation of ω laths in the α matrix. The embryos (as pointed at 

by arrows at t=0 s) form first in the α matrix, with an image size in bright field of less than 20 nm 

and then appear to incubate for a while. After the incubation period, the embryo burst out (please 

see video) with a velocity of ~100 nm/s, propagating along two opposite directions (as seen in t = 

15 s and t = 23 s).  



 

  280 

 

 

Figure 10-3 Snapshots showing the growth mechanism of the ω lath in two different oriented 

α grains in pure Zr. The orientations are shown at the right end. 

Figure 10-3 shows snapshots demonstrating the growth and thickening mechanism of the ω laths.  

The top row of snapshots shows the growth of the ω phase in an α grain with [10  ̅ 2] 

crystallographic direction parallel to the electron beam direction. At t = 0 s, two single-layer ω laths 

originate from sources A and B and propagate along the [1 ̅ 0] direction. Since the prismatic plane 

(the pink plane in the hexagonal cell unit) of the α grain is not edge-on, the ω laths that are habit on 

the prism plane exhibit a feature of a stacking fault, which means that the ω laths are a kind of 

planar defect in the α lattice. The front boundary between the ω laths and the α matrix is 

comparable to a partial dislocation which divides the faulted area and the perfect lattice. The ω laths 

grow by propagation of the leading boundary. The thickening mechanism of the ω phase is very 

interesting. It can be seen from the snapshot t = 14 s that a new layer of ω lath is emitted from the 

source B and propagates along the same direction as the lath is elongated. In addition, a new ω lath 

variant is formed from the Source A; the sources A and B are somewhat comparable to dislocation 

sources. The front boundaries between the ω laths and the α matrix are continuously emitted from 

the sources and propagate, and hence cause the reproduction and growth of new layers of ω lath, 

thus thickening the ω phase. 

The bottom row of snapshots in Figure 10-3 show the thickening of the ω plate viewed with the 

prismatic plane {   ̅    edge on. It can be seen that an ω plate is composed of many layers of thin 
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ω laths. The ω plate grows by propagation of these thin layers and reproduction of new layers of ω 

lath. The thickness of a single ω layer is as thin as 2 nm.   

 

Figure 10-4 Chemi-STEM elemental maps after in-situ annealing at 700 °C in Zr-Excel alloy. 

Figure 10-4 shows the Chemi-STEM elemental maps after in-situ annealing in the Zr-Excel alloy. It 

was found that the alloying elements such as Sn, Nb, Mo and Fe were not involved in the formation 

of the ω phase, and remain uniformly distributed. However, O was found to be significantly 

enriched in the ω phase. Figure 10-5 shows the Chemi-STEM elemental maps in the pure Zr. The 

concentrations of O at different spots are given in Table 10-1. Again, O was found to be more 

enriched in the ω phase compared with the α matrix (see Figure 10-5 (a)), however, no difference 

was observed between the O concentrations at the tips of the ω plates and the α matrix as shown in 

Figure 10-5 (b, c).   
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Figure 10-5 Chemi-STEM elemental maps after in-situ annealing at 700 °C in pure Zr. 

Table 10-1 The concentration of O in atomic percent at the spots in Figure 10-5 

spot 1 2 3 4 5 6 7 

O (at.%) 26 16 20 17 14 10 10 

 

10.4 Discussion 

The in-situ annealing of a bulk Zr-2.5Nb alloy with neutron diffraction shows that there was no ω 

phase observed during heating up to 900 °C [29]. The annealing temperature used in this study is 

below the α to β phase transformation temperature (Tα→β) for pure Zr (863 °C). Actually, no ω 

phase has ever been reported to be formed directly from the α phase during annealing at any 

temperature below Tα→β, because the α phase is the equilibrium phase and has the lowest Gibbs free 

energy. High hydrostatic pressure (>3 GPa dependent on temperature and impurities) is required for 

the occurrence of the α→ω phase transformation [19]. The higher the temperature, the higher the 

hydrostatic pressure that is required. At 700 °C, the hydrostatic pressure required to enable the α to 

ω transformation in Ti is 7.5 GPa [20]. However it is impossible for the α to ω transformation to 

occur at 700 °C in bulk Zr material, because at this temperature the α phase will transform directly 

to β at the pressure boundary (4 GPa) [19]. We discover for the first time here that the α to ω phase 

transformation can occur at 700°C without requiring high hydrostatic pressure, if one dimension of 

the specimen is thinned down to a scale of 100 nm, apparently stabilized by the presence of oxygen. 
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The formation of ω phase in the α phase in the thin foil therefore reflects the strong effect of 

thickness of the sample on phase stability. A thin foil has a high ratio of surface free energy to 

volume free energy. However, there is no available data to compare the surface free energies of the 

α and ω phases at 700 °C. Nevertheless, the nucleation and growth of the ω phase does not seem to 

occur in a way that reduces the α-ω surface free energy, as seen in Figure 10-3, where the ω lath is 

perpendicular to the surface of the thin foil.  

 

Figure 10-6 Thickness dependence of the microstructure after annealing at 700 °C. 

Another contribution is the strong thickness dependence of the concentration of O in the α phase. 

Figure 10-6 shows the microstructure at regions of different thickness after annealing at 700°C for 

about 1 h. At the region close to the hole edge which is thinner than 70 nm (thickness was measured 

by electron energy loss spectroscopy, EELS), ω phase did not form, but nanocrystalline tetragonal 

ZrO2 (space group 137, P42/nmc) was formed, as seen in Figure 10-6 (a). At the region further 

from the hole edge and thicker than 70 nm, ω phase was formed but not ZrO2. This suggests that the 

thinner foil has a stronger ability to absorb the O either dissolved elsewhere in the TEM sample or 

remnant in the TEM vacuum system (1.5×10
-5

 Pa), since the formation of ZrO2 requires a very high 
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concentration of O. This is consistent with Figure 10-5, in that the region closer to the hole edge has 

a higher concentration of O in the α-Zr matrix. In-situ observation always showed that the ω phase 

started to nucleate at an area around the hole edge (where it was thin, but not so thin as to form 

dioxide) and then propagate further inwards from the hole edge. This seems to suggest that the high 

concentration of O in this area facilitates the early nucleation of the ω phase, likely by decreasing 

the volume free energy of the ω phase at high temperature. However, there is no ω phase present in 

the traditional Zr-O binary phase diagram and Zr bulk material can dissolve as much as 30 at.% O 

at 700 °C [30]. However, recently the structure of Zr monoxide was predicted by first principle 

calculations [31]. The ZrO phase has an ω-Zr sublattice with oxygen occupying interstitial sites. 

ZrO can then be thought of as oxygen enriched ω-Zr. From Figure 5 it can be seen that the 

concentration of O in the ω laths is dependent on the thickness of the thin foil. In thicker areas, the 

concentration of the O is much lower than 50%, the composition of ZrO. It is possible that oxygen 

stabilized ω phase is an intermediate phase for the α to ZrO transformation; alternatively, it may 

mean that the O content at the location in the foil measured by EDX is inaccurate. This result is 

contradict to an ab initio modeling showed that interstitial impurities like O actually hinder the 

martensitic α to ω in Ti under hydrostatic pressure [20].  

Table 10-2 The lattice parameters of the α and ω phase measured at 700 °C in the thin foil. 

 a (nm) c (nm) c/a 

α 0.3245 0.5128 1.58 

ω 0.5160 0.3180 0.616 

 

Figure 10-7 shows the volume and shape change caused by the α→ω/ZrO phase transformation 

based on martensitic atomic shuffling model [14] for the Silcock OR. The lattice parameters for the 

α and ω phases used in this model are measured from the SADPs (see Table 10-2). It was found the 

phase transformation induces 2% contraction along [11 ̅ ], which is the propagation direction of 
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the ω lath in Figure 10-1; and 6% expansion along the [1 ̅00] direction, which is the normal 

direction of the ω lath and lies in the plane of the foil. These strain values are comparable to the 

values that are calculated using the room temperature lattice parameters [14].  

 

Figure 10-7 Volume change associated with the phase transformation for the Silcock 

relationship  

The OR between the ω and α during the transition under pressure has been debated for decades [13, 

17, 21]. The gaps between predictions of ab initio calculations and the in-situ X-ray indirect 

measurement need to be resolved. However, the high hydrostatic pressure required makes direct 

observation almost impossible due to obvious technical difficulties. Our direct observation of the α 

to ω transformation demonstrates that both ORs between ω and α that have been reported in 

literature can occur, and the OR selection is, in this case, dependent on the crystallographic 

direction of the normal of the thin foil in our study even though the mechanism behind it is not yet 

clear.   
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Under hydrostatic pressure, the α to ω transformation is martensitic in nature. The displacive α to ω 

transformation requires relatively complicated atomic shuffling associated with lattice strain [14, 

21, 25]. The morphology of the ω phase that is formed from the α phase varies. Ellipsoidal ω 

particles were observed in the pure Zr after soaking under pressure for 4 h [14] and in a heavy ion 

irradiated Ti [32]. However, plate-like ω phase particles were reported in shock loaded Zr [33, 34], 

which is similar to the morphology observed in this study. However, in our study the in-situ 

observation revealed that the α to ω transformation is more likely accomplished by a ledge 

propagation mechanism rather than martensite atomic shuffling transformation.  

Conclusion  

In this study we report for the first time in-situ observations of an α to ω/ZrO phase transformation 

during annealing of thin foils of both pure Zr and a Zr-Sn-Nb-Mo alloy at 700 °C in a TEM. The 

orientation relationship between the ω and α phase has been identified as (   ̅ )   (    )  and 

    ̅              or (  ̅  )   (    )  and     ̅         ̅    depending on 

the orientation of the α grain. Dynamic observation of the nucleation and growth showed that the 

transformation is not a martensitic atomic shuffling mechanism, but by the diffusional ledge 

propagation mechanism.  
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Chapter 11  

Conclusions and Future Work 

11.1 General discussion and conclusion  

Before the application of Zr-Excel alloy to reactors is possible, several issues must be addressed, 

which include characterization of irradiation damage by fast neutron irradiation, in-reactor creep-

rupture properties, corrosion behavior and delayed hydride cracking (DHC) etc., [1, 2]. This 

dissertation focuses on the topic of characterization of irradiation induced damage. Neutron 

irradiation induced damage includes irradiation induced lattice defects, irradiation induced phase 

transformation, irradiation induced dimensional change and irradiation induced deterioration of 

mechanical properties. Irradiation induced point defects and dislocation loops are critical in 

understanding all the other types of damage.  

A period of four years for a PhD program is too short to carry out neutron irradiation due to the low 

dose rate (i.e., it takes years to reach 10 dpa), the high radioactivity, high cost on sample 

preparation and waste disposal. Zr-Excel samples has been placed in the ANSTO test reactor in 

Australia for future examination, however as a preliminary study of the effects of neutron 

irradiation, heavy ion irradiation was applied to explore the possible effects of neutron irradiation.  

The first objective of this dissertation was to characterize the evolution of irradiation induced lattice 

defects in the α phase of Zr-Excel alloy and the β-Zr phase under heavy ion irradiation. In Chapter 

3, in-situ observation of <a> type dislocation loops accumulation in the α phase of Zr-Excel alloy is 

presented. The nucleation and evolution of <a> type dislocation loops in Zr-Excel alloy under 

heavy ion irradiation are governed directly by collapse of displacement cascades at all the 

irradiation temperatures ranging from 80 to 450 °C. <a> type dislocation loops form at very low 

dose (0.0025 dpa). The defect yield is about 0.04 at the beginning of the irradiation. The number 
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density and size of dislocation loops has a weak dependence on irradiation temperature. The 

relationship between the loop number density and ion fluence illustrated that a dislocation loop 

forms through the collapse of an isolated cascade. Saturation of number density of the <a> 

dislocation loop occurs at very low dose (around 0.1 dpa) at all the test temperatures. Sn can 

suppress the diffusion of point defects and decreases the defect yield (i.e., possibility of a 

displacement cascade condensing into a visible dislocation loop), but has no effect on the size of 

the loops forms through the collapse of an isolated cascades.  

The nucleation and evolution of <c> type dislocation loops in the α phase of an annealed Zr-Excel 

alloy is dealt with in Chapter 6. <c> type dislocation loops form under heavy irradiation at 200 °C 

and below. The sizes of the <c> type loops are 20--70 nm after irradiation to 10 dpa at 200 °C. 

They are much larger than <a> type dislocation loops under the same condition. <c> type 

dislocation loops were thought to grow to a large size through the DAD mechanism [3], which 

requires the diffusion of vacancy point defects. However, long range diffusion of vacancies does 

not readily to occur in Zr-Excel thin foils at low temperatures (200 °C and below). This means 

some other facts must be taken into account even though the mechanism behind formation and 

evolution of the low temperature <c> loops are still unclear. The distribution varies from grain to 

grain and is localized in most grains. Residual stress possibly plays an important role on the 

formation and evolution of non-uniform <c> loops at 200 °C and below. No <c> loops form at 450 

°C and higher, this is consistent with an previous heavy ion irradiation study [4]. 

Heavy ion irradiation induced dislocation loops in β-Zr is reported in Chapter 4. ½< ̅11> and 

<100> dislocation loops form under heavy ion irradiation. However, these dislocation loops start to 

be visible at much higher dose (0.5~0.75 dpa), and have smaller size and much lower number 

density compared with the <a> dislocation loops in the α phase of Zr-Excel alloy. 
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The second objective was to understand the phase stability under irradiation and thermal treatment 

with in-situ TEM heavy ion irradiation, and in-situ TEM heating or ex-situ heat treatment. The 

metastable phases in Zr-Excel alloy and their stability under irradiation are covered in Chapter 5. 

The lattice parameters of these phases were measured with synchrotron X-ray diffraction. The 

effects of the alloying elements on the lattice parameters of three phases (α, β and ω) were 

discussed. The chemical compositions of the metastable phases were determined by energy 

dispersion X-ray spectrum (EDS). The effect of irradiation on the ω particles is two-sided. For one 

thing, the enhanced concentration of point defects increases the diffusion rate which may promote 

the formation of the ω particles. For another thing, the collision cascades cause ballistic mixing 

which may cause the dissolution of the ω particles into the β phase. Temperature controls the 

competition of the two processes. As a result of ballistic mixing, Nb, Mo and Fe are driven into ω 

particles from the matrix under irradiation at 200 °C, causing the dissolution of the ω particles. The 

redistribution of Fe at this temperature is obvious. However at 450 °C, irradiation enhanced 

thermally activated diffusion offsets the ballistic mixing.  

The phase stability of single phase bcc β Zr-20Nb under heavy ion irradiation at temperatures 

ranging from 150 to 350 °C is investigated in Chapter 4. No phase transformation occurs under 

irradiation at 150 °C and below, even though the β → ω transformation was observed under high 

voltage electron irradiation. The different response of the β phase between under heavy ion 

irradiation and electron irradiation supports the arguments made in Chapter 3. The β → ω 

transformation takes place at irradiation at higher temperatures. However, β → ZrO2 transformation 

is also observed outside the area which has been under in-situ observation. The oxidation of thin 

foils under irradiation in a TEM potentially provides a new approach to study the mechanism of 

irradiation enhanced oxidation if the experiment is well designed. 
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The effects of the heavy ion irradiation on the equilibrium SPPs (i.e., fcc Zr(Mo, Nb)2) are quite 

different from those on the metastable phases. This is addressed in Chapter 6. Pseudo-in-situ 

Chemi-STEM, i.e., carrying out a Chemi-STEM elemental mapping before and after irradiation at 

the same location, was employed. Under irradiation at low temperatures (200 °C and below), there 

is no obvious elemental redistribution. The morphology of the SPPs does not change. This means 

that the collision cascades do not cause significant sputtering effects on the equilibrium SPPs. The 

selective depletion of Fe only occurs under irradiation at higher temperatures (450 °C and above). 

This phenomenon further confirms a previously proposed mechanism for Fe selective depletion in 

Zr (Cr, Fe)2 particles in Zircaloys under neutron irradiation, which is that Fe atoms are displaced 

into the interstitial state by irradiation and diffuse fast in an interstitial nature outward from the 

particles [5, 6]. Substitutional Fe flux back to the SPPs was observed at 550 °C due to enhanced 

recombination of vacancy/interstitial pairs. 

The stabilities of the metastable phases in Zr-Excel alloy under thermal treatment is reported in 

Chapter 9. The precipitation of Widmanstätten α phase in the β grain during aging at 400 °C is 

suppressed by a high concentration of the Mo and Nb. The α/β interface which fulfills the Burgers 

relationship facilitates the α phase precipitation at the phase boundary. The filament morphology 

suppressed the precipitation of isothermal ω particles at 400 °C, due to the phase boundary sink for 

the vacancy point defects. However, applied stress/strain can enhance the precipitation of 

isothermal ω particles in the β filaments, due to increased dislocation density and subsequent 

enhanced diffusion. The stability of the isothermal ω particles is strongly correlated to the initial 

overall concentrations of Mo and Nb in the β grains. Applied stress/strain enhances the 

precipitation and decomposition of the isothermal ω particles but suppresses the precipitation of the 

Widmanstätten α inside the β grain. This is attributed to the effects of the applied stress/strain on 

the diffusion rate and the O enriched region at ω/β interfaces. The product phase of the 
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decomposition of the ω phase is not equilibrium α phase, even though the crystal structure is not 

determined yet.  

Chapter 10 reported a new phenomenon that in the form of thin foil (thickness <130 nm), the α to 

oxygen stabilized ω or ZrO transformation was observed during in-situ heating at 700 °C. The 

orientation relationship between the ω and α phase has been identified as (   ̅ )   (    )  and 

    ̅              or (  ̅  )   (    )  and     ̅         ̅    depending on 

the orientation of the α grain.  

Zr Excel alloy is a dual phase alloy. In addition, the hcp α phase is highly anisotropic during 

deformation. The understanding of the response of the α phase and β phase under load is important 

for controlling the mechanical properties of the this alloy.  

The third objective was to understand the deformation behavior and mechanisms under uniaxial 

tensile or compressive deformation at different temperatures. In this dissertation in-situ TOF 

neutron diffraction technique is used to monitor and tack the responses of specific diffraction planes 

of both the α and β phases during the uniaxial deformation.  

Chapter 7 presents the results for tensile deformation at temperatures ranging from 20 to 400 °C. 

The β phase in Zr-Excel alloy is a strengthening phase at all the test temperatures. This is attributed 

to the addition of Mo and the precipitation of ω phase in the β phase. Deformation twinning 

({10 ̅2} extension twinning) occurs at all the temperatures in the grains with their <0002> direction 

aligned to tensile axis, and causes a sharp crystallographic lattice reorientation. The occurrence of 

twinning after there has been a large stress relaxation in the {0002} GF strains at room temperature 

due to pyramidal <c+a> slip demonstrates that CRSS alone is unlikely to be a sufficient criteria for 

activation of twinning.  

The relative CRSS of basal <a> slip appears to be significantly decreased by the high content of Sn. 

It is even lower than prismatic <a> slip at elevated temperature. In the TD samples where grains are 
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not well oriented for prismatic <a> slip, basal <a> slip is the dominant deformation mechanism at 

all temperatures. Relative to prismatic <a>, pyramidal <c+a> slip occurs more easily at room 

temperature than at elevated temperature in Zr-Excel alloy. During uniaxial tension tests the {0002} 

GF is a significantly strengthening crystal orientation at elevated temperatures but not to such a 

great extent at room temperature.  

Chapter 8 continues the study of deformation mechanism of the Zr-Excel alloy under uniaxial 

deformation with in-situ TOF diffraction. It focuses on the 3-D lattice strain evolution and the 

deformation asymmetry, which is strain path dependence of the deformation mechanism. The 

detailed analysis on the 3-D lattice strain development reveal a possibility of work softening during 

the tensile deformation and a work hardening mechanism in hcp metals or dual phase materials 

which doesn’t involve the interaction of gliding dislocations and obstacles or dislocation free path, 

but effectively a ‘composite hardening’ due to load transfer. The thermal residual stress has 

significant effects on the microscopic yield of individual GFs as well as the macroscopic yield the 

deformation samples. The {0002} GF exhibits great asymmetry when undergoing tensile and 

compressive strains, in terms of yield stress and work hardening, which is believed to be due to the 

different pyramidal <c+a> dislocation structures developed under these two different strain paths. 

The reason behind this phenomenon in this alloy is different from what has been previously 

reported in Ti-6Al-4V dual phase alloys. It indicates that an increased dislocation density and 

dislocation entanglement that does not form dislocation cell structures probably does not effectively 

induce work hardening, unless dislocations are piling up at grain boundaries or obstacles. 

11.2 Future work  

In this dissertation, Chapter 3 to Chapter 6 deal with irradiation induced microstructural change and 

phase stability in as-received and heat treated Zr-Excel ally. In the near further, in-situ annealing of 

Zr-20Nb alloy in TEM needs to be done to clarify the effect of heavy ion irradiation on the β to ω 
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phase transformation. In the future, the samples irradiated with neutrons (may be ready in 1 or 2 

years) will be examined with TEM to characterize the dislocation loops and elemental 

redistribution.  

Chapters 7 and 8 cover the lattice strain evolution of un-irradiated samples at different temperatures 

and different strain paths. The interpretation of the lattice strain evolutions of all the GFs is 

qualitative. Crystal plasticity modeling is required to quantitatively interpret the lattice strain stain 

evolutions. In addition, TEM characterization should be carried out to study the dislocation 

structures in the in-situ deformed samples. This will help us to verify our interpretation of the 

lattice strain evolution.  

In addition, in the future, the mechanical properties of the irradiated Zr-Excel alloy samples should 

be tested. Samples with 100 μm thickness can be irradiated by high energy proton beams which are 

available at the Reactor Materials Test Laboratory (RMTL) at Queen’s University. In-situ 

Synchrotron diffraction tensile tests are required on the irradiated samples to study the irradiation 

induced mechanical properties’ change and to track the lattice strain evolution (i.e., to study 

irradiation induced deformation mechanism changes). Also, the deformed structure can be further 

studied by TEM.  

The X phase in Chapter 9 will be studied with synchrotron X-ray diffraction to determine the 

crystal structure of the unknown phase. Molecular Dynamics modeling is needed to gain a better 

understanding of the α→ω phase transformation during annealing of thin foils Zr and its alloys.   
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