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Abstract

Zirconium alloys are used extensively in the nuclear industry, largely due to the very low
neutron capture cross-section of zirconium. Alloying of zirconium with substitutional
solutes, like Sn, Mo or Nb, is common to assist in strengthening the material, through
either direct solute strengthening, or enhancing control of the microstructure through
the introduction of the β phase. One such alloy, Zr-3.2Sn-0.8Mo-0.8Nb, known as
Excel, has been the subject of recent study as a possible replacement for the more
common Zr-2.5wt%Nb alloy. This dissertation presents a body of research investigating
the metastability of the β phase within this alloy, and exploring the decomposition of
this phase under mechanical and thermal treatment.

This thesis is presented in manuscript format, composed of six manuscript chapters.
Chapter 3 presents work investigating the thermal α + β ↔ β phase transformation,
establishing the transus temperature and the nature of solute redistribution during
cooling from the fully β microstructure. Chapter 4 investigates the nature of retention
of a metastable β phase to room temperature, with a focus on understanding the
effect of cooling rate and providing a framework for understanding why this process
is achievable in this particular alloy system. Chapter 5 provides evidence for a
mechanically-induced β → α phase transformation, with a combination of neutron
and electron diffraction data, supported by a simple and effective new model that
directly relates the experimental data to crystallographic properties of the phase
transformation. The next two chapters present studies that further probe the nature
of this phase transformation, with a focus on temperature and loading orientation
in Chapter 6, and the effect of strain and dislocation dynamics in Chapter 7. Both
chapters further develop the model and demonstrate the unique behaviour of the
deformation-induced phase transformation. Chapter 8, the final manuscript chapter,
presents a study on the thermal decomposition of the metastable β phase. The six
manuscript chapters are followed by Chapter 9, which presents a summary of the
major conclusions of each work, a discussion on how each chapter is related, and
recommendations for future research.
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Chapter 1

Introduction

1.1 Background and Motivation

Nuclear power has been a major component of electrical power generation in Canada

since its first power reactor was built in 1968. In Ontario, for instance, nuclear reactors

account for 60% of total energy production from all sources [1]. All nuclear power

reactors in Canada are of the CANDU (CANadian Deuterium Uranium) reactor

design. Like all thermal cycles, the thermal efficiency of CANDU reactors can be

increased by increasing operating temperature. The coolant temperature of current

in-service CANDU reactors varies between 245◦C at the reactor inlet to 310◦C at the

outlet [2], resulting in thermal efficiencies near 30% [3]. Preliminary specifications

for the next generation CANDU-SCWR (supercritical water reactor) have a design

inlet temperature of 350◦C and an outlet temperature of 625◦C [4], resulting in

increased design thermal efficiency (greater than 40%). These increases in reactor

operating temperatures require novel structural materials with good high temperature

mechanical properties, notably creep resistance.

The pressure tube in the CANDU fuel channel, which provides the primary

containment for the reactor coolant, is currently composed of a Zr-2.5wt%Nb alloy, a

two-phase binary zirconium alloy. The alloying specification for nuclear use of this

alloy is defined in ASTM standard B353 [5]. A systematic alloy development study



1.1. BACKGROUND AND MOTIVATION 2

performed by Williams et al. in 1972 [3] found that the quaternary alloy, Zr-3.2%Sn-

1.1%Mo-1.1%Nb, could be prepared with an ultimate tensile strength (UTS) above

580MPa at 450◦C1 (compared to the minimum of 480MPa at 300◦C for Zr-2.5%Nb

[5]) while maintaining a neutron capture cross section within 10% of Zircaloy-2. This

alloy is now known as Excel alloy. Further study on Excel alloy resulted in the filing of

a patent by Cheadle and Holt in 1984 for low in-reactor creep Zr-base alloy tubes [6],

with alloy ranges of (2.5-4.0)%Sn, (0.5-1.5)%Mo, (0.5-1.5)%Nb, (800-1300)ppm O,

and balance Zr.

Due to the additional strength of the Excel alloy compared to Zr-2.5%Nb, pressure

tubes of comparable strength could be produced from Excel with lower dislocation

densities than that required for Zr-2.5%Nb. Operational experience has established

that dimensional stability of tubes, as well as creep performance, is determined in

part by the dislocation density of tubes at installation, with preferable behaviour

achieved with lower installation dislocation densities [7, 8]. It is anticipated that the

in-service axial elongation and diametral expansion due to the combined effects of

irradiation creep and growth for Excel tubes will be 70% less than that of Zr-2.5%Nb

tubes [9]. Furthermore, although the initial thermal neutron capture cross section of

Excel is greater than that of Zr-2.5wt%Nb, the average thermal neutron capture cross

section of Excel over the design service life of 30 years is in fact 13% lower than that

of Zr-2.5%Nb2 due to transmutation of tin and molybdenum [10].

Recent work on the Excel alloy has been focused on the possibility of heat treating

the alloy to enhance its high temperature properties [11], and investigating the stability

of precipitates under irradiation [12, 13]. While attempting to determine the phase

1This UTS was chosen as it is expected to result in appropriate creep strength.
2Estimated lifetime average thermal neutron capture cross sections are (8.97 - 9.04)×10−3cm2/cm3

for Excel and (9.09 - 9.12)×10−3cm2/cm3 for Zr-2.5%Nb.
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transformation temperatures of Excel, Sattari et al. noted that the high temperature

β phase can be retained upon quenching from temperatures near 860◦C [14]. This

retention of β is promising as a potential for increased work hardening through

a transformation-induced plasticity mechanism, which has been observed in other

experimental zirconium alloys (e.g., Zr-3Mo [15], Zr-3Mo-1Al [16], Zr-8Nb-1Al [17],

Zr-3Mo-x(Al,La,Ti) [18]), and numerous titanium alloys. Transformation-induced

plasticity is also widely researched in the steel industry.

1.2 Objectives

In light of the potential industrial applications, I have investigated the metastable

β phase reported by Sattari et al. in order to characterize the process by which

this metastable phase is formed, and subsequently transitions to stable forms. The

objectives of this work are:

1. to establish a firm understanding of the thermodynamically stable phases in

Excel alloy system in the temperature range relevant for processing,

2. to understand the role of heat treatment properties on the retention of the

metastable β phase,

3. to understand the mechanics of the deformation-induced β → α transformation

and its effect on texture evolution,

4. to quantify the effects of temperature and strain rate on the progression of

strain-induced phase transformation, and

5. to explore the thermal stability of the metastable β phase and its decomposition

reaction.
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1.3 Thesis Overview

This thesis is presented in manuscript format, composed of six manuscript chapters.

Chapter 2 presents an overview of the published literature that informs this study, and

provides a background to understanding the theoretical and experimental aspects of

the research work. The manuscripts can be grouped into three major categories: phase

stability in Excel alloy (chapters 3 and 4), the mechanical stability of the metastable

β phase (chapters 5, 6, and 7), and the thermal stability of the metastable β phase

(chapter 8).

The first part of this research investigates phase stability in the Excel alloy. Chapter

3 presents work investigating the thermal α+β ↔ β phase transformation, establishing

the transus temperature and the nature of solute redistribution during cooling from the

fully β microstructure. Chapter 4 investigates the nature of retention of a metastable

β phase to room temperature, with a focus on understanding the effect of cooling rate

and providing a framework for understanding why the retention of high proportions

of β is achievable in this particular alloy system.

The second part of this research involves understanding the mechanical properties

of metastable β grains, and their stability during mechanical processing. Chapter

5 provides evidence for a mechanically-induced β → α phase transformation, with

a combination of neutron and electron diffraction data, supported by a simple and

effective new model that directly relates the experimental data to crystallographic

properties of the phase transformation. The next two chapters present studies that

further probe the nature of this phase transformation, with a focus on temperature

and loading orientation in Chapter 6, and the effect of strain and dislocation dynamics

in Chapter 7. Chapters 6 and 7 provide additional experimental evidence supporting



1.4. REFERENCES 5

the model proposed in Chapter 5, and also identify some areas in which the model is

inadequate. Where possible, I have provided an explanation of the additional factors

that must be accounted for under these conditions.

Chapter 8, the final manuscript chapter, presents a study on the thermal properties

of the metastable β phase. The six manuscript chapters are followed by Chapter 9,

which presents a summary of the major conclusions of each work, a discussion on how

each chapter is related, and recommendations for future research.

This work represents the first research effort investigating strain-induced phase

transformations in a multi-phase zirconium alloy, and contributes to the state of the

art of microstructural evolution in this alloy system. Prior studies have investigated

strain-induced transformations in fully-retained β microstructures; this thesis is the

first to study the (β → α) transformation in an (α + β) microstructure. Due to

the importance of zirconium alloys to the nuclear industry, and, specifically, the

importance of microstructural properties to in-service behaviour, this project has

potential for industrial applications. The results of this work are also applicable to

other alloy systems that benefit from phase metastability, such as the titanium and

TRIP steel alloy systems.
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Chapter 2

Literature Review

This review is divided into five sections. The first section gives a brief overview of

zirconium alloys used in the nuclear industry, with a focus on situating the project

and understanding its relevance and goals. The second section gives more specific

information about zirconium alloys in general, with a focus on the impact of alloying

and phase transformations. The third section reviews the development of microstruc-

ture in zirconium alloys as a result of heat treatment and quenching, with a focus

on industrially relevant alloys. The fourth section presents results from literature

on studies featuring metastable β phases that are transformed through mechanical

treatment, and the fifth section discusses the stability of metastable phases under

thermal treatment. Where applicable, research in analogous alloy systems (particu-

larly titanium) is included where research in zirconium is absent or minimal. The

final section provides additional detail on the application of diffraction measurement

techniques to the study of polycrystalline materials, which serves as a basis of the

experimental method of many chapters in this thesis.

2.1 Zirconium Alloys in the Nuclear Context

Zirconium and its alloys are used extensively in the nuclear industry. The CANadian

Deuterium Uranium (CANDU) nuclear reactor design has been the focus of nuclear
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materials research in the Canadian context. A cross-section of the CANDU fuel

channel is shown in Figure 2.1. The UO2 fuel pellets are contained within fuel

bundles, which are surrounded by flowing pressurized water. The containment for the

pressurized water is provided by the pressure tube, which is isolated from the heavy

water moderator by an air gap maintained by the calandria tube. The fuel bundles,

pressure tube, and calandria tube are all composed of different zirconium alloys.

The three most important zirconium alloys in the CANDU context are Zircaloy-2

(Zr-1.5%Sn-0.15%Fe-0.05%Ni-0.1%Cr), Zircaloy-4 (Zr-1.5%Sn-0.24%Fe-0.1%Cr), and

Zr-2.5wt%Nb. A review of the historical development of these alloys is provided by

Murty and Charit [1], and a similar overview in the Canadian context is given by

Robertson [2].

Zirconium alloys are known for good high temperature strength and corrosion

resistance. Their inclusion in the CANDU fuel channel, however, is chiefly due to

their good neutronic properties [2], as CANDU reactors utilize natural (unenriched)

uranium, rendering neutron economy vital to operation. In response to reactor design

studies which showed that higher reactor station efficiencies can be achieved with

higher operating temperatures, an alloy development study on novel zirconium alloys

with even greater high temperature mechanical properties was performed by Williams

et al. [4]. The goal of this study was to produce an alloy with a UTS greater than

580MPa at 450◦C while maintaining a neutron capture cross-section within 10% of

that of Zircaloy-2. The study investigated the impacts of Sn, Al, Pb, Mo, Nb and

Si on the mechanical and corrosion properties of Zr alloys. The results of this study
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Figure 2.1: Cross section of one end of the CANDU fuel channel. The fuel bundles
are supported by the pressure tube, which is itself fixed at the reactor
face. Contact between the pressure tube and calandria tube can lead to
severe damage to the fuel channel. Image adapted from [3].

lead to further studies on an alloy that came to be known as Excel alloy1 (Zr-3.2%Sn-

1.1%Mo-1.1%Nb) [5, 6], which had been proposed to replace Zr-2.5Nb as the pressure

tube material for CANDU reactors. This Excel alloy would be used in an annealed

condition, in-reactor, due to the correlation between in-reactor deformation behaviour

and as-manufactured dislocation density [7, 8].

A comprehensive review of the in-reactor deformation of Zr-2.5Nb pressure tubes

was completed by Holt in 2008 [3]. There are four primary aging mechanisms of pressure

tubes in reactor: dimensional changes, changes in material properties, deuterium

ingress, and in-service wear and damage. The first of these, dimensional change, is

most important for understanding the interest in Excel alloy. Dimensional changes arise

due to the combination of high service temperatures (245◦C - 310◦C), stresses (biaxial

stress state of 130MPa and 65MPa), and neutron flux (up to 3.5 · 1017n m−2s−1,E > 1

1The name ”Excel” is a reverse acronym from the two-letter alloy designation of the alloy, ”XL”,
during the Williams study [2].
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MeV). Three separate processes contribute to dimensional changes: thermal creep,

irradiation growth, and irradiation(-enhanced) creep. Irradiation growth has been

shown to increase approximately linear with increased dislocation density [8, 7].

Irradiation creep rates also increase with dislocation density, with a relationship of

ε̇irr ∝ ρn, where n varies from 0.4 at 320K to 0.2 at 570K [8]. Thus, an alloy with

sufficient strength to resist thermal creep at lower dislocation densities may allow for

lower rates of dimensional change.

These beneficial properties have a dual benefit, addressing both economic and

safety needs. Irradiation growth and creep lead to flow-bypass in the fuel channel,

wherein the altered shape of the pressure tube allows for coolant to pass the fuel

bundles while removing a lower amount of heat energy. The result is that the fuel

channel must be de-rated and operated at a lower temperature, and, therefore, lower

efficiency. Finally, pressure tube failure is one of the ultimate life limiting factors in

the CANDU design, so an increase in the operating lifetime of pressure tubes can

result in reactor lifetime extension while maintaining operational safety.

2.2 Zirconium and its Alloys

There are three crystallographic phases commonly reported in zirconium alloys [9]:

the room temperature α phase (hexagonal close-packed, a=3.23Å, c=5.15Å), the

high-temperature β phase (body-centred cubic, a=3.61Å), and the high-pressure ω

phase (hexagonal close-packed, a=5.03Å, c=3.11Å). When studying zirconium alloys,

it is often useful to extend our review to analogous alloy systems, notably the titanium

alloys. Both Zr and Ti have HCP α phases with a c/a ratio less than the ideal 1.633,

and both can form stable α+β alloys with a BCC β phase [9]. Consequently, the active
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microscale deformation systems tend to be similar. Titanium is a particularly useful

analogue, as titanium alloys are used much more broadly than zirconium alloys. One

of the most commonly used titanium alloys is Ti-6Al-4V, an α + β alloy, and is used

as an analogue for the α + β Zr alloy, Zr-2.5%Nb. There are also numerous titanium

alloys that exhibit stress-induced phase transformations, such as Ti-12Mo [10, 11] and

Ti-8Cr [12], among others [13].

In Zr and Ti alloy systems, non-transition metals and interstitial elements tend to

be α-stabilizers (e.g., Sn, O and N), while transition metals tend to be β-stabilizers

(e.g., Nb, Mo and Fe) [9]2. Some other elements, such as Zr in Ti alloys, do not alter

phase stability appreciably, but do act to slow phase transformations due to their slow

diffusion rates, and can be used as general solution strengthening agents due to their

high solubility in both the α and β phases [15].

In the Ti system, the contributions of α and β stabilizers are occasionally expressed

in terms of their Al and Mo equivalency [16, 17]. In other words, the concentrations

of all of the α stabilizers in a given alloy is expressed in a single value, as if the

effect of the α stabilization were contributed exclusively from Al, and similarly for β

stabilizers and Mo. This method of resolving multiple alloying elements into a single

parameter (the so-called Mo-equivalency) allows for the straightforward classification

of a broad range of alloys into four classes based on their (α/β) phase characteristics,

as shown in Figure 2.2. The α alloys and β alloys are those which have a stable

microstructure of 100% α or β at room temperature (e.g., Ti-5Al-2.5Sn, Zircaloy-2, and

Zircaloy-4 are α alloys). The α + β alloys, including Ti-6Al-4V and Zr-2.5%Nb, have

a stable (α+ β) microstructure at room temperature. The metastable β alloys have a

2From a physical viewpoint, low temperature stability of the β phase is associated with increased
occupancy of electrons in the d-band, so d-rich (relative to Zr) elements are β-stabilizing, while
d-poor elements are α-stabilizing [14].
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Figure 2.2: Pseudo-binary cross section through an isomorphous phase diagram. Fig-
ure adapted from [21]

(α+ β) microstructure in equilibrium at room temperature, but can be quenched such

that 100% β phase can be retained at room temperature (e.g., Zr-3%Mo [18]). The

defining difference between the metastable β and α+β alloys is that Ms is below room

temperature in the metastable β alloys (Figure 2.2), while quenching of the (α+ β)

class of alloys from a fully β state results in a fully martensitic α′ microstructure.

Recently, some researchers in the areas of alloy development have found benefits to

understanding Ti alloys in terms of two parameters, the mean d-orbital energy level,

Md, and the mean electron bond order, Bo [19, 10, 20]. The use of these parameters

in understanding alloy deformation modes will be demonstrated in a later section.

In their alloy development study, Williams et al. investigated the impact of Sn,

Mo, Nb, Si, Al and Pb on mechanical and corrosion properties of Zr alloys [4]. Sn

was found to increase strength while also delaying overageing. Mo has a relatively

low solubility in αZr, allowing for the possibility of precipitation hardening, and also

strongly stabilizes βZr. Nb acts similarly to Mo, but is a weaker β stabilizer and has

higher solubility in αZr, reducing its relative potential for precipitation hardening; its
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inclusion in Excel is due to its preferential neutronic properties as compared to Mo.

Inclusion of Si in the alloy results in a slight increase in strength, but it reduces the

oxidation resistance and leads to brittleness at just 0.5wt%. Similarly, Al leads to

solution strengthening but reduces oxidation resistance. Finally, Pb was attractive

due to very good neutronic properties, but is unusable due to extreme reduction in

oxidation resistance at levels required for sufficient strength (≈ 8 times faster oxidation

with 2.6%Pb-0.9%Mo compared to 1.7%Sn-0.85%Mo).

Some alloying elements may impact the behaviour of other alloying elements in

a given material. Small concentrations of Fe have been associated with changes in

the diffusion behaviour in α-Zr of substitutional elements (Hf, Ta, Pb [22]), as well as

self-diffusion of Zr [23]. This has been explained as being due to a coupling between

vacancies and Fe atoms at interstitial sites. The Fe atoms diffuse much more rapidly

than self-diffusion, and so the bulk of Zr diffusion occurs through the diffusion of

these iron-vacancy pairs [24]. Fe-assisted diffusion is further amplified when even

small fractions of β-Zr is present [24], since Fe tends to diffuse to the α/β phase

boundary and self-diffusion of Zr in β is about four orders of magnitude higher than

in α. Most industrial zirconium alloys do include Fe, however, due to its beneficial

effect on corrosion resistance [25]. Furthermore, it has been reported that Fe impacts

in-reactor dimensional changes of Zr pressure tubes [26], although this may be through

the impact that Fe has on microstructural variables (such as grain size and texture)

rather than a direct effect with the elongation mechanism [27]. Similarly, Sn has been

reported to impact the segregation behaviour of O in a variety of Zr alloys during

phase transformations [28].

Due to these alloying effects on phase stability, much research has been performed
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on different alloys to establish the role of temperature on the stable phases. The

phase transformation temperatures of Excel alloy were investigated by Sattari et al.

[29], and Liang et al. [30]. Other studies of phase transformation temperatures in

Zr-Sn-(Nb,Mo) alloys have been performed by Canay et al. [31], Toffolon et al. [32],

and Granovsky et al. [33]. Binary phase diagrams have been published for Zr-Nb [34],

Zr-Mo [35], and Zr-Sn [36].

In the Zr and Ti alloy systems, the ω phase is further divided into two types:

thermal ω and athermal ω [37, 38]. Thermal ω (sometimes referred to as isothermal

ω) is formed during aging of the alloy following quenching, and forms as a result of

diffusive processes. Athermal ω is formed during a quenching process, and forms

from a displacive (non-diffusive) process; similar to martensitic transformations, the

formation of athermal ω begins at a well-defined temperature for a given composition,

defined as ωs. The temperature range of formation for athermal ω can be quite large:

in Zr-12%Nb, athermal ω will begin to form at 330◦C and the reaction does not

complete until -70◦C [37]. The formation of isothermal ω may occur either above

or below the temperature at which the athermal ω forms [37], and the presence of

prior athermal ω can impact the subsequent growth of isothermal ω if the alloy is

sufficiently dilute. In Zr-2.5wt%Nb, thermal ω will form when quenched material is

aged at temperatures up to 450◦C [39]. Athermal ω will form in the β phase when

suitable alloys are quenched. The formation of athermal ω during quenching has been

reported in Zr-Nb alloys with Nb contents between 4% and 31% [40], a Zr-3wt%Mo

alloy quenched from temperatures in the range 800◦C to 975◦C [41, 18] (though not

770◦C), a Zr-10%Nb alloy quenched from 1000◦C [42], and in Excel alloy quenched

from 855◦C following a 2hr heat treatment [43]. The addition of just 1wt% Al to
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the Zr-3%Mo alloy has been shown to be sufficient to suppress ω formation during

quenching [18]; this suppression, however, was not observed with the same addition of

1% Al to a Zr-10%Nb alloy [42].

Some thermodynamic parameters are summarized by Banerjee et al. for the

phase transformations in Ti and Zr [44], and are shown in Table 2.1. The values

are qualitatively similar between the two metals, with the exception that the volume

change associated with the α→ ω transformation is positive in Ti and negative in Zr.

This could have consequences when applying data from Ti alloys to the Zr system, as

the accommodation energy for phases other than the α phase may be lower in Zr alloys.

These parameters can be useful in understanding why certain phase transformations

are favoured under different conditions.

Phase transformations in the Zr system result in orientation relationships between

the parent and child phases. These relationships are typically expressed as combina-

tions of parallel planes and directions in the two phases. The reported orientation

relationships are:

α↔ β

{0002}α‖(110)β; 〈112̄0〉α‖〈111〉β [45, 46]

β ↔ ω

{111}β‖(0001)ω; 〈11̄0〉β‖〈112̄0〉ω [47, 37]

α↔ ω

(0001)α‖{011̄1}ω; 〈112̄0〉α‖〈11̄01〉ω [14]

(0001)α‖{112̄0}ω; 〈112̄0〉α‖ [0001]ω [14]

(0001)α‖{101̄1}ω; [11̄00]α ‖〈112̄3〉ω [48]
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It should be noted that there is evidence that the α→ ω transformation requires the

formation of β as an intermediate [14], and, in support of this, the first two orientation

relationships for α→ ω can be constructed as a combination of the α→ β and β → ω

relationships. The third α→ ω orientation relationship has only been reported during

shock loading of zirconium [48].

Orientation relationships result in texture inheritance through phase transforma-

tions, whereby a crystallographic texture present in one phase influences the texture

of the resultant phase. Due to the symmetry of crystalline phases, multiple variants

are possible for each orientation relationship. Texture inheritance as a result of variant

selection through thermal phase transformations has been reported in Zr-2.5%Nb [46],

as well as in Excel alloy [49, 50]. Even the rate of cooling can impact texture through

its effect on variant selection [51]. Certain variants have also been reported as being

favoured during stress-induced phase transformations (e.g., in metastable β → α′D [52],

or shock-loaded α→ ω [48] in zirconium, and in β → ω in titanium [11]), primarily as

a result of the higher resolved shear stress along certain orientations with respect to the

direction of the stress. Understanding this mode of texture development is important,

as crystallographic texture can impact in-service properties (e.g., irradiation creep

behaviour in Zr pressure tubes [3]).

One plausible cause of variant selection is the crystallographic misfit resulting from

a phase transformation. As shown in Table 2.1, the β → α transformation results in

an increase in volume (∆V = +0.09cm3/mol). However, this volume change is not

isotropic. As shown by Banerjee et al. [55], the transformation results in anisotropic
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Table 2.1: Summary of calculated thermodynamic properties of phase transformations
in zirconium and titanium. Enthalpy data from [53]; all other data adapted
from [54].

Ti Zr
α→ β α→ ω β → ω α→ β α→ ω β → ω

∆V (cm3/mol) -0.04 0.18 0.14 -0.09 -0.23 0.1
∆S (J/mol/K) 3.66 -1.59 5.18 3.55 -1.25 4.81
∆H (J/mol) 4009 503
dT/dp (K/GPa) -9 100 27 -25 160 29.5

lattice distortion described by:

B =

∣∣∣∣∣∣∣∣∣∣
η1 0 0

0 η2 0

0 0 η3

∣∣∣∣∣∣∣∣∣∣
(2.1)

where η1 =
√

3/2aα/aβ, η2 = aα/aβ, and η3 =
√

1/2cα/aβ. In the case of pure

zirconium, these values are approximately η1 = +0.1, η2 = −0.1, and η3 = +0.02. As

a result of this lattice distortion, processes that result in elongation (or relieve tensile

residual stresses) may tend to produce variants with η1 along the elongation/tensile

direction.

2.3 Effect of solutionizing heat treatment

Most mechanical processing of zirconium is performed at elevated temperatures.

During heating and cooling, the material properties and phase compositions of alloys

will change continuously, so one must understand how these processes impact the final

microstructure. Critically, the retention of metastable β grains in some zirconium

alloys requires rapid cooling from temperature, and phase stability is influenced
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by chemical segregation at elevated temperatures that is retained on quenching at

sufficient rates. This section reviews the impact of the heating and cooling processes

on microstructural development in various zirconium alloys.

The continuous-cooling transformation characteristics of the β → α+β reaction in

Zr-Nb-O alloys was investigated by Hunt and Niessen [56]. Niobium is a substitutional

β-stabilizer, while oxygen is an interstitial α-stabilizer. Alloys with Nb contents

between 0.51wt% and 5.7wt% and O contents between 1420ppm and 5560ppm were

heated at temperatures up to 1200◦C and quenched using helium flow. The temperature

of each sample was monitored during cooling using a thermocouple spot-welded to the

specimen center, and thermal arrests during cooling were used to identify specific phase

transition behaviours (e.g., the initiation of a martensitic reaction). Hunt and Niessen

found that alloys with higher niobium contents exhibited delayed transformation, as

expected with substitutional alloys. The thermal history and initial grain size of

samples was not observed to impact the rate or temperatures of the transformations

during quenching. The solution temperature was also not observed to impact the

rate or behaviour of the transformations during cooling (note that all quenches

were performed above Ms). The rate of cooling, however, did have an effect, with

increasing cooling rates observed to increase the arrest temperature associated with

grain boundary nucleation of α grains during the β → α + β transformation. The

martensite start temperature (MS) varies with composition, decreasing rapidly with

increased Nb content, but is insensitive to oxygen concentration (in the range of

400wppm to 5000wppm) [57, 58]. This change in MS has also been associated with a

change in the microstructure of martensite laths, potentially due to the change in the

relative activity of the different deformation modes (slip vs. twinning) [59].
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Kim et al. studied the transformation kinetics of the β → α transformation in

commercial purity (CP) titanium during quenching [60]. They studied quenching rates

from 0.5◦C/s to 1600◦C/s, and identified the phase transformation temperatures using

in situ resistivity measurement. The β → α transformation temperature was found

to vary depending on the quenching rate, with lower transformation temperatures

observed with increased quenching rate. They grouped the rates into three regions

based on the reaction start temperature and resulting microstructure: under 90◦C/s,

90◦C/s - 300◦C/s, and over 300◦C/s. They report a massive β → αm transformation

that is not observed in pure Ti, suggesting that the presence of impurities can

significantly alter the available transformation mechanism during quenching. In

particular, they report that the presence of Fe appears to decrease the critical cooling

rate for martensite formation, from about 3000◦C in pure Ti to approximately 600◦C

in CP-Ti.

Oh et al. found that different alloying elements resulted in different microstructures

following β-quenching of Zr-0.8Sn alloys [59]. Alloying additions of Fe, V, Sb, and Mn

were investigated individually with additions of 0.1at%, 0.2at%, and 0.4at%. Samples

were quenched from 990◦C (fully β) in water, with reported rates of 1400◦C/s. For the

Mn and Sb additions (minimum 0.1at% and 0.2at%, respectively), the martensite start

temperature was depressed below room temperature, so a diffusive transformation

occurred, resulting in the basket-weave Widmanstatten microstructure. The martensite

start temperature also impacts the martensite microstructure. For low V content,

internally slipped martensite was observed. With increased V content, internal

twinning was also observed in the martensite laths. This could be due to the lowering

of Ms; twinning is more favourable at lower temperatures as it is less temperature
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sensitive than slip, and thus, since the martensite starts forming at lower temperatures,

it is accommodated by a combination of slip and twinning. The introduction of

twinning at higher V contents may also be due to the increase in CRSS for slip caused

by the direct impact of V on dislocation motion.

Massih et al. performed a study on β-quenching of a Zircaloy-2-like alloy [61],

from temperatures of 1000◦C to 1200◦C. The alloy had slightly lower Sn content than

standard Zircaloy-2 (1.1wt% as opposed to 1.5wt%). All samples tested exhibited

a basket-weave microstructure. They found that the size of α-lamella depended on

quenching rate, with thicker lamellae observed for lower cooling rates (e.g., 6.5µm

thickness when quenched at 5◦C/s, and 1-1.5µm thickness when quenched at 80◦C/s).

They also observed Zr3Si particles following quenching. From their results, they found

that the β-quench rate impacted final microstructure due to the impact it has on

nucleation and growth of α-lamellae, while the β hold time impacts final microstructure

through the prior-β grain size.

Northwood and Dosen did a study on quenching and ageing in a Zr-1.14Cr-0.08Fe

alloy [62]. They were able to vary quenching rates between 1000◦C/s and 30000◦C/s

by varying the quenching media (oil, water, and brine) and sample thickness (between

0.50mm and 1.53mm) when quenching from 1050◦C (single phase β). The highest

quench rates produced martensite, while a Widmanstatten structure was observed

with quenching rates below 4500◦C/s. Between 12,000◦C/s and 4500◦C/s, a mixed

martensite-Widmanstatten grain structure was produced.

Linjiang et al. studied the effect of quenching rate on the microstructure and

hardness of β-quenched N18 zirconium alloy (Zr-1Sn-0.3Nb-0.3Fe-0.1Cr) [63]. They

studied four cooling rates (1000◦C/s, 100◦C/s, 5◦C/s, and 0.05◦C/s), which were
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achieved by four different quenching strategies (water quench, liquid nitrogen quench,

air-cooling, and furnace cooling, respectively). Four different microstructures were

developed, with the standard martensite → basket-weave → parallel plate → coarse

grain relationship found with decreasing quench rates. The highest cooling rates were

associated with increased hardness, and a finer α-grain structure (grain size of 0.8µm

for the highest rate compared to 10µm for the lowest).

Woo and Tangri studied the microstructure formed as a result of β-quenching

Zircaloy-4 alloys with different oxygen contents [64]. Samples were quenched from

1260◦C, and temperatures were recorded during quenching at a sampling rate of up to

16Hz. They found that there was a slight rate dependence on the Ms temperature,

with a higher quenching rate resulting in a lower Ms temperature. This behaviour

was not observed for quenching rates above 1000◦C/s. Increasing the oxygen content

of the alloy was found to partially suppress the martensitic transformation. Samples

with oxygen content up to 0.54wt% (5400wppm) produced fully martensitic structures

when quenched, while a mix of martensitic α′ and basketweave α was observed at

0.78wt%. Higher oxygen content produced even fewer α′ plates. No β grains were

retained upon quenching for rates up to 2000◦C/s. The heating rate was not observed

to alter the α→ β transformation temperature, for rates between 15◦C/s - 200◦C/s.

One of the few studies on (α + β) quenching of zirconium alloys is that of Yoo

and Kim [65], investigating the recrystallization of Zircaloy-4. All of the quenching

in their study was done above Ms, and in all cases the sample microstructures were

a combination of untransformed α grains and fully transformed β grains in the

martensitic α′ state. Quenching was performed using water, from either 890◦C or

950◦C. Volume fractions at the elevated temperature were estimated metallographically
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post-quench. The progression of the phase transformation was analyzed using the

JMAK model. The volume fraction of β grains, fβ, is given by

fβ(t) = 1− exp(−ktm) (2.2)

where t is the time, k is a rate constant, and m depends on the mechanism. The value

of m was found to be 0.78 at both temperatures investigated, suggesting that the

nucleation and growth rates are the same at both temperatures (in agreement with

the results of Hunt and Niessen [56] discussed above). A simple Arrhenius-type model

was used to model the rate constant:

k = k0 exp(−∆G/RT ) (2.3)

where ∆G is the activation energy of the rate determining step, k0 is the rate constant

at 0 K, T is the temperature, and R is the gas constant. The value of ∆G = 33kcal/mol

(≈ 140kJ/mol) was comparable to values reported for the diffusion of oxygen in the

β phase of Zircaloys (28.2kcal/mol or 118kJ/mol) measured by Pawel et al. (who

observed no statistically significant difference in diffusion of oxygen in the β phase of

pure zirconium, Zircaloy-2, and Zircaloy-4 [66]). Yoo and Kim take this to suggest

that the rate of the α → β reaction is determined by the diffusion of oxygen from

the β phase to the α phase, in the temperature range of interest. Similar studies

on growth of α + β microstructures in Ti-Mn and Ti-V alloys by Grewal et al. [67]

show that interdiffusion of β stabilizers to α and α stabilizers to β limit the rate of

microstructural development, particularly when substitutional solute is present, which

complicates the analysis of alloys with multiple additions.
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Holt reports on the microstructural evolution during cooling of two nominally

equivalent Zircaloy-4 samples [68]. Two different Widmanstatten morphologies were

observed: ”basketweave” and ”parallel plate.” The basketweave morphology arises

due to random precipitation of α plates on a number of crystallographic planes in a

given β grain; some evidence exists to suggest these grains nucleate at second phase

particles present in the β matrix at elevated temperature. The parallel plate structure

results from most of the α nuclei in one grain precipitating on one specific habit plane,

with the nucleation event occurring at a grain boundary.

The results in this study suggest that the type of Widmanstatten microstructure

formed (i.e., basketweave vs. parallel plate) is independent of the heat treatment

temperature and the prior β grain size [68]. The quench rates impacted the final grain

size, with finer plates observed at higher rates; over the range of 2◦C/s to 200◦C/s,

both basketweave and parallel plate morphologies were observed. Samples cooled at

2000◦C/s produced a quenched martensitic structure, distinctly different from the

Widmanstatten structure.

Chemical analysis showed no segregation of Sn in the final microstructure for

samples held at 906◦C, 936◦C, and 957◦C, with a uniform distribution between

the α and β phases, while both Fe and Cr were rejected from the Widmanstatten

plates. Using a pseudo-ternary phase diagram construction, Holt established that the

(α+β)→ β and α→ (α+β) temperatures are primarily determined by the α-stabilizer

content, with only minor impact from the β-stabilizers (notably the depression of the

α → (α + β) temperature). He also suggested that the α grain growth rate will be

determined by the Fe and Cr diffusion rates, as they diffuse much more slowly than O

(and Sn is not segregated) [68], in contrast to the conclusion of Yoo and Kim [65] that
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oxygen is the likely rate-determining factor.

Repeating these experiments, Holt found that β grain growth can indeed impact the

final microstructure; an increase in grain size results in a decrease in grain boundary

area available for nucleation, which in turn can impact the nucleation behaviour [69].

The final microstructure was found to vary depending on quenching rate, with parallel

plate structure formed at cooling rates up to 40◦C/s, a mixture of basketweave and

parallel plate structures formed between 40◦C/s and 600◦C/s (with some partially

martensitic structures at 600◦C/s), and fully martensitic structures formed above

2000◦C/s [69]. Homogeneous nucleation of the basket-weave structure is proposed as

a possibility when cooling rates are sufficiently high (due to increased undercooling

resulting in activation of less favourable sites).

Massih and Jernkvist developed a model to explain the transformation kinetics

of alloys in non-isothermal conditions (i.e., during quenching or heating) [70] and

Massih specifically applied the model to zirconium alloys [71]. The model captures

the dependence of transformation temperatures of heating and cooling rates, and

showed good agreement with experiment. The model is related to the case of the

JMAK theory wherein nucleation rates are high, and site saturation occurs early in

the reaction. Interestingly, the results reported by Massih are some of the few reported

on quenching from the (α + β) field in zirconium alloys. The Massih model is based

on a differential equation that represents the progress of the phase transformation

dy

dt
=
ys(T )− y
τc(T )

(2.4)

where y is the transformed volume fraction, ys is the steady-state volume fraction

at temperature T , and τc is the characteristic time of the phase transformation at
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Figure 2.3: Prediction of β-phase fraction during heating (left) and cooling (right) of
Zircaloy-4 at different rates. Adapted from [71].

temperature T . The steady state volume fraction is modeled using a sigmoidal equation

of the form

ys(T ) =
1

2

[
1− tanh

(
T − Tcent
Tspan

)]
(2.5)

Tcent =
Tα + Tβ

2
;Tspan =

Tβ − Tcent
2.3

(2.6)

τ−1
c = k(T ) = k0 exp

(
− E

kBT (t)

)
(2.7)

This model allowed Massih to accurately describe the composition of Zircaloy-4 and

Zr-1%Nb alloys during heating and cooling at different rates (Figure 2.3). This model

is useful because it presents an approach to comparing phase transformation results

measured under significantly different heating and cooling rates. The results shown

in Figure 2.3 demonstrate the significant impact of heating rate on transformation

completion.

Moffat et al. report on a competition between α′′ (a body-centred tetragonal

martensitic phase) and ω nucleation during quenching of Ti-Nb alloys [72]. They found

that α′′ is favoured at higher quenching rates (at least 300◦C/s), while ω is favoured

at lower rates. For ω formation, lower quenching rates resulted in the formation of
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larger precipitates. Based on their results, they conclude that the nucleation of ω

grains prevents nucleation of α′′ grains. The two processes are locally exclusive; grains

that nucleated ω showed no evidence of α′′ and vice versa. They also observed that

air cooling resulted in ω grains that produced sharper TEM diffraction patterns than

furnace cooling (i.e., that slower quenching produces more diffuse patterns).

Sattari et al. report phase transformation temperatures in Excel of 600-690◦C

for the αZr → αZr + βZr and 968◦C for the αZr + βZr → βZr transformation [29].

The measurements were performed on material prepared from pressure tube, which

were heated and then water quenched and observed metallographically. The starting

material had a β phase fraction of 13.0 ± 0.5%, which was stable on heating up

to 600◦C. Material heated to 690◦C showed an increase in β phase fraction up to

19 ± 2%. The Ms for this alloy was determined to be very close to 864◦C, as two

samples quenched from this temperature produced different microstructures: one had

a martensitic structure, and the other had retained β grains without martensite. The

authors have suggested that the transition from retained β to martensite is due to

the decrease in the concentration of β-stabilizers in β grains at higher temperatures.

Due to the fixed total content of β-stabilizers, higher β volume fractions will result in

lower local concentrations. The β stabilizers suppress the martensitic transformation,

and the authors suggest a minimum of approximately 1.46wt%Mo and 1.42wt%Nb is

required to suppress the martensitic reaction.

A minimum concentration of β-stabilizers exists for room temperature retention

of β-Zr in the binary Zr-X systems. For Mo and Nb, these minimum concentrations

have been reported to be 5% and 15%, respectively, for 100% retention of β phase on

quenching [9]. Lower concentrations will result in retention of lower β phase fractions.
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2.4 Mechanical Stability: isothermal stress-assisted transformation

Plastic strain in polycrystalline materials is accommodated by the activation of one

or several so-called deformation modes. In α zirconium, plastic strain is achieved

through a combination of slip and twinning [73]. There are three major slip modes in

zirconium: prism 〈a〉, basal 〈a〉, and pyramidal 〈c+ a〉. Other slip modes have been

reported, but are not regularly observed. The most common twinning mode is tensile

twinning, which is commonly observed when tensile deformation is required along 〈c〉

directions. As with slip, other twinning modes are possible but are much less common

at ambient conditions. The activation of different deformation modes results in changes

in texture and residual stresses, which can impact subsequent mechanical properties.

Many factors, including process temperature [74], strain rate [75], texture [76] and the

presence of multiple phases [77, 78], will impact the selection of deformation modes.

In addition to slip and twinning, plastic deformation can be achieved through the

activation of a phase transformation. Phase transformations are often discussed in

terms of temperature and the relative stability of phases with respect to thermal energy.

While metastable phases can be introduced into a sample as a result of quenching, the

addition of energy by mechanical means can result in further phase transformation.

Such phases changes are termed isothermal stress-assisted transformations, as they

occur at a given temperature as a result of additional stress. Deformation-induced

phase transformations have been observed previously in fully β-quenched zirconium

alloys (Zr-3Mo-1Al [52]; Zr-10Nb, Zr-10Nb-1Al [42]; Zr-8Nb-1Al [79]; Zr-3Mo, Zr-

5Mo, Zr-3Mo-3Al, Zr-1.5Mo-49.25Ti [80]). Many reports also exist of stress-assisted

phase transformation in Ti alloys [10, 81, 11, 12, 82, 13], though the bulk of study

of isothermal stress-assisted transformations has been focused on so-called TRIP
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(transformation-induced plasticity) steels [83]. Stress may also initiate phase transfor-

mations in non-quenched structures, such as the α→ β transformation reported in

Zircaloy-4 at temperatures just below the β transus [84].

When referring to a phase transformation that occurs under external applied load,

the terms ’strain-induced’, ’stress-assisted’, and ’deformation-induced’ are used. The

first two of these terms are distinct and refer to the nature of the nucleating event

of the phase transformation [85], while the third is used to refer to both types of

transformation without differentiating between them. A phase transformation is said

to be stress-assisted when it occurs as a result of the addition of energy from an

applied stress (the σ term in Equation 2.13). In this case, the transformation can

occur independent of other deformation processes, and the nucleation occurs at the

same sites as a typical thermal martensitic process. In the case of a strain-induced

transformation, the transformation is nucleated at sites that are produced as a result

of some prior deformation step (e.g., shear bands or dislocation pileups), and thus may

only occur when these processes have already taken place. This can be understood as

decreasing the value of ∆G in Equation 2.10, as the nucleation step now requires lower

energy. A strain-induced transformation will occur at higher temperatures, typically

those temperatures for which σtr, the stress required to initiate a transformation, is

greater than σys, the stress required to initiate dislocation slip (or, traditionally, the

yield stress). Conversely, the transformation is said to be stress-assisted when σtr < σys.

As there is nothing intrinsically different about the transformation itself in these two

cases, the term ’deformation-induced’ is often used to refer to a transformation that

occurs by either of these processes [85, 20, 86].
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Delvecchio et al. published the first report of a deformation-induced phase trans-

formation in a zirconium-base alloy in 1971 [52]. They prepared samples of a Zr-

3%Mo-1%Al alloy in a fully β microstructure by heating the samples at 975◦C for 30

minutes. Samples prepared in this fashion were then either rolled, deformed in tension,

or deformed in compression. Samples were rolled either at room temperature, near

200◦C, or near -196◦C. The microstructure of the as-quenched material was single

phase (Figure 2.4), and after just 1% reduction in thickness by rolling, new platelets

were visible. The platelets had apparently nucleated near twin boundaries, grain

boundaries, or deformation bands, and grew along definite crystallographic directions.

From this nucleation result, the authors conclude that the phase transformation cannot

have been the primary deformation mode, as its initiation required other deformation

modes to be active. The authors also found that the c/a ratio of the α′D phase (the

strain-induced α-like phase) increased as more transformation occurred, and the a

lattice parameter for the β phase decreased, as measured by X-ray diffraction; the

authors take this as evidence that the β regions relatively deficient in Mo underwent

transformation first.

When samples were rolled at 200◦C, post-deformation metallography revealed

less of the transformation product, and that the transformation product formed a

”spider-web” structure, with growth occurring primarily along what appeared to be

slip traces. In contrast, when rolled after being cooled to -196◦C, the transformed

microstructure was similar to that at room temperature, though a greater amount of

the transformation product was observed. While testing their Zr-3Mo-1Al samples in

tension, Delvecchio et al. also measured the resistivity of the samples. The resistivity

of the samples decreased continuously throughout the test, with the greatest rate of
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Figure 2.4: Microstructure of a Zr-3Mo-1Al alloy quenched from 1000◦C. (a) As-
quenched microstructure shows a single phase with clear grain boundaries.
(b) After 1% reduction in thickness by rolling, a new crystallographically
oriented phase has nucleated as platelets at the grain and twin boundaries.
Images from [41]

change at the start, and continued to decrease until fracture. The resistivity of a

metal normally increases with additional plastic deformation, so this decrease was

taken as further evidence of the β → α′D transformation.

A study of deformation-induced phase transformations in multiple zirconium alloys

was performed by Marques [80]. Marques studied five zirconium base alloys, Zr-3Mo,

Zr-5Mo, Zr-3Mo-3Al, Zr-3Mo-3Al-0.3La, and Zr-1.5Mo-49.25Ti. The alloys were

prepared and then quenched from 1100◦C following a 2 hour heat treatment (the

Ti-containing alloy was heated at 800◦C due to its lower β transus). The samples

were subsequently rolled by increments of up to 40% reduction. Some samples were

cooled to -196◦C using liquid nitrogen prior to rolling (and then rolled at a reduced

temperature). Subsequent to rolling, samples were prepared for metallography and

their hardness measured. Evidence of a deformation-induced phase transformation was

found in each of the alloys, and the amount of transformation product, as well as the

hardness, increased with greater deformation. Samples rolled at a lower temperature
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showed a greater amount of transformation product for a given amount of deformation,

and also showed a greater increase in hardness. The amount of transformation also

increased when a given deformation was applied in one pass, as opposed to multiple

passes.

Investigating the deformed microstructures using TEM, Marques found that the

primary α′D martensite plates appeared to be parallel, with a second variant forming

normal to the primary, identical to the microstructure observed by Delvecchio et al.

at room temperature [52]. The martensite plates formed on a (334)β habit plane, and

their crystallographic orientation followed the Burger’s relationship with the parent

grain. The martensite plates were highly faulted and internally twinned, though,

notably, Marques did not observe evidence of slip in either of the untransformed β

matrix or α′D martensite phases. This suggests that the stress required to trigger the

transformation is less than the yield stress of the material.

Bolcich, Peretti and Ahlers studied the interaction between ω precipitates and α′D

formation in both Zr-10Nb and Zr-10Nb-1Al alloy [42]. Samples were heat treated at

1000◦C for 2 hour and quenched in water. TEM results indicate that ω precipitates

formed during the quench. Cold rolling of the samples was found to produce α′D

in both alloys, despite the presence of ω, which had been suggested to inhibit the

transformation (as is the case during quenching [72]). When tested in tension, the

Zr-10Nb-1Al alloy produced α′D martensite, and the Zr-10Nb alloy did not. The

Zr-10Nb alloy fractured in a brittle manner, while the Zr-10Nb-1Al samples were more

ductile.

In a subsequent report on the Zr-Nb-Al alloy, Bolcich reports additional experiments

performed over a range of temperatures from -196◦C to 100◦C [79]. As part of the
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study, some samples underwent load-unload cycles to determine whether the phase

transformation would result in a pseudo-elastic effect. A material is said to demonstrate

pseudo-elastic behaviour when some plastic deformation is recoverable. The material

demonstrates inelastic deformation (such as a non-linear stress-strain response above a

certain applied stress), but, upon unloading, the strain recovery is greater than would

be predicted from simply elastic loading. Such pseudo-elastic behaviour has been

reported in several Ti alloys that demonstrate strain-induced phase transformations

(e.g., Ti-17Nb-1Fe and Ti-17Nb-2Fe [87] and the Beta-III alloy [88]). Bolcich observed

no pseudo-elastic effect for any sample in either compression or tension over the range

of temperatures -196◦C to 100◦C [79]. Bolcich also reports that the critical stress for

activation of the transformation was equal to the yield stress at all temperatures, and

thus decreased with increasing temperature over the range investigated.

Kuan et al. studied the deformation behaviour of two Ti-V alloys prepared as single

crystals [11]. Samples were prepared of Ti-15at%V and Ti-19at%V, and quenched

from 900◦C in order to form athermal ω in the fully-β matrix. The samples were

subsequently deformed in tension, and exhibited a flat stress-strain response. There

was almost no work hardening, and the authors report ”clicks” were heard during

the deformation. Optical examination following deformation revealed small parallel

features at the surface of the material. X-ray scattering was used to identify the

character of the plates; six-fold symmetry was apparent in the stress-induced plates

in both alloys, indicating a hexagonal structure. Electron microscope investigation

showed that four ω variants were present in the material as-quenched, but only one

variant was produced during deformation, and the stress-induced variant was not one

of the four present before deformation. The electron microscopy also revealed a small
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amount of α′D grains in the plates. Based on the mechanical behaviour of the alloys,

the authors conclude that the critical resolved shear stress for the transformation

is lower than that of slip (for some sample orientations). They also propose that

the ω phase is formed as an intermediate phase during the stress-induced β → α′D

transformation that other authors had reported.

Hanada and Isumi investigated the deformation behaviour of β-quenched Ti-Cr

alloys, in the range of 8wt%-20wt% [12]. Samples were quenched from 825◦C- 875◦C,

and then either rolled or deformed in tension. Peaks belonging to the ω phase were

observed in X-ray diffraction patterns of the deformed Ti-8Cr samples that were not

present prior to deformation. No such new peaks were present following deformation

of the higher chromium content alloys (10%, 11.5%, 13%, 15%, and 20%). Twins

corresponding to the {332}〈113〉 mode were also observed to have formed during

deformation. Slip was favoured in the more heavily alloyed samples. The activation

of twinning and ω-formation were associated with enhanced tensile ductility. The

Ti-8%Cr sample exhibited 35% ductility at 77K, while the higher content samples

fractured at less than 10% strain. These results indicate that non-slip deformation

mechanisms can greatly enhance the ductility of alloys at low temperatures.

Marteleur et al. used a d-electron alloying map, shown in Figure 2.5, to investigate

the potential for multiple plastic deformation mode activation in Ti-Mo alloys [10].

Using the alloy map, they correctly predicted that a Ti-12Mo alloy should undergo

combined TRIP-TWIP. Following deformation, they observed mechanically induced

α′ grains, {332}〈113〉 twins, and some evidence of ω grains near the twin boundaries.

The same Ti-12Mo alloy was studied by Sun et al.[82], using in situ synchrotron

X-ray diffraction, and ex situ EBSD and TEM. Samples were prepared in a fully β
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state, by water quenching from 800◦C. Some diffraction peaks associated with the

ω phase were observed prior to deformation. During deformation, the integrated

intensity of the (0001)ω peak increased at low strains, decreased at strains above

0.5%, and completely disappeared by 4% strain. A peak associated with the α′D

phase, which was not present in the undeformed state, grew during deformation,

and was observed to decrease in integrated intensity upon unloading. Twinning in β

grains ({332}〈113〉 and {112}〈111〉) was observed to coincide with the stress-induced

martensitic transformation (β → α′D), and the combination of these deformation

modes is associated with increased tensile ductility and work hardening. These results

support the hypothesis of Kuan [11] that ω may be an intermediate in the β → α′D

reaction.

Wyatt et al. have performed a review of the impact of metastable β on the

deformation behaviour of titanium alloys [13], with a particular focus on the differing

behaviour between single phase β alloys and the β phase portion of (α + β) alloys.

Titanium alloys with a higher Mo equivalent level are more stable, which results in

a greater likelihood that deformation will be accommodated by slip alone. Lower

stability encourages the activation of multiple deformation modes in single phase β

alloys, with the additional modes being twinning and various phase transformations

resulting in plasticity. Deformation mode activation within the β phase is different

between β alloys and (α + β) alloys, even when the composition of the β phase is

identical. Similar results have been reported for the twinning deformation mode [77],

and during thermal phase transformations [39].

The formation of stress-induced martensites can be explained by a balance of

the Gibbs free energy. This approach has been explained by Liu et al. [89] and is
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summarized here. A similar model has been presented by Olson and Cohen [83], among

many others. There are many contributions to the total free energy of a solution, and

it is typically expressed as

G = U − TS +
∑

Yi∆Xi (2.8)

where G is the Gibbs free energy of the phase, U is the internal energy, T is the

temperature, S is the total entropy, and Yi is the energy contribution from a change in

some other property, Xi (for the ith additional parameter). The phase transformation

temperature between two phases is the temperature at which the Gibbs free energy of

the two phases is equal, i.e.,

∆G = G2 −G1 = 0 (2.9)

where Gi is the Gibbs free energy of the ith phase, and ∆G is the change in free energy

due to the transformation. For a material experiencing external stresses undergoing a

phase transformation resulting in plastic deformation, the free energy associated with

that phase transformation is given by

∆G = ∆U − T∆S + ∆Eel + δEir −
1

ρ
σ · εtr (2.10)

where ∆Eel is the change in elastic energy stored in the lattice, δEirr is the energy

lost due to irreversible processes (i.e., plasticity), σ is the applied stress, εtr is the

strain due to the phase transformation, εel,M/A are the elastic strains in the martensite

and austenite (child product and parent material) respectively, and ρ is the material
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density.

If the phase transformation involves merely a difference in chemical free energy,

then ∆G = ∆H − T∆S, so that at equilibrium, ∆G = 0 and

T0 =
∆H

∆S
(2.11)

By including the lattice distortion (which requires elastic and plastic accommodation)

terms, we find a new equilibrium temperature,

T1 =
∆H + ∆Eel + δEirr

∆S
= T0 +

∆Eel + δEpl
∆S

(2.12)

which applies to the situation of no external stress. Since both of the elastic and

plastic accommodation terms must be positive, the sign of this additional lattice

distortion term depends on the entropy change of the transformation alone.

Finally, by factoring in the work done by an external stress during the phase

transformation, we find a third equilibrium temperature

T2 =
∆H + ∆Eel + δEirr − 1

ρ
σ · εtr

∆S
= T1 −

σ · εtr
ρ∆S

(2.13)

The effect of the stress-strain work on the equilibrium temperature depends on the

entropy change of the transformation, and the transformation strain along the stress

axis. This additional term can be the source of variant selection during stress-induced

phase transformations, as the free energy contribution of the external stress will be

greatest along directions that the transformation strain is aligned with the applied

stress.
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By taking the first derivative of T2 with respect to stress, it is clear that there is a lin-

ear relationship between stress and transformation temperature, with a proportionality

constant given by

dT2

dσ
= − εtr

ρ∆S
(2.14)

This result suggests that stress-induced martensitic transformations can be understood

as occurring due to a decrease in the martensite start temperature from external stress.

This model has been used by numerous authors to explain the effects of grain size

[90, 20] and strain rate [91, 86] on the β → α transformation in metastable Ti alloys.

Liu et al. take this derivation further by also including the effect of changes in

elastic constants between the parent and child phase [89]. This approach, however,

is complicated by the difficulties in quantifying elastic constants in phases with very

small volume fractions. Ahmed et al. present a similar model [86] and include the

effect of strain rate, which, they argue, impacts only the δEirr term.

A similar approach to understanding isothermal martensitic reactions was presented

by Olson and Cohen [83]. Their model predicts the rate of reaction as a function of

stress and temperature, based on a phenomenological explanation of TRIP steels. The

temperature dependence is related to the change in the heat capacity between the

parent and child phases in the transformation, ∆Cp, such that

∂2∆G

∂T 2
= −∆Cp

T
(2.15)

In steel systems, the value of ∆Cp is negative for the martensitic transformation. As

the heat capacity itself decreases as the temperature increases, there is an upward

curvature to the ∆G/T curve. The consequence of this curvature is that there is some
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temperature Tc above which the transformation is kinetically unfavourable, setting an

upper limit on temperatures at which the transformation can be triggered mechanically.

Above this temperature, other deformation mechanisms will be activated before the

activation stress is achieved, or the rate of transformation will be too low to impact

the deformation. For pure zirconium, the value of ∆Cp for β → α is positive at high

temperatures [92], though heat capacity measurements for β zirconium in the ambient

temperature range are sparse. In a Zr-17.5wt%Nb alloy, the specific heat of the β

phase was found to not vary from room temperature to 800◦C [93], so it could be

expected that ∆Cp > 0 for the β → α transformation for temperatures above room

temperature.

To understand why a deformation-induced transformation is possible in the β

phase of Excel, but has not been reported in industrial Zr alloys, it is illustrative to

use a graphical method known as the d-electron alloying map. These maps plot the

mean d-orbital energy level of electrons in a material, Md, against the bond order, Bo

(following the methodology presented by Yukawa et al. [94]). Examples of such maps

are shown in Figure 2.5. Marteleur has successfully used this type of map to predict

deformation mechanisms in Ti alloys [10]. Such an alloying map is shown for various

zirconium alloys in Figure 2.6. It is evident that the d-electron state of the Excel alloy

is distinct from that of the Zircaloys and Zr-2.5Nb, and is more similar to that of the

experimental alloys in which deformation-induced transformations have been reported.

By further breaking the alloy into its two phases, we see that, at temperatures in the

range 800◦C to 900◦C, the β phase of Excel has d-electron properties almost identical

to the Zr-Mo/Nb alloys studied by Bolcich [79], Marques [80], and Delvecchio [52]

(assuming perfect separation of interstitials to their preferred phases). This tool may
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Figure 2.5: d-electron alloying maps for titanium alloys. Left: Demonstration of effects
of alloying on mean d-electron properties of titanium alloys (from [19]).
Right: d-electron alloy map for Ti-xMo alloys, demonstrating the useful-
ness of d-electron properties for presenting deformation modes and Ms,f

values (from [10]).

prove useful in further understanding other properties of the different phases in Excel.

2.5 Thermal Stability: ageing quenched alloys

Following quenching heat treatments, metal alloys are often heated to intermediate

temperatures. This is particularly common when martensitic phases form during

quenching, where the tempering of the microstructure increases ductility and toughness

substantially. In other cases, the precipitation of new phases during ageing can enhance

mechanical properties. As previously discussed, there are three major crystallographic

phases in zirconium alloys: the HCP α phase, the BCC β phase, and the HCP ω

phase. This section will summarize the research published on the thermally-induced

transformation behaviour between these phases during heat treatment, and the impact

of alloying and microstructure on this behaviour.

Aldridge and Cheadle investigated the ageing of Zr-2.5%Nb (both as-extruded
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Figure 2.6: d-electron alloying map showing selected zirconium alloys. The properties
of the two phases present in Excel alloy are estimated for temperatures
in the range 750◦C - 900◦C by assuming perfect separation of alloying
elements to their lowest energy phase. Constructed using values reported
in [95].

and following annealing from 850◦C) and Zr-20%Nb (air cooled from 800 ◦C) [96].

They observed that ageing at 400◦C resulted in the formation of ω grains in the β

phase, as well as an enrichment of Nb within the β grains (detected by change in

lattice parameter measured by X-ray diffraction), which forms a Nb-enriched βenr

phase with lattice parameter intermediate to βZr and βNb. Aldridge and Cheadle

report 3 reactions in alloys

β → ω + βenr

βenr → ω + βNb

ω → α + βNb
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which, when combined yield an overall process of

β → α + βNb

with the ω phase acting as an intermediate phase. The decomposition of ω was not

observed in the Zr-20%Nb alloy following ageing at 400◦C for 300 hours, suggesting

that the β + ω structure is stable at high Nb contents. These results indicate that

microstructural features, particularly the presence of additional phases, can impact

aging properties.

To better understand this behaviour, a time-temperature-transformation (TTT)

diagram for the β grains in cold-worked Zr-2.5wt%Nb pressure tube material was

prepared by Griffiths et al. (published in [39], with more specific detail in [97]) for the

range 400◦C - 600◦C. They note that the transformation behaviour is different from a

pure Zr-20wt%Nb alloy, even though the β phase contains 20% Nb in the pressure tube

material. The major differences were a decrease in the upper limit for ω formation

(475◦C vs. 525◦C), two-distinct Nb-enriched β variants, and more rapid formation of

the enriched β grains. ω phase was detected following ageing. TEM analysis revealed

a denuded zone free of ω grains in the β phase near α/β boundaries, and EDX analysis

revealed precipitates rich in Zr, Nb and Fe following decomposition of the β phase.

The precipitate phase is reported as either (Zr,Nb)3Fe or Zr(Nb,Fe)2, as the volume

was too low to be distinguished and only chemical analysis was available.

The phase distribution of Zr-2.5%Nb on heating and cooling is reported by Fong et

al. [98]. The volumetric expansion of β-Zr exhibits three linear ranges (when compared

to linear expansion of pure Zr [99]). The three ranges correspond to heating below the

monotectoid temperature (< 600◦C, dV
dT
≈ 0), between 600 ◦C and 900 ◦C, and above
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900 ◦C. Notably, these ranges do not correspond directly to either the (α→ (α + β)

or (α + β) → β temperatures, reported as 610◦C and 960◦C, respectively. Instead,

the three ranges are a result of the transition from βZr to βenr, growth of β grains at

α/α boundaries, and standard thermal expansion of β grains.

As part of their alloy development study, Williams et al. investigated the aging

behaviour of thirteen different zirconium alloys, following quenching from 1000◦C [4]. In

particular, they found that Mo is a potent strengthening agent, which they attribute to

its low solubility in the α phase resulting in precipitation during aging. This effect was

particularly marked when combined with Sn, which was observed to delay overaging.

They also report that the acicular martensite structure formed on quenching were

stable at 550◦C for 500 hours, showing no signs of recrystallization. The addition of

cold work, however, disrupted this stability; after 14% cold reduction, recrystallization

was readily apparent after just 6 hours at 550◦C.

In a study on the ageing response of Excel alloy [100], Sattari et al. found that fine

precipitates will form when a sample is aged at 500◦C following a water quench from

890◦C. This heat treatment produces a microstructure of 29% primary (untransformed)

α and 71% transformed β in the form of acicular martensite, α′. The precipitates could

not be identified, but had a point group of either -6m2 or 6/mmm, based on selected

area diffraction in TEM. Lattice parameters of a = 0.2936nm and c = 0.4481nm

were reported, resulting in c/a = 1.526. The precipitate composition was reported as

Zr-30Mo-25Nb-2Fe, which does not match any intermetallic compounds reported in

the literature. Subsequent study of this alloy by Liang et al. [30] found evidence of an

fcc Zr(Mo,Nb,Fe)2 precipitate after annealing at 550◦C for 2500 hours.

Idrees et al. investigated the formation of ω-phase in Excel alloy as a result of



2.5. THERMAL STABILITY: AGEING QUENCHED ALLOYS 44

ion irradiation [43]. They achieved a 40% β microstructure by water quenching from

855◦C following a two hour heat treatment. ω grains were present in the β phase

after the quench. Chemical analysis revealed that the α phase was Sn rich, while the

β phase was rich in Mo, Nb, and Fe, as expected. Two ω variants were identified

following the quench, and only one was observed to grow during irradiation.

The tempering of thermal martensite was studied by Douglass in a Zr-2Nb-2Sn

alloy [101]. Samples were held at 950◦C for 24 hours and then quenched in water.

Douglass reports limited drop in hardness after tempering at temperatures between

400◦C - 700◦C, and the formation of precipitates which varied in scale from 0.05µm

(for heating at 500 ◦C) to 0.5µm (heating at 600 ◦C). They observed an incubation

period for growth that increased in duration for higher temperatures. The tempering

was complete after 2000 hr at 400◦C and 500◦C, 1000 hr at 600◦C, and 500 hours at

700◦C. The authors report an activation energy for tempering (based on the time to

50% completion) of 243kJ/mol, measured from a linear Arrhenius plot. Based on X-ray

lattice dimension analysis, they conclude that the precipitates were not Zr4Sn, despite

this compound being present on the Zr-Sn-Nb phase diagram. The identity of the

precipitate was not established. Finally, they report that ’overaging’ the martensite

structure does not appear to result in severe decreases in strength, suggesting that

the martensitic structure may be suitable for high temperature applications.

As part of their studies on strain-induced martensite phase in Zr-3Mo-1Al, North-

wood, Rezek and Turchyn investigated the effect of tempering on the strain-induced α′D

phase [102]. They produced an almost fully metastable β microstructure by quenching

from 975◦C, then rolled the samples to 30% reduction. This deformation resulted in a

nearly fully α′D microstructure, which was then subsequently heated for 2h in intervals
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of 100◦C from 200◦C to 800◦C. For temperatures above 600◦C, there was partial

transformation to β, with a fully β microstructure formed at 800 ◦C. Tempering at

500◦C resulted in transformation to what the authors refer to as the ᾱ phase, which

had lattice parameters intermediate to that of the α′d and α phases; this phase appears

to be analogous to the βenr phase reported during aging of Zr-2.5Nb [39], with Mo in

place of Nb. Short tempering times (under 10 minutes) resulted in significant increases

in hardness (approximately 10%) that were maintained at longer holds. Douglass

also observed the formation of fine globular precipitates that became acicular with

longer heating times. These precipitates were predicted to be ZrMo2 but were not

characterized.

Paton and Williams studied the effect of oxygen on the athermal β → ω trans-

formation in Ti-V alloys [103]. They found that oxygen content significantly alters

the ω-start temperature. For example, at an oxygen content of 250wppm, they mea-

sured ωs at 525K in a Ti-17wt%V alloy. Increasing the oxygen content to 1750wppm

decreased ωs to 100K at the same V content. The temperature hysteresis of the

β ⇀↽ ω transformation was observed to increase with increasing oxygen content, sug-

gesting that the interstitial oxygen was able to pin the dislocations required for the

transformation.

A comprehensive experimental confirmation of the unique nature of the β → ω

transformation was performed by Nag et al. [104] in a Ti-Mo alloy. They used a com-

bination of transmission electron microscopy, atom probe, and ab initio first principles

calculations to confirm that the β → ω transformation is a coupled diffusive/displacive

transformation in Ti-Mo alloys. They quenched samples from the fully β region, and

observed embryos of ω-like structures in the quenched β, with only partial collapse of
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the 〈111〉 planes. Following subsequent annealing, they observed a large difference in

the Mo content of the β and ω phases. Their first-principles calculations suggest that

the presence of Mo limits the collapse of the 〈111〉 planes, which would mean that Mo

diffusion was required for the displacive component of the transformation to occur.

2.6 Application of Diffraction Studies

Over the last two decades, the nature of the study of polycrystalline materials has been

expanded through the extensive usage of diffraction studies. As much of this thesis is

dependent on the application of modern diffraction techniques, this section will provide

some background on the application of these techniques to the study of polycrystalline

materials, generally, and the study of zirconium alloys, specifically, with a particular

focus on in situ techniques that rely on modern experimental infrastructure. An

extensive overview of the application of these techniques is provided by Daymond [105],

and detail is included in this section to identify the breadth of applications relevant

to the present research. Due to their relative ubiquity, electron microscopy diffraction

techniques (e.g., Kikuchi diffraction and electron back-scattering diffraction) will not

be discussed.

Modern diffraction sources include spallation neutron sources, which allow for

time-of-flight neutron diffraction techniques (e.g., POWGEN [106] and Vulcan [107]

at the Oak Ridge National Laboratory), and synchrotron x-ray sources, which allow

for two-dimensional x-ray diffraction techniques (e.g., the 1-ID beamline at the

Advanced Photon Source at Argonne National Laboratory [108]). At the foundation

of engineering diffraction measurements is Bragg’s Law, which relates the wavelength

of the probe (e.g., neutron or X-ray), λ, to the crystallographic lattice spacing of a
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given set of lattice planes, dhkl:

nλ = 2dhkl sin Θhkl (2.16)

where Θhkl is the angle of diffraction and n is an integer corresponding to the order of

the diffraction peak (typically, n = 1). A diffraction ‘pattern’ is produced by varying

one of λ or Θ in Equation 2.16, fixing the other, and then measuring how the intensity

of the diffracted beam varies. For instance, in a TOF neutron setup, λ is varied by

producing a range of neutron energies, while Θ is kept fixed by the position of the

detectors. In contrast, for the synchrotron X-ray measurements taken at 1-ID, λ is

fixed by an upstream monochromator, and the intensity over a range of Θ values is

captured by a 2-dimensional detector.

Once a diffraction pattern has been produced, the analysis may proceed through a

number of paths. Typically, the parameters of the peaks present in the pattern are

determined by fitting a suitable peak profile to the measured data. Least-squares min-

imization of a Pseudo-Voigt peak profile is common for synchrotron X-ray diffraction,

and more complicated approaches are typically used for TOF neutron data (due to

asymmetry inherent in the measurement). More comprehensive techniques, such as

the approach known as Rietveld refinement, may be used to fit all peaks present in

a pattern simultaneously [105]. There are three parameters typically extracted from

the fitting of peak profiles: peak centre (dhkl), peak integrated intensity or area (Ihkl),

and peak breadth or width (σhkl).

Peak centres are typically used to identify local stresses, which can then be used

to identify active deformation modes, when combined with suitable models. The

diffraction and model combination approach has been used extensively to study
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zirconium alloys, including pure zirconium [76], Zircaloy-2 [109, 110, 75, 74], Zircaloy-4

[111, 112], Zr-2.5%Nb [113], and Zr-Sn alloys [114]. Common modelling approaches

include the elastic-plastic self-consistent (EPSC) model [115], and crystal plasticity-

based models [110]. To allow for comparison between separate grain families, and

more direct application of models, peak centres are typically reported in terms of

lattice strains, εhkl, defined as

εhkl =
dhkl − dhkl,0

dhkl,0
(2.17)

where dhkl is the lattice spacing of the hkl plane, and dhkl,0 is a reference lattice

spacing. The selection of a reference spacing is critical as a strain-free spacing is not

possible in a polycrystal due to intergranular effects. In studies involving mechanical

testing , the initial unloaded lattice spacing is typically used as the reference spacing.

In the absence of applied loads, a physical law known as Vegard’s law has been

used to monitor solute distribution as a result of shifts in peak centres in Zr-Nb alloys

by numerous authors [40, 39, 116, 117]. This approach is useful as it allows for precise

measurement of different time-dependent phenomena, including precipitation [39],

diffusion [116], and phase decomposition [117]. Application of Vegard’s law during

changes in temperatures requires a firm understanding of the coefficients of thermal

expansion for the lattice parameters of all phases of interest (e.g., α Zr [118] and β

Zr [99]) and the effect of solute on lattice parameters. Fortunately, these values have

been reported for most (though not all) Zr-X alloy systems.

Peak integrated intensity (or area) is most commonly used to monitor changes in

texture [46, 50] or phase [98]. During deformation, as crystallites are reoriented as a

result of slip or, more significantly, twinning, peak areas will change. A recent study
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by Kabra et al. [119] has demonstrated the application of peak intensity analysis

to grain growth, as a result of a transition from kinematic diffraction to dynamical

diffraction (a quantum effect [120], which is explained in more detail in Chapter 3).

Finally, peak width or breadth reflects variations in local lattice spacing within or

between grains in the same family, as well as variations in crystallite size. Very localized

stresses, caused by, e.g., dislocations or precipitates, result in the peak broadening,

as they result in distortions to the lattice. Additionally, there is a contribution

to peak width resulting from the measurement instrument (known as instrumental

broadening), though this will not change during measurements. Traditional analysis

of peak broadening examines a so-called Williamson-Hall plot, in which the peak

breadth is plotted as a function of diffracting angle, and the broadening contribution

from crystallite size and strain can be extracted from a linear fit. More sophisticated

analysis approaches have been implemented by Ungar et al. [121, 122], which allow

for the quantification of distinct dislocation types and even the effect of dislocation

arrangement by analyzing not only broadening but changes in peak profile (i.e., shape).

Diffraction studies are particularly useful for the study of material properties under

non-equilibrium conditions. A sample can be placed under load (e.g., [74, 75, 76, 78]),

or at high temperature (e.g., [46, 60, 98, 116]), and diffraction patterns can be measured

while these external conditions are altered. Samples that may be difficult or dangerous

to study using traditional techniques, such as those that are radioactive, can also be

studied using diffraction techniques, allowing for a comprehensive characterization of

materials while maintaining safety for researchers.



2.7. UNRESOLVED QUESTIONS 50

2.7 Unresolved Questions

There remain a few areas of study that are underappreciated in the literature, and must

be addressed to fully realize the potential of deformation-induced phase transformations

in zirconium alloys. The cause of these gaps is two-fold. First, zirconium alloy systems

are relatively uncommon, and therefore some areas of research have simply not been

attempted. Second, while some topics have been explored in detail in specific alloy

systems, such as deformation-induced phase transformations in steels, some aspects

of study are less relevant in those alloy systems (e.g. the effect of plastic and elastic

anisotropy is much greater in zirconium than in steel). Here I will briefly identify

some of those topics which have not been explored in detail.

All of the research on the deformation-induced β → α phase transformation in

zirconium alloys has been performed on alloys that allow for retention of a 100% β

microstructure to room temperature. While this serves a clear research purpose, it

greatly limits the applications to relatively high alloyed materials, and ignores the

potential benefits of a multi-phase microstructure. Consequently, there has been no

specific research effort into understanding the retention of metastable β phases at

phase fractions lower than 100%, and the associated control over material properties

that may be thus achieved. This topic also intersects with the prospect of identifying

whether a metastable β phase can be produced (and utilized) in those zirconium alloys

already used by industry (such as the Zircaloys and Zr-2.5wt%Nb).

Variant selection during phase transformation is a topic of considerable interest

in zirconium alloys, due to the significant role that it plays on the development of

texture and the subsequent effect of texture on material properties and performance.

There has been no concerted effort on studying the role of variant selection during
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deformation-induced β → α phase transformations. Therefore, there is no information

available on whether variant selection is affected by different processing parameters,

such as applied stress state, strain rate, process temperature, or alloying content, many

of which have been shown to affect variant selection during thermal transformations.

Control of variant selection provides for a greater degree of control over final material

texture, and may prove particularly valuable for design purposes.

Finally, it is expected that the results of other studied alloy systems, notably steel

and titanium-based alloys, may not be directly applicable to zirconium alloys. While

titanium is often used as an analogue for comparison to zirconium, there are some

key differences in the nature of the β and alpha phases of these systems that may

impact the behavior of phase transformations. Notably, the volume change during the

β → α phase transformation is more than double in Zr than in Ti (Table 2.1), which

may alter the temperature dependence. Similarly, many thermodynamic properties

of the γ → α′ phase transformation in steel are different from those of the β → α

transformation. Therefore, care must be taken in applying models and expectations

developed for these more common alloys to zirconium alloys.
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[121] T. Ungár, A. Borbély, The effect of dislocation contrast on x-ray line broadening:
A new approach to line profile analysis, Applied Physics Letters 69 (21) (1996)
3173–3175. doi:10.1063/1.117951.
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Chapter 3

Phase Transformation Temperatures and Solute

Redistribution in a Quaternary Zirconium Alloy

3.1 Introduction

Excel alloy is a quaternary zirconium alloy (Zr-3.5Sn-0.8Mo-0.8Nb) that was originally

developed to replace the Zr-2.5Nb alloy used in CANDU pressure tubes [1], and has

more recently been proposed for use in Gen-IV nuclear reactors. Much of the recent

study on the alloy has focused on its properties under irradiation [2, 3]. Understanding

phase equilibria and phase transformations in Excel alloy is complicated by the

conflicting contributions of the alloying additions, as well as by the slow rate of

diffusion of Sn, Mo and Nb in Zr [4]. Sattari et al. report on the phase transformation

temperatures of the alloy [5, 6], and variant selection and texture development during

quenching were investigated by Sattari et al. [7] and Ahhmed et al. [8]. In addition

to the major alloying elements, Excel alloy contains controlled amounts of O and

Fe, both of which are well established to modify the phase equilibria in zirconium

alloys [9, 10, 11]. This study aims to extend the interpretations of these studies by

investigating the phase transformation processes in situ.

Yan et al. have used in situ neutron diffraction and use Vegard’s law to interpret

interphase diffusion during the (α + β)→ β phase transformation in Zr-2.5Nb [12].

Vegard’s Law states that certain physical properties of solutions can be estimated by
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a linear combination of those same properties in the contituents. For example, for

a binary alloy of A and B, Vegard’s Law can be used to predict the lattice constant

of the alloy, aA1−xBx , assuming no phase change, from the lattice constants of its

constituents, using

aA1−xBx = (1− x)aA + xaB (3.1)

where aA is the lattice constant of pure A, aB is the lattice constant of pure B, and x

is the concentration (in atomic %) of B in solution in A. Although deviations from

the linear behaviour of Vegard’s law have been reported [13], this approach has been

used successfully for determining Nb concentration in β-Zr during heat treatments

(e.g. [12, 14, 15]). Using Vegard’s law, Yan et al. found that the transient behaviour

of Nb diffusion between β-Nb and β-Zr cannot be fully understood by the Zr-Nb

phase diagram alone [12]. The Nb content of the β phase increased significantly on

heating, as expected from the transition from β-Zr to β-Nb [16], but decreased rapidly

at temperatures above 550◦C. Above 550◦C, the Nb content of the β phase decreased

toward the eutectoid composition of 23wt%Nb at 620◦C. This transient behaviour

can have a significant impact on microstructure and mechanical properties if material

processing is performed at temperatures in the (α + β) region.

Kabra et al. report on the phase transformation in Zr-2.5wt%Nb alloy studied by

in situ neutron diffraction [17]. They heated two samples of Zr-2.5Nb and monitored

the diffraction pattern at temperatures from 650◦C up to 1200◦C. The two samples

were heated at different rates: 2◦C/min and 20◦C/min. They report an anomalous

decrease in β phase peak intensity above the α + β → β transition temperature. All

β peaks reported showed the decrease in intensity, by amounts ranging from 25% to

80%. This behaviour was observed in both samples measured. They concluded that
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the intensity variation is due to primary extinction of the incident neutron beam [18],

a consequence of a decrease in both mosaicity and local lattice distortion of the β

grains at high temperature. The change in intensity is explained by a transition from

the kinematic to dynamical diffraction formalisms. At sufficiently small grain sizes,

the kinematic model is adequate to explain diffraction phenomena, but at larger grain

sizes, the dynamical model is required, particulary to explain primary extinction. The

ratio of diffracted intensity predicted by each model is given by

Rdyn

Rkin

=
tanh(A)

A
(3.2)

where Rdyn is the intensity predicted by the dynamical model, Rkin is the intensity

predicted by the kinematic model, and A is a dimensionless thickness. The dimen-

sionless thickness is defined as A = πD
∆0

where D is the true grain thickness, and ∆0 is

the so-called Pendellösung period, which can be understood as an effective extinction

length. A full derivation of this model for neutron diffraction is provided by Sears [18].

Kabra et al. use this model to implement an Avrami-style kinetic analysis to

characterize the annihilation of dislocations (and thus decrease in mosaicity) in the

β phase at high temperature, as well as the nucleation and growth of α grains upon

cooling through the β → (α + β) temperature [17]. From this analysis, Kabra et

al. conclude that the growth of α from β takes place in a two stage process. The

first stage is dominated by nucleation, wherein nucleation sites are consumed and

an Avrami exponent of κ = 0.6 is observed. The second stage involves the growth

of nuclei, and the exact mechanism depends on the cooling rate and thus amount of

thermodynamic driving force. At a cooling rate of 2◦/ min, an Avrami exponent of 2.6

is observed, indicating that growth occurs in a primarily 2-dimensional, not isotropic,
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fashion, as expected given the lathe-like Widmanstatten microstructure observed in

the α phase of rapidly cooled zirconium alloys. At a cooling rate of 20◦/min, however,

an Avrami exponent of 3.6 is observed, indicating that the higher cooling rate results

in more isotropic growth behaviour, with greater thickening of lathes upon cooling.

In this study, we will establish the phase transformation temperatures and trans-

formation kinetics of Excel alloy through heating and cooling. Understanding this

behaviour is critical for establishing appropriate processing parameters for future

applications of this alloy, and provides information for better understanding the effect

of alloying on the phase stability in complex zirconium alloys.

3.2 Material & Experimental

The material investigated in this study was prepared from a heat-treated section of

an Excel pressure tube received from AECL. The alloy content of this material is

provided in Table 3.1. The sample was heated at 935◦C for two hours, in a flowing Ar

atmosphere, followed by a quench in ice water. This temperature was chosen as it

has been shown that quenching Excel from temperatures between 930◦C and 940◦C

will produce a relatively randomized texture in the α phase, as a result of texture

inheritance through the α + β → α martensitic transformation [8]. Pole figures for a

representative sample prepared by this method are shown in Figure 3.1. A randomized

α texture was desired to minimize the impact of finite detector coverage, and the use

of a martensitic structure was chosen to provide the additional measurement of the

martensite reversion temperature.

The sample was then heated with in situ neutron diffraction at the POWGEN

diffractometer at Oak Ridge National Laboratory in Oak Ridge, TN [19]. The samples
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Figure 3.1: Pole figures of the α phase of Excel pressure tube alloy following a water
quench from 930◦C. The axial direction is vertical, the hoop direction is
horizontal, and the radial direction is out-of-page. Four distinct grain
orientations can be identified in the {0002}α pole figure.

Table 3.1: Alloy content for Excel pressure tube. Weight fractions as reported by
Sattari et al. [5].

Element Weight (%) Atomic (%)
Mo 0.79 0.76
Nb 0.76 0.75
Sn 3.535 2.74
Zr 94.915 95.75
Fe 0.11 0.18
O 0.11 0.63

were oriented with the axial orientation normal to the incident beam. Due to the

cylindrical design of the sample holder, it is impossible to control the orientation of

the sample hoop and radial directions with respect to the incident beam. We will

show, however, that an understanding of the material texture and detector coverage

can be used to approximate the sample orientation. Heating was performed in a

vacuum furnace. The sample was heated at a rate of 5◦/minute, with continuous

measurement during the ramps. The temperature ramp was paused at intervals to

allow the sample to approach equilibrium. Once the temperature was within 1◦C of
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Table 3.2: Temperature ranges investigated. Within each range, the interval is the
temperature change between measurements. All values reported are in ◦C.

Start End Interval
100 600 50
600 700 5
700 830 10
830 880 5
880 940 10
940 1000 5

1000 1050 10

the target temperature, the samples were held for a total of ten minutes at the set

temperature. The temperature intervals used are summarized in Table 3.2. After the

hold at 1050◦C, the ramp was repeated in the opposite direction, with holds at the same

intervals. For the entirety of the measurement, the sample was held under vacuum

at 7× 10−4 Torr to avoid chemistry changes as a result of the high oxygen affinity of

zirconium. The sample temperature was measured with a thermocouple held close

to the sample environment. The thermocouple was calibrated prior to measurement

against the sample environment using an alumina standard sample heated in intervals

up to 1100◦C. All temperatures measured are reported to a precision of ±1◦C.

The POWGEN diffractometer is a time-of-flight instrument, allowing for the

simultaneous measurement of a broad range of diffraction vectors (as described by Huq

et al. [19]). The instrument is commonly used for measurements involving powder

samples. As this experiment involves a bulk metal sample, some unique conditions

are present. The diffracted beam intensity is very high, as the diffracting mass is very

large compared to typical POWGEN samples (18g compared to 1g). This allowed

for operation in the high resolution mode while maintaining a high intensity. The

effects of texture on the diffraction signal are significant, as the sample is strongly
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Figure 3.2: Possible detector coverages in pole figure space. The pole figures are ori-
ented with the pressure tube axial orientation up, and the radial direction
out-of-page. The finite detector geometry limits the measure coverage of
the pole figures. Other detector orientations with rotations between those
shown are possible. Detector coverage determined using data reported by
Huq et al. [19].

textured (Figure 3.1) and the angular coverage of the detector bank is not complete.

A representative map of the detector coverage is shown in Figure 3.2, with different

detector orientations shown to account for the possible rotation along the sample

holder direction of the cylindrical samples (i.e. detectors are shown rotated along the

sample axial direction). Understanding the detector coverage allows for an analysis of

some of the texture dependent phenomena that occur during the experiment.

Samples were also characterized using electron microscopy. Specimens were cut

from the end of the sample both pre- and post-testing at POWGEN. The sample

surface was prepared by grinding to P2000 SiC paper followed by attack polishing

using a dilute solution of 5%HF, 5% HNO3, 5% H2O2, and 85% distilled water mixed

in 0.05 µm colloidal silica (approximate ratio of 10:1). Following attack polishing, the

samples were milled with a PECS II ion mill, set at 7.5kV accelerating voltage with

the gun angle set to 8◦. The final microstructure was characterized using electron

back-scattering diffraction in an FEI Nova NanoSEM 450 with a Bruker EBSD detector
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and EDX detector, using a 10kV accelerating voltage and working distance of 5.0mm.

The distributions of Zr, Sn, Mo, and Nb in the microstructure were mapped using

energy-dispersive x-ray spectroscopy (EDX). All elements were mapped using their

respective Lα characteristic x-ray peak.

3.3 Results

A total of 156 diffraction data sets were collected at an equal number of temperatures,

with 76 sets measured during heating and 80 sets measured during cooling. Due to

the manner of data collection at POWGEN, the data are not collected as patterns,

but instead as collections of neutron events that are subsequently binned into patterns

for a set time period. This allows for additional time resolution within each data set.

Diffraction peaks were fit over the range 1.1Å- 3.0Å, using a Pseudo-Voigt peak shape.

A total of 14 diffraction peaks were fit, with 11 peaks in the α phase and 3 peaks in

the β phase. A linear background was used.

For each diffraction peak, there are three parameters that are monitored: peak

position (or center), peak area, and peak width. Each of these parameters reveals

information about different (though sometimes related) microstructural characteristics

of the grains contributing to that peak. Due to the strong texture of the extruded

and quenched pressure tube material, different grain families experience significantly

different microstructural states.

The peak position of the (hkl) peak, dhkl, is typically used to determine the lattice

strain, εhkl =
dhkl−d◦hkl

d◦hkl
(where d◦hkl is the strain-free reference spacing, and h, k, and l

are the Miller indices of the lattice plane resposible for the diffraction peak). Lattice

strain is often used to predict yielding during loading experiments [20]. Some other
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factors that can impact the peak position, and thus produce apparent lattice strain,

include thermal expansion and changes in chemistry; both of these factors produce

well-characterized linear changes in the peak position which can be used to predict

changes at the microstructural level.

The peak width of the hkl peak, σhkl, can be used to determine the size and

strain distribution of the diffracting crystallites. Analysis of diffraction peak widths is

complicated by the complex microstructure and heavy texture of our starting material,

as well as the multiple contributions (outlined by Ungar et al. [21]). We do not explore

this aspect of the analysis in this chapter.

Finally, the measured peak intensity, Ihkl, typically reveals information about two

microstructural factors: the total volume of the diffracting phase, and the texture or

preferred orientation distribution. If a measurement of the entire orientation space

were possible, the texture component would not limit the measurement of phase

volume fraction; partial detector coverage, however, introduces a dependence on the

texture. This complicates the matter of determining phase fractions directly from

changes in peak areas, but provides the added benefit of being able to distinguish

between groups of grains that have different initial states or have differing states

produced as a result of the heat treatment.

Interpretation of the diffraction peak intensity is further complicated, however,

during high temperature heat treatments when imperfections in the lattice structure

are annealed out rapidly and very large coherent diffracting domains can be obtained.

This results in a transition from kinematic to dynamic diffraction conditions, as

observed by Kabra et al. in heat treatments of Zr-2.5Nb [17]. As the size of the

coherent diffracting domains increases and nears the extinction length, the diffraction
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intensity drops due to primary extinction [18], as previously discussed. The conditions

for a so-called ’perfect’ crystal are met more easily for lower order peaks, as their

extinction lengths are smaller compared to higher order peaks.

3.3.1 Extraction of Lattice Parameters

Along with interplanar lattice spacing, the peak positions can be used to estimate

the lattice constants if a sufficiently large number of peaks is measured. This was

achieved by fitting a plane defined by the relationship between the peak positions,

dhkl, and the lattice parameters. For the α phase, which is an HCP structure, this

relationship is given by

1

d2
hkl

=
4

3

h2 + hk + k2

a2
+
l2

c2
(3.3)

where a and c are the lattice constants for the α phase. For the β phase, which is a

BCC structure, the relationship is given by

1

d2
hkl

=
h2 + k2 + l2

a2
(3.4)

where a is the lattice parameter of the β phase and the relationship is strictly linear.

These lattice parameter values can then be used to calculate an average lattice unit

cell volume. The volume of the α phase, Vα, is given by

Vα =
√

3/2a2
αcα (3.5)

and the volume of the β phase, Vβ, is given by

Vβ = a3
β (3.6)
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The lattice parameter and cell volume can provide average information about the

phase, independent of texture or other orientation related effects. This is particularly

beneficial for studies that are most interested in thermal equilibrium behaviour, as

the internal strains caused by thermal mismatch of multiple phases will have a weaker

impact on these average values.

While fewer peaks were measured for the β phase compared to the α phase, the

high level of isotropy combined with the linear nature of the relationship between the

lattice constant and the dhkl lattice spacings allow for a high degree of precision in the

determination of the β phase lattice constants. This approach to estimating the lattice

constants increases the precision of the measurement, but, as previously mentioned,

obscures any orientation-dependent information. Consequently, single peak lattice

spacings and lattice constants are complementary techniques for understanding alloy

phase behaviour.

3.3.2 Heating - Tempering, and β Nucleation and Growth

The measured lattice strains and integrated diffraction intensities are shown in Fig-

ures 3.3 and 3.4 for the heating stage of the treatment. For this stage of the analysis,

data are reported for the period after the material has been held at temperature

for 300 seconds, and so it is assumed that the material has almost reached thermal

equilibrium and kinetic effects are negligible. From these data, six distinct regions

can be identified: 100◦C - 450◦C, 450◦C to 600◦C, 600◦C to 700◦C, 700◦C to 900◦C,

900◦C to 950◦C, and above 950◦C.

Up to 450◦C, the lattice strain results show that grains in all orientations in

the material are expanding, in line with thermal expansion. There is no significant
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differentiation between orientations with respect to lattice strain. Every α orientation

integrated intensity remains constant within experimental error, except for the (112̄0)α

peak, which decreases slightly over the interval.

Between 450◦C and 600◦C, the lattice strains of the α phase begin to diverge, with

the (101̄2) and (101̄1) peaks taking on a relatively tensile component (i.e. more positive

lattice strain) and the (101̄0) and (112̄0) peaks taking on a relatively compressive

component. There is no significant deviation in the thermal expansion of the basal

(0002) grains. The peak integrated intensities continue the trend observed below

450◦C, with all peaks remaining constant except for the (112̄0)α, which continues to

decrease with increasing temperature.

Between 600◦C and 700◦C is the start of significant changes to the diffraction

pattern. Peaks corresponding to reflections from the β phase appear and shift

considerably, over 5000µε over the 100◦C interval. The lattice strain change in

addition to thermal expansion is identical between the (200)β and (211)β peaks. These

two β peaks, along with the (0002)α peak increase in integrated intensity by a factor

of 2 over the interval, while the remaining α peaks all decrease in area.

At 700◦C, there is an increase in the intensity of the (211)β peak, and an inflection

in the growth of the (0002)α peak. The (0002)α peak intensity, which had grown over

the previous interval, remains constant up to 850◦C. The growth of the (200)β peak is

slowed temporarily at 700◦C, but continues to increase over the interval. There is a new

(310)β peak that appears just above 700◦C, and grows with increasing temperature

up to 950◦C. All other diffraction peaks associated with α grains decrease over this

period, at different relative rates, with the (101̄0)α grain family decreasing in intensity

faster than the others.
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At 960◦C, the α peaks can no longer be detected. The (200)β peak begins to

grow rapidly, more than doubling in integrated intensity between 960◦C and 1000◦C.

Concurrently, the (211)β peak decreases in intensity rapidly, decreasing in area by two

thirds between 950◦C and 1000◦C. Between 950◦C and 970◦C, the two β peaks also

diverge in peak position, with the (211)β peak taking on a relatively compressive state,

and the (200)β taking on a relatively tensile state. No change in strain behaviour is

observed in the (310)β peak. As the temperature continues to increase, the lattice

spacing continues to increase as expected with thermal expansion.

The changes in lattice parameter and lattice volume are shown in Figures 3.5 and

3.6, respectively. The unit cell volume of the α phase is significantly lower than that

of pure Zr at the start of the heating cycle. The difference between the pure Zr cell

volume and the Excel cell volume decreases until the α phase completely disappears.

The major contributor to the suppressed α unit cell volume is the c parameter. Values

for pure zirconium, reported by Goldak et al. [22], are shown alongside the measured

data for comparison. The β phase lattice parameter and volume both increase rapidly

following the phase’s appearance at 600◦C.

3.3.3 Cooling - α Nucleation

The lattice strain and integrated peak intensities measured for both the α and β phase

during cooling from 1050◦C are shown in Figures 3.7 and 3.8. All lattice strains are

calculated compared to the final state at 100◦C. All three of the measured peaks in

the β phase experience equal lattice strain development during cooling. Once the α

peaks appear, at 930◦C, different degrees of lattice strain develop in the different grain

families. The {101̄0}α and {112̄0}α families rapidly contract upon cooling beyond
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Figure 3.3: Peak area evolution during heating of Excel alloy.
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Figure 3.4: Lattice strain evolution during heating of Excel alloy.
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Figure 3.5: Measured average lattice constants for the α and β phases of Excel alloy
during heating. The values for pure zirconium, reported by Goldak [22],
are shown as dashed lines.
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Figure 3.6: Measured average lattice volume for the α and β phases in Excel alloy
during heating. The values for pure zirconium, reported by Goldak [22],
are shown as dashed lines.
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nucleation, along with almost equal rates of growth in intensity. The {101̄1}α and

{101̄2}α grain families also form and grow in intensity starting at 930◦C. The rates of

intensity change are approximately one third and one half of that of the prism oriented

grains. No {0002}α reflection was discernible in the diffraction patterns measured

upon cooling.

From 930◦C to 840◦C, the contraction of the α grain families is greater than

that expected from thermal expansion. Below 840◦C, the contraction is linear with

temperature in line with that expected due to thermal expansion down to 100◦C.

This inflection at 840◦C appears to coincide with the inflection in the β peaks, which,

below 840◦C, begin to contract linearly with temperature. The rapid contraction

continues until 580◦C, when the continued changes in lattice strain coincide with those

anticipated by thermal expansion.

The calculated lattice parameters and unit cell volumes of both phases during

cooling are shown in Figures 3.9 and 3.10. Both phases exhibit linear expansion

behaviour at low temperatures (below 500◦C), and the β phase is also seen to experience

linear expansion behaviour at fully β temperatures (above 960◦C).

3.3.4 Cooling - α Grain Growth and Chemical Segregation

Following the heating cycle at POWGEN, the sample was measured using EDX and

EBSD. The final grain structure is shown in Figure 3.11. Following cooling, the alloy

is left with a coarse microstructure, with elongated α grains that have formed from

the β, which remains only at the α grain boundaries.

An EBSD analysis was performed to identify whether a preferential growth di-

rection exists during the β → α transformation. An EBSD map with dimensions
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Figure 3.7: Peak area evolution during cooling of Excel alloy.
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Figure 3.8: Lattice strain evolution during cooling of Excel alloy.
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Figure 3.9: Measured average lattice constants for the α and β phases of Excel alloy
during cooling. The values for pure zirconium, reported by Goldak [22],
are shown for comparison. The scale on this figure is identical to that of
Figure 3.5.
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Figure 3.10: Measured average lattice volumes for the α and β phases of Excel alloy
during cooling. Values for pure zirconium, as reported by Goldak [22],
are shown for comparison.
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Figure 3.11: EBSD band contrast map showing the final grain structure.

750µm×650µm was measured, with indexing of the α and β phase at 0.3µm intervals.

The map was divided into 25 equal area sections. In each section, five elongated

grains were identified, and the α orientation along the elongated axis was measured

using the MTEX toolbox [23]. One such section is shown in Figure 3.12 with the five

elongated grains identified. All 125 orientations are shown in Figure 3.13. There are

two areas of concentration: around the (0002)α orientation and the (303̄1)α orientation

(18.26◦ from (101̄0) toward (0002)).
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Figure 3.12: EBSD band contrast map showing a sub-section of the grain structure
shown in Figure 3.11. The grains used for the orientation analysis are
identified with black lines showing the orientation used.

Qualitative maps of the distribution of Zr, Sn, Mo and Nb in the sample are shown

in Figure 3.14. The difference between the chemical distribution within the α and

β phase is apparent, with relatively greater Zr and Sn content in the α phase, and

greater Mo and Nb content in the β phase.

A similar analysis on a section removed from the sample prior to testing reveals

a mostly martensitic α′ microstructure with some prior α grains (not shown due to
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Figure 3.13: Inverse pole figure showing the elongation axis of α grains in the final
grain structure. A total of 125 grain orientations are shown.

space constraints). There is some chemical segregation, with the prior α being slightly

enriched in Sn and deficient in Mo and Nb. These results are similar to those reported

by Sattari et al. [5].

3.4 Analysis

3.4.1 β Phase Fraction

Vegard’s law will be used to estimate the β-Zr phase fraction. The crystal structures

of β Zr, Mo, and Nb are all BCC (up to 2623◦C for Mo [24], and 2469◦C for Nb

[25]). Thus, the lattice parameters of all three systems can be directly compared.

Lattice parameters for the BCC Mo were interpolated from the results of Ross and

Hume-Rothery [26], while the values for Nb were adapted from Edwards et al. [27].
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Figure 3.14: Elemental maps measured using EDX on Zr-Excel alloy. The maps show
a clear segregation of (b) Sn to the α phase and (c) Mo and (d) Nb to
the β phase.

Values of the β Zr lattice parameter were calculated using the expression given by

Heiming [28]. Values for the thermal expansion of Sn were adapted from Thewlis et

al. [29]1. At room temperature, Sn takes the βSn structure, which is body-centred

tetragonal, with a melting point of 232◦C [30]; it is assumed that Sn acts as an ideal

substitutional solute and, thus, despite not having a BCC crystal structure, that

1αSn = αSn(20◦C) + 3.1× 10−5(T − 20◦C)Å
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Vegard’s law for Sn in β-Zr holds.

We assume for ease of calculation that the Mo and Nb will diffuse at the same

rates, and so can be treated as a pseudo-equivalent additional lattice, with a weighted

average of lattice parameters at a given temperature, āMo,Nb, weighted to the total

concentration of each in the material. Thus, we have:

aβ = (1− xMo,Nb − xSn)aZr + xMo,NbāMo,Nb + xSnaSn (3.7)

where aβ is the lattice parameter of the β phase (which can be determined from the

diffraction data), aZr is the lattice parameter of pure Zr, āMo,Nb is the lattice parameter

of the pseudo-equivalent Mo/Nb mixture, aSn is the effective lattice parameter of

Sn in the BCC configuration, and xi is the concentration of the ith species in the β

phase. Since we have assumed that the entire quantity of Mo and Nb are within the

β phase, we can use the concentration of the Mo/Nb mixture as a measure of the β

phase volume fraction, f(β), i.e.

f(β) =
ΣMo,Nb

xMo,Nb

(3.8)

where ΣMo,Nb is the total atom fraction of Mo and Nb in the alloy, and xMo,Nb is the

concentration of Mo and Nb in the β phase. As the concentration of Mo/Nb in the

β phase decreases, the total volume fraction of the β phase increases. The β phase

fraction calculated in this way is shown in Figure 3.15/3.16, where Figure 3.16 shows

the same data as Figure 3.15, except that the β phase fraction is normalised to 1 when

no α peaks are visible.

The assumptions of this model are as follows. The entire quantity of Mo and
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Figure 3.15: β phase volume fraction during heating and cooling of Excel pressure tube
alloy up to 1050◦C, calculated using a Vegard’s Law approach using the
β phase lattice parameter. No β peaks were detected below 600◦C during
heating. The values for β phase fraction measured by quenching and
subsequent metallography by Sattari et al. [5] are shown for comparison.

Nb diffuses to the β phase upon its nucleation and remains there, such that there is

no significant concentration of Mo or Nb in the α phase.2 Sn is evenly distributed

throughout the entire material, and remains in solid solution over the entire tem-

perature range [9]. The ”effective” lattice parameter of Sn in a body-centred cubic

2The maximum solubilities of Nb and Mo in α Zr are reported to be low (less than 0.6% [25] and
0.2% [31], respectively)
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Figure 3.16: β phase volume fraction during heating and cooling of Excel pressure
tube alloy up to 1050◦C, calculated using a Vegard’s Law approach using
the β phase lattice parameter. No β peaks were detected below 600◦C
during heating. The values for β measured by Sattari et al. [5] are shown
for comparison. Values are normalized such that the β phase fraction is
100% when no α peaks are visible.

state is treated as 3.451Å at 20◦C3, and Sn retains its thermal expansion properties

in this state from room temperature. Deviations from Vegard’s law are assumed

negligible [13]. By averaging over the (211)β, (200)β, and (310)β, grain families, we are

also assuming that internal stress effects are minimised and that we get a stress-free

3This value was chosen to permit the β phase volume fraction between 1000◦C and 1050◦C to be
100%. This is the only ’free’ parameter of this model. The value is comparable to the Sn tetragonal
edge a lattice parameter of 3.17488Å.
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average.

The results of this model show that the Excel pressure tube alloy is fully β at

960◦C, with the (α + β)→ β temperature being between 955◦C and 960◦C. The data

also agree quite well with the values reported by Sattari et al. [5] in their investigation

of the phase transformation temperatures by quenching, though we measure here a

significantly lower T(α+β)→β than the 968◦C reported by Sattari et al.

The analysis here is similar to that performed by Yan et al. in their study on

Zr-2.5wt%Nb [12], but differs critically due to the initial microstructure. Yan et al. use

Vegard’s law and reported thermal expansion properties of β-Zr and β-Nb to predict

the composition of the β phase in the Zr-2.5wt%Nb alloy. The material studied by Yan

et al. was prepared with a microstructure of elongated α-phase laths with β filaments

at the grain boundary. The prior treatment resulted in a three-phase microstructure,

with α-Zr, β-Nb, and β-Zr(Nb) phases observed in the initial diffraction pattern. In

contrast, our investigation was conducted on a material with a quenched martensite α

grain structure, with no β phase initially present. Yan et al. do not use the information

on β phase composition to directly estimate the β phase fraction, as the presence

of two β-like structures renders this analysis intractable with the data available. In

the Excel alloy studied here, however, only one β-type phase is present, and the

phase fractions can be estimated from the data, with very good agreement to other

experimental studies, as shown in Figure 3.15.

3.4.2 Including α phase

The model will now be extended to factor in Mo and Nb segregation into the α phase,

as well as the differential segregation of Sn between the α and β phases. The goal of



3.4. ANALYSIS 94

this process is to estimate the concentration of the alloying elements in each phase at

all temperatures during the heating and cooling process. The total system of equations

for lattice parameters is now:

aα = aZr,α(1− CSn,α − CNb/Mo,α) + aSn,αCSn,α + aNb/Mo,αCNb/Mo,α (3.9)

cα = cZr,α(1− CSn,α − CNb/Mo,α) + cSn,αCSn,α + cNb/Mo,αCNb/Mo,α (3.10)

aβ = aZr,β(1− CSn,β − CNb/Mo,β) + aSn,βCSn,β + aNb/Mo,βCNb/Mo,β (3.11)

and from conservation of mass:

CSn = (1− xβ)CSn,α + xβCSn,β (3.12)

CNb/Mo = (1− xβ)CNb/Mo,α + xβCNb/Mo,β (3.13)

where CSn and CNb/Mo are the total (atomic) concentration of Sn and the sum of Nb

and Mo, and Ci,j is the concentration of i in the j phase.

We have already calculated aα, cα, and aβ at each temperature from the diffraction

data. The values for CSn and CNb/Mo can be estimated from the results reported by

Sattari et al. for chemical analysis of the as-received material [5]. We also know values

at all temperatures for aZr,α, aZr,β, aMo,β, aNb,β. We combine the effects of Mo and

Nb by modelling the two as a 50/50 solution. Using the analyis of King [13], we find

that this solution has an effective lattice parameter 7.24±0.19% lower than that of

pure Nb, and so anticipate that the effective lattice parameters of the mixture will

similarly be 7.24±0.19% lower. Based on the results of Richter et al. [32], we find

the effective lattice parameters of Nb in α-Zr to be aNb,α = aZr − 0.0578CNbÅ and
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cNb,α = cZr − 0.0564CNbÅ, and reduce these values in the analysis accordingly. From

the results of Abriata [30], we know aSn,α = 2.9566Å and cSn,α = 0.52182Å, for

concentrations below xSn = 0.057, and use the aforementioned thermal expansion

parameters. Combining all of this data, we get the generally reported result that the

addition of Sn will decrease aZr while expanding cZr [33], while the addition of either

Nb or Mo will contract both aZr and cZr. This model also assumes that alloying

elements are not so strongly segregated to grain boundaries that the segregation will

impact the diffraction results.

The calculated β phase fraction, as well as the calculated local concentrations of

both Sn and the Mo/Nb mixture are shown in Figure 3.17. Values were calculated

using a least squares minimization algorithm on the system of equations above. Errors

in the calculation were estimated using a Monte Carlo approach, and 95% confidence

intervals are shown. The high level of uncertainty in the values at 910◦C reflects the

impact of the low α phase peak intensities. The confidence intervals for the β phase

are broader than that for the α phase for most temperatures due to the lower β phase

fraction for most temperatures.

3.4.3 Anomalous β Peak Intensity Growth During Cooling

The β phase peak intensity change during heating and cooling is shown in Figure 3.18.

There is a significant increase in the integrated intensities of all reflections from

the β phase. This behaviour is anomolous, as it is expected that the β phase peak

intensities should drop as the β → α transformation occurs. Kabra et al. report

on similar β peak intensity changes during heating and cooling of the Zr-2.5wt%Nb

alloy [17]. In attempting to explain the change in peak intensity, the authors report
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Figure 3.17: Results of fitting the 2-phase three-component system using Vegard’s
Law during cooling. (top) The predicted β phase fraction, compared to
Sattari et al.[5]. (middle) Local Sn concentration in the (red) α phase
and (blue) β phase. (Bottom) Local Mo/Nb concentration in the (red)
α phase and (blue) β phase. Data ends at 910◦C as the α peaks cannot
be resolved above this temperature.
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Figure 3.18: Variation in peak integrated intensity for the (200)β, (211)β, and (310)β
peaks during heating and cooling of Excel alloy. Values are scaled to the
maximum value during the process for each individual peak to allow for
comparison. Arrows are included to differentiate the heating stage from
the cooling stage.

that Debye-Waller effects would result in a maximum change in peak intensity of

approximately 5%, which does not explain their observed decrease of 75%, nor the

effects observed in this study. The behaviour of the (211)β peak in the present study

appears to be almost identical to that of the (200)β peak behaviour reported by Kabra

et al., with a maxima near Tα+β↔β, and a decrease up to the maximum temperature

that continues during cooling. The magnitude of the decrease is greater here, with a

drop in intensity of 85% at 960◦C, compared during heating and cooling. Following

precipitation of the α phase on cooling, some of the peak intensity recovers. The

(200)β peak intensity, however, displays different behaviour.
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Due to the significant changes in intensity, it is most likely that the β peak

integrated intensities are suppressed by a phenomenon known as primary extinction.

In their report, Kabra et al. provide an approach to analysing neutron diffraction

data impacted by primary extinction [17]. A full derivation is not provided here. The

extinction length of a diffracting beam in the Bragg geometry can be approximated by

∆0 =
πG

k2χ(G)
(3.14)

where k is the neutron wave number, G is the length of the reciprocal space wave

vector of the diffracting beam, and χ(G) is the susceptibility of the lattice at G. The

values of both extinction length and susceptibility vary depending on the diffracting

plane for a time-of-flight instrument. Relevant values for Excel alloy in this study

are provided in Table 3.3. The experimental conditions that permit the use of the

kinematic diffraction formalism are those for which the diffracting domain length scale

is small compared to the extinction length. This is the typical case for polycrystalline

engineering materials, where grain sizes are small and the presence of dislocation

networks subdivides grains into smaller coherent diffracting domains. As a result of

high temperature annealing, these lattice distortions are annihilated and the diffracting

domain size approaches or exceeds the extinction length, and the kinematical approach

is no longer adequate.

The integrated reflectivity for a thick diffracting crystal in the dynamical formalism

is given by

ρ = π tanh(A) (3.15)

where A = πD/∆0 and D is the diffracting crystal thickness [18]. In the thin crystal
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limit, where D � ∆0, ρ → ρk = πA, which is the integrated reflectivity in the

kinematical approach. The ratio of these two values, ρ/ρk, describes the reduction

of integrated reflectivity, and thus intensity, due to attenuation of the beam in the

crystal due to primary extinction. Kabra et al. use the variation in this ratio with

crystallite thickness, combined with an in situ measurement of grain size, to estimate

lattice defect kinetics during heat treatment.

The analysis of the present data set is complicated by the effect of preferential

growth of specific grain orientations. Following completion of the α + β → β reaction,

rapid growth of the intensity of the (200)β family is observed. This coincides with a

similarly rapid decrease in (211)β intensity. As the experiment progresses, the (200)β

grain family continues to increase in intensity, while the (211)β grain family continues

to decrease in intensity. At the onset of the β → α + β reaction, on cooling below

930◦C, the integrated intensities of all peaks in the β phase increase.

To estimate the final β grain size, we can rearrange the expression for A and

calculate Dhkl, the apparent crystallite thickness (i.e. the length scale of the coherent

diffracting domains) for the grains contributing to the hkl peak. We assume the β

grain size does not change appreciably during the early stages of α nucleation, and

take ρdyn/ρkin to be equal to the ratio of intensities before the peak and at the peak.

This analysis is summarized in Table 3.3. It is clear that the size of the coherent

diffracting domains in β(200) is significantly greater than that of either the (211)β or

(310)β, which suggests that the (200)β grains grew at the expense of the (211)β grains

at the early stages of heating above T(α+β)↔β (Figure 3.3).

Kabra et al. used their data on cooling to study the α phase nucleation properties

by analyzing the recovery from primary extinction. By observing the rate of increase
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Table 3.3: Diffraction parameters for the β phase in Excel alloy tested at the POWGEN
diffractometer, and results of the kinematical-dynamic transition analysis.
The alloy average scattering length is b=7.126fm.

h k l G (Å−1) χ(×1018) ∆0 (µm) ρ/ρk D (µm)
2 0 0 3.48 10.9 28.7 0.456 19.0
2 1 1 4.26 7.2 35.2 0.665 14.5
3 1 0 5.51 4.3 45.4 0.779 13.7

in β peak intensity, and analyzing the data using the Avrami equation, they observed

a 2 part nucleation process. An Avrami exponent of n = 0.6 was measured during the

early stages of nucleation, and it increased up to n = 2.6 for later stages. Repeating

this analysis with the data from cooling for Excel alloy, we find an Avrami exponent

of n = 4.1, indicating unhindered 3-dimensional growth with continual nucleation.

The data available does not justify reporting a nucleation period, though this may

be due to the fact that our temperature change is sufficiently rapid to cause both

rapid nucleation and growth, in contrast to the continual cooling approach of Kabra

et al. which resulted in a nucleation event. It is also possible that the growth of α

grains is hindered in Zr-2.5Nb alloys in comparison to Excel. Kabra’s samples were

in the fully β region for at most 200 minutes, while our samples were held at fully β

temperatures for over 300 minutes. Given the very rapid grain growth reported at

these temperatures, this additional time at temperature is critical for microstructural

development.

Kabra et al. compare tests performed at two different rates: 20◦C/min and

2◦C/min. As the present study was focused on behaviour closer to equilibrium, our

time-average cooling rate in the region here is approximately 0.6◦C/min, though

peak instantaneous cooling rates of approximately 5◦C/min were attained when the

temperature was changing.
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Figure 3.19: Change in (200)β peak intensity with time during cooling from 940◦C to
860◦C. Using an Avrami analysis, a linear trend is observed between the
temperature of 930◦C and 910◦C, with a slope of 4.0.
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The presentation of primary extinction depends in part on the nature of the

diffraction setup. Kabra et al. made their measurements using the Wombat diffrac-

tometer at ANSTO, which features a Ge115 monochromator. Consequently, their

measurements used a fixed wavelength of λ = 1.668Å, with a corresponding wave

number k = 3.767Å−1. The experiment presented herein was performed on the POW-

GEN diffractometer, a time-of-flight diffractometer. Consequently, the diffraction

measurements are made based on a range of wavelengths, with wave numbers on

the order of 0.1Å−1. As a result, the angular scale and longitudinal lattice strains,

also known as the Darwin widths of the measurement, are very different from those

reported by Kabra et al. The longitudinal lattice strain sensitivity for the β(200)

grain family is 369×10−6, compared to 8.28×10−6 for Wombat.

3.5 Discussion

3.5.1 Tempering

The reversion of martensitic α′ to β grains in Excel alloy begins on heating at 600◦C.

Due to this, it is unlikely that the strengthening due to martensitic grain structures

has any potential for use in the high temperature applications proposed for Excel alloy.

This temperature is consistent with results reported by Sattari et al. on ageing in fully

martensitic Excel [34], in which no β phase nucleation is reported for samples aged at

500◦C for up to 550 hours. Based on the relatively low lattice parameters observed

for the β phase following its nucleation and the concurrent increase in the α phase

unit cell volume, it is apparent that the β phase nucleating from the α′ is relatively

rich in solute. In their studies on tempering martensite in Zr-Nb alloys, both Luo and

Weatherly [35] and Banerjee et al. [16] report the nucleation and growth of Nb-rich
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β-Nb from the α′ phase when tempered at low temperatures. Banerjee et al. [16]

identify two distinct β structures, β1 and β2, which correspond to the βZr and βNb

structures reported elsewhere. The difference in lattice parameter reported by Luo

and Weatherly between the Nb-rich β2 and relatively Nb-poor β1 after tempering at

600◦C for 60 hours was 0.20Å, which corresponds to a difference in Nb content on

the order of 70at% [36]. Such a severe difference in lattice parameter would produce

measurably distinct peaks in the diffraction data, which were not observed here. Luo

and Weatherly also report that the same lattice parameter was observed for the β2

phase following tempering for 240 hours at 500◦C [35].

Banerjee et al. propose the possibility of a composition-invariant α′ → β transfor-

mation [16]. Based on the apparent β phase composition at formation, however, it

is clear that the α′ → β transformation that occurred at 600◦C was not composition

invariant, as the β phase nucleated at a combined Mo-Nb concentration of 13.8at%,

which is significantly greater than the α′ composition of 1.51at%. Therefore, the

variant observed is expected to be closest in nature to that of the β1 variant. The

absence of β2 precipitates can be explained by the sluggish diffusion of Nb and Mo, and

the relatively short time at temperature. As the temperature increases, the relative

positions of the free energy curves change, with the β curve moving to lower values

of G, and so the stable composition of the β phase decreases. Furthermore, even

at elevated temperatures, no β2-type phase was observed, in contrast to the results

of Yan et al. in Zr-2.5%Nb [12], who observed a significant increase in the β phase

Nb concentration when their samples were heated above 550◦C, which is below the

α + β2 → α + β1 transformation temperature. This could be due to the relatively

low concentration of β-stabilizing elements in Excel. This may have consequences for
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the suitability of Excel in CANDU-style reactor pressure tubes, as partial β1 → β2

transformation is expected in current in-reactor Zr-2.5Nb pressure tubes [14], though

the effect of the initial microstructure may play a role in the apparent suppression

of the β1 → β2 transformation. Further study is required to establish whether a β2

structure occurs in this alloy at very long heat treatment times. Recent work by Liang

et al. [4] show no β2 structure in Excel after heat treatment times of 2500h at 550◦C.

As a result of tempering and nucleation of β, a significant increase in cα parameter

and a significant decrease in the aα parameter are observed (Figure 3.5). The changes

are sufficient to increase the α unit cell volume, which indicates that there is a net

isotropic increase in the lattice parameters, which is evidence of the depletion of

solute. This is expected as the solutes Mo and Nb are segregated to the β phase. This

segregation is, in fact, required for the β phase nucleation, as the tempering process is

not composition-invariant. Above 600◦C, the volume appears to change very little up

to 750◦C. At higher temperatures, the volume increases more rapidly, approaching the

volume predicted for pure Zr around 950◦C, just before it disappears completely. The

increase in the cα parameter and decrease in the aα parameter is in contradiction with

previous results reported for the tempering of martensite in a ternary Zr-2Nb-2Sn alloy

by Douglass [33]. Douglass found an increase in both aα and cα with tempering. This

was unexpected, as Douglass predicted an increase in the aα parameter and a decrease

in the cα parameter as a result of the formation of Zr4Sn precipitates. The increase

in cα and decrease in aα is consistent with the chemical segregation observed in the

EDX maps (Figure 3.14), which suggests that Sn is segregated to the α phase, and

the absence of evidence of Zr4Sn-type precipitates in the neutron diffraction results.

Furthermore, thermodynamic and experimental results reported by Toffolon-Masclet
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et al. [37] show that the solubility of Sn in α-Zr between 400◦C and 900◦C varies from

5.1wt% up to 8.2wt%. This explains the absence of Zr4Sn in Zircaloy-4 (up to 1.2%

Sn) and suggests that this phase will be absent in Excel alloy (up to 4% Sn) as well,

consistent with our observation and previous reports [34].

Fong et al. investigated the development of texture and the phase distribution of

Zr-2.5wt%Nb alloy using in situ neutron diffraction [38]. They identified three stages

of β texture development, associated with different stages of microstructural change.

These stages are the initial nucleation and growth of β grains, the penetration of

β grains into α/α grain boundaries, and the total transformation of α to β. They

also observed the introduction of a new α texture component on heating, which was

developed between 800◦C and 900◦C. This three stage β texture development in

Zr-2.5%Nb is consistent with the results reported here in Excel. We similarly observe

three distinct stages of textural evolution in the β phase. This can be observed

by examining the relative integrated intensity of the β phase peaks during heating

(Figure 3.3). The first phase, nucleation and growth, occurs at 600◦C. The (200)β

and (211)β peaks both grow in relatively consistent ratios, up to 900◦C, at which

point the (200)β peak appears to increase more rapidly with temperature than the

(211)β peak. This corresponds to the second stage of microstructural development,

at which the β grains penetrate into α/α grain boundaries. This also corresponds

to the temperature at which the β phase fraction exceeds 50%. Following the full

α + β → β transformation, a rapid change in β texture is observed, with the (200)β

peak increasing in intensity at the apparent expense of the (211)β peak. This behaviour

can explain the completely new β texture components observed by Fong et al. upon

heating Zr-2.5%Nb to 50◦C above the α + β → β temperature. The development of
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texture in the α phase will be discussed in a later section.

Neogy et al. studied the tempering behaviour of β quenched Zr-1Nb and Zr-1Nb-

1Sn-0.1Fe alloys [39]. They observed the formation of internally twinned martensites

following β quenching of the Zr-1Nb alloy, but no internal twins were observed during

quenching of the quaternary alloy. This result is consistent with the martensite

structures observed in Excel, suggesting that the addition of Sn may suppress twinning

during cooling. They report precipitation of the β phase after just 0.5 hours at

550◦C, and agglomeration of martensite laths after 3 hours at 610◦C. They also report

precipitation of a Zr2(Nb,Fe)-like phase following heating at 610◦C for six hours. The

phase is expected to have a body-centred-tetragonal structure with a=0.636nm and

c=0.582nm. Unfortunately the precipitates were too small for characterization by

Neogy et al. No evidence of these precipitates could be observed following tempering at

650◦C, though. We observed no evidence of such precipitates during heating. However,

sufficiently small or very low volume fractions of precipitates will be impossible to

identify by neutron diffraction due to excessive size broadening or weak signal. Neogy

et al. also report on a range of β precipitate morphologies following the 650◦C temper,

ranging from spherical to cuboidal to lenticular, which may be the cause of the texture

evolution in the β phase following the full dissolution of the α phase that we observe.

3.5.2 α/β Phase Stability

Sattari et al. reported on phase transformation behaviour of Excel alloy, measured by

quenching and transmission-electron microscopy [5]. Their results agree qualitatively

with those present in this study, as shown in Figure 3.15, but Sattari et al. predict

slightly lower β-phase volume fractions in the temperature range 800◦C - 860◦C. The
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material used in this study is prepared from the same pressure tube as that studied by

Sattari et al., so this discrepancy is unlikely to be due to material chemistry. However,

the difference observed is on the order of deviations attributed to changes in oxygen

content [10]. The heating performed by Sattari et al. was performed in a tube furnace

with Ar flow to reduce oxidation, so it is conceivable that the process resulted in

some oxygen ingress, increasing the α phase stability and thus increasing T(α+β)→β.

Additional measurements taken by Sattari using differential scanning calorimetry

showed a T(α+β)→β of 962◦C [6], which agree with the results of this chapter within

error.

Canay et al. measured the phase transition temperatures for a number of Zr-rich

alloys in the Zr-Nb-Sn-Fe system [11]. They found that Sn stabilizes the (α+β) region,

and that increasing Sn content (between 0% and 3.1at.%) decreases the α↔ (α + β)

temperature in both Zr-1Nb and Zr-2.5Nb alloys, but increases the (α + β) ↔ β

temperature. A similar effect was observed for Fe in a Zr-1Nb-0.8Sn alloy. There

is very good agreement between the measured value of Tα+β/β for Excel (960◦C) to

those reported by Canay et al. for Zr-2.5wt%Nb with similar Sn content (975◦C) [11].

The slightly higher value reported by Canay et al. is consistent with the elevation of

the (α + β) → β temperature due to Sn, as their alloy had a Sn content of 3.1at%

compared to the 2.74at% of Excel. As pointed out by Sattari et al. [5], the alloys

studied by Canay et al. all have an Tα↔(α+β) above room temperature, while Excel

alloy has a stable (α + β) microstructure at room temperature.
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3.5.3 Texture Development in the α phase

While the measurement technique used does not permit a complete assessment of the

crystallographic texture of the material, the relative intensity of the diffraction peaks,

combined with an understanding of the detector coverage, can be used to understand

qualitatively some aspects of texture development. Based on the relative intensity of

peaks (Fig. 3.3), and the known starting pole figure (Fig. 3.1), we can establish that

the sample orientation was such that the detector coverage was that shown in the

first instance in Figure 3.2. The {0002}α intensity is low compared to the {101̄0}α

intensity, and this corresponds with detector coverage in the centre of the pole figure,

the material radial direction.

This allows for an understanding of the increase in the {0002}α intensity during

heating between 600◦C and 700◦C. In their study of Zr-2.5wt%Nb, Fong et al. identified

a new {0002}α texture that developed during heating between 800◦C and 850◦C

[38]. Factoring in the addition of Sn, which greatly decreases the α ↔ (α + β)

temperature (2.74at%Sn decreases the temperature by approximately 100◦C [11]), it

can be understood that the increase in {0002}α intensity observed here between 600◦C

and 700◦C is due to the decomposition of some β to α. This type of α′ → βenr → α+β1

transformation has been reported by Banerjee, Vijayakar and Krishnan in a Zr-5.5%Nb

alloy tempered at 600◦C [16]. If this is the case, then the α grains nucleated by this

process may be contributing to the additional {0002}α intensity observed here.

3.5.4 Nucleation of α from β

The present work demonstrates that, during cooling, α nucleation begins between

930◦C and 920◦C. These results agree with the results reported by Liang et al. [4],
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who found evidence using DSC of α nucleation at 924◦C and 911◦C in two different

samples of Excel alloy undergoing continuous cooling at a rate of 10◦C/min. The lower

nucleation temperature reported by Liang et al. is expected, due to the increasing

cooling rate, which has been well established to slow nucleation [40].

Immediately following nucleation, every α grain family exhibits a strong lattice

contraction (Figure 3.8). This corresponds with a sharp decrease in α unit cell volume

(Figure 3.9). Fong et al. [38] report on the α and β lattice volume during heating

and cooling of Zr-2.5Nb with in situ neutron diffraction. The behaviour observed

in Excel is consistent with that reported in Zr-2.5Nb (Figures 3.6 and 3.10). The

increase in the slope of α phase volume with temperature at high temperatures (above

800◦C) is also observed in Zr-2.5Nb. Fong et al. attritbuted this slope increase to the

segregation of oxygen into ’primary’ α grains. While we cannot demonstrate that this

did not occur in Excel, the additional volume expansion in Excel can be explained by

the rejection of all solute from the α phase, as shown in Figure 3.14. This behaviour

is likely due to changes in solubility, and not dependent on the existence of primary

α formed during heating, as suggested by Fong et al., as the behaviour is repeated

on cooling (Figure 3.10). The trend of the unit cell volume, decreasing rapidly away

from the pure Zr trend upon nucleation, suggests that the α nuclei initially form in a

pure or nearly pure state, and that diffusion of Sn and other dissolved species to the

α phase occurs after nucleation, in combination with the growth process. It should be

noted that this behaviour does not appear to be dependent on the grain structure,

as it is observed in both Excel with a very coarse microstructure (due to very slow

cooling) as well as in Zr-2.5Nb with a fine Widmanstatten structure.

Texture inheritance between the α and β phase in zirconium follows the Burger’s
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orientation relationship [20], given by

{0002}α‖(110)β; 〈112̄0〉α‖〈111〉β (3.16)

We can use this relationship to understand the role of variant selection during the

nucleation process, and interpret the measured peak intensities during cooling. Due

to the finite detector coverage (Figure 3.2), the measurement allows us to investigate

a specific subregion of the orientation space. Based on the relative peak intensities

and the growth of the {0002} component during heating, it is likely that the center

orientation of the pole figure is probed.

At the onset of cooling, the largest β peak present is the (200)β peak. Based on

the Burger’s orientation relationship, this orientation is parallel to a {67̄12}α-type

orientation in the α phase. Given the detector coverage, it is likely that this grain

family would also produce a measurable peak in the {101̄2}α orientation. This explains

the greatly increased {101̄2}α peak intensity observed during cooling as opposed to

heating (Figure 3.7), and demonstrates the impact of texture inheritance on final

texture. It should be noted that, due to the symmetry of the BCC crystal structure,

no {111}β peak can be measured, and thus a similar analysis cannot be carried out

for the {112̄0}α peak.

3.5.5 Transformation Strain Accommodation

The precipitation and growth of α grains from the β matrix during cooling results

in elastic stress on the β matrix due to three factors: (1) the transformation strain

εT , (2) the elastic mismatch of the α and β phases, and (3) the thermal mismatch of

the α and β phases. As shown in Figure 3.10, these additional elastic stresses alter
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the effective local thermal expansion (or contraction) behaviour of the β phase. The

measured thermal expansion constant for the β phase is αβ = 10.08× 10−6 when only

the β phase is present (above 960◦C) and drops to 6.122× 10−6 once the β → α + β

phase transformation is completed, while the measured thermal expansion parameters

for the α phase are αc = 8.16× 10−6 and αa = 5.48× 10−6. The lattice distortion for

the β → α transformation is given by [41]

eTij =

∣∣∣∣∣∣∣∣∣∣
η1 0 0

0 η2 0

0 0 η3

∣∣∣∣∣∣∣∣∣∣
(3.17)

where η1 =
√

3/2aα/aβ, η2 = aα/aβ, and η3 =
√

1/2cα/aβ. This transformation

results in a volume strain given by

∆V/V =
√

3/2η1η2η3 (3.18)

The dilational volume strain is further amplified by the rejection of solute, principally

Mo and Nb, from the α phase. As the α grains grow, the concentration of solute in

the β phase is increased, resulting in a decrease in the β phase lattice parameters and

thus a change in the values of ηi. The value of η1 determined from the experimental

data varies from 1.10 at nucleation to 1.12 at room temperature; η2 varies from 0.89

to 0.91; and η3 varies from 1.02 to 1.03. The incremental volume strain decreases

from 14% compressive during the initial nucleation event to 9% compressive at room

temperature, from lattice mismatch alone. This change in compressive strain of 55%

matches quite well with the observed change in the beta phase thermal expansion
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coefficient of 60%, demonstrating the impact of solute diffusion on thermal expansion.

This transformation strain can explain the observed preferred orientation during

α grain growth from β on cooling. From Figure 3.13, there is a clear preference

for growth along the (0002)α direction and the (101̄0)α direction. These directions

correspond to the axes of η1 and η3, which both experience tensile components during

the transformation. As the transformation occurs, a tensile stress is produced across

the boundary, which encourages bulk diffusion of solute across the α/β boundary

which allows the boundary to move. The diffusion of Mo and Nb across the α/β

boundary is necessary for α grain growth, so this preferred bulk diffusion path results

in preferential grain elongation.

The change in magnitude of the transformation strains also have consequences for

the modeling of room temperature deformation. Often the residual strains introduced

as a result of cooling from elevated temperature is modeled using an elastic-plastic

self-consistent framework, which calculates the lattice strains resulting from thermal

and elastic mismatch of the phases present. This model is used to account for the initial

residual strains present as a result of cooling the material from either an annealing

step or the final step in processing (e.g. by Xu et al. [42]). Additional problems

will arise, however, due to the presence of multiple phases. Figure 3.10 shows that

the actual thermal expansion properties of both the α phase and the β phase vary

as the phase and elemental distribution changes. Furthermore, the net compressive

residual strain experienced by the α phase (∆V/V ≈ 0.5%) prior to the tempering is

greater than that expected with an unconstrained martensitic β → α transformation,

consistent with the conclusion that there is further stable dilation due to changes in

solute content.
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3.5.6 Chemical Segregation

Post mortem EDX measurements on the sample demonstrate clear segregation of Sn

to the α phase and Mo and Nb to the β phase (Figure 3.14). These results are also

supported by the variation in lattice constant in each of the phases (Figure 3.17). In a

study on the β → α transformation in Zircaloy-4 (Zr-1.5Sn-0.15Fe-0.1Cr-1400ppmO)

[9], Holt reports segregation of Fe and Cr to the β phase and O to the α phase during

holds at high temperature, and no segregation of Sn even at elevated temperature.

In their study of Excel alloy, Sattari et al. report increased content of Mo, Nb and

Fe in the β phase following quenching from temperatures in the α + β temperature

range. The distribution of Sn in the material following quenching is not mentioned.

Measurements of the alloying content in Excel by Yu et al. [3] show strong segregation

of Mo and Nb to the β phase, and weaker segregation of Sn to α; the manufacturing

route of the material is not explicitly discussed, however, so it is possible the additional

Sn in the β phase is quenched in. In their study of the Zr-rich corner of the Zr-Nb-Sn-

Fe alloy system, Canay et al. report a segregation of Sn to the α phase that depends

on the hold temperature [11]. Samples held at higher temperature show greater

segregation of Sn to the α phase. Canay et al. only reported on samples quenched

from temperatures above 600◦C. This temperature dependent segregation behaviour

is consistent with our results (FIgure 3.14), though the increased segregation of Sn to

the α phase only occurs at temperatures above 600◦C. We observe the opposite effect

at temperatures below 600 ◦C, with the relative concentration of Sn in the β phase

increasing from 100◦C to 600◦C.

Some segregation of Sn away from the α/β boundaries is observed here (Fig. 3.14).

The atomic volume of Sn is slightly greater than that of Zr, so intragranular segregation
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away from the grain boundary is consistent with a compressive stress at the α/β

interface. In other words, if the nearby α/β boundary restricts expansion of the α

lattice, then the larger subtitutional Sn will diffuse away from the grain boundary as

the lattice misfit is amplified in the compressive boundary area. Though the volume

strain of the transformation is at all times negative, spatial segregation of Sn will not

be significant until grains are sufficiently large that the intraphase stress is relaxed

in the grain center. This grain size dependence may be the cause of the very strong

segregation of Sn observed in this study, inconsistent with other reports on similar

materials. The material studied by Yu et al. [3] had a grain size on the order of 1

micron, while the final α grain size of the material in the present study is closer to 20

micron, in its shortest dimension.

3.6 Conclusions

From the results of this study, we can draw the following conclusions

• The martensite reversion temperature for Excel alloy is 600◦C;

• The α + β → β transformation is complete for a Zr-3.5Sn-0.8Mo-0.8Nb-0.11Fe-

0.11O alloy at 960◦C;

• Undercooling of at most 30◦C is necessary to nucleate α from β in Excel alloy;

• Grain growth in Excel alloy is rapid at fully β temperatures;

• High temperature variations in peak intensity can be explained by primary

extinction, as described by the dynamical theory of diffraction;
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• Nucleation of α grains from β grains can occur at the boundaries of dislocation

networks if grain sizes are sufficiently large; and

• Growth of α grains from β grains proceed preferentially along orientations in

the plane between (0002)α and (101̄0)α, with negligible growth along (112̄0)α

orientations
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Chapter 4

Retention of metastable β phase in a two-phase quaternary

zirconium alloy

4.1 Introduction

The α + β zirconium alloy Excel (Zr-3.5Sn-0.8Mo-0.8Nb) was introduced as part

of a comprehensive alloy development program for nuclear applications [1]. During

development, Excel showed good prospects as a result of the opportunity for pre-

cipitation hardening and solution strengthening, and good retention of mechanical

and corrosion properties at high temperatures. Later studies have found that the

alloy can be prepared with both suitable creep [2, 3] and irradiation resistance [4]

for use in reactor. High Sn zirconium-base alloys have also been proposed for use in

medical applications [5], due to good biocompatibility of zirconium. As part of a recent

study on the processing temperatures of Excel alloy, Sattari et al. noted that some β

phase may be retained above equilibrium proportions upon quenching rapidly from a

solutionizing treatment at temperatures below the martensite start temperature (MS),

reported to be 864◦C [6]. This study aims to investigate the conditions under which

this metastable β is retained following heat treatment. The retention of metastable

β offers the possibility for further strengthening through subsequent ageing [2], or

altering mechanical properties through a deformation-induced phase transformation,

as has been observed in some β zirconium alloys [7, 8, 9] and β titanium alloys [10, 11].
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There are two primary parameters of the heat treatment that are anticipated to

dictate the retention of metastable β: solutionizing temperature and quenching rate.

The solutionizing temperature controls the maximum amount of metastable β that

may be retained. The range of suitable temperatures is limited. If the temperature is

too high, above T0 (the temperature at which the martensitic α′ and β phase are in

equilibrium [12]), then quenching will result in a partially martensitic α grain structure,

and thus no metastable β is retained (as shown by Sattari et al. [6]). This is unlike

the β-Zr alloys studied by Marques [7], Bolcich [8] and Delvecchio [9], which have T0

temperatures well into the fully β regime. If the solutionizing temperature is too low,

the β phase fraction will be close to that which is thermodynamically stable at room

temperature, and so the majority of the β grains will be stable at room temperature.

This will greatly reduce the amount of material available for transformation and make

any transformation effects more difficult to characterize.

Cooling rate has also been shown to impact the degree of retention of β in titanium

alloys [13]. More rapid cooling can result in greater retention of β phase (through

the suppression of the martensitic start temperature in Ti-Nb alloys [14]), though the

effect of alloying elements on stability is insensitive to rate [13]. It is also expected

that cooling rate will impact the microstructure, as the cooling and heating rate have

been observed to alter the progression of α↔ β transformations in multiple zirconium

alloys [15, 16, 17, 18], as well as impacting the development of texture through variant

selection [19, 20].

This research will extend upon the current state of microstructural development

during heat treatments of zirconium alloys. We combine results from both metallo-

graphic and neutron diffraction studies to better reveal the underlying mechanism
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of β retention and optimize the microstructure for exploitation of the metastable β

phase. We also utilize the theoretical framework of free energy in multiphase systems

to understand the potential for use of the metastable phase in subsequent processing.

4.2 Experimental

Samples were prepared from Excel alloy in one of either two conditions: pressure

tube and rolled plate (herein, tube or plate respectively). Materials were provided

by Atomic Energy of Canada Limited. The pressure tube was prepared by extrusion

at ≈850◦C followed by 25% cold work and then annealed at 750◦C for 30 minutes,

followed by a stress-relief treatment at 400◦C for 24 hours. The plate was prepared

from the trepanned core of the billet used to prepare the pressure tube removed prior

to extrusion. The core was hot rolled between 600◦C and 700◦C to 12mm in thickness.

Samples were cut from this stock to produce samples with the dimensions of 10mm x

10mm x 2mm.

Samples were prepared and heat treated using a tube furnace with a flushing argon

environment. Prior to heat treatment, the tube was flushed with Ar and both ends of

the tube were packed with Fibrefrax insulation. The insulation on the downstream

end was then removed to allow the sample to be placed into the tube for heating, and

the insulation was returned once the sample was in place. The flow of Ar continued

during the sample placement and heat treatment. All samples were heat treated for

2 hours. The samples prepared for the study of heat treatment temperature were

solutionized at different temperatures and all quenched in ice water. The samples

prepared to study the quenching rate were all solutionized at 830◦C, and were cooled

by one of ice water quenching, boiling water quenching, air cooling, or furnace cooling.
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The temperature of each sample during heat treatment was monitored with a K-type

thermocouple inserted into a hole drilled in the side of the sample. The positioning of

the hole was such that the thermocouple tip was near the centre of the sample. During

the heat treatment, temperatures were recorded at 100Hz. For rapidly quenched

samples, the measurement rate was increased to 500Hz at the end of the treatment,

prior to quenching. The thermocouple remained in place during quenching to allow

for a measurement of the quenching rate.

Subsequent to each heat treatment, samples were prepared for electron microscopy.

Each sample’s surface was prepared by grinding to P2000 SiC paper followed by

attack polishing using a dilute solution of 5%HF, 5% HNO3, 5% H2O2, and 85%

distilled water mixed in 0.05 µm colloidal silica (approximate ratio of 10:1). The

samples were then milled with a PECS II ion mill, set at 7.5kV accelerating voltage

with the gun angle set to 8◦. Sample microstructures were imaged using an FEI

Nova NanoSEM 450 in immersion mode with a beam accelerating voltage of 15.0kV.

This configuration produced images with good contrast between the α and β phases.

Under these conditions, the α phase appears dark and the β phase appears light. The

micrographs were analyzed following ASTM standard E562 [21] to quantify the phase

volume fractions.

Energy-dispersive spectroscopy (EDS) was performed on select samples to identify

whether the chemical segregation expected at high temperatures was maintained upon

quenching. Measurements were made using a 10kV accelerating voltage. The elements

investigated were Zr (L peak), Sn (Kα peak), Nb (L peak), and Mo (L peak).
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Figure 4.1: Microstructure of the as-received Excel alloy prepared from (left) plate
and (right) tube. The α phase appears as the dark phase, and the β phase
is the light phase.

4.3 Results & Analysis

4.3.1 Microstructure

Representative micrographs of the as-received (AR) material from both the pressure

tube and plate are shown in Figure 4.1. The as-received microstructure of the plate

material consists of elongated α and β grains, and regions of more equiaxed structure.

The tube material, in contrast, consists of a more equiaxed grain structure, with some

elongation along the extrusion direction.

The microstructure of the both materials changes as a result of heat treatment at

830◦C. In general, the β phase fraction increases, and the size and number of equiaxed

grains in both phases has increased in both materials (Figure 4.2). The grain structure

becomes more homogenous, though evidence of the prior grain structure remains.

Heat treatment at 880◦C resulted in considerable change to the microstructure

of the plate material (Figure 4.3). The α phase has become equiaxed, and the β

phase has been largely replaced by a martensitic α′ phase. Fine internally twinned

martensite is observed, and a small proportion of β grains remain.
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Figure 4.2: Microstructure of Excel alloy following 2 hour heat treatment at 830◦C,
with two different starting microstructures: (left) Plate and (right) Tube.
The α phase appears as the dark phase, and the β phase is the light phase.

Energy-dispersive spectroscopy was performed on plate samples quenched from

850◦C and 880◦C following a two-hour solutionizing treatment (Figure 4.4). The results

for the sample solutionized at 850◦C revealed Zr throughout the microstructure, Nb

and Mo were segregated to the β phase, and Sn was segregated to the α phase. In the

sample quenched from 880◦C, which was observed to have a α+α′+ β microstructure,

the elemental segregation remained apparent, with Sn segregated to the primary α

and Mo and Nb in the α′ and β. No segregation within individual α′ martensite laths

was observed, nor between the α′ and β. This behaviour is expected for a diffusion-less

process.

4.3.2 Retention Temperatures

The variation in retained β as a function of solutionising temperature is shown in

Figure 4.5. The β phase volume fraction increases with increasing solutionising

temperature from 700◦C up to 850◦C. At heat treatment temperatures of 860◦C or

higher, the β phase partially undergoes a martensitic transformation to α′, resulting

in low β volume fractions. The maximum β volume fraction observed was (46± 1)%
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Figure 4.3: Microstructure of Excel plate following 2 hour heat treatment at 880◦C
and ice quenching. An α+α′+β microstructure is present. The martensite
laths show evidence of internal twinning. The α phase appears as the dark
phase, and the areas of prior β phase appear light.

Figure 4.4: Secondary electron and energy-dispersive spectroscopy maps of Excel
plate following a 2 hour heat treatment at (left) 850◦C and (right) 880◦C,
followed by quenching in ice. Elemental maps are shown for Sn, Nb,
and Mo. Clear segregation of Sn to the α (dark grains) is evident, with
segregation of Mo and Nb into regions of prior β. For the quench from
880◦C, which resulted in the formation of α′ martensite, no segregation of
Mo or Nb between adjacent α′ laths is observed.
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Figure 4.5: Variation in retained β fraction following a two hour heat treatment and
ice quench. Error bars show the 95% confidence interval, as defined in
ASTM E562 [21].

following heat treatment at 830◦C for two hours in the plate material, and (43±1)% in

the tube material after 850◦C for two hours. Even for the temperatures at which the

martensitic β → α′ transformation occurred, there is evidence of β grains remaining

in the microstructure. The sample quenched from 860◦C had a room temperature β

fraction of (5.2± 1.3)%.

4.3.3 Quenching Rate Effects

Samples were heated under identical conditions (830◦C for 2 hr) and quenched in

different media to achieve different cooling rates. The media used were ice water, and

boiling water. Even lower cooling rates were achieved by cooling the samples in air,

or in the furnace. The cooling rates achieved by these approaches are summarized in

Table 4.1 and Figure 4.6. The rate reported is the average rate of temperature change
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Table 4.1: Quenching rates achieved by quenching in various media. The rate reported
is the average cooling rate between 800◦C and 600◦C. Quenches using the
furnace were performed by turning off the furnace with the furnace door in
either the open or closed configuration.

Quenching Medium Cooling Rate (◦C/s)
Ice Water 300

Water (Boiling) 66
Air 13.8

Furnace (Open) 2.8
Furnace (Closed) 0.24

Figure 4.6: Cooling curves for samples quenched in different conditions. Data is
measured using a K-type thermocouple in the centre of a 10mm x 10mm
x 2mm sample. Fast furnace cooling was achieved with the furnace door
open, while slow furnace cooling was achieved with the furnace door closed.
Due to the very low cooling rate of the slow furnace cooling, the door was
opened once the sample reached 600◦C.

measured on the thermocouple for temperatures between 800◦C and 600◦C.

The microstructure of the samples cooled at the highest rate and the lowest rate

are shown in Figure 4.7. The sample cooled at the highest rate (average of 300◦C/s)

has a similar grain structure to the as-received material, with many elongated grains,
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Figure 4.7: Microstructure of Excel pressure tube following a heat treatment at 830◦C
and (left) quenching in ice water (average cooling rate of 300◦C/s), and
(right) slow furnace cooling (average cooling rate of 0.24◦C/s).The α-phase
appears as dark and the β-phase appears as light.

but the phase fraction of the β phase is significantly higher in the heat treated

sample as compared to the as-received material. The sample cooled at the lowest rate

(average of 0.24◦C/s) has a more equiaxed grain structure, with relatively large α

grains surrounded by a matrix of β grains. The β grains in the slow cooled sample

have primarily concave grain boundaries while the α grain boundaries in the same

sample are primarily convex. This is in contrast to the more rapidly cooled sample, in

which the β grains have primarily convex grain boundaries and the α grain boundaries

are predominately flat. This variation between the two samples suggests that the

equiaxed α grains in the slower cooled sample grew during the cooling process, while

the β grains in the slower cooled sample shrank. The effect of quenching rate on

retained β fraction is quantified in Figure 4.8, demonstrating that, as expected, a

higher quenching rate results in larger volume fraction of retained β.
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Figure 4.8: Variation in β phase fraction as a function of quenching rate in Excel alloy,
following a two hour solutionizing heat treatment at 830◦C.

4.4 Discussion

4.4.1 Retention of β

The original study proposing the quaternary Zr-Sn-Mo-Nb alloy for nuclear applications

by Williams et al. [1] investigated heat treatments at either 1000◦C (fully β) or 900◦C

(α + β), with cooling achieved by one of water cooling (Q̇ ≈ 2000◦C/s), air cooling

(Q̇ ≈ 25◦C/s), and furnace cooling (Q̇ < 2◦C/s). From the results of the present study,

it is clear that these conditions would be inappropriate for establishing a high volume

fraction of metastable β phase (though the authors do mention that a metastable

β phase can be achieved). The authors report that air cooling from 900◦C in a Zr-

3.2Sn-1.1Mo-1.1Nb alloy resulted in a duplex microstructure with equiaxed α grains
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surrounded by transformed β (referred to here as α′). The authors state that the α′

itself is surrounded by a thin web of metastable β, though do not further explore the

metastable nature, and the weak ageing response which they report suggests that the

β is in fact stable at this temperature. These results agree with the observations of

the present study of some β retained following quenching above 860◦C. The fact that

the martensitic transformation was initiated by Williams et al. on air cooling from

900◦C [1] also agrees with the quenching rate effects observed here. The diffusion of

Mo and Nb is so sluggish, even at high temperatures, that the β phase transforms via

a diffusionless β → α′ transformation instead of a diffusional transformation during

air cooling.

Some studies of Zr and Ti alloys suggest that the β phase is stable in conditions

for which the number of valence electrons per atom (e/a) is equal to or greater

than 4.19 [22, 23]. Unalloyed Zr has 4 valence electrons per atom, and the addition

of β stabilizers increases this number, on average. The BCC crystal structure can

accommodate a greater density of electrons than the HCP crystal structure, and 4.19

electrons per atom is the threshold above which a 100% β structure is required [22].

This has been shown to be the case in a number of binary Ti-X and Zr-X alloys, and

accurately predicts the critical concentration for retention of a 100% β microstructure

following quenching. From the current study, it appears that the β phase is stable in

Excel alloy at temperatures up to approximately 860◦C. It may be supposed, assuming

the number of valence electrons required in a binary alloy holds for this quaternary,

that this temperature corresponds to the temperature at which e/a = 4.19 in the

β phase. Assuming total segregation of Mo and Nb to the β phase, the number of
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electrons per atom in the β phase, (e/a)β, can be calculated as

(e/a)β = xMo,β(e/a)Mo + xNb,β(e/a)Nb + (1− xMo,β − xNb,β)(e/a)Zr (4.1)

where xNb,β and xMo,β are the local concentrations of Nb and Mo in the β phase,

and (e/a)i is the number of valence electrons per atom in element i. It is known

that (e/a)Mo = 6, (e/a)Nb = 5 and (e/a)Zr = 4. The effect of Sn is negligible as

(e/a)Sn = (e/a)Zr, and Sn segregates to the α phase. The predicted number of valence

electrons per atom in the β phase at equilibrium is shown for temperatures up to

865◦C in Figure 4.9, using the β phase fractions and solute concentrations reported in

[24]. It can be seen that the β phase is retained at a much lower value of (e/a) than

is typically required for binary systems. Assuming a local electron density of 4.2 per

atom or greater is required for β retention upon quenching, the data in Figure 4.9

suggests the maximum retained β phase fraction is 12%, with quenching from about

650◦C.

To understand why significantly more β is retained upon quenching, the energy

balance of the transformation must be understood. The free energy change on

transforming from β to α′, ∆Fα′→β is given by Kaufman [25] as

∆Fα′→β = (1−x)∆Fα→β−x

{
RT ln

xβ
xα
−

(x− 2xβ + x2
β)

x2
β

[
∆Fα→β +RT ln

1− xα
1− xβ

]}
(4.2)

where ∆Fα→β is the free energy change of the allotropic transition from α to β at

temperature T , x is the average concentration of solute, xα and xβ are the local

concentrations of solute in the α and β phases at temperature T , and R is the

gas constant. The temperature at which the β and α′ phases are in equilibrium,
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Figure 4.9: Average number of electrons in the valence band per atom in Excel alloy
at equilibrium. The value of (e/a) = 4.2 is indicated by a dashed line.
Data is calculated using the results from [24] and Equation 4.1.

T0, corresponds to the minimum temperature from which quenching will result in

a transformation. In other words, the system must be brought to a state such

that ∆Fα′→β ≤ 0 in order for the martensitic transformation to take place during

quenching. The value of T0 is not equal to MS, the temperature at which the

martensitic transformation initiates, as some degree of undercooling is required to

overcome the strain and surface energy required to nucleate α′. Kaufman reports

that a chemical driving force of approximately 210J/mol is required to initiate the

formation of martensite in Ti-Zr alloys. Assuming that we can apply this value to

Excel alloy, we predict values of T0 = 865◦C and MS = 775◦C. This value of T0 shows

excellent agreement with the values reported by Sattari et al. of 864◦C [2]. In a study

on the equilibrium phase fractions in Excel alloy up to 1100◦C, we found that the β

phase fraction at 865◦C was 46% [24]. The maximum possible retained metastable β
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phase fraction in Excel, then, is expected to be 46%.

The retention of β coincident with martensitic α′ indicates that the martensite

finish temperature for this alloy may be below room temperature. Little research has

been performed on the martensite start and finish temperatures of Excel alloy. Yu

et al. [4] report on the impact of local chemistry on the initiation of martensite in

Excel, but not on the martensite start temperature specifically. They propose that

the initiation of martensite in Excel when quenching from 865◦C or higher is due to

the reduced stability of the β phase, as a result of increasing volume fraction diluting

the fixed β-stabilizer content.

The retention of high volume fractions of β at room temperature upon rapid

quenching suggests that solute remains segregated throughout the quench. This is

further supported by the recovery of closer-to-equilibrium α/β phase fractions during

slower cooling, as it appears that the slow diffusion of solute is partially responsible

for the retention of β. A consequence of this latent chemical segregation is a high

chemical driving force for a β → α transformation at room temperature. Using

Kaufman’s model, and the chemical segregation observed at 830◦C, we can determine

∆Fα′→β
retained = 1515J/mol. Extrapolating the data available from 100◦C to 300◦C back to

20◦C, the equilibrium value ∆Fα′→β
eq = 3075J/mol. Thus, there is an excess metastable

free energy of approximately 1560J/mol associated with the β → α′ transformation

for samples quenched from 830◦C. The variation in excess metastable free energy

calculated using this approach over the range of possible quenching temperatures

(T < T0) is shown in Figure 4.10.

Control over the local (e/a) ratio in the β phase of this alloy may offer another

dimension of control over mechanical properties. Abdel-Hady et al. have demonstrated
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Figure 4.10: Excess free energy of the metastable β phase retained upon quenching.
No excess free energy is retained when quenching above T0 = 865◦C
as the β → α′ transformation will occur. This data is calculated using
Equation 4.2 (adapted from [25]) and data reported in [24].

a relationship between β phase stability, (e/a) ratio, and Young’s modulus of a range

of Ti alloys [26]. A recent study on the alloy Zr-4Mo-4Sn has demonstrated that the

relationship between (e/a) and local elastic parameters observed in Ti alloys holds

valid for Zr alloys [5]. It may thus be possible to finely tune the mechanical properties

of a given α/β alloy by selecting a stable microstructure with a given (e/a) ratio in

the β phase using a construction similar to Figure 4.9.

There appears to be an effect of starting microstructure on the retained β phase

fraction following a two hour heat-treatment (Figure 4.5). At temperatures below

820◦C, the rolled plate and pressure tube samples have the same β phase fraction
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following heat treatment. The plate sample heat treated at 830◦C, however, has

a significantly higher β phase fraction following heat treatment than that of the

pressure tube sample following the same heat treatment. This difference is most

likely attributable to the initial microstructure impacting the kinetics of the phase

transformation. The starting β phase fraction of the pressure tube material is slightly

lower than that of the rolled plate, due to the stress relief treatment during manufacture.

The lower initial β phase fraction in the pressure tube material will result in a greater

initial concentration of stabilizers in the β phase, which may slow the diffusion of

boundaries as a result of suppression of the interdiffusion constant (discussed in the

following section).

Other studies on retention of metastable β have explored quenching to temperatures

below room temperature. For example, in their study on β retention in beta-3 titanium

alloy, Rack et al. [27] quenched samples from the hold temperature into ice water, and

subsequently quenched some samples in a dry ice-acetone mixture or liquid nitrogen.

This approach was taken to see if more extreme quenching could induce a martensitic

transformation, as the β microstructure was retained in ice water due to MS being

below room temperature. Below room temperatures quenches were not undertaken in

our study, as the martensitic transformation is not suppressed by rapid quenching,

but is in fact precluded due to the stability of the β phase. No further thermal

martensitic transformation is possible here by further lowering the quench medium

temperature, since, as has been shown, there already exists a large chemical driving

force for decomposition of the β phase at room temperature.
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4.4.2 Effect of Quenching Rate - β → α

Samples quenched at higher rates resulted in greater retained β phase volume fractions

(Figure 4.8). To understand this effect, we will look at the rate of β → α transfor-

mation during the quenching process. In a study on creep rates in Zircaloy-4 during

temperature transients, Holt et al. report the following model

dy

dt
= ±K exp(−E/RT )|Teq − T |m (4.3)

where dy/dt is the instantaneous phase transformation rate, Teq is the temperature

at which a volume fraction of y is in equilibrium, T is the instantaneous (transient)

temperature, E is the apparent activation energy for diffusion, R is the gas constant,

and K and m are material constants (K = 130/s and m = 2.5 for Zircaloy-4) [15].

Holt found the apparent activation energy for diffusion under these conditions to be

E = 156kJ/mol K in Zircaloy-4. Forgeron et al. expanded upon the Holt model

to implement an incubation component to better predict the onset of α ↔ β, and

applied the model to M5 zirconium alloy (Zr-1.0Nb) [16]. They found a value of K

= 1.84 × 108/s, E = 317kJ/mol K, and m = 2.3. The inclusion of the incubation

terms in the model adapted by Forgeron is intended to address the deficiency of the

Holt model during cooling at high rates (above 10◦C/s), which would capture the

martensitic transformation. As our results show that no martensitic reaction occurs

when quenching below 860◦C, this incubation term is not required here.

Following Massih [17], we model the equilibrium β phase fraction, yeq, at a given
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Figure 4.11: Change in β phase volume fraction during quench process, as predicted by
the Holt model [15], plotted against (left) time and (right) temperature,
using the best fit parameters.

temperature, T , as

yeq = 0.08 + 0.45

[
1 + tanh

(
T − Tc
Ts

)]
(4.4)

where Tc defines the center of the transition, and Ts defines the width of the transition.

The factor of 0.08 takes into account the stable room temperature β phase fraction

of 0.08. Fitting this model to our previous measurements of near equilibrium phase

fractions [24], we find good agreement when Tc = 865◦C, and Ts = 100◦C.

Using the Holt model and the experimentally measured cooling curves (shown in

Figure 4.6), we have predicted the evolution of β phase fraction during quenching

(Figure 4.11). Using a value of m = 2.5, we find that the model best captures the final

β phase fraction with an apparent activation energy of diffusion of (185± 1)kJ/mol,

and K = 180/s. A comparison between the model results and the experimental

measurements of phase volume fraction is given in Figure 4.12. Good agreement is

observed over the entire range of quenching rates studied.

Perez et al. define two temperature ranges for self-diffusion in α-Zr, with activation
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Figure 4.12: Comparison of best fit model results (vertical axis) to experimental results
(horizontal axis) for the Holt model [15] as fit to the quenching data. The
1:1 line is shown as a dashed line as a visual aid. Good agreement is seen
over the full range of quenching rates measured.

energies of diffusion in the high temperature range (above 630◦C) of 115kJ/mol,

and 350kJ/mol in the low temperature region (below 630◦C) [28]. The self-diffusion

coefficient in the β phase is much higher than in the α phase (approximately 104

times higher at the transition temperature). We measure an energy of diffusion of

(185± 1)kJ/mol which falls directly in between these two values. Our model shows,

however, that almost the entirety of the β → α transformation occurs at temperatures

above 600◦C during the quench from 830◦C, which would place the process in the

high temperature range defined by Perez et al. [28], so we would expect a value closer

to 115kJ/mol if the process were driven by Zr self-diffusion alone.

In the high temperature region, Perez reports a self diffusion coefficient of D0 ≈ 6×

10−13m2/s in α-Zr [28], and the self diffusion of in β-Zr is reported to be approximately
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3 × 10−13m2/s [29]. The diffusivity of Nb in bcc - Zr at 800◦C is approximately

3× 10−15 m2/s [29], while the diffusivity of Mo in bcc - Zr at 800◦C is approximately

1× 10−15 m2/s [30]. The growth of α phase into the β phase requires the segregation

of Mo and Nb (i.e. the movement of the α/β boundary is limited by the movement of

Mo and Nb). Thus, the interdiffusion of Mo and Nb against Zr has an interdiffusion

coefficient defined by [31]:

D̃ = XZrDZr +XMo,NbDMo,Nb (4.5)

which has a value of D̃ = (0.8)DZr + (0.2)DMo,Nb ≈ 0.8DZr in the β phase. The

segregation of Mo and Nb in the β phase simply reduces the total rate of diffusion,

resulting in a greater apparent activation energy during the phase transformation.

This also explains the greater relative activation energy observed in Excel as compared

to Zircaloy-4 (which has no β stabilizers) reported by Holt et al. [15] , and the lower

energy as compared to M5 alloy reported by Forgeron et al. [16] (as the M5 study

looked at the full range of α/β proportions and thus would be more greatly affected by

a larger degree of segregation of Nb). Mo, in particular, has been identified as having

a role in slowing recrystallization in Zr-Nb alloys, even at concentrations as low as

0.1% [32]. Increasing the substitutional β stabilizer content in this alloy would have

a double impact on enhancing retention of metastable β, as it would both increase

the maximum β phase volume fraction achievable at a given temperature, but also

decrease the rate of β → α during quenching by depressing diffusion rates.
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4.5 Conclusions

A series of solutionizing heat treatments followed by quenching in different quenching

media has been performed. Samples were prepared from material prepared in both a

pressure tube and rolled plate form from the same alloy. The effects of solutionizing

temperature and quenching rate have been demonstrated, and a model for predicting

the retention of metastable β phase in this alloy is presented. These results can be

extended to other hexagonal alloy systems, such as titanium.

The heat treatment temperature determines the maximum achievable β retention

in a given alloy. For an alloy with α + β phase in equilibrium at the martensite start

temperature, increasing the heat treatment temperature will increase the maximum

retained β fraction up to the martensite start temperature. Minimal β retention is

possible above the martensite start temperature. Based on the free energy change

associated with the martensitic β → α′ transformation in Excel alloy, we show that

the maximum β phase retention is 46%, in good agreement with our measurements.

Segregation of Mo and Nb to the β phase and Sn to the α was observed, and the

formation of martensite was observed to have no impact on elemental segregation.

Quenching rate was observed to have a significant effect on the retention of the

metastable β phase at room temperature, due to the transformation of β → α during

the cooling process. Increasing the quenching rate resulted in greater retention of β

phase over the range of 0.24◦C/s up to 300◦C/s. These results suggest that a high β

phase volume fraction may be maintained within relatively large parts for the purposes

of exploiting the ageing or deformation properties of this metastable phase, or for

tuning of the material’s mechanical properties.
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Chapter 5

Evidence for Deformation-Induced Phase Transformation in

Excel

5.1 Introduction

Zirconium and its alloys are used primarily within the nuclear industry, due to their

high temperature creep resistance, corrosion resistance, and low neutron capture

cross section [1]. One of the unique in-service limitations facing structural materials

in nuclear applications are the various effects of radiation damage, which result in

a combination of dimensional changes and additional creep as a direct result of

irradiation. Operational experience has established that dimensional stability of

structural components, as well as creep performance, is determined in part by the

dislocation density of tubes at installation, with preferable behaviour achieved with

lower installation dislocation densities [2, 3].

Zirconium alloys, like titanium alloys, have a room temperature hexagonal close

packed (HCP) α phase and a high temperature body-centred cubic (BCC) β phase

(which can be retained at room temperature through suitable alloying). Due to the

relatively low symmetry, deformation of many alloys with the hexagonal close packed

(HCP) crystal structure is typically accommodated by a combination of slip and

twinning [4], particularly at room temperature. The polar nature of twinning in

combination with the large lattice reorientation associated with it can result in a
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strong undesirable texture. The processing route for zirconium alloy components for

nuclear applications is limited, then, by a balance of dislocation density that is high

enough to produce suitable mechanical properties while still minimizing the effects of

radiation in-reactor [1, 5].

One prospective approach to achieving suitable mechanical properties, while main-

taining low dislocation densities, is a deformation-induced martensitic transformation,

which has been extensively exploited in steels as the TRIP (transformation-induced

plasticity) effect. TRIP steels exhibit both higher strength and higher ductility than

traditional steels. These enhanced properties come with an increase in cost due to

the requirements of additional, often expensive, alloying (e.g. several % Mn or Si).

The high alloy content of these steels allows metastable austenite to be retained

on quenching. Under room temperature deformation, this retained FCC-austenite

transforms to BCT-martensite, which produces plastic strain along the tetragonal

axis, leading to enhanced ductility while maintaining high strength.

Transformation-induced plasticity has been reported in a number of titanium

alloys. For example, the β-Cez alloy can be produced in a metastable state, in which a

strain-induced transformation from retained body-centred cubic β to either hexagonal

close-packed α or orthorhombic α′′ martensite leads to greatly enhanced formability

[6]. The hexagonal ω martensite may also form during straining in Ti alloys [7]. High

proportions of β stabilizing elements (greater than 10% Mo, V, Nb or Fe [7, 8]) can

be added to Ti to produce metastable β titanium alloys. Transformation induced

plasticity in Ti alloys is often accompanied by twinning in the β phase [8].
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There are reports of similar stress-induced martensites developing in fully β-

quenched zirconium alloys (Zr-3Mo-1Al [9]; Zr-10Nb, Zr-10Nb-1Al [10]; Zr-8Nb-

1Al [11]; Zr-3Mo, Zr-5Mo [12]). As demonstrated in Chapter 4, it is possible to

generate a retained metastable β phase in Excel, a high Sn content zirconium alloy.

This alloy was produced as the result of an alloy development study intended to

produce high strength zirconium alloys with minimal dislocation density for nuclear

applications [5]. We report in this chapter results demonstrating that the metastable

β phase in this alloy can undergo a strain-induced β → α transformation at room

temperature. This is the first report of strain-induced transformation in a multi-phase

zirconium alloy.

5.2 Experimental

Excel alloy (Zr-3.5%Sn-0.8%Nb-0.8%Mo) in the form of rolled plate was provided by

Atomic Energy of Canada Limited (AECL), prepared from the trepanned core of the

un-extruded billet used to fabricate the Excel pressure tube used in the studies by

Sattari et al. [13]. The manufacturing process of the plate is outlined in Chapter 4.

Blanks were extracted from the plate and heat treated under a flow of Ar at 840◦C for

two hours, followed by quenching in water. The Ar atmosphere was used to minimize

surface oxidation. The temperature of this heat treatment is below the α + β → β

transus and quenching is reported to result in ∼30 vol.% retained metastable β at room

temperature [13]. This heat treatment does not significantly alter the crystallographic

texture of the plate [14]. Two dogbone mechanical test samples were fabricated from

the heat-treated blanks, one with the tensile axis aligned with the rolling direction

(RD) and a second with the tensile axis aligned with the transverse direction (TD).



5.2. EXPERIMENTAL 149

Figure 5.1: Pole figures for the α phase of Excel alloy heat treated at 840◦C for two
hours. The top, right, and centre of the pole figures correspond to the
rolling, transverse, and normal plate directions, respectively.

Figure 5.2: Pole figures for the β phase of Excel alloy heat treated at 840◦C for two
hours. The top, right, and centre of the pole figures correspond to the
rolling, transverse, and normal plate directions, respectively.

The two specimens will henceforth be referred to as the RD and TD specimens. The

gauge section was rectangular (3mm×6mm) and the gauge length was 20mm. Pole

figures measured using the E3 diffractometer of the Canadian Neutron Beam Centre

located at the National Research Universal (NRU) reactor, Chalk River Laboratories,

are shown in Figures 5.1 and 5.2.

In situ neutron diffraction deformation experiments were performed on the L3

diffractometer of the Canadian Neutron Beam Centre using a custom MTS servo-

hydraulic load frame mounted on the diffractometer such that the load frame axis was

aligned with the scattering vector. The specimen being tested was initially deformed

in load control up to an applied stress of 450 MPa in 75 MPa steps at a loading rate

of 50 MPa/min. Above 450 MPa, the specimen was deformed in strain control in 0.2%
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steps at an average macroscopic strain rate of 100µε/min, with the macroscopic strain

measured using a knife-edge extensometer. At each loading step, the specimen was

held at the prescribed load or strain and the {101̄0}α, {0002}α, {101̄1}α, {110}β, and

{101̄0}ω diffraction peaks were acquired, for a total counting time of approximately

20 minutes per step. Only lattice strains parallel to the specimen loading axis were

measured in these experiments. In order to minimize the creep deformation occurring

at each step during the strain stepping portion of the test, the load was relaxed by

100 MPa prior to neutron data acquisition and the strain was then held constant.

A diffraction peak measurement consisted of neutron counts versus scattering angle

as measured on a 32-channel detector centered at the nominal scattering angle for the

desired reflection. Each diffraction peak was fitted to a Gaussian profile superposed

on a constant background using a least-squares algorithm to yield three parameters:

integrated intensity, peak position, and full-width at half-maximum. From the peak

position, we calculate at each measurement a quantity known as lattice strain, εhkl,

defined as:

εhkl =
dhkl − d0

d0

=
sin(θ0/2)

sin(θhkl/2)
− 1 (5.1)

where dhkl is the lattice spacing between adjacent {hkl} planes, d0 is the reference

lattice spacing, θhkl is the measured peak position for the {hkl} peak, and θ0 is the

reference peak position [15]. For our reference peak position, we use the peak position

measured in the undeformed state. The uncertainty in all the parameters can be traced

back to the quality of fit parameter, χ2, which is the parameter minimized by the

fitting process. The uncertainty in the strain values was obtained from the uncertainty

in the peak position parameter. The {115} reflection of a germanium mosaic single

crystal was used to obtain neutrons with a nominal wavelength of 0.17nm.
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Subsequent to the neutron diffraction experiments, samples were extracted from

the gauge and grip (head) sections of each test specimen for EBSD microtexture

mapping in an FEI Nova NanoSEM 450 equipped with a Bruker EBSD system. The

surfaces for EBSD analysis were prepared by wet grinding down to P2000 SiC followed

by attack polishing using 0.05 m colloidal silica diluted in a solution of 5% HF, 5%

HNO3, 5% H2O2, and 85% distilled water in an approximate ratio of 10:1. Following

attack polishing, the samples were milled with a PECS II ion mill using an accelerating

voltage of 7.5 kV and a gun angle of 8◦. The EBSD data were analyzed using the

MTEX Toolbox [16].

5.3 Results

5.3.1 Macroscopic stress-strain curves

Macroscopic stress-strain curves for the two test specimens are shown in Figure 5.3.

For loading in strain control, the imposed strain rate was 7 × 10−6s−1 for the RD

specimen and 8×10−6s−1 for the TD specimen. The yield strength of the RD specimen

is significantly lower (628±2MPa) than that of the TD specimen (724±2MPa), which

is typical of rolled zirconium alloys (e.g. Zircaloy-2 [17], Zr-2.5Nb [18]). Figure 5.3

also shows that the elastic-plastic transition occurs over a larger strain interval for

loading parallel to RD. The Youngs modulus is slightly different for the two specimens

due to the strong crystallographic texture of the plate and the elastic anisotropy of

zirconium.
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Figure 5.3: Macroscopic stress-strain curves.

5.3.2 Integrated Intensity

The evolution of diffraction peak integrated intensity (normalized by the intensity in

the initial unloaded state) with increasing macroscopic plastic strain for each lattice

plane is shown for both specimens in Figure 5.4. No {0002}ω peak could be detected

in either sample. In addition, due to the strong crystallographic texture of the plate,

the {0002}α peak was too weak to acquire in the RD specimen.

In both specimens, the {110}β intensity decreases continuously with increasing

deformation beyond a plastic strain of ∼0.01. In contrast, the {101̄0}α intensity

more than doubles in the TD sample during deformation. This peak also increases in

intensity in the RD sample, but only by approximately 10%.
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Figure 5.4: Variation in normalized peak integrated intensity with plastic strain for (a)
the TD specimen and (b) the RD specimen. The uncertainty is indicated
on the final data point.

5.3.3 Lattice Strain Evolution

The evolution of the measured lattice strains, εhkl, with increasing macroscopic strain

for the TD specimen is shown in Figure 5.5(a). At low macroscopic strain, the lattice

strains increase linearly, as expected for elastic loading. The first sign of yielding occurs

at ∼1.0% strain, with the responses of all three α peaks deviating from linear behaviour

[15]. In contrast, the {110}β grain family continues to accumulate elastic strain up

to ∼1.4% strain (750 MPa, 8300µε), beyond which point the lattice strain increases

much more slowly with increasing macroscopic strain. The {0002}α and {101̄1}α

lattice strains decrease from ∼1.0 - 3.0% macroscopic strain. The lattice strains for

all measured grain families increase monotonically beyond ∼3.0% macroscopic strain.

The RD specimen (Figure 5.5(b)) shows similar behaviour. Linear elastic loading

is observed up to a strain of 0.7% (σ = 580MPa). After this point, the {101̄0}α grain

family takes on no additional load (i.e. the lattice strain does not change), while the

{101̄1}α grain family experiences a drop in lattice strain. The {110}β grain family
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Figure 5.5: Lattice strain evolution during tensile deformation of heat treated Excel
alloy, with loading along (a) TD and (b) RD. The uncertainty is indicated
on the final data point.

takes on additional lattice strain in response to the unloading of the α grain families,

up to a stress of 730 MPa, at which point the rate of lattice strain accumulation drops.

Once the applied stress has reached 775 MPa (ε=1.7%), the lattice strains for both α

grain families increase again with increasing macroscopic strain.

5.3.4 Crystallographic Texture

Electron Back-Scatter Diffraction Maps

Sections of the EBSD maps for the RD specimen before and after deformation are shown

in Figures 5.6(a) and (b), respectively. The specimen head, which is representative of

the material in the undeformed state, exhibits a duplex microstructure of α-Zr and

β-Zr. Most α grains are equiaxed, though some show the elongated shape typical of

a rolled Zr alloy which has not been annealed. The area fraction of the β phase in

this region is 30±1%. The duplex structure persists in the gauge region (8% strain).

The morphology of the α grains has not been significantly altered by the imposed
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Figure 5.6: EBSD maps of the RD specimen in (a) the as-treated and (b) the as-
deformed state. The rolling direction is horizontal. The two phases
present are shown as different colours, and the brightness of each pixel
is determined by the EBSD band contrast (darker regions correspond to
lower contrast).

deformation, but the β grains contain new lath-like features which index in the EBSD

as α phase. The thickness and orientation of the α-laths vary from grain to grain,

and some β grains contain multiple laths. Due to the presence of these laths, the area

fraction of the β phase in the specimen gauge is 16±1%, about 50% lower than in the

undeformed material. There is no evidence of twinning in either the α phase or the β

phase. This lack of twinning is consistent with the starting crystallographic texture:

most grains are oriented with the c-axis distributed in the TD-ND plane, such that

they are unfavourably oriented for {101̄2} tensile twinning.

5.3.5 Orientation Analysis of EBSD Maps

The β and α phases obey the Burgers’ orientation relationship, with {0002}α‖(110)β;

〈112̄0〉α‖〈111〉β [19, 20]. Thus, for the β → α transformation, there are 12 unique

variants, i.e. for a given β grain, there are 12 possible unique orientations of the child α

grain. To determine whether preferred variant selection occurs in Excel, we performed
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an orientation analysis on four β grains containing α laths. The corresponding high-

resolution (step size = 100 nm) section of the EBSD map is shown in Figure 5.7.

Inverse pole figures are shown in Figure 5.8. These grains consist of a parent β grain

and the child α laths. Some β grains contain multiple laths, while some contain only

one partially penetrating lath. One grain shows evidence of a secondary lath that

has nucleated on the primary lath. In each inverse pole figure, the 12 possible α

variants are shown (red circles), along with the orientations measured by EBSD (blue

dots). A two-step analysis was performed using the MTEX toolbox [16]: grain and

phase boundaries were first identified, then phase boundaries obeying the Burgers

orientation relationship were removed.

In grains 1 - 3, only one transformation variant is observed. Grain 1 contains only

a single lath, but grains 2 and 3 contain multiple laths which all extend all the way

through the parent grain and have the same orientation.

Grain 4 contains two variants: the larger lath likely formed first as it extends

from one end of the parent grain to the other, while the smaller lath extends only

partially through the parent grain from the primary lath to the parent grain boundary.

The primary lath is oriented with the {101̄0}α plane normal near the loading axis

(σ‖(303̄1)α), while the secondary lath is oriented with the {113̄3}α plane normal along

the loading axis.

In all four grains, the dominant variant is that having the plane normal most

closely aligned with the loading axis.

The primary α lath in grain 4 appears to have formed immediately adjacent to a

lath in grain 2. Similarly, the α lath at the edge of grain 2 closest to grain 3 appears

to share a boundary with an α lath in grain 3. These observations suggest that the
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Figure 5.7: High spatial resolution EBSD map showing partially transformed β grains.
Four grains are numbered for reference in the text.

formation of α laths in one grain can trigger the formation of laths in adjacent grains.

5.3.6 Macrotexture Evolution

Neutron diffraction pole figures from the gauge region of both specimens were measured.

The data are shown as the difference between the pre- and post-deformation pole

figures for {0002}α in Figure 5.9. For the RD specimen, an increase in the {0002}α

intensity, greater than 3 times random, is observed in the transverse direction. For the

TD specimen, an increase in the {0002}α intensity is observed in the RD-ND plane

along RD and along a direction 30◦ from ND towards RD.

5.4 Discussion

In this section, the EBSD and in-situ neutron diffraction data are used to develop a

qualitative understanding of the phase transformations and deformation mechanisms

occurring during plastic deformation in Excel alloy. A simple model is then developed

and applied to semi-quantitatively analyze the results.
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(1)

(2)

(3)

(4)
(a) (b)

Figure 5.8: a) Local phase maps and (b) inverse pole figures for partially transformed β
grains. Grain numbers are shown to the left and correspond to Figure 5.7.
The inverse pole figures are plotted with respect to the loading axis.
The red circles indicate the twelve possible α variants given the parent
β orientation of the grain. The blue dots show the measured EBSD
orientation for each measurement point in the α grains.
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Figure 5.9: Difference {0002}α pole figures for (a) the RD specimen and (b) the TD
specimen. Each pole figure is the difference between the pre- and post-
deformation {0002}α pole figures, and thus shows the change in texture
resulting from the applied deformation.

α laths are present within β-grains of the deformed material. The EBSD results

also show that the α-laths follow the Burgers orientation relationship with the parent

β-grains and, based on the limited subset of grains analyzed in detail, that the preferred

variant is that having the {101̄0}α plane normal most closely aligned with the loading

axis.

The detailed EBSD observations can be used to rationalize the observed changes

in intensity of the α and β diffraction peaks during in situ deformation, as well as

the changes in bulk crystallographic texture. However, care must be exercised in

coming to conclusions as other mechanisms can also contribute significantly to texture

evolution.

According to the Burgers orientation relationship, the close-packed planes and the

close-packed directions in the two phases are aligned: {0002}α‖(110)β; 〈112̄0〉α‖〈111〉β

[20]. As a consequence of this relationship, in addition (11̄0)β‖(011̄0)α. Thus, a

strain-induced β → α transformation should result in a decrease in the intensity of

the {110}β grain family and a corresponding increase in the intensity of the {101̄0}α
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grain family for a given scattering vector during deformation. Such inverse intensity

changes are indeed observed in the current work for both specimens (Figure 5.4).

However, while the decrease in the intensity of the {110}β reflection is similar in both

specimens (40-50%), the intensity of the {101̄0}α peak increases by a factor of ∼2.5

in the TD specimen but only by a factor of ∼1.2 in the RD specimen. This difference

is likely due to {101̄2} tensile twinning. The starting texture of the plate material

is such that the {0002}α poles are concentrated in (or near) the ND-TD plane, with

very little volume oriented with the {0002}α poles aligned with RD. Tensile {101̄2}

twinning is activated by a tensile stress parallel to the c-axis of the hexagonal cell, or a

compressive stress normal to it, and reorients the basal poles ∼90◦away from a tensile

stress axis or toward a compressive stress axis [4]. Thus in the TD specimen, {101̄2}

twinning is easily activated in a large volume fraction of the microstructure, resulting

in a strong decrease in the intensity of the {0002}α reflection and a corresponding

strong increase in the {101̄0}α intensity. In the RD specimen, the {0002}α peak was

too weak to acquire useful data throughout the test, indicating that grains favourably

oriented for {101̄2} twinning represent a small portion of the starting texture, and

thus that twinning would contribute little to changes in the intensity of {101̄0}α. Thus,

in the TD specimen both twinning and the β → α phase transformation contribute

to deformation, while in the RD specimen only the phase transformation contributes

significantly. Twinning in the α phase does not influence the intensity of peaks

from the β phase, and has been reported previously to assist in overall ductility in

metastable β-titanium alloys [8], which may accommodate some of the additional

plasticity required due to the more rapidly exhausted phase transformation from the

activation of multiple variants.
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The observed decrease in the {110}β peak intensity during tensile deformation is

consistent with the decrease in β phase fraction obtained from the EBSD data: at

the end of the tensile test, the {110}β integrated intensity for the RD specimen is

∼60% of its initial value, in very good agreement with the corresponding value of 54%

obtained from the EBSD data.

Evidence for a strain-induced β → α phase transformation is further provided by

the {0002}α difference pole figures in Figure 5.9. In the TD specimen, the intensity

of poles is markedly increased along RD and along a direction tilted 30◦ from ND

toward RD, the two directions along which the {110}β intensity is highest in the

undeformed material, and thus consistent with the Burgers orientation relationship.

Unfortunately, {101̄2} twinning would result in the same effects, so it is not possible

to deconvolute the two processes in this case. In the RD specimen, however, twinning

is negligible. Again, there is intensification of the {0002}α poles along RD and in a

direction tilted 30◦ from ND toward RD. In contrast with the TD specimen, however,

there is also a very strong intensification parallel to TD (up to 7 times random). In

the absence of significant {101̄2} twinning, it is reasonable to assign all three of these

changes mainly to the β → α phase transformation. The strong texture dependence

on variant activation may be due to the presence of residual stresses from either the

rolling process or the quenching following heat treatment. The nature of this effect

will be investigated in a later study.

5.4.1 The ω Phase and β Twinning

No evidence of ω phase was observed during straining. Since ω is often considered an

intermediate phase between α and β, one possibility for this phase transformation is



5.4. DISCUSSION 162

that β transforms into ω which then transforms into α (β → ω → α), as occurs isother-

mally in Zr-2.5wt%Nb [21], and has been reported during straining of β-metastable

Ti alloys [6, 8]. While the results of our study suggest a direct β → α transition,

they do not conclusively rule out the possibility of the thermodynamically favourable

β → ω transformation. The orientation relationship for β → ω is {111}β‖{0002}ω,

〈11̄0〉β‖〈112̄0〉ω [22], which produces variants that would not be detected by the setup

used in the neutron diffraction part of this study. Deformation of the β phase in

β-metastable Ti alloys is often accommodated by {332}〈113〉-twinning [6]. However,

in a review of β-metastable Ti alloys [23], Ahmed et al. have identified that nei-

ther β-twinning nor stress-induced ω phase formation have been reported when the

initial microstructure consists of two phases (e.g. in β-Cez (Ti-5Al-2Sn-5Zr-4Mo-2Cr-

1Fe) and Ti-10V-2Fe-3Al). Similar considerations may explain the absence of both

deformation modes in our results.

5.4.2 1D Model for a Strain-Accommodating Transformation

We propose a simple approach to model the observed strain and texture dependence

of the β → α phase transformation. Let us start with a parallelpiped of β phase,

of length l0 and cross-sectional area, A (total volume V0 = l0A). Suppose a section

of the material transforms to the α phase, forming a flat plate spanning the entire

cross section of the parallelpiped, such that the new α grain has a length of x and

cross-section of A, and assume that this new α grain grows lengthwise at some fixed

rate, dx
dt

. Thus, after some time, t, the volume of the plate, V e
α , will be

V e
α = A

dx

dt
t (5.2)
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Since the density (atomic packing) of the α phase is different from that of the β

phase, the transformation results in a change in total length of the material. If the

difference is such that a β-region of length x0 is replaced by an α plate of length x,

we can express the relationship between these two lengths as x0 = γx where γ is a

proportionality constant. If γ 6= 1, there will be some apparent plastic strain, εp, along

the x direction as a result of the transformation. This strain is given by

εp =
l − l0
l0

=
(l0 + x− x0)− l0

l0
=

(1− γ)

l0
x (5.3)

Equations 5.2 and 5.3 can be combined to find a simple relation between V e
α and εp:

V e
α = A

dx

dt
t = A

dx

dεp

dεp
dt
t = Al0

εp
1− γ

= V0
εp

1− γ
(5.4)

Following Avrami’s theory of extended volumes [24], the transformation can only

occur in the remaining β, which limits the rate of the transformation such that:

dVα = dV e
α

(
1− Vα

V

)
(5.5)

Again, rearranging and integrating to solve for Vα:

dVα = dV e
α

(
1− Vα

V0

)
(5.6)

(
1

1− Vα
V0

)
dVα = dV e

α (5.7)

ln(1− Vα
V0

) = −V
e
α

V0

(5.8)



5.4. DISCUSSION 164

ln(1− Vα
V0

) = − εp
1− γ

(5.9)

Vβ
V0

= exp

(
− ε

1− γ

)
(5.10)

Here we have used the fact that
(

1− Vα
V0

)
=

Vβ
V0

. From this relation, we can see that

the progression of the phase transformation depends only upon the plastic strain and

γ. A plot of ln(Vβ) vs. εp should yield a linear relationship with a slope of −(1− γ)−1.

We can now directly compare our diffraction results to the model. The change in

integrated peak intensity for the {110}β peak is shown for both samples in Figure 5.10,

plotted on a semilog scale. For both specimens, the experimental data follow a linear

trend after 1% plastic strain. The slopes of the best-fit lines are -9.8±0.2 (RD) and

-14.9±0.2 (TD), which correspond to values of 1.102±0.002 (RD) and 1.0689±0.0009

(TD). The neutron diffraction data thus show that the rate of change of intensity of

the β peaks with applied strain depends on the direction of loading.

Within our simple model, the only potential source for difference in the behaviours

of the RD and TD specimens lies in the dependence of γ with loading direction.

Banerjee et al. [25] give the transformation strain matrix as

eTij =

∣∣∣∣∣∣∣∣∣∣
η1 0 0

0 η2 0

0 0 η3

∣∣∣∣∣∣∣∣∣∣
where η1 =

√
3/2aα/aβ (along [11̄0]β), η2 = aα/aβ (along [001]β), and η3 =

√
1/2cα/aβ

(along [110]β). These orientations are not exact - they can deviate from the ideal by

∼4%, depending on alloying conditions and thermal history [26]. In a previous study

of this alloy [27], the measured lattice parameters yielded η1 = 1.10, η2 = 0.90, and η3
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Figure 5.10: Change in {110}β peak intensity in the RD and TD specimens during
tensile deformation (semilog plot). The slopes of the best-fit lines are
shown. The uncertainty for each data set is shown on the final data
point.

= 1.02. We will assume for simplicity that the phase transformation will proceed such

that the direction of maximum elongation is parallel to the loading axis. In this case,

we are interested in the elongation along (110)β-type orientations, which will be η1, η3,

and some linear combination of the eTii for i = 1, 2, 3 (for out of plane orientations). If

we assume only these two parent orientations are possible, then it is likely that the η1

variant is responsible for the transformation observed in the RD specimen (γRD ≈ η1),

while both the η1 and η3 contribute to the TD specimen (γTD ≈ (η1 + η3)/2). One

of the consequences of multiple parent transformation variants being active is that

the η3 variant accommodates significantly lower strain per unit volume of material

transformed than the η1 variant, which suggests that any processing benefits provided

by the phase transformation will be exhausted at lower plastic strains when η3 is the

primary variant.
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5.5 Conclusions

Samples of zirconium Excel alloy were heat treated to develop a high proportion of

meta-stable β phase, and subsequently deformed in tension at room temperature.

Neutron diffraction measurements made in situ show evidence of a decrease in β

peak integrated intensity, suggesting that a phase transformation has occurred during

straining. EBSD maps of the deformed material provide further evidence for a

deformation-induced β → α phase transformation, in which twin-like α laths are

formed in the β grains during deformation. The β → α transformation shows a strong

variant selection for the variant with the {101̄0}α orientation along the tensile axis.

Secondary transformation lathes were also observed, and did not follow this variant

rule. We present a simple model that explains quantitatively the behaviour of the

β → α phase transformation during straining and accurately predicts the variant

selection.
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Chapter 6

Effect of Temperature and Loading Sense on the

Deformation-Induced Phase Transformation in a High Sn

Content Zirconium Alloy

6.1 Introduction

Zirconium alloys are used extensively as structural alloys within the nuclear industry,

due to their good high temperature strength, low neutron capture cross-section and

corrosion resistance. The α phase of zirconium has a hexagonal close-packed crystal

structure, while the high temperature β phase has a body-centred cubic structure, and

can be stabilized at room temperature through the addition of β stabilizers, like Nb

and Mo [1]. Other alloy additions, such as Sn, will stabilize the (α+ β) structure and

further contribute to the beneficial corrosion resistance [1]. Deformation processing of

zirconium alloys is complicated by the relatively low number of slip systems available

in the α phase, and much research on these alloys has focused on understanding

the selection of slip systems and the activation of alternative deformation modes,

notably twinning [2, 3]. Excel (Zr-3.5Sn-0.8Mo-0.8Nb) can be heat treated to retain a

high volume fraction of metastable β phase at room temperature (Chapter 5), which

can then be transformed via a deformation-induced process at room temperature

(Chapter 5). This so-called TRIP (transformation-induced plasticity) effect has been
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studied extensively in steels and titanium alloys as a means to enhance mechanical

properties [4, 5, 6].

Within alloy systems featuring a hexagonal close packed phase, a phenomenon

known as tension-compression yield asymmetry is observed. There is a significant

difference in the yield strength of most hcp materials (e.g. Zr, Ti) when tested

in compression as compared to tension. This difference is texture dependent. For

example. Cai et al. tested a series of samples prepared from a rolled plate of Zr-

2.5%Nb, with tension and compression along each of the rolling, transverse, and plate

normal directions [3]. The difference in yield strengths measured along each axis,

∆σ = σtens − σcomp, were +25MPa, -25MPa, and -37.5MPa in the rolling, transverse,

and normal directions, respectively. Similar results have been reported in titanium

[7]. Furthermore, the effect of texture on plastic anisotropy depends on the sense of

loading, e.g. the biggest difference in compressive yield strength was 75MPa (between

the normal and rolling directions) while the difference in tensile yield strength was

just 25MPa. The strength differential in HCP materials is often attributed to the

twinning deformation mode [8], which is required to accommodate tension along the

〈c〉 axis, as compared to 〈c+ a〉 slip being required for compressive deformation [9].

A tension-compression yield strength differential has also been observed in BCC

materials. In these materials, the strength differential is reportedly due to the non-

planar dislocation core structure of the 〈111〉-type dislocations. Similar extended

dislocation cores are believed to be responsible for some of the differential in HCP

materials as well, notably the pyramidal-〈c+ a〉 and prism-〈a〉 type dislocations [7].

As Excel alloy is a two-phase, HCP-α and BCC-β, alloy, it might be expected to

demonstrate a notable strength differential.
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Further complicating matters is the presence of the deformation-induced phase

transformation. Most work on deformation-induced phase transformations has taken

place in the so-called TRIP family of steels [4], though work has also been performed

on a family of titanium alloys typically referred to as β metastable alloys [5]. Alloys in

the β metastable Ti family are typically heavily alloyed (above 10%) with β stabilizing

additions, like Nb, V, or Mo. Li et al. have investigated the impact of the α phase

on the transformation of metastable β in an α + β Ti alloy, Ti10V2Fe3Al [6]. They

found that both retained β grain size and β phase stability (i.e. local concentration

of β stabilizers) impact the triggering stress for the stress induced martensite. Both

properties have positive correlations, such that larger grains require a greater stress to

trigger the martensite.

A deformation-induced β → α phase change in zirconium has been previously

reported (e.g. in Zr-3Mo-3Al [10, 11, 12]), but the field has seen little recent interest

when compared to the large body of work on titanium alloys. This chapter will

investigate the effects of temperature, loading sense (tension vs. compression), and

texture on the deformation-induced β → α phase transformation in the β metastable

Excel alloy.

6.2 Material and Experimental

Samples were machined from heat treated Excel alloy prepared from the trepanned

core of an Excel pressure tube prepared by Atomic Energy of Canada Limited as a

rolled plate. The manufacturing process of the plate is outlined in Chapter 4. Samples

were heated at 840◦C for two hours, followed by a quench in ice water. Based on

the results presented in Chapter 4, this treatment will result in a high retained β



6.2. MATERIAL AND EXPERIMENTAL 173

Figure 6.1: EBSD phase map showing microstructure of the samples tested along RD
prior to deformation. The map is oriented with RD horizontal and ND
vertical.

Figure 6.2: Pole figures displaying the as-quenched texture of the (left) α and (right)
β phases in the Excel alloy plate, quenched from 840◦C. Sample rolling
direction is ’up’ and sample normal direction is out of page.

phase fraction of approximately 30%. Samples were machined with their loading axis

parallel to either the plate rolling direction (RD), or the plate transverse direction

(TD). The starting microstructure of the samples is shown in Figure 6.1. The starting

texture of all samples is shown in Figure 6.2.

A total of nine samples were tested; five in tension and four in compression.

Samples were tested with in situ time-of-flight (TOF) neutron diffraction at the
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Table 6.1: List of samples and loading conditions.

Sample Label Loading Sense Orientation Temperature Strain Rate
A Tension RD 20 4.17E-06
B Tension RD 100 4.02E-06
C Tension RD 200 4.05E-06
D Tension TD 20 1.31E-05
E Tension TD 200 4.22E-06
F Compression RD 20 -1.60E-06
G Compression RD 20 -3.90E-06
H Compression RD 20 -6.49E-06
I Compression TD 20 -3.50E-06
J Compression TD 20 -3.23E-06

VULCAN diffractometer at Oak Ridge National Laboratory at Oak Ridge, Tennessee,

to allow for the effects of texture and interphase straining to be studied during loading.

Some samples were tested at elevated temperatures, either 100◦C or 200◦C. These

samples were heated using an inductive heating coil surrounding the sample and the

grips. A thermocouple was spot-welded to each of the sample shoulders to allow

for monitoring of the temperature during testing. Temperature deviations were less

than 1◦C for the entirety of testing. For room temperature testing in compression, a

contact extensometer was used to monitor the sample strain. For high temperature

testing and all tensile tests, a non-contact laser strain gauge system was used. The

samples were initially loaded in load control up to 400MPa, and then deformed under

displacement control. The measured strain rate during plasticity for each sample is

shown in Table 6.1. All compression samples were 5× 5× 16mm rectangular samples,

and all tensile samples were dog-bone-shaped with a square 4× 4mm cross-section in

the gauge, and a gauge length of 20mm.

The Vulcan diffractometer is a time-of-flight diffraction instrument [13]. A chopper

frequency of 20Hz was used, with a peak wavelength of λ = 2.8Å, and a bandwidth
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Figure 6.3: Stress-strain curves for samples tested along (left) RD and (right) TD.
Location of markers is arbitrary and intended only as a guide.

of 4.32Å. Receiving slits of 5mm were used. The instrument operates in an “event

mode” detection scheme, where the incidence of neutrons on the detector is recorded

continuously and individually throughout the mechanical test, and the neutrons must

be binned in time to produce diffraction patterns associated with the physical test.

The neutron counts were binned in 300 second intervals, and all mechanical data

associated with the diffraction data is a mean over that interval.

6.3 Results

Stress strain curves are shown for all samples in Figure 6.3. All samples were unloaded

at the end of testing, with the exception of the sample pulled along RD at 200◦C,

which failed during loading. The mechanical properties of the materials and the

calculated tension-compression asymmetry are summarized in Table 6.2.

6.3.1 Diffraction Results

The lattice strains and peak areas for each diffraction peak are presented in this

section. Tests performed in tension will be presented first. Lattice strain, εhkl, is
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Table 6.2: Summary of yield stresses for all samples and tension-compression asym-
metry value.

Orientation Temperature (◦C) σys,T σys,C ∆σ (MPa)
RD 20 540 555 -15
RD 100 420 - -
RD 200 360 515 -155
TD 20 620 590 30

defined as

εhkl =
dhkl − dhkl,0

dhkl,0
(6.1)

where dhkl is the lattice spacing of the hkl plane, and dhkl,0 is a reference lattice

spacing. In this chapter, the initial unloaded lattice spacing will be used as the

reference spacing as a strain-free spacing is not possible in a polycrystal. Due to the

starting texture of the material, the {0002}α diffraction peak could not be measured

at the start of all tests. For these tests, the value of d{0002}α,0 used to calculate lattice

strains for {0002}α peaks that appear during tested was estimated. An estimate of the

initial unloaded HCP unit cell parameters, a and c, was produced by fitting all other

measured α diffraction peaks to Equation 2 simultaneously, following the approach

taken by Long et al. [14], among others.

1

d2
hkl

=
4

3

h2 + hk + k2

a2
+
l2

c2
(6.2)

These estimates were then used to estimate values for d{0002}α,0 for tests in which the

peak became measurable during loading.
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Tension

Five samples were tested in tension: three along RD and two along TD. The samples

were tested at room temperature, 100◦C, or 200◦C. No sample was tested along TD

at 100◦C. The lattice strain evolution for the samples tested along RD are shown in

Figures 6.4 to 6.6 for testing at room temperature, 100◦C, and 200◦C, respectively.

At room temperature (Figure 6.4), the α phase yields first at 480MPa, as shown by

a departure from the linear elastic behaviour, towards a lower strain increment for a

given applied stress. Detailed information on interpreting such diffraction strain plots

in terms of yield can be found in [15]. The β phase grains continue to take on load.

The {110}β family appears to yield next, at 660MPa. All other β grain families appear

to continue to take on additional load without yield up to an applied stress of 745MPa,

which is the UTS of this sample. When loaded above 700MPa, the {101̄0}α, {112̄0}α,

and {101̄1}α grain families begin to take on additional load, with their lattice strains

increasing from 5300µε to 7700µε (for the prism planes) and 4600µε to 6500µε (for the

pyramidal plane) between 700MPa and 745MPa. The β phase grain families saturate

(i.e. take on no additional lattice strain) at lattice strains of 12000µε ({110}β and

{211}β), 16500µε ({310}β) and 20000µε ({200}β). After yielding, all α grain families

continue to harden.

For the sample deformed along RD at 100◦C (Figure 6.5), the same general trend

in lattice strain is observed. All measured α grain families yield simultaneously, at

400MPa. The {110}β family yields next, at 575MPa, followed by the {211}β grain

family at 630MPa. The {310}β and {200}β grain families yield at or near the UTS

of 678MPa. Transfer of load back to the α grain families occurs at 630MPa, and

continues for the remainder of deformation. Unlike at room temperature, only one β
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Figure 6.4: Lattice strains measured for tension along RD at room temperature.

phase grain family saturates during testing at 100◦C.

For the sample deformed along RD at 200◦C (Figure 6.6), initial yielding of the α

phase occurs at 300MPa. The yielding of the β phase occurs at 550MPa. Unlike the

samples tested at lower temperatures, all measured β grain families appear to yield

simultaneously. Reloading of the α grains occurs at the same applied stress as with

the yielding of the β phase, although only the {101̄0}α and {112̄0}α grain families

take on additional load. The {101̄1}α and {101̄2}α grain families were not observed

to reload during the test, unlike in the samples tested at lower temperatures.

The lattice strain evolution for the samples deformed along the transverse direction

(TD) are shown in Figures 6.7 and 6.8. Due to the texture of the material, α grains

oriented with their {0002} plane normal to the loading axis can be measured for this

set of samples, as well as all the grain families observed for the samples tested along

RD. For the sample tested at room temperature along TD, the initial α yield occurs

at 510MPa, with all observed α orientations yielding.
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Figure 6.5: Lattice strains measured in tension along RD at 100◦C.

Figure 6.6: Lattice strains measured in tension along RD at 200◦C.
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Figure 6.7: Lattice strains measured for tension along TD at room temperature.

For the sample loaded along the transverse direction at 200◦C, yielding of the α

phase occurs at 380MPa, with the excess load transferring to the β grain families. At

this load, the {0002}α grain family does not appear to yield and continues to load

elastically until 445MPa. After yielding, the {0002}α family lattice strain decreases

more rapidly than the lattice strains of the other α grain families. At 550MPa, the

{101̄0}α, {112̄0}α, and {101̄1}α grain families begin to take on additional load. The

{101̄2}α and {0002}α grain families do not take on additional lattice strain at this

stress. Evidence of β phase yielding is present at an applied stress of 580MPa for all

measured grain families. Additional loading results in the continued increase in lattice

strain of all measured β grain families.

As a complementary measurement to lattice strain, peak integrated intensity can

also be used to understand microscale deformation. Changes in integrated peak

intensity during loading are indicative of changes in texture or phase fraction. When

twinning is active, large changes in local grain orientation are observed. The most
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Figure 6.8: Lattice strains measured in tension along TD at 200◦C.

common twinning system in the α phase of zirconium is {101̄2} tensile twinning,

which results in a reorientation of 85◦and typically will shift {0002}α intensity toward

a compressive axis (i.e. increasing {0002}α intensity in the Poisson directions during

tension) [16]. Twinning has also been reported in the β phase of titanium (e.g. [17]). It

is anticipated that any β twinning will be of the {332}〈113〉 type. Similar to twinning,

a phase transformation will result in a change in peak intensity, as the diffracted

intensity is proportional to the volume of material in the diffracting volume. Thanks

to the presence of two detectors at Vulcan, twinning and phase transformations can

be differentiated. Given the orientation of the sample loading axis relative to the

incident neutron beam and the diffraction detectors, phase transformation related

intensity changes will result in increases or decreases in a given peak’s intensity in

both detectors simultaneously. In contrast, twinning related intensity changes will

result in an increase in intensity measured on one detector and a decrease in intensity

measured on the other, for a given diffraction peak.
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The changes in peak integrated intensity during deformation along RD at room

temperature are shown in Figure 6.9. The intensity for all β peaks measured in both

detectors is observed to decrease to slightly less than 50% of the initial value over

20% strain. There appear to be two trends in the β grain families. The first group is

composed of the {110} and {211} grain families measured along the loading direction,

and the {310} family measured along the Poisson direction. The integrated peak

intensity of this group begins to decrease as soon as plastic strain is observed in

the sample. The change appears to follow an approximately exponential decay with

respect to plastic strain.

The second group is composed of the {200} grain family along the loading direction,

and the {110} and {200} grain family along the Poisson direction. In this group, the

peak intensity only begins to decrease after a certain plastic strain has been achieved

in the sample (about 5%). Once this threshold strain has been achieved, the peak

intensity decreases with an approximately sigmoidal trend, and saturates at a lower

level near a total plastic strain of 14%.

The intensity of the α peaks appears to split, with the {101̄0}α peak intensity

increasing with plastic strain, and the {112̄0}α peak decreasing with additional plastic

strain (i.e. ∂Ihkl/∂εp = Khkl where Khkl is a constant). The rate of change of peak

intensity is constant with plastic strain for a given grain family. The exact opposite

behaviour is observed in the Poisson direction, with the {112̄0}α peak intensity

increasing and the {101̄0}α peak intensity decreasing. Due to the material texture,

the {0002}α peak can be measured along the Poisson direction, and its intensity is

also observed to increase along this orientation.
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Figure 6.9: Evolution of peak integrated intensity during tension along RD at room
temperature.

Figure 6.10: Evolution of peak integrated intensity during tension along RD at 100◦C.

The changes in peak intensity for the sample tested at 100◦C are shown in Fig-

ure 6.10. The overall evolution of peak intensity in this sample is the same as that

tested at room temperature, with the two groups of β grain families and the changes

in intensity in the α phase.

The changes in peak intensity for the sample tested at 200◦C are shown in Fig-

ure 6.11. This sample experienced a ductile failure at 12% plastic strain. The changes

in β peak intensity in this sample are quite different than those observed at room

temperature or 100◦C. There is no change in peak integrated intensity for the {110}β
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Figure 6.11: Evolution of peak integrated intensity during tension along RD at 200◦C.

grain family up to failure. The {200}β and {211}β grain families, measured along the

loading direction, decrease slightly in intensity, decreasing to approximately 85% of

their initial intensity by 10% plastic strain. Along the Poisson measurement direction,

no significant change in intensity is observed for the {110}β, {200}β, and {211}β grain

families. The {310}β grain family along the Poisson direction shows a severe decrease

in intensity, down to 40% of its initial value by 7% strain, and remains stable at this

intensity until failure. The behaviour of the α phase peak intensities appears to be

the same at 200◦C as at room temperature and 100◦C.

The peak intensity variation for the sample tested at room temperature along TD is

shown in Figure 6.12. All of the β peaks measured along the loading direction, {110}β,

{200}β, and {211}β, show decreasing intensity with increasing plastic strain. As with

loading along RD, the {310}β grain family measured along the Poisson direction

shows the greatest rate of change in intensity. In the α phase, significant changes in

peak intensity are observed. Along the loading direction, the {101̄0}α peak intensity

increases to more than double its initial value by 14% strain, while the {0002}α

peak decreases in intensity, and, notably, there is no change in the {112̄0}α grain
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Figure 6.12: Evolution of peak integrated intensity during tension along TD at 20◦C.

family intensity. Along the Poisson direction, the {0002}α peak intensity increases

significantly after 3% plastic strain. By 10% strain, the peak intensity is 200% of its

initial value, and the increase continues rapidly with increased strain.

Different behaviour of the β phase is observed along TD at 200◦C. The {110}β grain

family peak intensity does not change along the loading direction up to 12% strain,

while the {200}β and {211}β peak intensities decrease. Along the Poisson direction,

no change is observed in the {110}β peak intensity, and the {310}β peak decreases

significantly. No β grain families are observed to increase in integrated intensity during

loading. Clear evidence of twinning in the α phase is present at 550MPa; the {0002}α

and {101̄2}α peak intensities decrease along the loading direction, while the {101̄0}α

and {112̄0}α peak intensities increase along the loading direction.

Compression

A total of five samples were tested in compression: three in the rolling direction (two

at room temperature and one at 200◦C), and two in the transverse direction (both

at room temperature). The lattice strain evolution for the sample compressed along

the rolling direction at room temperature is shown in Figure 6.14. The first evidence
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Figure 6.13: Evolution of peak integrated intensity during tension along TD at 200◦C.

of yielding occurs at 520MPa, at which point all measured α peaks stop taking on

additional load. This load is transferred to the β peaks. Evidence of yielding in the β

phase is present at 590MPa, with the {110}β grain family showing a slight decrease

in load accumulation, while the {211}β and {200}β grain families continue to take

on additional lattice strain. At a true stress of 640MPa, the {0002}α grain family

can be seen in the diffraction pattern, and takes on additional load as the stress

increases. The {0002}α grain family has an apparent lattice strain of -5000µε when it

first becomes measurable.

The lattice strain measured for the sample compressed along RD at 200◦C is

shown in Figure 6.15. The general behaviour of the lattice strain is the same as that

measured at room temperature. Evidence of yielding in the α phase is observed at

500MPa, and the initial yielding of the β phase appears to occur at 540MPa. The

{0002}α grain family is first observed at a true stress of 565MPa, with an apparent

lattice strain of -4800µε.

The lattice strains for samples compressed along TD at room temperature are

shown in Figure 6.16. The first evidence of α yielding is observed at 500MPa, with

all measured α grain families taking on no additional lattice strain, except for the
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Figure 6.14: Lattice strains measured for compression along RD.

Figure 6.15: Lattice strains measured for compression along RD at 200◦C.
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Figure 6.16: Lattice strains measured for compression along TD at room temperature.

{0002}α grain family. At high stresses, the β grain families, along with the {0002}α,

take on additional load, with only the {110}β family showing evidence of yield (at

610MPa).

The change in peak intensity during compression is shown for each sample in

Figures 6.17 and 6.18. For compression along RD (Figure 6.17, no {101̄2}α peak

could be detected prior to deformation, while a strong signal was present following

deformation. The change in {101̄2}α peak intensity is smooth. All other peaks in

the α phase display a minor change in peak integrated intensity in both detectors,

with increases in one detector corresponding to decreases in the other detector for a

given grain family (for example, {101̄0}α peak intensity decreases along the tension

direction and increases along the Poisson direction).
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Figure 6.17: Variation in integrated intensity for (left) α and (right) β grain families
during compression along RD at room temperature.

Figure 6.18: Variation in integrated intensity for (left) α and (right) β grain families
during compression along TD at room temperature.

6.3.2 Microstructure

EBSD maps of the sample phases and grain structure for samples tested along RD are

shown in Figure 6.19 to 6.20. In the undeformed state (Fig. 6.19), the microstructure

is made up of a mix of equiaxed α + β with approximately equal grain size. There

are regions of elongated α grains surrounded by smaller elongated β grains, which

are evidence of the grain structure prior to the recrystallization heat treatment. This

suggests that the prior heat treatment was insufficient for complete recrystallization
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Figure 6.19: EBSD phase map showing microstructure of the samples tested along
RD after deformation at room temperature to 15% strain. Prior β grains
showing the formation of α laths are indicated with black circles.

of the material.

The microstructure of the sample deformed along RD at room temperature is shown

in Figure 6.19. The β phase fraction has apparently decreased. No changes to the α

phase grain structure that would suggest evidence of twinning are present. Several

β grains appear to be crossed by twin-like lathes of α grains. These new α lathes

show a Burger’s orientation relationship to their parent β grains, with {0002}α‖(110)β;

〈112̄0〉α‖〈111〉β, as expected for a β → α transformation [18, 19]. This relationship was

assessed by examining the misorientation between adjacent grains using the MTEX

toolbox [20].

The microstructure of the sample deformed along RD at 200◦C is shown in

Figure 6.20. The grain structure is very similar to that measured in the undeformed

sample (Figure 6.1), with a combination of elongated and somewhat equiaxed α grains,
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Figure 6.20: EBSD phase map showing microstructure of the samples tested along
RD after deformation at 200◦C. Measurement was taken away from the
necked region of the sample.

and a lower proportion of β grains. The β grains do not appear to exhibit the lath

structure observed following deformation at room temperature. The area fraction of β

phase is closer to that of the undeformed material than that of the material deformed

at room temperature.

6.4 Discussion

In this section, the results from neutron diffraction and electron microscopy will be

compared to models available in the literature to understand the role of temperature

and loading orientation on the deformation-induced phase transformation. These

models are extended by applying material properties specific to the zirconium alloy

system to quantitatively explain the role of texture and qualitatively address the

anomalous temperature response.
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6.4.1 Texture and the β → α Transformation

The β → α transformation in zirconium is dictated by the Burger’s orientation

relationship. Banerjee et al. [21] give the transformation strain matrix as

eTij =

∣∣∣∣∣∣∣∣∣∣
η1 0 0

0 η2 0

0 0 η3

∣∣∣∣∣∣∣∣∣∣
(6.3)

where η1 =
√

3/2aα/aβ (along [11̄0]β), η2 = aα/aβ (along [001]β), and η3 =√
1/2cα/aβ (along [110]β). The results of Chapter 5 show that there is a strong

selection for variants that produce maximum elongation along the tension axis. By

rotating the transformation strain axis, we can predict the maximum elongation along

the tensile axis for a given grain orientation, and thus for each grain family measured

during neutron diffraction testing. These maximum elongations are summarized for

the four unique grain families reported in this chapter in Table 6.3. The elongations

vary from 0.078 to 0.110. The relationship between the total strain accommodated by

the transformation, εt, and the β grain volume (and thus peak integrated intensity),

Vβ, is given by

Vβ
V0

= exp

(
− ε

1− γ

)
(6.4)

where V0 is the initial β grain volume, and γ is a decay factor that depends on the

transformation variant, as derived in Chapter 5. Based on the Burger’s relationship, we

expect the decay factor, γ, to vary from 9.09 to 12.8 for preferred variants (Table 6.3).

The VULCAN diffractometer has a detector angular coverage of ±11.5◦in the

diffraction plane and ±15◦out of plane. Therefore, some grain families with plane
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Table 6.3: Theoretical properties of the β → α transformation for pure zirconium
based on the Burger’s relationship. For a given β grain plane normal
oriented along the loading axis, the elongation strain resulting from the
β → α transformation, the decay factor, γ, and the resulting α grain plane
normal (preferred variant) are shown.

Grain Family Elongation (εtr) Decay Factor (γ) Preferred α Variants
{110}β 0.078 0.921 {101̄3}, {123̄3}
{200}β 0.110 0.890 {101̄2}
{211}β 0.090 0.910 {101̄1}, {303̄1}, {0002},

{112̄2}
{310}β 0.104 0.896 {101̄1}

normals near each other (within the above stated angular coverage) may produce

diffraction peaks that correspond to lattice spacings of different but similarly oriented

grain families. By way of a relevant example: when a β grain transforms to an α

grain following the Burger’s orientation, multiple α orientations are possible for a

given β grain. For low order β grain families, many of the resultant α orientations

are high order (e.g. {200}β ‖ {7 1̄ 6̄ 12}α). However, these high order orientations

are within the detector angular coverage of lower order orientations ({7 1̄ 6̄ 12}α is

5.83◦ from {101̄2}α), so that material in the {200}β grain family may be oriented for

diffraction to the {101̄2}α grain family following transformation. The expected low

order α grain families that would be produced from the preferred variants for the

four β grain families are also shown in Table 6.3. The preferred variant is that which

produces the greatest elongation along the tensile axis. When a β grain in the hkl

family is being measured in the loading direction diffraction detector transforms into

α by the Burgers relationship, we can expect to see a change in diffraction signal in

the same diffraction detector for the four variants listed in Table 6.3.

Deformation-induced phase transformations are typically referred to as being either
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stress-induced or strain-induced. This distinction is made depending on whether slip

is activated in the parent phase prior to the phase transformation. In cases where

the phase transformation occurs prior to other plastic deformation modes (such that

σtr < σys), the transformation is said to be stress-induced (or stress activated). When

slip is activated prior to the phase transformation (i.e. σtr > σys) the transformation

is strain-induced. Strain-induced transformations are usually considered to be assisted

by the development of dislocations in the matrix, which can serve as nucleation points,

while stress-activated transformations nucleate at grain boundaries.

The results of this study show that the distinction between stress- and strain-

induced transformation has a strong temperature dependence. For the samples

deformed along the rolling direction at room temperature, some β grain families

experienced a stress-induced phase transformation. This can be observed by identifying

whether changes in peak broadening occur prior to changes in peak integrated intensity

or simultaneously since peak broadening is strongly affected by the presence of

dislocations in the material [22]. At room temperature, the {200}β grain family does

not begin to decrease in intensity until a plastic strain of 5%, while the peak width

associated with this family begins to increase as soon as plastic straining occurs. This

suggests that the activation of the phase transformation in this grain family required

additional free energy along this orientation. One possible factor is that the local

stress may have been inadequate to initiate the phase transformation.

6.4.2 Tension-Compression Asymmetry

The difference in yield strengths measured along axis, ∆σ = σtens−σcomp is summarized

in Table 6.2. The macroscopic yield strengths, σys, are slightly higher than those



6.4. DISCUSSION 195

observed in lattice strain data because a 0.2% offset is used to identify the macroscopic

result. At room temperature, the yield strength along the rolling direction is greater

in compression than in tension, while the opposite is observed along the transverse

direction. When deformed at 200◦C, the magnitude of the asymmetry is increased

10-fold along the rolling direction.

Clear evidence of a tension-compression asymmetry effect in the β phase was

observed in the lattice strain data. When loaded in tension, the {110}β and {211}β

grain families take on lattice strain at roughly the same rate and yield at the same

applied load. When loaded in compression, however, the {110}β grain family demon-

strates evidence of yield distinct from the {221}β grain family. Under both loading

configurations, the {200}β grain family does not yield measurably.

It is clear from the diffraction data that no stress-induced phase transformation

occurs during compression of the samples, while similar temperatures, stresses, and

strain rates initiated the transformation in a tensile loading scenario. The origin of

this particular tension-compression asymmetry can be understood by re-examining the

Gibbs free energy balance. The mechanical energy freed as a result of the interaction

of the phase transformation with an externally applied stress is given by (σ ·εtr)/ρ. For

the β → α transformation in zirconium, the values of εtr vary from a maximum of 1.10

along the [11̄0]β ‖ [01̄10]α orientation to a minimum of 0.90 along the [001̄]β ‖ [21̄1̄0]α

orientation [21]. Previous work on this alloy has shown a clear variant selection

favouring a transformation that results in plastic strain along orientations with a

maximum transformation strain in tension. It could be reasonably expected that,

should the transformation occur in a compressive loading sense, there would be a clear

variant selection for the transformation that would produce the greatest compressive
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(or dilation) strain. The total magnitude of the energy freed from the process would

be equal, assuming that the stress at initiation is equal.

In their study of TRIP in steels, Olson et al. report a significantly increased

triggering stress under compression as opposed to tension [4]. For the TRIP steel

they report, the calculated transformation stress in tension at room temperature is

approximately 1.4GPa in tension and 2.0GPa in compression. To explain these results,

we would need to expand the model presented by Liu et al. [23] and implement

the effect of shear (following the approach of Patel et al. [24]). The true work

under applied load done by the transformation, U , is composed of two terms: the

normal stress resolved perpendicular to the habit plane times the normal component

of the transformation strain (σεtr) and the shear stress resolved along the habit plane

times the transformation shear strain (τγ0). Liu et al. have neglected to include the

latter term; this does not cause a significant impact unless the tension/compression

asymmetry is sought. Such a model development is outside the scope of this work.

6.4.3 Role of Twinning

All samples deformed in tension along RD showed two different types of peak intensity

change in the α phase. Along the loading axis, the {101̄0}α peak intensity increased

while the {112̄0}α peak intensity decreased, apparently linearly with plastic strain.

While significant changes in peak intensity are typically due to twinning, the changes

observed in this sample are likely due to the activation of the {101̄0}〈12̄10〉 slip

system. Other diffraction studies of zirconium alloys have reported this slip mode

activating during tension along orientations with a high density of 〈a〉 oriented grains

(e.g. in Zircaloy-2 [25], Zr-2.5%Nb [26]), and tensile twinning in zirconium results in
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contraction along 〈a〉 [16] and thus is unlikely along orientations with a high density

of 〈a〉 orientations. Furthermore, no evidence of twinning was observed in the EBSD

patterns.

In contrast, clear evidence of {101̄2}〈1̄011〉 tensile twinning is observed for tension

along TD. These results are consistent with expectation, as tension along RD is almost

entirely along 〈a〉-type directions, which are well accommodated by prism slip, while

tension along TD is almost entirely the 〈c〉-axis, which requires either tensile twinning

or 〈c + a〉 slip. It is possible that the activation of 〈c + a〉 slip is the cause of the

deflection in the {0002}α lattice strain observed during tension along TD at 200◦C. No

such deflection is observed at room temperature, and evidence of tensile twinning is

present at both temperatures. 〈c+ a〉 slip is typically difficult to activate in zirconium,

though its critical resolved shear stress may be decreased due to thermal activation

effects.

From the results, it appears that the activation of twinning in the α is not very

sensitive to temperature over the temperature range and strain rate investigated. Both

samples tested in tension along TD experienced twinning. Under no condition was

evidence of twinning observed in the β phase. This is notable as twinning has been

reported in the β phase of several metastable β titanium alloys and is expected in

some alloys that benefit from transformation-induced plasticity [17, 27].

6.4.4 Effect of Temperature

Samples tested in both TD and RD orientations at room temperature showed evidence

of a phase transformation during deformation. For both samples tested at 200◦C, the β

peak intensities remained constant (within error) throughout the test, with the notable
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exception of the {310}β peak, which decreased in intensity significantly regardless

of temperature. The role of temperature on the activation of the stress-induced

transformation can be understood by identifying the impact of the temperature on

the Gibbs free energy change during the transformation and its interaction with the

elastic strain energy terms.

The formation of stress-induced martensites can be explained by a balance of

the Gibbs free energy. This approach has been explained by Liu et al. [23] and is

summarized here. A similar model has been presented by Olson and Cohen [4], among

many others. There are many contributions to the total free energy of a solution, and

it is typically expressed as

G = U − TS +
∑

Yi∆Xi (6.5)

where G is the Gibbs free energy of the phase, U is the internal energy, T is the

temperature, S is the total entropy, and Yi is the energy contribution from a change in

some other property, Xi (for the ith additional parameter). The phase transformation

temperature between two phases is the temperature at which the Gibbs free energy of

the two phases is equal, i.e.

∆G = G2 −G1 = 0 (6.6)

where Gi is the Gibbs free energy of the ith phase, and ∆G is the change in free energy

due to the transformation. For a material experiencing external stresses undergoing a

phase transformation resulting in plastic deformation, the free energy associated with
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that phase transformation is given by

∆G = ∆U − T∆S + ∆Eel + δEirr −
1

ρ
σ · εtr (6.7)

where ∆Eel is the change in elastic energy stored in the lattice, δEirr is the energy

lost due to irreversible processes (i.e. plasticity), σ is the applied stress, εtr is the

strain due to the phase transformation, and ρ is the material density.

If the phase transformation involves merely a difference in chemical free energy,

then ∆G = ∆H − T∆S, so that at equilibrium, ∆G = 0 and we can define T0 such

that

T0 =
∆H

∆S
(6.8)

and T0 represents the temperature at which the transformation is in equilibrium

without external factors. By including the lattice distortion (which requires elastic

and plastic accommodation) terms, we find a new equilibrium temperature,

T1 =
∆H + ∆Eel + δEpl

∆S
= T0 +

∆Eel + δEpl
∆S

(6.9)

which applies to the situation of no externally applied stress. Since both of the elastic

and plastic accommodation terms must be positive, the sign of this additional lattice

distortion term depends on the entropy change of the transformation alone.

Finally, by factoring in the work done by an external stress during the phase

transformation, we find a third equilibrium temperature

T2 =
∆H + ∆Eel + δEpl − 1

ρ
σ · εtr

∆S
= T1 −

σ · εtr
ρ∆S

(6.10)
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The effect of the stress-strain work on the equilibrium temperature depends on the

entropy change of the transformation, and the transformation strain along the stress

axis. This additional term can be the source of variant selection during stress-induced

phase transformations, as the free energy contribution of the external stress will be

greatest along directions that the transformation strain is aligned with the applied

stress.

By taking the first derivative of T2 with respect to stress, it is clear that there is a lin-

ear relationship between stress and transformation temperature, with a proportionality

constant given by

∂T2

∂σ
= − εtr

ρ∆S
(6.11)

This result suggests that stress-induced martensitic transformations can be understood

as occurring due to a decrease in the martensite start temperature from external

stress. This model could be used to predict the stress dependence of the β → α

transformation.

As a first approximation, we can assume that there is no significant change in

the entropy of mixing during the phase transformation. Consequently, the entropy

term associated with the transformation, ∆Str will be the equal to the entropy of the

direct β → α transformation in pure Zr, ∆S0 = −3.55J/mol/K [28]. The T0 value

for this alloy is 860◦C, as derived using the Kaufman approach and supported by the

experimental evidence in Chapter 4. For simplicity, and lacking further information,

we will assume that ∆Eel and δEirr are negligible. The strain of the transformation

along the loading axis, εtr, varies depending on the grain orientation from 0.07 to 0.11

(Table 6.3). The density of zirconium, ρ, is approximately 6.52 g/cm3. Using these

values, T2 ≈ T0− 0.4335σ, where σ is in MPa. In order for the external stress to cause
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Figure 6.21: Change in integrated peak intensity with apparent local elastic stress
along the loading axis in β phase grain families for samples deformed
in tension at (a) room temperature, (b) 100◦C, and (c) 200◦C. A sharp
decrease in integrated intensity is observed at room temperature, while a
more moderate drop is observed at 100◦C. No significant drop is observed
at 200◦C. Stress axis starts at 1.0GPa to assist interpretation.

the transformation at room temperature, a σa value of almost 2 GPa is required.

To test the effect of local stress, the local stress on a given hkl family, σhkl, is

calculated as:

σhkl = εhklĝC (6.12)

where εhkl is the lattice strain in the hkl grain family, ĝ is the unit vector of the hkl

plane normal and C is the stiffness tensor for the β phase (reported by Cai et al.

[3]). This approach assumes that the measured lattice strains are entirely caused by

applied stress, and there is no elemental redistribution occurring. The d0 values for

the elevated temperature tests are taken at temperature and so there is no thermal

expansion component. The stiffness matrix is strictly valid at room temperature; the

effect of increasing temperature is to decrease the elastic moduli. The magnitude of

this effect is expected to be on the order of 10% based on the results reported by

Ashkenazi et al. on Zr-30Nb alloy [29].

The local elastic stress of the β phase grain families calculated in this way is shown

in Figure 6.21, and it is seen that local stresses of the appropriate magnitude are
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achieved during room temperature tension along RD. Local stresses of 2.8GPa, 3.3GPa,

and 2.7 GPa are accommodated by the {110}β, {200}β, and {211}β grain families,

respectively, at the time of the initiation of the phase transformation. For these grain

families, it appears that the maximum local stress that can be accommodated is equal

to the triggering stress for the phase transformation, which suggests that plasticity in

these grains is achieved through a combination of phase transformation and dislocation

slip. At 100◦C, triggering stresses of 2.65GPa, 3.2GPa, and 2.5GPa are measured for

the {110}β, {200}β, and {211}β grain families. The thermodynamic model presented

predicts that the triggering stress should drop by an average of 35MPa at 100◦C as

compared to 20◦C, and the measured changes average 150MPa. Finally, at 200◦C,

the maximum local stress in the three grain families at failure are 2.7GPa, 2.6GPa,

and 2.4GPa. Thus, we observe that, energetically, the transformation ought to be

possible at 200◦C, as sufficient stress to trigger the transformation mechanically can

be achieved.

6.4.5 Effect of Rate

The magnitude of the local elastic stress acting on the grain families in the β phase is

insufficient to explain the observed temperature effect on the activation of the stress-

induced β → α transformation. In order to understand the effect of temperature, the

effect of transformation rate (and thus strain rate) must be included. We will now

follow the approach taken by Olson et al. in their report on isothermal stress-assisted

martensitic transformations in steels [4] to identify the interplay of transformation

rate and temperature.

It has been shown that the activation energy for isothermal nucleation of a
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martensite plate, Q, is linearly related to transformation free-energy change, ∆G, such

that

Q = A+B∆G (6.13)

where A and B are constants. When this relationship is valid, the transformation

rate, ḟ , is given by

ḟ = k exp

(
− Q

RT

)
= nsV ν exp

(
−A+B∆G

RT

)
(6.14)

where f is the volume fraction of transformed material, ns is the density of nucleation

sites, V is the instantaneous mean nuclei volume, and ν is the nucleation-attempt

frequency. For a given transformation rate, ḟi, the critical free-energy change is given

by

∆Gcrit(ḟi) = − 1

B

(
A+RT ln

ḟ0

nsV ν

)
(6.15)

which demonstrates a linear dependence (assuming no temperature dependence on

the nucleation site density or attempt frequency). Therefore, on a plot of free-energy

vs. temperature, a fixed transformation rate corresponds to a line, and, as the

transformation rate increases, the slope of the line becomes more negative.

By definition, the slope of the free-energy curve is given by

d∆G

dT
= −∆S (6.16)

where ∆S is the entropy change of the transformation. Since S = 0 at T = 0, the

slope of ∆G vs. T must also be zero at T = 0K. As the temperature increases, the
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curvature of the relationship is given by

∂2∆G

∂T 2
= −∆Cp

T
(6.17)

where ∆Cp is the heat capacity difference between the parent and the child phase.

For the purpose of demonstration, Olson et al. approximate this curve locally using a

simple power law, where

∆Gch(T ) ≈ C1 + C2T
n (6.18)

where C1, C2 and n are constants, C1 < 0, and C2 > 0. This produces a curve such as

that shown in Figure 6.22, with the curves corresponding to three different rates shown.

Any point at which the rate curve is greater than the energy curve corresponds to an

energetically favourable condition. So, from the figure, ḟ1 is energetically favourable

for a range of temperatures, while ḟ3 cannot be achieved at any temperature. For this

model, ḟ2 corresponds to the maximum possible rate, and corresponds to the point at

which the rate curve is tangent to the energy curve. Adding in the effect of external

loading transforms the curve by translating it up by a value of σ · εtr/ρ (as previously

shown).

In the γ → α transformation typical of TRIP steels, ∆Cp is negative, resulting in

a positive curvature of ∆G vs T . In contrast, the β → α transformation in zirconium

has a positive value of ∆Cp (i.e. Cp,β < Cp,α) [30, 31], and so the results from this

stage depart from that pertinent to steels. In the case of steels, the relationship

between process temperature and maximum rate has a C-curve shape. Due to the

downward slope of the ∆G vs. T , the relationship between process temperature and

maximum rate in zirconium alloys has a plateau and drop-off behaviour (shown in
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Figure 6.22: Variation in free energy with temperature of the martensitic transforma-
tion (solid lines) for (a) steels and (b) zirconium alloys. The dependence
on transformation rate is shown as dotted lines for rates such that
ḟ1 < ḟ2 < ḟ3.

Figure 6.23). This behaviour indicates that there are certain temperatures at which

the maximum transformation rate is so low that the transformation is effectively

blocked. The relationship between volume fraction of transformed material, f , and

plastic strain, εp, is given by

f = 1− exp(− εp
1− γ

) (6.19)

where γ is defined as (x0 = γx) along the loading axis. Therefore, for a given grain

family, there is also a direct relationship between temperature and maximum strain

rate that can be accommodated by the phase transformation. This rate is given by

ḟc = − exp(− εp
1− γ

)
ε̇p

1− γ
(6.20)

and depends intimately on the grain orientation with respect to the loading axis.

We can now begin to understand why the transformation appears to be selected
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Figure 6.23: Maximum rate of transformation for an isothermal stress-assisted marten-
sitic process occuring in a system in which (a) ∆Cp is negative, as in
steels, and (b) ∆Cp is positive, as in zirconium alloys.

against at elevated temperature. Despite being energetically favourable due to an

adequate σhkl · εtr term, the required rate of transformation to accommodate the

applied strain is too high, resulting in inadequate work hardening and thus premature

failure. While the transformation does appear to occur in suitably oriented grain

families ({200}β and {211}β in Figure 6.21), the rate of transformation is insufficient

to harden the material and prevent failure. At lower temperatures the transformation

rate is below the maximum, and the phase transformation is sufficient to maintain

plastic stability at higher strains.

6.5 Conclusions

In situ neutron diffraction measurements have shown that the reversion of metastable

β in (α+β) quenched Excel alloy (Zr-3.2Sn-0.8Mo-0.8Nb) under tensile loading occurs

at the same rate at room temperature and 100◦C, and does not occur at 200◦C. Based

on the free energy, the metastable β → α transformation can be activated with a

local applied stress on the order of 2GPa. This value of local stress is supported by
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diffraction measurements, and is shown to depend on the local crystallite orientation

with respect to the loading axis. The absence of transformation at 200◦C is shown to be

due to the thermal dependence on the rate of transformation, which decreases rapidly

at high temperatures. Loading in compression does not initiate the transformation

at the rates investigated, which contributes to the observed tension/compression

asymmetry in the alloy.
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Chapter 7

Effect of Strain Rate on the Deformation Properties of

Metastable β in a High Sn Content Zirconium Alloy

7.1 Introduction

Evidence for a deformation-induced β → α phase transformation in the quaternary

zirconium alloy Excel (Zr-3.5Sn-0.8Mo-0.8Nb) has been observed in samples tested

using in situ neutron diffraction, and was reported in Chapter 5. The relatively limited

flux available at thermal neutron sources restricts the strain rates achievable during

testing while maintaining suitable measurement statistics. However, during plasticity,

different deformation modes will respond differently to changes in strain rate. For

example, the effect of strain rate on the incidence of twinning during deformation

of various hexagonal metals is varied, with some authors reporting an increase in

twinning with increased strain rate (e.g. in zirconium [1], titanium [2] and magnesium

alloys [3]) with others reporting no effect of strain rate on twinning rate (e.g. in

high purity zirconium [4], and Zircaloy-2 [5]). Therefore, we here extend our study of

deformation-induced phase transformations in this alloy to include a broader range

of strain rates to better understand the interplay between slip deformation and the

deformation-induced phase transformation.

The effects of strain rate on deformation-induced transformations have been

reported in some metastable titanium alloys [6, 7]. The triggering stress for the
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transformation has been seen to increase with increased strain rate in a variety of

titanium alloys that experience a strain-induced martensitic transformation [8], and the

rate dependence of the triggering stress is more rapid than that of dislocation motion [7].

This high strain rate dependence suggests that deformation-induced transformation

may be a thermally-activated process, as suggested by the model presented by Liu et

al. [9]. Dislocation slip in polycrystalline metals is a thermally-activated process [10],

so we may be able to apply some of the formalism of thermally-activated deformation

to the β → α transformation.

Two common ways of quantifying the properties of thermally-activated deformation

of a material are the strain-rate sensitivity of the flow stress, m, and the activation

volume of the deformation mode, V [10]. The strain rate sensitivity of a material, m,

is defined as

m =
∂ lnσ

∂ ln ε̇
(7.1)

where σ is the flow stress and ε̇ is the applied strain rate. One approach to characterizing

the strain rate sensitivity of a material is a stress-relaxation test, in which the material

is loaded in tension to a given stress, and then the stress is allowed to relax while the

material is maintained at that strain. Under such a loading configuration, the strain

rate sensitivity can be determined using

1

m
=
d(log−σ̇t)
d(log σt)

(7.2)

where σt is the instantaneous stress during relaxation and σ̇t is the relaxation rate. It is

assumed in this analysis that the material demonstrates a power law rate dependence,
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such that

σ = kε̇m (7.3)

where k is some material constant. This assumption can be easily verified by checking

whether the relationship between the stress relaxation rate and the stress is linear. By

straining the material and allowing the stress to relax at different increments of strain,

the relationship between applied strain and strain rate sensitivity can be characterized.

The apparent activation volume can also be characterized from a stress relaxation

test [10]. The activation volume is one of a number of parameters used in thermal

activation analysis, and acts as a signature of a particular mechanism of dislocation

motion. As before, when a material is loaded and allowed to relax, the stress will

decrease. However, if the total strain of the sample along the loading axis is held

constant, then the stress relaxation is accomplished through plastic relaxation of the

material. Under this condition, the plastic (shear) strain rate, γ̇p, is given by

γ̇p = −τ̇ /M (7.4)

where τ̇ is the rate of change in (shear) stress and M is the elastic modulus of the

specimen and the testing apparatus. From such an experiment, an apparent activation

volume can be measured, given by

Va = kT

(
∂ ln γ̇

∂τ

)
T

(7.5)

where τ is the applied (shear) stress, γ is the (shear) strain, T is the process tempera-

ture, and k is Boltzmann’s constant. The change in stress during relaxation, ∆τ , is
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typically logarithmic in nature, such that

∆τ = −kT
Va

ln(1 + t/cr) (7.6)

where t is the time and cr is a time constant. Thus, by measuring the rate of relaxation,

an apparent activation volume can be extracted from stress relaxation tests. Activation

volumes are typically reported in units of b3, where b is the length of the Burger’s

vector for the acting dislocation mode, and their magnitude is a signature of a given

deformation mode. For instance, activation volumes on the order of 1b3 are indicative

of dislocation climb, while dislocation-dislocation interactions have an activation

volume of 1000b3 [11]. In the case of zirconium, interactions between dislocations and

interstitial oxygen are widely reported to be a primary rate determining process for

the prism slip deformation mode at room temperature in α zirconium [12, 13], even

at oxygen concentrations as low as 135ppm.

The model presented so far has been applied specifically to single phase materials, in

which one particular dislocation slip system is the rate controlling mechanism. Results

from Chapters 5 and 6 suggest that plastic deformation of the α phase and dislocation

slip in the β phase occur alongside the β → α transformation. Furthermore, the

activation of deformation modes in two-phase alloys has been reported sometimes to be

different from single phase alloys of a similar alloying content [14] due to the interaction

between phases. Micropillar techniques have been used to quantify the strain rate

sensitivity of the α phase in a dual phase Ti alloy [15], or combined with crystal

plasticity modelling to quantify both α and β phases [16], but these techniques may

obscure the effect of intergranular and interphase accommodation. Due to the many

competing deformation mechanisms, a complete understanding of the TRIP process
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in multiphase α/β alloys cannot be achieved from study of macroscopic phenomena

alone. This chapter aims to investigate the β → α phenomena in Excel alloy using in

situ 2-D synchrotron x-ray diffraction to monitor the phase transformation and slip

deformation during both continuous and relaxation loading schemes. We investigate

the effect of strain rate on the process, and characterize the strain rate sensitivity and

apparent activation volume of deformation in both phases simultaneously.

7.2 Experimental

Three tensile samples were prepared from Excel pressure tube provided by Atomic

Energy of Canada Limited (AECL). The samples were labelled as “XL-F”, “XL-S”,

and “XL-R” (appended labels for ’Fast’, ’Slow’, and ’Relax’, respectively). The

samples were prepared from separate blanks, each heated at 840◦C for two hours under

a flushing Ar atmosphere followed by a quench in ice water. This heat treatment has

been shown in Chapter 4 to result in a high retained β phase fraction of 40%. The

samples were machined from the blanks following heat treatment. All samples were

prepared with the loading axis parallel to the the tube axis direction, and the loading

pins along the tube radial. Samples had a gauge length of 12mm and a cross-section

in the gauge of 2.5mm × 2.5mm.

Mechanical testing was performed at the 1-ID beamline at the Advanced Photon

Source at Argonne National Labs using an MTS load frame and the Hydra α-Si

four detector setup [17]. An extensometer was attached to the samples to monitor

the elongation of the gauge length during loading. Two styles of loading were used:

continuous monotonic loading, and stress-relaxation loading. During continuous

loading, the MTS cross-head was moved continuously at one of two rates under
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displacement control. Under stress-relaxation loading, the sample was preloaded under

load control. The sample was then deformed in tension in increments of 0.5% strain,

and held at fixed strain for 30 seconds in strain control (using the extensometer as

the measure of strain). Samples XL-F and XL-S were loaded under the continuous

method, while sample XL-R was deformed using the stress-relaxation approach. The

average strain rate during the test for each sample is summarized in Table 7.1.

For all samples, 2-dimensional diffraction patterns were recorded using a 0.5s

exposure time in batches of 10 with a 5s wait period between each exposure. Due to

variability in system overhead in recording data and refreshing the detector, the start

time for each batch increments by approximately 12 seconds. Samples were oriented

with the loading pins parallel to the beam direction. Consequently, the diffraction

patterns correspond to diffraction along directions in the tube axial / transverse plane.

The sample-detector distance was 2229mm and the x-ray wavelength was 0.1771Å.

Diffraction patterns were caked using a caking angle of ±15◦ [18], and summed along

the opposite directions on alternate detectors.

7.2.1 Measurement of Strain by Beam Attenuation

Due to mechanical error during testing, the extensometer was incapable of measuring

strains reliably for all samples. The extensometer calibration was set incorrectly,

Table 7.1: Average strain rate during testing of samples. The strain rates for ’XL-R’
are (a) during the strain increment stage, and (b) a full test average.

Sample Strain Rate, ε̇
XL-F 6.4× 10−4/s
XL-S 8.1× 10−5/s

XL-R (a) 7.9× 10−4/s
XL-R (b) 1.2× 10−4/s
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resulting in a change in the scaling of the measured strains between samples. To

allow for comparison between all samples, the sample strain will be calculated based

on the attenuation of the beam by the sample. The transmitted beam intensity is

measured using a linear gauge situated behind the sample, in the centre of the Hydra

sample bank, and the measured transmitted intensity is recorded for each exposure.

The synchrotron ring current is also monitored and reported for each exposure. The

measured transmitted intensity is normalized using the ring current, as the synchrotron

was operating in “top-up” mode during the experiment and thus the incident intensity

was not constant.

The change in normalized transmitted intensity during straining of sample XL-F

and XL-S is shown in Figure 7.1. The transmitted intensity increases roughly linearly

throughout the test. This is a result of the combination of the Poisson contraction

of the sample and the conservation of volume during plastic flow. This results in

a reduced beam path through the sample, and thus an increase in the transmitted

beam. This phenomena can be used to monitor the change in sample thickness, and

thus strain, as follows. For some incident beam intensity, I0, the transmitted beam

intensity, I can be calculated via a linear attenuation model, such that

I = I0 exp(−µρx) (7.7)

where µ is the mass attenuation coefficient (=2.7325cm2/g for 70keV photons in

Zr [19]), ρ is the material density (=6.49g/cm3), and x is the material thickness

(x0=2.5mm).

The strain along the beam axis, ε2, can be estimated from the change in intensity
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Figure 7.1: Change in transmitted beam intensity during a tensile test, measured by a
linear diode situated between the detectors. The intensity is corrected for
variations in the incident intensity. The data shown is for sample XL-F.

with1

ε2,i =
ln(Ii/I0)

µρx0

(7.8)

where subscript i refers to the instantaneous state and subscript 0 refers to the

initial (undeformed) state. Assuming that volume is conserved during plasticity, then

ε1 + ε2 + ε3 = 0, and we substitute in here a strain anisotropy ratio, R, such that

R = ε2/ε3. Combining these two factors we can find an expression for the strain in

the loading direction, ε1, in terms of the strain along the beam axis

ε1 = −(1 +R)ε2 (7.9)

1

I2/I1 = exp(−µρx2 − (−µρx1)) = exp(−µρ(x2 − x1))

ε =
x2 − x1
x1

;x2 − x1 = x1ε

I2/I1 = exp(−µρx1ε)
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which allows us to express the strain along the loading axis, as

ε1,i =
1 +R

µρx0

ln

(
Ii
I0

)
(7.10)

in terms of only material properties, the initial sample width along the beam direction,

and the change of measured transmitted intensity. A series of ex situ tensile tests were

performed to establish the R value for this alloy as 0.5. This simple approach allows for

an external non-contact supplementary measurement of strain when other approaches

are not available or are inadequate (e.g. very high temperature or radioactive samples

which require shielding). The relative error on the input parameters is quite low

(notably, σI/I is on the order of 0.1%), and the absolute error in strain is on the order

of 0.1% to 0.3%, increasing with increasing strain.

7.3 Results & Analysis

The stress-strain curves for the samples measured at 1-ID are shown in Figure 7.2.

The sample strained at ε̇ = 8.23 × 10−5/s had a yield stress of 575MPa, and the

sample strained at ε̇ = 6.5× 10−4/s had a yield stress of 625MPa. The sample loaded

using a stress-relaxation scheme appears to follow the same hardening behaviour of

the samples loaded continuously.

A sample diffraction pattern over the range of interest is shown in Figure 7.3. Clear

evidence of both α and β phases are present. Four peaks in the α phase and two peaks

in the β phase were fit using a Pseudo-Voigt peak profile, in order to track the changes

in peak position, peak integrated intensity, and peak width during loading. Each peak

in the diffraction pattern corresponds to the x-rays being diffracted from a family of

grains oriented with a specific crystallographic plane, (hkl), along the diffraction axis,
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which is approximately parallel to the loading axis. The location of the peak, dhkl,

gives information about the spacing between these planes, and is typically reported in

terms of lattice strain, εhkl, which is defined as

εhkl =
dhkl − dhkl,0

dhkl,0
(7.11)

where dhkl,0 is a reference lattice spacing. For this chapter, we will use the dhkl at zero

load as the reference spacing for each test.

Changes in lattice strain during loading are indicative of deformation at the

microstructural level [20]. The linear development of lattice strain with respect to

applied stress is indicative of elastic deformation, while deviations from linearity

tend to indicate the activation of plastic deformation mechanisms. Changes in peak

integrated intensity during loading correspond to changes in texture or volume fraction,

and changes in peak width result from changes in the diffracting domain size or in the

homogeneity of local stress fields in grain families, which are typically associated with

the generation or annihilation of dislocations [20]. To facilitate the interpretation of

the data, peak integrated intensities and peak widths will be normalized to the values

measured for the unloaded state.

7.3.1 Diffraction Data - Continuous Loading

The evolution of lattice strain during loading for the samples loaded continuously

is shown in Figure 7.4. The behaviour of both continuously loaded samples is very

similar, with only slight deviations at the yield point. In both samples, all grain

families increase in lattice strain up to 5000µε. At this point, all peaks in the α phase

stop accumulating lattice strain, indicating that they have begun to yield. The grain
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Figure 7.2: True stress-strain curve of heat treated Excel pressure tube material. (a)
samples strained with a constant strain rate of 6 × 10−4/s (XL-F) or
8× 10−5/s (XL-S) (b) Sample loaded in a stress relaxation scheme, with a
loading strain rate of 8× 10−4/s (XL-R).

Figure 7.3: Sample one-dimensional diffraction pattern showing the region of interest.
Both α and β peaks are easily resolved. All peaks measured and reported
are labelled.
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Figure 7.4: Evolution of lattice strain during tensile deformation of heat treated Excel
alloy at (left) ε̇ = 6× 10−4/s and (right) ε̇ = 8× 10−5/s.

families with prism planes normal to the loading direction, (101̄0)α and (112̄0)α stop

accumulating lattice strain, while the pyramidal plane grain families, (101̄1)α and

(101̄2)α relax by about 1000µε. The degree of relaxation in the pyramidal planes

appears to be greatest in the sample deformed at a lower strain rate. After yielding

has occurred in the α grain families, the β grain families continue to take on additional

load. At a lattice strain of 11000µε, the (110)β family begins to yield, while the (200)β

grain family continues to take on additional load up to a lattice strain of 20000µε.

After yielding, the (110)β grain family continues to accumulate lattice strain, while

the (200)β family appears to saturate at a maximum lattice strain of 20000µε in both

samples.

Changes in relative peak integrated intensity are shown in Figure 7.5. The general

trend of peak intensities is the same at both strain rates. In both tests, the integrated

intensities of the peaks associated with both grain families in the β phase decrease

with increasing strain. The (101̄0)α peak intensity increases throughout the entirety

of the test, while the (101̄2)α peak intensities decrease. The (101̄1)α peaks increase in

integrated intensity after 5% strain, and no significant change is noted in the (112̄0)α
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Figure 7.5: Integrated peak intensities during tensile deformation of heat treated Excel
alloy at (left) ε̇ = 6× 10−4/s and (right) ε̇ = 8× 10−5/s. All values are
scaled to be equal to 1 at the start of the test.

peak intensity throughout the tests.

Changes in peak width are shown in Figure 7.6. As with the peak integrated

intensity, there is little distinguishable difference between the samples tested at different

rates. All measured peaks increase in width throughout the test, with the greatest

increases among the β phase. The α peaks appear to broaden in an order related to

the angle of the diffracting plane normal to the basal plane, i.e. increasing in width

at the final strain in the order (101̄2)α < (101̄1)α < (101̄0)α < (112̄0)α in the higher

rate sample. The order of the (101̄1)α and (101̄0)α peaks is switched in the sample

tested at a lower rate. The rate of change of peak width in the β phase appears to be

relatively constant at higher strains, while the rate of change in the α phase decreases

at higher strains.

7.3.2 Diffraction Data - Stress Relaxation

The results of the peak fits for the sample loaded in a stress relaxation configuration

are shown in Figures 7.7-7.9. The data is shown presented plotted against both time
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Figure 7.6: Peak width during tensile deformation of heat treated Excel alloy at (left)
ε̇ = 6 × 10−4/s and (right) ε̇ = 8 × 10−5/s. All values are scaled to be
equal to 1 at the start of the test.

and true strain to allow for both a clear demonstration of the effect of relaxation and

a comparison to the data shown for the continuous tests. The data for this section is

presented without summing diffraction patterns, so as to produce the greatest time

resolution possible. Due to very low integrated areas and resultant high scatter, the

(101̄2)α and (200)β peaks have been omitted from the plots for integrated area and

peak width.

The evolution of lattice strain during the stress relaxation test is shown in Figure 7.7.

The general trend of the lattice strains is identical to those observed for the continuous

tests, with greater lattice strains measured for the β phase grain families as compared

to those in the α phase. The relative magnitude of the lattice strains is also identical,

with both (101̄0)α and (112̄0)α sharing nearly identical lattice strains, etc. The effect

of stress relaxation on the lattice strains is almost identical to that of the macroscopic

stress, with lattice strain relaxation occurring during the holds.

The change in peak integrated area during the stress relaxation test is shown in

Figure 7.8. As with lattice strain, the behaviour of the peak integrated areas is nearly
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Figure 7.7: Lattice strain evolution during stress-relaxation testing of Excel alloy.
Data is shown plotted against time (left) and true strain (right).

Figure 7.8: Change in normalized peak integrated area during stress-relaxation testing
of Excel alloy. Data is shown plotted against time (left) and true strain
(right).

identical to that measured for the continuous loading tests. Little change is observed in

the (101̄1)α and (112̄0)α peak integrated intensity, and a large increase in the (101̄0)α

intensity is observed throughout. The (110)β peak decreases continuously in intensity

once plasticity has occurred. There appears to be negligible change in peak integrated

intensity during the stress relaxation steps - the apparent drops shown in Figure 7.8

are due to reduced detector sensitivity during the first exposure of a series.

The evolution of peak width throughout the stress relaxation test is shown in
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Figure 7.9: Change in peak half-width at half maximum during stress-relaxation
testing of Excel alloy. Data is shown plotted against time (left) and true
strain (right).

Figure 7.9. The general trends are, again, similar to that of the continuous test, with

the greatest increases in peak width observed in the β phase, followed by the (112̄0)α

peak, the (101̄0)α peak, and the (101̄1)α peak. The order of the (101̄0)α peak and the

(101̄1)α peak is most similar to that of the higher rate sample, but the split between

them is much smaller. During the stress relaxation steps, there is a consistent and

measurable drop in peak width, which is greatest in the β phase.

7.3.3 Change in β Peak Intensity

We have shown in Chapter 5 that, in the case of a phase transformation resulting in

elongation along a given direction, the relationship between the volume of material

transformed and the total (plastic) strain in that direction follows an exponential

decay model, which is given by

V

V0

= exp

(
− εp

1− φ

)
(7.12)
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Figure 7.10: Evolution of β peak integrated intensity with increasing plastic strain
during continuous tensile loading of Excel alloy at (left) ε̇ = 6× 10−4/s
and (right) ε̇ = 8× 10−5/s.

Figure 7.11: Evolution of β peak integrated intensity with increasing plastic strain
during stress-relaxation testing of Excel alloy with stress relaxations.
Each data point is an average measurement over each relaxation step.

where V is the volume remaining, V0 is the initial volume, and φ is the elongation ratio

along the measured direction. The changes in peak intensity for the β phase grain

families are shown in Figures 7.10 and 7.11. There appears to be a clear exponential

relationship with plastic strain, as predicted by the transformation model previously

developed in Chapter 5. The measured slopes are summarized in Table 7.2, along

with the apparent elongation ratio, φa.
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Table 7.2: Summary of fitting results for the exponential decay model of β peak
intensity in Excel alloy. Bilinear behaviour was observed for the (200)β
grain family. A value of ’x’ indicates indeterminate value due to low slope.

Grain Family Sample Slope φa
(110)β XL-F -3.64 0.726

XL-S -5.05 0.802
XL-R -6.19 0.839

(200)β XL-F -6.00 0.833
-0.00 x

XL-S -8.77 0.886
-3.19 0.686

XL-R -2.79 0.641
-0.03 x

The (200)β grain family demonstrates a piece-wise linear trend, with a transition

at a plastic strain of (5.9±0.5)% and (3.2±0.3)%, corresponding to macroscopic true

stress values of (811±3)MPa and (815±2)MPa, for the higher and lower rate samples,

respectively. The transformation rate appears to decrease considerably following the

transition, with the slope of the curve changing from -6.0 to zero for the rapidly

deformed sample, and -8.77 to -3.19 for the sample deformed more slowly. These

transition strains appear to correspond with the points at which the lattice strain in

the (200)β grain family saturates (see Figure 7.4). The sample loaded in the stress

relaxation configuration had a transition strain of (5.0±0.7)% plastic strain (Figure 7.7,

and also exhibited effectively flat transformation behaviour in the (200)β grain family

following the transition (Figure 7.11.

7.3.4 Stress Relaxation Analysis

By examining the relaxation behaviour of the sample tested in a stress relaxation

configuration, we can extract some additional information about the nature of the
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active deformation modes. Both the strain rate sensitivity and the apparent activation

volume can be measured from stress-relaxation experiments. Following the approach

of Skippon et al. [21], we can expand our understanding to the microstructural level

using the diffraction data and separately investigate each phase. This is achieved by

applying the stress relaxation model to the elastic stress relaxation measured through

lattice strains using diffraction. The elastic relaxation stress, ∆τ , is calculated from

the lattice strain, εhkl, for a given grain family using

∆τ = Ehklεhkl (7.13)

where Ehkl is the elastic modulus of the phase along the 〈hkl〉 direction. Cai et al.

report the elastic constants of βZr at room temperature to be E(200) = 41.2GPa and

E(110) = 66.2GPa [22], and the elastic constants for the α phase were determined from

EVPSC modelling [21].

The variation in strain rate sensitivity, m, throughout the stress relaxation steps for

heat-treated Excel alloy is shown in Figure 7.12. The strain rate sensitivity appears to

consistently increase with increasing strain, starting at a value of 0.0185 and increasing

to 0.0205 by 10% strain. The change in strain rate sensitivity at the grain family level

is shown in Figure 7.12. The average trend of the grain families is similar to the trends

observed for the macroscale data. At the start of the test, the (110)β grain family has

the lowest strain rate sensitivity (approximately 0.015), while the α grain families can

be split into two groups, with the {101̄0}α and {112̄0}α families in one group with a

strain rate sensitivity of 0.035, and the {101̄1}α grain family in another group with
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Figure 7.12: Variation in strain rate sensitivity, at both the macroscopic (m) and grain
family level (mhkl), with applied strain measured during stress-relaxation
testing.

a strain rate sensitivity of 0.0452. The strain rate sensitivity of the α phase grain

families does not change significantly throughout the test. The β phase grain families

show a marked increase in strain rate sensitivity throughout the test, with the {110}β

grain family strain rate sensitivity doubling throughout the test to 0.024. Overall, the

macroscopic strain rate sensitivity lies between the grain level strain rate sensitivities

measured for the individual phases, and appears to change at approximately the same

rate as that of the β phase.

Using the same experimental data, the apparent activation volume for dislocation

motion can also be extracted. It was observed that the stress relaxation displays a

logarithmic time dependence. We have fit these relaxations using the relationship

∆τ = −kT
Va

ln

(
1 +

t

cr

)
(7.14)

2The {101̄2}α and {200}β grain families have been omitted from this figure due to poor measure-
ment statistics.
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Figure 7.13: Variation in orientation-level activation volume, Vhkl, with applied strain
measured during stress-relaxation testing. The macro curve is measured
using the load frame stress values, while all other curves are measured
using lattice strain values scaled by the orientation-specific elastic con-
stant.

where ∆τ is the change in stress from the peak load at time, t, cr is a time constant, Va

is the activation volume, k is the Boltzmann constant, and T is the test temperature.

The change in apparent activation volume throughout the test is shown in Figure 7.13.

The activation volume measured using the macroscopic stress data appears to decrease

throughout the test, starting at a value of 17b3 and decreasing to 12b3 at the last

relaxation at 10% strain. The value of b used here is 3.23Å, the Burger’s vector length

for prism slip in the α phase. This value is chosen simply to allow for comparison,

as this material has two phases and evidence exists of a phase transformation during

straining.

The evolution of orientation-level activation volume is shown in Figure 7.13. In

contrast to the strain rate sensitivity, the α grain families appear to all follow the

same behaviour with an apparent activation volume of 16b3
α at the start of the test,

decreasing to 13b3
α after 9% strain. The β phase grain families have a much larger
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activation volume, with the value of V{110}βvarying from 160b3
β at the start of the test

to 65b3
β after 9% strain, and the {200}β grain family showing a similar trend. The

value for b here is specific to each phase, with bα = 3.23Å and bβ = 3.56Å.

7.3.5 Variation in Intensity with Orientation Relative to Loading Axis

In order to further investigate the role of crystallographic orientation, and thus the

impact on texture development during loading, the 2D diffraction data was rebinned

in 5◦ bins around the beam normal axis (i.e. around the diffraction rings). The

variation in ring intensity along the 360◦ of detector coverage and its change during

loading is shown in Figure 7.14. Data is shown for all four detectors. Small gaps in the

data are due to the physical gaps between the active areas on the detectors. Due to

variations in collection efficiency on each detector, all values are normalized by scaling

by the average (mean) value on the detector. This approach is taken to account for

the slightly different calibration and ages of the detectors, as well as the change in

diffracted beam intensity as a result of changes in sample thickness during straining.

Clear evidence of textural evolution can be seen in Figure 7.14. There is an

orientation dependent change in intensity in all grain families measured. In the α

phase, the change observed in one orientation appears to be balanced by changes in

another orientation. For example, in the {1120}α family, the decreases in intensity

observed along the 0◦and 180◦orientations are balanced by increases at +/- 30 degree

orientations. In contrast to this, all β phase grain families show a decrease in intensity

along all orientations measured.
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0002 1012 1120

(110)β (200)β (310)β

Figure 7.14: Peak intensity variation with orientation throughout straining of Excel
pressure tube alloy at ε̇ = 10−5/s. The loading axis is along 0◦. The colour
of the rings corresponds to the progress throughout the test, progressing
from blue to red as strain increases. All values are normalized by the
mean intensity value measured on each individual detector (i.e. each ring
has four distinct normalization values).

7.4 Discussion

7.4.1 Rate Effects

It is clear from the results shown in Figures 7.10 and 7.11 that there is a strong

strain rate dependence on the progression of the strain-induced transformation in

this material. The rate of decrease in integrated intensity of the β peaks significantly

increases when decreasing the strain rate from ε̇ = 6× 10−4/s to ε̇ = 8× 10−5.
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A further increase in transformation rate is observed when transitioning to the

stress-relaxation loading scheme from the slow continuous loading scheme, but only for

the (110)β grain family. The transformation rate for the (200)β grain family is lowest

in the relaxation loading scheme, and, in this configuration, is in fact lower than that

of the (110)β grain family. This is the only test for which this is the case, and this

result is not predicted by the simple transformation model we have previously used.

Ahmed et al. have reported on the strain rate dependence of deformation induced

transformations in a metastable titanium alloy [7]. They loaded material prepared in

a metastable β microstructure in compression at four strain rates: 10−3, 10−2, 101 and

102. They found that no stress-induced α martensite formed in the β matrix when

loading at 101 or 102. They explain this result using the model presented by Liu et

al. [9], suggesting that this transition is due to an increase in the energy absorbed in

irreversible processes, δEirr, leading to an increase in the triggering stress at higher

strain rates. The increase in the triggering stress is greater than the increase in the

stress dependence of dislocation motion, so the increased strain rate is accommodated

by dislocation slip instead of the phase transformation. The same phenomena may

explain the increase in transformation rate observed in this chapter at the lower strain

rate.

7.4.2 Orientation Effects

During continuous straining, the rate of change in peak intensity observed for the

(200)β grain family was greater than that of the (110)β family. During the stress

relaxation test, the rate of change in peak intensity observed for the (200)β grain

family was lower than that of the (110)β family. In both loading configurations, there
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is evidence of a two-stage behaviour for transformation of (200)β grains.

The simple exponential decay model previously presented for understanding this

phenomena is clearly inadequate for highlighting the transition behaviour demonstrated

by the {200}β phase. In the low rate sample, the transition is observed from a high

transformation rate to a lower rate around a plastic strain of 3.2%. This transition

occurs at 5.9% in the sample tested at a higher rate. The transition appears to be

abrupt in both cases. No evidence of such a transition is observed in the {110}β grains

family.

This transition is likely due to dislocation exhaustion occurring during the relax-

ation steps. Dislocation exhaustion is a process whereby mobile dislocations that

are generated during plastic flow continue to move and annihilate during the holds,

and is well understood to occur during stress relaxation testing [10]. This effect can

be observed in Figure 7.9: as the time increases within each hold, the peak width

decreases. As one of the main sources of changes in peak broadening is dislocation

density (particularly when grain size is fixed [23, 24]), this provides clear evidence of

dislocation generation and exhaustion through the stress relaxation cycle. Dislocation

exhaustion has been previously reported in zirconium alloys during stress relaxation.

From their analysis of stress relaxation data, Sarkar and Chakravartty report that the

mobile dislocation density drops by 39% during the first 30 seconds of stress relaxation

in a Zr-1Sn-1Nb-0.1Fe alloy [25].

The transition may be due to the widespread activation of slip deformation in the

{200}β grain family. The {110}β grain family continues to harden throughout loading,

while the {200}β grain family saturates at around the same strain that the transition

in transformation occurs. Slip in bcc Zr is typically achieved on the 〈111〉{11̄0} slip
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system at room temperature [22]. The local elastic principal tensile strain the (200)β

grain family was 830MPa and 810MPa at the saturation point. In contrast, at the

end of loading, the local elastic tensile strain on the (110)β grain family was 1010MPa

and 925MPa. The Schmid factor for 〈111〉{11̄0} slip is 0.408 for both the (200)β and

(110)β grain families. Given these values, it is unlikely that the saturation is due

to hardening of this slip mode. This result also explains the relatively lower peak

broadening observed in the (200)β grain family as compared to the (110)β grain family,

as the higher resolved shear stress will result in greater activation of slip deformation.

The simple model we have presented to understand the relationship between peak

area and plastic strain suggests that higher rates of transformation occur when a

greater proportion of the total deformation is due to the transformation. If a significant

proportion of the total plastic strain is being accommodated by β grains through

a non-transformational deformation mode, such as dislocation slip, then the rate of

transformation and therefore the slope of the intensity-strain curve will be lower. Due

to the loading direction, there are only two 〈111〉{11̄0}-type slip modes for grains

in the (110)β family with non-zero Schmid factors - [111](11̄0) and [111](1̄10). It is

therefore difficult for a significant proportion of the deformation in these grains to

be accommodated by slip on this system due to insufficient opportunities to cross-

slip. In a grain that is a member of the (200)β grain family, however, there are a

total of ten 〈111〉{11̄0}-type slip modes with a non-zero Schmidt factor, allowing for

more opportunities for cross-slip and thus a greater degree of deformation can be

accommodated by dislocations.
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7.4.3 Apparent Activation Volume

While good agreement is observed between the model and the measured data, restraint

must be taken in interpretation of the apparent activation volumes. A number

of assumptions are taken in the development of the model presented by Caillard

and Martin [10]. Specifically, the model is developed for the deformation of (1) a

homogeneous material (2) under uniaxial tension (3) at a fixed temperature (4) via a

dislocation-driven deformation mechanism. None of these assumptions is strictly true

in the current study. The presence of multiple phases precludes material homogeneity,

though this is addressed by measuring the individual phases by grain family. No

direct measure of sample temperature was taken, though the beamline testing room at

1-ID is temperature-moderated for experimental purposes, and it is unlikely that any

significant change in sample temperature occurred during the test. While the sample

was deformed under macroscopically uniaxial tension, each individual crystallite

experiences a tri-axial stress state during loading [20]; while it is likely that the

orientation of greatest stress at the crystallite level is coincident with the applied

stress, this is not equivalent to uniaxial loading, and the effect of local shearing must

be taken into account for a full analysis. Finally, it is undeniable that not all of

the plastic strain in the sample is achieved through a dislocation-driven deformation

mechanism, as the β → α phase transformation accommodates some plastic strain

along the loading axis. Therefore, additional development of the model must be

performed for the full value of this experimental methodology to be realized. This

theoretical treatment is, however, outside the scope of this thesis. Recognizing these

caveats, it remains constructive to compare the measured values to those reported for

conventional approaches.
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Our results show a distinct difference in apparent activation volume between

the α and β phases of zirconium in this alloy. As this is the first work to measure

activation volumes of different phases in this fashion, our results can only be compared

to macroscopic activation volumes reported by other authors [12, 13, 21, 25, 26, 27].

We have found that the macroscopic activation volume is most similar to the apparent

activation volume of the α phase. This is notable because the activation volume

measured for the β phase is an order of magnitude greater, and, at the start of the

measurement, the volume fraction of the β phase was ∼40%. Thus, if the macroscopic

activation volume could be calculated using a simple rule of mixtures law, a much

larger macroscopic activation volume would be expected (roughly a factor of three or

four greater). This is rather significant, as the activation volume is understood to be

a signature of the rate controlling mechanism of deformation in the material, but the

presence of multiple phases alters the suitability of this approach as a characterization

tool. This discrepancy is similar to that reported by Briottet et al. [28] for activation

energies in two-phase materials at temperatures in which the phase fraction is changing.

Reported activation volumes for zirconium alloys at room temperature have varied

from as low as 15b3 [21] up to 200-300b3 [26]. One of the strongest determinants of

activation volume in α zirconium appears to be oxygen content [12, 13]. There is

consistent evidence that the macroscopically determined activation volume of alpha

zirconium alloys is also independent of applied strain [25, 12, 13, 27].

Sarkar and Chakravartty measured the activation volume and density of mobile

dislocations in annealed Zr-1Sn-1Nb-0.1Fe alloy, using a combination of stress re-

laxation and strain-rate change tests [25]. Their samples were both annealed and

tested in a fully α state. They found macroscopic activation volumes in the range of
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20b3-30b3 at a stress level of 540MPa, with a negligible dependence on total strain.

The apparent activation volume of their measurements were between 40b3 and 50b3.

From these results they conclude that Peierls stress is the primary rate determining

factor for dislocation motion in their alloy. Similar results are reported by Sinha et al.

on Zr-2.5wt%Nb, with room temperature activation volume of 20b3, independent of

applied strain [27]. The close agreement between these results and those measured for

the α phase in this study (both in magnitude and strain dependence) suggest that the

rate determining factor for dislocation motion in the α phase in Excel alloy is also the

Peierls stress.

In recent work on Zircaloy-2 (Zr-1.5Sn- 0.15Fe-0.1Cr-0.05Ni), Skippon et al. have

found that the apparent activation volume in the alloy, measured using stress relaxation

tests, has a strong texture dependence, and a weak dependence on deformation rate

[21]. The apparent activation volumes were on the order of 15b3 − 20b3, with higher

values measured along an orientation with fewer (0002)-oriented grains (the rolling

direction) as compared to those values measured along an orientation with a high

concentration of (0002)-oriented grains. The total change in activation volume with

increased strain (up to 9%) was on the order of 4b3, with the value decreasing for

the (0002)-poor orientation and increasing for the (0002)-rich orientation. A similar

change in macroscopic apparent activation volume is observed in the present study.

The deformation in our alloy is such that tension was along a (0002)α-poor orientation,

and a slight decrease in the macroscopic apparent activation volume is observed.

The interpretation of the activation volume is complicated by the presence of

multiple phases. It is evident from the evolution of peak widths during deformation

(Figs. 7.9) that slip deformation occurs during the process, and, furthermore, that
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slip occurs in both phases, as evidenced by the reduction in peak width during stress-

relaxation steps in the incremental straining test. It is also unlikely that the β → α

phase transformation is occurring in a significant way during the stress relaxations,

as the change in peak integrated intensity of the (110)β grain family is negligible

during the hold periods. Thus, the apparent activation volume determined during the

relaxation steps for the β phase is likely due to dislocation motion and not the phase

transformation. To further support this, we will estimate the activation volume of

the β → α transformation. By definition, the activation volume of a shear-activated

process is

Va = −
(
∂∆G

∂τ∗

)
T

(7.15)

Where ∆G is the activation energy, τ∗ is the applied shear stress, and T is the

(fixed) process temperature. In order to estimate this value for the β → α phase

transformation, we shall use the model presented by Liu et al. [9], which states that

∆G = ∆U − T∆S + ∆Eel + δEir −
σ · εtr
ρ

(7.16)

where ∆G is the change in Gibbs free energy of the phase transformation, ∆U is the

change in internal energy, T is the temperature, ∆S is the change in entropy, ∆Eel

is the change in elastic energy stored in the lattice, δEirr is the energy lost due to

irreversible processes (i.e. plasticity), σ is the applied stress, εtr is the strain due to the

phase transformation, and ρ is the material density. The only factor in this expression

that has a shear stress dependence is the final term, which accounts for the work done
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as a result of the change in lattice structure during the transformation. Thus,

Va = − ∂

∂τ∗

(
σ · εtr
ρ

)
=
√

3
εtr
ρ

(7.17)

Assuming the transformation occurs along the preferred variant orientation, εtr = 0.12

[29], and ρ=6.52 g/cm3. These values result in an activation volume of 8.9× 10−3b3

for the β phase of zirconium (b = 3.56Å). Therefore, the activation volume of the

phase transformation itself is very small, and so is not the rate determining step in

plastic deformation of the β phase.

One of the critical results of this chapter is the demonstration of a consistent

measurement of the activation volume of the β phase in situ in a α/β alloy. This

is important given the role of the β phase during creep of two phase alloys and the

difficulties of measuring these thermal activation parameters from macroscopic tests.

The apparent activation volume from the β phase was on the order of 50b3-100b3 in

both measured grain families, decreasing with increased applied strain.

Thermally activated deformation of bcc metals was reviewed by Taylor [30]. The

steep decrease in activation volume observed at low strains in our material is consistent

with results in pure bcc metals, in which there is an inverse relationship between

effective stress and activation volume. The relaxation stress increased from the initial

relaxation to subsequent relaxation (Fig. 7.2), so this decrease in activation volume is

as expected, and so is unlikely to be due to the change in β phase volume fraction.

The relatively large activation volume of the β phase is likely due to the chemical

segregation that occurs during heat treatment. Mo and Nb are segregated to the β

phase, but are unlikely to contribute significantly to dislocation pinning due to their

relatively weak strain field. The segregation of oxygen to the α phase will drop the
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activation volume of the α phase by decreasing the spacing between obstacles, and

may be the cause of high β phase activation volume.

7.4.4 Strain Rate Sensitivity

The apparent strain rate sensitivity of the alloy increased at increased strains, starting

near 0.018 and increasing to about 0.021 at 10% strain. This suggests that this

material becomes more resistant to necking as the β → α transformation progresses.

This can result in greatly increased strains to failure. The strain rate sensitivity of

Zr-2.5wt%Nb at room temperature is reported as 0.014 by Sinha et al. [27]. It is

notable that Sinha et al. report that their strain rate sensitivity at 290◦C is low, as

compared to sponge zirconium. They report that this is due to strain-ageing. However,

we can see from our results, that their low reported strain rate sensitivity is likely

due to the effect of the β phase, which demonstrated a consistently low strain rate

sensitivity and was effective at suppressing the macroscopic strain rate sensitivity

throughout the test.

We also observe a significantly higher strain rate sensitivity of the (101̄1)α grain

family as compared to both the (101̄0)α and (112̄0)α grain families. This may be due

to the relative strain rate sensitivity of prism slip and pyramidal slip in the α phase.

Much of the plastic deformation in the (101̄0)α and (112̄0)α grains is achieved through

the activation of prismatic slip, while the (101̄1)α grain family is better oriented for

pyramidal slip. In their work on Zircaloy-2, Skippon et al. report on modelling results

which show that the n = 1/m parameter for prism slip is 29.5 (m = 0.034) and

the value for pyramidal slip is 19.6 (m = 0.051) [21]. This result agrees with our

measurements, with m(101̄1)/m(101̄0) = 1.4 in our study and mpyramidal/mprism = 1.5.
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The lower overall strain rate sensitivity may be due to the higher Sn content in Excel

alloy as compared to Zircaloy-2 (3.5% vs. 1.5%), grain size effects (2µm vs. 8µm),

or model calibration. These results also suggest that oxygen-dislocation interactions

may be the rate determining step in pyramidal slip as well as prism slip, as has been

previously reported [13].

7.5 Conclusions

From this work, we can draw the following conclusions:

• The mechanically-induced phase transformation of metastable β → α in Excel

alloy is rate sensitive, with a greater rate of transformation at lower applied

strain rates.

• The orientation-dependent diffraction-based method for determining microscale

strain-rate sensitivity devised by Skippon et al. [21] can be extended to study

multiple phases with suitable precision.

• Macroscopically measured apparent activation volumes for two-phase zirconium

alloys are strongly determined by α phase behaviour.

• Pyramidal slip in α zirconium has a higher strain rate sensitivity than prism

slip.

• The proposed x-ray beam attenuation technique for post facto strain analysis

produces reasonable results for mechanical testing of zirconium.



7.6. REFERENCES 244

7.6 References

[1] C. Evans, N. G. Jones, D. Rugg, T. C. Lindley, D. Dye, The effect of deformation
mechanisms on the high temperature plasticity of Zircaloy-4, Journal of Nuclear
Materials 424 (1-3) (2012) 123–131. doi:10.1016/j.jnucmat.2012.02.013.

[2] N. P. Gurao, R. Kapoor, S. Suwas, Deformation behaviour of commercially
pure titanium at extreme strain rates, Acta Materialia 59 (9) (2011) 3431–3446.
doi:10.1016/j.actamat.2011.02.018.

[3] B. Li, S. P. Joshi, O. Almagri, Q. Ma, K. T. Ramesh, T. Mukai, Rate-dependent
hardening due to twinning in an ultrafine-grained magnesium alloy, Acta Materi-
alia 60 (4) (2012) 1818–1826. doi:10.1016/j.actamat.2011.12.002.

[4] J. P. Escobedo, E. K. Cerreta, C. P. Trujillo, D. T. Martinez, R. A. Lebensohn,
V. A. Webster, G. T. Gray III, Influence of texture and test velocity on the
dynamic, high-strain, tensile behavior of zirconium, Acta Materialia 60 (11)
(2012) 4379–4392. doi:10.1016/j.actamat.2012.05.001.

[5] T. Skippon, B. Clausen, M. R. Daymond, Effect of loading mode on lattice strain
measurements via neutron diffraction, Materials Science and Engineering: A 577
(2013) 169–178. doi:10.1016/j.msea.2013.04.046.

[6] Y. Liu, G. Wang, J. Wang, Z. Kang, Mobilities and diffusivities for bcc Nb-W,
Nb-Ta, Zr-Mo and Zr-Hf alloys, Journal of Alloys and Compounds 555 (2013)
381–389. doi:10.1016/j.jallcom.2012.11.163.

[7] M. Ahmed, D. Wexler, G. Casillas, D. G. Savvakin, E. V. Pereloma, Strain rate
dependence of deformation-induced transformation and twinning in a metastable
titanium alloy, Acta Materialia 104 (2016) 190–200. doi:10.1016/j.actamat.

2015.11.026.

[8] C. Li, J. H. Chen, X. Wu, S. van der Zwaag, Effect of strain rate on stress-induced
martensitic formation and the compressive properties of Ti-V-(Cr,Fe)-Al alloys,
Materials Science and Engineering A 573 (2013) 111–118. doi:10.1016/j.msea.
2013.03.002.

[9] Y. Liu, H. Yang, The concern of elasticity in stress-induced martensitic transfor-
mation in NiTi, Materials Science and Engineering: A 260 (1-2) (1999) 240–245.
doi:10.1016/S0921-5093(98)00959-9.

[10] D. Caillard, J. L. Martin, Thermally Activated Mechanisms in Crystal Plasticity,
1st Edition, Pergamon, 2003.

http://dx.doi.org/10.1016/j.jnucmat.2012.02.013
http://linkinghub.elsevier.com/retrieve/pii/S1359645411001121
http://linkinghub.elsevier.com/retrieve/pii/S1359645411001121
http://dx.doi.org/10.1016/j.actamat.2011.02.018
http://linkinghub.elsevier.com/retrieve/pii/S1359645411008640
http://linkinghub.elsevier.com/retrieve/pii/S1359645411008640
http://dx.doi.org/10.1016/j.actamat.2011.12.002
http://linkinghub.elsevier.com/retrieve/pii/S1359645412002984
http://linkinghub.elsevier.com/retrieve/pii/S1359645412002984
http://dx.doi.org/10.1016/j.actamat.2012.05.001
http://linkinghub.elsevier.com/retrieve/pii/S0921509313004280
http://linkinghub.elsevier.com/retrieve/pii/S0921509313004280
http://dx.doi.org/10.1016/j.msea.2013.04.046
http://dx.doi.org/10.1016/j.jallcom.2012.11.163
http://dx.doi.org/10.1016/j.jallcom.2012.11.163
http://dx.doi.org/10.1016/j.jallcom.2012.11.163
http://linkinghub.elsevier.com/retrieve/pii/S135964541530077X http://dx.doi.org/10.1016/j.actamat.2015.11.026
http://linkinghub.elsevier.com/retrieve/pii/S135964541530077X http://dx.doi.org/10.1016/j.actamat.2015.11.026
http://linkinghub.elsevier.com/retrieve/pii/S135964541530077X http://dx.doi.org/10.1016/j.actamat.2015.11.026
http://dx.doi.org/10.1016/j.actamat.2015.11.026
http://dx.doi.org/10.1016/j.actamat.2015.11.026
http://dx.doi.org/10.1016/j.msea.2013.03.002
http://dx.doi.org/10.1016/j.msea.2013.03.002
http://linkinghub.elsevier.com/retrieve/pii/S0921509398009599
http://linkinghub.elsevier.com/retrieve/pii/S0921509398009599
http://dx.doi.org/10.1016/S0921-5093(98)00959-9


REFERENCES 245

[11] A. G. Evans, R. D. Rawlings, The Thermally Activated Deformation of Crystalline
Materials, physica status solidi (b) 34 (1) (1969) 9–31. doi:10.1002/pssb.

19690340102.

[12] P. Das Gupta, V. S. Arunachalam, P. D. Gupta, Thermally activated deformation
in dilute zirconium/oxygen alloys, Journal of Materials Science 3 (3) (1968)
271–281. doi:10.1007/BF00741961.

[13] P. Soo, G. T. Higgins, The deformation of zirconium-oxygen single crystals, Acta
Metallurgica 16 (2) (1968) 177–186. doi:10.1016/0001-6160(68)90113-2.

[14] A. Jaworski, S. Ankem, Influence of the second phase on the room-temperature
tensile and creep deformation mechanisms of alpha-beta titanium alloys: Part I.
Tensile deformation, Metallurgical and Materials Transactions A 37 (9) (2006)
2739–2754. doi:10.1007/BF02586107.

[15] T. S. Jun, Z. Zhang, G. Sernicola, F. P. E. Dunne, T. B. Britton, Local strain
rate sensitivity of single α phase within a dual-phase Ti alloy, Acta Materialia
107 (2016) 298–309. doi:10.1016/j.actamat.2016.01.057.

[16] Z. Zhang, T.-S. S. Jun, T. B. Britton, F. P. Dunne, Determination of Ti-6242 α
and β slip properties using micro-pillar test and computational crystal plasticity,
Journal of the Mechanics and Physics of Solids 95 (2016) 393–410. doi:10.1016/
j.jmps.2016.06.007.

[17] D. R. Haeffner, J. D. Almer, U. Lienert, The use of high energy X-rays from the
Advanced Photon Source to study stresses in materials, Materials Science and
Engineering: A 399 (1-2) (2005) 120–127. doi:10.1016/j.msea.2005.02.023.

[18] A. P. Hammersley, S. O. Svensson, M. Hanfland, A. N. Fitch, D. Hausermann,
Two-dimensional detector software: From real detector to idealised image or
two-theta scan, High Pressure Research 14 (4-6) (1996) 235–248. doi:10.1080/
08957959608201408.

[19] J. H. Hubbell, S. M. Seltzer, Tables of x-ray mass attenuation coefficients and
mass energy-absorption coefficients 1 keV to 20 MeV for elements Z = 1 to 92
and 48 additional substances of dosimetry interest, Tech. rep., National Institute
of Standards and Technology, Gaithersburg, MD (1995). doi:10.6028/NIST.IR.
5632.

[20] M. R. Daymond, Internal Stresses in Deformed Crystalline Aggregates, Reviews
in Mineralogy and Geochemistry 63 (1) (2006) 427–458. doi:10.2138/rmg.2006.
63.16.

http://doi.wiley.com/10.1002/pssb.19690340102
http://doi.wiley.com/10.1002/pssb.19690340102
http://dx.doi.org/10.1002/pssb.19690340102
http://dx.doi.org/10.1002/pssb.19690340102
http://www.springerlink.com/index/R271548498K035GQ.pdf http://www.springerlink.com/index/10.1007/BF00741961
http://www.springerlink.com/index/R271548498K035GQ.pdf http://www.springerlink.com/index/10.1007/BF00741961
http://dx.doi.org/10.1007/BF00741961
http://dx.doi.org/10.1016/0001-6160(68)90113-2
http://www.springerlink.com/index/H3505200U88309N2.pdf http://www.springerlink.com/index/10.1007/BF02586107
http://www.springerlink.com/index/H3505200U88309N2.pdf http://www.springerlink.com/index/10.1007/BF02586107
http://www.springerlink.com/index/H3505200U88309N2.pdf http://www.springerlink.com/index/10.1007/BF02586107
http://dx.doi.org/10.1007/BF02586107
http://dx.doi.org/10.1016/j.actamat.2016.01.057
http://dx.doi.org/10.1016/j.actamat.2016.01.057
http://dx.doi.org/10.1016/j.actamat.2016.01.057
http://dx.doi.org/10.1016/j.jmps.2016.06.007 http://linkinghub.elsevier.com/retrieve/pii/S0022509616302307
http://dx.doi.org/10.1016/j.jmps.2016.06.007 http://linkinghub.elsevier.com/retrieve/pii/S0022509616302307
http://dx.doi.org/10.1016/j.jmps.2016.06.007
http://dx.doi.org/10.1016/j.jmps.2016.06.007
http://linkinghub.elsevier.com/retrieve/pii/S092150930500170X
http://linkinghub.elsevier.com/retrieve/pii/S092150930500170X
http://dx.doi.org/10.1016/j.msea.2005.02.023
http://www.tandfonline.com/doi/abs/10.1080/08957959608201408
http://www.tandfonline.com/doi/abs/10.1080/08957959608201408
http://dx.doi.org/10.1080/08957959608201408
http://dx.doi.org/10.1080/08957959608201408
http://nvlpubs.nist.gov/nistpubs/Legacy/IR/nistir5632.pdf https://nvlpubs.nist.gov/nistpubs/Legacy/IR/nistir5632.pdf
http://nvlpubs.nist.gov/nistpubs/Legacy/IR/nistir5632.pdf https://nvlpubs.nist.gov/nistpubs/Legacy/IR/nistir5632.pdf
http://nvlpubs.nist.gov/nistpubs/Legacy/IR/nistir5632.pdf https://nvlpubs.nist.gov/nistpubs/Legacy/IR/nistir5632.pdf
http://dx.doi.org/10.6028/NIST.IR.5632
http://dx.doi.org/10.6028/NIST.IR.5632
http://rimg.geoscienceworld.org/cgi/doi/10.2138/rmg.2006.63.16
http://dx.doi.org/10.2138/rmg.2006.63.16
http://dx.doi.org/10.2138/rmg.2006.63.16


REFERENCES 246

[21] T. Skippon, C. Cochrane, M. R. Daymond, Crystallographic orientation sen-
sitive measurement of strain rate sensitivity in Zircaloy-2 via synchrotron X-
ray diffraction, International Journal of Plasticity 294 (24) (2018) 3124–3130.
doi:10.1016/j.ijplas.2018.09.003.

[22] S. Cai, M. R. Daymond, A. Khan, R. Holt, E. Oliver, Elastic and plastic properties
of βZr at room temperature, Journal of Nuclear Materials 393 (1) (2009) 67–76.
doi:10.1016/j.jnucmat.2009.05.007.
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Chapter 8

Thermal Decomposition of Metastable β in a Quaternary

Zirconium Alloy

8.1 Introduction

Excel alloy (Zr-3.2Sn-0.8Mo-0.8Nb) is a quaternary zirconium alloy that was developed

for applications in structural components in CANDU nuclear reactors [1]. At room

temperature, like Zr-2.5wt%Nb, Excel has two stable phases - the hexagonal close-

packed α phase, and the body-centred cubic β phase. In Chapter 3, we showed that,

at room temperature, the β phase volume fraction is approximately 10% when slowly

cooled from temperatures above the α+ β → β transus. Due to the sluggish diffusion

of the β stabilizing Nb and Mo additions, higher than equilibrium volume fractions of

β phase can be retained at room temperature by heat treating high in the (α + β)

temperature range (above 600◦C) and quenching sufficiently rapidly (≥ 10◦C/s),

as shown in Chapter 4. The maximum β volume fraction at room temperature is

limited by the β phase stability. Quenching from above 864◦C results in the formation

of the α′ martensite phase through the β → α′ transformation, leaving a duplex

α+ α′ microstructure [2], while air-cooling from above this temperature results in the

formation of the Widmanstatten structure [2, 3].

The understanding of the development of microstructure in this alloy system is

further complicated by the ω phase, which nucleates in the β phase during quenching
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[4], and will precipitate and grow during aging as well [5, 6]. There are two unique

structures of the ω phase: the athermal form, which forms during quenching, and

the thermal (also isothermal) form, which precipitates during aging [7, 8]. Recent

aging studies have revealed that the equilibrium state of Excel alloy at 550◦C has a

cubic Zr(Mo,Nb,Fe)2 precipitate [9]. One potential strengthening mechanism for this

alloy, common among two-phase zirconium alloys, is through the ageing of precipitates.

Sattari et al. investigated the precipitation hardening behaviour of Excel alloy samples

quenched from 890◦C and 980◦C [10]. They report on a distinct hardening response

following ageing in the temperature range 400◦C - 500◦C.

The metastable β phase in zirconium alloys has been studied primarily in the

context of its deformation properties. Studies of metastable β in zirconium involve fully

β alloys (e.g. Zr-3Mo[11, 12], Zr-10Nb [13]) and demonstrated that fully metastable β

alloys (i.e., microstructures that are 100% metastable β) will undergo a deformation-

induced phase transformation under straining. Chapter 5 shows that a similar effect

can be initiated in Excel alloy with an α/β microstructure. Aging of the metastable

β phase has not been an area of much research in the zirconium alloy system. Due

to their wider range of applications, titanium alloys serve as a useful analog for

understanding alloy behaviour. This is possible due to the similarities of the Zr / Ti

alloy systems. An extensive review of the heat treatment of metastable beta titanium

alloys is given by Ageev et al. [14], who investigated many binary and ternary titanium

alloys (Ti-X, with X = {Nb, Re, W, Ni, Fe, Mo, V, Cr}). They report that heating a

quenched metastable β alloy in the range 20 - 400◦C results in decomposition of β

through a multistep process, described as

β → β1 + ω → β2 + ω + α→ α + (β or chemical compound) (8.1)
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where β1 and β2 are β-like phases enriched in stabilizer, and ω is the ω phase. When

heated at 500◦C, the β phase decomposes directly to α phase in all alloys investigated.

The decomposition occurs more rapidly at higher temperatures, and ternary alloys, in

general, had more sluggish decomposition than binary alloys.

In this chapter, we investigate the thermal decomposition of the metastable β

phase of Excel alloy. This is achieved using both in situ X-ray and neutron diffraction

techniques. We investigate temperatures in the range 440◦C - 500◦C, and focus on

the nature of the metastable β → α transformation.

8.2 Material & Experimental

The material used in this study is Zr-Excel alloy pressure tube, provided by Canadian

Nuclear Laboratories. This is the same source material as that used by Sattari et al.

[2], Ahmmed et al. [3], and Liang et al. [9]. As-received material was comprised of

a dual phase microstructure, with 87vol.% HCP α phase and 13vol.% BCC β phase.

The tube was fabricated by extruding a hollow billet at a ratio of 10:1 after preheating

to 850◦C, followed by 25% cold drawing, annealing at 750◦C for 30 minutes and then

stress relief at 400◦C for 24 hours.

Sample blanks were prepared from the tube by cutting a section 2cm×8cm×4.5mm

(with the long axis along the tube axial direction). The blank was heated at 835◦C

for two hours, in a flowing Ar atmosphere, followed by a quench in ice water. This

temperature was chosen to produce a metastable β phase with a volume fraction

of ≈35% based on the results of Chapter 4. This process will be referred to as a

α/β-quench.

This investigation took place in two parts. In the first part, a sample was cut
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from the α/β-quenched blank with dimensions 8mm x 4mm x 4.5mm. The blank was

then heated and its microstructural evolution was monitored using in situ synchrotron

diffraction at the 1-ID beamline at Argonne National Labs [15]. This sample was

heated using an infrared furnace to 460◦C at a rate of 25◦C/min. The temperature

was monitored using a type-K thermocouple placed near the sample. The sample was

held at temperature for approximately 20 minutes. X-ray diffraction patterns were

measured during the heating process, during the hold at 460◦C, and during cooling

in air. The diffraction pattern was produced using a beam of 71keV x-rays with

the detector placed 1543mm away, and individual exposure times of 1.0 second. A

one-dimensional diffraction pattern was generated from each two-dimensional pattern

by integrating over the entire ring produced on the detector. Full ring integration was

performed to reduce the impact of the texture and maximize the signal available for

analysis. This technique also allows for a more direct comparison to the measurements

taken subsequently.

In the second part of the investigation, an additional set of α/β-quenched blanks

were prepared using the same procedure described above. Two hemi-cylindrical

samples were prepared from the blank by lathe, with a length of 6cm and a diameter

of 7mm. Each sample was heated in a vacuum furnace and monitored using in situ

neutron diffraction at the POWGEN diffractometer at Oak Ridge National Laboratory

in Oak Ridge, TN [16]. The samples were heated up to either 440◦C or 500◦C. Heating

was performed at a rate of 5◦C/minute, with continuous measurement during the

ramp. Heating was paused every 100◦C, and an additional measurement was taken for

20 minutes at the hold temperature. For the sample heated at 440◦C, there was no

hold at 400◦C (i.e., holds were at 100◦C, 200◦C, 300◦C, and 440◦C). The sample was
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held under vacuum at 7× 10−4tor to avoid chemistry changes as a result of the high

oxygen affinity of zirconium. Samples were held at the final target temperature with

continuous measurement for up to 17 hours. The POWGEN diffractometer operates

using an event-mode detection system, and neutron detection events were monitored

during the entirety of the heating process as well as during the holds. More details on

the experimental apparatus and detector coverage are provided in a previous work

[17].

This study takes advantage of diffraction to understand microstructural evolution

of the samples. Part 1 uses synchrotron x-ray diffraction, while Part 2 uses time-

of-flight neutron diffraction. While the mechanism of the measurements differ, the

approach to analyzing the results is identical. After some data processing [18, 19],

a one-dimensional diffraction pattern is produced. Peaks in the pattern correspond

to diffraction from a family of grains oriented with a specific crystallographic plane

normal, (hkl), along the diffraction axis. The full-ring integration performed on the

synchrotron X-ray data and the wide detector coverage of the POWGEN instrument

result in a wide range of diffraction axes, increasing the measured signal while obscuring

any trends or relationships between sample direction and crystallographic orientation.

The peaks in the one-dimensional diffraction pattern are then fit using a Pseudo-

Voigt peak profile, in order to track the changes in peak position, peak integrated

intensity, and peak width during a heating cycle. The location of the peak, dhkl,

gives information about the spacing between crystallographic planes, and is typically

reported in terms of lattice strain, εhkl, which is defined as

εhkl =
dhkl − dhkl,0

dhkl,0
(8.2)
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where dhkl,0 is a reference lattice spacing. For this study, we will use the dhkl at the

start of a process as the reference spacing.

Changes in lattice spacing are indicative of either deformation at the microstructural

level [20] or diffusion of chemical species from one phase to another [21]. Changes in

peak integrated intensity during heating correspond to changes in texture or volume

fraction, and changes in peak width result from changes in the homogeneity of local

stress fields in grain families, which are typically associated with the generation or

annihilation of dislocations, or in changes in the size of coherently diffracting domain

[20]. To facilitate the interpretation of the data, peak integrated intensities and peak

widths have been normalized against the values measured at the start of a process of

interest.

8.3 Results

This investigation is reported in two parts: ageing in air with in situ synchrotron

x-ray diffraction, and ageing in a vacuum furnace with in situ neutron diffraction.

The results for each of the two parts of this investigation are presented separately for

clarity.

8.3.1 In situ X-ray Diffraction

The ageing performed with in situ synchrotron x-ray diffraction was achieved by (1)

heating in air at a continuous temperature ramp rate (25◦C/min), (2) holding at 460◦C

for 20 minutes, and then (3) cooling at a rate of 25◦C/min. To aid interpretation of

the data, the x-ray data is presented in three steps: heating, hold, and cooling.
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Table 8.1: Summary of diffraction peak positions determined experimentally in this
study.

Phase (hkl) d-Spacing (Å)
α (101̄0) 2.787

(0002) 2.574
(101̄1) 2.451
(101̄2) 1.890
(112̄0) 1.608

β (110) 2.518
(200) 1.774

ω (001) 3.092
(111) 1.953
(021) 1.785
(002) 1.556

Heating

During the heating stage, a total of 11 diffraction peaks were clearly resolved in the

range 1.5Å to 3.5Å. The list of peaks and their initial positions are shown in Table 8.1.

The change in lattice parameters for the α, β and ω phase during heating are shown in

Figures 8.1, 8.2 and 8.3, respectively. These values were calculated using the approach

discussed in our previous work [17] (least squares minimization of the lattice spacing

equation). For the α and β phase, the results are compared to the values reported by

Goldak et al. for pure single crystal zirconium [22], though the values are shifted to

account for the effect of solute on the lattice parameters. This shift is achieved by

subtracting a constant from the Goldak data such that the measured values match

the reported values at 50◦C (i.e., the start of the test). The good agreement between

the experiment and these previous results suggests that the temperatures reported by

the thermocouple used for measurement are a reasonable representation of the true

sample temperature.
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Figure 8.1: Variation in lattice parameter of the α phase during heating. The values
reported by Goldak et al. [22] for pure single crystal zirconium are shown
as a dashed line.

Figure 8.2: Variation in lattice parameter of the β phase during heating. The values
reported by Goldak et al. [22] for pure single crystal zirconium are
extrapolated to the test temperatures and shown as a dashed line.
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Figure 8.3: Lattice parameter variation of the ω phase during heating. A second order
polynomial fit to the values below 330◦C is shown as an approximation of
ω phase behaviour.

There is no data on the temperature dependence of the lattice parameters of the

ω phase available in literature. To allow for comparison to the values in the α and β

phase, we will fit a second order polynomial to the measured lattice parameters of the

ω phase up to 330◦C. Fitting a second-order polynomial to the data for the ω phase

for temperatures less than 330◦C results in the following thermal expansion behaviour

of the ω phase:

aω = 5.059(13)− 1.3(6)× 10−4T + 1.7(6)× 10−7T 2 (8.3)

cω = 3.118(14)− 5.0(6)× 10−5T + 8.9(6)× 10−8T 2 (8.4)

where aω and cω are the lattice parameters of the ω phase, and T is the temperature

in Kelvin.
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The comparisons to the high purity single crystal Zr behaviour highlight deviations

that must be due to the alloying additions and the microstructure of the alloy. These

changes in lattice parameter that can not be attributed to thermal expansion will be

referred to herein as athermal expansion. In the α phase (Figure 8.1), the cα lattice

parameter follows single crystal behaviour up to 350◦C, while the aα lattice parameter

in the α phase appears to increase more rapidly with temperature than reported in a

single crystal material. At 350◦C, it appears that both the aα and cα lattice parameters

increase above the single crystal behaviour, and demonstrate a change in their thermal

expansion around 390◦C (expanding more slowly than expected). At 430◦C, there is a

divergence, at which point the aα parameter increases more rapidly with temperature

and the cα parameter decreases with additional increases in temperature.

The change in the β lattice parameter (Figure 8.2) follows a similar trend as that

observed for the α phase. Up to 210◦C, the aβ parameter increases at the rate reported

for pure zirconium. From 210◦C to 300◦C, the β lattice parameter grows more slowly

than expected. From 300◦C to 350◦C, the aβ parameter changes exactly as expected

by thermal expansion alone. From 350◦C to 395◦C, aβ increases much more rapidly

than expected by thermal expansion. From 395◦C on, the β lattice parameter begins

to decrease, followed by an accelerated decrease that commences around 450◦C.

Finally, to evaluate the athermal changes in the ω phase, we assume that the

polynomial model presented above is a reasonable representation of the thermal

expansion behaviour of the ω phase, and that deviations from the model represent

other microstructural changes. With this assumption, the ω phase appears to undergo

‘normal’ (i.e., 2nd order polynomial) thermal expansion up to 305◦C, which correlates

with the α and β phase behaviour shown in Figures 8.1 and 8.2, respectively. Between
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305◦C and 350◦C, the aω parameter increases more rapidly than thermal expansion,

while the cω parameter decreases. From 350◦C up to 400◦C, the aω parameter continues

to increase above thermal expansion, while the cω parameter increases at the expected

rate of thermal expansion. Above 400◦C and until the ω phase peaks have disappeared,

the aω parameter follows thermal expansion while the cω parameter increases more

slowly than expected by thermal expansion.

Along with the measure of peak spacing, changes in peak area reveal information

about the volume of diffracting material. The change in peak area of the ω phase

is shown in Figure 8.4. There is a clear relationship between the large change in β

lattice parameter and ω phase peak areas. On heating above 420◦C, all measured ω

phase peaks decrease in integrated intensity (Figure 8.4c). The lattice spacings of

both (110)β and (200)β grain families decrease slowly over this interval, until 450◦C.

At this temperature, the β grain lattice parameter decreases very rapidly (as seen in

Figures 8.2 and 8.4a). The point in time of maximum change in β lattice parameter

corresponds with the point at which the ω peaks are no longer able to be measured

(time of 420s in Figures 8.4b and 8.4d).

Hold at 460◦C

Only two phases could be identified in the diffraction pattern during the isothermal

hold at 460◦C - α and β. The evolution of lattice strain, peak area, and peak width

for each set of diffraction peaks in both phases are shown in Figures 8.5, 8.6, and 8.7,

respectively. A negative lattice strain is observed in both peaks measured in the β

phase, with the trend being logarithmic with time. In the α phase, the net lattice

strain is positive in all orientations except for (112̄0)α, which goes negative (< 100µε)
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Figure 8.4: (a,b) Rate of change in β peak lattice spacings and (c,d) ω phase peak
integrated intensities. Values are shown against (a,c) temperature and
(b,d) time.

for the first 800 seconds and then reverts to near zero.

The change in peak integrated intensity for all measured peaks is shown in Fig-

ure 8.6. The β phase peaks decrease in area while all α phase peaks increase in area.

The decrease in the (200)β family appears to saturate at a normalized intensity of

0.93, while the (110)β grain family decreases in intensity continuously throughout the

hold. There is no clear trend among the α grain families and the increases in peak

area appear to be discontinuous.

The change in peak width for all measured peaks during the hold at 460◦C is shown

in Figure 8.7. There is clear evidence of an increase in peak width in the (112̄0)α

grain family. All other measured peaks in both the α and β phase decrease in peak

width throughout the holding period. The greatest relative change in peak width is

observed in the β phase, with both peaks decreasing by over 20% in peak width over
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Figure 8.5: Change in lattice strain for the (top) β and (bottom) α phases during
hold at 460◦C. The value for d0 for each peak is set to the value measured
at the start of the interval.

Figure 8.6: Change in peak integrated intensity during hold at 460◦C. Peak areas are
normalized to the value at the start of the interval.
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Figure 8.7: Change in normalized peak widths during hold at 460◦C. Peak widths are
normalized to the value measured at the start of the interval.

the 20 minutes hold. The average change in peak width in the α phase was 5%.

Cooling

The sample was allowed to cool to room temperature in air with a cooling rate of

25◦/minute. Below 100◦C, a lower cooling rate was achieved because no active cooling

was available. There was a break during measurement in the temperature range 185◦C

to 165◦C due to an error in the sampling system that is not expected to have any

impact on the material. During cooling, seven peaks were observed. These peaks

are the same as those observed during the hold at 460◦C and belong to the α and β

phases. No new peaks appeared during cooling from 460◦C to 50◦C.

The lattice strains during cooling in both the α and β phases are shown in Figure 8.8.

The lattice parameter change for the α and β phase can be found in Figure 8.9 and

Figure 8.10, respectively. The cα parameter appears to change at the rate reported
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Figure 8.8: Apparent lattice strain during cooling of Excel alloy in (top) β phase and
(bottom) α phase. Only linear lattice strain is observed in the α phase
while a significant athermal component is observed in the β phase. The
change in the β phase is independent of grain orientation.

by Goldak et al. [22], while the aα parameter changes more rapidly (similar to the

thermal behaviour observed during heating). The aβ parameter demonstrates clear

negative athermal expansion at the start of the cooling process, and from 300◦C and

lower the rate of change is the same as that expected from thermal expansion alone.

8.3.2 In situ Neutron Diffraction

To complement the data measured during heating in air at a continuous heating rate,

two additional samples were heated to 440◦C and 500◦C. This process was performed

at POWGEN diffractometer using in situ time-of-flight neutron diffraction in a high

vacuum furnace [16]. The data was binned in 30s intervals for the hold at 500◦C, to

allow for the identification of rapid changes. For the hold at 440◦C, binning in 30s

intervals provided no apparent benefit, as the changes were very gradual, so the data
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Figure 8.9: Change in α phase lattice parameter during cooling of Excel alloy from
460◦C. The expected thermal lattice parameters based on thermal expan-
sion reported by Goldak et al. [22] are shown for comparison. The rate of
contraction of the aα parameter is significantly greater than that reported
by Goldak et al.

was rebinned in 1800s intervals (which corresponds with the data storage interval).

The change in (110)β peak area and lattice spacing are shown in Figure 8.11a and

8.11c for 440◦C and 500◦C. For comparison, the (200)β peak area and lattice spacing

measured during heating to 460◦C are shown in Figure 8.11b.

The hold at 440◦C is shown in Figure 8.11a. The lattice spacing increases contin-

uously from t = 0 until the end of the measurement at t = 65000s, from 2.535Å to

2.540Å. Due to sample orientation, the peak area measurement is noisy. The (110)β

peak area appears to increase marginally over the measurement interval by 10%,

though this change may be insignificant due to the noise.

Figure 8.11c shows the peak area and lattice spacing of the (110)β peak during the

hold at 500◦C. After about 1000s, the area of the peak begins to decrease, reaching
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Figure 8.10: Change in β phase lattice parameter during cooling of Excel alloy from
460◦C. The expected thermal lattice parameters based on thermal ex-
pansion data reported by Goldak et al. [22] and extrapolated to the test
temperatures are shown for comparison. Good agreement is observed
between our data and that of Goldak in the range of 350◦C to 150◦C.

50% of its initial value at t = 1350s. The lattice spacing increases from t = 0 to

t = 1200s due to thermal expansion. From 1200s the lattice spacing begins to drop

significantly, from 2.52Å at its maximum to a minimum of 2.485Å at t = 3000s, with

a t1/2 of 1680s. The onset of the change in lattice spacing appears to coincide with

the time that the peak area has decreased to 50%.

For comparison, the (200)β peak area and lattice spacing are shown for the heating

to 460◦C. The (110)β peak had significant overlap with two ω peaks during this

interval, which made measurements of its area impractical. The peak area begins to

decrease at the start of the interval, and reaches 50% of its transition value after 150s.

At this point, the lattice parameter begins to decrease as well, and its t1/2 takes is

at 190s. The lattice spacing changes from 1.7864Å to 1.7675Å over the time shown,
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Figure 8.11: Change in (110)β peak area and lattice spacing during heating up to (a)
440◦C, (b) 460◦C, and (c) 500◦C. Continued on next page.
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Figure 8.11: Change in (110)β peak area and lattice spacing during heating up to (a)
440◦C, (b) 460◦C, and (c) 500◦C. A sigmoidal function is fit to the data
set in (b) and (c), and the t50% value is indicated by a vertical line. Data
in (a) and (c) are collected from neutron diffraction. Data in (b) was
collected from synchrotron x-ray diffraction, and corresponds to the high
temperature behaviour shown in Figure 8.2 (shown here against time).

while the peak area decreases to 18.5% of its initial value.

8.4 Analysis

In this section, we will interpret the results to better understand the microstructural

mechanisms leading to the observed behaviour.

8.4.1 Microstructural Evolution During Heating

For ease of interpretation, the deviations from expected pure zirconium thermal

expansion observed during heating are summarized in Table 8.2. It is clear that there
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are 5 stages of microstructural evolution (Figures 8.1, 8.2, and 8.3). In stage 1, all

phases present only thermal expansion.

In stage 2, the β phase exhibits negative athermal expansion, while no significant

change is observed in the other phases. This is indicative of a change in the composition

of the β phase, with the local Nb and Mo concentration increasing [23, 24]. The

formation of athermal ω during quenching is a non-diffusive process, so there is initially

a higher than equilibrium concentration of β stabilizers in the athermal ω grains. This

drop in β lattice parameter is likely due to the rejection of this solute from athermal

ω into the β phase, and cannot be detected directly in the ω lattice parameters due

to their very broad peaks.

In stage 3, both the α and β phase exhibit thermal expansion, while the ω phase

begins to show a change. The aω parameter begins to increase rapidly with temperature

while the cω parameter decreases. The deviation begins to become clear at 320◦C and

appears to end at 350◦C. This is likely due to the formation of thermal ω, which has

a more open lattice structure than the athermal ω that is formed during quenching

[8] (and thus was present at the start of the heating cycle).

In stage 4, all lattice parameters in the α and β phases increase more rapidly than

predicted by thermal expansion. This is most likely due to the continued growth

of isothermal ω. Diffusion of chemical species cannot be the case, as all of the

substitutional elements in the alloy result in a decrease in the lattice spacing, and thus

diffusion from one phase to another cannot result in an expansion of both lattices.

In stage 5, the two lattice parameters for the α phase diverge, with the aα parameter

increasing and the cα parameter decreasing. This is indicative of a change in the local

Sn concentration; as the Sn content increases in the α phase, the value of aα will
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Table 8.2: Athermal expansion of lattice parameters from the α, β and ω phases
during heating up to 450◦C. ↑ indicates positive athermal expansion, ↓
indicates negative athermal expansion, and - indicates negligible athermal
expansion. × indicates that no data is available for the given phase in that
stage.

Stage Temp. Range aα cα aβ aω cω
1 50 - 210 - - - - -
2 210 - 300 ↑ - ↓ - -
3 300 - 350 - - - ↑ ↓
4 350 - 390 ↑ ↑ ↑ ↑ -
5 390 - 430 ↑ ↓ ↓ - ↓
6 430 - 450 ↑ ↓ ↓ × ×

decrease and the value of cα will increase [25]. The change observed in the α lattice

parameters indicates a decrease in local Sn content. Since Sn segregates strongly to α

phase, this provides evidence for an increase in the total α phase fraction, which is

expected with a drop in the β phase volume fraction.

8.4.2 Solute Distribution

The changes in lattice parameter shown in Figure 8.11b and c can be related to changes

in solute concentration in the β phase using Vegard’s Law [17, 21]. We assume for

ease of calculation that the Mo and Nb will diffuse at the same rates, and so can be

treated as a pseudo-equivalent additional lattice, with a weighted average of lattice

parameters at a given temperature, āMo,Nb, weighted to the total concentration of

each in the material. Thus, we have:

aβ = (1− xMo,Nb)aZr + xMo,NbāMo,Nb (8.5)
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where aβ is the lattice parameter of the β phase (which can be determined from

the diffraction data), aZr is the lattice parameter of pure β Zr, āMo,Nb is the lattice

parameter of the pseudo-equivalent Mo/Nb mixture, and xMo,Nb is the combined

concentration of Mo and Nb in the β phase. Lattice parameters for BCC Mo were

interpolated from the results of Ross and Hume-Rothery [24], while the values for Nb

were adapted from Edwards et al. [23]. Values of the β Zr lattice parameter were

calculated using the expression given by Heiming [26]. We have assumed the change

in Sn concentration in the β phase is negligible, consistent with our previous study on

solute distribution in this alloy [17].

At 460◦C, the β lattice parameter changes from 3.5728Å to 3.535Å. This is

equivalent to a change in concentration of Mo and Nb from 7.5% to 17.3%. At

500◦C, the β lattice parameter changed from 3.564Å to 3.514Å. This change in lattice

parameter is equivalent to a change in concentration of Mo and Nb from 10.2% to

22.9%. In both cases, the apparent solute concentration of the β phase increases

by a factor of 2.3. The peak area drops to 18.5% of its initial value at 460◦C, and

approximately 40% of its initial value at 500◦C. The differences observed here are likely

due to different starting β phase fractions - the sample tested at 460◦C has a lower

initial solute content, which would correspond to a higher β phase fraction, allowing

for a greater drop in total β phase fraction. Based on this data, the β → α reversion

process appears to occur in two steps: a composition-invariant transformation of β to

α (resulting in a drop in β peak areas), and diffusion of solute from the new α to the

remnant β (resulting in a drop in β lattice spacing).
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8.4.3 Residual Stress Relaxation

During the hold at 460◦C, the lattice strain of the β phase peaks decrease at a

logarithmic rate, while the lattice strains of the α phase peaks increase. If we can

assume that, over this period, the concentration of solute in the β phase does not

change significantly, and, factoring in that the temperature over this period is relatively

constant (±1◦C), then the source of this change in lattice parameter must be changes

in local elastic stresses. The relaxation of local stresses during a hold at a fixed strain

is given by Caillard and Martin [27] as

∆τ = −kT
Va

ln(1 + t/ct) (8.6)

where ∆τ is change in local stress, t is the time, ct is a time constant, Va is an

activation volume, T is the process temperature, and k is the Boltzmann constant.

This model has been traditionally used to investigate the macroscopic stress relaxation

observed during mechanical testing. In recent work, however, this model has been

found to be applicable at the microstructural level to lattice strains [28] and was used

for this purpose in Chapter 7. The elastic relaxation stress, ∆τ , is calculated from

the lattice strain, εhkl, for a given grain family using

∆τ = Ehklεhkl (8.7)

where Ehkl is the elastic modulus of the phase along the 〈hkl〉 direction. Cai et al.

report the elastic constants of βZr at room temperature to be E(200) = 41.2GPa and

E(110) = 66.2GPa [29].

The stress relaxation model and the experimental data are shown together in
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Figure 8.12: Change in local stress in the β phase during hold at 460◦C.

Figure 8.12. From the good fit observed, it appears that, during the hold at 460◦C, the

β phase grain families are experiencing logarithmic stress relaxation. The apparent

activation volume, Va, associated with this relaxation is 63.4±0.7b3 for the (110)β

grain orientation and 80.1±1.0b3 for the (200)β grain orientation, where b is the length

of the Burger’s vector in the β phase (= aβ). The stress relaxation time constants, ct,

are 37.2±1.3s and 22.3±0.9s for (110)β and (200)β, respectively. The large magnitude

of the relaxation is related to both the high number of dislocations remaining following

the dissolution of the ω phase and the residual strains resulting from thermal mismatch

of the α and β phase during quenching.

Goldak’s thermal expansion data will be used to assess the magnitude of resid-

ual strain arising in the β phase as a result of the α/β thermal mismatch. The

unconstrained apparent lattice strain generated during cooling from 840◦C to 0◦C is

shown in Figure 8.13 for both the α and β phase. We will assume, as a first-order

approximation and for ease of calculation, that the material is, in some arbitrary
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Figure 8.13: Unconstrained thermal lattice strains during cooling from 840◦C to 0◦C
for the lattice parameters in α and β zirconium, based on the data
reported by Goldak et al. [22].

direction, a composite composed of 1/3 〈a〉-oriented α grains, 1/3 〈c〉-oriented α

grains, and 1/3 β grains. Based on a Voigt approximation, this results in a total

constrained lattice strain on the β phase of +3400µε. Using the values of lattice

stiffness above, this corresponds to a thermal residual stress of 122MPa and 167MPa

along the (200)β and (110)β orientations, respectively, at room temperature. However,

as the sample is reheated, some of this thermal mismatch will be relieved; the thermal

constrained elastic lattice strain on the β phase for cooling from 840◦C to 0 ◦C and

then reheating to 460◦C is +1900µε (assuming no plasticity in either phase during

the process), corresponding to residual stresses in the two β phase orientations on the

order of 78MPa and 125MPa.

The measured relaxation during the hold at 460◦C is shown in Figure 8.12. After

1000s, a total relaxation on the order of 60MPa is observed in both grain orientations.
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Furthermore, the relaxation was greater in the (110)β grains than in the (200)β grains,

which is consistent with there being a greater driving force (i.e., greater residual stress)

in the (110)β grain family than in the (200)β grain family.

The absence of a clear logarithmic trend in the α relaxation is likely due to

relaxation of stresses from multiple sources, some of which do not impact the β phase.

Thermal mismatch between aα and cα has been shown to result in residual lattice

strains on the order of several hundred µε during cooling of polycrystalline Zircaloy-2

from 600◦C [30], with extreme values of ±1000µε (i.e., both tensile and compression

residual strains will be present). These intergranular intraphase residual strains will

not be present in the β phase, while interphase constraints, produced due to the

thermal and elastic mismatch between the α and β phases, will be present in both

phases. Furthermore, some of the α phase material contributing to the measured

signal during the relaxation step will be newly nucleated material (which results in

the increases in peak integrated intensity in Figure 8.6), and therefore will have a

stress-state entirely different from that of the quenched material. In contrast, the

β phase relaxation is not directly impacted by this transformation, as the β phase

material contributing to the measurement is not transformed.

In order to verify that the observed changes in lattice strain are due to stress

relaxation and not, for instance, interphase diffusion of solute, we will now look at the

peak width behaviour. During stress relaxation, the total local dislocation density

will decrease. The time dependence of density for a dislocation network recovering

under thermally activated slip is predicted by Nes [31] to be

√
ρ

ρ0

= 1− kT

A1

ln

(
1 +

t

τ

)
(8.8)
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Table 8.3: Summary of fit results of the Nes thermally activated slip model for dislo-
cation recovery.

Grain Family A1 (eV) τ (s) t0 (s)
(0002)α 5.35± 0.17 193± 13 -
(101̄1)α 2.38± 0.09 375± 24 117± 3
(101̄0)α 2.96± 0.21 235± 30 192± 6
(101̄2)α 3.72± 0.10 145± 10 -
(110)β 1.00± 0.05 51± 7 -
(200)β 0.906± 0.025 131± 8 -

where ρ0 is the initial dislocation density, k is Boltzmann’s constant, T is the temper-

ature, and A1 and τ are parameters that depend on the dislocation type, temperature,

and ρ0. If we assume that the changes in peak width observed during the hold at

temperature are primarily due to changes in dislocation density, we would expect

the peak width behaviour to follow this trend. This model captures the observed

behaviour of the peaks in both phases, shown in Figure 8.14. The (101̄0)α and (101̄1)α

grain families appear to have a incubation period prior to significant changes in their

peak widths. This incubation period, t0, is integrated into the model by assuming

that √
ρ

ρ0

= 1− kT

A1

ln

(
1 +

t− t0
τ

)
(8.9)

and that there is no change in dislocation density for t < t0. The fit results for all

measured peaks are summarized in Table 8.3. The values measured for both the

activation energy and the time constant are lower in both β grain families as compared

to the α grain families. There is no apparent trend observed between the α grain

families with respect to orientation. The total recovery in both β grain families is

much greater than in any α grain family.
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Figure 8.14: Change in normalized peak width for peaks from the (a) α phase and (b)
β phase during isothermal hold at 460◦C. The Nes model of logarithmic
change in dislocation density [31] is fit to the data and good agreement
is observed.

8.5 Discussion

In this section we will bring together the presented results and analysis to understand

the mechanisms driving the observed behaviour.

8.5.1 Anomalous Thermal Expansion in the α Phase

There is a clear discrepancy between the thermal expansion observed in this study

for the α phase during both heating (Figure 8.1) and cooling (Figure 8.9) and the

thermal expansion data reported by Goldak et al. [22]. If the disagreement were

observed during heating but not during cooling, it could be caused by the various

sources of athermal expansion outlined previously. However, as the only apparent

source of athermal expansion during cooling is interphase diffusion, which occurs over

a fixed temperature range, it is evident that there are additional sources of athermal

expansion that occur repeatably on this temperature interval.

In a previous study on this alloy [17], we observed good agreement between the
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results reported by Goldak for thermal expansion of both the α and β phase during

cooling from above the β transus, when the effects of solute redistribution were

accounted for. Specifically, the rate of change of both lattice parameters in the α phase

in Excel alloy, measured using the POWGEN diffractometer, matched those reported

by Goldak at temperatures below 500◦C, when no changes in phase were expected.

Therefore, while the data reported by Goldak was measured on single crystal material,

for which intergranular and interphase effects will be absent, it has been observed

to be reasonable for comparison to polycrystalline data, at least in the case of this

specific alloy and texture.

The deviations from the expected behaviour are greatest in the aα lattice parameter,

though there does exist some deviation in the cα lattice parameter as well. The trend

observed is as expected - in a 100% α polycrystal, the thermal expansion of the aα

parameter will be greater than that in a single crystal, while the thermal expansion

of the cα parameter in the polycrystal will be lower than that observed in a single

crystal; in the polycrystal, the thermal expansion of each individual crystallite is

constrained by the surrounding crystallites, and thus there is a trend towards the

mean. The magnitude of this constraint is reduced when the material is strongly

textured, as adjacent grains will be more likely to be similarly oriented. These effects

are elastic in nature, and thus are repeatable and reversible, though their source must

be understood.

In the aforementioned study [17], the α grains observed were formed following

very slow cooling of β grains with grain sizes on the order of mm. Growth was

observed to follow the orientation relationship expected of the β → α, and thus the

α grains were subject to very strong local texture conditions, i.e., low intergranular
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constraint. As a result, the polycrystal demonstrated behaviour close to that of

a single crystal. In contrast, in the present study, the small grain size and more

heterogeneous microtexture of the material results in significant deviations from single

crystal behaviour. These effects will be similar on heating and cooling (as the texture

does not appreciably change), and, therefore, while interesting, they are not expected

to impact the interpretation of the results with respect to β phase stability which are

the subject of this chapter.

8.5.2 The Role of the ω Phase

A clear transition in the nature of the diffraction from the ω phase is observed in the

x-ray diffraction results. The diffraction peaks from the ω phase are very broad at

the start of the ageing heat treatment (i.e., following the α + β quench), and increase

in integrated intensity and narrow significantly during heating. These changes occur

alongside a very significant change in peak position. These changes in the ω phase

are indicative of the dissolution of the athermal ω phase, followed by the growth

of isothermal ω, and then the dissolution of isothermal ω. Previous studies have

shown that this process results in enrichment of the β phase in β-stabilizers, as the ω

phase rejects solute [8]. The reduction in diffraction intensity from the isothermal ω

appears to be dictated primarily by the reversal of metastable β to α and not due to

transformation of ω to β or some other (likely intermetallic) phase. This behaviour has

been previously reported based on TEM results [8] where athermal ω produces a diffuse

intensity distribution near ideal ω diffraction positions in selected-area diffraction

patterns which subsequently sharpen during isothermal holds.

Nag et al. have reported on the role of ω phase acting as heterogeneous nucleation
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cites for α precipitates during isothermal ageing of Ti5553 [32]. As in zirconium alloys,

athermal ω precipitates form in the β phase of titanium alloys when quenched from

above the β transus or at suitably high temperatures in the (α + β) range. When

aged at 350◦C for two hours following a β quench, both spherical ω precipitates and

lenticular α precipitates were visible. Dark-field imaging in TEM showed that the

lenticular α appears to have nucleated at the ω/β interface, suggesting an ω-assisted

nucleation process. When aged at 400◦C, however, no ω was observed, and the

lenticular α was more coarse. The role of ω in the α nucleation process was expanded

upon by Zheng et al. [33], where they conclude that the nucleation of α is assisted by

athermal or isothermal ω during the heating stage, and so even during ageing above

the ω dissolution temperature, the presence of prior athermal (or isothermal) ω is

critical in the nucleation of α. Zheng et al. also estimate the effect of two factors,

compositional variation and elastic stresses, on assisting the nucleation of the α phase,

and found them to be approximately equal in magnitude [33].These effects could be

significant for the heat treatment of metastable β zirconium alloys, given both the

significant generation of elastic stress during quenching and the sensitivity of local

phase composition to the (α + β) temperature.

8.5.3 Decomposition of Metastable β

From the work presented here, the microstructural evolution can be described as four

stages: heating, formation of thermal ω from athermal ω and β, dissolution of ω and

dissolution of metastable β. This process appears to follow the same pathway reported

by Ageev et al. [14] for metastable Ti:

β → β1 + ω → β2 + ω + α→ α + (β or chemical compound) (8.10)
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Figure 8.15: Schematic of metastable β decomposition. (a) Metastable β grain is
surrounded by α grains, in equilibrium at room temperature. (b) The
α/β grain boundary begins to move, resulting in a decrease in β grain
volume. The solute cloud does not move as quickly as the grain boundary,
so there is no immediate change in the β solute concentration. (c) After
some time, the solute has diffused from the new α grain area to the
remaining β area. The β solute concentration has increased.

but in the case of quenched metastable β in Excel, we begin at stage 2 (β1 + ω).

If the β → α phase transformation was achieved by diffusion of solute to the phase

boundaries, then, during such a phase transformation, the lattice parameter and peak

intensity associated with grain families undergoing the phase transformation would

change simultaneously, as the change in grain volume (and thus peak intensity) is

driven by the change in solute concentration (and thus lattice spacing). From the

diffraction results (Figure 8.11b and c), it can be seen clearly that the β phase peak

intensity decreases before the β phase lattice parameter decreases. This suggests that

the transformation of β to α occurs before the diffusion of solute. This process is

shown schematically in Figure 8.15.

This process can be compared to the transformation of α′ martensites to β phase in

Zr-Nb alloys, as explained by Banerjee et al. using free energy-composition diagrams

[34]. The composition of the two phases at the start of the heating stage is determined
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by the temperature of the α/β quench treatment, which was 835◦C (Figure 8.16a).

When the sample is reheated to the hold temperature (460◦C or 500◦C), the free

energy of transforming some β at Cβ = C0 to α with composition Cα = C0 is

negative, so it is energetically favourable. While there is a greater free energy change

associated with forming α at Cα = C1, this process is slow as it depends upon

diffusion. The composition-invariant transformation, on the other hand, may proceed

without diffusion, and the subsequent redistribution of solute occurs after the phase

transformation. This is similar to the result reported by Ageev et al. [14], though

they report an additional solute-enriched α phase formed prior to the formation of

the β2 and α phases.

This conclusion explains the results observed during the hold at 500◦C (Fig-

ure 8.11a). The (110)β peak area decreased rapidly, with no change in the lattice

spacing until the peak area had already reached the halfway point in its transition.

The peak area decreased by a factor of 2.76, and the change in lattice parameter

corresponded to a change in concentration from 5.2% to 13.6%, or an increase by

a factor of 2.61. The expected equilibrium β phase volume fraction at 840◦C (the

α/β quench hold temperature) is 38%, while at 500◦C a phase volume fraction of

15% is expected [17] (factor of 2.53). The changes in both lattice strain and peak

integrated intensity observed during the hold at 500◦C match those expected from

the composition invariant β → α transformation. Furthermore, we see from these

results that the stress relaxation observed in the β phase (Figure 8.12) is indeed not

due to interphase diffusion of solute, as the diffusion of Mo and Nb to the β phase has

already occurred (Figure 8.11b).
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Figure 8.16: Free energy-composition diagrams for Excel alloy at (a) T = 835◦C and
(b) T = 500◦C. The value of Cx is the overall alloy composition, and C0

is the stable β composition at the α/β quench temperature (T = 835◦C).
The free energy change associated with a composition-invariant β → α
transformation with composition Cα = Cβ = C0, ∆Gβα, is shown in (b).

8.5.4 Approach to Equilibrium

The final stage of thermal decomposition of metastable β, according to Ageev et al.

[14], is a microstructure composed of α + (β or chemical compound). The results

of the present study suggest that for temperatures from 500◦C and lower, the final

decomposition step of metastable β is α + β. Following short term aging at both

460◦C and 500◦C, there is no evidence of any chemical compound formed, and only

the α and β phases are observed.

There is conflicting evidence in literature as to the true equilibrium state of Excel

alloy, and thus whether the final stage of the process outlined by Ageev et al. should

result in α + β or (α + chemical compound). Liang et al. have performed long

term (2500hr) annealing of Excel alloy samples at 550◦C [9], and they report the
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final structure to be (α + Zr(Mo,Nb,Fe)2) at this temperature. X-ray diffraction

measurements on the as-aged material revealed diffraction peaks that could not be

indexed by the α, β or ω phase, all of which had been identified in the pre-aged

material. Combined with TEM results, the authors identify the aged precipitate phase

as Zr(Mo,Nb,Fe)2. This phase was found to have precipitated from the β phase. Based

on the diffraction patterns provided by Liang et al., and the signal-to-noise ratio of

our measurements, it is expected that, were this phase present in our material, it

would have been observed.

Yu et al. investigated the stability of β phase during irradiation at elevated

temperatures in Excel alloy [35]. Samples were heated to either 200◦C or 450◦C and

subject to bombardment by 1MeV Kr2+ ions for 3 hours. Even under the additional

driving force of irradiation, no nucleation of a Mo or Nb-rich precipitate was observed

in the β phase. In our study, no evidence of the chemical compound, Zr(Mo,Nb,Fe)2,

was observed following annealing at 440◦C, 460◦C or 500◦C. We would expect that

the metastable β phase would transform to its equilibrium state during the rapid

transformation observed during heating (Figure 8.2, for example). The starting

material in our study had a much higher β phase content than the material reported

by either Liang et al. [9] or Yu et al. [35], such that the initial concentration of Mo,

Nb and Fe in the β phase of our material would be considerably lower. Thus, it is

likely, based on our results, that the Zr(Mo,Nb,Fe)2 compound is stable above 500◦C,

but that the β-Zr phase is stable at 500◦C and lower.
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8.6 Conclusions

In this study, we have investigated the thermal stability of the metastable β phase in

the quaternary zirconium alloy, Excel. From the analysis presented here, the following

conclusions can be drawn:

• The formation of isothermal ω in Excel alloy commences at 320◦C.

• Both forms of the ω phase in Excel alloy dissolve completely at 455◦C.

• The metastable β phase produced by (α+ β) quenching Excel alloy is stable up

to 210◦C, and begins to transform rapidly to α at 450◦C. This phase is stable

upon heating to 440◦C for up to 16 hours.

• The β → α transformation that occurs during the reversal of the metastable

β phase is a composition invariant transformation, similar to the α′ → β

transformation that occurs during heating of martensitic microstructures in

zirconium alloys.

• New experimental data presented here demonstrates the lattice expansion be-

haviour of the ω phase for which thermal lattice expansion behaviour has not

been previously reported.
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Chapter 9

Conclusions and Future Work

9.1 Conclusions

This final chapter summarizes the key results of the six manuscript chapters, presents

a discussion relating these key results to the objectives of the research and the field in

general, and provides recommendations for future research in this area. I begin by

reiterating the basic aspects of each chapter and their key conclusions.

Chapter 3 - Phase Transformation Temperatures and Solute Redistribu-

tion in a Quaternary Zirconium Alloy

This chapter presents comprehensive experimental data that extend the understanding

of thermal phase transformations in Excel alloy, building on the previous work of

Sattari et al. [1], and presents an extension of the Vegard’s law approach to analyzing

diffraction data to allow for the measurement of solute redistribution between the α

and β phases of the alloy. While other works have applied Vegard’s law to the analysis

of binary alloys, I have extended the model to allow for the study of ternary alloys,

and present an approach to measurement of a Zr-Sn-(Mo,Nb) ternary phase diagram.

This work also takes advantage of recent work in the field of dynamical diffraction

to understand atypical intensity variations during neutron diffraction and uses this

behaviour to study the rapid growth of α nuclei from β grains during cooling through
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the β → α + β transformation temperature.

Chapter 4 - Retention of metastable β phase in a two-phase quaternary

zirconium alloy

This chapter describes a method for producing and retaining a significant volume

fraction of a metastable β phase in Excel alloy. I present a novel analytical approach

to verify the free energy balance leading to retention of greater-than-equilibrium phase

fractions of the secondary phase and model the role of quenching rate in retention of

the metastable phase. Cooling rate has a strong effect on the final microstructure,

with the greatest retention observed at the highest cooling rates.

Chapter 5 - Evidence for Deformation-Induced Phase Transformation in

Excel

This chapter presents the first evidence for a deformation-induced phase in heat-treated

Excel alloy. This evidence consists of a combination of in situ and ex situ neutron

diffraction measurements, and post-deformation electron diffraction measurements.

The β phase fraction of heat treated Excel was observed to decrease with increased

plastic strain up to 8% for samples deformed along each of two different orientations.

Electron microscopy evidence showed the formation of laths, and the crystallographic

orientation of these laths relative to their parent material matched the orientation

relationship normally associated with the β ↔ α phase transformation in Zr. To

explain these measurements, I have presented a simple novel model that allows for a

direct comparison of the neutron diffraction measurements to the crystallography of

the phase transformation, and have found excellent agreement between predicted and
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measured values, when variant selection is taken into account.

Chapter 6 - Effect of Temperature and Loading Sense on the Deformation-

Induced Transformation in a High Sn Content Zirconium Alloy

This chapter presents experimental data exploring the effect of temperature and

tension/compression asymmetry on the activation of the deformation-induced β → α

phase transformation. The phase transformation was readily activated in tension

at room temperature and 100◦C, and a significant drop in the transformation rate

was observed at 200◦C. This temperature dependence appears to be independent

of loading direction relative to material texture, as loading along two orthogonal

sample orientations produced the same result. A model from literature has been

adapted to explain this temperature dependence, and it is found to depend on

the specific crystallography and thermodynamics of the β → α transformation in

zirconium. Loading in uniaxial compression did not result in the activation of the

phase transformation.

Chapter 7 - Effect of Rate on the Deformation Properties of Metastable

βin a High Sn Content Zirconium Alloy

In this chapter, the effect of strain rate and stress-relaxation on the deformation-

induced β → α phase transformation at room temperature are explored, and a

technique to characterize the thermally-activated deformation of component phases of

multi-phase alloys is presented. The apparent activation volume of the α phase of this

alloy is 13-18b3, in agreement with previous studies on α-zirconium alloys with similar

α phase chemistry, while the β phase has an apparent activation volume of 80-150b3.
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The deformation-induced phase transformation is observed to occur more readily at

lower strain rates, due to a higher strain-rate dependence than dislocation slip.

Chapter 8 - Thermal Decomposition of Metastable β in a Quaternary Zir-

conium Alloy

This chapter presents and analyses experimental data on the thermal decomposition of

the metastable β phase. Samples were prepared by quenching from high in the (α+β)

temperature range and then aged at 440◦C, 460◦C, or 500◦C. Using in situ neutron and

x-ray scattering, the changes in the α, β, and ω phases were monitored during the aging

process. Metastable β is thermally stable for up to 18 hours at 440◦C, and rapidly

transforms to α at 450◦C upon heating. The nature of the β → α transformation

is similar at 460◦C and 500◦C, and appears to proceed by a composition invariant

mechanism, similar to the transformation of α′ martensite to β during heating.

9.2 General Discussion

A total of five research objectives were identified in Chapter 1.2. These objectives can

be summarized into two broad goals:

• to understand how and why we can produce higher than equilibrium volume

fractions of β phase in Excel alloy (comprising Objectives 1 and 2), and

• to understand the return of this metastable phase to equilibrium by thermome-

chanical treatment (comprising Objectives 3-5).

The first of these goals is addressed by Chapters 3 and 4. These chapters, in particular

Chapter 3, provide the framework within which the behaviour of the material reported
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in latter chapters is understood. The key enabling results presented in these chapters

are the equilibrium β phase volume fractions, solute distributions, and excess free

energy of the retained β phase. The good agreement observed between the predicted T0

temperature (based on results from Chapter 3) and the solutionizing temperature that

coincides with α′ formation following quenching (shown in Chapter 4) are particularly

salient and provide confidence in the application of the solute distributions measured

in Chapter 3 to further studies.

The second broad goal is addressed by the subsequent chapters. In Chapter 4, I

have presented basic experimental work and a simple analytical model demonstrating

that a deformation-induced phase transformation occurs during straining of quenched

Excel alloy. The agreement observed between the experimental work (a combination of

electron and neutron diffraction results) and the model demonstrates that, under the

conditions of the experiment, the relationship between strain and the completion of

the phase transformation are determined directly by the crystallography of the β → α

phase transformation, i.e., the Burger’s relationship. This orientation relationship

was also demonstrated to dictate grain nucleation and therefore growth during slow

cooling in Chapter 3. Other studies on this and other zirconium alloys (e.g., Sattari

et al. [2]) have demonstrated some preferential variant selection during the α ↔ β

phase transformation. The results of this chapter demonstrate an extreme version of

this phenomenon, whereby the α laths that form on straining form in the variant best

oriented to produce maximum elongation along the direction of greatest applied stress.

This experimental evidence of strong variant selection may provide additional support

for interpreting variant selection in cases in which local stresses may be dominated

by thermal stresses (e.g., thermal cycling of Zr-2.5Nb [3]), though (as we show in
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Chapter 8), the effect of thermal strains on the β phase are relatively weak and may

be relieved quickly by thermal dislocation motion at elevated temperatures.

While the simple model presented in Chapter 5 provides a link between crystal-

lography and the phase transformation, the model is inadequate for predicting the

effects of temperature and strain rate as it does not include the thermodynamics of

the phase transformation. This issue is addressed in Chapters 6 and 7. Combining

fundamental models from literature with the results of Chapters 3 and 4, we are able to

explain deviations from the simple model observed when temperature, strain rate and

loading sense are modified. These chapters take full advantage of modern diffraction

techniques to monitor the progression of the phase transformation and the effect of

loading on a much broader range of β grains than was possible with the apparatus

used in Chapter 5. The results of these chapters allow for further contemplation of

the possible areas of application for the phenomena first observed in Chapter 4.

Finally, we directly investigate the thermal stability of the metastable β phase

in Chapter 8. The results presented in this chapter clarify that the temperature

dependence of the deformation-induced phase transformation demonstrated in Chapter

6 are not a result of microstructural changes that occur on heating. The only changes

observed upon heating up to 250◦C could be readily explained by thermal expansion,

and not, for instance, a phase transformation or solute redistribution (which do occur

at higher temperatures). The metastable β phase is stable for long times at 440◦C,

and transforms very rapidly to α upon heating to 450◦C. This transformation is

composition invariant, similar to the reversion of α′ martensite (which, as shown in

Chapter 3, takes place at 600◦C upon heating).
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The Prospect of Metastable β in Zirconium

This work has been carried out on one specific alloy of zirconium, Zr-3.2Sn-0.8Mo-

0.8Nb. While this alloy has shown that its mechanical properties are suitable for

use in nuclear applications as a substitute for Zr-2.5wt%Nb [4, 5], it is a simple fact

that it is not used for this purpose, and, at present, is not used for any other. It

is worthwhile, then, to discuss the circumstances of some prospective application of

metastable β phase in zirconium.

In Chapter 6, the effect of temperature on the phase transformation was investigated.

The deformation-induced phase transformation does not activate under uniaxial tension

at 200◦C. Combining this result with an adaptation of the rate model proposed by Olson

et al. [6], I have shown that this behaviour is a result of thermodynamic properties of

the component phases, and, thus, there should be no circumstance at which this phase

transformation can occur at even higher temperatures. Of course, there is a hard limit

on temperatures at which this could even be tested. In Chapter 8 I have shown that

the metastable β phase will very rapidly transform to α at temperatures above 450◦C,

and so the mechanical stability of metastable β in this temperature range cannot be

assessed and would have no possible industrial relevance.

The very strong variant selection observed in Chapter 5 presents the possibility of

significant control over texture in parts produced using a high proportion of metastable

β. This would be particularly useful for parts in which thermal creep or irradiation

creep are potential issues, as both deformation modes are strongly texture dependent

[7, 8]. The greatest control over texture would be in an alloy which could fully retain

β upon quenching (i.e., 100% metastable β), though the roughly 40% β achievable in

Excel would allow for some intermediate texture that may be closer to random than
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otherwise.

Though hot working of the metastable β is not possible, many zirconium parts

are produced with cold working as part of the processing route. Notably, in their

patent proposing a manufacturing route for Excel pressure tubes, Cheadle et al. [5]

propose extruding the alloy at 900K-1200K (630◦C - 930◦C), and further cold working

the extruded tube to produce suitable material properties. This process could take

advantage of the results of this thesis by implementing a rapid cooling mechanism

at the outbound end of the extrusion device. The process proposed by Cheadle et al.

involves air cooling prior to cold work, which I have shown in Chapter 4 will result

in large α grains with a grain boundary β matrix. By rapidly cooling the freshly

extruded tube, a high proportion of metastable β could be retained, and a smaller

grain size of the α grains could be maintained. Subsequent cold working steps would

initiate the β → α transformation, and any stress relief treatment or annealing (above

450◦C) would cause the remaining metastable β to transform.

This process would have two benefits: reduction in grain size, and partial random-

ization of texture. Cold work of extruded pressure tubes is not generally associated

with significant texture development (instead being primarily due to the extrusion

step [7]), but the activation of a deformation-induced phase transformation would

result in texture development in the α phase through the strong variant selection.

This would likely produce α grains with (101̄0) oriented along the tube axial direction

(maximum expansion/tension) and (112̄0) along the tube radial direction (maximum

reduction/compression). Consequently, the (0002) orientation would be along the

tube transverse direction, increasing the fT parameter. Varying the cold working

reduction parameters (ratio of wall thickness reduction to diametral reduction) would
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allow for tuning the texture distribution through variation in the strain ellipse [9],

if a more random α texture is desired. Further randomization could be achieved by

simply heating the tube and permitting the thermal decomposition of the metastable

β grains.

9.3 Future Work

The following work is recommended to continue this field of research:

1. A study on the kinetics of growth of the β phase was started (Appendix A), but

was not completed adequately due to difficulties with experimental apparatus

and limited time. In order to better understand the nature of the metastable

phase transformation, it is important to understand the role of grain size. In

order to control the grain size, it is necessary to understand grain growth rates.

Interpretation of the results presented in Appendix A is further complicated by

the non-uniform microstructure of the material available. It is recommended

that future studies on the grain growth or phase transformation kinetics in this

alloy start from a fully martensitic α′ structure. This approach would follow the

approaches of other authors in this field (e.g., [10, 11, 12]) and would minimize

the impact of residual stresses and grain structure on the results. Developing a

clear relationship between grain size, heat treatment time, and heat treatment

temperature would allow for more fine-tuned control of grain sizes for subsequent

studies of the role of grain size on the β → α phase transformation.

2. In Chapter 5 we introduced a simple model to explain the observed changes

in integrated diffracted peak intensity of the β phase during straining of heat-

treated Excel. While this model did explain some of the observed phenomena,
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the simple approach limits its predictive capabilities. It would be worthwhile

to pursue implementing this model into a polycrystalline model, such as the

elastic-plastic self-consistent model developed by Turner et al [13], or a crystal

plasticity model (such as that developed by Abdolvand et al. [14]). This would

allow for better understanding of the effect of transformation on residual stress

and the role of local grain geometry which would complement studies on grain

size effects. Such an implementation of a strain-induced phase transformation

was attempted in the rate dependent EVPSC model developed by Mareau et

al. [15], by modifying the twinning implementation to produce a phase change

in addition to orientation changes, but progress in this area was inadequate for

inclusion in this thesis.

3. As alluded to above, a study on the impact of grain size on the β → α phase

transformation is particularly salient. The nucleation and growth of twins in

zirconium alloys has been the subject of much recent research, and grain size has

been found to be a factor, particularly during nucleation events [16]. Since grain

size can have an impact on local stress states, it is anticipated to be associated

with variant selection, and, particularly, the nucleation and growth of secondary

laths (as observed in Chapter 5). This could be combined with the study on

grain growth proposed above.

4. In Chapters 6 and 7, we investigated the effect of some parameters of deformation

processing and their effect on the β → α transformation. Specifically, the

role of temperature and strain rate during deformation were investigated and

thermodynamic models have been presented to explain the observed phenomena.

A more comprehensive study of these parameters is warranted, specifically
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the interplay between temperature and strain rate. Olson et al. found very

good agreement with their model in TRIP steel with changes in strain rate

[17] and the model adaptation presented in Chapter 6 is expected to produce

similarly good agreement. Since the temperature effect is expected to result

in an abrupt transition, such a study could be performed using large grained

samples (β quench followed by (α+β) quench to produce the metastable phase),

suitable heating apparatus on a mechanical testing rig, and EBSD mapping.

The temperature range of 100◦C to 200◦C would be suitable, though testing

at cryogenic temperature would also be worthwhile due to the expected high

ductility. Samples would be deformed at a range of strain rates to both failure

and some intermediate strain, say 10%. Electron microscopy would be used to

quantify and observe the progression (or lack thereof) of the phase transformation

after 10% strain (similar to the results presented in Chapters 4 and 5), and these

results could be correlated to the measurements of strain-to-failure.

5. In Chapter 8, we investigated the decomposition of metastable β and dissolution

of ω during heating. It was found that the ω phase begins to dissolve at a lower

temperature than the onset of decomposition of the metastable β phase. The

role of athermal vs. isothermal ω in interacting with the deformation-induced

β → α phase transformation is worth investigating, as there is some evidence

from the literature that ω may have an impact [18]. The ω grains may serve as

nucleation points for α nuclei during deformation, and the difference in both

composition and grain morphology between isothermal and athermal ω may alter

this interaction. Samples could be prepared by α/β quenching and subsequent

aging at temperatures up to 440◦C, and then deformed at room temperature to
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identify changes in mechanical properties resulting from aging the metastable β.
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Appendix A

Kinetics of Grain Growth and Phase Transformation During

α + β Heat Treatment

In Chapter 4, we investigated the effect of two heat treatment parameters on the

retention of metastable β: temperature and quenching rate. As a separate part of this

investigation, we also investigated the role of heat treatment time. The results of this

portion of the study are presented in this Appendix for reference and as a starting

point for future studies in this area.

In addition to heat treatment temperature and cooling rate, the duration of the heat

treatment impacts the retention of metastable β. Since the major alloying additions

to Excel alloy are substitutional, diffusion may be slow and equilibrium may not be

reached during short treatments [1]. During the heat treatment, multiple processes

may be active which, collectively, determine the final microstructure. Chief among

these processes are recrystallization, recovery, grain growth, and phase transformation

[2]. Recrystallization is the formation of new grains from grains with high dislocation

densities at high temperatures, while recovery is the annihilation of dislocations

without considerable change in grain structure [3]. Both of these processes can

subsequently result in grain growth, as a result of the motion of grain boundaries

during dislocation annihilation events. The two-phase nature of Excel alloy will also

impact these processes, as the kinetics of each process are likely to be different in each
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phase [4].

A.1 Experimental

To investigate the kinetics of the phase transformation and recovery processes, samples

were heat treated at 830◦C for times ranging from 1 minute to ten hours, followed by

an ice quench. Samples for this study were prepared from both Excel pressure tube

material and plate material. For each sample, measurements were made of the final β

phase volume fraction, grain sizes in each of the α and β phase, and the density of

geometrically necessary dislocations (following the approach of Pantleon [5]). Each of

these parameters will be presented separately.

Select microstructures were characterized using electron back-scattering diffraction

with a Bruker EBSD detector, using an accelerating voltage of 18kV. These EBSD

maps were analyzed using the method of Pantleon [5] and Skippon et al. [6] to extract

a measure of the geometrically necessary dislocation density.

A.2 Results

Phase Fraction Kinetics

The variation in β phase volume fraction with time is shown in Figure A.1 for both the

pressure tube and plate material. For both materials, the initial rate of transformation

is high, and the phase distribution appears to have achieved equilibrium by the 10

hour sample time. The results of a previous study on phase equilibrium in this alloy

show that the equilibrium β phase fraction at 830◦C is 40% [7].

Following the approach of Yoo and Kim [2], the phase transformation is assumed
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Figure A.1: Change in retained β phase fraction as a function of solutionizing time
at 830◦C, with a subsequent ice quench. Model refers to a least-squares
result for JMAK behaviour on the data.

Table A.1: Summary of best-fit parameters to the JMAK model for both materials
studied.

Material n k
Plate 0.156 0.219
Tube 0.119 0.147

to follow JMAK-behaviour, i.e.

fβ(t) = 1− exp(−ktn) (A.1)

where fβ(t) is the β phase volume fraction at time t, k is a rate constant, and n is an

exponential factor that depends on the mechanism. If this model correctly reflects the

kinetics of the transformation, a plot of ln(ln( 1
1−Y )) against ln(t) will be linear, where

Y =
fβ(∞)−fβ(t)

fβ(∞)−fβ(0)
, and fβ(∞) is the equilibrium β phase fraction. This data is shown in

Figure A.2 for both samples at 830◦C. The JMAK parameters producing the best fit

to the data for both materials are summarized in Table A.1.
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Figure A.2: Change in retained β phase fraction as a function of solutionizing time at
830◦C, with a subsequent ice quench. Data is presented as ln(ln( 1

1−Y ))
vs ln(t). A linear relationship in this representation demonstrates that
JMAK behaviour is a suitable description.

Rate of Dislocation Recovery

The geometrically necessary dislocation density for each of the samples is shown in

Figure A.3. As this technique allows for differentiation between phases, values for the

α phase and β phase are shown both separately and as an overall average. Due to the

changing phase fractions, the relative contribution of each phase to the sample average

is also changing. It is important to differentiate the two when certain phase or grain

transformation processes may be impacted by dislocation motion. Furthermore, the

analysis technique allows for differentiation between 〈a〉 and 〈c+ a〉 type dislocations

in the α phase, and they are shown separately.

Nes predicts that a dislocation network recovering under thermally activated slip

will exhibit time dependence of

√
ρ

ρ0

= 1− kT

A1

ln

(
1 +

t

τ1

)
(A.2)
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Figure A.3: Recovery of geometrically-necessary dislocation density in Excel alloy
(left) pressure tube and (right) rolled plate during heat treatment at
830◦C. The model shows the best fit results for the dislocation recovery
model of Nes [3].

where ρ0 is the initial dislocation density, k is Boltzmann’s constant, T is the tempera-

ture, and A1 and τ1 are parameters that depend on the dislocation type, temperature,

and ρ0 [3]. Nes’ model was originally formulated for a single phase material with an

FCC crystal structure. Consequently, some minor modifications are necessary to apply

the model to the two-phase HCP/BCC microstructure present in Excel. Since the

A1 factor depends on the length of the Burger’s vector, b, separate parameters are

expected for 〈a〉 and 〈c+ a〉 type dislocations in the α phase. Thus, the model can be

fit as √
ρ〈a〉
ρ〈a〉,0

= 1− kT

A〈a〉
ln

(
1 +

t

τ〈a〉

)
(A.3)

√
ρ〈c+a〉
ρ〈c+a〉,0

= 1− kT

A〈c+a〉
ln

(
1 +

t

τ〈c+a〉

)
(A.4)

√
ρβ
ρβ,0

= 1− kT

Aβ
ln

(
1 +

t

τβ

)
(A.5)

where the subscripts refer to the dislocation type or phase, as appropriate.
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Table A.2: Summary of results from fitting the Nes model [3] to measured dislocation
densities following heat treatment at 830◦C in two forms of Excel alloy.

Sample Type τi (s) Ai (eV)
Tube 〈a〉 87± 110 1.05± 0.26

〈c+ a〉 73± 98 1.06± 0.27
β 3.0± 5.1 1.34± 0.27

Plate 〈a〉 2218± 2632 0.60± 0.28
〈c+ a〉 110± 207 1.32± 0.52
β 0.012± 0.118 4.8± 3.5

Fitting this model to both the plate and pressure tube data sets produces the

results shown in Table A.2. For the samples prepared from pressure tube, both the

apparent activation energy (Ai) and time constant, τ , are identical for both 〈a〉- and

〈c + a〉-type dislocations in the α phase. Dislocations in the β phase have a higher

activation energy for recovery, but a considerably lower time constant (more than 20

times smaller). The fit results for the samples prepared from the rolled plate are poor,

though it can be seen from the data that the overall rate of recovery is slower in the

plate material compared to the pressure tube material. This suggests that there is

some dependence on either grain size or initial dislocation density on the recovery

kinetics of dislocations, as expected. Furthermore, the relative rates of recovery in the

α and β phases are different in the two materials, with more recovery in the β phase

as compared to the α phase in the pressure tube material, and greater recovery in the

α phase than in the β phase in the plate material.
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Grain Growth

The grain size for each phase in each sample is shown in Figure A.4. Standard kinetic

models for grain growth suggest a power law relationship, i.e.

d(t)− d(0) = ktn (A.6)

where d(t) is the grain size at time t, d(0) is the initial grain size, k is a rate parameter,

and n is the process exponent [8]. Grewal and Ankem [4] studied isothermal particle

growth in (α + β) titanium alloys, and found n values between those predicted

theoretically for grain boundary diffusion and bulk diffusion limited processes at

700◦C. Their studies looked at both Ti-V and Ti-Mn alloys. They found good

agreement with particle growth dictated by

dα−βα = Kα−β
α tn (A.7)

dα−ββ = Kα−β
β tn (A.8)

where dα−βα , dα−ββ are the grain sizes of the α and β phases, respectively; Kα−β
α , Kα−β

β

are the isothermal growth parameters; t is the time; and n is the particle growth

exponent. The growth exponent, n, was found to be constant at a temperature of

700◦C, with a value of 0.28 for Ti-Mn. The isothermal growth parameters depended

on the specific alloy, and the resultant volume fraction of the two phases at 700◦C for

that alloy. Fitting this model to the data, we find values of n = 0.27± 0.05 for the

plate material, and n = 0.13± 0.03 for the tube material.



A.3. DISCUSSION 307

Figure A.4: Mean grain size as a function of time in Excel alloy during a 830◦C heat
treatment. The grains continue to grow thoroughout the treatment in
both phases for samples prepared from the both materials. The rate
of grain growth is significantly greater in the material prepared from
the plate as compared to the material prepared from the pressure tube.
Dashed lines are best fit lines to the power-law grain growth model. Grain
sizes were measured following ASTM E112 [9].

A.3 Discussion

Both materials were observed to exhibit uniform grain growth throughout heat treat-

ment at 830◦C. Using the model proposed by Grewal et al. [4], we measured isothermal

grain growth parameters of n = 0.27± 0.05 for the plate material, and n = 0.13± 0.03

for the tube material. It has been shown that a value of n = 0.25 is expected when

grain boundary diffusion is the rate limiting factor for grain growth [10]. This re-

sult suggests that the rate limiting factor for grain growth in the plate material is

primarily grain boundary diffusion. Grain boundary diffusion becomes dominant at

temperatures below 0.75 to 0.8 Tm [8], which is the temperature range of the current

study (Tm ≈ 1800◦C [11]).

The lower isothermal growth parameter observed in the pressure tube material is

likely due to the anneal at 750◦C followed by the stress relief treatment at 400◦C in its
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manufacture. The value of n has been observed to decrease after long heat treatments

[12], and it is possible that the combination of these two processes was sufficient to

bring the material closer to equilibrium and thus reduce the value of n. The lower

initial β phase fraction in the pressure tube material also results in a greater initial

concentration of stabilizers in the β phase, which may slow the diffusion of boundaries

as a result of suppression of the interdiffusion constant.

Both materials were observed to follow JMAK kinetics for the α→ β transformation

at 830◦C. Yoo and Kim studied the α → β transformation in Zircaloy-4 (Zr-1.2Sn-

0.2Fe-0.1Cr) at α+β phase temperatures [2]. They also found that the transformation

followed the JMAK equation. The value of n in the JMAK equation was found to

be the same (n = 0.78) at 890◦C and 950◦C, suggesting that the transformation

proceeded by the same process over this temperature range. The authors assumed

the rate constant temperature dependence followed an Arrhenius relationship, such

that k = k0 exp(−∆G/RT ), and the activation energy for the phase transformation,

G, was reported as 140kJ/mol.

One of the constraints on the α→ β phase transformation is the motion of α/β

grain boundaries. In their study on isothermal grain growth in α + β titanium alloys,

Grewal et al. found that grain growth of α and β particles depended on the relative

phase fractions at equilibrium due to the interdiffusion of α- or β-stabilizing elements

[4]. This effect may be particularly important in Excel, as both α- and β-stabilizers

are present in the alloy.
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A.4 Conclusions

Though this work is preliminary, a number of conclusions can be drawn. Excel alloy

exhibits power law grain growth within the α and β phases during heat treatment at

830◦C. The approach to equilibrium phase volume fractions was observed to follow the

JMAK kinetic model. Further studies are needed to assess the effect of temperature

on these processes.
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Appendix B

Measurement of Strain by Beam Attenuation

In Chapter 7, we demonstrated the possibility of using beam attenuation as a retroac-

tive strain gauge during synchrotron x-ray measurements. This technique is particularly

attractive for scenarios in which traditional extensometer or strain gauge measure-

ments are not applicable, such as very small samples, high temperature testing, or

testing to significant strains. The two primary limitations on this measurement are

the time sensitivity, which is limited in practical terms to that of the x-ray detection

setup, and the noisiness of the measurement at low strains. As a resource to future

studies interested in using this technique, this appendix presents data required for

experimental planning and analysis with this technique.

The variance in the derived strain value, σ2
ε , is given by

σ2
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where σy is the standard deviation in y. For very small values of strain, ε→ 0 and

σ2
ε ≈
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which is on the order of 0.03% or 300µε for our samples. This sets a lower limit on

the suitability of this technique; for completely elastic loading, the uncertainty in the

measurement of elastic strain may be too large for useful measurements. For zirconium,

for instance, this value of elastic strain corresponds to a load of approximately 30MPa,

which is on the order of the loads that would be applied prior to testing to ensure

proper alignment of the sample. Therefore, this technique is not suitable for precise

measurements of elastic properties, but can be readily applied to the measurement of

plastic phenomena.
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