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Abstract 

A failure analysis was performed on an alloy C-276 pull rod which underwent unexpected brittle, fracture 

after exposure to nuclear-relevant, high temperature aqueous environments: Pb-contaminated alkaline (8.5 

< pH300C < 9.5), and sulfate-containing acidic solutions (3.0 < pH300C < 5.0). The component was 

characterized using advanced electron microscopy methods to demonstrate the benefits of these 

techniques for determining the nanoscale chemical and material factors contributing to stress corrosion 

cracking (SCC), and to provide insight into the mechanism of failure.  Site-specific transmission electron 

microscopy samples containing crack tips were prepared using a focused ion beam. Nanoscale chemical 

characterization methods revealed that Pb was present in some oxidized regions of cracks, suggesting that 

the element may be inhibiting or impairing the passivity of the Cr-rich oxide. Complementary nanoscale 

microstructural analysis was performed. At an intergranular to transgranular cracking mode transition, it 

was observed that the transgranular crack (and corrosion process) propagated along the (110) 

crystallographic plane. Also, the cracking mode was highly dependent on the tensile stress direction 

relative to grain boundary orientation, the crystallographic orientation of grains, and slip systems. A 

comparison of results with proposed mechanisms for SCC of Ni alloys in similar environments are 

discussed; the highly directional nature of cracking is consistent with a slot-tunnel corrosion mechanism. 
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Chapter 1 

Introduction 

An Alloy C-276 pull rod which was used to perform slow strain rate tensile testing within an autoclave 

fractured unexpectedly after approximately 2.5 years in service. The conditions within the autoclave were 

meant to replicate the most extreme conditions that are plausible for secondary side heat transfer crevices 

of CANDU nuclear reactor steam generators (see Figure 2). The test conditions were high temperature 

acidic S containing, and caustic Pb containing environments (see Section 3.1 for details on the test 

conditions). Alloy C-276 was chosen for this application as it was expected to remain resistant to cracking 

in these environments, but the rod unexpectedly underwent brittle fracture. The fractured rod was 

salvaged and investigated using advanced microscopy techniques to observe the microstructural and 

chemical character of the component. The purpose of this research is to determine the mechanisms of 

failure, such that failure can be predicted/prevented in the future.  

The experimental history of the component was not well documented, and it is not clear for how long the 

component was exposed to each of the test environments before failure, but ultimately the component 

failed in the Pb containing caustic solution. Many SCC mechanisms could persist in the given test 

environments, especially when the experimental history of the component is uncertain. However, given 

the recent literature regarding Ni alloys exposed to Pb containing solutions [1] [2] [3] [4], it was 

hypothesized that Pb could be playing a role in impairing the passivating oxide (Section 2.2.1.1). 

Mechanistically, Pb could adsorb on the metal surface via an underpotential deposition (UPD) 

mechanism; once there, Pb can poison sites where OH- would typically adsorb as a precursor to Cr 

oxidation. Without the presence of a passivating Cr oxide layer, the material could be susceptible to SCC. 

If evidence could be found for Pb incorporated within crack tip oxides, or present within crack precursors 

at the pull rod surface, this could indicate that Pb is playing a role in the failure of the pull rod.  
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Although the component ultimately failed in the Pb containing solution, the initial S containing solution 

could have promoted failure via S induced SCC. S which adsorbs on the metal surface will also impair Cr 

oxidation, and accelerate dissolution kinetics (Section 2.2.1.2). At high enough surface concentrations of 

S, localized corrosion can occur in the form pitting [5] [6]. Ni in the presence of S has historically been 

very susceptible to H accelerated cracking (HAC), due to S enhancing H absorption into the metal. A 

number of mechanisms of HAC have been suggested in literature [7] [8] [9], though none have been 

proven. It is suggested that H can play a role in lowering the strain fields around dislocations, resulting in 

a “hydrogen shielding” mechanism, whereby the strength of all dislocation-obstacle reactions are lowered 

[10]. Ultimately, this hinders the strengthening effects typical of dislcoaiton-obstacle interactions, and 

results in yielding at lower applied stresses. The role of H adsorbed at the metal surface has also been 

suggested to aid deformation by lowering the critical stress for dislocation nucleation, thereby enabling 

strain at lower applied stresses [8]. If S could be detected at the surface of the pull rod where cracking 

began, this would be a good indicator that S is playing a role in impairing the passivating surface oxide.  

To investigate the possible mechanisms of failure, electron microscopy techniques will be applied to 

investigate the chemical and microstructural features of the failed pull rod. Scanning electron microscopy 

(SEM) will be performed to investigate micro-scale features within the material, and chemical mapping 

will be carried out using energy dispersive x-ray spectroscopy (EDX). This will provide valuable 

elemental mapping, and semi-quantitative concentration data. Electron back-scatter diffraction (EBSD) 

can be carried out to investigate the microstructure of the pull rod, and determine how crystallographic 

character could be contributing to SCC. Using transmission electron microscopy (TEM), the nano-scale 

chemical and microstructural character of the component can be investigated. EDX in TEM can be 

especially effective in analyzing SCC mechanisms, as much lower chemical concentrations can be 

detected than is possible in SEM. Proper application of these characterization techniques will make it 

possible to determine the mechanisms of failure, so that failure may be predicted/prevented in the future.  
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Chapter 2 

Literature Review 

2.1 A Basic Overview of Corrosion and SCC 

Material degradation by corrosion is fundamentally controlled by nanoscale electrochemical processes 

and, in general terms, occurs due to a combination of oxidation and reduction reactions on the surface of a 

metal or alloy. Thermodynamics dictates whether a given set of electrochemical corrosion reactions will 

progress, according to the Nernst equation (potential difference) and Gibbs free energy of the reactions 

[11]; should the reaction be thermodynamically favorable, it will progress at a rate dependent on several 

variables.  

Strong and ductile alloys formed from Ni and Fe are excellent as building materials, but are chemically 

active in many environments, and are therefore susceptible to corrosion. By alloying these metals, one can 

engineer a material which maintains excellent mechanical properties, while also being corrosion resistant, 

such as in stainless steels (added Cr), or Ni-Cr-Mo alloys. The enhanced corrosion resistance of these 

alloys is due to the formation of a nano-scale, adherent protective oxide film on the surface. Protective 

oxide films are inherently poor electrical conductors, and so they act as a protective layer inhibiting 

electrochemical processes. In the case of many stainless steels and Ni-based alloys, the protective oxide 

which forms is of Cr-O species, and most commonly of chromia (Cr2O3) stoichiometry, although other 

chemical configurations are possible [12]. Cr, being a highly reactive element, will readily oxidize at the 

metal-solution interface resulting in a nano-scale, insulating, and protective film, which passivates the 

material and limits corrosion. Producing and maintaining the surface oxide is fundamental in design of 

corrosion resistant alloys; in cases where the protective film becomes locally impaired, the underlying 

bulk metal becomes exposed, which can lead to catastrophic localized corrosion phenomena.  
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As mentioned, an established protective oxide film is effective for limiting general corrosion under 

specific environment and stress conditions; for example, 304 stainless steel in pure water at 25 °C remains 

pristine with a thin and adherent chromia film. However, addition of an aggressive impurity, such as Cl, 

can lead to breakdown of the passive film and localized corrosion, such as pitting corrosion. for 304 

stainless steel in a chloride-containing aqueous environment, pitting is generally regarded to occur due to 

factors outlined in Galvele’s pitting model [6]: establishment of an oxygen concentration (potential) 

gradient, reaction of Fe cations with water to produce protons (lower pH), and subsequent migration of 

aggressive Cl anions to the pit base.  If an applied stress is present, in addition to an aggressive 

environment, localized oxide film breakdown could lead to stress corrosion cracking (SCC); unlike 

pitting, there is no universally accepted mechanism for SCC in every SCC system (i.e., a combination of 

alloy and environment where SCC is observed). This is due to the requirement of stress, a corrosive 

environment and a susceptible material in synergy, which results in SCC being a complex material 

degradation phenomenon, dependent on a multitude of mechanical, environmental, and metallurgical 

variables. Figure 1 summarizes a few of the factors contributing to SCC. 

Typically SCC mechanisms are proposed for each SCC system, as mechanisms of SCC vary substantially 

depending on material and environment; however, some proposed mechanisms extend across several SCC 

systems, such as film-induced cleavage [13] [14] [15] and slip dissolution [16] [17] [1], which have 

gained increasing credibility over the last 40-50 years. Specific mechanisms proposed for SCC of Ni-

based alloys in high temperature Pb-alkaline and acidic sulfate aqueous solutions are reviewed in Section 

2.3.  
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Figure 1 A Venn diagram outlining the three synergistic factors of SCC, with some of the main 

contributing variables outlined. 
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2.2 Corrosion in Nuclear Power Generation 

The excellent corrosion resistance of Ni alloys has led to their widespread use in nuclear energy 

infrastructure since the growth and development of nuclear energy in the 1950’s [18] [19] [20]. Alloy 600 

(Ni-15Cr-7Fe) and its weld metals were the historical materials of choice for use in steam generator 

components in nuclear power generation systems; although still used in some plants, the alloy has been 

phased out slowly since the 1990’s with more Cr-dense materials, Alloy 690 and Alloy 800.  This 

transition was largely due to Alloy 600 being very susceptible to SCC in primary water (PWSCC) 

environments, where relatively pure water with added hydrogen brings the potential in the vicinity of the 

Ni/NiO equilibrium potential.  However, the extensive historical use of Alloy 600 (and the degradation 

issues) has led to a large literature base on the corrosion and SCC properties of Alloy 600, and the 

mentioned similar Ni-Fe alloys, in environments that replicate primary (250 ˚C – 300 ˚C,  pH 10.5 ) [21] 

and secondary side waters (260 ˚C, pH 7.5-9.5) [22] in Canadian deuterium uranium (CANDU) reactors – 

see Figure 2 – as well as more aggressive environments that could be found in occluded areas within the 

steam generators, such as tube to tube support crevices or at a crack tip if SCC is already initiated. 

Impurities, such as S [5] [23] and Pb [1] [2] [3], have been found to persist in these heat transfer crevices, 

and the roles of these impurities on corrosion have been studied in detail as a result. 
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Figure 2 Schematic of a typical CANDU reactor which uses heavy water as a coolant. The primary 

side refers to the coolant loop which circulates from the reactor to the steam generator to transfer 

heat energy from the nuclear fission reaction. The secondary side refers to the coolant loop which 

circulates from the steam generator to the power generation loop. [24] 

 

2.2.1 The Role of Impurities on Corrosion of Nickel Alloys 

2.2.1.1 PbSCC 

In 1965, Copson and Dean performed studies on a series of nuclear-relevant materials, including Alloy 

600 and Alloy 800, which detailed the effect of various impurities on the stress corrosion performance of 

these materials exposed to simulated pressurized water reactor (PWR) primary and secondary side waters 

at operating temperature (316 ˚C – 350 ˚C) [25]. Their results indicated that Alloy 600 maintained 

excellent corrosion resistance in the aforementioned environments, but was susceptible to cracking in the 

presence of Pb, regardless of how Pb was introduced to the system (as lead oxide, as metallic lead 

powder, hydrocarbon containing Pb). An additional test was performed on a stressed sample placed in 
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molten Pb and no cracking was observed, indicating that the electrolyte is necessary along with dissolved 

Pb to promote degradation (i.e., the mechanism is distinct from liquid metal embrittlement by molten Pb).  

Speculations regarding the mechanisms for this Pb assisted SCC (PbSCC) remained unanswered for 

several decades, due partly to a shift in focus to the mentioned PWSCC concerns and limitations in 

characterization techniques. Only recently has characterization technology become available that could 

analyze materials at high enough magnification and adequate spatial resolution to draw conclusions 

regarding the nano-scale role of Pb in crack tip chemistry and morphology. Bruemmer and Thomas were 

the first to successfully produce transmission electron microscope (TEM) crack tip-containing samples 

from ex-service alloy 600 steam generator tubing, using a tedious and laborious technique of sequential 

ion milling and surface analysis in SEM to expose the crack tip, which is difficult to apply for micro-to-

nano scale site-specific selection  - Figure 3 [26].  

 

Figure 3 Sample preparation technique employed by Bruemmer and Thomas to isolate and 

characterize PbSCC crack tips from an Alloy 600 ex-service tube in TEM. [26] 
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Using a fine-probe EDX (energy dispersive x-ray spectroscopy) detector in TEM, their findings 

interestingly showed that Pb was likely concentrated along the metal-oxide interface (Figure 4), although 

it remained undetected in solution. Additionally, they discovered porous zones at the crack tip that would 

remain unexplained until over a decade later, when a mechanism was proposed for Pb-induced oxide 

impairment that could lead to dealloying, as will be discussed shortly. 

Further electrochemical experiments by Radhakrishnan et al. revealed more about the surface reactions of 

Pb on pure Ni and on a Ni-21Cr alloy [3]. They noted that the addition of 5 mM Pb to a 0.1 M HClO4 

solution altered the polarization response of pure Ni by lowering the current density within the pre-

passive range - Figure 5. This semi-protective phenomenon is due to the deposition of metallic Pb on the 

Ni surface, which occurs by an underpotential deposition mechanism (UPD). The latter is deposition of 

soluble Pb at a potential less negative than the expected Pb/Pb++ equilibrium electrode potential. The 

importance of the UPD layer is that it may alter the corrosion performance of the system – Radhakrishnan 

et al. suggest this may occur by Pb occupying sites where OH– would typically adsorb as a precursor to 

form a passivating layer, in a similar way that S inhibits passivation in Ni systems (but it should be noted 

that the interactions with the surface and oxide for Pb and S are considerably different). This UPD (or just 

deposition in general [27]) would later serve as a necessary precursor (in some systems) to a PbSCC 

mechanism proposed by Persaud et al [1] [2].  
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Figure 4 Fine-probe EDX analysis at a crack tip performed by Bruemmer and Thomas which 

indicates that Pb is concentrated at the metal-oxide interface. (top) EDX spectrum with 

characteristic energies shown for the elements present. (bottom) line scan of Pb concentration 

across a metal-oxide interface in Alloy 600. [26] 
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Figure 5 Cyclic voltammetry experiment performed by Radhakrishnan et al. Pure Ni in 0.1 M 

HClO4 at 90 ˚C, Pb concentration noted on figure. Note that the current density is reduced in the 

Pb contaminated test in the pre-passive region due to the adsorbed Pb acting as a semi-passivating 

layer. [3] 
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Persaud et al. applied focused-ion-beam (FIB) milling to excavate and examine PbSCC crack tips in TEM 

[1]; a relatively more accurate and established FIB method than the sequential SEM/ion milling 

performed by Bruemmer and Thomas, noting that their work was leading-edge at the time of publication. 

The in-plane crack tip removal by FIB-milling is shown in Figure 6. This method allowed for TEM 

analysis, as well chemical characterization by electron energy loss spectroscopy (EELS) and EDX, which 

helped to elucidate the role of Pb in corrosion at the crack front. Chemical data indicated that a porous Ni-

rich structure existed along the crack walls, suggesting that a dealloying process takes place during 

cracking (Figure 7). This was supported by the observation of Ni-rich, and potentially porous regions at 

crack tips. Additionally, Pb was found to be concentrated specifically at the metal-oxide interface, as was 

initially observed by Hwang et al. [28], and a Cr-rich oxide was also noted at crack tips – see Figure 7. 

These findings led Persaud et al. to conclude that cracking was due to a successive oxidation and 

dealloying process, wherein film rupture of the Cr rich oxide leads to Pb deposition and slowed 

repassivation kinetics enabling thermodynamically favourable Fe dissolution (dealloying), eventually 

resulting in the porous Ni along crack walls. This brittle Ni-rich film would eventually rupture initiating a 

film-induced cleavage mechanism (see Section 2.3.2).  This mechanism proposed by Persaud et al. is 

supported by the impaired passivity of Cr imparted by adsorbed Pb, which was previously suggested by 

Hwang et al. [28]. A later atom-probe tomography study by Persaud et al. would confirm the porous Ni 

structure along crack walls, and conclusively identify segregation of a metallic Pb layer at the metal-oxide 

interface [1]. These findings were used to support the proposed mechanism of PbSCC by sequential film 

rupture and dealloying. In other materials PbSCC can manifest in other ways, but in all cases of dissolved 

Pb in aqueous solutions the element seems to play a role in disturbing oxide formation. 
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Figure 6 Site-specific crack tip extraction by FIB-milling. [1] 
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Figure 7 TEM dark field image, and EELS elemental maps of PbSCC in Alloy 800 after being 

exposed to 3.0 mol/kg NaCl, 0.54 mol/kg NaOH, 500 ppm Pb (added as PbO) and 6 ppm dissolved 

H2 at 330 ˚C. Elemental concentration values are noted for some regions, however these values are 

semi-quantitative and should not be considered absolute. [1] 
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2.2.1.2 Sulfur induced SCC 

S is well known to promote failure in Ni-based materials by inducing cracking and accelerating 

dissolution kinetics. In 1979 [29], Marcus performed a series of important experiments elucidating the 

effects of S on Ni corrosion, where S was introduced to the system through a variety of ways. Marcus 

performed polarization experiments in a 0.1 M H2SO4 solution at 25 ˚C on single-crystal Ni with a single 

adsorbed monolayer of radio-tracer S on the surface (radiotracer S was used to monitor the concentration 

and distribution of S within the system). Results indicated that for all tested crystal orientations, the 

dissolution kinetics were increased by as much as 10 times, and the dissolution potential was shifted to be 

increasingly anodic with adsorbed S, making dissolution increasingly thermodynamically favorable – see 

Figure 8. The same was true for later experiments which were repeated for Ni-Fe alloys [30]. The varying 

degree of accelerated dissolution relative to the crystal orientation is owing to changes in the epitaxially 

structured adsorbed S monolayer: for the case of the (100) surface, the adsorbed S layer can accelerate 

dissolution kinetics, and re-adsorb on a lower atomic plane more efficiently than for other 

crystallographic surfaces [31].  

 

 

Figure 8 Polarization curves of (a) single crystal pure Ni and (b) single crystal Ni with an adsorbed 

S monolayer for the various crystallographic orientations indicated on the plots [29]. 
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Marcus continued to experiment on S-Ni systems by altering the way S is introduced to the system; tests 

were performed for Ni-S alloys, and for pure Ni exposed to a S containing electrolyte. In all cases, the 

results are the same; above a critical concentration of S, passivation is entirely prohibited, and dissolution 

is accelerated.  

The mechanisms by which S enhances corrosion were explored by Marcus in later articles, where surface 

science phenomena were investigated in detail. Marcus suggested that the absence of a passive layer in 

sufficiently high concentrations of S was owing to the role of S in poisoning sites for adsorption of O 

containing species [31], as is shown Figure 9. In this way, OH- could never achieve a high enough 

adsorption layer to initiate formation of an interconnected passivating oxide that would be free of S (i.e., 

S would be either incorporated in the passive-like film, or S would completely displace OH- anions 

entirely).  

 

Figure 9 Schematic illustrating how S inhibits passivation by poisoning sites for hydroxide anions to 

adsorb on the metal surface [31] 

For Ni systems with established protective oxides, Marcus suggested that sulfur present in the bulk 

material will migrate to the metal-oxide interface where it will remain, as S bonds strongly with Ni [32]. 

The S at the metal-oxide interface creates a magnetic surface dipole that enhances metal dissolution and 

diffusion of cations through the oxide layer [32] - Figure 10. Additionally, as S accumulates at the metal-

oxide interface, the 
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bonds between the oxide and the substrate are weakened, eventually leading to decohesion or allowing for    

easier rupture of  a passive film producing SCC as shown in Figure 13 by Persaud et al.. 

 

Figure 10 Film breakdown of a passivating film due to S present in the bulk material. A fourth step 

is possible, whereby a sufficiently high concentration of S present at the metal-solution interface 

can lead to decohesion of the oxide film. [32] 

 

2.3 Mechanisms Proposed for SCC of Nickel Alloys in Nuclear Relevant Conditions 

2.3.1 Slip Dissolution 

The slip dissolution mechanism of SCC occurs by disruption of a protective oxide at a crack tip, 

followed by localized anodic dissolution to progress the crack front before passivation is restored 

through oxide growth [11]. This mechanism was first suggested by Logan in 1952 [16], who 

performed tensile tests on coated (atmospherically-formed surface oxide) and uncoated metals (Al, 

Mg, brass, steel) exposed to oxidizing electrolytes in the presence of air and Ar: A summary of test 

conditions and materials can be found in 

Table 1. Logan measured the open circuit potential during stress tests on both as prepared materials tested 

in atmosphere, and materials which had received surface treatment to remove atmospherically formed 

protective films in an argon containing environment – the purpose of this latter sample preparation 

technique was to test the stress/chemical response of the material without the presence of its 

atmospherically produced surface oxide. 
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* VSCE refers to the “saturated calomel electrode”, which is the reference electrode against which voltage 

values were measured. 0 VSCE = 0.241 VSHE at 25 ˚C. SHE is the standard hydrogen electrode, which is 

the standard for electrochemical experiments.  

Table 1 A summary of materials and electrolytes for tests performed by Logan. [16] 

Material Environment 

24S-T4 Al alloy KCl (saturated) 

Cu-30Zn brass 
5% NH4OH + 5% (NH4)2CO3 

Cu-36Zn-3Pb 

AZ31 Mg alloy 3.5% NaCl + 2% K2CrO4 

Low-C steel 5% NH4NO3 

Type 302 Stainless Steel KCl (saturated) 

 

By comparing the electrochemical potential for the above materials when strained to failure, Logan 

discovered that the difference in potential of the atmospherically-coated and surface-treated uncoated 

materials was the same as the difference in potential for the atmospherically-coated material when 

strained to failure: A surface potential difference of between -0.12 VSCE and -0.76 VSCE for the uncoated 

vs coated materials before strain, and a potential difference between -0.16 VSCE and -0.70 VSCE* for a 

coated material during strain. This indicated that in both cases of fracture, bulk metal was exposed to 

solution and allowed to oxidize, and that the same oxidation/dissolution process occurred regardless of 

surface treatment. This led Logan to formulate the “film-rupture mechanism”, whereby dynamic strain at 

the crack tip could jeopardize the protective surface film  (hence, “film-rupture”), leading to anodic 

dissolution (as was supported by their electrochemical data) until repassivation can occur.  

Scully [33] proposed that instead of cracking through the protective surface layer at crack tips, dynamic 

plastic strain could lead to a slip-step emergence, as is shown in Figure 11. This led to the name change 

from “film-rupture” to “slip dissolution”. The mechanisms of crack progression are the same (anodic 

dissolution), however the mechanisms of bulk metal exposure are different; today the two terms are used 

interchangeably, though their distinctions should be acknowledged. 
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Figure 11 Slip dissolution mechanism, where the protective film at the crack front is penetrated due 

to slip incurred by dynamic plastic strain. (A) A crack tip coated in a protective film (B) Slip at the 

crack tip leads to emergence of bulk metal (C) Bulk metal, now exposed to solution, dissolves 

anodically (D) Repassivation occurs, and anodic dissolution is halted until another slip event 

exposes the bulk metal at the crack tip. P indicates a slip plane convergent with the crack tip. [33] 

From the work of Logan, many researchers applied the film-rupture mechanism to rationalize the kinetics 

of SCC, and the success of these models have allowed the mechanism to persist as a candidate for SCC. 

Vermilyea attempted to assimilate crack tip factors of cold working, strain rate, creep rate, and oxidation 

rate into a developed model which was used to predict the crack growth rate attributed to slip dissolution 

[17]. However, there was little data available at the time for these nuanced crack tip processes, and the 

model could not be verified. Ford would revisit Vermilyea’s model years later, providing the crack tip 
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data that had previously been missing by performing cyclical loading experiments on low alloy steels 

(A533B, A508) used in light water reactors [34]. Ford discovered that the slip dissolution model had good 

agreement with crack growth rates in low alloyed steels exposed to oxidizing, relatively pure water at 288 

˚C. 

Recently, Persaud et al. have used modern characterization techniques to validate the slip dissolution 

mechanism in alloy 800 exposed to acid sulfate solutions at high temperature (0.5 mol/kg sulfate, pH280˚C 

= 3) [23]. Persaud et al. produced convincing STEM-EDX (scanning transmission electron microscopy) 

chemical mapping which showed that intergranular (IG) slip dissolution was responsible for cracking, but 

only at certain surface concentrations of S. At relatively lower surface concentrations of S, cracking will 

be followed by some degree of surface adsorption of both hydroxide and S, allowing for the formation of 

a partially protective oxide layer with incorporated sulfur. This mechanism is noted from the STEM-EDX 

chemical maps displayed in Figure 12, which shows that S in relatively low concentration* is 

incorporated in the Cr oxide. Note that this crack is approximately 5 µm away from a developed pit. This 

metastable, poorly adherent layer (S incorporated in a Cr oxide) will be ruptured by dynamic strain at the 

crack tip and SCC can progress by anodic dissolution as per the slip dissolution mechanism. Interestingly, 

Persaud et al. found that at greater surface concentrations of S, oxide nucleation was nearly prohibited, 

and instead aggressive localized dissolution progressed by a pitting mechanism due to no oxide film 

reformation being possible. The pit chemistry and morphology is displayed in Figure 13.  Further 

literature review on the precise effect of S in SCC of Ni and Fe-based alloys is discussed in Section 

2.2.1.2. This research underlines the sensitivity of SCC mechanisms, whereby the same material exposed 

to the same environment can undergo multiple degradation modes simultaneously (i.e., SCC and pitting), 

only micromeres apart.  
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Figure 12 IGSCC in Alloy 800 exposed to acid sulfate solution (0.5 mol/kg sulfate, pH280˚C = 3) 

which progressed by a slip-dissolution mechanism. S was detected at comparatively low 

concentrations relative to pits which were present in this sample – chemical data for pits can be 

found in Figure 13. [23] 

 

Figure 13 Pitting in Alloy 800 exposed to acid sulfate solution (0.5 mol/kg sulfate, pH280˚C = 3). S was 

detected at comparatively high concentrations relative to IG cracking shown in Figure 12. Also, O 

was notably absent at the pit surface, suggesting near complete coverage of an adsorbed S layer. 

[23] 
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2.3.2 Film Induced Cleavage 

Cracking by film induced cleavage (FIC) is said to occur through a series of step-like fracture events, 

which generate at high speed (hundreds of metres per second) through a brittle surface layer. The high-

velocity and energy of fracture through the brittle film extends into the bulk metal as cleavage fracture 

before blunting and arresting, and the newly exposed bulk metal then corrodes to reform a brittle surface 

film so that the process can repeat cyclically. The cyclical FIC process is represented schematically in 

Figure 14. 

 

 

 

Figure 14 Depiction of the FIC mechanism: dealloying results in the formation of a brittle 

nanoporous layer. A crack then extends through the brittle layer into the bulk metal, exposing bulk 

metal to electrolyte. A new brittle layer forms in the exposed bulk metal and the process repeats. 

[11] 

Formation of a brittle surface layer is a necessary precursor to FIC; without it, there will be no cracking 

extending into the bulk material, and instead cracking may be limited to a small volume near the crack tip. 

The role of dealloying in FIC is most pronounced in a binary system, for this reason much of the early 
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work on FIC was performed on Cu-Zn brasses, as they would readily produce a brittle surface film 

through dealloying (selective dissolution of Zn) [15] [35] [36] [37]. When exposed to an acidic solution, 

the Zn present in brass will oxidize by dissolving into solution (accompanied by O2 reduction, or another 

possible reduction half-cell reaction) but Cu will remain stable as solid metal below 0.34 VSHE (standard 

hydrogen electrode) [12]. In this way, selective dissolution, or “dealloying”, of Zn leaves behind a porous 

structure comprised entirely of metallic Cu. The properties of this porous region depend on many 

structural and environmental factors, but can be brittle owing to its reduced density (nanoporosity) and 

inability to accommodate slip through the porous ligaments [37] [38] [39] [40]. The dealloying process is 

not limited to simple alloys, and has been noted in many engineering materials where a reactive element 

can selectively dissolve, such as in Al alloys [41] and steels [42]. 

Investigations into a FIC mechanism were first performed by Edeleanu and Forty [13], who conducted 

fracture tests on α-brass (Cu-30Zn) in ammonia. The typically ductile brass displayed characteristics of 

mixed IG/TG (transgranular) brittle fracture, but only when stressed in the presence of ammonia. 

Edeleanu and Forty suggested that “dezincification” (dealloying) could occur, leaving behind a 

nanoporous Cu-rich film; this film, having brittle properties relative to the bulk material, can then crack at 

such a velocity that cleavage fracture occurs into the bulk metal before blunting, arresting, and repeating 

the cyclical cracking process. FIC is distinct from other mechanisms of film breakdown, as it exposes 

significantly more bulk metal by penetrating beyond the surface film and extending into the bulk 

materials. In other cases, film breakdown is often restricted to a much smaller volume surrounding the 

crack tip, resulting in slip-dissolution, film rupture, etc – see section 1.3.1.  

The sequential, discontinuous cracking characteristic of FIC gained credibility a few decades later when 

Beavers and Pugh [37] performed a series of experiments using very clever acoustic measurements to 

monitor fracture events. They performed tests on Admirality brass strained to failure in a 15 N 

ammoniacal solution containing 6g/L Cu, and found the TG cracking to be highly directional relative to 

grain orientation: Fracture facets were noted along parallel (110) planes, which were connected by 
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sheared (111) planes – see Figure 16. Additionally, acoustic measurements suggested that a series of 

unique acoustic events took place during testing; with this, Beavers and Pugh concluded that the cracking 

of Admirality brass occurred due to a series of discontinuous fracture events. However, they failed to 

mechanistically explain the crack-tip reactions which would result in discontinuous fracture, nor relate 

cracking to the process of dealloying.  

Sieradzki and Newman [14] [43] were the first to prove that stress corrosion cracking in brass (Cu-36Zn) 

in 1 M NaNO3 at room temperature occurred through sequential short and rapid cracking events, which 

were followed by periods of anodic dissolution attributed to dealloying. Their findings proved that 

acoustic events emitted during fracture corresponded to spikes in anodic current transients, which 

effectively corresponds to an increase in the rate of anodic processes (oxidation).  

 

Figure 15 Measurements of anodic current transients (CT) and acoustic emissions (AE). (Top) Raw 

data of CT vs AE (bottom) inset from the above data. Arrows indicate the timing of AEs which 

clearly correlates AE to spikes in measured CT. [43] 
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In this case, the increase in anodic current is due to cracking extending through the brittle, dealloyed 

surface film, which exposes bulk metal to solution such that a greater degree of Zn can oxidize/dissolve, 

thus increasing the anodic current. Their acoustic and electrochemical data is presented in Figure 15, 

showing the link between acoustic emissions and spikes in anodic current density. The excellent 

correlation between these measurements indicates that cracking is responsible for the period of increased 

anodic current, which supports a FIC mechanism; cracking through a brittle film exposes bulk metal, 

newly exposed bulk metal will dissolve anodically via dealloying (thereby increasing anodic current 

density), and this process can repeat cyclically. Many of the SCC studies produced at the time when the 

FIC mechanism was gaining credibility observed highly directional cracking often related to slip systems 

in FCC metals. Kermani and Scully [35] performed SCC tests on α-brass in a 15 N ammonia solution 

containing 6 g/L Cu, and found that perpendicular fracture facets formed, suggesting that cracking 

occurred along (110), (100), (210) or some such perpendicular plane – similar to what Beavers and Pugh 

reported previously [37]. There was some speculation that this highly directional cracking could be 

distinct to FCC metals, since the (111) <110> slip system was unique to the FCC cell, but later studies 

would reveal that the FIC mechanism was attributed to the brittle surface film itself, and was not inherent 

to crystallographic structure. Birley and Tromans [36] performed similar experiments in distilled water at 

room temperature on βˊ-brass (Cu-33.5Zn – Cu-48.3Zn) – which has a body-centered cubic (BCC) 

structure, and consequently does not adhere to the same slip systems as FCC materials. The β-brass 

exhibited similar fractography consistent with previous FIC studies, indicating that FIC was not exclusive 

to FCC materials; a comparison between crack morphology of FCC vs BCC brass is displayed in Figure 

16. Birley and Tromons failed to provide grain orientation data, but from the fracture surface (Figure 16) 

it is evident that many of the fracture planes and crack striations are parallel, which would suggest that 

cracking could be dependent on microstructure. It is entirely possible that certain crystallographic 

directions have greater rates of dissolution, which would promote directionally dependent dealloying, and 

consequently cracking (this phenomenon is also pronounced in the slip-dissolution mechanism of SCC – 

see Section 2.3.3). Cracking along FCC slip systems, as noted by Beavers and Pugh [37], could be due to 
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* VAg/AgCl Refers to the reference electrode used during experimentation. 0 VAg/AgCl = 0.197 VSHE 

the greater degree of local misorientation along slip systems (areas of greater misorientation have a lower 

energy barrier for bonded metals to react/dissolve) as well as the enhanced diffusion rates for transport of 

reactive species to the crack tip. Langevoort et al. suggest that the greater degree of point defects along 

slip systems will act as sites for easier diffusion paths of species along the slip system [44]. This 

phenomenon (as suggested by Lozano-Perez et al. [45]), could act to enhance dealloying along FCC slip 

systems, and manifest in directional cracking. This same mechanism could be applied to BCC slip 

systems, though there may be many more cracking directions owing to the greater number of BCC slip 

systems (there are 48 BCC slip systems, and only 12 FCC slip systems [46]). 

   

Figure 16 (left) FIC in admirality brass (FCC) strained to failure in a 15 N ammonia solution 

containing 6g/L Cu [37]. (right) FIC of βˊ-brass (BCC) strained to failure in distilled water at room 

temperature [36]. 

Chen et al. [47] later proved that both IG and TG cracking could occur in the same Cu 30-Au sample after 

subjecting the sample to dealloying (+475 mVAg/AgCl , 0.6 M NaCl, room temperature, 30 minutes), as is 

shown in Figure 17. This research was significant at the time because it suggested that FIC was not a 

strictly IG/TG process, and that cracking mode could switch based on environmental parameters. Chen et 
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* VAg/AgCl Refers to the reference electrode used during experimentation. 0 VAg/AgCl = 0.197 VSHE 

al. concluded that FIC would propagate along whichever path provided sufficiently large strain, and the 

favorable pathway for FIC could be altered by adjusting the applied stress. At lower levels of stress, the 

plastic strain was inhomogeneously distributed along nearby grain boundaries, resulting in IG cracking. 

However, at higher levels of applied stress the dynamic strain becomes more homogenously distributed 

throughout the material such that strain becomes concentrated along slip systems, resulting in TG 

cracking.  

 

Figure 17 Fracture surface of a Cu 30-Au sample subject to a 3-point bending test until failure in 

0.6 M NaCl at room temperature. The fracture surface exhibits both IG and TG cracking. [47] 
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The above mentioned studies regarding FIC have all been performed on noble-metal/active-metal binary 

alloys, where the dealloying process is only dependent on the potential of the two alloying elements. 

These metals have a large difference in electrode potential between elements, with the noble element 

being highly stable in a given environment and the active metal readily dissolving. 

However, questions remained regarding how dealloying occur in the presence of a protective oxide, and 

how that impacts the FIC mechanism. To address these questions, Nisbet and Newman [48] studied the 

response of a 25 wt.% Cr duplex steel, and a 304L austenitic stainless steel in boiling chloride solutions (8 

M LiCl + 0.025 M thiourea, and 12 M LiCl+1 g/l FeCl3 respectively) undergoing slow strain rate tensile 

testing. Their fractographic studies suggested that even the resilient 25 wt.% Cr duplex steel, and 304L 

stainless steels exhibited both dealloying, and FIC. 

The fractographic comparisons of the stainless steel experiments to those of α-brass performed over a 

decade earlier exhibited marked similarities, and point diffraction TEM indicated the presence of a brittle 

porous layer at the metal surface. This suggested that the process of dealloying, and FIC through the 

dealloyed layer was entirely plausible, even in a material with a protective oxide film, thus underlining the 

ubiquity of the FIC mechanism. Nisbet and Newman did not comment on the inefficacy of the passivating 

Cr oxide in these tests, however it is plausible that a slip-dissolution or film-rupture mechanism could 

precede dealloying by perturbing the passivating surface oxide (i.e., exposing the underlying metal). A 

similar hybrid film-rupture/dealloying mechanism has been proposed by Persaud et al. for PbSCC in 

Alloy 800 [1] [2]. 

Advances in modern characterization techniques have allowed for further investigation of the FIC 

mechanism in recent years. Badwe et al. [15] have since revisited the FIC mechanism using the nano-

scale characterization techniques of atom-probe tomography, and TEM-EDX to confirm the presence of a 

dealloyed nanoporous layer in Ag-Au alloys (Ag-30Au, Ag-28Au), polarized at 1.26 VSHE for 60 s in 1 M 

HCLO4 at room temperature. Characterization of dealloying in these materials are displayed in Figure 19: 
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nanoporosity is evident from bright field TEM image, and the EDX line scan shows that the elemental 

composition changes drastically in the porous region, as Ag has dissolved out to leave behind a Au rich 

nanoporous region. Cracking through this established porous structure is evidence of the FIC mechanism 

– see Figure 19 (d). This work only confirms the conclusions drawn by the pioneers of the FIC 

mechanism made decades ago, and the characterization data found in Figure 19 is much more elegant now 

compared with what researchers were capable of in the 1980’s. 
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Figure 18 (a) Point TEM diffraction of metal, porous sponge, and corrosion product near the metal-

solution interface. (b) Line scan EDX across the 3 layers labeled in (a). Dealloying of Fe is evident in 

the sponge layer. [48] 
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Figure 19 Nano-scale characterization of FIC in an Ag-Au alloy [15]. (a) nanoporous region viewed 

in bright-field TEM, with line scan indicated for EDX analysis. (b) EDX data taken from line scan 

in (a). Dealloying is evident within the nanoporous region. (c) dark-field image of the dealloyed 

layer/bulk metal interface. (d) Lower magnification SEM image of a crack extending through an 

established nanoporous film, consistent with the FIC mechanism.   
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2.3.3 Slot Tunnel Corrosion 

The highly directional nature of some cases of SCC relative to the material microstructure have led 

researchers to search for microstructurally dependent SCC mechanisms, while still incorporating the 

(electro)chemical aspects of SCC. Swann was the first to propose that there could be a relationship 

between SCC and the dislocation substructure in metals [49]. Swann performed strain experiments using 

in-situ TEM to observe the dislocation structures of Cu and Fe alloys during deformation in a vacuum, 

and compared these results to readily available SCC data from literature. Swann noted that materials 

which had higher susceptibility to IGSCC also had highly organized, planar dislocation networks which 

Swann associated with stacking fault energy (SFE) measured using Whelan’s technique [50]; materials 

with lower SFE exhibited planar dislocation structures and were susceptible to IGSCC, while materials of 

higher SFE displayed cellular dislocation structures. 

The importance of SFE is how it influences dislocations - materials with high SFE support cross slip of 

dislocations, where a screw dislocation can exit its slip plane, and transfer to a convergent slip system 

[51]. This is relevant because it supports a cellular dislocation network wherein dislocation density is 

more diffusely distributed across more slip planes. For the low SFE material, cross slip is energetically 

unfavorable, and instead dislocations remain on their active slip plane, often dissociating into dislocation 

pairs [51]. This dissociation process in energetically favorable for a dislocation undergoing slip in an FCC 

material, and localizes slip to fewer close-packed planes. A comparison of dislocation structures for 

strained low SFE and high SFE materials is displayed in Figure 20. 

The relationship between SFE and TGSCC gained increasing credibility throughout the 1960’s, and was 

supported by Thomas and Allio [52], as well as Douglass [53], but the role of SFE on corrosion remained 

largely unexplored in the period that followed. Even Scamans and Swann, who later published an article 

outlining the highly directional TGSCC of austenitic stainless steels exposed to a chloride containing 

water solution at 150˚ C [54], did not mention SFE and its role on the directionality of corrosion. 
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Figure 20 TEM images of strained Cu alloys (left) Cu elongated 8% displays cellular dislocation 

network typical of materials with high stacking fault energy (right) Cu-8Al wt% elongated 5% 

displays planar dislocation netowrk typical of materials of low stacking fault energy. [49] 

 

Instead, Swann attributed the highly directional nature of the tunneling corrosion process to a slip-

dissolution mechanism, wherein anodic dissolution was favorable along the (110) <111> system (perhaps 

also plausible). The striking tunneling corrosion effect noted by Swann is shown in Figure 21 and Figure 

22.  

Burke would later investigate the role of SFE on TGSCC (transgranular stress corrosion cracking) for 

PbSCC of alloy 690 in a 10% NaOH solution at 307 ˚C, which maintained a tunneling corrosion 

mechanism that was highly dependent on microstructure, as is shown in Figure 23. Burke et al. employed 

a FIB milling technique to expose the crack plane, which can be viewed in Figure 24. They proposed that 

the directional corrosion tunnels which propagated along the (110) <111> system were evidence of a slot-

tunnel corrosion SCC mechanism.  
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Figure 21 Highly directional corrosion tunnels developed in a 304 stainless steel viewed in TEM. 

Corrosion tunnels follow a (110) <111> system. [54] 

 

Figure 22 (top) TEM images of the dissolved slots along (110) <111> systems in 302 stainless steel 

and (bottom) schematic illustrating the geometry of the dissolved slots. [54] 

  



35 

 

 

 

 

Figure 23 Serial SEM images of TGSCC of alloy 690 exposed to 10% NaOH at 307˚ C. Note how the 

direction of cracking often changes dramatically as the crack crosses a grain boundary. [55] 

Burke suggested that the lower stacking fault energy of Alloy 690 relative to materials of similar 

composition but lower Cr concentration (Alloy 600, Alloy 800, Hastelloy C-276) would result in more 

planar dislocation networks, as suggested by Swann [49]. This resulted in highly directional corrosion 

tunnels that developed along the (110) <111> system, which progressed by anodic dissolution. Burke 

attributed the inefficacy of the passivating oxide to dynamic strain at the crack tip inducing slip, resulting 

in the emergence of bulk metal as per a slip-dissolution mechanism, however recent research into PbSCC 

indicates a larger role of Pb in  impairing oxide passivity during film rupture, as is discussed in Section 

2.2.1.1. 
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Figure 24 Alloy 690 FIB analysis performed by Burke (a) crack tip to be explored using FIB, (b) 

milling along the crack plane, (c) the crack plane displays directional corrosion tunnels along the 

(110) <111> system, (d) alternate view of FIB milling location. [55] 
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2.3.4 Hydrogen Assisted Cracking 

Hydrogen is known to have deleterious effects on materials, and the role of H in material degradation has 

been documented as far back as 1875, when Johnson commented on what were remarkable changes (for 

the time) induced in Fe exposed to sulfuric acid [56]. However, the mechanisms by which H accelerates 

material failure remains a significant mystery, although material and environment dependence for 

degradation is now better understood. The numerous proposed mechanisms of H assisted cracking (HAC) 

involve atomic-scale H-material interactions, both at the metal-solution interface, and within the bulk 

metal.  

Materials which are strained in H-containing environments can undergo H ingress via an 

adsorption/absorption mechanism displayed schematically in Figure 25, thus facilitating HAC. Some 

impurities, such as sulfur, are known to accelerate HAC by poisoning sites for H-recombination, and 

creating a magnetic dipole at the metal-solution interface which assists H ingress [57]. This phenomenon 

is of particular importance in the oil and gas industry, where H2S which is present in the natural 

environment can induce HAC on steel pipelines exposed to sub-terranean chemical and biological species 

[57] [58] [59]. Mechanistically, these impurities alter the rates of H recombination (kr) and dissociation 

(kd) shown in Figure 25: A greater degree of adsorbed impurity species will mean there are fewer surface 

locations for protons to recombine, which ultimately reduces the kr and increases the surface concentration 

of H to catalyze adsorption, and inhibit recombination (recombination would result in the formation of H2 

bubbles which would not ingress into the material).   

Materials exposed to acidic solutions can be particularly susceptible to HAC due to the increased 

concentration of H in solution, and catalyzed H+ reduction, thereby facilitating surface 

adsorption/absorption. Regardless of how H is introduced to the material (i.e., as a gas or via reduction of 
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protons), once incorporated in a metal alloy as atomic H it can accelerate failure by a number of proposed, 

but not proven, mechanisms.  

 

Figure 25 Mechanism for H adsorption, and H surface reactions on a material surface. The top 

pathway indicates how adsorbed H may recombine to form harmless gas bubbles, whereas the 

bottom pathway ends in H absorption into the material. Impurities such as S can reduce the kr by 

poisoning sites for H recombination, which results in a greater surface concentration of Hadsorbed 

which can become Habsorbed. [57] 

2.3.4.1 Hydride Cracking 

In a metal super-saturated with H, H can precipitate out in the form of hydrides – this can be observed in 

any metal-H phase diagram. Precipitation of metal hydrides can be problematic as they are generally more 

brittle than the ductile base metal, which is known to induce unexpected cracking at stress states lower 

than the yield stress of the unhydrided metal [60] [61] [62] 

Thermodynamic studies have proven that stress can influence the solubility of H in solid solution; in fact, 

the chemical potential of H is reduced in areas of greater stress relative to the unstressed bulk metal [63] 

[64]. This makes crack tips favorable areas for hydride precipitation since the crack tip is an area of 

concentrated localized stress, and therefore H can accumulate at concentrations higher than bulk 

concentration, and above the saturation limit. Applied stress can also alter the morphology of hydrides: 

This phenomenon is particularly pronounced in Zr-H systems, where it has been found that a sufficient 
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stress applied during hydride precipitation can orient hydride platelets such that the hydride platelet 

normal is parallel to the stress direction, which can severely decrease the tensile strength of the material 

[65] [66] [67]. An example of this stress-oriented hydriding is displayed in Figure 26.

 

Figure 26 Hydrides oriented relative to stress in Zircaloy-4 (a) unstressed material (b) material 

stressed to 137 MPa during hydride precipitation. The stress direction is horizontal relative to the 

page. [65] 

Stress-induced hydrides can form at crack tips, and HAC can be carried out by cyclical hydride formation 

at the crack tip and brittle cracking through the hydride [62] [66], as is shown schematically in Figure 27. 

The hydride-cracking mechanism is heavily dependent on the stability of the hydride, as well as the 

mechanical properties of the hydride; both of these factors change with temperature and H concentration, 

making the hydride cracking mechanism applicable to only cases of HAC where the hydride is stable 

during a period of applied stress. For example, in Alloy C-276 it has been found that hydrides can form at 
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500˚ C, but will dissolve into air at room temperature, thus limiting the range of conditions where a 

hydride cracking mechanism could be plausible [68]. 

 

Figure 27 Schematic illustrating the hydride cracking mechanism. H segregates to the stressed 

crack tip and forms a brittle hydride. Cracking then occurs through the hydride and the process 

repeats cyclically. The stress direction is vertical relative to the page. [69] 

2.3.4.2 Hydrogen Enhanced Decohesion 

A mechanism for H enhanced decohesion (HEDE) was first proposed by Pfiel in 1926 who suggested that 

the presence of H in Fe, introduced by “pickling” (freely-corroding) Fe in sulfuric acid (solution with 

acidic strength 5%-25% by volume, current density of 31-186 mA/cm2, 0.25-18 h), decreased the cohesive 

strength within the material’s crystal structure [9]. Pfiel commented that the absorbed H clearly had a 

weakening effect on grain boundaries, as many mild steel samples experienced brittle IG failure. For 

instances of TG cleavage, Pfiel commented that the strength of the sample was subject to the angle of the 

cleavage plane relative to the stress intensity, and concluded that the overall reduction in strength relative 

to the non-hydrogenated material was owing to a reduction in cohesion across the cleavage plane.  This 

reduction in cohesive strength was evident from tensile test data, which indicated that a sample could 

fracture at as low as 77 MPa in pickled samples, whereas over 154 MPa was required to fracture an 

unpickled sample [9].   
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Troiano [70] built off Pfeil’s initial theory after reviewing much of the recent (at the time) literature 

regarding HAC; Troiano suggested that the electrons of H atoms dissolved in solid solution could enter 

the d bands of the metal atoms in the material. In this way, the electron cloud of adjacent metal atoms 

would be lengthened, and the overlapping of their d bands would result in an increase in repulsive force, 

thus lowering the cohesive strength between adjacent atoms. Oriani would later provide thermodynamic 

calculations indicating that H decreased the maximum cohesive resistive force within an Fe crystal lattice, 

supporting the HEDE mechanism (also supporting Pfiel’s earlier prediction) [71]. Oriani noted that the 

decohesion mechanism was distinctly different in BCC and FCC crystal structures, due to differences in H 

diffusivity, as well as the number of slip planes operative within the crystal structure. In fact, the 

diffusivity of H is about two orders of magnitude greater in BCC than FCC Fe, making it much harder to 

propagate HEDE in austenitic than ferritic stainless steel, as it takes longer to reach a sufficiently large 

concentration of H. 

The HEDE mechanism may occur in a material in areas where H can accumulate; an extensive study into 

the binding energy of H within steels by Hirth revealed that many features can act as H traps, such as 

grain boundaries, particle-matrix interfaces, and even dislocation cores [72]. In this way, H atoms can 

essentially be transported by mobile dislocations by remaining coherent with the dislocation core during 

deformation [73]. This means that H may be actively transported to dislocation sinks as well, such as 

grain boundaries and particle-matrix interfaces. Figure 28 shows how H can congregate at certain 

microstructural features, and how H can weaken metal-metal bonds to induce decohesion.  
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Figure 28 HEDE mechanism displayed schematically at areas of high H concentration in a stressed 

material (i) decohesion at a stressed volume ahead of a crack tip (ii) decohesion at an atomically 

sharp crack tip (iii) H transport to the particle/matrix interface via dislocation, and decohesion at a 

particle/matrix interface. [69] 

2.3.4.3 Hydrogen Enhanced Localized Plasticity 

In 1972, Beachem attempted to consolidate observations made in literature regarding failure in the 

presence of H into a new model of H assisted cracking called H enhanced localized plasticity (HELP) [7]. 

Beachem performed a series of experiments on mild steels (0.15-0.39 wt% C) in conditions designed to 

promote SCC (3.5% NaCl, freely corroding) and HAC (3.5% NaCl, attached to a Mg  

anode), and compared the results to differentiate between these two distinct cracking modes. These test 

conditions were chosen based on the findings of Brown [74], who suggested that in the mildly acidic (pH 

= 6.4) 3.5% NaCl solution, the pH at the crack front persisted as 3.5 owing to the well-known hydrolysis 

of metal ions in confined regions (i.e., crack tips) in solution given by the reaction in Equation 1. 
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Equation 1 [74]   𝑴+𝒛 + 𝒙𝑯𝟐𝑶 ⇆ 𝑴(𝑶𝑯)𝒙
(𝒛−𝒙)

+ 𝒙𝑯+ 

 

Figure 29 Plot indicating the suggested relationship between stress intensity, H concentration and 

fracture mode on HAC, as suggested by Beachem for his theory of HELP. Critical H concentrations 

are noted on the x-axis to indicate when intergranular (IG), quasi-cleavage (QC) or micro-void 

coalescence (MVC) would occur without the presence of an applied stress. [7] 

Beachem subjected strain on samples using a wedge-loading design, which allowed for the analysis of 

stress intensity and its effect on cracking mode, as the stress intensity at the crack tip lowered throughout 

the experiment. Beachem challenged the “embrittlement” attributed to HAC, since their experiments 

presented significant ductility on the fracture surfaces of failed samples. In fact, the experiments displayed 
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multiple fracture modes throughout the course of the experiment as the stress intensity of the crack tip 

decreased. Significant surface dimpling characteristic of micro-void coalescence (MVC), and tear ridges 

in the quasi-cleavage (QC) and IG cracked zones were undeniable evidence of ductile fracture. Beachem 

consolidated these observations to form a new theory for HAC, which was dependent on factors of stress 

intensity, H concentration, and microstructural features – Figure 29 shows how the cracking mode is 

altered based on these input parameters.  

Beachem concluded that this characteristic ductile behavior was owing to the role of H-dislocation 

interactions, wherein H was believed to “unlock” dislocations, thus facilitating plastic deformation. The 

“unlocking” mechanism was suggested as it was found that dislocations had a tendency to multiply or 

move at reduced stress in the presence of H. This was very significant because it challenged the typical 

models of what had always been referred to as “H embrittlement”, now these mechanisms are referred to 

as “H assisted cracking” as Beachem suggested that although the macro-scale deformation characteristics 

were brittle, the nanoscale dislocation interactions were in fact characteristic of ductile deformation. The 

HELP mechanism is displayed schematically in Figure 30, showing how the HELP mechanism can 

promote fracture by MVC.  

The HELP mechanism was supported by the flow stress calculations of Beachem and Sofronis [10], who 

provided evidence of dissolved H facilitating dislocation motion. Their thermodynamic calculations 

proved that H accumulated around dislocation cores would lower the repulsive force between adjacent 

dislocations of the same burgers vector, and at sufficiently high concentrations of H could even result in 

an attractive force between the dislocations. 
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Figure 30 Schematic illustrating how cracking progresses by the HELP mechanism in the form of 

MVC, in the case of failure at high [H] and high KIc. Increased [H] in the region ahead of the crack 

tip is suggested to lower the energy barrier to dislocation motion, thus facilitating plastic flow. For 

sufficiently high dislocation activity, it is possible for voids to form ahead of the crack tip, 

supporting a MVC cracking mode. [69] 

This “H shielding” effectively decreased the strength of all interactions between dislocations and 

dislocation barriers, thus lowering the strength of the material and facilitating plastic deformation. An 

important caveat to the HELP mechanism was made by Beachem and Sofronis, who noted that H 

shielding could only be plausible if the mobility of H is high enough such that it can remain in the strain 

field of dislocation during fracture. They concluded that this was only possible at temperatures where the 

diffusivity of H is sufficiently high, and at low enough strain rates such that H does not “lag behind” the 

dislocation.  

2.3.4.4 Adsorption Induced Dislocation Emission  

Adsorbed chemical species have been found to accelerate cracking in metals, a phenomenon that has been 

noted in metal-H systems dating as far back as 1956 when calculations formulated by Petch indicated that 

adsorbed H could lower the minimum stress requirement to induce slip in crystal metals [75]. Petch 

commented that H adsorbed on metallic Fe “might be the cause of reduced strength” but could provide no 
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concrete mechanism to explain this phenomenon. Clum would later support the theory that adsorbed H 

can promote deformation by generating dislocations at the crack tip [76]: Clum suggested that H adsorbed 

at a surface must catalyze dislocation nucleation, and that the degree of H adsorption would dictate the 

degree of embrittlement. Clum speculated that the ability for H to adsorb at the crack tip could lower the 

overall surface energy of the system, as well as the stacking fault energy, to lower the energy barrier to 

dislocation nucleation, as was supported by his thermodynamic calculations [76]. 

Lynch would build on Clum’s theory of adsorbed H catalyzing dislocation emission by developing the 

adsorption induced dislocation emission (AIDE) mechanism, which consolidated surface and bulk 

interactions between H and a material to explain the weakened mechanical response of the material [8]. 

Lynch explained that the degree of adsorbed H at the crack tip would affect the degree of surface 

perturbations to the crystal structure due to electron charge transfer of the adsorbed species - this would in 

turn effect the surface energy and stacking fault energy indicated by Clum to affect the stress barrier to 

dislocation motion. Lynch explained that adsorption at the crack tip would weaken interatomic bonds to 

facilitate nucleation of dislocations, and later modeling experiments would verify this phenomenon [77].   

Lynch suggested that a combination of enhanced dislocation emission, void nucleation ahead of the crack 

tip, and MVC were responsible for the majority of H accelerated failures. Symmetrical dislocation 

emission along the fracture plane ahead of the crack tip could result in void formation. H present in the 

stressed zone ahead of crack tips could adsorb at the walls of these voids ahead of the crack tip, resulting 

at AIDE at multiple locations at and along the crack front. As cracking progresses, voids ahead of the 

crack tip would become interconnected, supporting a MVC mechanism. The AIDE mechanism is 

displayed schematically in Figure 31. The AIDE mechanism is particularly impactful as it can be used to 

explain failure in high strain-rate cases where the hydride, HEDE and HELP mechanisms are not 

applicable since surface adsorption of H can occur sufficiently fast to keep up with the progressing crack 

front. 
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Figure 31 Schematic representation of the AIDE mechanism: Adsorbed H at the crack tip facilitates 

dislocation nucleation and emission; dislocation emission ahead of the crack tip results in void 

formation; cracking progresses by coalescence of the voids ahead of the crack tip, leaving behind a 

dimpled fracture surface. The AIDE mechanism is similar to HELP, but it factors in the role of 

adsorbed H at the crack surface in addition to H-dislocation interactions. [69] 
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Chapter 3 

Experimental Methodology 

3.1 Conditions of Failed Alloy C-276 Pull Rod 

The Alloy C-276 (composition shown in Table 2) pull rod was exposed to simulated CANDU secondary 

side water conditions within an autoclave while under an applied stress, the combination of which led to 

SCC initiation and unexpected failure after 2.5 years in service. Figure 32 shows the experimental setup in 

which the rod was used, note that the pull rod extends into the autoclave such that the tip of the rod is 

exposed to solution and therefore undergoes SCC. The stress applied varied over the lifetime of the pull 

rod, but the maximum applied load was 13.7 MPa at 280 °C for acidic conditions and 300 °C for caustic 

conditions. This is well below the yield stress for C-276, as is shown in Table 3, and so this is not a case 

of purely mechanical failure. 

 

Figure 32 Experimental setup for tensile testing rig within an autoclave. The pull rod was used to 

apply tensile stress to the sample within the autoclave. As a result, the pull rod itself was also 

exposed to solution and underwent SCC. [78] 
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Table 2 – Composition of Alloy C-276 (wt. %) [79] 

Ni Mo Cr Fe W Co Mn V Si C Cu 

Bal 16 16 5 4 2.5 1* 0.35* 0.08* 0.01* 0.5* 

 

Table 3 Mechanical properties of C-276 [80] 

Yield Stress (MPa) Ultimate Tensile Stress (MPa) Elongation to Fracture (%) 

343 707.00 72.00 

 

The component was exposed to caustic (pH300C 8.5-9.5) Pb and Cl containing environments, [Pb] = 500 

ppm [NaCl] = 3 M, and acidic (pH280C 3-5) sulphate environments, [SO4] = 0.5 M. All environments were 

deoxygenated and in some cases H was added to solution. SCC of Alloy C-276 has not been studied in the 

described environments previously. 

3.2 Microscopy Techniques 

To study the mechanism of SCC, a micro-to-nano scale characterization approach was instituted, such that 

initial qualitative observations made at the micro scale were used to guide regions for site-specific extraction 

and analysis of the specimen at the nano scale. The benefit of this approach has been supported by Staehle 

as a “Quantitative micro-nano (QMN) approach to SCC” [81] [82] [83].  

For initial microscale analysis, scanning electron microscopy (SEM) was performed using a FEI FEG-Nano 

SEM to determine the chemistry, microstructure, and texture of the material. The aperture size was 30 µm  
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for flat surfaces, and 100 µm for the fracture surface; beam energy ranged from 5-18 kV depending on the 

surface finish and depth of analysis required. A Bruker QUANTAX detector was used for chemical analysis 

by SEM-EDX (energy dispersive x-ray spectroscopy), which is a non-destructive technique, and qualitative 

composition results from EDX are an excellent first step for characterization studies.  

A Bruker QUANTAX EBSD detector was used to analyze the crystal structure and secondary phases in the 

material. A working distance of 15 mm produced the best EBSD data in the FEI FEG-Nano SEM, and a 

beam energy of 15 kV was suitable for this material.  An Optimus TKD Detector head was used in 

conjunction with the Bruker QUANTAX detector to perform transmission kikuchi diffraction (TKD) 

analysis, which provides the same information as EBSD, but is applied to electron transparent TEM samples 

and applies nano scale step size.  This detector set up allowed for the detector to be placed directly under 

the sample so as to collect more diffraction data. The combination of EBSD and TKD is powerful for 

understanding material and mechanical property changes from the micro-to-nano scale. In combination with 

EDX, the potential for the mechanical, metallurgical, and chemical analysis, required for SCC, becomes 

apparent. 

A Zeiss NVision 40 Gemini dual-beam focused ion beam (FIB) was used to perform in-plane TEM foil 

extractions to produce two samples containing crack tips for further analysis, using conventional procedures 

described in other studies [23]. Samples were mounted to a copper TEM grid. The TEM analysis was 

performed using a FEI Osiris FEG-TEM, providing microstructural imaging and EDX at nanoscale 

resolution to complement SEM work. Scanning TEM (STEM)-EDX analysis was used to produce nano-

scale elemental maps, providing information on the qualitative composition change within cracks and at 

crack tips. The “bright regions” in EDX elemental maps represent regions of highest concentration and 

should be considered relative to the known background concentration in the base metal (see Table 2).  A 

ChemiSTEM EDX detection system comprised of 4 symmetrically placed silicon drift detectors was used 
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for all EDX analysis in the TEM. All imaging in the TEM was done at a voltage of 200 kV. Bruker Esprit 

2.1 software was used for all post processing.  

3.3 Sample Preparation 

The failed component was sectioned using a hacksaw, and fine cuts were made using a Struers Accutom-5. 

All analysis in this study was performed in the “primary oxidized zone” closest to the fracture surface, as 

indicated in Figure 33. The primary oxidized zone underwent a greater degree of surface oxidation as it was 

most often exposed to solution, while the secondary and tertiary zones were initially exposed to solution 

but withdrawn during tensile testing, and consequently underwent less surface oxidation. Preparation for 

scanning electron microscopy (SEM) imaging was done by grinding and polishing to produce a flat, mirror-

like surface. Grinding was performed from 120 grit to 600 grit using Si-C sandpaper, followed by polishing 

using a 6 µm diamond suspension. A 0.05 µm alumina suspension was used before a final finish using a 

0.06 µm colloidal silica suspension. Note that although the final polishing solution is coarser than the 

previous alumina suspension, it was found that this produced the best final surface finish. It was essential 

to clean the surface thoroughly with soap after polishing with colloidal silica to remove residue.  

 

 

Figure 33 Fractured pull rod viewed before sectioning. The rod exhibited varying degrees of 

oxidation, as labelled on the image. The primary oxidized region, where SCC occurred, was the 

focus of characterization in this study. 
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In order to better view the grain structure of the material, etching tests were performed to preferentially 

oxidize microstructural features. Freely-corroding chemical etches were performed on sectioned and 

polished C-276 samples which were mounted in phenolic resin such that only one surface was exposed to 

electrolyte. Chemical etches in Adler’s Solution (25 ml HCl, 37 ml deionized water, 4.5 g CuNH3Cl, 22 g 

FeCl2, room temperature) were relatively successful at revealing microstructural features after 1 hour 

submerged, and after 2.5 hours the sample was over etched - Figure 34.  

 

 

Figure 34 Chemical etching of polished C-276 samples after etching in Adler's Solution for (a) 1 hour 

(b) 2.5 hours. Viewed using an Olympus BH2-UMA optical microscope. 

Electro-etches were performed in a Haynes electropolishing solution (95 ml HCl + 5 g C2H2O4, room 

temperature) to see if it was possible to achieve a better surface finish than the chemical etches. First,  

etches were performed using a threaded stainless steel rod cathode (1/4”), and a machined stainless steel 

rod anode (1/8”) – see Figure 35 (c) and Figure 35 (d). These tests produced very uneven surface finishes, 

where etching was most concentrated around the contact point between the polished sample surface and 

the rod anode. In order to more evenly distribute current density across the sample surface, a wire cathode 

was used instead. Successful etches were carried out using a high purity Pt wire (99.99% Pt, 0.1mm), as 
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well as a stainless steel coil - Figure 35 (a) and Figure 35 (b). Although the stainless steel wire cathode 

produced adequate results for the first few attempts, the surface finish of the C-276 sample became 

increasingly worse with repeated use: This is most likely due to the reactivity of the low quality stainless 

steel in the Haynes electropolishing solution, which can release impurities into the electrolyte to alter the 

etching kinetics, and also alter the surface chemistry of the stainless steel cathode. An additional electro-

etch was carried out using a graphite cathode, but the test had poor repeatability – see Appendix Section 

8.1. 

Once the sample was adequately polished for SEM, site specific crack tips were selectively removed using 

a FIB lift out technique. The location of crack tips removed using FIB are shown in Figure 36. The rod was 

sectioned down the long axis by making a cut that was slightly biased to be about a millimetre away from 

the central axis, such that after polishing the sectioned fracture surface would be as close to the central plane 

of the rod as possible. Taking crack tip samples from near the centre of the rod was valuable as stress 

conditions could be approximated as uni-axial, whereas a crack tip extracted closer to the threading of the 

rod would have been subjected to combined loading. However extracting crack tips which are close to the 

threading could be valuable for analyzing precursors to SCC, and should be considered for future work. The 

FIB lift out method is a valuable technique for viewing SCC crack tips at nano-scale resolution, and has 

been popularized in recent years [1] [23] [84] [85]. The process of crack tip removal by FIB is shown in 

Figure 37. 
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Figure 35 C-276 polished surfaces viewed after electro-etching using an Olympus BH2-UMA optical 

microscope. (a) Adequately etched surface - Pt wire cathode, 4 V, 10s (b) Adequately etched surface 

- stainless steel wire cathode, 4 V, 7s (c) Under etched surface - 1/8” stainless steel rod cathode, 6V, 

5s (d) Over etched surface - 1/8” stainless steel rod cathode, 4 V, 10s 
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Figure 36 Schematic illustrating how the pull rod was sectioned in preparation for FIB lift out of 

crack tips. Red dots indicate the locations of the crack tips removed using FIB. 
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Figure 37 FIB lift out technique, used to create a working TEM sample of a crack tip. (1) Location 

of crack tip. (2) Deposition of W layer to protect the area of interest during FIB milling. (3) FIB 

milling around area of interest. (4) Crack tip sample is welded to a micromanipulator. (5) Crack tip 

sample is mounted to a Cu TEM grid. (6) Sample is thinned to electron transparency in preparation 

for TEM analysis.  
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Chapter 4 

Results of Characterization Techniques 

4.1 Micro-Scale SEM Analysis 

Bulk sample analysis was performed at the end of the rod which was not exposed to any high temperature 

or corrosive environments. This initial SEM analysis provided information regarding the bulk chemistry 

of the material, which proved to be the same as manufacturer provided composition (Table 2). Figure 38 

displays the fracture surface of the as-received specimen, which displays brittle IG fracture at this scale. 

For more photos of the fracture surface to confirm consistent findings, see Appendix 8.2. 

 

Figure 38 – SEM images of the fracture surface of the failed Alloy C276 pull rod. The inset indicates 

area of higher magnification shown on the right. 

4.1.1 EDX of Bulk Metal 

EDX elemental maps shown in Figure 39 indicate that there is no visible chemical segregation, and EBSD 

analysis suggested that the material was single phase (at this magnification). Straight line features through 

the grains are evidence of grain twinning; after reviewing literature it was determined that these are 
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annealed twins formed during manufacturing [86] [87]. Semi-quantitative chemical concentration data 

was collected using EDX, and was similar to manufacturer specified concentration data – see Table 4. 

 

Figure 39 EDX analysis of the bulk metal reveals no chemical segregation at the resolution of SEM 

and a composition consistent with manufacturer specifications. 

Table 4 Semi-quantitative chemical concentration of C-276 bulk metal (not exposed to solution 

within the autoclave) measured using EDX. Other elements which may have been present were at 

too low of a concentration to be detected. Concentration values are reported in wt. %. 

 

Cr Mn Fe Ni Mo W 

18.3 0.5 5.8 55.4 17.4 2.7 

4.1.2 EBSD of Bulk Metal 

EBSD data of the sectioned fracture surface revealed that the cracks within the material followed high 

angle grain boundaries (>30˚), as shown in Figure 40. Cracks preferentially propagated along grain 

boundaries which were perpendicular to the applied load, which is expected given that this is the direction 

of greatest stress intensity [46]. The grain size of this component is on the scale of hundreds of microns. 
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Figure 40 (left) EBSD map of the bulk metal reveals large grain size, random texture, and evidence 

of grain twinning. (right) A grain boundary misorientation map of the sectioned fracture surface. 

The grain boundary misorientation angle is labelled by the color bar. The red line parallel to the 

grain boundary indicates where cracking occurred within the sample. The tensile stress direction is 

indicated by the black arrows. 

 

4.1.3 TKD of Crack Tips 

TKD was performed to analyze the crystal structure of phases and orientation of grains in the material, 

and quantify the misorientation angle at grain boundaries. Figure 41 shows the results of the TKD 

analysis, displaying the quantified grain boundary misorientations in a map. The jagged features in the IG 

cracked sample were evidence of twinning, characterized by their specific misorientation. TKD results 

shown in Figure 41 indicate that only one grain boundary is present within the IG/TG cracked sample, and 

it is a high misorientation angle boundary of approximately 50˚. EBSD data indicates that the TG crack 

progressed along the (110) plane.  
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Figure 41 (left) Grain boundary misoreintation map for a sample which underwent IG cracking; 

the scalebar indicates the grain boundary misorientation angle, and the step size was 25 nm. (right) 

A GND of inset calculated using Mtex. The scalebar indicates the log of dislocations. The blue circle 

highlights a twin boundary of low dislocation density. The yellow circle highlights a linear high 

dislocation density network. Note that networks of both high and low dislocation density maintain a 

linear pattern, and follow the (110) plane. 

Using Mtex - a MATLAB® package - geometrically necessary dislocations (GND) [88] were calculated 

with diffraction data from TKD analysis. The MATLAB code was provided by Travis Skippon and is 

available open source at GitHub [89]. GND results are displayed in Figure 41 and Figure 42. The sample 

which exhibited strictly IG fracture displays high dislocation density along the grain boundary where 

cracking occurred, concentrated at grain boundary precipitates. Additionally, areas of both high and low 

dislocation density are evident along (110) planes. The twin boundary noted at the top of the image shows 

an area of low dislocation density. Figure 42 displays the highest local dislocation density at the grain 

boundary, with the linear low/high intensity locations following (110) planes. It should be noted that the 
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total dislocation density measured using this technique is above the range of what has been noted in other 

deformed materials, and is improbably large [88] [90]. However, for the purposes of this research it is 

impactful to observe the relative change in dislocation structures within this material, as this is useful for 

determining SCC mechanisms.  

 

Figure 42  (left) HAADF image of an IG to TG crack transition in a sample which underwent 

mixed-mode fracture. The cube indicates the texture of the grain in which the TG crack occurred. 

Note that the crack direction exists in the (110) plane – the crack direction follows the intersection 

of the (110) plane shown in blue, with the viewing plane shown in red. (right) GND of the sample 

which underwent mixed-mode cracking. Location of the HAADF image is noted by inset. Note that 

networks of both high and low dislocation density maintain a linear pattern, and follow the (110) 

plane. 

4.1.4 Serial FIB Sectioning 

Serial plasma-FIB sectioning and SEM imaging was employed to better observe the discontinuous nature 

of cracking in the pull rod. The advantage of plasma-FIB in this case is that it can mill at a much faster 

rate then conventional FIB, at the expense of resolution. For this sample, the plasma-FIB could mill a 50 

µm2 trench in less than 5 minutes. The increased rate of milling is owing to the much heavier incident ion 

beam which uses Xe as opposed to the atomically lighter Ga. Serial plasma-FIB sectioning clearly 



62 

 

 

 

displays the discontinuous corrosion tunnels which develop parallel to each other, as can be viewed in  

Figure 43. The crack morphology is not consistent with a cleavage mechanism; instead there seems to be 

evidence of dissolution, as seen on the crack walls. Plasma-FIB milling was also performed parallel to the 

crack plane in an effort to examine the crack wall. The purpose of this experiment was to search for 

directional corrosion tunnels which could elucidate the microstructural dependence of a possible slot-

tunnel corrosion mechanism (similar to what Burke et al. discovered in their FIB experiments on Alloy 

690 in caustic solutions at 307 °C) [55]. 

 

Figure 43 Serial plasma-FIB sectioning viewed in SEM. Photos are labelled chronologically from 

(1)-(4). Discontinuous, parallel corrosion tunnels are exposed during the milling process, and are 

also visible on the surface.  This confirms the presence of corrosion “slots” in three dimensions.  

The crack plane (Figure 44) showed no evidence for directional corrosion tunnels propagating along the 

crack plane, instead there is evidence for oxidation products built up within the corroded crack region.  
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Many cases of transgranular corrosion tunneling were observed in this material, See Appendix Section 8.2 

for further evidence of corrosion tunneling in the C-276 pull rod and confirmation of consistent results. 

 

Figure 44 Crack plane exposed using FIB. Oxidation products are evident on the crack plane, and 

there is no evidence for directional corrosion tunneling. 
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4.2 Nano-Scale TEM Analysis 

Site-specific extraction of crack tips was performed using an in-plane FIB milling technique.  These 

samples allowed for nanoscale TEM analysis of the chemistry and microstructure at crack tips [23] [85]. 

TEM foils produced by FIB are shown in Figure 45, as viewed in FIB-SEM. One sample displays 

exclusively IG cracking which arrests near a triple point, and twin boundaries are apparent along a grain 

boundary. The other sample showed mixed-mode IG and TG cracking. Note that the cracking mode was 

mostly IG within the pull rod, with less common TG cracking also present.  The IG to TG cracking 

transition took place as the orientation of the grain boundary was nearly parallel to the stress direction, 

which results in the lowest stress concentration at the grain boundary [46].

 

Figure 45 TEM samples produced using a FIB lift-out technique, images taken by SEM during 

extraction. (left) IG crack which arrests at a triple point, jagged features along lower grain 

boundary are grain twins. (right) Mixed mode cracking sample, displaying both IG, and 

discontinuous TG fracture. 
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Additionally, the TG crack did not propagate perpendicular to the stress direction, but was skewed from 

the tensile stress direction by approximately 30˚. Also, while IG cracking was continuous, the TG 

cracking mode was noticeably discontinuous along one direction.  Although the TG crack may be 

connected in three-dimensions (i.e., the thin, 2D, TEM foil does not provide information about crack 

continuation in the depth of the material).  However, the plasma-FIB serial sectioning results in Section 

3.1.3 provide support that the TG cracking in TEM could be discontinuous corrosion “slots” which 

coalesce to produce SCC. 

4.2.1 Scanning TEM-EDX of Crack Tips 

STEM-EDX analysis was performed on crack tips to reveal the local nanoscale chemistry changes that 

may be contributing to SCC, as a complement to the material and mechanical analysis already performed. 

EDX spectra for the crack tip TEM samples can be found in Appendix Section 8.3. EDX elemental maps 

shown in Figure 46 indicate that the IG/TG cracked sample contains oxidized species of unknown 

composition. Chemical segregation is observed in the grain boundary ahead of the crack tip with Ni 

depletion in regions where Mo is enriched to levels higher than base metal concentrations. Cr showed no 

chemical segregation within, at or ahead of the grain boundary, and was not enriched within the oxide of 

the crack itself (when compared to the base metal, but the element was present in the oxide). 
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Figure 46 EDX maps for IG/TG cracked sample. IG crack tip shows concentrated lead and oxygen 

with the crack, and segregated Ni and Cr within the grain boundary ahead of the crack tip.  Note 

that the background concentration of Pb in the matrix is close to 0 wt.% and the signal can be 

regarded as noise.  Qualitatively, the concentration of Pb within the crack can be considered as 5 

at.% above the background. 

The oxide present in the crack was enriched in Pb (5 at.% increase relative to bulk) with less than base 

metal concentrations of Ni and Cr present. The TG crack in Figure 47 was also depleted of all constituent 

metallic alloying elements within the crack itself, and contained an oxide enriched with Pb. There was no 

chemical segregation ahead of the TG crack tip, but oxidation was observed at the discontinuous junctions 

of the crack. Higher magnification EDX maps of the dissolved regions of the TG crack are shown in 

Appendix Section 8.3.  Figure 48 displays the IG crack tip for the sample which exhibited exclusively IG 

fracture. Ni depletion and Mo enrichment were observed ahead of the crack tip, and TEM analysis 

revealed that these were grain boundary precipitates of unique crystal structure. 
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Figure 47 EDX maps for IG/TG cracked sample. The IG/TG transition area shows material 

dissolution within the TG crack, accompanied by Pb and O enrichment. Thickness variation across 

the foil at low resolution resulted in different x-ray collection amounts across the foil (resulting in 

the darkening of some regions). 
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Figure 48 EDX maps for a crack tip from the IG cracked sample. Mo rich secondary phase 

particles are visible in the grain boundary ahead of the crack tip. Ni is present within these 

precipitates at less than bulk concentration. 
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4.2.3 Point Diffraction of Grain Boundary Precipitates 

TEM point diffraction provided unique diffraction patterns which indicate the interplanar spacing of the 

precipitate’s crystal structure. Characterization of the diffraction patterns can be found in Appendix 

Section 8.3. The crystal structure of the precipitates was hexagonal close packed with lattice parameters of 

α=6.27 Å, and c=8.70 Å epitaxially grown relative to the bulk metal such that the (010) plane of the 

precipitate grows relative to the (100) plane of the parent grain, as is shown in Figure 49. These lattice 

parameters are consistent with MoNiP8 precipitates [91], however EDX data indicated that there was no 

appreciable P present, but may have been present at undetectable quantities relative to the background; 

further analysis is required to confirm. 

 

Figure 49 TEM diffraction patterns taken of the precipitate and the parent grain, taken without 

rotating the sample in TEM to view the orientation relationship between the precipitate and the 

parent grain. (left) TEM diffraction pattern from the parent grain, zone axis and low-index plane 

are noted by Miller indices. (right) TEM diffraction pattern of a precipitate, zone axis and low-

index plane are noted by hexagonal Miller indices.  
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Chapter 5 

Discussion of Results 

5.1 Local Chemistry at Crack Tips 

Pb was a key impurity visible in the sample that exhibited TG fracture, and provided possible evidence for 

a detrimental role of dissolved Pb on the passivation of Alloy C-276 which eventually contributes to SCC 

(PbSCC).  Pb has been observed to contribute to SCC of Ni alloys in high temperature secondary side 

water environments, specifically Alloy 600 [25] [92] [93], Alloy 690 [94] [95] [96], and Alloy 800 [27] 

[97] [98].  The element has been observed to incorporate in the oxide within crack tips [55] [98] as well as 

clearly deposit at oxide-metal interfaces along cracks [2] [4] [96].  In either case, the presence of Pb 

inhibits passivation of Ni-Fe-Cr alloys by impairing the Cr-rich oxide film. It has been suggested that Pb 

will readily adsorb on metal surfaces via a UPD mechanism, thereby poisoning sites where OH- would 

typically adsorb as a precursor to metal oxidation – see Section 2.2.1.1. 

EDX results for the TG crack demonstrate that Pb is clearly incorporated in the oxide film within the 

crack and there is no evidence for a passive film, evidenced by the regions of dissolution at the crack 

extremities within the TG crack – Figure 47. Cr, the element which usually forms a passive film, does not 

appear to segregate in areas where Pb is present indicating that Cr oxide formation is either impaired at 

the metal-solution interface, or the Cr oxide formed in not dense enough to maintain passivity. This is 

further evidence for the role of Pb in inhibiting or disturbing Cr-rich oxide formation at the metal-solution 

interface at crack tips (and possibly displace the Cr-rich oxide) [93] [99]. Studies by Persaud et al. [1] and 

Mazzei et al. [95] have suggested that Pb impairment of oxide(s) on Ni alloys does not, by itself, result in 

SCC.  Usually, the impairment of the normally protective oxide film leads to a subsequent corrosion 



71 

 

 

 

process, such as dealloying or IG oxidation; The nanoporous film (dealloying) or IG oxide formed from 

these processes are precursors to SCC mechanisms, discussed below.    

FIC has been proposed as a mechanism for SCC in Alloy 800 in high temperature Pb-alkaline 

environments [23]. It should be noted that although the bulk solution is Pb-alkaline, the crack tip 

chemistry could vary significantly, although previous atom probe tomography characterization of Pb-

alkaline SCC suggested that alkaline pH does persist at crack tips. [11]. A brittle, nanoporous layer 

formed due to dealloying could exist at the crack tip, or from oxidation products accumulating at the crack 

tip. Under a tensile stress, this nanoporous layer could lead to fast fracture through the brittle layer and 

subsequent cleavage into the bulk metal – See Section 2.3.2 for more detail on the FIC mechanism. 

However, in this study, dealloying (Ni enrichment) and/or nanoporosity, similar to reported observations 

in Alloy 800 exposed to high temperature Pb-alkaline solutions [1] [2], was not observed.  The Ni and Mo 

EDX maps of the grain boundary ahead of the crack tip in Figure 46 could be interpreted as porosity, 

however Cr in this area remains entirely unreactive. Cr, being highly reactive relative to Ni and Mo, 

would be the first element to oxidize/dissolve/dealloy, and so this area of Ni and Mo enrichment could be 

the early signs of precipitate formation. Higher magnification chemical mapping of the discontinuous 

regions within the IG/TG crack tip also show no evidence for dealloying, which suggests that the region 

ahead of the IG crack tip is also not a dealloyed region – see Appendix 8.3. 

Instead of dealloying, directional corrosion “slots” and linkage was observed using plasma-FIB serial 

sectioning (further evidence of these transgranular corrosion tunnels can be found in Appendix 8.2). 

Additionally, diffraction data showed that TG cracking occurred along the (110) plane. This behavior is 

consistent with a slot-tunnel corrosion mechanism for TGSCC, as originally proposed by Swann et al. 

[49] and suggested by Burke et al. [55] for SCC of Alloy 690 in high temperature Pb-caustic 

environments.  The slot-tunnel corrosion mechanism of SCC constitutes highly directional corrosion 

tunneling along chemically active regions which exhibit accelerated dissolution kinetics – see Section 



72 

 

 

 

2.3.3.  In this study, Pb could be playing a role in impairing the passivating oxide, which would allow 

corrosion tunneling to progress via anodic dissolution (or dealloying) in a combined PbSCC/slot-

tunneling mechanism. 

Thus far, discussion has focused on the detrimental role of Pb and SCC mechanisms proposed in prior 

studies with Pb as a contributing aggressive impurity.  However, it should be noted that the failed Alloy 

C-276 component was also exposed to acidic sulfate environments, which makes other corrosion 

mechanisms possible as well.  SCC in acidic sulfate environments has been reported in Alloy 600 and 

Alloy 800 [23] [100] [101], but Alloy 690 exhibits SCC resistance; this is attributed to the high Cr content 

(30%) of Alloy 690 [102]. Ni-Fe alloys that do undergo SCC in high temperature sulfate-containing acidic 

solutions have reported pitting as a precursor to SCC and clear evidence of S, either incorporated in a Cr-

rich oxide or displacing the protective oxide entirely [102].  Neither pitting corrosion nor the presence of 

S was observed at crack tips in the Alloy C-276 component.  In addition, the high Mo content of the alloy 

should aid with inhibiting pitting corrosion as a precursor to SCC in high temperature acidic sulfate 

solutions.  Although the mechanism by which Mo limits pitting remains debatable (either the element 

alters the oxide chemistry/structure, or stable metal atoms of Mo remain at the surface after dissolution or 

more reactive Fe and Cr species).  Regardless, the nanoscale chemistry observed in this work suggests 

that S or pitting corrosion may not be contributing to SCC.  The primary aggressive impurity is suggested 

to be Pb in alkaline conditions, which impairs oxide passivity; inhibition of passivation may lead to SCC 

by slot-tunnel corrosion.   

5.2 Material and Mechanical Interpretation 

Characterization of the material microstructure revealed that IG cracking followed high angle grain 

boundaries, and was dependent on both grain boundary misorientation and stress direction. Cracking 

preferentially developed perpendicular to the stress direction as this is the direction of greatest stress 
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intensity, and crack arrest was even noted in the mixed-mode cracked sample when the grain boundary 

was close to parallel with the stress direction (Figure 40). There are numerous mechanisms which could 

explain the influence of grain boundary misorientation on crack growth; the simplest explanation is that 

the greater degree of misorientation at high angle boundaries make them higher energy areas which are 

more susceptible to corrosion and local deformation. It is also possible that high angle grain boundaries 

are more susceptible to H embrittlement. It is well known that Ni in the presence of S can undergo 

embrittlement due to the introduction of H into the material [29] [30] [99] [103] [104]. H present at the 

material surface can become adsorbed onto the metal surface, and absorbed into the material given the 

mechanism shown in Figure 25, where kr and kd indicate the rates of recombination and dissociation 

respectively. Crack tips are increasingly susceptible to H adsorption, as they can become increasingly 

acidic as corrosion processes progress [11]. 

The mechanisms of H embrittlement are still poorly understood, though multiple mechanisms have been 

proposed. The H-enhanced localized plasticity mechanism postulates that H, once entered into the 

material, will migrate to regions of high triaxial stress and interact with dislocation strain fields.  H-

dislocation interactions lower the strength of the material by facilitating dislocation motion and 

multiplication, which results in yielding at lower stress intensities [7] [105] [90]. Other possible H 

reactions involve void formation, and interface delamination, thus accelerating failure [11] [45]. Crack 

progression is then believed to occur by a MVC mechanism ahead of the crack tip, but there was no 

evidence of voids or MVC within the pull rod (entirely brittle in SCC region).  

A study conducted by Harris et al. [103] suggested that  H diffusion within pure Ni requires the lowest 

activation energy along high angle grain boundaries, as grain boundaries of higher misorientation contain 

more sites for mobile H [103]. This could explain why cracking occurred along high angle misorientation 

grain boundaries (Figure 40), as a lower energy barrier to H diffusion along these areas would correspond 

to a greater concentration of H. However, the majority of grain boundaries formed during 
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solidification/grain growth are high angle (> 30˚), and so cracking along high angle grain boundaries is 

statistically probable (especially when grain twins are prevalent), and should not be considered evidence 

for a grain boundary misorientation dependence on cracking.   Also, other than H, corrosion/dissolution 

processes are usually favourable along HAGBs. 

Although the majority of cracking within the C-276 pull rod was IG, there were a number of observed TG 

cracks which exhibited discontinuous cracking along parallel planes, such as in Figure 43 and Figure 47. 

In the case of the IG/TG transition shown in Figure 47, a number of microstructural parameters were 

responsible for the change in cracking mode from IG to TG: At the location where the IG to TG crack 

transition occurred, the normal of the grain boundary plane was nearly perpendicular to the stress 

direction, resulting in a lower stress concentration along the grain boundary. This resulted in a buildup of 

stress at the crack tip since the crack could not progress along the grain boundary; thus, the stress was 

released by forming a TG crack. The direction that the crack formed however was not perpendicular to the 

stress direction, but instead along a (110) crystallographic plane (Figure 42). This indicates that SCC of 

the Alloy C-276 component may have a significant dependence on material microstructure. The linear 

nature of dislocation networks is evident from the GND data presented in Figure 41 and Figure 42, and 

the TG cracking occurs parallel to these regions of high dislocation density, suggesting that perhaps the 

TG crack followed a linear high-density dislocation network. However, given that the crack is present in 

the sample during TKD collection and GND analysis, it consequently alters the local misorientation data, 

and so it is impossible to know what dislocation structure existed within the material prior to the crack 

forming. Nonetheless, it is significant that the crack formed parallel to the obviously linear dislocation 

structures (Figure 41), and this suggests a microstructural dependence on cracking direction. The role of 

Pb inhibiting passivation only enhances this mechanism of microstructurally dependent localized 

corrosion, as oxidation cannot be inhibited by a passivating film, though Burke et al. suggested that any 

passivating film could be penetrated by a slip-dissolution mechanism.  
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The significant amount of deformation discovered at the mixed-mode crack tip – evidenced by GND data 

in Figure 42 - indicates that local deformation could be a contributor to the transition of cracking mode. 

Studies on cold-worked austenitic stainless steels have unveiled some of the contributions of cold work to 

SCC, showing that a greater degree of local misorientation creates favored pathways for corrosion [45] 

[106] [107]. It is possible that the increased dislocation density at the mixed-mode crack tip could 

facilitate the same corrosion/dissolution acceleration noted for cold-worked materials, in that increased 

local deformation creates high energy areas which are susceptible to corrosion. This is supported by the 

highly directional nature of dislocation networks at the mixed-mode crack tip, indicated by the circled 

regions in Figure 42, as highly established deformation bands of greater dislocation density would be 

more susceptible to dissolution initially, leading to TGSCC. This phenomenon would explain the highly 

directional corrosion tunnels which persisted throughout the C-276 pull rod, which is again consistent 

with a slot-tunnel corrosion mechanism. This mechanism could have been confirmed if there had been 

evidence for directional corrosion tunnels along the crack plane – viewed in Figure 44 – but this was not 

observed. This does not discredit the slot-tunnel corrosion mechanism however, since corrosion processes 

would destroy evidence for tunneling, as even Burke et al. only observed tunneling along the crack plane 

at the very extremities of the crack tip [55]. In addition, the many cases of directional TG corrosion 

tunneling found in Appendix 8.2 support this mechanism, and in combination with the serial plasma-FIB 

sectioning and the dislocation structures analyzed using GND provide strong support for this mechanism 

instituting failure in this material. 

It should be noted that if dealloying had occurred then a film-induced cleavage mechanism could operate 

[14], but no evidence of dealloying (or any other brittle surface layer within cracks) was apparent in this 

study.  There is the possibility that a transient dealloyed layer was formed which was removed by anodic 

dissolution after fracture, but further in-situ work would be required to confirm this.  Also, additional 

surface analysis may reveal the presence of a nanoporous layer that could persist at the surface. 
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To summarize, the nanoscale characterization of local chemistry and material properties at crack tips in 

this study suggests that a slot-tunnel corrosion mechanism may be operating for TG SCC of Alloy C-276. 

In addition, Pb likely plays a key role in allowing development of SCC precursors (in this case, film 

breakdown) in Pb-alkaline environments, based on the presence of Pb at crack tips.  The benefit and 

necessity of characterizing SCC using complementary techniques that provide insight into the nanoscale 

chemistry, materials science, and mechanics of degradation was apparent; this is particularly critical for 

mechanistic interpretation of SCC, which is often studied from the aspect of one scientific field. From an 

engineering perspective, application of state-of-the-art electron microscopy to characterize SCC in the 

Alloy C-276 pull rod has allowed for determining the root cause of failure, which will aid with design of 

future testing systems. This study demonstrates that Pb can instigate SCC in Alloy C-276 in high 

temperature aqueous environments under slightly alkaline conditions (8.5 < pH300C < 9.5), which was 

previously unknown.  An experimental program is currently underway to identify potential surface 

precursors to SCC of Alloy C-276 and other Ni superalloys in Pb-alkaline environments.   
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Chapter 6 

Conclusions 

An Alloy C-276 pull rod was used in a tensile testing apparatus within an autoclave and fractured 

unexpectedly. The Alloy C-276 component was exposed to high temperature Pb caustic, and acid sulfate 

solutions over its lifetime, which were meant to mimic the most extreme conditions plausible for 

secondary side heat transfer crevices within nuclear power plants. It is worth noting that SCC of this 

nature has not been reported in-service to date, but proactive studies are being formed. A failure analysis 

was carried out on the failed Alloy C-276 component using state-of-the-art electron microscopy methods.  

Complementary EDX, EBSD, FIB, and TKD were applied to study the nanoscale chemical and material 

factors contributing to SCC.  This multi-disciplinary approach was necessary due to the complex 

dependence of SCC on material, mechanical, and chemical environment variables.  

• Pb was observed to concentrate at some crack tips, and areas of Mo enrichment and Ni depletion were 

found along grain boundaries; the latter was due to formation of secondary phases along grain boundaries. 

O and Pb were present in some cracks, with concurrent depletion of major alloying elements (Cr, Fe, and 

Ni) in these regions. Therefore, Pb is suggested to play a key role in impairing the passivity of the Alloy 

C-276 component, and SCC is thought to occur from exposure in the Pb-alkaline environment.  

• SCC was found to transition from IG to TG cracking in an area where the grain boundary was almost 

parallel to the tensile stress direction. The crack then transitioned to TG cracking along a (110) 

crystallographic plane. Note that this was not perpendicular to the tensile stress direction, and so was not 

the direction of greatest stress intensity, but followed a linear region of high dislocation density. 

• TGSCC is believed to occur via a slot-tunnel corrosion mechanism, which has been reported previously in 

Ni alloys in Pb-contaminated, high temperature aqueous environments.  IGSCC may depend on the 

degree of local misorientation along high-angle grain boundaries, or simply because these are preferred 
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pathways for corrosion when a passivating oxide does not form. Pb plays a key role in enabling 

development of SCC precursors for the suggested mechanisms by impairing the passivity of the normally 

protective Cr-rich oxide. Evidence for dealloying was not apparent in this study, but further work is 

required to conclude this. 

This work emphasizes that C-276 can fail in high temperature Pb containing caustic environments, and 

should not be used as a pull rod for tensile testing within these environments. Instead, a material which 

may remain chemically noble in these environments would be preferred, such as pure Ni which is stable 

in it’s solid form [12] and would not yield for the greatest stress applied to the component (13.7 MPa). 

  



79 

 

 

 

 

Chapter 7 

Future Work 

The results of this study present convincing evidence for a slot-tunnel corrosion mechanism for SCC in 

the Alloy C-276 pull rod, and further experimentation could provide conclusive evidence for this. To 

verify the slot-tunnel corrosion mechanism, SCC tests could be carried out on C-276 again in the same Pb 

containing caustic environment, with experimental emphasis on the microstructural contributions to SCC. 

SCC tests on monocrystalline C-276 could help further elucidate the role of microstructure on (slot 

tunnel) corrosion. By changing the crystalline orientation relative to the stress direction for successive 

tests, it could become possible to better understand the role of inhomogeneity of deformation on the slot 

tunnel mechanism. This kind of test could help explain how regions which are more susceptible to anodic 

dissolution form, and how deformation controls their structure and accelerates dissolution kinetics. These 

tests could be repeated for monocrystals of varying degrees of cold work, to further explore the role of 

local misorientation and see if greater dislocation density increases the susceptibility to corrosion 

tunneling. Performing these tests in conjunction with in-situ SEM would be truly leading-edge work, 

however to replicate the slow-strain and cracking rate experienced by the pull rod this experiment would 

take weeks to months to complete, and environmental liquid SEM holders have not developed to the point 

that a representative solution or sample geometry could be achieved.  In-situ SEM analysis of this type 

could be a long-term goal within the next decade as the technology develops.  

Further work could be carried out to search for nanoporosity which may be suggestive of a FIC 

mechanism. Tabletop electrochemical experiments could be performed to observe the propensity for 

dealloying in C-276 in the same test conditions as the pull rod. Tests could be performed for freely 

corroding conditions to see if dealloying is possible, and cyclic voltammetry could performed to 
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determine at what potential dealloying could occur in C-276 (i.e., evaluation of the critical dealloying 

potential). Should it be discovered that dealloying could not occur in freely corroding conditions, or if the 

cyclic voltammetry results indicated that a highly anodic applied voltage is necessary to induce 

dealloying, then this would suggest that dealloying is thermodynamically unfavorable in these conditions 

and could be ruled out as a precursor to the FIC mechanism.  

EDX experiments performed in this research provided valuable chemical information about the 

component, but EDX is only meant to be a first step in chemical characterization. Further analysis using 

electron energy loss spectroscopy (EELS) would reveal not only the elemental information that EDX 

does, but can also inform the user of local bonding information, thus possibly revealing the oxide species 

within cracks. By revealing the oxide species present at the crack tip, it also becomes possible to reverse-

engineer the crack tip conditions by observing the range of possible conditions in which the oxide species 

could be thermodynamically stable; although post-exposure examination does skew this type of analysis. 

The greater energy resolution of EELS with respect to EDX would allow for more accurate concentration 

data as well, if background subtraction is done correctly. 
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Appendices 

8.1 Supplemental Optical Microscopy of C-276 Pull Rod 

 

Figure 50 Alloy C-276 surface after electro-etch in Haynes solution - 4V, 7s, 2 symmetrically 

oriented graphite rod cathodes.  

  



91 

 

 

 

 

8.2 Supplemental SEM Imaging of C-276 Pull Rod 

 

 

Figure 51 SEM set up when performing EBSD. The incident electron beam extends through the 

pole piece (top of image) and hits the sample surface, which is oriented at 70˚ angle relative to 

horizontal. The EBSD detector (right of image) is placed as close to the sample surface as possible to 

collect as much diffraction data as possible. Cu tape is placed across the sample surface and 

attached to the SEM stub to provide an electrical ground connection. Working distance 15mm. 
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Figure 52 Alloy C-276 pull rod fracture surface SEM image. IG cracking extends well below the 

fracture surface. A ductile zone is noted on the right side of this image – this was the final area to 

fracture while the rod was in service, and is located in the middle of the rod. It is likely that this 

area did not undergo SCC before failure, but underwent ductile fracture after SCC cracks extended 

from the rod surface to the centre of the rod, thus limiting the working gauge of the component 

such that the stress within this remaining section exceeded the yield stress of the material. 
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Figure 53 Alloy C-276 pull rod fracture surface SEM image. Grain twins can be seen around the 

edges of grains, and slip traces are evident within some grains as well. 

 

Figure 54 Alloy C-276 pull rod fracture surface SEM image. Higher magnification view of grain 

twins (bottom grain) and slip traces (top left grain, right grain).  
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Figure 55 Alloy C-276 pull rod fracture surface SEM image. The ductile zone is clearly visible at the 

centre of the image.  
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Figure 56 Alloy C-276 pull rod fracture surface SEM image. Parallel striations on the fracture 

surface could be grain twins or slip traces. It is also possible that these could be crack arrest marks 

for a discontinuous IG cracking process. 
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Figure 57 Alloy C-276 pull rod fracture surface. This SEM image shows evidence for contamination 

(most likely residue produced while sectioning/polishing the sample) on the fracture surface – this 

could have been avoided by sonicating the sample in an alcohol solution. 
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Figure 58  Evidence for directional TG corrosion tunneling from sectioned fracture surface shown 

in Figure 36. 



98 

 

 

 

 

Figure 59 Evidence for directional TG corrosion tunneling from sectioned fracture surface shown in 

Figure 34. Discontinuous but parallel cracks suggest that there is some microstructural dependence 

on cracking in this case.  
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Figure 60 Evidence for directional TG corrosion tunneling from sectioned fracture surface shown in 

Figure 34. These cracks occurred in the same grain, and although they are over 50 micrometres 

apart, they crack in the same orientation relative to the grain texture.  
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Figure 61 Evidence for directional TG corrosion tunneling from sectioned fracture surface shown in 

Figure 34. Note that the grain boundary was unfavourable for IG cracking, and so the crack 

transitioned to TG.  

 

Figure 62 Evidence for directional TG corrosion tunneling from sectioned fracture surface shown in 

Figure 34. Parallel and discontinuous cracking is suggestive of corrosion tunneling, but the crack 

was too fine to perform EBSD in an attempt to characterize the texture of the grain in which the 

crack occurred.  
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8.3 Supplemental TEM Imaging of Alloy C-276 Pull Rod 

 

Figure 63 EDX mapping of dissolution region within the crack extremities of TG cracking in the 

thing foil sample which exhibited an IG/TG cracking transition. If there had been evidence for 

porosity/dealloying within this region, then a FIC mechanism of failure would have been unlikely.  
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Figure 64 TEM point diffraction of grain boundary precipitates matched to standard patterns for 

the HCP unit cell. Zone axis are noted using Miller-Bravais notation. 
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Figure 65 EDX spectrum taken in TEM for the thin foil sample which exhibited IG fracture 

 

Figure 66 EDX spectrum taken in TEM for the thin foil sample which exhibited an IG/TG cracking 

transition 

  


