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Abstract 

The effect of heating on microstructural changes in dissimilar friction stir welding of aluminum 

alloys AA6022 and AA7075 was studied. The challenge in welding these alloys is the strength loss in the 

heat affected zone (HAZ) due to the over-ageing of metastable precipitates.  Isothermal ageing studies of 

AA6022 and AA7075 revealed apparent activation energies of 122 and 112 kJ/mol, respectively, which 

were used in a modified Shercliff-Ashby model incorporating non-isothermal heating to predict hardness 

evolution in AA7075/AA6022 lap welds.   The model predicts the hardness minimum location in the weld 

with <15% difference between measured and predicted values, which correlates to the precipitate structure 

observed by transmission electron microscopy. The effect of a 180 °C, 30 minutes post weld heat treatment 

(PWHT), typical of automotive paint bake cycles, was further studied. The kinetics of the precipitate and 

dislocation microstructure evolution from PWHT was investigated in different weld regions using 

laboratory-based small- and wide-angle X-ray scattering (SAXS/WAXS). The precipitate volume fraction 

evolution determined by SAXS, for ex- and in-situ heating, reveals a fast dissolution stage in the stir zone 

and thermomechanical affected zones, followed by asymptotic increase, with little change in the HAZ. The 

measured PWHT precipitation kinetics follows the Lifshitz-Slyozov-Wagner theory, but with a 

monotonically decreasing rate constant of ~10-30 m3s-1 compared to the analytically predicted 10-28 m3s-1.  

New mechanisms for the rate constant reduction based on the dislocation density decrease measured by 

WAXS are proposed.  Strain rate sensitivity measurements of the AA7075 stir zone at 294 and 78 K reveals 

that mechanical mixing via FSW creates a structure containing solute atoms, precipitates and dislocations 

that linearly contribute to strengthening, but this mixed state contains less solute than obtained by traditional 

solutionizing.  A two-dimensional, two-particle phase-field model simulation of η phase in Al-Mg-Zn 

predicts a time1/3 coarsening kinetic during PWHT, with a rate constant that matches the experimental data 

for the HAZ over the first 100 s only.  The work illustrates that structure parameters obtained at 

macroscopic, mesoscopic and microscopic length scales using a combination of experimental and modeling 

approaches are necessary to build a predictive understanding of FSW post-weld heat treatment. 
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Chapter 1 

Introduction 

1.1 Background and Motivation 

A light-weight approach to vehicle design and manufacturing by the automotive industry is 

essential to improve vehicle performance and reduce vehicle operation emissions. In order to meet stringent 

standards, the automotive industry has significantly increased the use of light-weight materials such as 

aluminum alloys [1]. Aluminum alloys are used to an increasing extent as an alternative to steel, because 

of their high specific strength and good formability, and reasonable joining capability and corrosion 

resistance. It is within this context that friction stir welding (FSW) has gained importance, as this is the 

optimal method for joining aluminum alloys. Friction stir welding is a welding technique, which was 

developed specially to join aluminum alloys without melting of materials [2]. However, the most significant 

challenge for using aluminum as a structural material is the potential loss of strength whenever welding is 

involved. Heat treatable aluminum alloys suffer significant loss of their mechanical strength caused by the 

welding thermal cycles [3]. FSW can also be extended to weld dissimilar aluminum alloys and even other 

materials. Consequently, dissimilar welding is becoming an important research area for many industrial 

applications. Joining two different materials is an opportunity to tailor their different properties to the parts 

need, but also creates challenges. [4]. Achieving the best qualities of the dissimilar welded joint, with 

enhanced efficiency of the FSW process, needs proper understanding of an effect of welding thermal cycles 

and further effect induced by the application of a post weld heat treatment (PWHT) on the microstructure 

of heat treatable aluminum alloys. 

1.2 Objectives 

This study focuses on the microstructural evolution of the strengthening precipitates in dissimilar 

friction stir welding of two technologically important age hardenable aluminum alloys, AA7075-T6 and 
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AA6022-T4.   AA7075-T6 and AA6022-T4 were developed for their high strength and formability, 

respectively, and have very different strain and age-hardening behaviours due to their chemical and 

structural differences.  Friction stir processing of these alloys individually, or together to make parts, creates 

a complex heterogeneous structure in an already complex starting alloy.  The average mechanical behaviour 

depends on features at different length scales, from the distribution of solute atoms and residual dislocation 

structures in the lattice, to the size and number density of precipitates in grains, to the size and orientation 

of grains in the part.  It then becomes an open question of what post weld heat treatment can bring the part 

to an acceptable mechanical state? The objectives of the present work set out to understand the response of 

different length scales in the friction stir welded microstructures to heating.  Specifically: 

1. Macroscopic Scale: understand the mechanical behavior of dissimilar joints by investigating the 

effect of heating on the as-received aluminum alloys in order to better understand their mechanical 

behavior when subject to an actual FSW process. 

2. Microscopic Scale: quantify the effect of post weld heat treatments on microstructure evolution in 

FSW structures at the precipitate and solid solution levels using novel methods.  How stable is the 

precipitate structure with time, and does it follow expected kinetics?   What does a saturated solid 

solution in a real material look like to dislocations, and how close to a saturated solid solution can 

mechanical mixing by FSW drive a material? 

3. Mesoscopic Scale: investigate the microstructural changes connecting the macro and microscopic 

length scales induced by the application of a post weld heat treatment to a dissimilar weld.  

The connectivity of the microscopic to the macroscopic via the mesoscopic length scale is akin to complex 

telephone game that nature plays, and science is trying to write rules for. This research is the first effort to 

investigate phase stability of the microstructure of age-hardenable aluminum alloys subjected to different 

thermal cycles during FSW by bridging between different length scales, and will contribute to the state-of-

the-art understanding of microstructural evolution in these alloy systems. The results and analysis of this 

study will provide the basis for understanding and designing heat treatments for multi-materials structures. 



3 

 

1.3 Outline of Thesis 

This thesis is organized with the following chapters: literature review, experimental and modeling 

methods, analysis of experimental and modeling results, discussion, conclusions, recommendations for 

future work, and Appendices.  

Chapter 2 puts this study in the context of the existing needs and challenges for the automotive 

industry. The literature review describes the age-hardenable aluminum alloys of major interest, specifically 

Al-Zn-Mg(-Cu) and Al-Si-Mg(-Cu), and reviews different modeling approaches used to describe the 

precipitation process at different length scales. Finally, the chapter describes the FSW process, and the 

microstructure and property evolutions from FSW processing of similar and dissimilar joints in age-

hardenable aluminum alloys. 

Chapter 3 introduces the AA7075-T6 and AA6022-T4 materials used in the present work, and 

describes the FSW process parameters and main experimental techniques used in this work. The standard 

microstructural and mechanical investigation techniques are presented, followed by a description of the 

modeling methods used.  

Chapter 4 presents the results from the experimental and numerical investigations of 

microstructural changes. The experimental part contains results for the microstructure and properties in the 

starting, as-welded, and PWHT material states. Results obtained from the different models are presented 

for different length scales.  

Chapter 5 discusses the experimental and numerical results. A detailed analysis of experimental 

and numerical results for different scales is presented here. 

The conclusions of the dissertation, and suggestions for future work in general, are collected in 

Chapter 6. 

The Appendices present details of the testing, and modeling used in the work. 



 

 

Chapter 2 

Literature Review 

2.1 Age Hardenable Aluminum Alloys 

One of the mandated challenges for the automotive industry is the reduction of the average fleet 

fuel consumption to reduce resource use and pollution. Significant green-house gases, CO2, CH4 and N2O, 

are released into the atmosphere, with 15% of the world’s contribution coming solely from transportation 

[1]. Green-house gases are understood to contribute significantly to climate change. The global confinement 

in response to the COVID-19 pandemic showed that CO2 levels associated with grand transport itself can 

be reduced by 36% [5]. In lieu of stopping all industrial activities, science and technology must improve 

mobility efficiencies substantially to achieve the reductions needed to prevent further earth warming. One 

effective approach for transportation is light weighting to improve fuel economy and reduce emissions. 

Traditionally, the automotive industry has reduced weight primarily by downsizing - a strategy that has 

succeeded in cutting the weight of a typical car from 3,500 pounds to 2,500 pounds over the past 20 years 

[6]. Today, that strategy has reached its limits due to increasing requirements for crash safety. Further 

improvements in automotive emission reduction will require greater use of lightweight structures. Non-

heat-treatable Al-Mg alloys (5xxx series), and heat treatable alloys (2xxx, 7xxx, 6xxx series), have been 

developed for these applications. 

The 7xxx series are among the strongest aluminum alloys when precipitation hardened. These 

alloys are primarily alloyed with Zn and Mg. The 6xxx series alloys on the other hand are alloyed with Mg 

and Si and present a balance between the medium strength, good formability and high toughness, allowing 

them to be used in products that can be strengthened through post shaping precipitation (bake hardening 

effect) [7]. 6xxx alloys are mass used in the automotive industry, as in the recent ‘full aluminum’ body Ford 

F150 [8]. One of the main challenges in automotive assembly is the need to join components combining 
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multiple alloys. This is particularly problematic for precipitation hardenable aluminum alloys, such as 7xxx 

and 6xxx. 

The complete processing route of aluminum plate can be divided into two main stages. The first 

stage is the material formation, in which the alloy is melted, cast, homogenized, hot rolled, and cold rolled. 

The material formation step controls the material composition and the material grain structure. The second 

stage, the age-hardening treatment, concerns the selection of the precipitation state. The main objective of 

age-hardening treatment is to design the precipitate features (size distribution, volume fraction, spatial 

distribution) in order to reach the required specifications for mechanical properties, mainly strength and 

toughness, and corrosion properties. Age hardening is achieved through five main steps: solution heat 

treatment, quenching, pre-stretching, and natural (T4) and artificial (T6) ageing, however, not all of these 

steps are always done. Natural ageing to the T4 temper consists of storing the material at room temperature 

for a few days (usually between 3 and 5) to stabilize the structure. Temperature and time for artificial ageing 

depends on the alloy and the property target. During the artificial ageing, the yield stress of a material 

increases up to a maximum, called the “hardness peak”, after which it decreases. Before the hardness peak, 

one speaks of “underaged” tempers, and “overaged” tempers after the peak. Material heat treated to the 

hardness peak are said to be at the T6 temper. The aging heat treatment affects the final properties (physical 

and mechanical) of the alloy. Temperature and time during ageing, play a role in the diffusion process, and 

therefore determine the precipitation kinetics. These factors also determine the thermodynamics of the 

system, and control the phase stability, and the solute and precipitate volume fractions.  

2.1.1 Thermodynamics of precipitation 

The precipitation process during aging is classically described by three successive stages: 

nucleation from a decomposing solid solution, growth, and coarsening.  

Early stages of decomposition 

Two main processes are still debated in describing the early stage of precipitation of a new phase 

from the supersaturated solid solution: classical nucleation, and spinodal decomposition. The classical 
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precipitation reaction involves a thermally activated nucleation step, whereas spinodal decomposition is 

caused by small fluctuations in composition and decomposes spontaneously. 

The driving force for microstructural changes during precipitation of a new phase from the 

supersaturated solid solution is the reduction of the chemical free energy. The free energy changes 

associated with nucleation are illustrated in Figure 2-1. The α matrix for an alloy composition of Co is 

supersaturated with respect to the equilibrium matrix solubility, Cα, while the stable β phase has a 

composition of Cβ. The reduction of chemical free energy per mole, μ, driving precipitation from the 

saturated solid solution is ΔG (Figure 2-1). 

 

Figure 2-1: Free energy as a function of composition for a binary alloy. ΔG illustrates the driving force 

for nucleation [9]. 

Per unit volume of β, the free energy can be written (assuming that activities can be approximated 

by concentrations, ideal – dilute – solution approximation) as 

∆𝐺 = −
𝑅𝑇

𝑉𝛽
 [𝐶𝛽𝑙𝑛

𝐶0
𝐶𝛼
+ (1 − 𝐶𝛽)𝑙𝑛(

1 − 𝐶0
1 − 𝐶𝛼

)] 
(2-1) 

where Vβ is molar volume of β. 

The nucleation kinetics have frequently been described in terms of cluster dynamics models. The 

cluster dynamics approaches are mainly due to Volmer and Weber [10], and Becker and Döring [11]. 
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Modern models treat solute fluctuations as droplets of β-phase embedded in the α matrix with a sharp 

interface between α and β (see Figure 2-2). 

The change in free energy for precipitation of a new β-precipitate is associated with the change in 

volume free energy ∆𝐺𝑣 (<0), and the interfacial energy 𝛾 required to form the new interface. For solid-

state systems, a strain energy term ∆𝐺𝑠 (>0) may also be introduced. The change in free energy for a 

spherical cluster of radius r can be summarized as [12] 

∆𝐺 (𝑟) =
4

3
 𝜋𝑟3(∆𝐺𝑣 + ∆𝐺𝑠) + 4 𝜋𝑟2𝛾 

(2-2) 

The first term is negative and accounts for the gain of free energy on forming the particle, whereas 

the second term corresponds to the positive energy to form the interface. The resulting formation energy 

ΔG versus the size of the cluster, r, passes through a maximum at a critical size  

𝑟∗ =
2𝛾

3(∆𝐺𝑣− ∆𝐺𝑠)2
 

(2-3) 

Clusters of critical radius r* are in unstable equilibrium with the solid solution, therefore, clusters with 

radii exceeding radius r* are predicted to grow. The associated critical activation free energy, or 

activation barrier for nucleation, is 

∆𝐺∗ =
16𝜋𝛾3

3(∆𝐺𝑣− ∆𝐺𝑠)2
  

(2-4) 

Homogeneous nucleation is less likely in real materials systems, and secondary phases instead 

nucleate heterogeneously on defects such as grain boundaries, dislocations and dispersoids. These defects 

increase the free energy of the system and the activation energy barrier of the formation of a nucleus on a 

defect is reduced since part of the free energy is released. The heterogeneous nucleation on grain boundaries 

and dislocation will reduce the grain boundary energy and strain energy, respectively. If the incubation 

period is neglected, the steady state nucleation rate, j, can be expressed as 

𝑗 = 𝑗0𝑒𝑥𝑝(−
∆𝐺ℎ𝑒𝑡

∗

𝑅𝑇
)𝑒𝑥𝑝(−

𝑄𝑑
𝑅𝑇
) 

(2-5) 
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where j0 is a pre-exponential term to the nucleation rate j, ∆𝐺ℎ𝑒𝑡 
∗  is the free energy barrier for heterogeneous 

nucleation, R is the universal gas constant, T is the temperature and Qd is the activation energy for diffusion. 

Growth of secondary phases 

All structural changes in the solid state require atomic movement. This movement can occur over 

short range (order of the atomic spacing) or long range (inter-particles distances) length scales. Precipitation 

reactions involve both short range atomic movement at the interface, because the matrix and the precipitate 

have different crystal structures, and long range transport to change the local solute concentrations. The 

interface mobility and diffusion are the rate controlling steps that determine the kinetics of the precipitation 

reaction. The interface reaction is likely to be the slower step during the early stage of precipitation since 

the diffusion distances are very small, while at larger particles sizes, diffusion is likely to be the rate 

controlling step, since more solute atoms must be brought to, or removed from the interface. It is then 

generally accepted that growth is dominated by diffusion. 

A spherical particle of radius, r, embedded in a supersaturated matrix will grow at a rate [13] (see 

Figure 2-2) of 

𝑑𝑟

𝑑𝑡
=  
𝐶𝑚̅̅ ̅̅ (𝑡) − 𝐶𝑖
𝐶𝑝 − 𝐶𝑖

𝐷

𝑟
 

(2-6) 

where 𝐶�̅�(𝑡) is the mean concentration of the matrix, far away from the precipitate, 𝐶𝑖 is the interfacial 

concentration, 𝐶𝑝 is the concentration of the precipitate, and D is the diffusion coefficient of the alloying 

element in the  matrix. 
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Figure 2-2: Spatial variation in solute distribution during nucleation and growth of a spherical β-

precipitate embedded in the α matrix. �̅� is the concentration far away from the interface; Cp is the 

concentration of the β-precipitate; 𝑪𝒊 is the interfacial concentration. 

 

The concentration 𝐶𝑖(r) at a curved interface can be related to the interface concentration at a flat 

interface 𝐶𝑖
∞ using the Gibbs-Thomson equation, as generally called in the literature [14]. Moreover, 𝐶𝑖

∞ 

can be equated to the equilibrium solute concentration of the matrix at the temperature considered.  In the 

case of a binary alloy, assuming a regular solution behavior, the Gibbs-Thomson equation can be written 

𝐶𝑖(𝑟) =  𝐶𝑖
∞ 𝑒𝑥𝑝 (

2𝛾 𝑉𝑚
𝑟𝑅𝑇𝐶𝑝

) 
(2-7) 

where 𝛾 is is the interfacial energy, Vm is the molar volume of precipitates, and Cp is the concentration of 

the precipitate. 

Coarsening of precipitates 

At long ageing times, the precipitates coarsen to larger sizes in order to release their excess surface 

energy. According to equation (2-7), small particles have a larger ratio of surface area to volume, increasing 

their solubility as compared to larger particles. This leads to a size-dependent growth rate, as in equation 

(2-6), which is positive for larger particles with C > 𝐶𝑖(𝑟), and negative for smaller ones with C < 𝐶𝑖(𝑟). 
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The growth rate becomes zero for particles with C = 𝐶𝑖(𝑟
∗). The corresponding critical radius r* is derived 

from equation (2-6), as  

𝑟∗ = 
2𝛾𝑉𝑚

𝑅𝑇𝐶𝑝

1

𝑙𝑛
 𝐶̅

𝐶𝑖
∞

 
(2-8) 

To review the main characteristics, qualitatively nucleation corresponds to the earliest stage of 

precipitation, during which the precipitates form from the solid solution. Quantitatively, it is characterized 

by an increase of the precipitate density, and an increase of the precipitate volume fraction (Figure 2-3). 

During precipitate growth, solute atoms diffuse from the solid solution to the already present precipitate 

nuclei, which corresponds to an increase in precipitate size, an increase of the volume fraction, and a steady 

number density. The final kinetic process is coarsening, in which the matrix supersaturation has reached its 

minimum, the volume fraction is constant, and the system energy is almost at thermodynamic equilibrium. 

The only remaining driving force is the reduction in interface energy, which leads to a decrease in the 

number of precipitates, as well as a growing precipitate average size. The smaller precipitates dissolve and 

the donated solute atoms diffuse to the larger precipitates. The precipitation kinetics are distinct for each 

stage as shown in Figure 2-3.  

 

Figure 2-3: Schematic evolution of the precipitates during isothermal heat treatment for size (r), volume 

fraction (fv), and number density (N) [15]. 
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2.1.2 The Al-Zn-Mg system 

The ternary Al-Zn-Mg phase diagram has been thoroughly investigated [16]. Modern tools are now 

available to provide on-line phase-diagrams, isothermal sections, etc. Figure 2-4(a) shows a calculated Al-

Zn-Mg phase diagram at 120 °C, which corresponds to T6 heat treatment, using the Thermocalc Al-based 

Alloy database, TCAL5 [17]. The solvus of the MgZn2-phase is of great interest in dissolution-precipitation 

modeling of this phase. Figure 2-4(b) shows a phase diagram presenting the solubility of zinc and 

magnesium in the aluminum solid solution, calibrated with numerous experimental data [18]. 

 

Figure 2-4: a) Calculation of ternary Al-Zn-Mg phase diagram in the Al-rich corner section at 120 °C 

obtained from the Thermocalc TCAL5 database ; b) Solvus at various temperatures (in at%) [18].  The 

red spot in a) marks the approximate ternary composition of AA7075. 

The 7xxx series alloys have good solid solution range that allows formation of a supersaturated 

solid solution during quenching from solution heat treatment (SHT) temperature [19]. These alloys are 

thermodynamically unstable after quenching from SHT, and natural aging occurs even at room temperature. 

To accelerate the ageing process, an artificial aging (aging above room temperature) is commonly used in 

practical applications. In 7xxx alloys, the accepted sequence of homogeneous precipitation can be 

summarized as [20]: 
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Supersaturated Solid Solution (SSS) →  Guinier − Preston (GP) zones →  η′ →  η (2-9) 

Increasing the concentration of vacancies in the supersaturated solid solution enhances 

homogeneous precipitation. GP zones, formed at low temperature after quenching (typically room 

temperature), can act as nucleation sites for more stable precipitates. As aging continues, diffusion of solute 

atoms facilitates the growth of GP zones to metastable η′ precipitates [21]. The increase in internal strain 

induced by the intermediate precipitates causes partial loss of coherency with the matrix. As aging 

continues, equilibrium η phase, which is incoherent with the matrix, forms [19]. 

 Spherical GP zones form at room temperatures and are metastable up to 120-150 °C, depending 

on the Zn content. GP zones are fully coherent with the matrix and consist of atomic close packed planes 

parallel to {100} matrix planes and give rise to diffuse diffraction spots near {100}Al and {110}Al in <100>Al 

zone axis projections [22]. The chemical composition of GP zones has been investigated in several studies 

by means of 3D- Atom Probe Tomography, small angle X-ray scattering (SAXS), and by first principle 

calculations. GP zones contain Zn and Mg with a ratio between 1 - 1.3 depending on alloy composition, 

aging temperature, and time. Cu can also be present in GP zones. Ferragut and Dlubek [23,24] have found 

that the kinetics of GP zone formation are controlled by movement of the Mg atoms owing to the high 

binding energy of Mg atoms with vacancies. Ferragut et al [23] supported their results by the activation 

energy of GP zone formation, which is close to the Mg migration energy in aluminum of ~0.6 eV. In 

contrast, the activation energy for the growth of GP zones, and the transformation to η′, is close to that of 

Zn migration. The critical size for GP zones is much smaller and therefore the number density is much 

higher compared to the η′ precipitates. 

The semi-coherent and metastable η′ phase is generally seen as the main hardening phase in Al-

Zn-Mg-Cu alloys. The η′ phase is characterized by a hexagonal crystal structure with a = 0.496 nm and c = 

1.40 nm [25]. The precipitates have a platelet like shape and are crystallographically related to the Al matrix 

as (0001)η′ || (111)α and (1210)η′ || (110)α [26]. The η′ precipitates are believed to form on existing GP zones 

or nucleate independently at higher temperatures. The η′ phase appears in the range of 120 to 180 °C, and 
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has a solvus between 250-300 °C depending on the alloy composition. The chemical composition of the η′ 

precipitates is a function of time and temperature [27]. The Zn/Mg ratio is reported between 1 to 2.2. Sha 

and Cerezo [28] measured an increasing Zn/Mg ratio from 1.1 - 1.3 during isothermal holding at 121 °C. 

Marlaud et al. [27] observed increasing Cu content in η′ precipitates during isothermal holding at 160 °C. 

Generally, the composition of η′ is different from equilibrium η phase, MgZn2, and closer to that measured 

in GP zones, which supports the idea of direct nucleation of η′ on existing GP zones [29]. 

The incoherent equilibrium η phase has a η′-like hexagonal structure, but with a = 0.5221 nm and 

c = 0.8567 nm [21]. The η phase can be found either after holding at temperatures above 180 °C, or during 

longer holding times at lower temperatures, transformed from η′ precipitates.  η phase is usually found in 

the overaged T7 state [30]. The composition of η phase is typically far from the MgZn2 and instead Mg 

(Zn, Cu, Al)2. The Zn/Mg ratio is higher compared to GP zones and η′. The aluminum content is generally 

lower in η than in GP zones, or η′ precipitates. 

The addition of copper in commercial 7xxx alloys is normally considered as favourable to reduce 

or prevent stress corrosion cracking and intergranular corrosion resistance of the Al-Zn-Mg alloys with 

high Zn/Mg ratios due to the fact that higher Cu content in grain boundary precipitates (GBPs) decreased 

the potential difference between the GBPs and matrix, leading to a slower rate of anodic dissolution [20,31]. 

Unfortunately, copper may also contribute to the formation of low melting point phases at the grain 

boundaries in the high temperature regions of the weld. Consequently, Al-Zn-Mg-Cu alloys are usually 

considered to be non-weldable alloys. For applications that include welding, copper is either omitted or 

kept at a low level in alloy. 

2.1.3 The Al-Mg-Si system 

The most substantial overviews on Al-Mg-Si phase diagrams were done by Mondolfo [32], 

Barabash [33], and Fan et al. [34]. The aluminum rich side of the Al-Mg-Si phase diagram is shown in 

Figure 2-5.  
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Figure 2-5: Al-Mg-Si ternary phase diagram in the Al-rich corner section at ambient temperature 

obtained from the Thermocalc TCAL5 database.  The red dot refers to the approximate composition of 

AA6022. 

Miao and Laughlin [35] studied the precipitation sequence of the specific Al-Mg-Si alloy,  AA6022, with 

ternary composition shown in Fig. 2.5, and they proposed the following reaction from the saturated solid 

solution: 

SSS →  GP zones →  β′′ → β′ +  lath − like precipitates →  β +  Si (2-10) 

GP zones are generally considered spherical clusters with an unknown structure. The β′′ are fine 

needle-shaped zones along <100>Al, having a monoclinic structure, although different values of the lattice 

parameters have been reported [26, 27]. The stoichiometry of the β′′ phase has been identified as Mg5Si6. 

The β′-phase is formed as rod-shaped precipitates with circular cross sections along <100>Al, having a 

hexagonal crystal structure with a = 0.705 nm and c = 0.405 nm [26, 27]. The stable β phase usually consists 

of Mg2Si platelets on the <100> plane of Al having a FCC CaF2 type structure with a = 0.639 nm [38]. 

In many commercial 6xxx aluminum alloys, which often contain Cu in varying amounts, more 

complex precipitation sequences take place. The metastable β′′ has been observed to be the dominant 
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intermediate phase present in the Al–Mg–Si and in some Al–Mg–Si–Cu alloys at early stages of aging. 

After peak aging, some of the needle shaped β′′ precipitates are replaced by the rod shaped phase β′ [39]. 

However, the Cu content and the Mg:Si ratio can influence the precipitation sequence of the Al-Mg-Si alloy 

system [28, 29]. Lath-shape precipitates appear in addition to the hexagonal β’ [40] with addition of Cu. 

This lath-shaped phase was originally observed in AA6061 by Dumult et al. [41]. Later investigations have 

confirmed the distinct lath morphology of precipitates in Al–Mg–Si–Cu alloys. Chakrabarti et al. [39] have 

suggested that this lath shaped-phase is the precursor phase of the equilibrium Q phase, and designated it 

as Q′. The Q′ phase has a hexagonal structure with c = 1.04 nm and a = 0.404 nm. The long axis of the Q′ 

lath-shape particle is parallel to the <100>Al habit planes of the Al matrix. The quantity of Q′ phase depends 

on the Cu content and Mg:Si ratio [40]. 

2.2 Friction Stir Welding (FSW) 

Several welding processes have been developed for aluminum alloys. Friction stir welding (FSW) 

has shown great potential for joining aluminum alloys considered unweldable [32–34]. The FSW process 

was developed in 1991 by The Welding Institute in the UK [2]. Subsequently, FSW has become very 

effective in joining highly alloyed materials, which are difficult to join by conventional methods. 

In comparison to the traditional fusion-welding technologies, the primary advantage of friction stir 

welding is its ability to join dissimilar materials with different melting temperatures and physical properties. 

Friction stir welding does not melt the alloy at the join line, which is ideal for AA7xxx series alloys that 

are precipitation hardenable. The absence of a melt pool from the welding avoids the formation of extremely 

brittle phases upon solidification, and a lower incidence of weld defects such as lack of fill or cracking. 

Additionally, since there is no weld pool, friction stir welding can be done in any direction and weld 

geometry [45]. The process is completed in a few seconds with very high reproducibility and suited to 

automation. However, some disadvantages of the FSW process have also been identified such as: 

• an exit hole can be left after the tool is withdrawn from the workpiece; 

• relatively large tool press-down and plates-clamping forces are required;  
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• FSW is often associated with slower welding rates than traditional fusion-welding techniques, 

although this disadvantage is somewhat minimized since it requires fewer welding passes. 

2.2.1 Friction stir welding process 

FSW involves the joining of metals without fusion or filler materials; it produces a plasticized 

region of material. FSW can be performed in a variety of joint configurations, the most common of which 

are butt welds, lap welds, T-joints, and pipe welds. With each joint configuration, there are many choices 

the FS welder must make regarding tool geometry and fixturing. A non-consumable rotating tool with 

central pin and connecting shoulder is pushed into the materials to be joined, as shown in Figure 2-6. Clamps 

are required to fix the two sheets to the bed. The rotation of the tool heats up and plasticizes the materials 

it is in contact with, and as the tool moves along the joint line, the material from the front of the tool is 

swept around this plasticized annulus to the rear, eliminating the interface. So, the welds are created by the 

combined action of frictional heating and mechanical deformation due to a rotating tool. If the local vectors 

of tool rotation and translation of the welding tool are in the same direction, it is called the advancing side 

(AS), whereas if the motions are in opposite directions, then it is called the retreating side (RS). For each 

combination of material considered, many factors must be optimized to achieve a good weld, such as the 

tool revolution speed, the pressure of the tool on the joint, the traverse speed, and the geometry of the 

fixture. “Good” is a relative term, but it infers obtaining a target microstructure and mechanical properties. 
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Figure 2-6: Schematic of friction stir weld process.  A rotating tool consisting of pin and shoulder is 

driven into the material and traversed in the welding direction.  Note that the tool is artificially rotated 

about the y-axis so to show the pin threads. 

2.2.2 Microscopic overview of FSW 

Although FSW is a solid-state process, the plastic deformation and frictional heat applied to the 

materials being joined are high enough to change the microstructure. Final properties of FSW joints are 

determined by the microstructural state after welding. Referring to the microstructure, there are three 

regions of interest post-friction stir welding: the weld nugget or stir zone (SZ), the thermo-mechanically 

affected zone (TMAZ), and the heat affected zone (HAZ). Outside of the HAZ is the ‘unaffected’ base 

metal (BM). A typical cross section of the FSW joint is shown in Figure 2-7. 



18 

 

 

Figure 2-7: Common cross-section overview of friction stir welded thin aluminum sheet [42]. See text for 

definition of identifiers. 

The stir zone corresponds to the central part of the weld, where material has experienced significant 

plastic deformation by the tool pin (Figure 2-7). In this region, the microstructure is very fine due to 

deformation, recovery, and recrystallization. The shape of the stir zone depends on the process parameters, 

tool geometry, and the material being welded. The high temperature exposure of this zone can cause 

dissolution, growth, and re-precipitation of secondary phases. Such microstructural changes correlate to the 

lower mechanical properties observed when compared to the base metal [36, 37]. The temperature reached 

in the stir zone is highly dependent on the process employed and the thermal conductivity of the material, 

however, it often lies above 400 °C, but below the melting point for aluminum alloys [47]. Depending on 

the time of exposure at this temperature, the majority of precipitates in Al-Mg-Zn or Al-Mg-Si alloys will 

be affected by dissolution, coarsening and/or possibly re-precipitation [48]. A study by Olea et al. [49] on 

AA6056 in three heat-treatment conditions (T4, T6 and a PWHT) showed microstructural changes in 

various zones after welding. Transmission electron microscopy (TEM) observations showed precipitate 

dissolution and coarsening after FSW, followed by reprecipitation of a very thin precipitates in the stir zone 

of the PWHT condition. 

The TMAZ is a narrow area that lies just outside the stir zone. As its name suggests, this region is 

subjected to high temperatures and mechanical deformation. In this zone only a limited degree of 

recrystallization occurs, and the grains are elongated and typically of a different orientation than those in 
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the base metal [42]. Thermal cycles range from 360 to 480 °C in the TMAZ, resulting in the dissolution of 

metastable β′ and Q′ phases in AA6xxx, which provide small amounts of strengthening, and the 

precipitation of stable β particles [50]. Sharma [51] performed experiments on AA7039 alloy in the initial 

temper condition of T6, and showed that the η′ particles responsible for strengthening were more numerous 

in the TMAZ of welds, while conversely the HAZ contained fewer η′ particles. 

Further away from the weld center is the HAZ. In this region material has experienced elevated 

temperature exposure but no plastic deformation from the welding process. While there is insignificant 

change in grain size or orientation, the temperatures in this area were still high enough to result in precipitate 

evolution, often making this zone the softest region of welded age hardenable alloys [42]. The HAZ of the 

AA6xxx, is characterized by coarsening and dissolution of pre- existing β′′, as well as the precipitation of 

Q′ and β′. Table 2-1 shows the temperatures attained in each zone of the FSW, and how they correspond to 

the precipitation evolution temperatures typical of Al-Mg-Si systems [50]. In the case of AA7xxx, the HAZ 

contained fewer η′ particles compared to the TMAZ, and the particles in the HAZ had coarsened [51]. 

In the base material, neither the mechanical deformation nor the heat generated from the welding 

process affects the microstructure significantly. It should be noted that most observations are made post 

weld process, which allows time for kinetic processes like recovery, recrystallization, precipitation to occur 

during cooling. In one of the earlier studies on AA7075, Rhodes et al. [52] qualitatively reported that the 

dislocation structure post-FSW is quite low in the nugget and TMAZ compared to the T6 base material. In 

contrast, Su et al. [53] removed the tool during welding of AA7075 and rapidly cooled the weld to better 

capture the evolving inhomogeneity in the nugget. They report high and low densities, depending on the 

grain/sub-grain orientation, but like the Rhodes et al. work, the amounts are qualitative. 

The inhomogeneous microstructure across the weld from the stir zone to the base metal, coupled 

to the deformation, and heating/cooling cycles that occur in the clamped work pieces can result in residual 

stresses. In one of the more comprehensive studies on FSW AA7075, Ji et al. [54] used both X-ray and 
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neutron diffraction to observe an asymmetry in the residual stresses developed across the weld, from the 

advancing to the retreating side, which correlated to microhardness. 

Table 2-1: Precipitate evolution in AA-6005A compared to temperatures in experienced in different FSW 

zones [50] 

 

2.2.3 Temperature distribution during FSW process 

Thermal cycles occurring during FSW have a direct influence on microstructural evolution of the 

weld, and on the resultant mechanical properties of the joints. Therefore, it is important to obtain 

information on the temperature distribution during FSW. Several attempts have been made to record the 

temperature distribution by imbedding thermocouples at different distances and depths from the joint line 

[39, 40, 45].  As shown in Figure 2-8, a thermal gradient is produced between the hot stirred zone and the 

cold base metal. Lower temperatures are recorded as the distance from the weld nugget increases towards 

the colder base metal. The maximum temperatures are typically registered at the top of the joint near the 

contact surface between the welding tool and the base metal [47]. In the thickness direction, a difference in 

temperature between the top and bottom of the joint in the vicinity of the weld nugget might also occur. 

This difference may be influenced by several factors, such as alloy type, sheet thickness, welding 

parameters, backing plate, etc. [47]. 



21 

 

 

Figure 2-8: Peak temperature distribution adjacent to a friction stir weld in AA 7075-T651 made by 

imbedding thermocouples. The line on the right side of figure shows the nugget boundary [47]. 

Thermal cycle measurements within the stir zone are extremely difficult to obtain due to the 

destructive nature of the plastic deformation. Therefore, maximum temperatures have been estimated by 

microstructural observation of the weld nugget. Tang et al. [55] attempted to measure the heat input and 

temperature distribution within a friction stir weld by embedding thermocouples in the region to be welded. 

They reported that the thermocouple at the weld center was not destroyed by the pin during welding but did 

change position due to plastic flow of material ahead of the pin [55]. They found that temperature 

distribution within the weld nugget was relatively uniform (about 450°C). 

2.2.4 Mechanical properties of friction stir welded aluminum 

The temperature exposure and plastic deformation of the weld zones during FSW brings about 

changes to the microstructure of the material and hence affects its mechanical properties. A study by Lotfi 

and Nourouzi [56] examined the effects of FSW on the well-known AA7075-T6 alloy, and obtained data 

on weld microhardness. The base metal microhardness in their study was 170 HV, while the highest 

hardness value across the weld profile was located in the SZ (172 HV), and the lowest hardness value was 

located in the TMAZ (121 HV) [56]. The authors attributed the high hardness value in the SZ to the 
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dissolution of precipitates followed by the re-precipitation of smaller precipitates during natural ageing 

following the FSW process. The softening observed in the TMAZ and HAZ is attributed to the coarsening 

of strengthening precipitates with negligible dissolution, meaning that little solute was available to re-

precipitate any fine strengthening particles during natural ageing. 

Limited studies on the application of PWHT to recover hardness have been performed. Some 

recovery of the hardness following FSW of an AA7449 was reported as shown in Figure 2-9 [57]. The 

hardness measurements correspond to the replacement of a fine precipitate distribution of ′/ –phase, 

within the nugget and TMAZ regions, by a coarse distribution of  -phase, during PWHT. The HAZ and 

base material microstructures are relatively unaffected by the PWHT. 

 

Figure 2-9: The effect of PWHT on a FSW AA7449 [57].  Note the relative symmetry in the hardness 

profile. 

Mechanical properties of friction stir welded age-hardenable aluminum alloys have been found to 

be strongly related to the degree of precipitation. Sato et al. [46] studied the relation between microstructure 

and hardness profile of a FSW 6063-T5 aluminum alloy in the “as welded” condition. A schematic 

representation of their results is shown in Figure 2-10. The hardness profile depicted a softening of the weld 

region, and they concluded that the high temperature experienced in the nugget led to dissolution of the 

precipitates. During natural ageing following welding, the precipitation of GP zones increased hardness. 

The lowest hardness values were observed in the TMAZ and the HAZ nearest to the stir zone boundary 
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(approximately 4 mm from the weld centerline). In the region of hardness minima, temperatures are ideal 

for the formation of the stable β phase, which is known to provide little strengthening. 

 

Figure 2-10: Relationship between precipitate distribution and hardness profile for FSW 6061-T5 [46]. 

Note some asymmetry in the hardness profile. 

2.2.5 Dissimilar FSW joints 

Perhaps, the most important advantage of friction stir welding is the capability to produce welded 

joints in the solid state, and therefore undesired solidification microstructures are avoided. This fact allows 

for joining of materials without any, or with low metallurgical affinity. In the literature it has been 

demonstrated that FSW allows welding of dissimilar metals [58] such as Al to Steel [59], Al to Mg [60], 

and Al to Cu [61]. 

The production of dissimilar alloy welds presents some peculiarities, for example the relative 

position of the materials with respect to the rotating tool. Generally, it has been observed that the best results 

are obtained when the softer material is placed on the advancing side of a butt joint [62]. 

The resulting weld nugget microstructure also features an ՛՛onion ring՛՛ pattern as in similar FSW-

joints, Figure 2-7. The alternating structure consist of a vortex, or swirl-like features, described by Murr et 

al. [61], and Lee et al. [62], the latter who determined that the microstructure within the nugget is dominated 
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by the harder material placed on the retreating side. However, no chemical mixture (dilution) between 

metals was observed. 

Mechanical properties of the dissimilar joint are governed by the weakest zone in the weldment. 

Tensile fracture normally occurs in the overaged HAZ on the advancing side, where the more ductile 

material is located [62]. This reduced joint ductility has been attributed to localized deformation in the low 

strength HAZ [63]. 

2.3 Computational Thermodynamics and Kinetics 

The primary goal of modeling is to gain a deeper understanding of experimental systems and to use 

this to improve technology. A secondary goal of modeling is to develop usable models that generate new 

insight through accurate prediction of complex experimental observations. Microstructure evolution in 

multiphase, multicomponent systems is important to understand for industrial applications, and also 

interesting from an academic perspective [64]. This section reviews approaches taken to model 

microstructural evolution during heating of age-hardenable alloy systems. 

2.3.1 Shercliff-Ashby process modeling 

Since the precipitation of strengthening phases is critical to the properties of age hardenable alloys, 

modeling of precipitation and strengthening is of considerable interest among researchers. The concept of 

process modeling for age hardenable aluminum alloys was first introduced by Shercliff and Ashby in 1990 

[65], who developed a mathematical relationship between process variables (alloy composition, the heat 

treatment temperature and time) and the alloy’s strength or hardness, based on physical principles 

(thermodynamics, kinetic theory, dislocation mechanism, and so on). Despite the apparent simplicity of the 

Shercliff-Ashby model, good results have been obtained for describing isothermal ageing processes in some 

Al-Cu and Al-Si-Mg alloy systems [65]. The model is based on simple and widely known principles of 
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phase equilibria, coarsening processes, and dislocation-precipitate interactions. It incorporates the 

following components, or sub-models: 

(i)  The initial growth of a volume fraction of precipitates, and the consequent changes in the solute 

concentration. 

(ii) The dependence of the equilibrium volume fraction of precipitates on the ageing temperature. 

(iii) The coarsening of precipitates by competitive growth. 

(iv) The contribution of solid solution strengthening to the yield strength. 

(v) The contribution of shearable precipitates to the strength (Friedel mechanism). 

(vi) The contribution of non-shearable or bypassing precipitates to the strength (Orowan mechanism). 

Sub-models (i)-(iii) address the modeling of the precipitation process, while the rest of the 

components together with the intrinsic strength of the matrix itself form the strength model. The equations 

describing these sub-models are combined to obtain the process model to describe the ageing process. Thus, 

the resulting expression for the overall macroscopic alloy strength, σ, assuming a linear combination of the 

different strengthening contributions [65], is 

𝜎(𝑡, 𝑇) = 𝜎𝑖 + ∆𝜎𝑠𝑠 + ∆𝜎𝑝𝑝𝑡  (2-11) 

with 𝜎𝑖 being the intrinsic strength of the matrix (an alloy property), ∆𝜎𝑠𝑠 is the solid solution strength, and 

∆𝜎𝑝𝑝𝑡 is the net contribution of precipitation. 

Process modeling for aluminum alloys was further combined with the concept of internal state 

variables to describe microstructural evolution, and expanding modeling potentials to non-isothermal 

thermal processing [66]. The Shercliff-Ashby model uses dimensionless variables to significantly reduce 

the size of the database that is required for constructing the complete aging behavior of the alloy. As shown 

in Figure 2-11, the Shercliff-Ashby model uses a few measured peak aging data points from different aging 

temperatures as input, and “calibrates” some material-dependent unknown parameters that can be later used 

to construct the complete aging behavior of the material. Myhr and Grøng [67] extended this approach to 

describe softening in the heat-affected zone of arc welded AA6082. This process model has also been 
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applied to predict hardness profiles after FSW of monolithic alloys AA6082-T6 and AA7108-T79 by 

Frigaard et al. [68], AA7xxx by Sullivan et al. [69], and AA2XXX by Shercliff et al. [70]. 

 

Figure 2-11: The process flow diagram for the Shercliff-Ashby aging model. 

2.3.2 Kinetics of particle coarsening 

Coarsening is a consequence of reduction in surface energy, and it was Ostwald [71], who first 

described how larger particles are energetically more favourable than small, and thus will grow at the 

expense of the smaller ones. The driving force is related to the higher pressure inside the smaller particle 

due to surface tension. The coarsening problem was treated mathematically by Lifshitz and Slyozov [72] 

and Wagner [73], which has become known as the LSW theory of Ostwald ripening [74]. Grain growth in 

metals and particle coarsening are important aspects in materials science, and the theories have been 

discussed extensively in the literature. Coarsening theory for spheres leads to the following relationship 

[75] 

�̅�𝑛 − �̅�0
𝑛 = (

8𝛾𝐷𝑉𝑚
2𝐶𝑒

9𝑅𝑇
)𝑡  

(2-12) 
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where �̅� is the average particle radius, �̅�0 is the initial average particle radius, n is the coarsening exponent 

that describes the dominant mechanism controlling particle coarsening [66–68], 𝑉𝑚is the atomic volume of 

the phase, 𝐷 is the solute diffusion coefficient, 𝛾 is the interfacial energy, 𝐶𝑒 is the equilibrium solute 

concentration in the matrix at the infinite distance, R is the universal gas constant, T is temperature, and t 

is time. 

 Guyot and Cottignies [79] followed precipitation evolution after quenching and isothermal ageing 

of Al-Zn-Mg-Cu alloys using SAXS, and observed that r3 is proportional to t during the coarsening stage 

of constant volume as per the Lifshitz-Slyozov-Wagner (LSW) theory of coarsening [72,73]. Also using 

SAXS, Du et al. [80] instead observed LSW kinetics during coarsening with volume change in Al–8.0 Zn–

2.05 Mg–1.76 Cu (wt.%). Multiple authors have reviewed the applications and limitations of LSW theory 

for particle coarsening in different alloy systems [76,79,81]. Guyot and Cottignies [79] identified more 

complicated kinetics in the earlier nucleation and growth stages when heating from the starting saturated 

solid solution, which stabilized when two-step ageing was applied. 

 One critical factor affecting precipitation is the role dislocations play on nucleation and growth, 

which is difficult to directly quantify in experimental studies, but a causational relationship between 

dislocations and precipitation phenomena has been observed. Wu et al. [82] investigated the precipitation 

behavior of an age-hardenable Al-Zn-Mg(-Cu) alloy by electron microscopy. Their results showed that the 

majority of the plate-like η′ precipitates were distributed on or near dislocation lines, implying that 

dislocations acted as the favorable nucleation sites for the η′ precipitates. Ma et al. [83] also reported a 

coupling of dislocations and precipitation in an Al-Zn-Mg(-Cu) alloy by in-situ TEM, concluding that 

dislocation motion might drag solute atoms to heterogeneous nucleation sites of η′ precipitates, and 

accelerate the growth and coarsening of the precipitates at the dislocation cores. However, as confident as 

researchers are in understanding the qualitative effect of dislocations on precipitation, there is a lack of 

fundamental information on the mechanisms that govern the precipitation behavior in non-binary systems 

like Al-Zn-Mg(-Cu) due the system constraining models required. Deschamps et al. [84] reported an 
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increase in particle growth rate with increased pre-straining and static anneal for Al-6.1Zn-2.35Mg-0.1Zr 

(wt.%), which was shown to be sensitive to heating rate. More recently, Sigli et al. [85] reviewed the state 

of the art in precipitation data and modeling approaches to describe age hardening of aluminum alloys in 

static and dynamically deforming states. In all experimental evidence to date, dislocation motion 

accommodating plastic deformation is described as a probable mechanism to enhance diffusion of solute 

atoms, and increase precipitation kinetics. What has been neglected is the reverse effect of losing 

dislocations; at typical artificial age hardening temperatures dislocation structures in aluminum alloys can 

recover, and therefore would reduce their contribution to the aging kinetics.  

2.3.3 Phase field modeling 

In current scientific understanding, the word “modeling” is often used to denote two quite different 

terms, namely, mathematical model formulation, and numerical modeling. The term “simulation” on the 

other hand is used only as a synonym for numerical simulation. Modeling cannot replace experiments, but 

it can be a useful tool to understand the complex phenomena causing changes in the microstructure, and the 

model can be used effectively to reduce the number of experimental trials involved in alloy design. 

Modeling techniques can be distinguished broadly into three categories based on the length scales 

they pertain to, namely, atomic (nano to submicron), mesoscale, and macroscale models. Atomic scale deals 

with ab-initio or first-principles calculations, molecular dynamics, and Monte Carlo techniques. Mesoscale 

involves approaches that do not directly deal with atoms, like phase-field model based on Cahn-Hilliard 

and Ginzburg-Landau equations, and cellular automata, while the macroscale deals with percolation 

models, cluster models, and finite element models. 

With many numbers of models available, phase-field still stands out as the potentially best available 

approach to simulate large scale complex microstructures. A minimization of Gibbs free energy, which has 

an interfacial and chemical component, is used to determine the morphology and the local phase fractions 

and concentrations. Phase-field is a mesoscale model based on the diffuse-interface concept, originated near 
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the end of the 19th century [86], and avoids the explicit interface tracking, unlike its sharp interface 

counterparts. The phase-field approach offers several advantages: 

1. The phase field approach is suitable for modeling free boundary problems without having to explicitly 

track the usually complicated interfaces, for different shapes, during a microstructure evolution, with 

the help of order parameters that vary smoothly in space. This approach presents great advantages for 

modeling the evolution of complex three-dimensional microstructures and arbitrary morphologies for 

which conventional front-tracking approaches would have been impossible. 

2. The phase field approach can be applied to a wide range of microstructural evolution problems related 

to vastly different materials processes by appropriately choosing either physical or artificial field 

variables. It has been successfully applied to many different materials processes such as alloy 

solidification [87–91], solid-state precipitation [92–94], spinodal decomposition [95], microstructural 

evolution in polycrystalline materials [96,97], crystal nucleation [98], recrystallization process [99], 

dendritic growth [100], coarsening and grain growth [101], thin film patterning [102] and many others. 

3. It is possible to link phase-field models with existing, or future thermodynamic, kinetic and 

crystallographic databases, for more complicated systems in order to simulate the microstructural 

evolution of real alloys. It is also possible to directly construct the free energy function of a phase-field 

model from existing databases using the CALPHAD (CALculation of PHAse Diagrams) method for 

example [103,104]. The compositional dependence of atomic mobility from databases can also be 

incorporated. 

4. Finally, the phase-field method has been extended and utilized across many fields of materials science, 

which can systematically incorporate the effect of the coherency induced by lattice mismatch, the 

applied stress. dislocation dynamics [105], as well as the ferroelectric materials [106], magnetic fields 

[107] and fracture [108]. 

The basic concept of the model is that the interface is a region of finite width characterised by a 

smooth variation in properties across it, and hence is called a diffuse interface approach [78–80]. The 
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advantage of this approach is that a moving boundary problem can be solved without tracking the interface. 

Even though the technique was initially more or less a numerical trick to avoid tracking interfaces, with 

time, it has evolved into a robust and thermodynamically consistent approach for modeling phase changes 

in which the assumption of a sharp interface is incorrect. The approach uses thermodynamic quantities like 

Gibbs free energy to construct the evolution equations using the fundamentals of non-equilibrium 

thermodynamics. In addition to successfully simulating solidification [112] and solid-state phase 

transformations [113], phase field models have successfully modelled grain growth [114], solid-state 

sintering [115], dislocation dynamics [116], crack propagation [117], electromigration [118], and vesicle 

membranes in biological applications [119]. 

The phase field method has been widely used for liquid-solid transformations, but its application 

in precipitation is still relatively new. The general phase field approach is very versatile and has been used 

to model many types of microstructure evolution, as summarized in several review articles [113,120,121]. 

 Chen and co-workers [122] have developed a diffuse-interface phase-field kinetic model for 

precipitation in the Al-Cu system, and reported on the effect of applied stresses on nucleation and growth 

of coherent ՛ precipitates using computer simulations. It was demonstrated that the growth of a ՛ 

precipitate is strongly affected by internal and external strains. The high eigenstrain causing a large lattice 

mismatch makes the ՛ precipitate as a thin disc. Under the influence of external stresses, the ՛ precipitation 

becomes selective, resulting in parallel alignment of ՛ precipitate variants. Wang et al [123] described the 

similarities and links between the parameters in microscopic field theory and phase-field approach, both of 

which emerge from the field kinetic theory. They showed the use of semi-phenomenological phase-field 

approach to study the phase transformation and coarsening behavior of precipitates in model systems 

constructed based on real materials. With the phase-field model, the precipitate microstructure evolution 

with large number of precipitates was studied in two dimensions (2D). The phase-field approach has been 

used to investigate both the homogeneous modulus and inhomogeneous modulus systems [124]. Poduri and 

Chen [125] employed microscopic theory to study the volume fraction dependence of coarsening of Al3Li 
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(δ՛) precipitates. The results from the simulation agreed quantitatively with the experimental measurements 

of the rate constant, and its dependence on the volume fraction. Phase field models have also been used to 

study directional solidification at high velocities [126], Ostwald ripening, and coalescence [127]. 

There is presently an increasing interest in using PFMs to simulate microstructure evolution in the 

HAZ of welds. This has stimulated research to explore the advantages of PFM in modeling microstructure 

evolution under spatial constraints. Thiessen et. al. [128] introduced a physical model based on phase field 

theory to describe the microstructure evolutions in HAZ of fusion welded components. In their first work 

from this series of studies, Thiessen et al. [132] simulated the microstructure evolution, particularly grain 

microstructure, for AISI 316L steel during welding as well as different heat treatments. In the proposed 

model, they defined the interfacial velocity by considering the movement of interface of phases in molecular 

scale. Using this approach, Thiessen et al. were able to calculate the interactional velocity mostly by using 

typical mechanical properties of material such as shear modulus, yield stress, Burgers vector, etc. However, 

for achieving more accurate results they had to take the crystallization temperature and nucleation density 

from experimental data. Comparing the results of simulation with the experimental data from welded 

samples showed that the predicted grain sizes in HAZ of partially heat treated samples were smaller than 

the grain sizes measured from the welding experiment. For the as received sample, the results of simulation 

were more realistic. Figure 2-12 shows the predicted kinetics of austenite formation and decomposition at 

different locations along the HAZ in comparison to the synchrotron experimental measurements of 

austenitic fraction.   Within the same series of studies [128], austenitization and retransformation of 

austenite to ferrite for low carbon steel AISI 1005 during a welding process were simulated. In their model, 

Thiessen et al. used the TCFE2 database and ThermoCalc to construct the phase diagram for Fe-C.  
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Figure 2-12: Austenite fraction as a function of welding time at various positions from the weld center. 

Continuous red lines are phase field results and blue dotted lines are synchrotron measurements [128].  

2.3.4 Supporting tools 

Calphad method (CALculation of PHAse Diagrams) 

Phase diagrams are an indispensable tool in material science. Nowadays they are rarely drawn by 

hand, but are derived by thermodynamic optimization. For this purpose, the CALPHAD method was 

originally developed by Larry Kaufman [129] in 1970. The first software implementation of the CALPHAD 

approach was done by Lukas et al. [130] in 1977. With the continuous progression of computer technology, 

the CALPHAD method has become a commonly used tool among materials scientists [129]. The algorithms 

for phase diagram calculation are implemented in commercial software like Thermo-Calc [131], PANDAT 

[132], FactSage [133] or MTDATA [134]. But no program can create a phase-diagram if it lacks a suitable 

thermodynamic dataset as input. The pool of available thermodynamic data is constantly increasing due to 

contributions of researchers from all over the world.  

To calculate phase diagrams based on thermodynamic functions requires one to find the equilibrium 

of a material system for certain conditions, characterized by a minimum of an appropriate thermodynamic 

potential. The potential used in the CALPHAD method is the Gibbs free energy as its characteristic state 

variables, temperature, pressure and composition, are known for most thermodynamic measurements. Since 

there is only a small influence of pressure on the Gibbs energy of solid and liquid phases, it is usually 

neglected. 
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Thermo-Calc software package 

 Thermodynamics is the key to modeling phase transformations. The theoretical basis of 

thermodynamic calculation lies in the fact that a phase boundary is the location of two phases in equilibrium. 

Since the Gibbs free energy is used to describe the free energy density of individual phases, realistic Gibbs 

free energy of all phases in the system should be established as a function of temperature and composition.  

Thermo-Calc  [131]  is  the  most  widely  used  software  and  database  system  for  modeling  

multi-component  phase  equilibria  and  phase  transformations. Its  ability  to  calculate  various 

thermodynamic and kinetic quantities such as free energy, driving force, phase transformation temperature, 

phase composition, etc.  have  made  it  ideal  thermodynamic  engine  for  application  programs  simulating  

materials  processing,  structure,  and  properties. Calculations are based on thermodynamic databases 

produced using the CALPHAD method.  

MOOSE 

While many finite element software packages exist, the Multiphysics Object Oriented Simulation 

Environment (MOOSE) framework [94–96] has been developed to solve coupled, nonlinear partial 

differential equations [136] typical of the phase field problem, and is based on the parallel finite element 

(FE) framework libMesh [138]. To simulate specific problems, a user may develop their own application 

based on MOOSE. The software is a framework, and ultimately solutions depend on the accuracy of 

materials-specific information used, such as atomic mobility, thermal conductivity, elastic stiffnesses, etc.  

MOOSE offers several advantages in contrast to some other FE solvers; in particular it is open-

source and free to download, compile, and use. MOOSE supports serial or parallel computation with 

adaptive time stepping and adaptive meshing, which can significantly reduce the computational resources 

required for large simulations. The physics implementation within MOOSE is dimensionally independent 

such that the same application code may be run in one, two, or three dimensions. In addition, multiphysics 

coupling in MOOSE is automatically built into each functionality, such that the values of any defined 

variables on an element are retrievable. Moreover, the object-oriented nature of MOOSE minimizes the 
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need to re-implement common mathematical expressions when solving a new form of an equation. For 

example, implementing a new chemical potential within the Cahn-Hilliard equation requires only a few 

new lines of code. Furthermore, a set of built-in physics libraries (called ‘‘modules’’) provide general 

formulations for phase field equations and tensor-based solid mechanics that may be used directly or 

adapted for specific applications, amongst other types of physics. To minimize the chance that code updates 

introduce errors, MOOSE provides a means of testing user code for regressions or failures when parts of 

the framework are updated. Finally, MOOSE has a large user base and a developer team who continue to 

implement new features, improve MOOSE, and provide support. 

2.4 Summary 

The automotive industry is currently facing challenges in the reduction of emissions and fuel 

consumption. These targets can help be met with the use of lightweight materials, such as aluminum alloys, 

for the vehicle structures.  Friction stir welding has been identified as “key” technology for the automobile 

manufacturing. FSW is a solid state welding process that avoids problems caused by the solidification of 

the melted weld pool, which is an important factor for aluminum alloys. Besides the production of high 

quality, similar joints, from high strength aluminum alloys, friction stir welding is been seriously considered 

for mass production due to its potential to weld materials of different metallurgical characteristics. 

However, the use of FSW poses several challenges to the automotive engineers, as the dissimilar joints 

must be designed to perform well under loads (ensuring passenger safety).  

FSW research has tended to focus on mechanical property and/or microstructure correlations to 

FSW controllable process variables like tool design, tool rotation/speed, and material. However, most 

research deals with either the microscopic or the macroscopic investigations individually, and does not 

consider them together. As describe in this review, friction stir welding of dissimilar materials is a still 

developing area. Welding of age-hardenable alloys like 7xxx or 6xxx alloys greatly impacts the initial 

properties of the material. In fact, the sudden high heat input drives radical changes of the existing 

microstructure, in particular to the precipitates responsible for the strengthening of the alloy.  When 
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dissimilar alloys are joined, the microstructural response is less known, and so the heat treatments required 

to optimize the seemingly good weld becomes important to understand. Therefore, the focus of the current 

work is to study for the first time the dissimilar FSW joining of AA7075 and A6022, the latter designed for 

and currently used in automotive structures, and the former used in aerospace applications.  The work aims 

to describe and understand the mechanisms affecting the evolution of the strengthening particles during real 

thermal cycles caused by FSW, and post weld heat treatments. The thesis converts the thermal contribution 

into understanding by applying the appropriate models described earlier for their respective length scales, 

with new experimentally obtained inputs of mechanical property and changes in precipitation characteristic 

data.  

 

 



 

 

Chapter 3 

Experimental and Numerical Methods 

This chapter first introduces the studied AA7075-T6 and AA6022-T4 alloys.  AA6022-T4 is 

currently used in automotive sheet structures, while AA7075 has a history of aerospace use, but is novel to 

the automotive sector. The chapter describes the parameters to make the welds, and the main experimental 

techniques used to characterise both the microstructure and the mechanical properties of the alloys. Some 

of these techniques (microhardness and tensile tests for mechanical properties characterization; optical and 

electronic microscopy for microstructural characterisation) are commonly used in the material science 

community. Some others, such as or SAXS (Small-Angle X-ray Scattering) and PSRS (Precise Strain Rate 

Sensitivity), are less common, and have special methodologies. 

In the scope of this PhD, different experimental tools were used to measure more complex features 

at different length scales. At one end, optical microscopy was used to characterize the granular 

microstructure (grains, sub-grains, large particles), while at the smaller scale transmission electron 

microscopy was used to characterize the local precipitation state: the precipitates morphology, size, and 

orientation. Microhardness measured the local mechanical properties of smaller specimens that could be 

continuously heat treated to extract kinetics. In contrast, tensile tests were made on larger specimens to 

assess the mechanical properties: yield stress, ultimate tensile stress, elongation. Cryogenic tensile testing 

using PSRS were done to measure mechanical properties and probe solid solution statistics that are obscured 

at room temperatures. X-ray scattering was used to probe the sub- to nanometer length scales.  Specifically, 

SAXS was used to measure the precipitate mean size, volume fraction, size distribution, and morphology 

in AA7075. In situ SAXS measurements were designed to measure precipitation kinetics during post weld 

heat treatments.  WAXS was used to determine the average dislocation density of the SAXS specimens 

from the lattice strain contributions to peak broadening, which would be prohibitive to obtain using 

transmission electron microscopy. 



37 

 

 

3.1 Materials 

The materials studied in this work were Al-Zn-Mg and Al-Mg-Si alloys, AA7075-T6 and AA6022-

T4, respectively. The alloys were provided by Ford Motor Company U.S.A. in the form of a 2.0 mm thick 

AA7075-T6 and 0.9 mm thick AA6022-T4 sheets. The chemical compositions of the alloys were 

determined by inductively coupled plasma (ICP) methods and are shown in Table 3-1 and Table 3-2 in 

wt.% and at.%, respectively. The T4 state is obtained by natural ageing, whereas the T6 state is a result of 

two-step ageing, which corresponds to the peak-aged hardening condition. 

Table 3-1: Composition of AA7075-T6 and AA6022-T4 alloys (wt. %).  

 Element Mg Zn Cu Fe Cr Si Mn Ti Al 

Alloys 

AA7075-T6 2.38 5.41 1.51 0.25 0.19 0.07 0.02 0.02 Balance 

AA6022-T4 0.56 <0.01 0.06 0.13 0.03 0.66 0.07 0.03 Balance 

Table 3-2: Composition of AA7075-T6 and AA6022-T4 alloys (at. %).  

 Element Zn Mg Cu Cr Si Fe Mn Ti Al 

Alloys 

AA7075-T6 2.75 2.33 0.67 0.13 0.10 0.07 0.01 0.01 Balance 

AA6022-T4 0.62 <0.004 0.03 0.06 0.02 0.64 0.03 0.02 Balance 

 

3.2 Friction Stir Welding Procedure 

Welding was carried out at the University of Waterloo, Canada by M. Booth and A. Gerlich. Plates 

were sheared to lengths of 610 mm and a width of 76 mm, and lap-welded along the rolling direction (RD) 

in two different stack-ups: 1) the AA7075-T6 on top and AA6022-T4 on the bottom, and 2) the AA7075-

T6 on top of AA7075-T6. The workpieces were secured to the steel table using clamps with overlap between 

the two sheets of approximately 20 mm. All welds were made on a JAFO model FWR40J milling machine 

using a threaded M6 tool with a 15 mm diameter shoulder and 6mm diameter, 2.8 mm long cylindrical 
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threaded pin (Table 3-3). FSW was performed with the tool tilted forward at 2.5 degrees, rotating at 1120 

rpm and advancing at 125, 250, or 500 mm min-1. The welding parameters used in this study were optimized 

as part of a larger research program between Queen’s, Waterloo and Ford, and are given in Table 3-3. 

Figure 3-1 (a) demonstrates the set-up, installation, and utilized tool. Figure 3-1 (b) depicts the top view of 

the single-pass FSW joint made with the tool rotating at 1120 rpm and advancing at 250 mm min-1.  

Table 3-3: Welding parameters. 

Tool 
Travel speed 

(mm min-1) 

Rotational 

speed (rpm) 

  

M6 thread 

Pin tapered 10° 

3 flat sides 

 

Material 

H13 tool steel 

Shoulder 

Diameter: 15 mm 

Concave 

Pin 

Root Diameter: 6 mm 

Length: 2.6 mm 

125, 250, 500 1120 
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Figure 3-1: a) Welding process set-up; b) plan view of a friction stir welded joint of stack-up lap weld 

showing AA7075-T6 with AA6022-T4 not visible underneath. 

The temperature history during the welding was measured in-situ by embedded, 0.25 mm diameter, 

K-type thermocouples. Four thermocouples were sandwiched at equal distances from each other in a lap 

joint geometry between the AA7075-T6 (top) and AA6022-T4 (bottom) sheets at 4 mm, 8 mm, 12 mm and 

16 mm from the weld centerline, as shown in Figure 3-2. Data was acquired at 60Hz using a National 

Instruments DAQ-9171 data acquisition system and National Instruments Signal Express software. Repeat 

thermocouple temperature measurements confirmed that the heating and cooling curves were reproducible.  

After welding, the samples were cut to reduce their size, and placed in a freezer at -30°C. The 

samples in the as-welded condition were stored at -30 °C during the whole duration of the thesis work to 

reduce post weld aging with about two weeks cumulative spent at room temperature for handling, sample 

preparation and/or transport. 

 

a) 

b) 
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Figure 3-2: Schematic showing the relative locations of the four thermocouples relative to the weld 

center and tool direction.  Not to scale. 

3.3 Sample Preparation 

The surface preparation of aluminum is difficult due to its ductile nature and commonly results in 

deformation induced damage during mechanical polishing. To overcome this difficulty a mechanical 

grinding and electrochemical polishing process was adopted. Polishing began with a four step, water cooled 

process. Grinding started using a coarse 240 grit abrasive silicon carbide paper, and moved through to the 

finer grit papers, with a last step of 600 grit paper. This "sandpaper" method was used to smooth out the 

sample surface and prepare them for further polishing on a cloth lapping wheel. The cloth polishing used 6 

µm diamond particles suspended within the cloth covered wheel along with lubrication to mechanically 

remove the scratches produced by the grinding papers. After all the scratches were removed, a final 

mechanical polishing step was performed using 0.06 µm colloidal silica. This final step produced a mirror-

like finish leaving few scratches visible to the eye. The samples used for SEM were finished on a vibratory 

polisher Vibromet 2 using polishing cloth Metlab (Micro) P.S.A. 12″ for 2 hours. 

Approximately 3 to 5 µm of the specimen surface was further removed using an electrochemical 

polishing process to remove the remaining damaged layer left by mechanical polishing. Electropolishing 
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used a mixture of 7-8% volume perchloric acid, 20% volume distilled H2O, 70% volume ethanol and a 

balance of butyl-cellusolve ether as an electrolyte with a stainless steel cathode. The electrolyte and samples 

were kept below 258 K (-15 °C) to improve polishing performance. All samples were electropolished for 

40 seconds at 30 V using a Jean Wirtz apparatus.  

The TEM samples were prepared from 3 mm diameter discs that were extracted from the thick 

plates in the as-welded condition by first using a Hansvedt  SM-150B,  electrical discharge machine (EDM). 

The extracted 3mm discs were ground down to 100 μm, and then electropolished with  Struers Tenupol-5 

twin jet polisher using a solution of 70% methanol and 30% nitric acid at 243 K (−30 °C) at 15 V. 

Samples for SAXS and WAXS analysis were sectioned from the weld using a Cambridge 

Instruments EDM with 0.127 mm diameter copper wire and Commonwealth EDM 244 dielectric fluid. 

Several 100 μm thick sample sections were prepared from the dissimilar weld as shown in Figure 3-3: (1) 

one weld cross-section perpendicular to the tool direction that contains the range of microstructural 

conditions describing the weld; (2) nine slices parallel to the tool direction that contain microstructural 

conditions of the stir zone (SZ), thermo-mechanical affected zone (TMAZ) and heat affected zone (HAZ). 

The top and bottom alloys in samples 2 and 8 separated during the cut, and were not used further. After 

sectioning, samples were mechanically polished down to ~100 μm thickness and further etched with a 

NaNO2 and saturated NaOH solution to remove surface deformation. A single section from the 

AA7075/AA7075 weld (Figure 3-4) was also made for SAXS characterization only. 

 

Figure 3-3: Macrostructure of the lap welded AA7075-T6 and AA6022-T4 cross-section observed by 

optical microscopy after polishing and Bright etching . Numbered sections indicate locations of 

perpendicular slices extracted for measurement. 
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Figure 3-4: Macrostructure of the lap welded AA7075/AA7075 observed by optical microscopy after 

grinding, but before final polishing.  Not etched. 

3.4 Heat Treatments 

Three heat treatment experiments, welding cycles, isothermal heating (ex-situ) and isothermal 

heating (in-situ), were designed to study the effect of thermal cycles on a microstructure of the weld.  

A salt bath heat treatment was first used to simulate the effect of idealised welding thermal cycles 

on the microstructure of the alloys. Rectangular 4 x 6 cm specimens were cut from the unwelded sheets, 

ground and polished to a mirror surface finish, then subjected to solution heat treatment (SHT) and high 

temperature isothermal holdings in a salt bath at temperatures from 170 to 500 °C. Intermediate 

temperatures were selected to be incremental as T-1 so that an apparent activation energy for ageing could 

be determined. One sample was used for each temperature, and exposed for consecutive times. Samples 

were immediately quenched into ice water after each hold.  

The welded materials were artificially aged at 180 °C for 30 minutes, or 465°C for 10 minutes, to 

evaluate the post weld heat treatments (PWHT). The 180 °C for 30 minutes was chosen because it is used 

in the paint bake cycle for automobile applications. Short of resolutionizing and re-ageing the whole 

component, which may be impossible due to an object’s size, properties may be recovered some-what by 

such already scheduled PWHTs.  Ex-situ heating was done in an oil bath at temperature of 180.0(1) °C for 

30 min and immediately quenched into ice water, while in-situ heating was done using a resistance heating 

stage at 180.0(5) °C in vacuum as a part of the SAXS experimental set-up. 

2
 m

m
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Some tensile specimens were solutionized at 738 K (465(1) °C) for 10 minutes in a salt bath and 

then either ice water quenched (WQ) or transferred to an oil bath and aged at 453 K (180.0(1) °C) for 30 

min. Figure 3-5 summarizes the six conditions studied, and the processing steps used to obtain them. 

 

 

Figure 3-5: Flow chart showing the different processing conditions emanating from the starting base 

material (BM) that explores the effect of mechanical stirring and heat treatments (right-hand side), or only 

heat treatments (left-hand-side), to change the solid solution. 

3.5 Electron Microscopy 

3.5.1 Basics 

Electron microscopy analysis utilizing a high voltage electron beam yields valuable micro- and 

nanoscopic information on the crystal structure, morphology, and composition of phases, which is 

commonly referred to as microstructure.  

3.5.2 Scanning electron microscopy (SEM) 

A FEI FEG-Nova Nano-SEM scanning electron microscope was used to image specimens in 

secondary-electron (SE) mode using an acceleration voltage of 20 kV unless otherwise indicated.  

 

BM, AA7075 T6

SZ + SHT (WQ)
465C 10 minutes, ice water quench

BM + SHT (WQ)
465C 10 minutes, ice water quench

Age 180C 30 minutes Age 180C 30 minutes

SZ = BM + FSW (AC)
deformation with 420C dwell
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3.5.3 Transmission electron microscopy (TEM) 

Bright and dark field TEM images, and selected area diffraction patterns (SAD) were obtained from 

standard 3 mm diameter discs using a FEI Osiris FEG TEM operating at an acceleration voltage of 200kV.  

3.6 Mechanical Testing 

3.6.1 Microhardness measurements 

Micro-hardness was measured after every isothermal heat treatment on the same speciment to 

capture the kinetic change in mechanical properties. The Vickers micro-hardness was measured using a 

Buehler Micromet 5114 with a load of 100 g and 10 s dwell time. At least three indents were made for each 

condition, and the average value calculated for the reported measurement. Local property variation was 

determined by hardness mapping across the welds. Weld mapping was done at Université Grenoble Alpes, 

France by M. Langille using a fully automated Buehler Wilson Tukon 1202 apparatus with a load of 100 g 

and a dwell time of 20 sec. 

3.6.2 Tensile Testing 

Basics 

Tensile testing was used to characterize the starting materials separately, and to investigate the stir 

zone of AA7075/7075. ASTM E8 standard tensile specimens were extracted by water jet cutting using a 

WaterJet Pro Cutting Machine. Tensile gauge lengths were aligned at 0, 45 or 90 to the rolling direction 

(RD) of as-received materials, and aligned with the welding direction of the FSW 7075/7075 stir zone 

(Figure 3-6 (a-b)). In cases when the tensile specimens were removed from the stir zone, warping of the 

sheet was observed outside the welds after removal of specimens, which is an indication of residual stresses 

(Figure 3-6 (c)). Note that 1 mm was milled from both surfaces of the AA7075/7075 stir zone tensile 

specimens, followed by 600 grit polishing to achieve 2 mm thickness.Tensile testing was performed at 78 

K (-195.0(5) °C), or 294 K (21(1) °C) by using a liquid nitrogen cryostat or ambient room temperature, 
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respectively. Details on low temperature testing are presented in the Appendix. The tensile testing was done 

using a servo-hydraulic INSTRON 8502 system equipped with 5 kN or 250 kN load cells, and instrumented 

with a 25 mm extensometer with ± 2.5 mm range and 50 nm resolution. Liquid nitrogen tests used the 

actuator stroke control (140.00(1) mm). The temperature was measured with a thermocouple spot welded 

on the surface of the specimen, and was kept constant to within ±0.5°C. Tensile testing was performed at a 

constant true strain rate of 1.5x10-4 s-1 and 1x10-4 s-1 using computer control to actively control the true 

strain rate. The time-force-displacement data was collected electronically and then converted to engineering 

stress-engineering strain, true stress-true strain (𝜎 − 𝜖), and finally to true stress, plastic strain (𝜎 − 𝜖𝑝). 

 

Figure 3-6: (a) Orientation of tensile specimen with (b) ASTM E8 dimensions extracted from the FSW of 

the 7075/7075 stack-up. (c) Distortion of welded sheet after water jet cutting specimens with the tensile 

specimen geometry of (b).  

Precise strain rate sensitivity 

The solid solution in a crystalline metal microstructure can be characterized by measuring the 

activation volume at plastic yield. Following the theory of thermally activated deformation, the 

contributions of solute atoms, forest dislocations and precipitate obstacles to regulating dislocation glide 
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can be separated using the Haasen plot constructed by data from the precise strain rate sensitivity technique 

[139–142]. Precise measurement of the strain rate sensitivity (PSRS) of the flow stress was performed using 

the Instron tensile apparatus described earlier. Controlled step-ramp compensation, as described by Carlone 

and Saimoto [143], allowed dynamic removal of the strain rate transient during a rate change that otherwise 

obscures the instantaneous stress change, and prevents determination of the activation volume [144]. Strain 

rates were changed by a factor of ¼ or 1/10 from the base strain rate in the all measurements. 

3.7 X-ray Techniques  

3.7.1 WAXS line broadening to determine dislocation density 

Wide angle X-ray scattering (WAXS) line broadening measurements were made on the as-welded 

samples, and after the PWHT step. Measurements were made with a Rigaku model RINT 1100 L X-ray 

diffractometer using a Cu source operating at 1.4 kW power and wavelength, λ= 0.1541 nm. Theta/2-theta 

intensity measurements were carried out in reflection mode to determine the Bragg position, θB, from grains 

with their {200}, {220}, {311}, {222} and {400} planes parallel to the sample surface. In these 

measurements a flat graphite monochromator was used to remove the Kβ component of the peak and signal 

detection was achieved using a scintillation detector count for every 0.02° of 2θ. The measured data were 

converted to reciprocal space and fed into an in-house pseudo-Voigt fitting program, in which the Kα2 

component was removed and peak profile parameters, full width half maximum (FWHM), integral breadth 

(β), and θB, were calculated. The broadening parameters for the Gaussian and Lorentzian portions of the 

intensity versus 2θ peak were separated from the pseudo-Voigt fitting, which is a linear combination of the 

two. According to de Keijser et al. [145], the broadening parameters for the Gaussian portion of the peak 

corresponds to micro-strain or dislocation density present in the deformed microstructure, and the 

Lorentzian component is related to crystal size, which was negligible in the present study. A detailed 

description of the pseudo-Voigt fitting of X-ray data and line profile analysis techniques employed in this 

thesis were described by Bag et al. [146].  
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3.7.2 Texture measurements 

Four incomplete (111), (200), (220) and (311) pole figures were measured for each alloy using 

50kV 190mA Cr-Kα X-rays produced from a Rigaku DMAX rotating anode system with a 4-axis Huber 

cradle set-up with a Bragg-Brentano diffraction geometry. Crystallographic orientation distribution 

functions and Taylor factors were calculated from the pole figure data using the MTM-FHM analysis 

software to an LMAX of 22 [147]. 

3.8 Small-Angle X-ray Scattering (SAXS) 

SAXS techniques have been used extensively to study precipitation phenomena in Al alloys, ex 

situ, and also in situ during aging [148], or non-isothermal heat treatments [149]. SAXS provides 

information on the size and volume fraction of the precipitate scatters, and is useful in validating 

thermodynamic-based precipitation model predictions [150]. 

The laboratory SAXS source of the Science et Ingénierie des Matériaux et Procédés (SIMaP) 

Laboratory at the Institute national polytechnique de Grenoble (Grenoble INP) was used in this study for 

in-situ isothermal holdings experiments. SAXS measurements were carried out by F. De Geuser using a 

Rigaku MicroMax-007 HF rotating anode with Cu Kα X-ray source operating at 9.5 kW. SAXS maps were 

obtained by stepping specimens mounted in a sample holder through a 1000 × 250 µm or 1000 x 130 µm 

beam for ambient temperature, and in-situ heating experiments, respectively. A DECTRIS Pilatus 300K 

detector collected two-dimensional data in transmission with 30 sec. and 2 sec. count times for the above 

two beam conditions, respectively. Data files were corrected for electronic noise, the flat field of the 

detector, and background noise. A complete description of the analysis of the SAXS data for Guinier radius 

and volume fraction is published elsewhere [151]. Both ex situ and in situ isothermal heating was performed 

for the SAXS experiments to follow precipitate evolution during PWHT. The PWHT used to simulate a 

paint bake process was 180 °C for 30 minutes, as described earlier.  The apparatus used for in-situ SAXS 

experiments is shown on Figure 3-7. Due to the low electronic density contrast between Mg, Al and Si, the 



48 

 

 

fixed energy SAXS set-up used was unsuitable for MgxSiy detection in the AA6022 region, and so no data 

could be reported.  

 

Figure 3-7: Instrumentation used for the in situ SAXS experiments at the SIMAP laboratory. 

3.9 Modeling Methods 

3.9.1 Process modeling for age-hardening of aluminum alloys 

Various age hardening models, based on thermodynamics, kinetics and dislocation mechanics, have 

been developed for wrought aluminum alloys in recent years [26,65–67,84,152–154]. The methodology 

described by Shercliff and Ashby [65] can be used to predict the yield strength or hardness after various 

ageing treatments.  Restating the linear summation assumption of equation (2-11), 

 

𝜎(𝑡, 𝑇) = 𝜎𝑖 + ∆𝜎𝑠𝑠 + ∆𝜎𝑝𝑝𝑡   (3-1) 
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the contribution from solid solution hardening, ∆𝜎𝑠𝑠, can be described by microstructure variables in terms 

of an equilibrium solute concentration at the ageing temperature as 

∆𝜎𝑠𝑠(𝑡, 𝑇) = {∆𝜎𝑠𝑠0
3/2(𝑇) + [∆𝜎𝑠𝑠𝑖

3/2
− ∆𝜎𝑠𝑠0

3/2
] × exp (−

𝑡

𝜏1
)}
2/3

 
(3-2) 

where 

∆𝜎𝑠𝑠𝑖 = 𝜎𝑞 − 𝜎𝑖   (3-3) 

∆𝜎𝑠𝑠0 = 𝜎𝑜𝑎(𝑇) − 𝜎𝑖 (3-4) 

𝜎𝑜𝑎(𝑇) = 𝜎𝑖 + (𝜎𝑞 − 𝜎𝑖)𝑒𝑥𝑝
−2𝑄𝑠
3𝑅

(1/𝑇 − 1/𝑇𝑠)             
(3-5) 

and 

𝜏1(𝑇) = 𝐾𝑃𝑝𝑇𝑒𝑥𝑝(𝑄𝑎/𝑅𝑇) (3-6) 

The contribution to hardening by second phase precipitates is 

∆𝜎𝑝𝑝𝑡(𝑡, 𝑇) =
2𝑆(𝑡, 𝑇)[𝑃∗(𝑡, 𝑇)]1/6

1 + [𝑃∗(𝑡, 𝑇)]1/2
 

(3-7) 

in which 

𝑃∗(𝑡, 𝑇) =  𝑃(𝑡, 𝑇)/𝑅𝑇                  (3-8) 

and 

𝑃(𝑡, 𝑇) = 𝑡/𝑇 exp(−𝑄𝑎/𝑅𝑇)                  (3-9) 

Substituting eqns. (3-8) and (3-9) into (3-7), and re-arranging yields 

𝑆(𝑡, 𝑇)2 = (𝑆0)𝑚𝑎𝑥
2 [1 − 𝑒𝑥𝑝

−𝑄𝑠
𝑅
(1/𝑇 − 1/𝑇𝑠)] [1 − 𝑒𝑥𝑝

−𝑡

𝜏1(𝑡)
] 

(3-10) 

In Eqs. (3-2) to (3-10), R is the universal gas constant (8.314 J mol−1K−1), T is the ageing temperature, and 

t is the ageing time. σq is the as-quenched strength and σi is the intrinsic yield strength, which are considered 

to be known values, σoa is the overaged yield strength, σssi is the as-quenched solid solution strength, and 

σss0 is the the equilibrium solid solution strength. Continuing, Qs is the solvus enthalpy, Ts is the metastable 

solvus temperature, K is a time constant coefficient, τ1 is an exponential time constant, P is temperature 
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corrected time, Pp is peak temperature corrected time, P* is normalized temperature corrected time, Qa is 

the apparent activation energy for ageing, S is precipitation strength parameter, and (S0)max is the maximum 

precipitation strength. These six unknown material parameters are considered to be constant for a given 

alloy composition, and they are determined by a calibration procedure that uses pre-determined (measured) 

peak hardness ageing data. 

3.9.2 The process model for thermal cycles 

In practice most commercial thermal cycles are non-isothermal. In most cases the temperature rises 

to a peak and then falls with characteristic time constant, which is the case for welding. These cycles result 

in a loss of strength in the HAZ, and thus being able to predict strength or hardness after these welding 

cycles could help predict final material performance. To do this, the model described in the previous section 

was applied to weld thermal cycles. Process modeling of FSW has been reviewed by Shercliff and 

Colegrove [155]. Myhr et al. [67] developed a simple model to describe the softening which occurs in the 

HAZ of arc welded 6082 alloy. The model is calibrated to isothermal data, using hardness to monitor 

precipitation state, rather than direct microscopic observation. Such an approach makes the model easy to 

develop and apply in an industrial context.  

3.9.3 Phase-field model for Ostwald ripening 

A phase field model (PFM) describes the change in composition as well as the evolution of the 

structural aspects of a microstructure using field variables. These field variables represent the 

microstructure of the system. In general, phase field variables can be divided into two categories: conserved 

and non-conserved variables [156,157]. The concentration (ci) describes quantities such as defect or solute 

concentrations, related to the number and types of atoms present at a specific material point, that are 

conserved in closed systems. Non-conserved quantities, ξj, such as order parameters, may represent 

different crystallographic orientations in polycrystalline materials, different spin directions in magnetic 

materials, etc. The values of these variables spatially vary across the material domain, with small changes 
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in value within a given microstructural feature and large changes in value across the interfaces between 

microstructural features. Since these variables are defined continuously across the simulation domain, the 

interfaces present in the microstructure are diffuse, as shown in the single particle - matrix system of Figure 

3-8. This aspect of phase field models allows the study the evolution of microstructures by solving partial 

differential equations. The system described by the phase field model evolves in a way that minimizes the 

total free energy of the system. The partial differential equations thus govern the evolution of the field 

variables to decrease the total energy of the system. 

 

Figure 3-8: An order parameter describes the microstructure by tracking the local phase of the system. 

The precipitate is depicted in red, and the matrix is blue. The order parameter associated with the phase is 

equal to 1 in the precipitate (depicted in red), and continuously goes to 0 outside of the precipitate (blue 

region). 

The general procedure for finding the evolution equations is based upon defining the free energy 

function and the phase field equations, which is illustrated in Figure 3-9. 
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Figure 3-9: General procedure of phase-field modeling of microstructures of materials [158]. 

The thermodynamic aspects of the microstructure evolution such as the driving forces for the 

evolution are determined by the total free energy. Therefore, modeling the appropriate free energy is crucial 

in the process of developing a phase field model. In solid phase transformations, the total free energy, 𝐹, is 

described as a function of a set of the conserved field variables (c1, c2,...,cN), and the non-conserved field 

variables (ξ1, ξ2, …, ξP), which includes chemical free energy and interfacial energy, as well as the elastic 

energy, Felast, the latter, which is neglected in this study.  All terms are expressed in the following functional 

form [159,160] 

𝐹(𝑐, 𝜉, 𝑇) = ∫{
1

𝑉𝑚
[𝑓𝑐ℎ𝑒𝑚(𝑐, 𝜉, 𝑇) + 𝜅𝑐/2(∇𝑐)

2 + 𝜅𝜉/2(∇𝜉𝑖)
2]} 𝑑𝑉,  

(3-11) 

where 𝑉𝑚 is the mole volume, 𝜅𝑐and 𝜅𝝃,are the gradient energy coefficients of concentration and order 

parameters respectively. These coefficients define the “weight” of the contribution from regions of strong 

change in field variables and directly affect the interface properties in the system, namely the thickness of 
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the interface, and its energy. 𝐺(𝑐, 𝜉, 𝑇) is the local molar free energy, which can be written as a function of 

temperature (T), composition ci, and the order parameter 𝜉(𝑟, 𝑡). Following Kim’s solidification model 

[161], the chemical free energy of the system is a mix of free energies of different phases. Kim’s model 

takes the form 

𝐺(𝑐, 𝜉, 𝑇) = (1 − ℎ(𝜉))𝑓𝛼(𝑐𝛼 , 𝑇) + ℎ(𝜉)𝑓
𝜂(𝑐𝜂 , 𝑇) + 𝑤𝑔(𝜉) (3-12) 

where 𝑔(𝜉) is the double well function, and w controls the height of the activation barrier at the interface, 

ℎ(𝜉) is the interpolation function that increases monotonically from ℎ(0) = 0 to ℎ(1) = 1. 𝑓𝛼(𝑐𝛼, 𝑇) and 

𝑓𝜂(𝑐𝜂 , 𝑇) are the molar free energy of α and η phases, and 𝑐𝛼 and 𝑐𝜂 are concentrations in the α and η 

phases, respectively. The free energy and concentration are defined by the following equations:  

𝑐 = (1 − ℎ(𝜉))𝑐𝛼 + ℎ(𝜉)𝑐𝜂  (3-13) 

𝜕𝐺𝛼(𝑐𝛼)

𝜕𝑐𝛼
=
𝜕𝐺𝜂

𝜕𝑐𝜂
 

(3-14) 

Equation (3-14) is nothing more than the equality of the chemical potentials of both phases. On the basis of 

the equations above, the new evolution equations can be obtained. 

Modeling the microstructure evolution in the framework of phase-field theory is reduced to finding 

the solutions of Cahn-Hilliard and/or Allen-Cahn equations. 

a) Cahn-Hilliard equation, for conserved variables 

The temporal evolution of the phase concentration is determined by the Cahn-Hilliard equation 

(3-15)[157]. This equation is derived from the flux given by the theory of irreversible thermodynamics and 

the law of mass conservation 

𝐽 = −𝑀𝛻𝛷, (3-15) 

where J is the flux of phase, M is the mobility, and 𝛷 is the diffusion potential. The law of mass conservation 

is given as 

𝜕𝑐

𝜕𝑡
= −𝛻 ∙ 𝐽  

(3-16) 
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Combining equations (3-15) and (3-16) yields the Cahn-Hilliard equation 

𝜕𝑐

𝜕𝑡
= 𝛻 ∙ 𝑀𝛻(

𝛿𝐹

𝛿𝑐
)  

(3-17) 

where F is the total free energy of the system defined by equation (3-11), M is the interdiffusion mobility. 

b) Allen-Cahn equation, for non-conserved variables 

The temporal evolution of the non-conserved order parameters is described by the Allen-Cahn 

equation [162]. This equation is a reaction-diffusion equation and does not obey mass conservation as the 

Cahn-Hilliard equation does. The time rate of change of the non-conserved parameter is directly 

proportional to its diffusion potential 

𝜕𝜂

𝜕𝑡
= −𝐿(

𝛿𝐹

𝛿𝜂
),  

(3-18) 

where L is a positive kinetic parameter related to the interfacial mobility. 

These equations are essentially the energy minimizers. In other words, the total free energy of the 

system decreases as time goes on, and the microstructure, which are represented by the field variables, tends 

to follow the kinetic path which converges to the equilibrium state.  

One of the limitations of the phase field model is the intrinsic coupling between the bulk free energy 

of the different phases of the system and the interfacial free energy. This coupling often causes the interface 

width to be a direct function of the interface energy, such that it can only be changed by changing the 

interfacial energy. The constraint on the size of the interface directly impacts the domain size or the time 

scale of the simulations. If the interface is larger, the mesh can be defined coarser. As a consequence, the 

computational cost of the simulations decreases as the interface thickness increases. 

The following assumptions and simplifications were used in the phase field model implementation for 

the present study: 

1. Simplify AA7075 as an Al-Mg-Zn ternary. 

2. Consider only one precipitate phase, , which assumed to be spherical, because it appears to have 

a physical shape in electron microscopy, and spheres are the elastically most stable shape [163]. 
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Furthermore,   was assumed to have only one orientational matrix to particle variant. These 

simplifications reduced computational cost of coarsening simulations. 

3. Ignore the nucleation process that involves atomistic scale events. Therefore, embryos of η are 

arbitrarily put into the simulation cell. 

4. Assume the system isothermally ages at 180 °C for 30 minutes, when coarsening behaviour is 

taking place.  

5. Elastic strain energy was neglected, because there is little information on the elastic interaction 

between η and the matrix available [164]. 

6. Simulation performed in two dimensions with periodic boundary conditions. 

To this end, two tools are used to implement the phase field model; a computational model that 

represents the physics of interest, and a solution technique to transform our problem to one that is solvable 

on the computer. The phase field family of equations provides the model, while the finite element method 

via MOOSE enables the solution via computer. These simulations were possible by utilizing computational 

resources of the Compute Canada, the Compute Ontario Graham clusters. The post-process for the plotting 

of results is supported by a visualization software Paraview. 

3.10 Summary 

In summary, all the described methods above are complementary techniques in the quantitative 

description of precipitation hardening in our alloys. These techniques give access to the precipitate nature, 

morphology, particle distribution, mean size and volume fraction. These methods are also powerful tools 

for the study of precipitation kinetics, in terms of formation, dissolution, or transformation. 



 

 

Chapter 4 

Results and Analysis 

This chapter present results from experimental and numerical investigations of microstructural 

changes, particularly precipitation behavior, and the macroscopic mechanical properties of dissimilar lap 

FSW AA7075-T6/AA6022-T4, and similar lap FSW AA7075-T6/AA7075-T6.  The chapter is divided into 

three sections: 1) characterization of material prior to welding; 2) the experimental and model results of 

welding, and finally, 3) the effect of PWHT on microstructure of the as-welded material.  

4.1 Materials characterization prior to welding 

To evaluate and enhance the analysis of a specific processing technique, raw material selection, 

which depends on alloy grade and heat treatment temper needs to be considered, as the microstructure and 

mechanical properties of a material play an intrinsic role on the capability of processing techniques. 

4.1.1 Microstructure 

Optical microscopy 

Figure 4-1 reveals the grain structure of the as-received AA6022-T4 and AA7075-T6 sheets in the 

rolling (RD), transverse (TD) and normal (ND) directions. AA7075-T6 has pancaked grains, characteristic 

of a deformed microstructure, compared to the more equized grains for AA6022-T4, expected for a 

recrystallized microstructure. 
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Figure 4-1: Microstructures of base alloys used in the present study with respect to the rolling direction 

(RD), normal direction (ND) and transverse direction (TD): (a) AA6022-T4 and (b) AA7075-T6. 

Electron Microscopy 

Figure 4-2 (a) shows TEM micrographs of the starting AA7075-T6 microstructure base material. 

The base material is characterized by a uniform distribution of fine precipitates in the 5-10 nm size range, 

along with coarse precipitates of less density. Also, the microstructure has relatively coarse and closely 

spaced precipitates along the grain boundaries as seen on Figure 4-2 (b). According to previous studies by 

Rhodes et al. [52], and Su et al. [48], precipitates less than 20 nm in diameter are GP zones, and the coarser 

precipitates are η′.  



58 

 

 

Figure 4-2: TEM micrographs and associated SAD patterns along the <110> zone axis of AA7075: (a) 

grain interior of base material showing fine and coarse precipitates, b) base material showing grain 

boundary precipitates. 

TEM high angle annular dark field (HAADF) examination of the AA6022-T4 temper condition 

reveals only coarse intermetallic particles, which are rich in Fe, Si, Cr and Mn.  The MgxSiy GP-like zones 

are invisible , but are expected to be interacting with the observed wiggles in the long dislocation segments.   

 

Figure 4-3: TEM HAADF micrograph for AA6022-T4 base material along a <001> zone axis. Visible 

are intermetallic particles (bright white) and long, wiggly dislocation arrays.  
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Texture characterisation 

Figure 4-4 shows the complete {111} and {100} pole figures recalculated from the measured 

incomplete pole figures for all the alloys before welding.  The AA7075 contains a deformation texture of 

brass, copper and S components, while the AA6022 contains S and cube components more typical of 

recrystallized face-centered cubic structures.  

 

Figure 4-4: As-measured {111} and {100} pole figures for a) the AA7075-T6, and b) AA6022-T4 alloys 

in RD-TD sections of the center-plane.  RD is vertical. 

4.1.2 Mechanical Properties 

The base metal mechanical properties were measure and are summarized in the following sections. 

Hardness 

The micro-hardness values were measured at mid-thickness region of the as-received material. The 

results for AA7075-T6 base material show values as high as 170 HV with an experimental variance of 

2.5%. Hardness values for AA6022-T4 base material are lower at 75 HV with an error of 1.64%. Each 

hardness value is the average of at least six measurements.  

Tensile behaviour 

Figure 4-5 plots the true stress versus true plastic strain response of AA7075-T6 and AA6022-T4 

in three orientations relative to the rolling direction at ambient temperature. AA7075-T6 has 

characteristically higher yield and ultimate strengths, and lower ductility than AA6022-T4.  The AA6022-

T4 in all directions presents a reduction of the tensile strength with respect to AA7075-T6 of around 68%.   
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Figure 4-5: True stress versus true inelastic strain curves of base materials a) AA7075-T6, and b) 

AA6022-T4 tested at room temperature for three different orientations (RD, TD and 45RD). 

 

Strain rate sensitivity of base material (296 and 78 K) 

The precise strain rate sensitivity tests at rate 1.5×10-4 s-1 were performed at three different 

directions on base material AA7075-T6 and AA6022-T4 at 296 K. The strain rate sensitivity response for 

the data of both materials are represented by Haasen plots in Figure 4-6. 

a)  b)  

Figure 4-6: Haasen plots determined for base material at 294 K showing effect of ¼ rate changes on a) 

AA7075-T6 with three different orientations (RD,TD and 45RD), and b) AA6022-T4 at RD.  The slope 

and initial intercept are determined by a first order fit to the data points. 
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Comparison of RD direction testing of both alloys, shows a higher strain rate sensitivity and 

intercept in AA7075-T6 than in AA6022-T4. However, the results of AA6022-T4 extended over a larger 

range of stress, which corresponds to greater work hardening. Table 4-1 and Table 4-2, summarize the 

mainmechanical properties measured by tensile testing for AA7075-T6 and AA6022-T4, respectively. 

Table 4-1: Base metal mechanical properties of AA7075-T6 sheet (296K, 1.5x10-4/s) 

AA7075-T6 Rolling Direction Transverse Direction 45o to Rolling Direction 

Elastic Modulus (GPa) 70.4(1)  70.2(1)  65.6(1)  

0.02% Yield Strength (MPa) 529(2)  499(1)  472(3) 

Considère Strain 0.112 0.116 0.103 

Haasen Plot Slope x T = mH 0.079 0.089 0.072 

Table 4-2: Base metal mechanical properties of AA6022-T4 sheet (296K, 1.5x10-4/s) 

AA6022-T6 Rolling Direction Transverse Direction 45o to Rolling Direction 

Elastic Modulus (GPa) 67.3(3) 64.4(3) 66.9(2) 

0.02% Yield Strength (MPa) 141(2) 129(3) 135(2) 

Considère Strain 0.193 0.183 0.233 

Haasen Plot Slope x T = mH 0.03 - - 

 

The precise strain rate sensitivity tests were performed at a 50% slower rate of 1.5×10-4 s-1 on 

AA7075 at 294 K in order to compare with 78 K mechanical response of the base material, with results 

presented in Figure 4-7. The uniform perturbations in the curves are the interrupted strain rate changes of 

¼ or 1/10 factor from the base strain rate.  The result at 78 K reveal that the as-received material only 

slightly increased its yield strength, but had a very high initial work hardening rate after yield, and reduced 

overall ductility.   
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Figure 4-7: True stress versus true inelastic strain curves constructed from precision strain rate change 

tests at 1 x 10-4 s-1 for AA7075 at 294 K and at 78 K for base material. 

Figure 4-8 illustrates the difference in the thermodynamic response for the BM at 294 K and 78 K. 

The first observation is that there is a difference in the ¼ and 1/10 rate change responses at both 

temperatures. At 294 K temperature, a rate change effect is attributable to dynamic recovery of dislocation 

products. Tests at lower temperatures are required to probe the weaker, more mobile obstacles, like solute 

atoms. The base material, which contains some free solute, ′ and , shows a higher strain rate sensitivity 

at room temperature testing, however, the determined intercept is lower compared to the 78 K result. 

Finally, the pure Al line is also shown, which has a characteristically smaller slope [165].   
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a) b)  

Figure 4-8: Haasen plots determined for base material at a) 294 K and b) 78 K , showing effect of ¼ and 

1/10 rate changes.  The slope and initial intercept are determined by a first order fit to the data points. 

Also show is the pure Al line [165]. 

4.2 As-Welded Material 

4.2.1 Welding temperature measurements 

Thermocouples were embedded between the AA7075-T6 and AA6022-T4 sheets at distances of 4, 

8, 12 and 16 mm from the weld centerline, as previously described in Chapter 3, to measure the temperature 

history in these locations.  FSW was performed on the workpiece at speeds of 125, 250 and 500 mm min.-

1 to observe the temperatures reached during the welding process. The measured thermal cycles with 

identified peak temperatures are shown in Figure 4-9 for each travel speed of (a) 125, (b) 250, and (c) 500 

mm min-1.  For all three cases, the highest temperature was recorded at the locations closest to the stir zone. 

Stir zone measurements for similar process conditions using a tool instrumented with an embedded 

thermocouple recorded temperatures up to 380 °C at the centre-line [166], though the exact centre-line 

temperature is unknown in the present work.  Maximum temperatures decreased at all distances from the 
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temperature of 359 °C at 4 mm from the centerline for the 125 mm min.-1 travel speed was significantly 

higher than the 313 °C and 312 °C from 250 and 500 mm min-1, respectively. 

  

 

Figure 4-9: Temperature measurements versus time taken at various distances from the weld centerline 

during FSW at the following travel speeds: (a) 125 mm min.-1, (b) 250 mm min.-1, and (c) 500 mm min.-1.  

The numbers listed in the plots are peak temperatures in Celsius. 

4.2.2 Microstructure 

Further characterization focuses on as-welded samples produced at 250 mm min.-1, as at this speed, 

the welds had the lowest defects, as determined in a parallel study related to this thesis [167]. 

Optical microscopy 
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Optical micrograph of the similar AA7075/AA7075 and dissimilar AA7075-T6/AA6022-T4 lap 

FSW, welded at 250mm min-1, is shown in Figure 4-10 and Figure 4-11, respectively. Figure 4-11 was 

constructed by stitching multiple digital images together and combining using the GIMP 2.10.20 software 

tool.  The AS is placed on the left side, and the RS on the right side of the cross-sections. The welds obtained 

in the present study were of a good quality without any visible cracks, pores or discontinuities. However, 

notable was the presence of a small gap at the interface of the two sheets that extends into the TMAZ in 

both welds. This interface gap ends in a ‘hooking’ flaw that is characteristic of lap FSW welds, and has 

been well documented in the prior literature [168]. The stir zone of the FSW is the darker area that can be 

seen in the center of each image. This area appears darker due to the large number of refined grains. 

Nevertheless, changes in grain microstructure are not be discussed in the present study. On the other hand, 

microstructure evolution in terms of precipitates in the weld will be discussed. 

 

Figure 4-10: Optical micrograph of the lap welded AA7075/AA7075 cross-section unetched.  The 

advancing side is on the left. Original sheet thickness is 2 mm.  Not-etched. 

 

Figure 4-11: Optical micrograph of the stack-up cross-section showing the shape of the weld nugget in 

the lap welded AA7075-T6 and AA6022-T4.  The tool entered from the top with the advancing side on 

the left (AS) and the retreating side (RS) on the right.  The chemical composition difference between the 

6022 and 7075 creates the contrast in the two microstructures after Bright etching, which shows the 

characteristic onion of the stir zone between -5 and +5 mm. 

2
 m

m
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Electron microscopy of 7075/6022 FSW 

Transmission electron specimens were taken from AA7075-T6 of FSW sections at 9, 11 and 12 

mm distance from weld (DFW), as described in Figure 3-3.  Bright field images in Figure 4-12 show coarser 

particles with lower density decrease in size and increase in volume fraction away from the weld center. It 

is also evident that there could be a bimodal particle distribution of nm and sub-nm sized particles at 12 

mm, but at some resolution limit the smallest particles must become the invisible solid solution. 

 

Figure 4-12: Bright field TEM images taken at three distances from the hotter weld center (DFW) of 

AA7075. Zone axis is <110>. 

During welding at 250 mm min.-1 the maximum temperatures at positions 4 and 8 mm away from 

the weld centerline were 312 °C and 275 °C, respectively (Figure 4-9). The area between the two locations 

experienced a welding temperature of about 300°C for 10 s.  As a result, microstructural observation shows 

that even this brief heating time can drive change in the precipitate morphology that could affect mechanical 

properties.  

TEM bright field characterization of AA6022 at 7 mm distance from the weld center after the FSW 

process at 250 mm min.-1 revealed rod-like precipitates and some larger features in the grain interior(Figure 

4-13). Appearance of the <001> oriented, 150-200 nm long rods suggests they are β/β transition phases.  
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Figure 4-13: TEM bright field image of a region 7 mm distance from the weld centerline after a 250 mm 

min.-1 pass showing an orthogonal array of rod-like precipitates and some thicker ones.  The inset shows 

the SAD pattern. 

SAXS and WAXS characterisation 

The thermal cycle experienced during FSW is a non-isothermal heat treatment, which in addition 

to the localized tool deformation, results in a heterogeneous microstructure from deformed to heat affected 

regions. Small angle X-ray scattering (SAXS) mapping of the AA7075-6022 weld cross-section was 

performed in the as-welded samples. Figure 4-14 shows the variation of the average scattering intensity 

with scattering vector (angle), or inverse feature size in Angstroms, from the stir zone of as friction stir 

processed AA7075.  Microstructural maps of the similar and dissimilar welds were made using a SAXS 

probe, and the extracted profiles, such as in  Figure 4-14, were fit assuming an average single spherical 

sized particle distribution, described partially in the Appendix and fully elsewhere [151].   
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Figure 4-14: Integrated SAXS intensity versus reciprocal scattering length profiles of AA7075-T6 in the 

as-welded state. 

 The SAXS-derived average radius, r, and volume fraction, fv, of the secondary phase contributing 

to the scattering in the FSW AA7075-T6/AA7075-T6 cross-section are shown in Figure 4-15 (a) and (b). 

The sub 1 nm radius from this scattering suggests these are Guinier-Preston zones (GPZ) [169], though 

expected weak scattering contrast from GP zones indicates they are more likely .  Transitions in the 

precipitate volume fractions and size can help define the characteristic zones associated with friction stir 

welds. The DFW ±5 mm has a distinct minimum precipitate size and highest volume fraction that 

characterizes the SZ, while the volume fraction decreases and radius increases outward into the TMAZ that 

transitions into the HAZ with decreasing radius and increasing volume fraction.  

In comparison to Figure 4-15, Figure 4-16 plots about 2.5 mm of the 2.9 mm thick AA7075-

T6/AA6022-T4 stack-up. The DFW ±2.5 mm has a distinct minimum precipitate size and largest volume 

fraction that characterizes the SZ, while the volume fraction decreases outward into the TMAZ, and the 

radius increases and volume fraction decrease into the HAZ.  A slight asymmetry in the shape is observed 

between advancing and retreating side as expected from the microstructure onion in Figure 4-11. 
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Figure 4-15: (a) Particle radius in Angstroms, and (b) volume fraction maps of the AA7075-T6/AA7075-

T6 weld at distance from the weld centre (DFW).  1x1 aspect ratio. 

 

 

 

Figure 4-16: (a) Particle radius in Angstroms, and (b) volume fraction maps in top part of the AA7075-

T6/AA6022-T4 weld at distance from the weld centre (DFW).  1x1 aspect ratio. 
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4.2.3 Mechanical Properties 

Hardness measurements through the weld 

The microhardness profiles measured on the cross-section of the dissimilar AA7075-T6/6022-T4 

lap welded sheets processed at 250 mm min.-1 are shown in Figure 4-17. Indentations were made every 0.25 

mm, to a distance of 11 mm, on either side of the weld centerline. The hardness of the base material is 

higher in the AA7075-T6 than in the AA6022-T4 (170(5) HV versus 73(5) HV, respectively). Within the 

region from -5 to -10 mm in the AA6022-T4 sheet, and from -6 to -11 mm in the AA7075-T6 sheet, the 

material softened to below the base metal hardness, which identifies the HAZ region of the weld. It is 

notable that an abrupt change in hardness value occurs within the nugget zone. These large peaks in 

hardness that occur at the center of the weld are due to the indenter probing regions that contain AA7075-

T6 material mixed into the lower and softer sheet by the weld stirring.  The gradual increase in AA6022 

hardness on the retreating side is indicative of age hardening of the T4 starting material. 
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Figure 4-17: Vickers microhardness profiles along the 5th line from the top of the AA7075-T6, and the 

middle line in the AA6022-T4 of the transverse cross-section taken from the dissimilar lap FSW of 

AA7075-T6/AA6022-T4 made at 250 mm min.-1. 

Stress-strain response 

The room temperature tensile behavior of the AA7075 parent material and the stir zone of FSW is 

shown in Figure 4-18. The stir zone tensile behavior exhibits very good properties of yielding, UTS and 

ductility from a global point of view, even if the stir zone of the weld has lower yield strength  with respect 

to the base metal. 
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Figure 4-18: True stress versus true inelastic strain curves for AA7075 in the T6, base metal condition 

(BM), and the post-weld stir zone (SZ) condition measured at room temperature.  Note the yield point 

elongation present in the SZ. 

 

Strain rate sensitivity (294 and 78 K) 

The tensile test results of as-welded and +SHT processing conditions, that were described in 

Chapter 3, are presented in Figure 4-19. Figure 4-19(a) shows the 294 K mechanical response of the stir 

zone (SZ). The fluctuations in the curves are the interrupted strain rate changes to be discussed below.   It 

is evident that the SZ material has a lower yield strength, higher work hardening rate, and greater ductility 

compared to the BM.   At 78 K (Figure 4-19(b), test data is presented for BM, and SZ, but also the other 

two processed conditions.  In contrast to the BM, the SZ has an increased yield strength, and work 

hardening, but with similar ductility.  Note that the added solution heat treatment specimens (+SHT) was 

grip mounted and immersed in LN2 for testing within 10 minutes of the ice-water quench. Interestingly, 

the BM+SHT had a continuous yield, while the SZ+SHT had a distinct yield point elongation, but both 

conditions show very similar work hardening rates from 2% strain onward, with significant ductility 
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approaching 30%.   The yield point is characteristic of finer grain size with low angle grain boundaries and 

pinned dislocation sources caused by the high temperature deformation and subsequent cooling [170].   

 

Figure 4-19: True stress versus true inelastic strain curves constructed from precision strain rate change 

tests at 1 x 10-4 s-1 for AA7075: a) at 294 K for BM and SZ; b) at 78 K for BM and SZ, and for both BM 

and SZ after SHT at 465°C for 10 minutes and WQ.  

The strain rate sensitivity response for the data in Figure 4-19 are represented by Haasen plots in 

the following Figures. 

 

Figure 4-20: Haasen plots determined for SZ at a) 294 K and b) 78 K, showing effect of ¼ and 1/10 rate 

changes.  The slope and initial intercept are determined by a first order fit to the data points. Also show is 

the pure Al line [165]. 
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Figure 4-20 illustrates the difference in the thermodynamic response for the SZ at 294 K and 78 K. 

As for the BM behaviour in Figure 4-8, there is a difference in the ¼ and 1/10 rate change responses. 

Comparing SZ testing at 294 K to the BM, which contains ′ and , the BM shows a higher strain rate 

sensitivity and intercept than the SZ, which is expected to contain much smaller ′, GPZ, and solute clusters. 

As described earlier, lower temperatures are required to probe the weaker, more mobile obstacles, 

like solute atoms, so the remaining results are at 78 K. Data at 78 K show that the SZ strain rate sensitivity, 

m, is higher than that for BM, with the largest difference for the 1/10 changes.  Probing with the ¼ rate 

change provides a robust signal that does not perturb the obstacle profile as much as the 1/10 rate change, 

so for the remainder of the data presentation, only the ¼ rate change data is considered. The pure Al line is 

also shown, which has a characteristically smaller slope.  

 

Figure 4-21: Haasen plots determined at 78 K for (a) the BM and its heat-treated derivatives, and (b) the 

SZ and its heat-treated derivatives. First order linear fits are made to the first three or more data points.  

Also show is the pure aluminum line [165]. 

Figure 4-21 displays the Haasen plots for base materials, stir zone and solution heat treated SZ test data 

taken with ¼ rate changes measured at 78 K relative to the pure Al behaviour.  Generally, all data displays 

a higher slope at the onset then pure aluminum work hardening at these temperatures.  The +SHT condition 

results in a higher intercept, as expected for a saturated solid solution, but the BM, and SZ conditions yield 

the highest intercepts overall, which is unexpected at first glance. 
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4.2.4 Shercliff-Ashby precipitation model analysis 

The measured hardness data were further analyzed in the context of the Ashby-Shercliff 

precipitation model to obtain modeling results. The modeling method was applied to aluminum alloys 

AA6022-T4 and AA7075-T6. The algorithm itself was implemented in a spreadsheet and solved 

numerically by stepwise integration in temperature-time space over the actual thermal cycles. 

Isothermal hardening kinetic data 

Experimental Vickers microhardness (HV) measurements at room temperature were determined 

after isothermal exposure at three temperatures over time. Figure 4-22 (a, b) plots the hardness kinetics for 

AA6022-T4 and AA7075-T6, respectively.  Note that some of the temperatures were high relative to the 

metastable hardening phase, leading to softening after relatively short times.  An important feature of the 

AA6022-T4 hardening response is the initial plateau and secondary peak that appears at shorter times with 

increasing temperatures. 

 

Figure 4-22: The isothermal artificial ageing curves presented as hardness versus time for (a) AA6022-

T4 alloy and (b) AA7075-T6 measured at 25C.  Lines are used to connect the data points without any 

fitting. 
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Model Calibration 

The input data for each alloy includes the as-quenched strength, σq, and the intrinsic strength of 

pure aluminum, σi, both which remain constant during ageing. As well, the model requires temperature, T, 

time to peak yield strength, tp, and the peak yield strength, σp, from the ageing curves. Table 4-3 and Table 

4-4 summarize the input parameters for AA6022-T4 and AA7075-T6, respectively.  

Table 4-3: Data used for calibration of AA6022-T4 age hardening kinetics. 

σi (HV) 15 

σq (HV) 66.3 

Ageing data 

Temperature 

T (°C) 

Time to peak 

tp (s) 

Peak HV 

σp (HV) 

170 

215 

250 

 

6600 

2400 

300 

 

101.4 

110.0 

93.9 

 

Table 4-4: Data used for calibration for AA7075-T6, solutionized + WQ age hardening kinetics. 

σi (HV) 15 

σq (HV) 72.7 

Ageing data 

Temperature 

T (°C) 

Time to peak 

tp (s) 

Peak HV 

σp (HV) 

150 

200 

250 

 

48000 

8400 

120 

 

160.1 

134.3 

92.1 

 

An apparent activation energy, Qa, was determined by using the time required to reach the ageing 

peak under different ageing temperatures in an Eyring rate plot as shown in Figure 4-23 (a) and (b) for 

AA6022-T4 (Qa=122 (2) kJmol-1) and AA7075-T6 (Qa= 112 (4) kJmol-1), respectively. 
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Figure 4-23: Natural log of time to peak hardness normalized by temperature versus inverse temperature 

for (a) AA6022-T4 and (b) AA7075-T6 to obtain the apparent activation energies, Qa. 

The above information was used to calibrate the constants so the predicted ageing curves for various 

temperatures can be constructed. The detailed calibration procedure for the Shercliff-Ashby ageing model 

is described in [66], and the calibrated model parameters are presented in Table 4-5. 

Table 4-5: Calibration results for AA6022-T4 and AA7075-T6 

Ageing Model Parameters  Symbol AA6022-T4 AA7075-T6 

Apparent activation energy for ageing (J/mol) Qa 122000 112000 

Peak temperature-corrected time (s/K) Pp 8.55x10-13 3.54 x10-12 

Metastable solvus temperature (oC) Ts 269 265 

Solvus enthalpy (J/mol) Qs 166851 2341 

Maximum strength parameter at 0 K (HV) (S0)max 5623 122447 

Constant coefficient relating τ1 to tp K1 0.6 0.6 

Figure 4-24 show the various strengthening contributions that make up the net HV ageing curves 

at 170 °C for AA6022. The value of σi (HV) remains constant with ageing time, while the solid solution 

strengthening component decreases with increasing ageing time from about 50 HV after ageing for 0.2 h to 
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12 HV after ageing for 3 h at 170 °C. The drop in solid solution strengthening corresponds to an increase 

in the amount of precipitation strengthening as the solute atoms are incorporated from the matrix into the 

hardening precipitates by diffusion during the early stages of ageing. After calibration, the ageing model 

reconstructed curves for different isothermal ageing temperatures together with the measured data points 

for hardness for alloys AA6022-T4 and AA7075-T6 were modelled, as shown in Figure 4-25 and Figure 

4-26 respectively.  

 

Figure 4-24: Strengthening contributions that produce the net HV at 170 °C ageing curve (Eq. (3-1)) for 

AA6022. 
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Figure 4-25: Predicted ageing curves and measured HV values for AA6022 at a) 215°C, and b) 250°C. 

   

Figure 4-26: Predicted ageing curves (Model) compared to measured (experimental) Vickers hardness for 

AA7075-T6 at a) 170°C, b) 215°C, and c) 258°C. 

The modeling results for AA6022-T4 (Figure 4-25) show that when aged at a lower temperature, it 

takes a longer time to reach peak hardness, which is the expected ageing trend. The time to the peak 

hardness, tp, is very sensitive to the temperature, however, the peak hardness does not change much as 

temperature changes. At lower temperatures, there is almost no obvious peak hardness, which means that 

the modeling results do not agree with the experimental data at low temperatures. Figure 4-26 shows a 

comparison between measured and predicted hardness levels for the reheated AA7075, which started in the 

T6 peak hardness condition. The dramatic increase in the hardness after 25 minutes is unexpected, and has 
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been smoothed out in the fit.  The maximum difference between the measured and predicted values is less 

than 15 %, as can be seen from Figure 4-24, Figure 4-25 and Figure 4-26. Consequently, the relatively good 

agreement between predicted values and experimentally measured suggests that it is reasonable to take 

predicted values as an approximation of the experimentally measured hardness. 

Application of process model to non-isothermal thermal cycles 

Thermal profiles were evaluated using the classical welding solution of a Rosenthal point source 

thermal model [171]. Both measured and predicted thermal cycles are shown in Figure 4-27 for 4, 8, 12 and 

16 mm from the centre of a weld for a 250 mm min.-1 welding speed.  The key point is that the model 

captures the important temperature peak well, while the over-estimation at longer times is less important.  

The modelled curves thus become the inputs for the weld hardness model. 

 

Figure 4-27: Measured (Experimental) and calculated (model) thermal cycles in AA6022-T4 and 

AA7075-T6 stack-up FSW at 250 mm min.-1, using an analytical heat flow model. 

It is apparent that the peak temperature reached in the thermal cycle is a dominant factor in 

determining the microstructural change. This suggests that a weld thermal cycle can be converted into a 

series of short equivalent isothermal holds of duration Δt, at the peak temperature of the cycle, Tp. To apply 
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the Shercliff-Ashby process model to thermal cycles, it is necessary to calculate an effective equivalent 

time, t*, which requires knowledge of an apparent activation energy, Qa, such that 

𝑡∗ = ∆𝑡 exp(−𝑄𝑎/𝑅(1/𝑇 − 1/𝑇𝑝)                    (4-1) 

where Tp is maximum temperature that can be reached during a thermal cycle. t* can then be integrated 

over the entire cycle, noting that t* is a function of T, and changes over the cycle. 

Once t* is calculated for each isothermal step, and all values summed over the thermal cycle to 

give the net effective t, this model can be combined with the Shercliff-Ashby process model to predict the 

hardness variation across welds, which is shown later in the results. To compare model predictions to the 

experimental results, the model is be applied to the same sampling position in the plate, i.e. with the same 

thermal profile.  

To validate the above modeling approach, the thermal cycles for each location in the weld were 

converted into an equivalent isothermal hold at the peak temperature using Equation (4-1). The temperature-

time combinations were then converted directly into an as-welded hardness interpolation from the 

isothermal salt-bath data.. The predicted hardness profiles for the friction stir weld of the AA7075-6022 

stack-up, along with the measured hardness values, are shown in Figure 4-28 (a) and (b). A noticeable 

softening is thus predicted at 4 to 8 mm from the center-line of the weld for AA6022-T4 and at 8 to 11 mm 

from the center-line of the weld for AA7075-T6, which is in good agreement with experimental hardness 

evolution. Greater accuracy might be achieved using a numerical model for the thermal profiles, but the 

result indicates that the current microstructural model captures the main trend. 
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Figure 4-28: Predicted and measured hardness profiles across a dissimilar friction stir weld at 250 mm 

min.-1 in a) AA6022, and b) AA7075 of the AA7075-AA6022 stack-up. 

4.3 Post Weld Heat Treatments 

For precipitate-strengthened alloys, deformation and high-temperature exposure can partially 

dissolve, re-precipitate, and/or coarsen the existing precipitate structure [57,169] creating characteristic 

weld zones [172] defined by the nature, size and volume fraction of the precipitates. These complex 

microstructural changes lead to strong property variations across the weld relative to the base material, as 

was shown in section 4.2.3. The current section examines the age-hardening and recovery response to the 

PWHT of a FS lap-weld in a dissimilar AA7075-T6 and AA6022-T4 stack-up. 

4.3.1 Ex-situ characterization of post weld heat treated weld at 180 °C 

WAXS 

Figure 4-29 shows the directly measured X-ray diffractogram pattern at the 0 and 15 mm distances 

from the centre of the FSW 7075-T6/6022-T4 Al alloy, where open circles are the directly measured 

diffraction peak data, and the solid line is a fitted curve using a pseudo-Voigt function. The fitted Kα1 

intensity distribution is plotted after removing the Kα2 component. The {3 1 1} and {2 2 0} reflection 
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profiles show that the peak broadening at 15 mm is slightly larger than that of the 0 mm location, which 

can be attributed to the different dislocation densities at these positions.  

 

Figure 4-29: The peak profiles measured using X-ray diffraction (open circles) at 0 mm and 15 

mm locations of as welded sample and fitted (solid line) using a pseudo-Voigt, X-ray line intensity 

distribution of the Kα1 peak. 

A modified Williamson–Hall (mWH) analysis was used to compare the WAXS results from the 

seven longitudinal sections described in section 3.3. The full-width half-maximum of the Gaussian part of 

the peak, Δ𝐾 , and its diffraction vector, 𝐾 , all in reciprocal space, were determined from the pseudo-Voigt 

fit [173,174]. Figure 4-30 plots Δ𝐾 for each measured (hkl) against 𝐶̅
1

2, where 𝐶̅ is the average contrast of 

dislocations [173] assuming an equal fraction of screw and edge components. The slopes generally decrease 

after PWHT, except for slices 1 and 4.  
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Figure 4-30: Modified Williamson-Hall plots of the seven longitudinal sections probed of the FSW 

AA7075-T6 part of the FSW AA7075-T6/AA6022-T4 in the as-welded and PWHT conditions. 

SAXS 

SAXS mapping of the similar and dissimilar welds cross-section were performed in the as-welded 

state after heat treatment at 180 °C for 30 min. Same conditions for fitting were applied as for measurements 

of as-welded state. Figure 4-31 shows the variation of the average scattering intensity with scattering vector 

(angle), or inverse feature size in Angstroms, from the stir zone of as-welded AA7075, and after a simulated 

paint bake of 180°C 30min. 

 

Figure 4-31: Integrated SAXS intensity versus reciprocal scattering length profiles of AA7075-T6 in as-

welded state and after a further heat treatment (+180 °C 30min.). 
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Following PWHT at 180 °C and 30 min., the specimens in Figure 4-15 and Figure 4-16 were 

remapped as shown in Figure 4-32 and Figure 4-33 for the AA7075-T6/AA7075-T6 and AA7075-

T6/AA6022-T4 welds, respectively. 

 

 

Figure 4-32: (a) Particle radius and (b) volume fraction maps in AA7075/AA7075 after PWHT. Compare 

to Figure 4-15. 

 

 

Figure 4-33: (a) Particle radius and (b) volume fraction maps in AA7075/AA6022 after PWHT. Compare 

to Figure 4-16. 
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The AA7075-T6/AA7075-T6 weld responded to the PWHT with growth of the phase object in the 

SZ from the starting state that decreases towards the TMAZ. Concurrently, the volume fraction decreases 

outward to the TMAZ, and then increases with decreasing particle size into the HAZ. The resulting profile 

is symmetric with respect the DFW. Examining the AA7075-T6/AA6022-T4 weld, the radius and volume 

fraction values are remarkably similar in magnitude to the AA7075-T6/AA7075-T6, though the profile is 

compressed vertically due to the AA6022-T4 having flowed upward from the bottom layer into the 

AA7075-T6 reducing the GPZ scattering. The remainder of the results focus on the AA7075-T6/AA6022-

T4 weld. 

SAXS and WAXS measurements were made on longitudinal sections removed from seven 

locations across the weld as described in Figure 3-3, both before and after ex-situ PWHT. To check the 

equivalence of the sections to the in-situ heated and mapped cross-section, Figure 4-34 and Figure 4-35 

plot the line-by-line cross-sectional profiles as-welded and PWHT, respectively, with the individual 

longitudinal data over-laid. Both the r and fv data match well at the start except for the periphery of the 

scans.  After PWHT, the average radii from the sections aged in the oil bath are on the low range of the in-

situ heated map data, while in contrast the volume fractions are on the high end of the mapped data.   
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Figure 4-34: Average particle radius, r, and volume fraction, fv, with distance from weld, DFW, at 

different vertical positions (labelled A, B, C…) in the as-welded weld. Also shown are the longitudinal 

section data at equivalent positions (solid symbols). 

   

Figure 4-35: Average particle radius, r, and volume fraction, fv, with distance from weld, DFW, at 

different vertical positions (A, B, C…) in the weld PWHT. Also shown are the longitudinal section data 

at equivalent positions (solid symbols). 
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Strain rate sensitivity of FSW AA7075/AA7075 PWHT 

The tensile test results measured at 78 K for all processing conditions of FSW AA7075/AA7075, 

including PWHT, are replotted in Figure 4-36. Both BM+SHT and SZ+SHT resulted in considerable age 

hardening with a  stronger structure for the SZ starting condition compared to the BM, but the +SHT+Age 

coarsely resembles the original SZ response, except for improved ductility.   Table 4-6 summarizes the 

measured yield strengths for all conditions tested.  

 

Figure 4-36: True stress versus true inelastic strain curves constructed from precision strain rate change 

tests at 1 x 10-4 s-1 for AA7075 at 78 K for BM and SZ, for both BM and SZ after SHT at 465°C for 10 

minutes and WQ, then aged at 180°C for 30 min tested 78K. 

Table 4-6: Yield strengths for AA7075 tests in Figure 4-36. 

SAMPLE / T (K) s0.02% (MPa) SAMPLE / T (K) s0.02% (MPa) 

BM / 294 505.9 BM + SHT / 78 161.4 

SZ / 294 312.1 SZ + SHT / 78 226.0 

BM / 78 517.8 BM + SHT + Age / 78 272.5 

SZ / 78 455.1 SZ + SHT + Age / 78 428.8 
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Figure 4-37 displays the Haasen plots for all test data taken with ¼ rate changes measured at 78 K 

relative to the pure Al behaviour.  The data is plotted versus the total stress to illustrate the role of the 

condition on the yield stress.  Generally, all data measured displays a behaviour that can be fit to a straight 

line.  The BM processed materials have similar slopes to each other, but quantifiably larger than the pure 

aluminum line, and distinctly different intercepts.  In contrast the SZ processed materials have a greater 

range of slopes with the SZ+SHT condition most closely approaching the pure aluminum line.  The smallest 

intercept is observed for the +SHT+Aged conditions, with the SZ+ material effectively having the smallest 

intercept indicating that thermally activated components, like solute atoms, have been removed from the 

matrix.   The +SHT condition results in a higher intercept, but the lowest slopes.  The BM and SZ conditions 

yield the highest intercepts overall. Table 4-7 summarizes the results.  

  

Figure 4-37: Haasen plots determined at 78 K for (a) the BM and its heat-treated derivatives, and (b) the 

SZ and its heat-treated derivatives. Unlike the previous plots, the thermodynamic response is plotted 

versus the total stress to illustrate the effect on the yield stress, represented by the vertical lines.  First 

order linear fits are made to the complete data sets.  Also show is the pure aluminum line [165]. 
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Table 4-7: Haasen plot derived parameters 

SAMPLE / T 

(K) 

Intercept 

(MPa/K) 

Slope x T = m SAMPLE / T (K) Intercept 

(MPa/K) 

Slope x T = m 

BM / 294 0.017 0.045 BM + SHT / 78 0.0246 0.016 

SZ / 294 0.0066 0.027 SZ + SHT / 78 0.0285 0.013 

BM / 78 0.036 0.015 BM + SHT + Age / 78 0.0116 0.017 

SZ / 78 0.037 0.020 SZ + SHT + Age / 78 -0.001(4) 0.020 

4.3.2 In-situ microstructure response to post weld heat treatment at 180 °C 

SAXS 

A SAXS line-scan was performed in the AA7075-T6 mid-plate of the AA7075-T6/AA6022-T4 

weld during the PWHT of 180 °C for 30 min to observe the precipitation kinetics that drove the changes 

between Figure 4-16 and Figure 4-33. As indicated in the Experimental Procedure, the beam was 1 mm tall, 

which probed the middle of the 2 mm thick AA7075-T6 plate.  Figure 4-38 shows the time-dependent r and 

fv calculated from the SAXS profiles for the 11 DFW positions (-10, -9, -8, -7, -3, 0, +3, +6, +7, +8, +9 

mm) serially scanned from left to right across the FSW over 30 minutes. Figure 4-39 illustrates the 

scattering curves from which Figure 4-38 was derived for the 11 DFW positions of the AA7075-

T6/AA6022-T4 weld at start and during the in-situ heating. Figure 4-40 illustrates the raw SAXS detector 

patterns at two different row positions of the AA7075-T6/AA6022-T4 weld at start and after the in-situ 

heating. The patterns remain circular with position -3 mm illustrating an increase from diffuse to more 

central scattering with ageing. The region of DFW probed was such that the material did not previously 

experience a thermal cycle below 180 °C in the original welding cycle [175]. At the start of PWHT, the 

average particle radius increases with a dramatic drop in volume fraction for all scans. The initial data 

beyond +2.5 mm has already dropped to a minimum volume fraction due to dissolution upon the initial 20 

seconds of heating up to 180 °C. Over the heat treatment cycle both the average particle radius and volume 

fraction increase again. Beyond +5 mm the mean volume fraction is low to start and increases with r during 

PWHT, while further out in the HAZ the volume fraction increases with apparent constant particle size.  
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The latter effect is an artifact when both small and large particles grow. At the furthest DFW the particle 

size increase and volume fraction are similar, typical of coarsening. Gueffroy and Löffler [176] observed 

that the average particle radius remains relatively constant during the major part of the dissolution stage. 

Dumot et al. [169] explain this by the averaging measurement of SAXS and the faster dissolution of smaller 

particles versus coarsening of larger particles. Annealing at 180 °C results in a clear increase in precipitate 

size seen after 100 sec. at all postions in the weld. 

 

Figure 4-38: Evolution of the average radius and volume fraction of particles in the AA7075-T6 part of 

the AA7075-T6/AA6022-T4 weld during PWHT with ageing time at 180 °C over 30 minutes. 
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Figure 4-39: Time-dependent SAXS profiles of log scattering intensity versus log scattering vector 

illustrating the structural evolution of precipitates along the FSW lap welded AA7075-T6/AA6022-T4 

during isothermal aging at 180°C for 30 minutes. Ageing time is indicated by a trend in colouring from 

dark to light. 
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Figure 4-40: Series of SAXS images of FSW lap welded AA7075-T6/AA6022-T4 during isothermal 

aging at 180 °C for 30 minutes at different distanves from the weld center (DFW) . 
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Precipitation kinetics 

A summary of the time dependent average radii, r, and volume fraction, fv, determined by SAXS 

during in situ heating at the 11 positions of DFW is summarized in Figure 4-41. On average, the precipitate 

size increases with annealing time for all locations. More specifically, -7 to +6 mm of the stir zone shows 

a clear power law increase in r after 100 sec. with all data revealing the same values, while fv is a little 

more sigmoidal. At -8, +7 mm, which is expected for the TMAZ, dissolution is followed by a relatively 

constant r that does increase along with fv. In the HAZ, no significant transformation is observed in fv 

during PWHT. The HAZ at +9 mm from weld centre can be characterised by the coarsening regime. Data 

at -10, -9 mm and +8, +9 mm all show relatively constant fv, but characteristically different response in r 

depending upon whether on the advancing (-ve mm) or retreating (+ve mm) side. This region represents a 

peripheral transition between the TMAZ and HAZ, which becomes less discrete due to the thin section 

sampled in transmission.  

 

Figure 4-41: Semi-log representation of particle radius, r, and volume fraction, fv, dependence with time 

during PWHT of the AA7075-T6 part of the AA7075-T6/AA6022-T4 weld. The data is collated into 

positions representing similar behavior. 
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4.3.3 Phase Field modeling of in-situ PWHT at 180 °C 

Numerical set-up 

The phase field simulation of the microstructural evolution typical of the HAZ of the 7075 part of 

the dissimilar 7075/6022 FSW undergoing coarsening during PWHT at 180 °C (453.15 K) was investigated.  

It is assumed that the secondary phase undergoing coarsening is η with MgZn2 chemistry , a C14 Laves 

structure, and spherical morphology. In order to simplify the simulation, the quaternary alloy system 

chemistry, Al – 2.32Zn – 2.75Mg – 0.66Cu. is approximated with a simpler ternary alloy system containing 

three atomic species Al, Mg and Zn. Mg and Zn denote the principal alloying elements in the system. Figure 

4-42 replots from Figure 2-4 the equilibrium phase diagram of the Al-Mg-Zn system at 180 °C (453.15 K) 

calculated from the Thermocalc TCAL5 database. The marked dot on the phase diagram indicates the 

system composition of Al – 2.32 at. % Zn – 2.75 at. % Mg that was studied. The alloy compositions along 

with the end compositions are tabulated in Table 4-8.  

 

Figure 4-42: Phase diagram of Al-Mg-Zn system at 180 °C generated by ThermoCalc. The alloy 

chemistry studied is indicated by the marked dot. 
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Table 4-8: Ternary alloy compositions used in this study, along with the end compositions in mole fraction. 

𝑪𝒊
𝜶 and 𝑪𝒊

𝜼
  are the equilibrium matrix phase and precipitate compositions, respectively. 

Alloy (𝑪𝑴𝒈
𝒂𝒍𝒍𝒐𝒚

, 𝑪𝒁𝒏
𝒂𝒍𝒍𝒐𝒚

) (𝑪𝑴𝒈
𝜶 , 𝑪𝒁𝒏

𝜶 ) (𝑪𝑴𝒈
𝜼
, 𝑪𝒁𝒏
𝜼
) 

AA7075 (0.027,0.023) (0.009,0.001) (0.33,0.50) 

Quantitative modeling of the matrix α and precipitate η (MgZn2) system requires a realistic 

description of the chemical free energies, 𝑓𝛼(𝑐𝛼, 𝑇) and 𝑓𝜂(𝑐𝜂 , 𝑇), both which were obtained from the 

thermodynamic database for light metal alloys [177] that is used in the Thermo-Calc software. The free 

energies of the different phases of the system were fit as parabolic functions. The free energy surface as a 

function of composition variables, CMg and CZn, are shown in Figure 4-43. 

   

Figure 4-43: Gibbs free energies for different phases a) α (Fcc, matrix) and b) η (MgZn2)  of the model at 

T= 453.15 K.  The colouring reflects low (blue) and high (red) levels of free energy. 

In order to describe the coarsening process of η (MgZn2) in an Al-Mg-Zn alloy, field variables, 

composition field 𝑐(𝑥, 𝑡) associated with Mg and Zn composition, and one order parameter field 𝜉(𝑥, 𝑡), 

associated with one η (MgZn2) orientation, were employed.  The precipitate η (MgZn2) and α (fcc) phase 

order parameter were defined as 𝜉 = 1 and 𝜉 = 0, respectively. The constants, 𝐷0 and Q, were taken from 
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literature [178] for each element in the matrix: �̃�𝑍𝑛𝑍𝑛
𝐴𝑙  = 1.2 × 10−5 m2s-1 and Q = 116 kJ/mole, �̃�𝑀𝑔𝑀𝑔

𝐴𝑙  = 

2.5 × 10−5 m2s-1 and Q = 120 kJ/mole. The diffusion coefficients were assumed to be independent of 

composition over the range studied. 

A further simplification was to model the precipitate-matrix volume in two dimensions with a size 

50Δx × 50Δx, where Δx is the grid length. The biggest hurdle for studying coarsening using computer 

simulations is the need for large systems which can accommodate a few thousand precipitates in the initial 

stages, which will ensure good statistics. This introduces a severe restriction on studying very small volume 

fractions (<5%), as the computational time and memory required for the simulation scales with system size. 

As a first approximation, and in order to reduce computational cost, the coarsening simulations in this study 

consider only two precipitate domains. No nucleation or phase transformations was considered, because 

the phase was assumed to already exist.   

The non-dimensional evolution equations were discretized and solved using the finite element 

method, as implemented in the MOOSE framework [179]. The KKS formulation was implemented using 

the multiphase approach in the phase field module of MOOSE [180]. The fourth order Cahn-Hilliard 

equations are each split into two, second order equations [181], and solved separately with two different 

nonlinear variables (diffusion potential and concentration) [135]. Linear Lagrange shape functions were 

used for all the nonlinear variables. The two dimensional computational domains were meshed with four-

node quadrilateral elements (QUAD4). At each time step, the system of equations were solved using the 

Preconditioned Jacobian-Free Newton-Krylov (PJFNK) method [182]. Adaptive meshing and adaptive 

time stepping were used to reduce computational cost of the simulations. An adaptive mesh routine for use 

with finite differencing numerical techniques was developed to increase nodal efficiency over traditional 

uniform meshes. The adaptive algorithm creates a non-uniform mesh that places a higher density of grid 

points in regions determined by problem specific refinement conditions. In this study, a high resolution is 

adapted at the interface where needed, and left unresolved in other regions. Periodic boundary conditions 
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are employed on all boundaries of the simulation domain. The model is applied to the continuous PWHT 

cycle. 

Microstructure 

The initial condition for the simulation consists of two spherical  precipitates in two dimensions, 

as shown in Figure 4-44. The precipitate on the left was arbitrarily chosen to be one half the 1.4 nm particle 

radius on the right. The initial conditions for the concentration fields is given by the equilibrium phase 

concentration values as determined from the equilibrium phase diagram. The timed snapshots in Figure 

4-44 show prediction of a ‘typical’ ripening phenomenon over the 1800 sec. (30 min.), with smallest particle 

fully dissolved by 500 sec.  

 

Figure 4-44: Timed snapshots of the predicted microstructure evolution of the two-particle simulation at 

180 °C over 30 minutes with the color legend represent phase-field ξ (t). 
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Motivated by the theoretical [72,73,183] studies of alloy coarsening, the following three features, 

which characterize the coarsening process in the scaling regime, were tested against the simulation: 

1. Precipitate volume fraction remains constant during the process. 

2. Scaled particle size distribution is time invariant. 

3. r3 is proportional to time, where r is the average precipitate radius. 

The first feature, a key assumption in all theories of coarsening, is a consequence of the fact that 

coarsening is a competitive process in which some precipitates can grow at the expense of some others. The 

second and third features are from the LSW theory of coarsening in binary alloys [72,73], extended later to 

systems with finite volume fractions.  

The precipitate size and area fraction measurements were extracted manually from the grid, and it 

was a big impediment both in terms of the smoothness of the behaviour, and also the error involved in those 

measurements. Figure 4-45 shows the time dependence of the simulated radius, r, for two particles.    

 

Figure 4-45: Variation of radius versus time for large (r = 14 A) and small (r = 7 A) particles over the 

simulation time. 

Figure 4-46 replots the average radius of both precipitates from Figure 4-45 on a semi-log plot. The 

result appears sigmoidal with time, but with growth over the duration of the simulation. 
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Figure 4-46: Coarsening plot of r versus time at 180 ºC, where r is the average precipitate radius. 

Figure 4-47 presents the fraction curve as a function of time, which is constant over the first 100 

seconds, indicating a coarsening-dominant stage. 

 

Figure 4-47: Volume (area) fraction versus time at 180 ºC. 
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Chapter 5 

Discussion: Understanding the effect of thermal cycles on the evolution 

of a microstructure at different length scales 

The materials models used in this study both reproduce experimental results to varying 

degrees, and aid in understanding the mechanisms affecting the particle evolution during thermal 

cycles from FSW and post weld heat treatments. This chapter brings all the thesis’ contributions 

into focus by bridging the mechanical property changes to the precipitate evolution at the different 

length scales through the shared structure features.  

5.1 Macroscopic Scale: Understanding the effect of thermal cycles on the hardness 

of dissimilar friction stir weld of an age-hardenable aluminum alloys 

The Shercliff and Ashby model has been extensively tested and shown to give good 

prediction of isothermal hardening for different aluminum alloys [65,184], and is further supported 

by the present study. The model is limited in that it uses only one fitting parameter for all ageing 

temperatures, which does not take into account the temperature dependence of the precipitate type.  

Shercliff and Ashby applied their process model for isothermal ageing to reheating and 

parabolic thermal cycles by equating the temperature–time profile to its equivalent isothermal heat 

treatment. The model is physically based on the kinetics of precipitate dissolution and captured the 

behavior of AA6061, even though softening is primarily due to overageing.  Application of the 

same approach to AA6022-T4 in this study was successful, based on the good fit to the measured 

hardness values. The accepted activation energy for diffusion of Mg in Al ranges from 130 kJ/mol 

to 120.5 kJ/mol [185,186]. Therefore, the experimentally determined Qa value of 122 (2) kJ/mol is 

acceptable. The solvus temperatures of 269°C for AA6022 refers to the main hardening precipitate, 
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 , and is comparable to values obtained by Shercliff and Ashby. The evaluated parameters in the 

calibration procedure could be improved with more isothermal data at different temperatures. 

From the isothermal results, the time to peak hardness decreases with increasing aging 

temperature, and the magnitude of peak hardness decreases with increasing temperature, which is 

consistent with the expected behaviour. Though there is some scatter in the experimental data, the 

predicted ageing curves follow the trends of the experimental data. 

 However, to apply this model to non-isothermal cycles, requires reliable information of 

the temperature history during welding. Such data is usually determined by a thermal model, 

validated using thermocouple measurements from instrumented welds. In this work, an analytical 

thermal model was used to predict temperature histories and compared to measured thermal cycles. 

An empirical approach was used to convert weld thermal cycles into equivalent isothermal holds, 

such that the as-welded hardness could be interpolated from the isothermal data. Application of this 

approach gave reasonable predictions of the hardness profile in the AA7075-6022 stack-up as 

shown in Figure 4-28, including the critical soft region associated with the HAZ. These predictions 

qualitatively agree with what is expected in the alloy microstructures. TEM images in Figure 4-2, 

Figure 4-3, Figure 4-12 and Figure 4-13 showed microstructures from the base material and HAZ 

after welding, at the same position as the model predictions made in AA7075-T6 and AA6022-T4.  

During welding at 250 mm min.-1 the maximum temperatures at positions 4 and 8 mm away 

from the weld centerline reached 312°C and 275°C, respectively (Figure 4-9). The area between 

the two locations experienced a welding temperature of about 300°C for 10 sec.  As a result, 

microstructural observation shows that even this brief heating time drives change in the precipitate 

morphology that can impact mechanical properties.  

The associated experiments indicate that the peak temperature and duration time greatly 

affect the precipitate evolution. The temperature of the HAZ was estimated to extend beyond 

250°C, which approaches or exceeds the transition temperatures of the GP(I), GP(II), and  phases 
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in AA7xxx of 100°C, 125°C and 260°C, respectively [187–189]. Since the processing temperature 

range is similar to the transition temperature of  phases, not all  will be simultaneously 

dissolved; the unstable phases and small precipitates are expected to be dissolved, whereas larger 

 precipitates will grow [169], which is supported by the microstructure shown in Figure 4-12. 

Consequently, dissolution and coarsening are competing phenomena during heat input. In support 

of this interpretation, Nicolas and Deschamps [190] have shown using non-isothermal heat 

treatments for Al–Zn–Mg alloys that dissolution occurs first, and is characterised by a decreasing 

volume fraction and a relatively constant mean precipitate radius. Nicolas and Deschamps describe 

the constant mean radius in terms of the critical radius. The particle size distribution decreases, but 

without a significant shift in the mean value. Only when enough solute atoms have been returned 

to solution can the critical radius decrease, and then the coarsening regime begins.  Dissolution of 

smaller objects is accompanied by growth of the largest ones. Consequently, dissolution in the HAZ 

is dominant, and the time at higher temperatures is too short to allow coarsening to occur in the 

case of AA7075. This explanation accounts for the mainly nano-scale precipitates observed in the 

microstructure. 

Generally, the precipitate coarsening observed in AA7075-T6 also occurred in the 

AA6022-T4 after welding. The main strengthening precipitate in AA6xxx alloys is β, but it can 

be dissolved between 200 and 269°C, temperatures that were easily reached in the HAZ.  In 

addition, β can form on dispersoids in the matrix at 300°C, temperature which was reached in the 

HAZ. Coarsening of β precipitates and dissolution of β needle precipitates was previously 

observed in the HAZ of welds in AA6063 [191].  As a result, different scales of non-uniformly 

distributed precipitates are easily obtained at the location of minimum hardness in the HAZ of the 

aged alloy. In conclusion, the microstructure and hardness models adequately predict the response 

of the base alloys to FSW. 
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Another advantage of the process hardness model developed here, is that it can predict how 

welding parameters, like welding speed, affect the hardness. Figure 5-1 compares the predicted and 

measured hardness at different positions across the weld for different welding speeds. The hardness 

trends are mostly similar. Increasing the welding speed decreases the softening in the HAZ (in case 

of 500 mm min.-1), while the slowest speed investigated of 125 mm min.-1 resulted in the softest 

HAZ. The thermal cycle at 125 mm min.-1 welding speed predicts reduced hardness due to dwell, 

which leads to dissolution and coarsening of the strengthening precipitates. The sensitivity of the 

hardness to cycle duration is predicted to decrease as the welding speed increases, and is most 

sensitive for thermal cycles with higher peak temperatures and shorter cycle times, i.e. the first 

peak in Figure 4-27 (Chapter 4).  An interesting observation from Figure 5-1 is that the minimum 

HAZ strength level depends on the applied heat input, and therefore, should be controllable by 

adjustment of welding parameters.  At present, it cannot be stated with certainty whether this is 

something that can be exploited in ordinary production welding for optimization of joint properties. 
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Figure 5-1: Calculated final and measured hardness values in AA6022 of the AA7075-6022 

stack-up at different thermal couple positions after the thermal heating/cooling cycle for tool 

speeds of (a) 125 mm min.-1, (b) 250 mm min.-1 and (c) 500 mm min.-1. 
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5.2 Microscopic Scale: understanding the microstructural changes through the weld 

zone 

5.2.1 Dislocation-obstacle analysis of a stir zone microstructure in FSW of dissimilar 

age-hardenable aluminum alloys 

This work attempts to answer two questions. What does a saturated solid solution in a 

multicomponent alloy look like to mobile dislocations? How close to a saturated solid solution can 

mechanical mixing by FSW drive this material?  The PSRS measurements presented in the previous 

section are analyzed in the context of dislocation-obstacle thermally activatable flow.   

All of the Haasen plot data obtained follows a first order linear trend over the stress ranges 

accessible, which supports a linear assumption of the obstacle strength contribution.  Results from 

measurements at 78 and 296 K illustrate that the activation volume, V = bdl, is smaller at lower 

temperatures.  This result is consistent with the idea that thermally activated flow at lower 

temperatures is affected by the smaller obstacles, i.e. solute atoms and small coherent atom clusters 

versus forest dislocations or precipitates (Figure 5-2).   

 

 

Figure 5-2: Schematic showing potentially glissile dislocation–multi-obstacle interactions under 

stress at intermediate (top) and low (bottom) temperatures relative to the melting temperature, Tm.  

The geometrical parameters d and l reflect the range of obstacles, which become thermally visible 

to the dislocation line, where the smallest obstacles could be single solute atoms, the larger 

obstacles solute clusters, and the largest forest dislocations.   All obstacles are assumed repulsive. 
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From Figure 4-37 of the results, the SZ+SHT not only has a high Haasen intercept, but also 

has a slope that is comparable to the pure aluminum line.  Solutionizing the base metal (BM+SHT) 

also drove these two parameters in the same direction, but not to the same level. The maximum 

fraction of all solute atoms, which can theoretically be put into equilibrium solid solution at 465°C 

is 0.0578 at., as estimated from the ThermoCalc Al5 data-base.  Note that 0.0578 at. is greater than 

0.01, so this is in the Labusch concentration range where correlated dislocation motion is possible 

[192].  Assuming that the SZ+SHT of the base-metal can attain this amount, and quenched in 

vacancies do not contribute, then the measured Haasen intercept for SZ+SHT at 78 K is plotted 

versus the square root of 0.0578, and a straight line is drawn to the origin, as shown in Figure 5-3 

(a).  For dilute binary solid solutions, the increase in Haasen intercept was shown previously [193] 

to scale with c1/2, with different slopes for different alloying elements that are extrapolated here into 

the higher concentration range for comparison.  One-half is near the theoretical 4/9 expected for 

Labusch statistics [194], but cannot be assessed in the present work with only one alloy 

composition.  The Mg, Zn and Cu solute atoms, which make up the majority of the solid solution, 

fall into the average range of extrapolated previous results; so between clustered and random 

obstacles.  Therefore, 

𝛥𝜎

𝑇𝛥𝑙𝑛𝜖̇
|
𝑇,Σ
= 0.118√𝑐 

(5-1) 

The remaining Haasen intercept data is plotted using eqn. (5-1) to calculate c1/2, as shown 

by the filled symbols in Figure 5-3 (b).  Note that SZ+SHT+Age has effectively a zero intercept 

within the fitting error.  It is immediately obvious that BM and SZ have Haasen intercept values 

that exceed the c1/2 relationship, that is, there are more obstacles predicted contributing to the Ds 

signal at yield then physically available as solute atoms to add to the matrix.  Therefore, these points 

are shifted left to the maximum possible abscissa value of 0.2404.  The lower intercept data are 

kept on the line.  After accepting these manipulations, the state of the solid solutions can be 

examined for each processed state. 
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Figure 5-3: (a) Haasen plot intercept at 78 K measured for the 7075 SZ after solutionizing 

(SZ+SHT) versus square root of the equilibrium total solute atom concentration. Also shown are 

extrapolations of empirical relationships (dashed lines) for dilute binary aluminum alloys 

measured in the smaller boxed region [193].  The straight line for “This study” is the master 

curve. (b) Replot of (a), but with only the 7075 data from this study placed on the master curve 

(solid symbols), and then two conditions (SZ, BM) shifted to the left, as indicated by the arrows, 

to the maximum possible value of solute atom concentration (open symbols).  See text for the full 

description. 

The smallest Haasen intercept occurs after ageing the solutionized stir zone 

(SZ+SHT+Age).  A zero intercept indicates an effectively pure matrix to the mobile dislocation 

lines with no more thermally activatable solid solution component.  The interpretation is that 

precipitation has drained the matrix of solute, which is replaced by precipitates.  In contrast, the 

BM after solutionizing has an intercept that predicts 0.026 at. solute atoms that reduces to 0.012 at. 

after 30 minutes at 180°C, compared to the equilibrium solid solution concentration of 0.009 at.  

AA7075-T6 contains ′ phase embedded in a recovered dislocation microstructure, which 

was described in a separate study by Rhodes et al. [195] to contain a “modest” density of 
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dislocations.  Nonetheless, the defect structure is non-negligible and contributes significantly to the 

strain rate sensitivity at yield, considering the matrix free solute content should be lean.  An 

indication of the complexity of the existing defect structure is the observed difference between ¼ 

and 1/10 rate changes at 294 K.  Note that the SZ itself had the largest measured Haasen intercept.  

The SZ has a slightly lower yield strength than the BM of 63 MPa at 78 K, but this difference 

becomes almost three times larger at 296 K, where the large thermal energy offsets the weaker 

solute atom contribution, making them less visible to the dislocations.  The SZ microstructure 

depends on the alloy chemistry, microstructure, and deformation conditions.  There have been 

many experimental studies of the SZ on different alloys since the dawn of FSW studies, less that 

capture structural details with both TEM and atom probe, and fewer that quantify the solid solution 

[196].  For AA7075, the SZ is still expected to contain a recovered dislocation structure [53] and 

nanoscopic metastable precipitates, the former which contributes to the increased Haasen intercept.  

Small angle X-ray scattering of the stir zone revealed a modest fraction of 5 nm diameter secondary 

phase Figure 4-15. 

The strain rate sensitivity data in the form of the Haasen plot was used has as a graphical 

tool to test the obstacle strength additivity behaviour relative to dislocations, and for correlating to 

the solute atom content.   The intercept data obtained in the present set of experiments yield the 

activation volumes associated with the different microstructure states using eqn. (5-2), or can be 

estimated from the product of the initial slope and yield stress. Figure 5-4 plots the activation 

volumes versus yield stress calculated by the two methods.  The large discrepancy between the 

intercept and slope calculated values, the latter being much smaller, are because the slope-derived 

activation volume attributes all of the yield stress and slope to one obstacle, when in fact the yield 

stress also contains athermal components.  Del Valle et al. [197] re-expressed the additivity rules 

for a two obstacle system in the form of the Haasen slope, S.  For the linear superposition case 
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𝛥𝜎

𝑇𝛥𝑙𝑛𝜖̇
|
𝑇,Σ
=
𝜎0.02%
𝑇

(𝑆𝑠 − 𝑆𝑑) +
𝜎

𝑇
𝑆𝑑 

(5-2) 

and assuming Sd=1.3x10-4 K-1 applies here at s=0, gives the results shown in Figure 5-4 that are 

mostly between the other two calculations.  The intercept derived calculation has the least number 

of assumptions, and effectively the largest values for V.  The relative changes in V calculated 

from the intercept are further examined by normalizing by the Burgers vector magnitude cubed, 

0.2863 nm3, versus the total yield stress for each state in Figure 5-5. 

 

Figure 5-4: Apparent activation volume, V, calculated using three different methods versus the 

total yield stress for each state.  The solution heat treated condition (SZ+SHT+Age) has a zero 

intercept, or infinite activation volume for the rate controlling obstacle. See text for details of the 

calculations. 
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Figure 5-5: Apparent activation volume normalized by the magnitude of Burgers vector for 

aluminum, V/b3
, calculated from the 78 K Haasen intercepts and plotted versus the 0.02% yield 

stress for different alloy states.  The overaged stir zone and solution heat treated condition 

(SZ+SHT+Age) has a zero intercept, or infinite activation volume for the rate controlling 

obstacle. 

For the fullest solid solution states with low dislocation density at yield, the V/b3 for 

SZ+SHT is slightly less than BM+SHT.  The interpretation is that either the SZ case is less 

clustered, i.e. smaller obstacle size, or the distribution of obstacles was correlated.  Xu and Picu 

[192] nicely described the effect of random and squared obstacle distributions, as well as two 

different clustered distributions with weak to strong obstacles on the stress dependence of the strain 

rate sensitivity.  In the range of correlated obstacles, differences in strain rate sensitivity were 

difficult to discern for weak obstacles   With overageing, V′ increases as the solute atom content 

decreases, with V′ for SZ+SHT+Age possibly approaching 1000b3 typical for dilute systems. 
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5.2.2 PWHT kinetics of the AA7075 GPZ/′ precipitate microstructure in a dissimilar 

FSW 

The measured X-ray broadening data was deconvoluted to determine an apparent 

dislocation density, 𝜌, using a modified Williamson-Hall model. Ignoring higher order terms an 

apparent dislocation density can be approximated from the integral breadth in reciprocal space, Δ𝐾, 

versus 𝐾𝐶̅
1

2 dependence as  

𝜌 =

(

 
∆𝐾

√𝜋𝑀
2𝑏2

2
𝐾𝐶̅1/2)

 

2

 

(5-3) 

where M is a constant depending on the effective outer cut-off radius of dislocations equal to 2.5, 

b is the Burgers vector of 0.286 nm, and 𝐶̅ is the average dislocation contrast factor [174] assuming 

a homogeneous distribution. The dislocation density measured ex situ from the 100 m thick slices 

through the FSW geometry was determined in the as-welded and PWHT conditions as shown in 

Figure 5-6. As-welded data reveals an asymmetric range of densities across the section that are 

slightly higher in the SZ than the HAZ, but highest at 15 mm DFW, which is below the periphery 

of the tool shoulder. This region distorted slightly after after welding and unclamping, and likely 

induced residual stress deformation. Note that all measurements were averaged over the AA7075-

T6 center, which had drawn in some AA6022-T4 in the SZ. After PWHT, the apparent dislocation 

densities measured in the exact same positions have decreased across the weld centreline by about 

1.5 to 2 times, with the greatest decrease in the HAZ, TMAZ and SZ. It is postulated that the strain 

energy decreased throughout the weld after PWHT by some recovery mechanism, and the decrease 

appears to be dependent on the starting dislocation density. 
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Figure 5-6: Calculated apparent dislocation density as a function of distance from the weld 

centerline (DFW) for the FSW AA7075-T6/AA6022-T4 FSW in the as-welded and post weld 

heat treated (PWHT) conditions (error bars show an uncertainty in the dislocation density 

determination). 

The mechanical properties of a solid depends on its microstructure, the latter which is a 

function of its free energy and the kinetics driving it to equilibrium, but microstructure requires 

defining.  In this study, the microstructure is defined by the precipitates, which are the predominant 

strengthening mechanism of AA7075, and can be described by their quantity, size, shape, and 

distributions [57]. The precipitate structure interpreted from SAXS experiments delineates a 

microstructure described by radius and volume fraction that evolves with time differently across 

the weld. The starting FSW microstructure in the SZ and TMAZ consists of a distribution of fine 

precipitate including GPZ, which was also observed by Dumont et al. [169].  The current 

experimental measurements also agreed with Sharma’s [51] observations, where η′, which is 
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responsible for strengthening, were more numerous in the TMAZ of welds, while conversely the 

HAZ contained fewer η′ particles. PWHT resulted in a well-defined coarsening stage in these zones. 

The current SAXS measurements agree qualitatively with the TEM/SAXS observations of Sullivan 

and Robson [57], where fine GPZ/η′/η-phase distribution within the SZ and TMAZ regions of FSW 

AA7449 coarsen during PWHT, though their temperature-time was unspecified.  

One critical factor affecting precipitation behaviour is the role of defects like vacancies and 

dislocations, both important for transport and one more so for nucleation, with dislocations being 

neglected in most experimental analysis. The qualitative relationship between dislocations and 

precipitation phenomena is well established. Wu et al. [82] studied the precipitation behavior of 

age-hardening Al-Zn-Mg(-Cu) alloy matrix by TEM and STEM. They observed the majority of the 

plate-like η′ precipitates were distributed on or near dislocation lines, implying that dislocations act 

as the favorable nucleation sites for the η′ precipitates. Ma et al. [83] also reported that the coupling 

of dislocations and precipitation in Al-Zn-Mg (-Cu) alloy by in-situ TEM, and concluded that 

dislocation motion might drag solute atoms to heterogeneous nucleation sites of η′ precipitates and 

accelerate the growth and coarsening of the precipitates at the dislocation cores. Fribourg [198] did 

extensive work on trying to decouple the role of deformation induced dislocations on precipitation 

in AA7xxx.  Recently, Luo et al. [199] used TEM and SAXS to interpret the effect of dislocation 

density from rolling on GPZII, η′ and η formation in AA7075 over long heat treatment times at 

100°C.  However, as confident as researchers are in the qualitative effect of dislocations on 

precipitation, there remains a lack of quantitative kinetic evidence on dislocations mechanism(s) 

governing precipitation behavior in non-binary systems like Al-Zn-Mg(-Cu). Therefore, the kinetic 

data from the current study may better quantify the average role of dislocations on the precipitation 

evolution, or more correctly the diffusion kinetics, then by pick-and-choose electron microscopy 

approaches. The approach here is to look at the kinetic response of particle growth through the lens 

of an ideal theoretical framework and interpret any deviations. 
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The theory of particle coarsening or Ostwald ripening, which applies to a low density of 

spherical phase with a small and constant volume fraction, has been discussed by multiple authors 

[76,81], and is most commonly analyzed with respect to the LSW theory of coarsening [72,73]. 

The LSW theory used in the qualitative analysis of the coarsening kinetics suggests that the size of 

particle coarsening is proportional to the diffusion of solid solution through the matrix. According 

to the LSW theory, a measure of the average solute particles concentration in the matrix and the 

particle size against time is required to calculate the values of the parameters from the coarsening 

data. More generally, particle coarsening follows a power law relationship [200] 

𝑟
n
− 𝑟0

n
= 𝐾𝑡                  (5-4) 

where 𝑟 is the average radius of precipitates, 𝑟0 is the average size of particles at the aging time, t0, 

referred as the time at the onset of coarsening. K is a rate constant exponentially dependent on the 

temperature, t is the holding time and n is the coarsening exponent that describes the dominant 

mechanism controlling particle coarsening [78,81,201]. Multiple authors have since expanded the 

LSW theory to include various other limiting mechanisms for particle coarsening. In short, the 

temporal power law exponent and the rate constant can give important insights into the coarsening 

mechanism for Ostwald ripening.  

In the classical LSW coarsening theory of Ostwald ripening n is 3 in eqn. (5-4), and the 

rate constant K is proportional to DXe, where D is diffusion coefficient,  is the interfacial energy 

between precipitate and matrix and Xe is the equilibrium solubility of the solute in the matrix. The 

slope of a linear fit to the data points of log 𝑟 versus log t for isothermal aging at 180°C 

approximates the inverse of the temporal exponent (n-1) if r0 is assumed negligible.  

Figure 5-7 replots the Figure 4-41 radius data in a log-log format and compares to a t1/3 

relationship. The relationship is followed somewhat from -8 to +7 mm DFW, but not at the outer 

weld measured regions (-10, -9, +8, +9 mm) where r is more varied in magnitude and sometimes 
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constant. It should be noted that fv is relatively constant for this region. Further analysis assumes 

n=3 in order to evaluate the rate constant, K, contribution to the growth. 

 

Figure 5-7: Log-log plot of mean precipitates size as a function of time in the AA7075/AA6022 

FSW at different locations during in-situ PWHT at 180°C. The 1/3 slope line represents 

theoretical bulk volume diffusion. 

According to the LSW theory, if the coarsening process is controlled by volume diffusion, 

𝑟
3
− 𝑟0

3
 versus t would be a straight line with slope of the rate constant, K, but K increases with fv 

in the modified theory [75]. Figure 5-8 replots Figure 5-7 data using r0 at 100 sec., and shows a 

continuously decreasing slope in the SZ, segmented decreasing slope in the TMAZ, and a 

decreasing though order of magnitude higher slope in the HAZ. At 100 sec. the temperature in the 
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experiment is stabilized, and the particle size appears the smallest (detectable). Table 5-1 

summarizes the initial and final K values calculated from Figure 5-8 at each measured position. 
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Figure 5-8: Relationship between the cubic of the average precipitate diameter and annealing 

time at different distances from the weld center (DFW).  A straight line was fit to the steepest 

(initial) and shallowest (ending) slopes. 

Table 5-1: Experimentally determined rate constant, K, from the initial and final slopes of Figure 

5-8 data, and percentage change.   

Distance from weld 

centre (mm) 

Kinitial (×10-30 m3s-1) Kfinal (×10-30 m3s-1) 

(Kfinal-Kinitial)/Kinitial 

(%) 

-8 1.83 0.73 -27 

-7 1.91 0.72 -28 

-3 1.67 0.91 -46 

0 1.79 0.95 -47 

+3 1.57 0.81 -48 

+6 1.69 0.77 -54 

+7 2.33 1.05 -62 

+9 39.5 14.6 -63 

 

The process of precipitation and coarsening in metal solid solutions are dominated by 

diffusion. According to LSW [72,73] Eq. (5-4) with limiting small volume of spherical particle 

phase, the rate of coarsening depends on physical constants, matrix parameters, and temperature as 
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𝐾 =
𝐴𝛾𝐷𝑉𝑚𝐶𝑒
𝑅𝑇

  
(5-5) 

where A is a dimensionless constant that is dependent on the precipitate distribution in the matrix 

assumed to be 8/9 [201], γ is the precipitate/matrix interface energy assumed to be 0.65 J m-2 [202], 

Vm is the molar volume of the precipitate of 7.62x10-5 m3 mol-1 [203], Ce is the equilibrium 

concentration of solute in the matrix of 0.93 at% at 180°C determined from the TCAL5 data base 

in Thermocalc, R is the gas constant, and T is absolute temperature. Precipitation in AA7xxx alloys 

depends on the co-diffusion of Mg and Zn solute atoms in the aluminum matrix. The Arrhenius 

parameters for diffusion of Mg and Zn solute atoms in aluminum are D0 = 1.49 × 10−5 m2s-1, Q = 

1.24 eV/at [204], and D0 = 3.0 × 10−5 m2s-1, Q = 1.30 eV/at [205], respectively. As a first 

approximation, precipitate coarsening at 180°C is slightly more dependent on the slower Zn 

diffusivity, and thus 𝐷𝑙 is 1.17×10−19 m2s-1, which also contains a vacancy formation energy.  So 

theoretically 𝐷𝑙 could be smaller if excess vacancies remain in the matrix.  Consequently, Klattice at 

180°C is 1.52x10-28 m3s-1, which is two orders larger than measured in the SZ and TMAZ, where 

fv is not constant, but only five times larger in the HAZ, where fv is constant. In all cases volume 

fraction, fv, remains less then 0.004, which is within the limit requirement for the classic LSW 

particle size distribution and has an increasing though small effect on K if considering the modified 

LSW theory. The observation of a smaller than expected ideal K indicates we can continue with 

the classic theory limit. Yes, the absoluteness of K is questionable due in part to the uncertainty in 

parameters D and , so the differences in microstructure response to K reduction with ageing can 

be examined.  Table 5-1 shows that K reduces with PWHT, but more interesting the percentage 

reduction increases from the advancing side to the retreating side of the weld, which approximately 

correlates with the dislocation density. 

In that regard, the presence of dislocations is expected to provide diffusion pathways for 

solute atoms to aid precipitate growth.  If pipe diffusion simply enhances the effective diffusivity, 

then Hart’s [206] approximation 
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𝐷𝑒𝑓𝑓 = (1 − 𝑓𝑑)𝐷𝑙 + 𝑓𝐷𝑝  (5-6) 

can be used, where fd is the dislocation fraction in the lattice, 𝐷𝑙 is the lattice diffusivity of the rate-

controlling species, and 𝐷𝑝 is the pipe diffusivity of the rate-limiting species along the dislocation 

core. fd can be calculated from total dislocation density, 𝜌𝑡, and the area of the dislocation core, 𝐴𝑝, 

approximate here as b2. Accordingly, 𝐷𝑒𝑓𝑓 becomes 

𝐷𝑒𝑓𝑓 = 𝐷𝑙 + 𝐴𝑝𝜌𝑡𝐷𝑝  (5-7) 

which can be substituted for D in eqn. (5-5).  Inserting the largest 𝜌𝑡 from the measured broadening 

yields 1.99x10-28 m3 s-1, which increases the rate constant further away from the measured value.  

The static recovery rate of the dislocation density after PWHT appears to be a function of 

the initial apparent density in the measurements reported here. Based upon this phenomenology, a 

composite isothermal recovery curve is constructed by plotting the 30 minutes segments of 

densities before and after PWHT and shifting their collective behavior in relative time as shown in 

Figure 5-9.  The composite curve in Figure 5-9 was ad-hoc fit to Nes’ description for glide recovery 

with no lateral drift [207]. The relationship allows a continuous time dependent correction to eqns. 

(5-5) and (5-7) as 

𝐾𝑒𝑓𝑓 =

𝐴𝛾 (𝐷𝑙 + 𝐴𝑝𝐷𝑝𝜌𝑜 (1 − 𝑘
′𝑙𝑛 (1 +

𝑡𝑒𝑓𝑓
𝜏
))

2

)𝑉𝑚
2𝐶𝑒

𝑅𝑇
 

(5-8) 

 

where  o is 3.11 x1014 m-2, k′ is 0.528 and  is 43.31 min. The effective recovery time, teff, is the 

time for recovery from the density at the start of the PWHT plus a shift factor, such that after 30 

minutes the reduced dislocation density falls on the mathematical relation for the curve. So if the 

recovery is slower than a pure metal due to solute stabilizing the dislocation lines, but recovery still 

occurs, K should also reduce with .  According to Figure 5-10 the effect on K for the case probed 

is at most 30% higher at t = 0 due to the initial dislocation density, and a possible reduction of 10% 
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after 30 minutes by recovery. Such a reduction is less compared to the measured K changes of 

factor of two, but the dislocation content and its apparent recovery does predict to affect the 

measured rate constant. 

 

Figure 5-9: Composite curve of apparent dislocation density versus effective recovery time in the 

AA7075 mid-plane of a AA7075/AA6022 weld before and after the 180°C PWHT for different 

starting microstructural states. See text for definition of teff.  The arrow indicates one data pair in 

30 minutes increment from as-welded to after PWHT that applies similarly to all subsequent data 

point pairs (filled-open symbols). Consequently, higher apparent dislocation density regions 

recover faster than lower density regions. 
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Figure 5-10: Normalized effective rate constant, Keffective, relative to the theoretical rate constant 

for lattice diffusion, Klattice, as a function of different starting dislocation densities typical of the 

measured data during 30 min of PWHT. 

There is the possibility that the measured peak broadening signal also contains a coherency 

strain that increases with ageing from GPZ to ′, which would underpredict the line length 

recovery. Rodgers and Prangnell [208] observed an increase in X-ray line broadening with the 

expected increase in coherency strains after ageing of a Li containing 2XXX alloy.  The current 

results indicate that the average stored energy in the form of dislocations decreases after PWHT for 

all regions probed in the weld, and even though the true density is obscured, the average density 

can be related to a realistic geometric description of the line length and particle density. 

Assuming a Taylor array, the average spacing between dislocations, is 𝜌−0.5, which 

corresponds to 93 and 126 nm in the SZ and TMAZ, respectively, with PWHT. This length is 

significantly larger than the average spacing computed from the particle number density, N. Figure 

5-11 plots the number density of scattering objects calculated as per Deschamps et al. [209] versus 

PWHT time. In the SZ, the data collapses onto one curve that increase with time. The behaviour is 
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similar at DFW -8, +7, except at 600 s an increase is weaker in N, which is due to r plateauing with 

an increasing volume fraction. At +8, +9 mm the low volume fraction signal relative to r contributes 

to  increases or decreases in N, respectively. The data at -10 mm oscillates between the low and 

high densities due to the lowest fv and fluctuation in r. Taking the SZ region (-3 to +3 mm) particle 

density of 1026 m-3 yields a mean free path of ~10 nm, which “corrals” about 1000 particles by a 

dislocation array.   In the TMAZ (+5 DFW) the mean free path increases to ~50 nm, which increases 

the dislocation availability per particle to act as a diffusion path. 

 

Figure 5-11: Number density of particles contributing to SAXS during ageing at 180°C at 

different distances form weld center. After initial dissolution (30 s), the data separates out into 

regions that generally increase with time.   Two power law fits are shown. 

From the above analysis, three general scenarios are envisioned to describe the complex 

interaction between recovering dislocations and the solute-precipitate kinetics during PWHT.  In 

the first case, dislocations are already temporally trapped by existing objects, but can recover 
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energetically favourable segments from PWHT after accepting vacancy solute complexes and 

sending solute atoms in their stress field to further objects.  The consequence is that larger objects 

will grow as fed by these limited pipes, which is supported by electron microscopy observation 

[82] [38].  Alternatively, dislocation recovery is slowed in a solute containing matrix without 

affecting the average precipitate growth kinetics, because most of the particle growth sites cannot 

be served by pipe diffusion from a sparse distribution of dislocations.  In the third scenario, 

dislocations recover by gliding to opposite-signed dislocations under the self- and long range stress 

fields but drag solute to multiple sites along the way, which would slow recovery, but enhance the 

precipitate growth kinetics compared to a static state by finding a greater number of sites.  Over 

time their recovery would lead to a reduced growth rate.  According to Vengrenovich et al. [39], as 

particles grow, the change in the dislocation-particle interface may release the dislocation so that it 

moves in the long range elastic strain field to another object and use pipe diffusion to contribute its 

growth.  In the Al-Zn-Mg precipitate particle system, the dissolution of GPZ or its transformation 

to semi-coherent ′, might provide the energetics to release a dislocation segment.  Analysis of the 

growth rate dr/dt versus r-n as per Vengrenovich et al. [39] eqn. (24) gives n-values from 5 to 2.5 

from 0 to +9 mm DFW, respectively, which indicates mobile dislocation mediated diffusion in the 

stir zone and volume diffusion in the HAZ.  The point is that different models can reasonably fit 

this same SAXS kinetic data at different stages of the 30 minutes heat treatment, which are 

inconclusive for the complex transport mechanisms.  In the simplest and slowest process of lattice 

diffusion of Zn atoms in the aluminum matrix, the effective diffusion distance after 30 minutes at 

180°C is 35 nm.  This distance exceeds the requirement for the observed particle separation, and 

so no faster diffusion mechanism should be required.  Yet, the calculated rate constants, K, for GPZ 

growth are consistently lower than demanded by the slowest diffusion mechanism.  The implication 

is that solute diffusion is slowed by recovering dislocations trapping solutes or removing vacancies 

and loss of solute from the matrix.   Of course the presence of particles greater than 5 nm, which 
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were not detectable in the low q-range of the SAXS measurements and grow at the expense of the 

smaller precipitates, would also effectively contribute to a slower growth/coarsening rate.   In-situ 

measurements for a broader range of q in parallel with simultaneous line broadening measurements 

at wide angles would help answer this question. Alternatively, phase field modeling of the 

mesoscopic scale could provide insight. 

5.3 Mesoscopic scale: Microstructural evolution and kinetics of Ostwald ripening 

using phase field approach 

The phase field model provides access to various internal variables, which control the 

general precipitation evolution, and which are not easily measured experimentally like the particle 

size distribution, the mean concentration in solid solution, etc. This section compares the simple 

modeling results to the experimental and results for the PWHT. 

The phase field study considers the PWHT designed for the paint baking of the automotive 

structure at 180 °C for 30 min. The evolution of a two-particle distribution is compared to the 

experimental result from 9 mm DFW, which is the HAZ, and the weakest region of the FSW, where 

the softening can likely be attributed to overageing and coarsening of strengthening precipitates 

and/or dissolution of clusters induced by the thermal cycle of the FSW process [210]. 

The most commonly investigated aspect of coarsening kinetics is Ostwald ripening, which 

is a power law expressing the average length scale evolution as a function of time, as described in 

the previous sub-section. In order to be consistent with the analysis of experimental data, the 

coarsening exponent, n, is fixed as 3 for examining the coarsening rate constant. Figure 5-12: 

replots the cube of the average radius of precipitate from Figure 4-46 in a log-log format and 

compares to a t1/3 relationship. It should be noted that fv is relatively constant for this region, as 

shown in Figure 4-47. An interesting feature in Figure 5-12: is that r (t) increases with time, not 

monotonically, like in experimental observation, but has an initial transient. This behaviour was 

also observed by Moats et al. [211], who explained it being due to the small number of domains in 
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the system, and to the fact that the material evaporating from the shrinking domains does not 

instantaneously condense on the growing domains  

 

Figure 5-12: Log-log plot of mean precipitates size versus time for the two particle phase field 

simulation. The 1/3 slope line represents theoretical bulk volume diffusion and is provided to 

compare against the simulated data. 

The rate constant, K,  from Figure 5-13 for the first 100 s is 40 × 10-30 m3 s-1, which is 

surprisingly similar to the 39.5x10-30 m3 s-1 determined from the +9mm location experimental 

measurements (Table 5-1). Though the analysis of the experimental data followed the precipitate 

evolution until 1800 sec. (Figure 5-13, red data), the phase field result only captures theoretical 

coarsening until 100 s (Figure 5-13, blue data). Beyond 100 s, a singular particle remains, growing 

at a faster rate with increasing volume fraction, apparently driven by the increased matrix solute 

content.  After 500 s, the rate constant, K, decreases, and the phase volume fraction continues to 

increase.  Differences between phase field predictions for t1/3 growth rates in two and three-

dimensional models have been observed by Andrews et al. [212] in higher volume fraction two-
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phase systems.  The increase in volume fraction of the second phase above the expected equilibrium 

fraction shows limitation of the two dimensional model over longer times. 

 

Figure 5-13: : Comparison between the cubic of the mean precipitate radius versus time for 

experimental data at +9 mm DFW, and phase field simulated data.  Linear lines fit to the initial 

slope was used to obtain the LSW rate constant.  See text for details. 

An important step in any study is validation of results. For physical experiment, 

quantification of error is necessary but insufficient in testing a theory of some phenomena. Often, 

simulations are used to verify a model and ensure that the theory is sound, rather than just correct 

on the given data by chance. In a simulation, the burden is perhaps greater, as the complex 

interactions that make up the physical world are greatly simplified in a model that is 

computationally tractable. Thus, results on the computer, while they may be correct from the 

standpoint of a given model, may not extend into the real world if sufficient care is not taken in 

understanding that model's assumptions and applicability. In addition to the model’s “correctness”, 

one must also verify that the program or code implementing the model does so honestly, that is, no 
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programming errors must exist that give erroneous results, and the nature of the computation 

architecture does not bias the result [213]. Such sources of error must be considered in any 

computational study. The results from the two-dimensional simulations show the ability of the 

phase-field model to describe the coarsening process of spherical particles in the Al-Mg-Zn ternary 

system, although perhaps not directly applicable to make quantitative microstructural predictions.  

5.4 Length scale bridging 

The primary goal of this research is to understand the underlying thermodynamic and 

kinetic mechanisms that control the morphologies and coarsening kinetics of the precipitates in 

specific aluminum alloys during thermal cycles, caused by FSW and post weld heat treatments, 

using different methods attributed to different length scales. As depicted in Figure 5-14, modeling 

schema comprise a complex set of interactions between different inputs, implementation 

approaches and outputs. The study in macroscopic length scale regime (roughly ≥ 1 mm) are 

heavily oriented toward processing and behavior for structural materials. Processing improvements 

require quantitative measurements of mechanical properties like strength. Using a material 

response approaches, like the Shecrliff-Ashby process model, the effect of welding thermal cycles 

on the mechanical response of heat treatable aluminum alloys can be predicted. However, to 

understand the origin of these mechanical variations in the weld after different heat treatments 

requires deeper microstructural investigation. At this point, the kinetic study of precipitate 

evolution helps us understand what influences the final material response. With a knowledge of the 

fundamental parameters, such as free energy, mobility, etc., phase field calculations can also be 

used to evaluate the kinetics of morphological changes in precipitating system subject to thermal 

cycles.  
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Figure 5-14: Materials response length scale: interaction of fundamental properties, approaches 

or model types, structural data outputs, and property prediction. 
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Chapter 6 

Conclusions and Suggestions for Future Work 

In this work, the combination of a quantitative study of precipitate microstructures, 

completed by a simple modeling approach, has been successful in  understanding of an effect of 

friction stir welding thermal cycles on the microstructure evolution of heat treatable aluminum 

alloys in a dissimilar FSW weld. The main results of the experimental and modeling approaches 

for different length scales are summarised, and the importance of the new knowledge described. 

6.1 Main Outcomes 

The Shercliff-Ashby process model for the prediction of hardness in age hardenable 

aluminum alloys after non-isothermal heat treatments has been presented. This model has been 

applied to a stack-up of AA7075 (Al-Mg-Cu-Zn) and AA6022(Al-Mg-Si) aluminum alloys joined 

by friction stir welding. Relationships between microstructural evolution and mechanical properties 

was clarified after solution treatment. The key learning points are:  

• Ageing experiments were used to quantify hardness kinetics in AA7075 and AA6022, and 

calibrate the isothermal Shercliff-Ashby model, giving materials parameters for these 

alloys expected from the literature.  

• Temperature-time measurements during dissimilar friction stir welding of AA6022-T4 to 

AA7075-T6 were distinctly non-isothermal, reaching as high as 359 °C in the non-stirred, 

HAZ, which can lead to phase transformations in these metastable alloys, as observed by 

TEM. 

• An analytical non-isothermal thermal model was developed that describes the temperature 

evolution during the friction stir welding process by an effective equivalent time, t*, at 

temperature.  
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• Combining the analytical non-isothermal thermal and Shercliff- Ashby models enables the 

prediction of the characteristic hardness profiles across welds, correctly predicting the 

position of the hardness minimum with less than 15% difference between the measured 

and predicted values. 

• The process model predicted hardness distributions in the HAZ for welding speeds of 125, 

250 and 500mm min−1. Calculations indicate that final hardness level depends on applied 

heat input, controlled by the welding speed. 

SAXS and WAXS were used for the first time to statistically investigate the short time 

precipitation kinetic response of the AA7075 portion of a dissimilar AA7075-T6/AA6022-T4 

friction stir weld to a post-weld heat treatment designed for the AA6022 alloy. The major 

conclusions are: 

• In regions of AA7075, some diluted by AA6022 in the dissimilar friction stir process, 

precipitation kinetics from different microstructures could be obtained and studied in one 

specimen at 180°C over 30 minutes. Due to the low electronic density contrast between 

Mg, Al and Si, no data could be obtained for AA6022. 

• In the stir zone and TMAZ of the weld, the volume fraction of precipitates rapidly decreases 

and then increase asymptotically during PWHT. The precipitate volume fraction of 

precipitates in the HAZ is approximately constant.  

• The particle radius on average follows the LSW theory in all weld regions, but the growth 

rate decreases with increase in volume fraction, and was generally two orders of magnitude 

smaller than the theoretical slowest volume diffusion process for Zn. 

• X-ray line broadening measurements comparing the dislocation density of the FSW in the 

as-welded and PWHT conditions characteristically reduces after PWHT across the weld 

due to static recovery, which was quantitatively described by a composite curve. 
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• The observed size range of precipitate and dislocation densities suggest that the complex 

effect of dislocation lines as mobile solute/vacancy trapping sites and not just static high 

diffusivity solute paths should also be considered for slowing kinetics. 

• The recovery of dislocations during post weld heat treatment may contribute to a decrease 

in the coarsening rate constant, as described by three proposed mechanisms, but it remains 

intractable at this time. 

Strain rate sensitivity measurements of the thermally activatable obstacle content of 

AA7075 illustrates that mechanical mixing (and heating/cooling) via friction stir welding does 

leave a solid solution state, but the mixed state is less in solute atom content then if obtained by a 

traditional solid solution treatment.   Specifically: 

• The measured strain rate sensitivity is linearly proportional to the flow stress at 78 K for 

all states, with Haasen plot slopes that are higher than the pure aluminum case. 

• The strain rate sensitivity at yield is sensitive to the processed state of the material. 

o The starting AA7075-T6 contains very strong precipitate obstacles and 

dislocations. 

o The stir zone contains solid solution, precipitation and dislocations. 

o Solution heat treating the allow increase the Haasen intercept, which was 

maximum for the previously friction stirred material versus the base material due 

to the yield point. 

• The change in Haasen intercept with solid solution concentration follows a 0.118√𝑐 

relationship for an alloy that is 99.42 at. %Al. 

• The apparent activation volume measured for the solid solutions range from 100b3 and 

higher, indicating thermally activated dislocation motion that involves more than single 

dislocation events. 
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• Ageing the weld at 180C after full solutionizing does not bring the strength back up to the 

T6 level, because it is overaged, but it does substantially improve the mechanical properties 

over the same process applied to the starting AA7075. 

The phase-field model for ternary alloy is applied to Ostwald ripening analysis of an Al-

Mg-Zn alloy. Nucleation is not considered in this study. No phase transformation was included. 

The model reproduces: 

• Microstructure for a simplified ternary AA7075 with spherical particle that are comparable 

to η particle was modeled in two dimension. 

• A two particle system predicts coarsening at 180 °C PWHT over the realistic time scale. 

• Assuming a t1/3 behaviour, the rate constant was not constant in the two-dimensional 

simulation over the whole duration of the simulation. 

• The rate constant predicted by the phase field simulation of 40 × 10-30 m3 s-1 for the first 

100 sec. was similar to the experimental measurement, but increased afterwards, while the 

experimental rate persisted for 1000 sec.   

 

As major outcome of this work, is to understand the underlying thermodynamic and kinetic 

mechanisms that control the morphologies and coarsening kinetics of the precipitates in dissimilar 

weld of the AA7075-T6/AA6022-T4 during thermal cycles, caused by FSW and post weld heat 

treatments, using different methods attributed to different length scales. 

The study in macroscopic length scale regime shows that an analytical process model, like 

Shercliff-Ashby, can be applied to predicte the characteristic hardness profiles across dissmilar 

weld, which includes non-isothermal thermal cycles. The results indicate that final hardness level 

depends on applied heat input, controlled by the welding speed during FSW. The purpose of this is 

to demonstrate that the knowledge about the precipitation hardening is suficient to predict the 

mechanical properties of such alloys. 
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The microstructural scale revelaed the effect of further post weld heat treatment on mechanical 

response, by kinetic study of precipitate evolution extracted from in-situ SAXS line-scans across 

the weld. The kinetic analyses reveal that  precipitates are small, and on average increase with 

annealing time for all locations of the weld. Throughout the weld, different kinetics occur which 

apear to be due to the different stored work and microstructures. There are numerous studies in the 

qualitative effect of dislocations on precipitation, however there remains a lack of quantitative 

kinetic evidence on dislocations mechanism(s) governing precipitation behavior in non-binary 

systems like Al-Zn-Mg(-Cu). Therefore, the kinetic data from this study was used to quantify the 

role of dislocations on the precipitation evolution. Plotting a normalized effective rate constant 

relative to the theoretical rate constant for lattice diffusion as a function of different starting 

dislocation densities during 30 min of PWHT, showed that at t = 0, the rate constant, K, is at most 

30% higher due to the initial dislocation density.  K is predicted to reduce 10% after 30 minutes by 

recovery, which shows that the dislocation content and its apparent recovery can affect the 

measured rate constant during PWHT. 

As a part of microstructural study a SZ was investigated to quantify for the first time the state 

of the solid solution, clusters and precipitates of the AA7075. Analysis of the obstacles controlling 

work hardening and strain rate sensitivity of the friction stir processed material suggests the 

dissolution of the  phase and its replacement with solid solution and G.P. zones describes the 

microstructure. This knowledge is important in optimizing the age-hardening response of the joint 

after FSW by subsequent heat treatment. 

The phase field calculations were used in a mesoscale length to evaluate the kinetics of 

morphological changes in precipitating system subject to thermal cycles. The results from the two-

dimensional simulations show the ability of the phase-field model to describe the coarsening 

process of spherical particles in the Al-Mg-Zn ternary system, although perhaps not directly 

applicable to make a conclusion on microstructural predictions.   
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In this sense, the characterization and modeling of the strengthening preipitate distribution is 

perceived as the key for the further development of the work and the subsequent modeling of the 

mechanical behavior of the material under complex and real-life conditions. Thus, this work is 

especially useful for its industrial application for designing the heat treatment process to which 

complex components made of age-hardenable alloy are typically subjected and also for predicting 

the evolution of their mechanical performance during their service life. 

6.2 Future work 

It would be of great interest to extend the present study as follows: 

• We have obtained interesting results concerning the investigation of the effect of heating 

cycles mostly on microstructural states of the AA7075. In order to get a full picture of 

microstructural evolution in dissimilar weld, it is necessary to carry out the same 

investigation technique on the AA6022. 

• The Schercliff-Ashby process model requires further development to predict properties in 

the through-thickness direction, however, it is sufficient and comprehensive enough as a 

design tool to predict the influence of welding on hardness in heat treatable aluminum 

alloys. 

• The versatility of the phase field modeling work should be further by including larger 

density of precipitates and the possibility for competitive precipitation at different 

orientations, include elastic strain energy and consider 3D simulation. On a simple level, 

this model is able to predict the effect of isothermal heating cycle on the stability of 

precipitates. However, this potential should be checked by studying the response to 

welding and non-isothermal heat treatments cycles. 

• Combining influence of heating cycles through welding and investigations in our study, 

gives a framework for optimising the end use properties of welds made between 

precipitation hardening alloys. 
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• Concerning the quantitative description of the weld microstructures and mechanical 

properties, we have mostly concentrated on the microstructure investigation. Further 

developments of interest could for instance include the study of the distribution of plastic 

deformation or the effect of the precipitate microstructures in the heat affected zone on the 

properties of the weld (fracture, corrosion resistance). 

• Our study shows that the paint bake cycle, which is typically the final step in car 

manufacturing, has a great effect on microstructure of AA7075 in T6 temper as a part of 

weld, and as a result on final performance of the weld. In order to stop overaging process, 

which is dominant in PWHT in AA7075-T6, paint baking at different temperature should 

be considered or heat treatment of base material prior welding should be considered to 

change. 
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Appendix 

A.1 Parameters for phase field simulation 

Table A.1- 1: The phase field model parameters 

Model Parameters Symbol Value 

Alloy system Al-Mg-Zn - 

Temperature (K) T 453.15 

Initial precipitate radius (nm) rb and rs 1.4 and 0.7 

Equilibrium Mg concentration in the matrix (at%) 𝐶𝑀𝑔
𝛼  0.009 

Equilibrium Zn concentration in the matrix (at%) 𝐶𝑍𝑛
𝛼  0.001 

Concentration of Mg inside the precipitate (at%) 𝐶𝑀𝑔
𝜂

 0.33 

Concentration of Zn inside the precipitate (at%) 𝐶𝑍𝑛
𝜂

 0.50 

volume fraction of precipitates fv 0.022 

Diffusion coefficients (m2s-1 ) �̃�𝑀𝑔𝑀𝑔
𝐴𝑙  2.5 × 10−5  

Diffusion coefficients (m2s-1 ) �̃�𝑍𝑛𝑍𝑛
𝐴𝑙  1.2 × 10−5  

Molar volume (m3mol-1)  Vm 7.62x10-5  

interfacial energy (J m-2) σ 0.35 

 

A.2 Low-temperature Tensile Testing Procedure 

Cryogenic tensile tests were used to probe the solid solution signal, which is weak at room 

temperature. Liquid nitrogen testing was performed on a hydraulic INSTRON 8502 using a 250 

kN load cell with an external testing frame used to transfer the load from the hydraulic ram to the 

sample contained within the liquid nitrogen tank, shown in Figure A-1. The testing procedure 

involved measuring the sample gauge length and cross-section; spot-welding a J-type thermocouple 
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attached to the grip segment of the sample to monitor the temperature; mounting the sample into 

both grip ends;, attaching the top grip-end to the pull-rod of the system; attached the drive rod to 

the top plate; and securing the bottom grip to the bottom plate. The ram was driven down to reduce 

space and to slightly load the sample (around 6 kg) and then unloaded to create space to allow for 

the contraction of the sample during cooling. The 30 litre liquid nitrogen (LN2) tank was partially 

filled, lifted around the sample and placed on the support rods and subsequently filled. Once filled, 

insulation was placed on the top of the open container to reduce excessive LN2 loss, and the 

temperature of the sample was monitored. As the LN2 evaporated, the LN2 was periodically filled 

to prevent icing of the components and after approximately one hour (or once the temperature was 

stabilized) the temperature was recorded and the test began. The same step-ramp method previously 

described was used to the SRS testing at LN2 temperatures.  
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Figure A.2- 1: The testing apparatus connected to the hydraulic INSTRON used for testing at 

LN2 temperatures (78 K). The hydraulic assembly and the external support structure are shown on 

the right with the user interface shown on the left bottom corner. Computer interface and DAQ 

not shown. All compensation levels were manually adjusted through the software tool during the 

testing sequence. 
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A.3 Analysis of Strain Rate Change Data 

Plastic deformation of metals and alloys is observed to be temperature and strain rate 

dependent, indicating that the motion of dislocations is controlled by thermally activated processes 

in the metal. Originally, Cottrell and Stokes [139] used variable temperature experiments to change 

the thermal energy available in the system and observed the change in the flow stress response. The 

alternative approach to this original method has been developed extensively by Nabarro [140], 

Saimoto and Duesbery [141], and Picu [142] for a variety of materials. The thermally activated 

processes are governed by the stress dependent Gibbs free energy ΔG() that captures the energy 

barrier required for a gliding dislocation to overcome/bypass different obstacles (such as solute 

atoms, forest dislocations, sessile locks, precipitates) in the alloy. The strain rate of a plastically 

deforming material can be expressed with an Eyring rate equation: 

�̇� = �̇�0exp (−
∆𝐺(𝜏)

𝑘𝐵𝑇
)  

(A.3-1) 

where �̇� is the plastic shear rate, �̇�0 the base strain-rate, kB is the Boltzmann constant and T the 

absolute temperature.  Linearizing equation (A.3-1),  

𝑙𝑛�̇� = 𝑙𝑛 �̇�0 −
∆𝐺(𝜏)

𝑘𝐵𝑇
 (A.3- 2) 

 

and exploring its temperature or stress dependence at constant structure, ,  

𝜕𝑙𝑛�̇�

𝜕𝑇
|
𝜏,Σ
=
𝜕𝑙𝑛 �̇�0
𝜕𝑇

|
𝜏,Σ
−

𝜕∆𝐺(𝜏)
𝑘𝐵𝑇
⁄

𝜕𝑇
|

𝜏,Σ

 

(A.3- 3) 
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𝜕𝑙𝑛 �̇�0
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𝜕∆𝐺(𝜏)
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𝜕𝑇
|
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(A.3- 4) 

allows determination of the apparent activation volume as  

𝑉′ = 𝑘𝐵𝑇
𝜕𝑙𝑛�̇�

𝜕𝜏
|
𝑇,Σ

 (A.3- 5) 



 

166 

 

The apparent activation volume describes a thermodynamic volume involved in the activated 

complex transition event, but it can be geometrically ascribed to the product of the spacing between 

the rate controlling obstacles, l, the activation distance describing the dislocation-obstacle strain 

field or size of the obstacle, d, and the Burgers vector magnitude, b, as 𝑉′ = 𝑏𝑑𝑙.     

Experimental measure of the change in flow stress response to a change in the plastic strain 

rate is proportional to V-1 as 

𝛥𝜎

𝑇𝛥𝑙𝑛𝜖̇
|
𝑇,Σ
= 
𝑀𝑘𝐵
𝑉′

 (A.3- 6) 

where the normal components of the stress, s, and strain rate, 𝜖̇, replace the shear components 

corrected by a Taylor factor, M, and the D versus  operator reflects the experimental versus 

mathematical requirements for the determination.  The thermodynamic requirement for the 

measurement is that the (obstacle) structure, , does not change during the strain rate change, which 

is possible using the step-ramp technique [143].  The precise strain rate sensitivity is probed for 

small strains throughout the test by enacting an instantaneous strain rate change from the base strain 

rate by a factor of ¼, or 1/10  within 40 msec or less, and measuring the stress response, Ds, without 

transients or using any extrapolations.  The evolution of equation (A.3- 6) with stress after yielding,  

𝜎 − 𝜎0.02%, is in the form of the Haasen plot, where 𝑘𝐵/V’ increases with work hardening [214].  

The specifics of the analysis are well documented, but for the present problem, the contributions to 

the flow stress include dislocations, 𝜎d , solute atoms, 𝜎s, and potentially precipitates, 𝜎ppt, are 

assumed to be a linear sum.  Thus, a positive intercept on the Haasen plot (at yield) represents a 

density of obstacles more thermal than grown-in dislocations and a negative intercept describes 

obstacles more athermal than dislocations like coherent/semi-coherent precipitates. 
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A.4 Analysis Method for SAXS Data 

Prior to data interpretation specific data processing steps were used for the SAXS data 

following [151]: 

1. Correction of the CCD camera defaults. Subtraction of a signal obtained without the X-ray beam 

allows for correction of detector noise (called "dark").  

2. Radial averaging. An average of the signal intensity obtained at equal q-values (radial average 

from the centre of the incident beam) is calculated to get a spectrum I versus q. 

3. Background noise correction. A measurement of the scattering of the direct beam without 

sample is performed and subtracted to suppress any parasite signal (essentially due to imperfect 

collimation, diffraction from the slits, and scattering from particles remaining in vacuum, etc.) 

4. Intensity normalization. The normalised intensity is calculated using the following relationship: 

𝐼𝑛𝑜𝑟𝑚(𝑞) =
𝐼𝑐𝑜𝑟𝑟𝑒𝑐𝑡𝑒𝑑(𝑞)

𝑓𝑐𝑜𝑟𝑟 × 𝑡𝑟 × 𝑒 × 𝑟𝑒
2 × 𝑑Ω

 
(A.4-1) 

where Icorrected(q) is the obtained raw intensity after various corrections, fcorr is a correction factor 

obtained by measurement of a standard, tr is the sample transmission, e is the sample thickness, re 

is the electron radius. 

5. Laue correction. The Laue-term is a constant value corresponding to the scattering of the 

disordered solid solution and some fluorescence. It can be determined using the Iq4 versus q4 

plot: the Laue intensity is given by the slope. 

Once all these corrections and treatments are correctly done, the data can be interpreted. 

Features of the microstructure can be determined from SAXS measurements in terms of integrated 

intensity Q0 and Guinier radius Rg. These values, under certain conditions, can be converted into 

precipitate volume fraction and real mean radius. In order to determine these values (Q0 and Rg), 

two main plots have been used (see Figure 4-39): 
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•  Iq2=f(q) where Q0 can be evaluated from the area under the curve and, 

•  ln(I)=f(q2) where Rg is directly related to the slope of the linear part of the curve. 

 

Figure A.4- 1: Interpretation of SAXS data in terms of integrated intensity Q0 and Guinier radius 

Rg [202]. 

Estimation of volume fraction from SAXS measurements 

The integrated intensity is directly related to the volume fraction fv and composition of the 

precipitates. In the case of a two-phase model, the relationship is relatively simple: 

𝑄0 = 2𝜋
2(𝜌𝑝 − 𝜌𝑚)

2
𝑓𝑣(1 − 𝑓𝑣) 

(A.4-2) 

where 𝜌𝑝 and 𝜌𝑚 are the precipitate and matrix electron density respectively (in e/Å-3).  

The electron density is related to the atomic concentration of each element constituted 

either the precipitate or the matrix: 
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𝜌𝑝 =
𝑓𝑧𝑛𝐶𝑍𝑛

𝑝
+ 𝑓𝑀𝑔𝐶𝑀𝑔

𝑝
+ 𝑓𝐴𝑙𝐶𝐴𝑙

𝑝

𝑉𝑎𝑡
𝑝  

(A.4-3) 

𝜌𝑚 =
𝑓𝑧𝑛𝐶𝑍𝑛

𝑚 + 𝑓𝑀𝑔𝐶𝑀𝑔
𝑚 + 𝑓𝐴𝑙𝐶𝐴𝑙

𝑚

𝑉𝑎𝑡
𝑚 ≈

𝑓𝐴𝑙
𝑉𝑎𝑡
𝑚 

(A.4-4) 

where 𝑓𝑖 is the atomic scattering factor of the element i, 𝐶𝑖
𝑝

 and 𝐶𝑖
𝑚 are the atomic concentration of 

element i in the precipitate and the matrix respectively, 𝑉𝑎𝑡
𝑝

 and 𝑉𝑎𝑡
𝑚 are the precipitate and matrix 

atomic volume respectively (in Å3). 

Table A.4- 1: Atomic scattering factors and atomic volumes used in the determination of the 

volume fraction. 

𝑓𝐴𝑙 = 𝑍𝐴𝑙 13 

𝑓𝑀𝑔 = 𝑍𝑀𝑔 12 

𝑓𝐴𝑙 = 𝑍𝑍𝑛 28.4 

𝑉𝑎𝑡
𝑝

 16.6 Å3 

𝑉𝑎𝑡
𝑚 16.6 Å3 

 

MgZn2 assumption 

Under the hypothesis of a constant composition for all precipitates (GP zones, η'- and η-phase) 

involved in the T6 temper, the most relevant composition is MgZn2. This composition corresponds 

indeed to the equilibrium composition of the η-phase. This assumption implies that no aluminum 

is present in the constitution of the precipitates. The atomic concentration of zinc and magnesium 

are then: 

𝐶𝑍𝑛
𝑝
=
2

3
 ;   𝐶𝑀𝑔

𝑝
=
1

3
   

 

We can then estimate the volume fraction using the following relationship: 

𝑓𝑣 =
𝑄0
0.211

 
 

 


	Chapter 1  Introduction
	1.1 Background and Motivation
	1.2 Objectives
	1.3 Outline of Thesis

	Chapter 2  Literature Review
	2.1 Age Hardenable Aluminum Alloys
	2.1.1 Thermodynamics of precipitation
	2.1.2 The Al-Zn-Mg system
	2.1.3 The Al-Mg-Si system

	2.2 Friction Stir Welding (FSW)
	2.2.1 Friction stir welding process
	2.2.2 Microscopic overview of FSW
	2.2.3 Temperature distribution during FSW process
	2.2.4 Mechanical properties of friction stir welded aluminum
	2.2.5 Dissimilar FSW joints

	2.3 Computational Thermodynamics and Kinetics
	2.3.1 Shercliff-Ashby process modeling
	2.3.2 Kinetics of particle coarsening
	2.3.3 Phase field modeling
	2.3.4 Supporting tools

	2.4 Summary

	Chapter 3  Experimental and Numerical Methods
	3.1 Materials
	3.2 Friction Stir Welding Procedure
	3.3 Sample Preparation
	3.4 Heat Treatments
	3.5 Electron Microscopy
	3.5.1 Basics

	3.6 Mechanical Testing
	3.6.1 Microhardness measurements
	3.6.2 Tensile Testing

	3.7 X-ray Techniques
	3.7.1 WAXS line broadening to determine dislocation density
	3.7.2 Texture measurements

	3.8 Small-Angle X-ray Scattering (SAXS)
	3.9 Modeling Methods
	3.9.1 Process modeling for age-hardening of aluminum alloys
	3.9.2 The process model for thermal cycles
	3.9.3 Phase-field model for Ostwald ripening

	3.10 Summary

	Chapter 4  Results and Analysis
	4.1 Materials characterization prior to welding
	4.1.1 Microstructure
	4.1.2 Mechanical Properties

	4.2 As-Welded Material
	4.2.1 Welding temperature measurements
	4.2.2 Microstructure
	4.2.3 Mechanical Properties
	4.2.4 Shercliff-Ashby precipitation model analysis

	4.3 Post Weld Heat Treatments
	4.3.1 Ex-situ characterization of post weld heat treated weld at 180  C
	4.3.2 In-situ microstructure response to post weld heat treatment at 180  C
	4.3.3 Phase Field modeling of in-situ PWHT at 180  C


	Chapter 5  Discussion: Understanding the effect of thermal cycles on the evolution of a microstructure at different length scales
	5.1 Macroscopic Scale: Understanding the effect of thermal cycles on the hardness of dissimilar friction stir weld of an age-hardenable aluminum alloys
	5.2 Microscopic Scale: understanding the microstructural changes through the weld zone
	5.2.1 Dislocation-obstacle analysis of a stir zone microstructure in FSW of dissimilar age-hardenable aluminum alloys
	5.2.2 PWHT kinetics of the AA7075 GPZ/(′ precipitate microstructure in a dissimilar FSW

	5.3 Mesoscopic scale: Microstructural evolution and kinetics of Ostwald ripening using phase field approach
	5.4 Length scale bridging

	Chapter 6  Conclusions and Suggestions for Future Work
	6.1 Main Outcomes
	6.2 Future work

	References
	Appendix
	A.1 Parameters for phase field simulation
	A.2 Low-temperature Tensile Testing Procedure
	A.3 Analysis of Strain Rate Change Data
	A.4 Analysis Method for SAXS Data


