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Abstract
Densification behaviour and mechanical properties (hardness, fracture toughness
and flexural strength) of the SiC-TiC composite system were studied. Pressureless
sintering experiments were conducted on samples containing 0 to 30 vol % TiC created
through an in-situ reaction between TiO2 and C:
.
Sintering of the compacts was carried out in the presence of Al2O3 and Y2O3 sintering
additives which promoted densification at sintering temperatures ranging from 1825 to
1925°C.
It was determined that the presence of synthesized TiC particles served to
effectively toughen the composite through crack deflection, impedance and bridging. An
increase in fracture strength and hardness was also observed. Densities in excess of 98 %
theoretical density were achieved depending on the sintering conditions and volume
fraction of TiC phase.
The SiC grain size and morphology was analyzed as a function of TiC volume
fraction. The presence of TiC particles in the SiC matrix inhibited the exaggerated grain
growth of the SiC grains and activated additional toughening mechanisms. The SiC grains
were found to be roughly equiaxed with very fine TiC particles preventing significant
elongation.
The optimal sintering conditions for room temperature mechanical properties
required slow heating through the reaction zone (1300 to 1520°C) followed by a 1 h
dwell at 1885°C. At this temperature, the maximum flexural strength of 566 MPa was
measured in samples containing 5 vol % TiC. Conversely, a maximum fracture toughness
i

of 5.7 MPa·m0.5 was measured in samples containing 10 vol % TiC sintered at 1900°C.
The hardness was shown to increase very little, from ~19.8 GPa in the monolithic SiC
samples to 20.1 GPa in samples containing 5 vol % TiC. A theoretical analysis was
conducted to model the effect of porosity and grain morphology on the mechanical
properties of the SiC matrix and was experimentally verified.
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Chapter 1
Introduction
Silicon carbide (SiC) is an attractive structural ceramic due to its unique
combination of thermo-mechanical properties such as high hardness, wear and oxidation
resistance, excellent thermal conductivity, low coefficient of thermal expansion and low
density. In particular, the material’s ability to retain high strength and hardness at
temperatures exceeding 1500°C allow SiC to be used as a material for heat exchangers,
automobile parts, electric systems, heating elements, nuclear fuel elements, seals and
ballistics armour [1].
Due to the high percentage of strong covalent bonds between Si and C atoms,
diffusion rates in SiC are low [2]. Therefore, SiC cannot be pressurelessly sintered to high
density without the use of sintering aids even at temperatures approaching 3000°C [3].
The first successful pressureless sintering of SiC was reported by Prochazka [4] in 1974
using small additions of B and C. Pressureless sintering of SiC in the presence of these
additives occurs through solid state diffusion processes which requires temperatures
greater than 2100°C and times greater than one hour. A major problem with this
technique is the abnormal grain growth of SiC, detrimental to the mechanical properties
[5, 6].
Over the last 25 years, significant progress has been made in determining the
appropriate combination of sintering aids to increase the rate of densification for SiC at
lower temperatures. While nearly fully-dense SiC can be produced using additives and
expensive techniques such as hot-isostatic pressing, it was found that pressureless

1

sintering of SiC can be achieved at temperatures below 2000°C in the presence of liquidphase forming additives such as Al2O3, Y2O3, Al2OC and TiO2 [7-11]. This method is
beneficial in lowering the costs of production, increasing the rate of sintering and the
resulting ability to produce complex-shaped samples [12].
Despite improvements in the synthesis techniques of SiC, its application as a
structural ceramic has been limited by the relatively low fracture strength and toughness
when compared to other structural materials. The low fracture toughness of SiC ceramics
translates to a propensity for catastrophic failure initiating at defects which can form
during sintering or machining. SiC containing a moderate volume fraction of dispersed
titanium carbide (TiC) has been shown to display improved flexural strength, fracture
toughness and hardness [13, 14]. Although the addition of TiC to SiC imparts higher
mechanical properties, the traditional production method, requiring high pressures and
temperatures, make the material commercially un-attractive.
The aim of the present study was to determine the effect of TiO2 and C additions
on the density and mechanical properties of pressureless sintered SiC. Based on the
affinity of Ti for C, it is expected that TiC will form in-situ during heating to the sintering
temperature. This in-situ formation of TiC will occur between 1300 and 1520°C
according to the following reaction [3]:
.

(1.1)

Formation of TiC by this method will serve to produce ultra-fine, well-dispersed
particles within the SiC matrix. It is expected that the presence of these particles will
improve the material’s mechanical properties over monolithic SiC due to the activation of
toughening mechanisms associated with two-phase ceramic composites [15]. The volume

2

fraction of post-reacted TiC within the SiC ceramic was controlled by varying the amount
of TiO2 and C within the green compacts. For this study, several compositions containing
up to 30 vol % post-reacted TiC were prepared with a 10 wt % mixture of Al2O3 and
Y2O3 to promote liquid-phase sintering and rapid densification at temperatures between
1825 and 1925°C.
To the best of the author’s knowledge, this is the first reported systematic study on
the sintering and mechanical properties of in-situ formed TiC-SiC composites.

3

Chapter 2
Literature Review
2.1

Properties of Silicon Carbide and Titanium Carbide

2.1.1 Crystal Chemistry of Silicon Carbide
Silicon carbide (SiC) is known to exist in many different polytypes [16], with a
simple short-range tetrahedral structure consisting of a carbon (C) atom situated above a
triangle of silicon (Si) atoms and below a Si atom belonging to the next layer (Fig. 2.1).
The long-range structure consists of successive planes of tetrahedra in either a parallel or
anti-parallel arrangement (Fig 2.2). For all SiC polytypes, the lattice spacing between
neighbouring Si atoms is approximately 0.308 nm [17]. The C atom is positioned at the
centre of the tetrahedron, equidistant (0.189 nm) to the four adjacent Si atoms (Fig 2.1).

"
!

#$

!

Figure 2.1

Model structure of a tetrahedral SiC unit [18].
4

The aforementioned parallel or anti-parallel arrangement of layers gives rise to the
two most common polytypic structures of SiC: the cubic zinc blende and the hexagonal
wurzite structure, respectively [16]. The cubic modification is known as β-SiC, which has
an ABCABC sequence of planes (Fig 2.3 (a)). Conversely, the hexagonal wurzite
structure, more commonly referred to as α-SiC, has several variations with an ABAB
stacking sequence (Fig 2.3 (b)). To date, over 250 crystalline forms of SiC have been
identified and can be described using the Ramsdell notation [19, 20]. Of these, five forms
- 2H, 3C, 4H, 6H and 15R - are the most common SiC polytypes, with all other polytypes
deriving from a combination of these [17].

Figure 2.2
(a) Two-dimensional arrangement of tetrahedral, (b) parallel arrangement
of tetrahedral planes and (c) anti-parallel arrangement of tetrahedral planes [16].
5

Figure 2.3

Model structures of (a) β-SiC and (b) α-SiC [18].

The β-SiC modification is stable at low temperatures and undergoes an
irreversible transformation to α-SiC at temperatures above ~1800°C [21]:
.

(2.1)

Mulla and Krstic [7] showed that this transformation could be used to tailor the
material’s microstructure during liquid-phase sintering. Compacts sintered from β-SiC
starting powders typically display an elongated grain structure due to the β to α
transformation, leading to improved toughness, while the use of α-SiC starting powder
promotes higher sintered densities and an equiaxed grain structure [22].

6

2.1.2 Crystal Chemistry of Titanium Carbide
Titanium carbide (TiCx) exists as a homogeneous phase within the limits of 0.47 <
x < 1.0 [23]. Unlike SiC, TiCx (henceforth referred to as TiC) is a material with a nonstoichiometric composition. The properties of TiC, including crystal structure,
thermodynamic and mechanical properties, are dependant on the composition (i.e. the
value of x). It is, however, well accepted that the lattice structure of TiC is the simple
face-centred-cubic rock-salt structure (Fig. 2.4), with an average reported lattice spacing
of ao = 0.433 nm [23, 24]. Several investigations [25-27] of the crystal structure of TiC
have observed a decrease in ao with decreasing carbon content (Fig. 2.5 (a)). Furthermore,
the heat of formation of TiC is a function of x (Fig. 2.5 (b)), where decreasing carbon
content results in a shorter lattice length and higher energy bonds [23].

Figure 2.4

Crystal structure of TiC (Adapted from [23]).

7

Figure 2.5

Variation in (a) lattice parameter and (b) enthalpy of formation for TiCx
with respect to stoichiometry [23].

8

2.2

Applications of SiC
Applications of SiC ceramics have expanded over the last three decades, owing to

its unique combination of thermo-mechanical properties: high hardness, excellent
chemical inertness, good thermal stability (decomposition at approximately 2400°C) and
high wear and abrasion characteristics. Improvements in the strength and fracture
toughness of SiC have further stimulated interest for use in a number of industries.

(a)

Thermal components
The need for improved performance in high-temperature environments lead to the

development of SiC ceramics to replace metallic heat-exchanger components. New
systems operating with SiC can function at temperatures over 1000°C and pressures
greater than 1.7 MPa, with efficiencies previously unattainable by its metal counterparts
[28-30]. The higher efficiencies are possible due to the higher thermal conductivity of SiC
over other ceramics.
Further interest in the application of ceramics in thermal components stems from
the possibility for higher operating temperatures and therefore increased thermal
efficiency. Over the last 25 years SiC has been a leading candidate for these applications
because of its high-temperature properties and lower specific weight by comparison with
niobium-based super-alloys [15, 29]. To date, SiC has been successfully used in gas
turbine engines for combustor liners, stator vanes, rotors and liners for gas flow passages
[31]. Additional thermal applications of SiC include furnace components, aerospace
applications, nozzles and high-temperature strength testing apparatus’.
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(b)

Abrasion- and corrosion-resistant components
Many industrial applications require materials with a wide range of properties

including high strength, corrosion-, abrasion- and thermal-shock resistance. The excellent
wear and corrosion resistance of SiC has allowed it to be used in critical wear
applications such as mechanical seals, pump components and valves. Caustic
environments typical of mineral and chemical processing, oil refineries and mines are
highly demanding. For these applications, it has been shown that SiC can perform more
efficiently and last significantly longer than the standard tungsten carbide (WC)
components (Table 2.1). In addition, SiC has also been used to produce blast nozzles,
journals and bearing components.
Table 2.1 Lifetime of mechanical seals made of SiC and WC (alkali slurry) [32].

(c)

Lifetime (h)

Slurry Concentration
g/L

Temperature
(°C)

SiC

WC

0.01

70

24200

4000

0.1

93

8400

4000

Ballistics armour
Advances in modern warfare technology have demanded improvements in

personal body armour and light-vehicle protection. SiC, when integrated with optimized
composite backing structures, has demonstrated excellent resistance to high-velocity
projectiles due to its exceptional compressive strength, high hardness and elastic
modulus. Furthermore, the driving force for greater vehicle and infantry mobility is well
complimented by the low specific density offered in SiC ceramics [33, 34].
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(d)

Electrical components
SiC has become an emerging material for applications in electronics. Owing to its

high thermal conductivity, higher electric field breakdown strength and intrinsic band-gap
properties, SiC is a promising candidate for high-powered, high temperature
semiconductor devices. The current long-term trend in computing, as described by
Moore’s Law [35], predicts an exponential growth rate for the integrated circuit (IC). In
the past decade this growth has lead to a large push for component minimization and
increased computing power. SiC has gained interest as a substrate material because of its
ability to rapidly conduct heat away from the temperature-sensitive IC as well as its
thermal expansion coefficient close to silicon [36].

2.3

Sintering of SiC
Sintering is the process by which crystalline or noncrystalline powders are

compacted and heated to a temperature sufficient to eliminate porosity and develop
mechanical integrity through bonding and coalescence of the constituent particles [37].
When thermal energy is applied to a powder compact, the particles bond together through
material diffusion and mass transport kinetics [38]. The overall driving force for sintering
is the reduction of excess surface energy through the elimination of solid-vapour
interfaces in favour of solid-solid (i.e. grain boundaries) interfaces. This free-energy
change gives rise to significant densification as pores shrink or are eliminated.
It is well known that fully-dense ceramic bodies can be obtained through the
application of external pressure by hot-pressing or hot-isostatic pressing. The associated
high costs of production and low throughput of ceramic bodies have made pressureless
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sintering a much more attractive technique. Pressureless sintering occurs without the
application of external pressure and is preferred for its ability to produce complex-shaped
components at significantly lower costs [39].
Due to the strong-covalent bonds in SiC, diffusivity of Si and C atoms is low even
at temperatures as high as 2500-3000°C. In order for sintering to proceed, two key
conditions must be met: diffusion of atoms must be sufficiently high and the energy of
newly formed grain boundaries must be sufficiently low so as to cause a decrease in the
system’s free energy [40]. Tanaka [40] determined that sintering is successful if the ratio
of surface energy (γSV) to grain boundary energy (γSS) is less than 0.7. Uemura et al. [41]
determined that pure SiC has a γSV : γSS ratio of 0.99 due to the aforementioned covalent
bonding. Therefore SiC cannot be sintered to high density without the use of sintering
aids which serve to increase diffusivity and reduce γSS.
The sintering processes can be divided into two main categories: solid state
sintering and liquid phase sintering. Solid state sintering occurs when the compacted
powder is consolidated at sintering temperature by a process of solid state diffusion. Solid
state sintering of SiC is performed at temperatures up to 2200°C with small additions of
B, Al and C as additives [4, 42]. In order to reduce sintering temperature below 2000°C,
oxide additions such as Y2O3, Al2O3, Al2OC, TiO2 and AlN are used. These sintering
aids, in conjunction with available SiO2 from the surface of the SiC particles, serve to
form the liquid phase that acts as a vehicle for mass transfer and uniform densification [7,
37, 43]. Liquid phase sintering will be discussed in greater detail, as it was the method
employed in this work.
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2.3.1 Liquid Phase Sintering
By definition, liquid phase sintering requires one or more components in the
powder compact to melt. When the liquid phase forms, it coats or wets the solid particles,
resulting in strong capillary forces which promotes densification by pulling the grains
together. This capillary force can be expressed as [37]:
P =

γLV
ρ

(2.2)

where P is the capillary force, γLV is the liquid-vapour interfacial energy and ρ is the
radius of curvature (Fig. 2.6). Brinker and Scherer [44] determined that capillary
pressures as high as 150 MPa can be achieved when the pore diameter is approximately 4
nm as compared to an external pressure of approximately 30 MPa, typically used during
hot-pressing.

ρ
Particle

Particle
δ

r

Liquid
Particle

Figure 2.6

Spherical particles under liquid capillary pressure (Adapted from [37]).
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During liquid phase sintering, three distinct and overlapping stages take place.
They are particle rearrangement, solution-reprecipitation and coalescence and coarsening
(Fig. 2.7)

SiC

Mixed Powders

additives
space

SiC

Particle Rearrangement

liquid phase
pore

Solution Reprecipitation

Coalescence and Coarsening

Figure 2.7

Conceptual stages of liquid phase sintering.
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(i)

Particle rearrangement
Before firing, the powder compact typically displays a green density between 40

and 50% of the theoretical limit. The mixed, pressed powders are heated to a temperature
sufficiently high to form the liquid phase. During this initial stage of sintering, the
densification rates are very high owing to the capillary forces rearranging the solid
particles into a relatively stable, maximum packing arrangement. The rate of
densification, as a function of shrinkage, can be expressed as [37]:
(2.3)
where ΔL/L0 is the linear shrinkage, ΔV/V0 is the volume shrinkage, t is the sintering time
and A and y are constants. The time required for completion of this stage was
experimentally determined by Kang [45] and is estimated to be very fast, on the order of a
few minutes.

(ii)

Solution-reprecipitation
During the second stage, particle rearrangement is dominated by solution-

reprecipitation. The liquid phase is now distributed between the solid particles, filling the
pore space and become a vehicle for solid matter transport. Small solid particles may
dissolve into the liquid phase and reprecipitate at larger particles, resulting in increased
grain size and densification [37].
The driving force for diffusion and reprecipitation is the pressure gradient created
by the strong capillary forces. As dissolved atoms diffuse through the liquid, they
reprecipitate at areas with lower pressure and therefore lower solubility [15]. This
material transfer leads to particle centres growing closer together resulting in shrinkage
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and densification. Further grain growth and shape changes enhance material packing and
particle consolidation [46]. The rate of densification during this stage is much slower than
the rearrangement stage (Fig. 2.8), and the shrinkage follows the equation [37]:
�
�
4 1
∆L
1 ∆V
12δDCγLV VM
= ·
−
· r− 3 t 3
L0
3 V0
RT

(2.4)

where δ is the width of the liquid film between the grains, D is the diffusion coefficient of
the substance, C is the solubility of the solid in the liquid, γLV is the liquid-vapour
interfacial energy, VM is the molar volume, R is the gas constant, T is the absolute
temperature, r is the particle radius and t is the sintering time. The solubility, C, can be
determined from [37]:
C = C0 exp

�

θVM 2γLV
RT ρ

�

(2.5)

where C0 is the equilibrium solubility of the solid in the liquid, θ is a geometry dependant
constant and ρ is the meniscus radius (Fig. 2.6).
Following partial densification, the liquid mostly surrounds the grains and acts as
the grain boundary for rapid mass transport. Assuming the material transport occurs by
solid particles of spherical geometry, the solubility of the particle in the liquid phase is
described by the equation [37]:
C = C0 exp

�

VM 2γSL
RT r

�

(2.6)

where γSL is the solid-liquid interfacial energy and r is the radius of the spherical particle.
Grain growth is therefore shown to be a function of solubility and particle size, as smaller
particles will have higher solubility than larger ones by definition [37]. As a result, small
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grains dissolve into the liquid phase and reprecipitate at larger grains such that the
boundaries are flattened and the compact becomes more densely packed.
The densification rates during sintering are given in Figure 2.8. As shown, the rate
of densification is the highest during the particle rearrangement stage, resultant from the
newly created liquid phase which strongly pulls particles together and eliminates the
relatively high starting porosity. As the density increases, the rate of densification will
decrease since the pores channels are closing, causing the elimination of trapped gases to
become more difficult. The lowest densification rate occurs during the final stage of
sintering.

Coalescence and coarsening

Solution-reprecipitation

Particle rearrangement

Figure 2.8

Densification curve for the three stages of liquid phase sintering [38].
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(iii)

Coalescence and coarsening
Grain growth and further densification continues by solution-reprecipitation until

the mean grain separation is minimized. Often, especially during sintering of SiC with
oxide additions, gases form due to reactions between the liquid phase and solid particles.
Most of the generated gas escapes the compact with some remaining trapped inside the
pores. The density of the sintered compact therefore depends on the pore characteristics
(size, shape, volume of trapped gas) [47]. German [38] described the densification rate
during the final stage of sintering as:

df
12δDCΩ
ξ
=
·
2
dt
kT G
1+ξ

�

4γLV
− PP
dp

�

(2.7)

where f is the density, t is the sintering time, Ω is the atomic volume, k is Boltzmann’s
constant, G is the solid grain size, dp is the pore diameter and PP is the gas pressure within
the pore. ζ is a dimensionless term given by:

ξ=

π
· NV G2 Dp
6

(2.8)

where NV is the number of pores per unit volume.
Fast densification during the final stage therefore occurs when the pore size (dp) is
small and gas pressure within the pore (PP) is low. Chiang et. al [48] determined that
these characteristics are related and in competition:
PP =

4γLV
dp .

(2.9)

The corollary of Eq. 2.9 is that as the pore diameter decreases, the gas pressure within the
pore will increase. As microstructural coarsening proceeds, remaining pores begin to
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shrink and therefore require fast diffusion of the trapped gasses to promote low pressure
within the pore.
During the final stage of liquid phase sintering, material transport occurs mainly
within the solid phase and therefore densification kinetics are identical to solid state
sintering. As shown in Figure 2.8, the densification rate during the final stage of sintering
is very low, owing to the low diffusion rates associated with solid state mass transfer.
Coalescence of grains due to exaggerated growth occurs during prolonged final stage
sintering, degrading the mechanical properties of the sintered compact [49, 50]. In
general, short sintering times and low sintering temperatures are preferred in practice.

2.3.2 Conditions for Liquid Phase Sintering
Four essential requirements must be achieved for successful liquid phase sintering
to occur: (i) there exists an appropriate amount of liquid phase, (ii) the solid particles have
an appreciable solubility within the liquid phase, (iii) the liquid phase must wet the
particles and (iv) the liquid phase must have low viscosity.

(i)

Volume fraction of the liquid phase
It is well known that an appreciable amount of liquid phase is required for

successful densification to occur. As the volume fraction of liquid phase increases, the
ease and rate of densification during stages one and two (particle rearrangement and
solution-reprecipitation) also increases. However, too much liquid phase may make the
mixture too fluid to hold its shape, causing compact slumping under the force of gravity.
An appropriate amount of liquid phase is therefore essential to avoid compact
deformation.
19

(ii)

Solid particle solubility
Solubility during liquid phase sintering exists in two forms: liquid solubility in the

solid and solid solubility in the liquid. For efficient liquid phase sintering, it is important
that the solid solubility is high and the liquid solubility is low. As shown in Eq. 2.4,
shrinkage during solution-reprecipitation is a function of the solid solubility in the liquid,
denoted by C. A high value of C leads to rapid mass transport through the liquid phase,
smoothing of surfaces, rounding of edges and corners and particle sliding due to
lubrication [31]. Conversely, a high liquid solubility in the solid may lead to a transient
liquid phase and high porosity.

(iii)

Wetting of solid particles
An essential condition for effective densification in the presence of a liquid phase

is the wetting of the solid particles by the liquid; wetting occurs due to the attractive
forces of secondary atomic bonds, such as Van der Waals bonds. In the early stage of
sintering, the compact consists of three distinct phases: solid, liquid and vapour (Fig. 2.9
(a)). Wetting is described by the contact angle (θ), which is representative of an
interfacial energy balance between the three phases, expressed as:
cos θ =

γSV − γSL
γLV

(2.10)

where γSV, γSL and γLV are the solid-vapour, solid-liquid and liquid-vapour interfacial
energies, respectively.
A low contact angle corresponds to good wetting and high capillary forces leading
to efficient densification. As noted in Section 2.3, the overall driving force for sintering is
the reduction in free surface energy. It is clear from Eq. 2.10 that this driving force is high
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when γSV is high and γSL and γLV are low. In this case, the liquid tends to cover the solid as
it seeks to decrease the highest source of free energy – the solid-vapour interface.
During the latter stages of sintering, after pore channels have formed, the
microstructure is dominated by solid and liquid phases (Fig. 2.9 (b)). Wettability is then
described by the dihedral angle, ϕ, related to the interfacial energies as [51]:
cos

φ
γSS
=
2
2γSL

(2.11)

where γSS is the solid-solid interfacial energy. This angle affects both the liquid and solid
(grain) shapes and therefore will affect the kinetics of mass transport. For a low dihedral
angle, diffusion is assisted by penetration of the liquid phase between solid particles. As
demonstrated in Eq. 2.11, for a γSS : γSL ratio greater than or equal to two, the value of ϕ
approaches zero and solid particles are completely separated by the liquid phase. As a
consequence, diffusion rates are high and densification occurs rapidly.

(iv)

Viscosity of liquid phase
As previously discussed, liquid phase penetration between the particles is essential

for particle rearrangement to occur. The rate of penetration is dependant on the viscosity
of the liquid phase; low viscosity corresponds to a high penetration rate and therefore
rapid densification. On average, the presence of a viscous liquid phase can increase the
diffusion coefficient (Eq. 2.4) by as much as two to three orders of magnitude when
compared to solid phase diffusivity of the same material. In the final stages of sintering,
viscous flow further increases the compact density by filling pore channels and triple
junctions.
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Figure 2.9
Contact angles. (a) The contact angle (θ) in the solid-liquid-vapour
equilibrium and (b) the dihedral angle (ϕ) in the solid-solid-liquid equilibrium [38].

2.3.3 Sintering Aids for Pressureless Sintering of SiC
Because pure SiC powder is non-sinterable, extensive studies have been
conducted to find appropriate sintering aids for densification at lower temperatures. The
first successful solid state sintering of a monolithic SiC was performed by Prochazka [4]
using small additions of B and C. Further research into the solid state sintering of SiC
with B and C revealed the optimal additive levels to be approximately 1.5 wt % C and
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0.2-0.4 wt % B [4, 42]. Both B and C were shown to reduce the solid-solid interfacial
energy at the grain boundaries and promote diffusion of SiC [52, 53].
The major issue associated with B and C as sintering aids is that high sintering
temperatures (over 2050°C) are required, frequently resulting in abnormal SiC grain
growth detrimental to the mechanical properties. Further problems arise from chemical
reactions which are likely to occur at sintering temperatures [40]:
SiO2 + C → SiO + CO

(2.12)

2B + 3CO → B2 O3 + 3C

(2.13)

B + CO → BO + C .

(2.14)

This sequence of reactions results in the formation carbon monoxide (CO) gas and the
dissipation of some B in a vapour phase. Given the small range of B additions (0.2-0.4
wt %) for successful sintering to occur, any losses would be unfavourable for
densification. The difficulty in obtaining SiC powder free of surface oxygen coupled with
a push to sinter at lower temperatures lead to studies into the sintering of SiC in the
presence of a liquid phase.

2.3.3.1 Yttria-Alumina Sintering Aids System
Alumina (Al2O3) and Yttria (Y2O3) are important structural ceramics for high
temperature applications [54]. The simultaneous use of Al2O3 and Y2O3 for liquid phase
sintering of SiC was first accomplished in 1982 [55]. The study established that SiC could
be pressureless sintered to approximately 97 % theoretical density (TD) at 2100°C with
4.3 wt % Al2O3 and 8.1 wt % Y2O3. The most extensive research on densification of SiC
with the Al2O3-Y2O3 system was conducted in 1988 by Omori and Takei. They found that
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densification of SiC powder begins around 1600°C and that the compact density increases
with temperature until 2000°C. At temperatures exceeding 2000°C, the density was
shown to decrease due to vapourization of reaction products [56].
The most significant contribution to the science of sintering SiC with Y2O3 and
Al2O3 was made by Mulla and Krstic who successfully sintered SiC to over 97 % TD at
temperatures as low as 1850°C [7]. The study found that both the amount of additives
(oxides) and the ratio of Y2O3 to Al2O3 have a significant effect on density. For example,
a minimum 8 wt % of total oxide additions is required to create an appreciable amount of
liquid phase to sufficiently wet the SiC particles. Furthermore, an increase of Y2O3
concentration leads to an increase in liquidus temperatures giving rise to improved
viscosities at the sintering temperature.
According to the Al2O3-Y2O3 phase diagram (Fig. 2.10), additive mixtures with
levels of Al2O3 greater than 43 wt % have the lowest eutectic point therefore resulting in
fast densification. In systems with large quantities of Al2O3, however, reactions between
SiC and alumina lead to the production of volatile gases and losses within the liquid
phase, as given by the equation [57]:
SiC(s) + Al2 O3 (s) → SiO(g) + Al2 O(g) + CO(g) .

(2.15)

These generated gases tend to fill pore space and inhibit densification.
Reactions between SiC and Y2O3 can also occur, but tend to activate at
temperatures outside of the optimal sintering range. A possible reaction between these
two components is given by the following [15]:
SiC(s) + Y2 O3 (s) → SiO(g) + Y2 O(g) + CO(g).
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(2.16)

Weight loss due to volatilization (Eq. 2.15) was shown to decrease when the volume
fraction of Al2O3 in the system decreased indicating that Y2O3 does not significantly
contribute to reactions with SiC [58].

Figure 2.10

Al2O3-Y2O3 phase diagram [59].

Studies conducted in the last 15 years reveal that the optimum level of Al2O3 in
the Al2O3-Y2O3 mixture is approximately 43 wt %, resulting in minimized weight loss
and higher observed densities in sintered samples [60-62]. From the Al2O3-Y2O3 phase
diagram (Fig. 2.10), mixtures containing 43 wt % Al2O3 result in a compound called
Yttrium-Aluminum-Garnet (YAG), which can be written as 3Y2O3:5Al2O3. Sintering of
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SiC in the presence of a Al2O3-Y2O3 based liquid phase begins at temperatures as low as
1600°C. Formation of a liquid phase at this temperature is lower than the lowest eutectic
temperature in the Al2O3-Y2O3 phase diagram (1760°C). Mulla and Krstic [7] argued that
the creation of an Al2O3-Y2O3 eutectic liquid phase is enhanced by the naturally occurring
silica (SiO2) on the surface of SiC particles.
Commercially available SiC powders contain between 1 and 2 wt % SiO2
adsorbed at the surface of the SiC particles [63]. The Al2O3-Y2O3-SiO2 phase diagram
(Fig. 2.11) confirms that even a small amount of SiO2 is sufficient to form a liquid phase
at temperatures as low as 1750°C. Using 1–2 wt % of adsorbed surface SiO2 as a
benchmark, however, it can be shown that for sintering of monolithic SiC with 10 wt %
oxide additives, the SiC powder can contain up to 1.8 wt % SiO2 calculated per total
weight of the compact. This amount translates to roughly 15.2 wt % of SiO2 in the Al2O3Y2O3-SiO2 system, which has a melting point of approximately 1650°C. This is much
lower than the melting point of a composition without SiO2, and will serve to further aid
densification and lower the required sintering temperature [15].
As discussed in Section 2.3.2, the amount of additives within the mixed powder is
critical. Mulla and Krstic [7] found that 10 wt % Al2O3-Y2O3 additives containing 43
wt % Al2O3 resulted in densities higher than 97 % TD after sintering at temperatures
between 1850 and 1900°C.
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Figure 2.11

2.4

Equilibrium phase diagram of the Al2O3-Y2O3-SiO2 system [59].

Microstructure and Mechanical Properties of SiC Sintered with
Al2O3-Y2O3
The properties of SiC ceramics strongly depend on the sintering conditions.

Furthermore, as demonstrated, the volume fraction of sintering aids and their relative ratio
will determine the density and chemical composition of the grain boundary phase. Other
factors, including the amount of liquid phase, heat treatment and sintering time, will
influence the grain size and microstructural morphology.
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2.4.1 Grain Boundary Phases
Upon cooling from the sintering temperature, the liquid phase crystallizes. For the
Al2O3-Y2O3 additives system containing ~43 wt % Al2O3, Figure 2.10 predicts
crystallization of the YAG phase (3Y2O3:5Al2O3). Reactions between SiC and Al2O3
result in inevitable weight loss, thereby decreasing the volume fraction of Al2O3 in the
liquid phase. In addition to crystallization of the YAG phase, a 2:1 phase (2Y2O3:Al2O3)
also crystallizes at the grain boundaries. The creation of this 2:1 phase is a direct
consequence of the weight loss associated with SiC + Al2O3 reactions (Eq. 2.15).
Other crystalline phases, such as Y2O3:SiO2 and Y2O3:2SiO2, have also been
found, however, in most cases the silica ends up in a glassy phase formed due to
incomplete crystallization of the liquid phase [64-66]. Partial recrystallization is attributed
to tensile stresses generated during cooling. The thin layer of remaining liquid phase
located between the newly crystallized phase and SiC grains is exposed to the highest
stress and therefore cannot crystallize [67]. The glassy phase, which forms as a result, can
be considered solid with the structure of a liquid [68]. Furthermore, no significant volume
change accompanies the liquid-glass transition and therefore the glassy phase will remain
strongly bonded to both the SiC and crystallized inter-granular phase. Kim et al. [69]
determined the thickness of this glassy inter-granular layer to be on the order of a few
nanometres. The glassy-phase was also shown to be highly beneficial to the mechanical
properties of SiC as it can activate toughening mechanisms such as crack bridging and
crack deflection [70].
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2.4.2 Strength
For ceramics, porosity is typically the microstructural defect which controls
strength and Young’s modulus. It is well known that most ceramics contain pores even in
solids produced by high temperature-pressure techniques (HP or HIP). The strength of a
defect free material is given by [71]:
c
σmax

=

�

EγS
a0

� 12

(2.17)

where E is the Young’s modulus, γS is the thermodynamic surface free energy and ao is
the interatomic spacing. Using known values for SiC (E = 500 GPa, γS = 4 J/m2 and a0 =
0.308 nm) yields a σCmax ~ 25.5 GPa [31]. In practice, however, SiC exhibits much lower
measured strength as compared to the theoretically predicted value due to the presence of
defects such as micro-cracks and porosity. Griffith [72] derived an equation for the
strength of a material with an elliptical crack of half-length C:
σf =

�

2γef f E
πC

� 12

(2.18)

where γeff is the effective fracture energy (J/m2) generated by the creation of two surfaces.
For a material containing an imbedded penny-shaped crack, the equation becomes [73]:
σf =

�

πγef f E
2(1 − ν 2 )C

� 12

(2.19)

where ν is the Poisson’s ratio.
The effective fracture energy is given by [74]:
γef f

�
�
2
1 − ν2
KIC
=
2E
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(2.20)

where KIC is the fracture toughness. Combining Eqs. 2.19 and 2.20, it is possible to
develop a correlation between fracture strength, fracture toughness and crack size:
σf =

�

2
KIC
π
4C

� 12

(2.21)
.

It is therefore possible to determine the critical crack size (2C) using experimentally
determined values for fracture strength and fracture toughness. In practice, however, the
calculated critical crack size is larger than the observed pores within the material. This
discrepancy was resolved by Bowie [75] who introduced the concept of radial cracks
emanating from the pore surface. In almost all circumstances, pores within a material do
not have smooth surfaces, but rather contain flaw-like features. Under applied external
loads, these flaws act as stress-concentrators and can propagate as cracks (Fig. 2.12).
The Bowie model only considers very small, radial cracks emanating from the
pore surface to be responsible for crack propagation and fracture. However, flaw sizes are
typically comparable or larger than the pore size, and therefore must be included in the
total length of a crack responsible for fracture. The Krstic model [76] unified this fact by
including both the annular flaw size and the pore size as an integral part of the crack
length responsible for fracture.
Based on the Krstic model [76], for the geometry shown in Figure 2.12 the halfcrack length (C) is given by:
C = (R + s)

where R is the pore radius and s is the length of an annular flaw.
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(2.22)

σa
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s

Pore

Grain

σa
Figure 2.12

Pore-flaw configuration in a material subjected to an external stress [76].

For a solid containing porosity subjected to an external stress (σa), the presence of
pores is expected to decrease the fracture strength. The development of a relationship
between the pore size and strength of a solid is based on the porosity dependence of the
Young’s modulus (assuming a spherical pore and annular flaw configuration) [77]:
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where E0 is the Young’s modulus of a pore-free material and VP is the volume fraction of
pores. Combining Eq. 2.23 with a Griffith type energy balance criterion, the model for
porosity dependence on strength is [76]:

(2.24)
.
The constant, ϕ, is given by the equation:
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(2.25)
From the above equations it can be inferred that proper characterization of a
ceramic containing pores requires knowledge of not only the pore size and volume
fraction, but also the flaw size. The ratio s/R is expected to be high (i.e. inherent flaw size
>> pore size) for materials where the grain boundary is subjected to high stresses: multiphase materials with differing thermal expansion coefficients and single-phase
anisotropic materials [78–80]. Furthermore, many microstructural features are non-critical
in the absence of an applied stress but become factors when subjected to an external load.
Multi-phase polycrystalline materials often exhibit anisotropic properties. Krstic
[81] used a similar approach to derive an equation for the strength of an anisotropic solid
as a function of grain size. In his analysis, a second-phase grain with differing thermomechanical properties is inserted into a pore of diameter D (2R) surrounded by the
annular flaw of length s (Fig 2.13). Orientation of the grain is such that its axis of
minimum thermal contraction is aligned parallel to the surrounding grains axis of
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maximum thermal contraction. This orientation gives rise to a compressive stress within
the central grain and a tensile stress acting upon the surrounding grains. In a real solid,
random grain orientation could lead to the central grain being under tension and
surrounding grains under compression.

σa
2C
s

2R(D)

s

α max
α min
α max

σa
Figure 2.13

Grain-flaw configuration in a polycrystalline, anisotropic material
subjected to an external tensile stress [81].

A critical condition for crack initiation occurs when the applied stress is equal to
the fracture strength. In this case, the strength of an anisotropic solid is [81]:

σf =



 12

1 
πγef f E
 − P · φanis
�
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·
s
φa
φa
D 1+
(1 − ν 2 )
R
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(2.26)

where D is the grain diameter and P is given by the modified Selsing’s equation [82]:
P =

2E (αmax − αmin ) (Tmax − Tmin )
3 (1 − ν)

(2.27)

where αmax and αmin are the linear thermal expansion coefficients in the direction of
highest and lowest expansion, respectively; Tmax is the temperature from which the
sample was cooled to Tmin. ϕa and ϕanis are constants expressed as [81]:
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(2.29)

It is clear from Eq. 2.26 that the strength of an anisotropic polycrystalline material
depends on several microstructural factors: the grain size, flaw size and residual stresses
between grains generated upon cooling.

2.4.3 Toughness
Many studies have been conducted in order to advance the understanding of
toughening and strengthening mechanisms in SiC ceramics. Of particular interest is
improving the reliability of SiC for use in applications requiring retention of strength and
fracture resistance in thermal, caustic or electrical environments. It is well known that the
mechanical properties of ceramics depend strongly on the density, grain size and grain
morphology. Several studies [3, 70, 76, 83] have shown improvements to the strength and
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toughness of SiC through effective control of the microstructure via sintering conditions,
oxide additives and heat-treatment.
Sintering of SiC is normally performed at temperatures higher than the β-SiC to αSiC transformation. Sintered SiC bodies therefore consist predominantly of hightemperature α-SiC, regardless of the starting powder characteristics. α-SiC has a
hexagonal-close-packed (HCP) crystal structure, in which only three slip systems operate
[68]. Consequently, dislocation motion is impeded and the fracture toughness is much
lower than observed in metals which typically have at least five independent slip systems
and a cubic structure. Despite its high hardness, strength, wear resistance and Young’s
modulus, the widespread application of SiC ceramics as a structural material is prevented
by its relatively low fracture toughness. Significant efforts have been made to better
understand and improve the toughening mechanisms that are available to SiC.
The two most important mechanisms of toughening in self-reinforced SiC are
crack deflection and crack bridging. Whether or not either of these two mechanisms will
be operational depends on the relationships between second-phase inclusions, SiC grains
and the surrounding intergranular phase (YAG). Crack deflection arises whenever
interactions between the crack front and second phase particles produce a non-planar
crack propagation serving to reduce the stress intensity at the crack front [84]. Crack
bridging occurs when microstructural elements connect across the crack face to generate
closing forces [83, 85].

2.4.3.1 Crack Deflection
In liquid phase sintered SiC ceramics, an amorphous, silicate-based interface
measuring a few nanometres in thickness surrounds all particles. The strength of this
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interface is paramount to the activation of the above two toughening mechanisms. When a
material is subjected to an external tensile stress, it is known that the stress intensity at the
crack tip increases. Since the interface between the amorphous glassy-phase and SiC
grains is weaker than the SiC grains themselves the crack is able to deflect along the grain
boundary. For a critical condition of crack propagation (σa = σf), the crack is likely to
break the weaker glass-SiC interface and propagate along the grain boundary. Clearly,
self-toughening in SiC ceramics is dependant on the strength of the interface; it must be
strong enough to resist crack propagation, but weaker than SiC to allow deflection [86].
Following deflection, the orientation of the crack with respect to the loading
direction has changed (Fig. 2.14). The component of applied stress (σ(a)y) responsible for
crack opening becomes [15]:

σ(a)y = σa cos θd .

(2.30)

After the crack tip is reoriented, cos θd < 1 and the opening stress (σ(a)y) is lower than the
applied stress (σa) by definition. Therefore the stress intensity at the crack tip is reduced
leading to an observed increase in the fracture toughness.

(a)
Figure 2.14

(b)

Propagation of a crack due to an external tensile stress (a) before and (b)
after deflection due to interaction with a SiC grain [15].
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In addition to the interfacial strength, the grain morphology (shape and aspect
ratio) is known to affect the fracture toughness [81, 83]. Faber and Evans [87] developed
expressions for the contribution of crack deflection toughening in ceramic materials due
to the presence of spherical, rod and disc-shaped second phase particles (valid for small
additions). For spherical particles (Fig. 2.15), the resultant toughening by deflection is:
(KIC )sphere = Km (1 + 0.87Vp )

(2.31)

where Km is the fracture toughness of equiaxed matrix grains and Vp is the volume
fraction of spherical particles. Equivalent equations for rod and disc-shaped grains are:

(KIC )rod

�

�

� �
� �2 ��
l
l
= Km 1 + Vp 0.6 + 0.014
− 0.0004
d
d
�
� ��
l
(KIC )disc = Km 1 + 0.28Vp
d

(2.32)
(2.33)

where l and d are the length and diameter of the particles, respectively. From the above
equations it can be shown that improved toughening occurs when the second-phase
particles are elongated and have a high aspect ratio (l/d).

Figure 2.15

Typical deflection by (a) tilt and (b) twist of the crack front [87].
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2.4.3.2 Crack Bridging
In this mechanism, the toughening results from elongated grains bridging the
crack surface behind the crack tip. The use of β-SiC as a starting powder serves to
increase the volume fraction of elongated grains at the expense of densification. A model
for the fracture toughness increment by crack-bridging was proposed by Mulla and Krstic
[88]. According to their model, the stress intensity at the tip of a penny-shaped crack is
reduced due to bridging by rod-shaped elongated grains (Fig. 2.16), which serve to
impede the crack opening.

Figure 2.16

Schematic of the crack-bridging model by Mulla and Krstic [88].

Assuming that the elongated grains are uniformly distributed and aligned parallel
to the applied stress, the crack closure stress imposed by the elongated grains is:
σ =4·

�u�
d

τV
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(2.34)

where u is the pull-out length, d is the grain diameter, τ is the frictional shear stress and V
is the volume fraction of elongated grains. The crack-closure stress serves to decrease the
stress concentration at the crack tip. An equation describing the toughness of a ceramic
self-reinforced by elongated grains was developed by Krstic [83]:
KIC

�

�
4Eτ V u
l
= Km · (1 − V ) +
·
Km (1 − ν 2 ) d .

(2.35)

KIC therefore increases for a higher volume fraction of the reinforcement phase
with high aspect ratio. As previously discussed, the strength of the interface plays a role
in both crack deflection and crack bridging. According to Eq. 2.35, higher values of
interfacial shear strength (τ) give rise to better toughening. However, if the strength of the
interface is too high, the pull-out length (u) becomes too short, which reduces the number
of grains that participate in bridging (V) [88, 89]. Similar to crack deflection toughening,
the angle at which the crack front encounters an elongated grain is critical for successful
toughening by bridging [90, 91]. In SiC ceramics, for θ > 10°, elongated grains break in
the fracture plane without pull-out, and therefore do not contribute to toughening [92].

2.5

SiC-TiC Composites
SiC-based ceramics are known to be an attractive structural ceramic due to their

unique combination of thermo-mechanical properties such as high hardness, wear and
oxidation resistance, excellent thermal conductivity, low coefficient of thermal expansion
and low density (Table 2.2). However, they exhibit poor reliability due to low fracture
toughness which limits their widespread use in high stress environments. It is known that
incorporation of other non-oxide materials into the SiC matrix can improve the fracture
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toughness and strength. Carbides, nitrides and borides such as TiC and titanium diboride
(TiB2) have shown success in improving both the fracture toughness and strength of SiC
ceramics.
Table 2.2 Typical properties of SiC and TiC [93, 94].
Property
Density
(g/cm3)
Flexural strength
(MPa)
Hardness
(GPa)
Fracture toughness
(MPa·m1/2)
Young’s modulus
(GPa)
Thermal conductivity
(W/mK)
Thermal expansion coefficient
(°C-1)
Melting point
(°C)

SiC

TiC

3.21

4.93

550

--

17-25

20-32

3-5

3.8-7.5

400-430

450-480

60

17-31

4.16 x 10-6

7.40 x 10-6

2830

3160

TiC is a very effective toughening and strengthening material for SiC ceramics
[92]. Several investigations [13, 92, 95, 96] have shown that dispersion of TiC particles
improves the fracture toughness of SiC. Wei and Becher [13] determined that SiC
ceramics containing up to 24.6 vol % dispersed TiC increased the critical fracture
toughness by approximately 50 %. This improvement was attributed to the mismatch of
thermal expansion coefficients between SiC and TiC which generates a residual stressfield around the dispersed TiC particles during cooling from sintering temperature [13,
97]. As the composites cool, the TiC particles shrink faster than the SiC matrix creating a
tensile hydrostatic stress. Due to this stress-field, a propagating crack is likely to be
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deflected around the TiC particle, thereby increasing the fracture toughness. The
equation, which describes the hydrostatic stress-state induced during cooling, was
described by Selsing and is given as [82]:
P =

(αm − αp ) (T1 − T0 )
1 − 2νp
1 + νm
+
2Em
Ep

(2.36)

where the subscripts p and m represent the particle and matrix, respectively, P is the
hydrostatic stress, α is the linear thermal expansion coefficient, T1 is the minimum
temperature for plastic deformation, T0 is the final temperature after cooling and ν is the
Poisson’s ratio.
Since the TiC particles will therefore be under a tensile stress, it stands to reason
that the surrounding SiC matrix will be subject to a compressive stress, which can interact
with the crack tip stress field and affect the fracture toughness. Similarly, the fracture
toughness may further be enhanced by the difference in thermal expansion coefficients
between the SiC matrix and YAG phase (~8.0 x 10-6 °C-1).
This third possible toughening mechanism, termed crack impedance, in SiC
ceramics occurs in systems containing second-phase particles with a differing thermal
expansion coefficient than that of the matrix [98]. Khaund et al. [99] described the
additional stress concentration at the crack tip due to the presence of a thermally
mismatched spherical inclusion as:
∆KI = −0.47P

R3
r5/2

(2.37)

where P is the thermal mismatch stress given in Eq. 2.36, R is the particle radius and r is
the distance from the propagating crack. When the thermal expansion coefficient of the
particle is higher than that of the matrix, the value of ΔKI is negative, and therefore, the
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total stress concentration at the crack tip is locally reduced, leading to an increase in the
fracture toughness [98].
Despite improvements to the mechanical properties of SiC by addition of TiC,
fabrication of fully-dense SiC-TiC composites requires expensive techniques such as hotpressing. Furthermore, commercially available high-quality TiC powder is generally
available in large particle diameter (> 2-3 µm), while smaller diameter particles are
comparatively expensive. For composites prepared with large TiC particles, the driving
force for densification is reduced (see Sec. 2.3). It is expected that in-situ synthesized TiC
particles would be much finer (nanometre size) than commercially available TiC powders
therefore increasing the driving force for sintering.
Synthesis of the in-situ TiC particles would occur through a reaction between
TiO2 and C:
.

(2.38)

The microstructure developed through this reaction would lead to very fine, welldispersed TiC particles in the SiC matrix. The uniform dispersion is expected to provide
favourable conditions for crack deflection and crack bridging mechanisms to operate.
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Chapter 3
Experimental Procedure and Materials
3.1

Experimental Procedure
As discussed in Chapter 2, the use of SiC ceramics as a structural material is

limited by its relatively low fracture toughness and reliability during in-service
conditions. It has been shown that a moderate volume fraction of TiC dispersed in the SiC
matrix can improve the fracture toughness and strength of SiC [13]. However, one of the
major problems associated with SiC-TiC composites is the high cost of production due to
expensive processing techniques, such as hot-pressing, which require high temperatures
and external pressure [97]. It is therefore beneficial to develop a process for the
fabrication of high-density, pressureless sintered SiC-TiC composite ceramics.
The goal of this program was to determine the appropriate techniques for the
fabrication of in-situ reinforced SiC-TiC composites. In the present study, TiC particles
were synthesized during heating to the sintering temperature by a reaction between TiO2
and C. It was expected that the as-synthesized TiC particles would be very fine and
uniformly dispersed within the SiC matrix leading to toughening by crack deflection and
crack bridging. The experiments in this study were designed with the following
objectives:
(i)

To determine the optimal sintering conditions to achieve highdensity (> 95 % TD) in-situ synthesized TiC in SiC.

(ii)

To study the effect of TiC volume fraction on the density and
microstructure of SiC.
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(iii)

To develop a correlation between the observed microstructure and
the measured strength and toughness in order to elucidate the active
strengthening and toughening mechanisms in this system.

A schematic describing the experimental procedure is shown in Figure 3.1.

α-SiC
Powder

Al2O
Powder

Y2 O3
Powder

TiO2
Powder

C
Powder

Mixing of Powders

Drying and Screening

Uniaxial Pressing, 50 MPa

Isostatic Pressing, 230 MPa

Pressureless Sintering
1800 – 1925°C

Densification Analysis

Microstructural Analysis

Mechanical Properties

Correlation between Mechanical Properties and Microstructure
Figure 3.1

Schematic flow of experimental procedure.
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3.2

Materials
Commercially available high purity α-SiC powder produced by Superior Graphite

(HSC490N) was used in this study. The chemical and physical properties of the powder
are given in Table 3.1. The X-ray diffraction pattern of the SiC powder (Fig 3.2) shows
that the composition is mostly α-SiC phase with some β-SiC phase.
Table 3.1 Chemical and physical analysis of SiC powder.
SiC (wt %)

> 98.5

Excess C (wt %)

2.0

O (wt %)

1.10

Free Si (wt %)

0.63

N (wt %)

0.25

Surface Area (m2/g)

13.5-18.5

Mean particle size, d50 (µm)

0.748

Also, commercially available sub-micron size Al2O3 powder (A-16G, Alcoa
Chemical) and high-purity sub-micron size Y2O3 powder (99.99 %, Alfa Aesar) were
used as sintering additives. The TiC particles were in-situ synthesized by reacting high
purity TiO2 powder (predominantly rutile, Aldrich Chemical Company) and high surface
area graphite powder (XC72, Cabot). The X-ray diffraction patterns of the reactant
constituents and sintering additives are given in Figures 3.3 and 3.4. Due to the noncrystalline nature of the C powder, X-ray diffraction could not be conducted.
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Figure 3.2

Figure 3.3

X-ray diffraction pattern of the α-SiC powder.

X-ray diffraction pattern of TiO2 powder.
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(a)

(b)
Figure 3.4

X-ray diffraction patterns of (a) Al2O3 powder and (b) Y2O3 powder.
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3.3

Preparation of Green Compacts
Compositions selected for this study were prepared from the as-received SiC,

Al2O3, Y2O3, TiO2 and C powders. Polyethylene-glycol1 (PEG, 5 wt %) was used as a
binder to improve the pressing characteristics and green strength of the compacts. Seven
different compositions were prepared with varying amounts of TiO2 and C to control the
volume fraction of reacted TiC in the sintered bodies as determined by the stoichiometric
conversion reaction of TiO2 to TiC (Eq. 2.38). Sintering additives (Al2O3 and Y2O3) were
held constant for all compositions at 10 wt % with an Al2O3 to Y2O3 ratio of 43 to 57 %.
The batch compositions are listed in Table 3.2.
Table 3.2 Batch compositions for in-situ synthesis of TiC.
Compositions
Raw Materials

SC-0

SC-5

SC-10

SC-15

SC-20

SC-25

SC-30

SiC (wt %)

90.0

76.85

65.87

56.56

48.57

41.63

35.56

TiO2 (wt %)

--

9.06

16.62

23.04

28.55

33.33

37.52

C (wt %)

--

4.09

7.50

10.40

12.88

15.04

16.93

Al2O3 (wt %)

4.70

4.70

4.70

4.70

4.70

4.70

4.70

Y2O3 (wt %)

5.30

5.30

5.30

5.30

5.30

5.30

5.30

PEG (g)

5.0

5.0

5.0

5.0

5.0

5.0

5.0

Calculated Amount of
Synthesized TiC (vol %)

0

5

10

15

20

25

30

The convention used for sample identification in this study was ‘T-SC-#’, where T
is the sintering temperature and # represents the volume fraction of TiC. The
compositions (powders + PEG) were mixed for 10.5 hours by ball-milling with alumina

1

CARBOWAX PEG-400, Dow Chemical Company (North York, ON, Canada)
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media. Methanol was used as a liquid vehicle and the ball to powder ratio was 5:1. After
subsequent drying for 6 hours at 90°C, the powder batches were screened using a sieve2
with a 300 micron nominal mesh. The dry powders were mechanically compacted into
rectangular bars at a pressure of 50 MPa. Two tool-steel dies were used to form the green
compacts. The larger die had dimensions of 56 mm x 18 mm while the smaller die
measured 35 mm x 16 mm. The height of the compacts varied between 7 and 10 mm
depending on the composition to compensate for shrinkage during sintering. Pressing
defects were removed by vacuum sealing the green compacts in plastic bags before coldpressing3 under an isostatic pressure of 230 MPa for 2 minutes. Prior to sintering,
compacts were slowly heated to 630°C to remove the organic binder. The measured green
density for the compacts after debinding was between 40 and 50 %, with the green
density decreasing for samples containing higher concentrations of TiO2 and C.

3.4

Pressureless Sintering
Pressureless sintering was performed in a graphite resistance furnace4 with a

stationary argon (Ar) gas atmosphere. The compacts were placed in a cylindrical graphite
crucible containing a SiC/Al2O3 (80/20) sacrificial powder to limit the weight loss in the
system. The crucible was placed in the centre of the heating zone and the temperature was
measured by an optical pyrometer. The samples were heated under vacuum at a rate of
8°C/min to 1200°C, followed by short dwell periods and slow heating to 1520°C. The
decreased heating rate and holding time was employed to allow the conversion of TiO2 to

2

Standard Canadian Sieve No. 50, W.S. Tyler (St. Catharines, ON, Canada)
Fluitron Inc. (Ivyland, PA, USA)
4
Electrofuel Manufacturing Co. Ltd. (Toronto, ON, Canada)
3
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TiC without the fast evolution of gases (CO, Al2O) detrimental to densification. Argon
was introduced at 1520°C and the samples were heated to the final sintering temperature
at a rate of 8°C/min. The sintering temperature varied between 1800 and 1925°C in 25
degree increments. Samples were held at the sintering temperature for 1 hour before
cooling at ~12°C/min to room temperature. The detailed sintering schedule is given in
Table 3.3.
Table 3.3 Detailed pressureless sintering profile.
From
(°C)

To
(°C)

Rate
(°C/min)

Holding Time
(min)

Atmosphere

25

1200

8

5

Vacuum

1200

1300

4

15

Vacuum

1300

1350

2

15

Vacuum

1350

1400

2

20

Vacuum

1400

1450

2

25

Vacuum

1450

1520

2

0

Vacuum

1520

Sintering temp.

8

1

Argon gas

Sintering temp.

25

~12

--

Argon gas

3.5

Density and Mechanical Properties

3.5.1 Density Measurements
In this study, the densities of SiC samples are given in terms of relative density,
which is given by the ratio of the measured density to the TD:

RelativeDensity(%T D) =

50

ρmeasured
ρtheoretical .

(3.1)

The measured density of a sintered sample was determined by the water displacement
method (ASTM C373-72) [100]. In this method, the weight of a sintered sample is
measured in air and in distilled water. The density was then calculated using the
following equation:

ρmeasured =

0.997 · Gair
Gair − Gimm

(3.2)

where Gair and Gimm are the weight of the sample in air and immersed in water,
respectively. The density of de-ionized water at room temperature was taken as
0.997 g/cm3.
The theoretical density was calculated according to the rule of mixtures, based on
the volume fraction of reacted TiC and starting powder compositions. Furthermore, the
dimensions and weight of all samples were measured before and after sintering to
determine the shrinkage and weight loss. A minimum of six valid samples were measured
for relative density, weight loss and linear shrinkage data.

3.5.2 Mechanical Properties
The following mechanical properties were determined at room temperature:
(i)

Four-point flexural strength (σf).

(ii)

Hardness (Hv reported in GPa).

(iii) Fracture toughness (KIC).

3.5.2.1 Sample Preparation
Sintered samples for strength measurements were affixed with thermally activated
silicon epoxy to glass plates and cut into small rectangular bars with approximate
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dimensions of 35 x 4 x 3 mm using a 1 mm thick diamond impregnated wheel. The bars
were then coarse ground to a 60 µm finish with an automatic vertical surface grinder5 to
remove any stresses or surface defects generated during machining.
After the four-point flexural strength tests, samples for fracture toughness,
hardness and microstructural examination were selected from the broken pieces. The
samples were mounted in Bakelite and polished with an automatic polishing machine6 to
a 1 µm finish. The polishing stages were as follows:
1)

Planar grinding with permanently bonded diamond-metal discs (30 and 12
µm); 15 psi load, water coolant.

2)

Fine polishing with non-woven (napless) pressed cloths7 and diamond paste
(8, 6 and 1 µm); 10 psi load, glycerol-based lubricant.

3.5.2.2 Flexural Strength Measurements
Four-point flexural strength testing was carried out on a tool-steel jig with inner
and outer spans of 13.27 and 23.88 mm, respectively (Fig. 3.5). Loading was performed
by a computer-controlled Instron Universal testing machine8 with a 500 kg load cell at a
cross-head speed of 0.0005 mm/sec. The equation used to calculate the four-point flexural
strength was [100]:
σf =

3P · (S − s)
2W H 2

5

Model IG 180SD, DCM (Winona, MN, USA)
Model VP 150, Leco Corp. (St. Joseph, MI, USA)
7
TexMet®, Buehler (Lake Bluff, IL, USA)
8
Model 8502 FIB, Instron Corp. (Norwood, MA, USA)
6

52

(3.3)

where P is the maximum load, S and s are the outer and inner span of the jig, respectively.
W is the width and H is the height of the sample bar. A minimum of six valid samples
were tested for each composition and the average value was determined.

Figure 3.5

Schematic diagram of the four-point bending test for flexural strength
measurements.

3.5.2.3 Hardness Measurements
The Vicker’s hardness test (ASTM C1327-08) [100] was conducted on polished
samples using a 136° pyramidal diamond indenter mounted on a standard test apparatus9.
A 5 kg load was applied for 10 seconds to form the indentation. The diagonal length in
the vertical and horizontal directions was measured and an average value was used to
compute the hardness [101]:
Hv (kg/mm ) = 1.854 ·
2

9

Model AVK-C21, Mitutoyo (Kawasaki, Japan)
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�

P
d2

�

(3.4)

where P is the applied load and d is average diagonal indentation length (Fig. 3.6(a)). The
average value was determined from six indentations for each sample. Hardness values in
this study are reported in units of GPa, which is typically standard for comparison of
ceramics. Conversion between HV and GPa can be calculated by [102]:

Hardness(GP a) =

Hv
101.97 .

(3.5)

d
2C

(a)

(b)

Figure 3.6

Vickers indentations for (a) hardness and (b) fracture toughness
measurements.

3.5.2.4 Fracture Toughness
Fracture toughness measurements were conducted using the indentation
technique, which is common for ceramics. Using the same test apparatus employed for
hardness measurements, the applied load was increased to 20 kg in order to develop
cracks emanating from the indentation (Fig. 3.5(b)). The radial crack length (2c) was
measured with an optical light microscope (400x magnification) immediately following
indentation to prevent further crack propagation. The average crack length (c) for each
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indentation was determined and the fracture toughness was calculated from the following
equation [103]:

KIC = 0.016

�

E
H

�0.5 �
�
P
· 1.5
c

(3.6)

where E is the Young’s modulus, H is the hardness, P is the load and c is the average
crack length. The Young’s modulus was calculated using the rule of mixtures:
E = vf · ESiC + vf · EY2 O3 + vf · EAl2 O3 + vf · ET iC .

(3.7)

where vf is the phase volume fraction within the limits of 0.00 to 1.00. The sum of all vf
values is taken to be 1.00, assuming no TiO2 to TiC conversion by-products or material
loss from SiC-Al2O3 volatilization.

3.6

Phase Analysis and Microstructural Characterization

3.6.1 Phase Analysis
Phase analysis was conducted on the starting powder compositions and ground
samples (60µm finish) using an X-ray diffractometer10. CuKα radiation with a Ni filter was
used at a scanning rate of 2°/min between the angles of 10 to 80 degrees. The X-ray
diffraction patterns were compared against known peaks for each phase present.
Unknown peaks were identified using a powder diffraction file (PDF).
3.6.2 Microstructural Characterization
3.6.2.1 Etching
Murakami’s reagent was selected to etch the polished SiC-TiC samples. The
typical methods used for etching with Murakami’s are submersion at 110°C or
10

ICG-5 “Miniflex”, Rigaku Denki Co. Ltd (Tokyo, Japan)
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electrolytic etching with 2V DC for 5-30 seconds [104]. Both methods were unsuccessful
as the reagent was shown to remove the oxide phase and TiC particles. Other etchants,
such as 2 % KOH were explored, however no suitable etchant could be determined.
Optical and scanning electron microscopy was therefore performed on un-etched samples
polished to a 1 µm finish.

3.6.2.2 Scanning Electron Microscopy
Fractography was performed on the fracture surfaces of selected flexural strength
samples with a scanning electron microscope11 at an accelerating voltage of 20 keV. The
mechanisms of crack propagation were examined using polished samples subjected to the
indentation technique (see Sec. 3.5.2.4). Energy dispersive spectroscopy (EDS) was used
to confirm the presence and map the location of the grain boundary phases and TiC
particles. All samples were coated in a thin layer (< 2 nm) of carbon to minimize the
effects of surface charging.

3.6.2.3 Optical Microscopy
Polished samples prepared for SEM examination were also subjected to visual
examination with an optical microscope12. Despite producing high-quality SEM images,
the standard ceramography techniques proved to be largely unsuccessful for optical
microscopy. The fine nature of the TiC particles resulted in a high incidence of pull-out
holes, which appear as additional porosity during visual examination. Although several
techniques were explored, including use of napless clothes, vibratory polishing and
11
12

JSM-840, JEOL Ltd. (Tokyo, Japan)
BH2-UMA, Olympus (Tokyo, Japan)
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ultrasonic cleaning between polishing stages, the polishing artifacts could not be
removed. It should be noted that samples polish from the centre outwards, therefore
examination of the TiC particles was predominantly conducted at the edge of samples
where pull-out was minimized.
Furthermore, the lack of contrast between the SiC grains and the grain boundary
phase resulted in samples requiring EDS prior to visual examination. Locations mapped
by EDS were examined with an optical microscope at 500x and 1000x to establish the
morphology of the synthesized TiC particles and SiC grains. The average TiC particle
size was determined using image analysis software13,14 with the microstructure being
characterized through a series of image convolutions which allow the grain boundary
phase and SiC grains to be distinguished from the TiC particles. Confirmation of the
software measurements was conducted manually, using the intercept method as per
ASTM E112-96 [100]. A minimum of 50 particles was measured both optically and with
calibrated imaging software15 for each composition tested.
The additional porosity resulting from pull-out was confirmed by the pointcounting method where a square grid is superimposed over the sample microstructure.
Pores that fall at the intersection of two lines are counted towards the total volume
fraction of porosity. Five locations were examined with 20 x 16 grids for each sample
resulting in a total of 1600 independent measurements.

13

UTHSCSA Image Tool
ImageJ
15
Adobe Photoshop CS4
14
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3.7

Experimental Error Analysis
In this work, all experimentally measured data for grain morphology, strength,

hardness and fracture toughness were expressed as the mean value ± 95 % confidence
interval (CI). Other error measurements were determined based on the error associated
with the apparatus. The techniques for determining relative density, linear shrinkage and
weight loss give rise to error measurements of 0.05 % of the total calculation. In order to
estimate the reproducibility of data relating to the sample weight, relative density and
weight loss measurements were conducted three times on each sample over a seven-day
period to verify the precision to within ~0.15 % of the mean. These errors are relatively
small in comparison to the magnitude of the experimental data and therefore difficult to
represent graphically. As a result, errors pertaining to relative density, weight loss and
linear shrinkage in this study were determined to be < 0.15 % and are not presented in the
associated figures and tables, which display the calculated mean values.
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Chapter 4
Experimental Results and Discussion
4.1

Densification of SiC-TiC Composites

4.1.1 Green Density
It is well known that densification of a ceramic depends on the characteristics of
the green compact. The green density is a function of the particle size, shape and
distribution as well as the compaction pressure. The particle morphology parameters are
controlled by the milling techniques and starting powder characteristics. Table 4.1 shows
the particle size and green density for the as-milled powder compositions as determined
by laser scattering16.
Table 4.1 Particle size and green density for milled powder compositions.

16

Name

Composition
(vol % TiC)

Particle Size, d50
(µm ± 95 % CI)

Green Density
(% TD)

SC-0

0

1.354 ± 0.558

56.96

SC-5

5

1.121 ± 0.619

52.52

SC-10

10

1.083 ± 0.600

47.95

SC-15

15

0.996 ± 0.449

44.42

SC-20

20

0.926 ± 0.435

41.53

SC-25

25

0.993 ± 0.474

38.87

SC-30

30

0.969 ± 0.456

36.50

LA-910, Horiba Instruments (Kyoto, Japan)
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The green densities listed in Table 4.1 were measured geometrically after isostatic
pressing and debinding. Both the average particle size and green density were shown to
decrease with increasing TiO2 and C content. This is likely due to the increase in the
volume fraction of high-surface area C powder in the starting powder which is known to
have poor compaction characteristics. Coarser particles are better for compaction because
of lower frictional forces during particle flow; however this condition is secondary to the
more important requirement for small-sized particles to increase the rate of densification.
It should be noted that the average particle size (d50) does not represent a unimodal size
distribution. The two opposing mechanisms, smaller average particle size and low green
density of samples containing higher levels of synthesized TiC, will therefore be in
competition during densification.

4.1.2 Relative Density
The mechanical properties of structural ceramics are known to depend on the
volume fraction of porosity, pore size and flaw size [77]. Densification of ceramics is
therefore typically expressed in terms of relative density, defined as the ratio of the
sintered density to its corresponding theoretical density (TD). There are a number of
factors that affect the densification of sintered SiC. In this work, the sintering temperature
and volume fraction of TiC were varied to determine the effect of temperature and
composition on the density of SiC-TiC composites. Figure 4.1 shows the change in
density as a function of sintering temperature and volume fraction of TiC.
As expected, the sintered samples show a continuous increase in relative density,
reaching a maximum value at a particular sintering temperature dependent on the volume
fraction of TiC. There are two reasons for the decrease in sintered density of the
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composite. One stems from the reaction between SiC and the oxide sintering aids
resulting in a loss of SiC and Al2O3 from the system in the form of volatile SiO and Al2O.
The other reason is due to the increase in porosity within the sample from the reaction
between TiO2 and C resulting in weight loss through evaporated CO.
Monolithic SiC (SC-0) and samples containing 5 vol % TiC (SC-5) achieved
maximum density between 1825 and 1850°C. At this temperature, samples with higher
levels of TiC exhibited densities up to 8 % lower than SC-0 and SC-5, suggesting the
temperature range of 1825 – 1850°C is too low to produce sufficient densification. As
suggested, compositions with higher levels of synthesized TiC are subject to greater
losses due to the conversion reaction of TiO2 to TiC. During the reaction, the evolution of
CO gas results in the increase of porosity within the compacts and an observed decrease
in the sintered density. Therefore, higher sintering temperatures are required to eliminate
the additional porosity. However, compositions with the highest levels of TiC (SC-25 and
SC-30) exhibited poor sinterability and densification indicating that the level of porosity
developed during the synthesis reaction was too high to overcome.
Densification of samples containing 10 – 20 vol % TiC (SC-10/15/20) occurred at
sintering temperatures of 1875 and 1885°C. The highest density achieved for samples
containing more than 5 vol % TiC was achieved for 1875-SC-10, with an measured value
of 97.5 % TD. Similarly, the maximum density for 1885-SC-15 and 1885-SC-20 was
determined to be 97.2 and 97.0 % TD, respectively. Inspection of Figure 4.2 also
demonstrates that samples containing up to 15 vol % TiC do not vary greatly (1-2 %) in
observed density between 1850 and 1900°C. This behaviour indicates these compositions
are less sensitive to changes in the sintering temperature, which is highly attractive for
consistent fabrication of ceramics with less variation between sintered batches.
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Effect of sintering temperature on relative density of samples sintered with varying volume fraction of TiC for 1h.

1800

SC-0

Relative Density (%TD)

Figure 4.2

95.0
1840

95.5

96.0

96.5

97.0

97.5

98.0

98.5

99.0

99.5

1860

1880

SC-10

Sintering Temperature (°C)

1870

SC-5

1890

SC-15

1900

63

Effect of sintering temperature on relative density of samples sintered with 0 to 20 vol % TiC for 1h.
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4.1.3 Weight Loss and Linear Shrinkage
Samples were weighed before and after sintering to determine the effect of TiC
volume fraction and temperature on weight loss (Fig 4.3). The weight loss data presented
in Figure 4.3 is due only to the reaction between SiC and the oxide phase. Weight loss
due to the removal of oxygen and excess carbon in the form of CO, was subtracted, and is
not shown in Figure 4.3. It can be seen that the weight loss for all compositions increases
as the sintering temperature increases slowly at lower sintering temperatures (up to
1875°C) followed by a rapid increase at higher temperatures (above 1875°C). This result
was theoretically predicted, as higher sintering temperatures were expected to result in
greater weight loss due to the reaction between SiC and Al2O3 (Eq. 2.15).
Examination of Figure 4.3 shows that the highest measured weight loss occurred
for the SC-0 samples at 1925°C. As expected, when the sintering temperature exceeds a
critical value, reactions between SiC and the oxide phase becomes unavoidable and the
density is shown to decrease (Fig. 4.1). It is believed that this reaction is increasingly
inhibited for samples containing more synthesized TiC. This matches well with the
experimentally observed decrease in density for the SC-0 and SC-5 samples at sintering
temperatures above 1850°C.
Shrinkage is a result of densification and is usually expressed in the form of either
linear or volume shrinkage. In the present study, the results are presented in terms of
linear shrinkage. Figure 4.4 shows the effect of sintering temperature on the shrinkage of
samples containing varying volume fractions of TiC, sintered over the temperature range
of 1800 to 1900°C; samples sintered at 1925°C were not included in this data set due to
compact deformation, which occurs at higher temperatures. The linear shrinkage was
observed to have two distinct stages: below 1825°C and above 1875°C. Little variation
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was noted for samples sintered within this temperature range which correlates well with
the relatively small changes in density and weight loss for the same regime.
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Figure 4.3

Effect of sintering temperature on weight loss of samples sintered with
varying volume fraction of TiC for 1h.

It should be noted that, for the current ceramic system, shrinkage results from both
pore elimination and material evaporation. Higher sintering temperatures were required to
eliminate the additional porosity created by the in-situ formation of TiC, therefore leading
to an increased shrinkage for samples containing higher volume fractions of TiC. The
highest level of linear shrinkage was found to be ~24 % at 1925°C for SC-30. For this
material, it is clear that the sintered density is strongly related to the level of linear
shrinkage (Fig. 4.5). Low levels result from insufficient pore elimination while high
levels can be attributed to material evaporation.
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Effect of sintering temperature on relative density and linear shrinkage for
(a) 0 vol % TiC; (b) 10 vol % TiC; (c) 20 vol % TiC.
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Examination of Figure 4.5 clearly displays the relationship between linear
shrinkage and densification for the SiC-TiC composites. Despite the additional porosity
created during the formation of TiC particles, samples containing up to 20 vol % TiC
exhibited relatively good densification (> 97 % TD). It is well known that the driving
force for initial stage sintering is the reduction in high-energy surface-vapour interfaces.
The as-synthesized TiC particles are initially of nanometre dimensions, and therefore
enhance the diffusion and densification of the SiC-TiC composites. The improved
diffusion kinetics for samples with in-situ TiC explains why compacts with relatively low
green density still achieve reasonable densification after sintering. Table 4.2 summarizes
the maximum densities achieved in this work.
Table 4.2 Summary of the green density, sintering temperature and highest sintered
densities achieved in this work for various volume fractions of TiC.
Composition
(vol % TiC)

Green
Density
(% TD)

Sintering
Temperature
(°C)

Sintered
Density*
(% TD)

Linear
Shrinkage**
(%)

0

56.96

1825

98.9

14.7

5

52.52

1850

98.6

17.0

10

47.95

1875

97.5

18.7

15

44.42

1885

97.2

21.1

20

41.53

1885

97.0

22.1

25

38.87

1900

94.9

23.2

30

36.50

1900

93.8

24.1

*Maximum achieved
**Associated with the maximum achieved density
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4.2

Phase Analysis
The composition of samples in this work are expressed in terms of TiC volume

fraction, given by the stoichiometric reaction shown in Eq. (1.1). In this reaction, it is
assumed that the TiO2 is completely converted to TiC, with no additional by-products
created during the conversion. It is unlikely that all of the TiO2 is converted to TiC, as it is
possible that a small volume fraction of TiO2 is dissolved in the liquid phase. This small
amount of un-reacted TiO2 remaining after the synthesis reaction may form aluminum
titanate (Al2TiO5) upon reacting with Al2O3. The standard method for preparation of
Al2TiO5 requires heating a mixture of Al2O3 and TiO2 to temperatures above 1400°C
[105]. It is known, however, that pure Al2TiO5 is unstable at temperatures above 700°C,
and requires dopants such as MgO, SiO2 or ZrO2 to stabilize the solid structure. The only
available doping agent for formation of Al2TiO5 in the present study is SiO2, which exists
on the surface of the α-SiC particles (1-2 wt %) [63]. Previous studies [105, 106] required
a minimum of 5 wt % SiO2 for stabilization of the Al2TiO5 phase.
The X-ray diffraction pattern of the composition containing the highest amount of
TiO2 (37.5 wt %), yielding 30 vol % of TiC after the reaction, is given in Figure 4.6. The
Al2TiO5 phase has two strong peaks occurring at 26° and 32° [105]. As shown, no
Al2TiO5 was detected, indicating that the TiO2 was fully converted to TiC prior to
reaching the sintering temperature.
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(a)

(b)

Figure 4.6

X-ray diffraction patterns of the composition designed to yield 30 vol %
TiC (a) before and (b) after sintering at 1885°C.
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The two minor crystalline phases shown in Figure 4.6(b) are the result of
crystallization of the Al2O3-Y2O3 liquid phase. According to the phase diagram for this
system [58] (Sec. 2.3.3.1, Fig. 2.10), YAG (3Y2O3·5Al2O3) is likely to be formed based
on the relative ratio of the sintering aids used in this system. Detection of this phase
indicates that the formation of YAG was, as expected, a consequence of the additive
starting ratio being equal to the 43 wt % Al2O3 / 57 wt % Y2O3 required for formation.
The second minor phase (Y2O3·Al2O) requires a different ratio for formation: 30 wt %
Al2O3 / 70 wt % Y2O3. This phase was not observed for samples sintered at temperatures
below 1875°C, which may result from the volume fraction being less than the lower limit
for detection. However, it is expected that as the sintering temperature increases, the
amount of YAG will decrease relative to an increase in the amount of 1:1 phase. As
previously discussed, when the sintering temperature exceeds a critical value the reaction
between SiC and Al2O3 intensifies, leading to a decrease in the volume fraction of Al2O3
in the liquid phase. Reactions between Y2O3 and SiC are also known to occur, but at
much higher temperatures. Therefore, the expected loss of Al2O3 at higher temperatures
leads to the crystallization of the 1:1 phase. Other possible phases, shown in Figure 2.10,
were not detected. This is likely a result of the fast rate of cooling (12-15°C/min) which
does not allow for any phase transformations/decomposition to occur.
Several samples were heated through the reaction portion of the sintering cycle
and removed after cooling for phase analysis. The same samples were subsequently
heated to temperatures sufficient for densification followed by another phase
examination. The X-ray diffraction patterns for the starting powder, reacted sample and
sintered sample of SC-15 are shown in Figure 4.7.
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(a)

(b)
Figure 4.7
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(c)
Figure 4.7
X-ray diffraction patterns of the composition designed to yield 15 vol %
TiC (a) as a green compact, (b) after conversion of TiO2 to TiC and (c) after sintering at
1885°C.
Comparison of Figure 4.7(a) and 4.7(b) show the successful conversion of TiO2 to
TiC after the reaction cycle – short dwell periods and slow heating to 1520°C – with no
remaining TiO2 or newly-formed Al2TiO5 detected. In addition, the diffraction pattern for
the reacted sample clearly displays both sintering aids while the YAG and 1:1 phase is
detected after sintering. This outcome was expected as the liquid phase forms at
temperatures greater than 1650°C, while the reaction between TiO2 and C occurs between
1300 and 1520°C. The X-ray diffraction patterns for all samples after the conversion
reaction and sintering did not indicate the creation of non-stoichiometric side-products.
The crystalline phases detected by X-ray diffraction were visible at 1000x magnification
during optical microscopy (Fig. 4.8). Due to the lack of contrast between TiC and 1:1
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(Y2O3·Al2O) phase, a sample containing no TiC was chosen to illustrate the distribution
of the crystalline phases.

Figure 4.8

Optical micrograph of an un-etched, polished sample containing 0 vol %
TiC sintered at 1825°C for 1 hr. (10 µm marker)

Figure 4.8 shows the un-etched, polished surface of a monolithic SiC (SC-0)
sample sintered at 1825°C where the YAG phase (dark grey) is the dominant intergranular phase evenly distributed amongst the SiC particles (light grey). The measured
weight loss for this sample was 2.48 %, therefore reactions between Al2O3 and SiC were
limited resulting in very little presence of the 1:1 phase (white). It is important to note
that the porosity (black) shown in Figure 4.8 is exaggerated due to pull-out during
polishing, which will be discussed in greater detail in the next section.
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4.3

Microstructure
Several factors are known to affect the microstructure of SiC ceramics, namely the

sintering conditions (time and temperature), system of sintering aids and starting powder
polytype (α or β-SiC). One of the objectives in this program was to systematically study
the microstructure evolution in SiC-TiC composite ceramics based on the sintering
conditions and volume fraction of in-situ synthesized TiC. The microstructure can
therefore be analyzed according to the size and morphology of the SiC grains and the TiC
particles. Murakami’s reagent, modified Murakami’s reagent, 5 % and 2 % KOH were
explored, using both electrolytic and boiling methods, with little success. These common
SiC etchants were found to preferentially etch the TiC particles in addition to the
crystalline grain boundary phases. However, based on the contrast between the TiC
particles and SiC grains, it is possible to determine the morphology of the TiC particles
using image analysis software on the un-etched, polished surfaces. It was further
discovered that samples subjected to a weighted vibratory polish with a 0.05 µm colloidal
silica suspension better revealed the morphology of the SiC grains with larger pores being
created at the expense of the grain boundary phase and TiC particles.
In addition to the difficulties in determining a suitable etchant for this ceramic
system, the standard ceramography techniques lead to pull-out and exaggerated porosity.
It was found that samples subject to fine polishing for optical microscopy had the highest
incidence of pull-out. Samples polished for hardness and fracture toughness
measurements were therefore not prepared to the same level of refinement as required for
microstructural evaluation. The polished samples were examined using a point-counting
method to ensure the observed porosity was created via pull-out rather than resulting from
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sintering defects. Using ImageJ software, a grid was superimposed on the microstructure
and the porosity was counted for five randomly selected areas on each sample. For
comparison, the microstructures obtained after vibratory polishing for the highest relative
density samples containing 0, 5 and 10 vol % TiC are shown in Fig 4.9. It should be noted
that the area fraction is assumed to be equal to the volume fraction of porosity.

(a)

(b)

(c)
Figure 4.9
Un-etched, polished optical micrographs of (a) 0 vol % TiC, (b) 5 vol %
TiC and (c) 10 vol % TiC sintered at 1825°C, 1850°C and 1875°C, respectively.
(25 µm marker)
With the exception of monolithic SiC, each composition containing TiC displayed
porosity significantly higher than measured by the water displacement method. As the
volume fraction of TiC increased, the measured porosity also increased up to 20 vol %
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TiC, followed by a plateau to 30 vol % TiC. The porosity determined by point-counting
for the highest density samples is summarized in Table 4.3.
Table 4.3 Comparison of porosity measured by the water displacement and pointcounting methods for samples sintered at various temperatures.
Composition
(vol % TiC)

Sintering Temp.
(°C)

Relative Density*
(% TD)

Porosity*
(vol %)

Porosity**
(vol %)

0

1825

98.9

1.1

1.4

5

1850

98.6

1.3

5.9

10

1875

97.5

2.5

12.4

15

1885

97.2

2.8

14.0

20

1885

97.0

3.0

16.6

25

1900

94.9

5.1

16.9

30

1900

93.8

6.2

17.0

*As measured by water-displacement; **As measured by point-counting

Notably, despite the decrease in density for samples containing 25 and 30 vol %
TiC, the increase in porosity after polishing was not significant (< 0.5 %). This further
supports the hypothesis that the observed porosity was due to pull-out and not incorrect
density measurements. Therefore, the microstructural analysis will henceforth focus on
changes in the morphology of the SiC and TiC grains as a result of the sintering
conditions and volume fraction of TiC. Figures 4.10 and 4.11 show the polished surface
of SiC samples containing 10 and 20 vol % TiC phase sintered at different temperatures.
The size of the TiC particles in both compositions was observed to increase as the
sintering temperature increases. This experimental result agrees well with theory, as
higher sintering temperatures are expected to improve the diffusivity of Ti and C by
providing more energy for faster mass transport and grain growth.
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(a)

(b)
Figure 4.10 Optical micrographs of un-etched, polished surfaces of SiC (grey) samples
with 10 vol % TiC particles (white) sintered at (a) 1850ºC and (b) 1900ºC for 1h.
(25 µm marker)
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(a)

(b)
Figure 4.11 Optical micrographs of un-etched, polished surfaces of SiC (grey) samples
with 20 vol % TiC particles (white) sintered at (a) 1850ºC and (b) 1900ºC for 1h.
(25 µm marker)
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The phases visible in Figures 4.10 and 4.11 are SiC, TiC and porosity (black). As
shown, the increase in sintering temperature gives rise to an increase in the prominence of
TiC particles within the microstructure. Comparison of the microstructures containing 10
vol % and 20 vol % TiC reveals that the TiC particles are predominantly equiaxed (aspect
ratio approximately < 2.5) and well-dispersed for both compositions at lower sintering
temperatures. At high sintering temperatures, such as 1900°C, the TiC particles become
significantly larger while the SiC grains are much smaller. The high volume fraction of
TiC coupled with the additional energy for diffusion at increased temperatures is directly
responsible for the evolution of the larger particles observed in Figure 4.11(b).
Verification of the morphology-temperature relationship for the synthesized TiC particles
was conducted using Image Tool and ImageJ software. In order to facilitate more
accurate, faster analysis, the images were colour-threshold for high contrast between the
microstructural elements (Fig. 4.12). Since the TiC particles were found to be relatively
equiaxed, the results are expressed as the mean particle size (µm2). Table 4.4 summarizes
the TiC particle size for various compositions sintered at 1885°C.

Figure 4.12

Binary image of a microstructure for TiC particle analysis (20 vol % TiC).
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Table 4.4 Particle size and aspect ratio of TiC particles as measured by computer
software for various compositions sintered at 1885°C for 1 h.

Composition

Average
Particle Size
(µm2 ± 95 % CI)

Max
(µm2)

Composition
(vol % TiC)

Average
Aspect Ratio
(± 95 % CI)

SC-5

0.65 ± 0.88

18.84

4.80

1.87 ± 0.77

SC-10

0.88 ± 1.93

65.24

8.87

1.87 ± 0.71

SC-15

1.19 ± 2.37

78.42

13.93

2.14 ± 0.92

SC-20

1.59 ± 3.56

98.32

18.22

2.18 ± 1.24

SC-25

1.88 ± 3.91

107.41

23.35

2.21 ± 1.55

SC-30

2.51 ± 4.42

113.35

28.14

2.24 ± 1.73

The relationships between TiC volume fraction and particle morphology, shown
in Table 4.4, were determined to be similar for all other sintering temperatures. It is
important to note that the associated errors in measurement (± 95 % CI) are large since
the standard deviation was very large due to the wide range in particle size. The
composition (vol % TiC) was determined based on the following equation:

Vol% TiC =

AT iC
Atot

(4.1)

where ATiC is the total area occupied by TiC particles and Atot is the total area of the
micrograph. This calculation is in close agreement with the predicted stoichiometric
composition, further suggesting that very little phase decomposition occurs during
sintering. The aspect ratio was determined by a ratio of the major and minor axes (l/d) of
each particle. An increase in the volume fraction of TiC was found to result in an increase
in the aspect ratio, i.e. a lengthening of the major axis. Based on Eqs. 2.32 and 2.33, this
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data is important from a toughening perspective, as any increase in the aspect ratio will
lead to an increase in the toughness of the composite.
The morphology of the SiC grains was similarly examined. In order to properly
characterize the matrix grains, the microstructure of samples sintered at different
temperatures without TiC were first examined. For all temperatures, the majority of SiC
grains were observed to be relatively equiaxed with a few elongated grains interspersed as
a result of the small volume fraction of β-SiC in the starting powder. At lower sintering
temperatures, most of the SiC grains were small, while at higher sintering temperatures
the microstructure was dominated by equiaxed SiC grains displaying exaggerated growth.
The size and morphology of the SiC grains, discussed in this section, were measured
directly on a calibrated optical microscope, using the intercept method (minimum of 50
grains), as the camera was unable to capture a level of contrast necessary for analysis with
computer software. Figure 4.13 displays one such microstructure with several SiC grains
coloured-in for visualization purposes.

Figure 4.13 Optical micrographs of samples containing 0 vol % TiC sintered for 1 h at
(a) 1825°C and (b) 1900°C with several grains coloured (red). (25 µm marker)
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The relative density of samples sintered without TiC at 1825°C and 1900°C were
98.9 and 97.1 % TD, respectively. It is evident that the loss in density despite an increase
in grain size for samples sintered at high temperature is a result of porosity created by the
volatile species from the reactions between SiC and Al2O3, confirmed by greater losses in
weight. In addition to the large SiC grains observed in the 0 vol % TiC samples sintered
at 1900°C, the microstructure also contained relatively small equiaxed grains coupled
with a higher volume fraction of elongated grains.
As discussed in Chapter 2, it is well known that the mechanical properties of SiC
ceramics depend strongly on the size and morphology of the grains [3, 82]. The two most
important mechanisms of toughening for monolithic SiC are crack bridging and crack
deflection. Since the majority of SiC grains observed were equiaxed, the mechanism of
toughening for this system is assumed to be crack deflection. Although some elongated
grains were found dispersed throughout the microstructure, very little evidence for crack
bridging was directly observed during any of the crack propagation investigations.
However, if an advancing crack front were to intersect an elongated SiC grain, crack
bridging toughening could potentially occur.
Perhaps the most important conclusion obtained from the extensive evaluation of
the microstructures developed in this program is the effect of TiC particles on the
morphology of SiC grains. The microstructure of samples without TiC (Fig. 4.13) was
shown to consist predominantly of equiaxed SiC grains. As the volume fraction of TiC
particles increases, the size of the SiC grains was observed to decrease. It was shown that
even the smallest addition of TiC (5 vol %) was sufficient to strongly suppress the
exaggerated growth of the SiC grains. The exaggerated grain growth in SiC ceramics at
higher temperatures is one of the main reasons for its low toughness, strength and poor in83

service reliability. Therefore, the ability to control the grain growth using a second-phase
particle, such as TiC, is very promising. Further increase in TiC volume fraction resulted
in a continuous decrease in SiC grain size, with respect to the sintering temperature.
Although the presence of TiC particles suppresses the exaggerated growth of SiC grains,
it also enhanced their elongation. As the volume fraction of TiC particles increased, the
presence of elongated SiC grains becomes more pronounced. This is believed to be a
result of the TiC particles precipitating at the SiC grain boundaries, limiting the
preferential sites for equiaxed grain growth. The morphology of the SiC grains with
increasing TiC volume fraction is detailed in Table 4.5.
Table 4.5

Effect of TiC volume fraction on the morphology of SiC grains for select
compositions sintered at 1850 and 1900°C for 1 h.
Sintered at 1850°C

Composition
(vol % TiC)

Sintered at 1900°C

Aver.
Maj. Axis
(µm)

Aver.
Min. Axis
(µm)

Aver.
Aspect
Ratio

Aver.
Maj. Axis
(µm)

Aver.
Min. Axis
(µm)

Aver.
Aspect
Ratio

0

14.1 ± 2.7

7.8 ± 2.0

1.8

19.1 ± 3.1

12.6 ± 2.5

2.2

5

8.7 ± 1.0

6.2 ± 1.9

1.4

10.6 ± 2.2

7.1 ± 2.0

1.5

10

8.0 ± 1.6

5.1 ± 1.6

1.6

9.4 ± 2.0

5.5 ± 1.8

1.7

15

7.4 ± 1.2

4.1 ± 1.8

1.8

8.5 ± 1.7

4.7 ± 1.6

1.8

20

6.8 ± 1.5

3.6 ± 1.7

1.9

8.1 ± 1.8

3.6 ± 1.5

2.1

25

6.3 ± 2.1

1.7 ± 1.1

2.0

7.7 ± 1.7

3.2 ± 1.6

2.4

30

5.9 ± 1.8

2.8 ± 1.0

2.1

7.1 ± 1.9

2.9 ± 1.4

2.5

N.B. The above values represent an average of at least 50 grains for each composition. The true aspect ratio
is likely higher due to the difficulty in manually measuring very small, elongated grains.
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There are several observations that can be made from the microstructural study
conducted in this program. First, the TiC particles were shown to be roughly equiaxed
and exhibit significant growth at higher sintering temperatures. Second, samples
containing no TiC are subject to exaggerated grain growth, with minimal elongation of
SiC grains. Finally, a small volume fraction of TiC particles is sufficient to strongly
suppress the grain growth of SiC, which in turn is expected to affect the strength and
fracture toughness of the composite. The use of α-SiC over β-SiC in the starting powder
compositions promoted the formation of equiaxed SiC grain growth and higher sintered
density. As the scope of this project was focused on understanding the strengthening and
toughening mechanisms in SiC ceramics as a result of in-situ synthesized TiC particles,
studies into the effects of using β-SiC as the starting powder were not conducted.

4.4

Mechanical Properties
It was expected that the addition of in-situ created TiC particles would influence

the mechanical properties of the SiC matrix in two ways. Firstly, the TiC particles served
to modify the growth and morphology of the SiC grains, thereby preventing the
exaggerated growth. Secondly, the addition of TiC particles is known to alter crack
propagation in SiC-TiC composites, therefore activating new toughening mechanisms
such as crack deflection or crack bridging, common in two-phase systems.

The

mechanical properties of interest in this program were hardness, fracture toughness and
four-point flexural strength.
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4.4.1 Hardness
In materials science, hardness is defined as the ability of a given material to resist
deformation, surface indentation or scratching [68]. Ceramics are amongst the hardest
known materials, which allows them to be used in applications requiring high wear
resistance. The high hardness exhibited by SiC ceramics is known to be a direct result of
the strong covalent bonds between the Si and C atoms. The hardness of TiC is close to
SiC, with some authors reporting higher values dependent on the processing techniques.
Based on this, it is expected that the presence of the TiC particles should inhibit the
dislocation motion and thus produce some increase in the hardness of SiC. Furthermore,
moderate dispersion of TiC in SiC has been shown to improve other mechanical
properties such as flexural strength and fracture toughness [13, 14].
To correlate the influence of the TiC particles on the hardness of the sintered
composites, polished samples were subjected to a series of tests. It is well accepted that
the sintered density of a compact has a strong effect on the observed mechanical
properties. Therefore, due to the additional porosity developed during fine polishing from
grain-pull out, samples tested for hardness and fracture toughness were not polished to the
same level of refinement as required for microstructural evaluation. Figure 4.14 shows the
change of relative density and hardness as a function of sintering temperature for
monolithic SiC. As expected initially, an increase in hardness was observed while no
change in density was measured. The measured increase in hardness, occurring between
the temperatures of 1825 and 1850°C, is a consequence of increased interfacial strength
(bonding) between individuals SiC grains and the crystalline grain boundary phase. The
observed decrease in hardness with a decrease in density at sintering temperatures above
1850°C indicates that porosity controls the hardness of monolithic SiC samples.
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Figure 4.14

Hardness and density of samples containing no TiC (monolithic SiC),
sintered at various temperatures.

As previously discussed, the addition of TiC particles resulted in suppressed
weight loss and the inhibition of SiC grain growth at higher sintering temperatures. The
density of composites studied in this work was further shown to depend on the volume
fraction of the TiC phase. Elimination of the additional porosity developed during the
conversion of TiO2 to TiC required higher sintering temperatures, which in turn leads to
higher losses from the reactions between SiC and Al2O3. These two processes are
therefore in competition, with the highest density being achieved within a temperature
range sufficient for rapid mass transport without extensive SiC-Al2O3 reactions. Since the
presence of the TiC particles affects the density of the system, the hardness will also be
affected by the TiC phase. The change in hardness and density as a function of TiC
volume fraction for samples sintered at 1885°C is given in Figure 4.15.
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Figure 4.15

Hardness and density of samples containing 0 – 30 vol % TiC sintered at
1885°C for 1 h.

It is clear from Figure 4.15 that the presence of TiC in the SiC matrix raises the
level of hardness for the resultant composite from ~17.2 GPa for monolithic SiC to over
20.1 GPa for SiC containing 5 vol % TiC. The contribution of the TiC particles to an
increase in hardness is expected to be limited by a concurrent reduction in density for
higher TiC volume fractions. However, despite the decrease in density, an increase in
hardness was observed for the samples containing 5 – 15 vol % TiC. A similar trend was
observed for samples sintered at other temperatures (Fig. 4.16), further inferring that
small additions of TiC can strongly affect the hardness of the SiC matrix. The notable
decrease in hardness, regardless of density, occurred at all sintering temperatures for
samples containing more than 20 vol % TiC. The reduction in hardness to values below
that of monolithic SiC indicates that a critical condition occurs at approximately 15 vol %
TiC.
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Figure 4.16

Hardness and density of samples containing 0 – 30 vol % TiC sintered at
1900°C for 1 h.

As discussed above, the hardness of SiC-TiC composites is affected by both
density and TiC volume fraction. A maximum hardness (mean) of 19.8 was observed for
the monolithic SiC samples at a sintering temperature of 1850°C. Conversely, the highest
hardness of 20.1 GPa was obtained for the samples containing 5 vol % TiC sintered at
1885°C. As expected, the presence of TiC in the SiC matrix resulted in a slight
improvement to the hardness, up to a maximum addition of 15 vol % TiC.
Many authors [50, 83, 107] have noted that the hardness of ceramics, as well as
fracture toughness and strength, can be enhanced through control of the microstructure.
The use of in-situ formed TiC for inhibition of SiC grain growth is therefore
advantageous, and will be further discussed in the coming sections.
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4.4.2 Fracture Toughness
Another important structural property that determines the engineering applications
of SiC ceramics is fracture toughness. In general, fracture toughness is defined as the
energy required to create the unit surface of a crack and therefore determines the
resistance of a material to crack propagation. Cracks, which can initiate at microstructural
defects during machining or at a sharp feature on a complex shape, are known to
significantly reduce the in-service reliability of ceramic materials. Since ceramics are
known to exhibit relatively low fracture toughness, any improvement to this parameter is
highly beneficial.
While hardness was affected by both the density and phases present, fracture
toughness is strongly correlated to the microstructure developed in a sintered compact. In
this study, variations in the sintering conditions and volume fraction of TiC resulted in
changes to the microstructure and grain morphology of the sintered composite.
Appropriate tailoring of the microstructure can enhance the fracture toughness
significantly. Furthermore, interactions between the second-phase particles and a
propagating crack can lead to toughening by reducing the stress intensity at the crack tip.
Based on the observed SiC grain and TiC particle morphology, the key toughening
mechanism expected to operate in this system is crack deflection.
All fracture toughness values discussed in this study were measured using the
Vickers indentation method (ASTM C1421) for samples with high relative density. This
decision was based on the reliability of the indentation technique for fracture toughness
measurements. In this method, cracks are generated on the surface of a polished sample
using a diamond indenter and a known load. Use of this method for testing of ceramic
materials is widespread based on the ability to produce fast results in a non-destructive
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manner. Problems with this technique arise when measurements are conducted on
samples with high levels of porosity. Samples with a relative density > 96 % TD were
chosen for examination since the pull-out and inherent porosity were minimal. Large
porosity and the inability to accurately measure the indentation crack length precluded
measurements of indentation fracture toughness in samples containing 25 and 30 vol %
TiC for all sintering temperatures.
Another important test parameter, which needs to be considered, is the length of
the crack generated by the indentation. To avoid interaction between the crack tip stress
field and the residual stress developed as a result of indentation, a 20 kg load was used to
create cracks of sufficient length; at least 2.5 times the indenter diagonal. Cracks which
did not meet this criterion were therefore not included in the final calculations. The
measured fracture toughness was related to the TiC volume fraction and sintering
conditions to determine which microstructure offers the highest resistance to crack
propagation. The effect of sintering temperature on the fracture toughness of samples
containing 0 to 10 vol % TiC is presented in Figure 4.17.
Composites sintered without in-situ created TiC particles displayed fracture
toughness values increasing from 4.3 to 4.7 MPa·m0.5 over a 50 degree temperature range.
The increase in fracture toughness for monolithic SiC with respect to sintering
temperature is due to the higher volume fraction of elongated grains present at higher
temperatures. More significantly, the addition of TiC particles was observed to increase
the fracture toughness of the SiC matrix. This statement is supported by the observed
increase in small, elongated SiC grains with an increase of TiC particles in the SiC matrix
In order to further characterize the effect of TiC on fracture toughness, samples sintered
at 1885°C were prepared for measurements. Knowing the strong negative effect of
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porosity on fracture toughness, this temperature was chosen based on the ability to
produce relatively dense samples containing up to 20 vol % TiC.

Fracture Toughness (MPa·m0.5)
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Figure 4.17

Fracture toughness of samples containing 0 - 10 vol % TiC sintered at
various temperature for 1 h.

Fracture toughness as a function of the sintered density and TiC volume fraction is
plotted in Figure 4.18. Similar to hardness, there is a notable increase in fracture
toughness for samples containing a small amount of TiC (up to 10 vol %). When the
addition of TiC particles increases above ~10 vol %, the fracture toughness was observed
to continuously decrease. Again, the presence of TiC particles in the SiC matrix was
found to be beneficial in that the samples containing up to 20 vol % TiC were found to
have a higher fracture toughness than the monolithic SiC samples sintered at the same
temperature. This increase occurs in spite of a decrease in relative density, suggesting that
the density/porosity relationship is not the controlling factor in toughening for these
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compositions. The dominant factors controlling the fracture toughness of the SiC-TiC
composites appear to be the microstructure and grain morphology.
The effect of microstructure and grain morphology on fracture toughness can best
be understood by considering the role of TiC in the microstructural evolution. Changes in
the morphology of SiC grains due to the presence of TiC were discussed in Section 4.3. It
was determined that the TiC particles have a two-fold effect on the SiC matrix. First, the
smallest addition of TiC (5 vol %) resulted in a sharp decrease in the average SiC grain
size. Second, the presence of TiC inhibits the growth of equiaxed SiC grains at higher
temperatures further improving the fracture toughness through the formation of elongated
SiC grains. Consequently, toughening of the sintered compacts is a result of the direct
interaction between the TiC particles and the crack tip as well as the inhibition of SiC
grain growth.
In the present study, the highest fracture toughness of 5.7 MPa·m0.5 was obtained
for samples containing 10 vol % TiC sintered at 1900°C. By comparison, the highest
fracture toughness observed for the monolithic SiC samples was 4.7 MPa·m0.5. Evidently,
the TiC particles serve to promote the activation of toughening mechanisms such as crack
impedance and crack deflection. The drop in fracture toughness for samples containing
more than 15 vol % TiC (Fig. 4.18) indicates that in these compositions, the feature that
controls the fracture toughness shifts from grain morphology to porosity. Difficulties in
obtaining samples with density > 98 % TD for high volume fractions of TiC were well
documented (see Sec. 4.1) based on the additional porosity associated with the TiO2 to
TiC conversion.
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According to Wagh et al. [108], the dependence of fracture toughness on porosity
can be expressed as:
m

(4.2)

P
KIC
= KIC · (1 − V )

where KICP is the fracture toughness of a material containing porosity, KIC is the fracture
toughness of a pore-free material, V is the pore volume fraction and m is a constant. As
indicated by Eq. 4.2, a higher volume fraction of porosity leads to a decrease in the
fracture toughness. Therefore the toughening mechanisms activated for samples
containing 5 and 10 vol % TiC were not able to overcome the negative effect of porosity
in samples containing a higher volume fraction of the TiC phase.
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Figure 4.18

Fracture toughness and density of samples containing 0 – 20 vol % TiC
sintered at 1885°C for 1 h.

Based on the nature of the SiC grains it can be assumed that the fracture toughness
of an equiaxed SiC grain structure, similar to the existing structure produced in this work,
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is ~4.5 MPa·m0.5. Considering that the TiC particles were found to be roughly equiaxed,
their contribution to the overall toughness can be estimated by [87]:
(KIC )sphere = Km (1 + 0.87Vp )

(4.3)

where Vp is the volume fraction of the second-phase particles. Taking the value of Km to
be approximately 4.5 MPa·m0.5, the toughening due to crack deflection for various
volume fractions of TiC particles was calculated and is presented in Table 4.6. For
samples containing up to 15 vol % TiC particles, the calculation predicts a lower fracture
toughness than experimentally observed. Toughening in this system is therefore due to a
combination of crack deflection and an additional mechanism such as crack impedance.
Table 4.6

Comparison of experimental and theoretical values (Eq. 4.3) of fracture
toughness for various volume fractions of TiC sintered at 1885°C.
KIC (MPa·m0.5)

Volume Fraction
of TiC (vol %)

Calculated*

Experimental
(mean ± 95 % CI)

5

4.7

5.3 ± 0.32

10

4.9

5.5 ± 0.38

15

5.1

5.2 ± 0.36

20

5.3

4.8 ± 0.41

25

5.5

--

30

5.7

--

*Calculation assumes the particles are spherical and uniformly dispersed.

Further characterization of the toughening mechanisms operating in the SiC-TiC
composites was accomplished via SEM examination, which will be discussed in the
following section.
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4.4.2.1 Observed Toughening Mechanisms
So far, the increase in fracture toughness has been attributed to the grain
morphology and microstructure. As previously discussed, the key toughening
mechanisms which can operate in the SiC-TiC composites are crack bridging, deflection
and impedance. The main contribution of the TiC particles to toughening occurs by crack
deflection and crack impedance while the SiC matrix will induce crack bridging and some
deflection as well. For the most part, crack deflection occurs in microstructures displaying
relatively weak interfacial strength. The grain boundary phase created during the
crystallization of the liquid Al2O3-Y2O3 is weaker than the SiC grains or TiC particles. As
a result, the propagating crack front is able to deflect along the grain boundary rather than
moving through the matrix. Furthermore, the new geometric relationship between the
applied stress and angle of deflection (Fig. 2.14) will give rise to a reduction in the
observed stress intensity at the crack tip. The maximum toughening contributed by the
aforementioned crack bridging is known to occur for samples containing a high volume
fraction of elongated SiC grains. The microstructures detailed in Section 4.3 showed a
small increase in the volume fraction of elongated SiC grains at higher sintering
temperatures. However, as the aspect ratio can be considered relatively low (l/d < 2.5), it
is expected that crack bridging contributed some, but not an appreciable amount, to the
overall toughening.
The crack propagation and the origin of toughening mechanisms operating in the
monolithic SiC and SiC-TiC composites was observed by SEM examination on the
surface of un-etched, polished samples. As expected, in the case of monolithic SiC,
cracks propagate predominantly along the weak grain boundary phase (Fig. 4.19).
However, in samples containing TiC, the cracks were observed to change direction when
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confronted by a stronger SiC grain (dark grey) or TiC particle (white), confirming the
toughening was due to deflection (Figs. 4.20 and 4.21). Additional toughening by crack
deflection is expected to result from the residual tensile stress generated within the YAG
phase upon cooling from the fabrication temperature. Under these conditions, the
propagating crack will be attracted by the tensile stresses and move between the SiC
grains in a non-planar manner, generally referred to as inter-granular. However, in some
circumstances, the crack was found to propagate trans-granularly (Fig. 4.22), which was
not previously considered. Since the system displayed both trans-granular and intergranular crack propagation, it is reasonable to assume that the crystalline interface is
mostly weak, but still strong enough to prevent easy pull-out of the SiC grains.

Figure 4.19 SEM micrograph of a sample with 0 vol % TiC sintered at 1900°C. Crack
propagation occurs along the grain boundary phase (light grey). (10 µm marker)
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(b)

(a)

Figure 4.20 SEM micrograph of a sample with 10 vol % TiC sintered at 1885°C. Crack
deflection occurs at (a) TiC particles and (b) SiC grains. (10 µm marker)

(a)

(b)

Figure 4.21 SEM micrograph of a sample with 15 vol % TiC sintered at 1885°C. Crack
deflection occurs at (a) TiC particles and (b) SiC grains. (10 µm marker)
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Figure 4.22 SEM micrograph of a sample with 10 vol % TiC sintered at 1885°C.
Trans-granular crack propagation is indicated by the arrow. (10 µm marker)
Thus far, direct observations of the toughening mechanisms operating in the SiCTiC composites have revealed crack deflection around the TiC particles and SiC grains.
The second mechanism, which has been discussed at length, is the pull-out of α-SiC
grains and subsequent bridging of crack surfaces. It is therefore appropriate to discuss the
role of toughening by pull-out as well as note that the phenomenon discussed in Section
4.3, with respect to polishing, is not the same as the pull-out discussed hereafter. In this
section, pull-out is synonymous with crack-bridging toughening. This mechanism
operates most effectively in systems with elongated grains and a high aspect ratio. In
microstructures with equiaxed grains, the contribution of this mechanism is expected to
be minimal. Nevertheless, while toughening by crack bridging was not directly observed
during crack propagation examinations, pull-out was found on the fracture surfaces of
strength samples.
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The ability to patently differentiate between deflection and pull-out further
complicates the analysis. Therefore, following Bucevac’s methodology [15], the two
mechanisms were distinguished by considering the visible grain edges. In the case of pullout, both edges of the SiC grains are visible whereas evidence for crack deflection
typically displays a single edge. This technique was particularly useful for characterizing
the crack-grain interaction during SEM fractography. Figures 4.23 through 4.27 show the
fracture surfaces of samples sintered at 1885°C, containing 0 to 20 vol % TiC for
comparison. As determined during the microstructural evaluation, the increasing addition
of TiC can be seen to limit the growth of the SiC grains, as well as promote the crack
deflection toughening mechanism.

(b)

(a)

Figure 4.23

SEM micrograph of a fracture surface for a sample containing 0 vol % TiC
displaying (a) deflection and (b) bridging. (20 µm marker)
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Figure 4.24 SEM micrograph of a fracture surface for a sample containing 5 vol % TiC
displaying a deflected SiC grain (arrow) surrounded by TiC (white). (10 µm marker)

(b)

(a)

Figure 4.25 SEM micrograph of a fracture surface for a sample containing 10 vol %
TiC with (a) larger TiC clusters surrounding (b) deflected SiC grains. (20 µm marker)
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(a)

(b)

Figure 4.26 SEM micrograph of a fracture surface for a sample containing 15 vol %
TiC displaying (a) deflection and (b) bridging. (10 µm marker)

Figure 4.27 SEM micrograph of a fracture surface for a sample containing 20 vol %
TiC displaying a SiC grain which fractured trans-granularly. (10 µm marker)
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An important conclusion that can be inferred from the fracture surfaces is that
toughening by crack deflection and impedance occurs mainly for SiC grains bounded by
TiC particles (e.g. Fig. 4.24). Conversely, the crack bridging mechanism was shown to
operate for relatively small SiC grains with little to no TiC in the near vicinity. This fact
matches well with the previous assertion that the presence of TiC within the SiC matrix
serves to both reduce the SiC grain size and promote equiaxed grain growth.
Consequently, it is evident that the presence of TiC particles is the main factor leading to
an increase in fracture toughness. In fact, the contribution of the in-situ produced TiC
particles to toughening was significant enough to counteract the decrease in density and
suppression of elongated SiC grains. Despite no direct observations of crack impedance
on either the polished cross-sections or fracture surfaces, it is expected that the enhanced
toughness is due to both deflection and impedance by the TiC particles.
Based on foregoing observations, a rough estimate for the contribution of the TiC
particles to toughening was made using Eq. 4.3. As shown in Table 4.6, the estimate for
toughening by crack deflection is somewhat lower than experimentally observed for
samples containing up to 15 vol % TiC. Therefore, the resultant toughness of the SiC-TiC
composites must due to crack impedance, crack bridging and crack deflection. The total
contribution of toughening by crack bridging was expected to be small based on the low
volume fraction of elongated SiC grains and the attending small aspect ratio. As a result,
crack impedance and crack deflection are be considered to be the dominant toughening
mechanisms for this ceramic system.

103

4.4.3 Strength
In structural ceramics, porosity is the microstructural defect known to control
strength. It is expected that dense samples possessing high fracture toughness, small grain
size and small inherent flaw size will produce the highest levels of strength [109]. The
ability to obtain a combination of these features was difficult in monolithic SiC
containing no TiC particles. It was determined that despite an increase in fracture
toughness with increasing sintering temperature, the majority of grain growth was
relatively equiaxed and the relative density of the sintered compacts decreased. The
additional toughening in the monolithic SiC samples was attributed to crack deflection by
large, equiaxed grains as well as pull-out by a small volume fraction of elongated grains.
While these features improved the fracture toughness, it is well understood that they are
detrimental to the strength.
The behaviour of the composite SiC-TiC system proved to be quite different from
that of monolithic SiC. Addition of TiC particles to the SiC matrix inhibited the
exaggerated equiaxed growth of the SiC grains, leading to increase in the volume fraction
of small, elongated SiC grains. These features were shown to enhance the fracture
toughness of the SiC matrix, despite a decrease in density. The strength and density of
samples with different volume fractions of TiC, sintered at 1885°C, are plotted in Figure
4.28. Similar to fracture toughness, there is an increase in strength with an addition of TiC
volume fraction up to 5 %. Above approximately 5 vol % TiC, the strength begins to
decline in line with a decrease in density (increase in porosity) up to 30 vol % TiC. While
the density of the sintered samples decreases continuously with increasing TiC volume
fraction, the strength was found to be greater than monolithic SiC in all samples
containing up to 20 vol % TiC. This is similar to the observations made in Section 4.4.2
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suggesting that the factors controlling the fracture toughness also control the strength of
the SiC matrix. The first factor is the level of porosity in the sample and the second is the
morphology of the SiC grains and TiC particles. Based on the fact that that the strength
increases in spite of a decrease in density, it is reasonable to assume that the latter is the
dominant factor in controlling the strength of the SiC-TiC system.
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Figure 4.28

Fracture strength and density of samples containing 0 – 30 vol % TiC
sintered at 1885°C for 1 h.

Similar behaviour was observed for samples with the highest density (Fig. 4.29),
regardless of sintering temperature (see Table 4.2), with the increase in strength extending
to ~10 vol % TiC. This further confirms the previous hypothesis that porosity is not the
dominant factor in controlling the strength of the composite for volume fractions of TiC
below 10 %. Furthermore, for volume fractions of TiC above 10 %, a very small decrease
in strength was measured for compositions containing up to 20 vol % TiC. A notable drop
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in strength occurred only for samples containing > ~20 vol % TiC. Clearly, the porosity
starts to control the strength in samples with very high volume fractions of TiC, where the
level of porosity exceeds ~3 vol %.
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Figure 4.29 Fracture strength and density of samples with the highest relative density
containing 0 – 25 vol % TiC sintered at various temperatures for 1 h (see Table 4.2).
The strength and fracture toughness of samples with different volume fractions of
TiC, sintered at 1885°C, are shown in Figure 4.30. The shape of the curves given in
Figure 4.30 suggest that the fracture toughness and strength are related, as both properties
increase with the addition of TiC followed by a continuous decrease. Based on the
detailed microstructural analysis, this increase in strength and toughness appears to be
controlled by the change in grain size and morphology of the SiC matrix grains. The
growth mechanisms in the monolithic SiC samples were arrested by the presence of the
TiC particles, further improving the strength and toughness by reducing the grain size and
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inducing some elongation of small SiC grains. An obvious, but important conclusion, can
be drawn through examination of the relationships between density, strength and
toughness. The best combination of mechanical properties for the SiC-TiC composite
system would be obtained through the limitation of porosity in samples containing higher
volume fractions of TiC. Although the addition of TiC particles below 20 vol % resulted
in improvements to the mechanical properties of the SiC matrix, attempts to produce
sufficiently dense, strong compacts for samples containing TiC particles above ~20 vol %
TiC were unsuccessful.
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Fracture strength and toughness of samples containing 0 – 20 vol % TiC sintered
at 1885°C for 1 h.
While the grain morphology and microstructure control the fracture strength in
this system to a large degree, the effect of porosity on strength cannot be ignored.
Analysis of the relationship between porosity and strength requires knowledge of the
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shape, size and volume fraction of the pores as well as the inherent flaw size. A rigorous,
quantitative relationship between porosity and strength of a brittle solid was developed by
Krstic [110] in 1988 and is described by:
�

πγef f E0
σf =
2 (1 − ν 2 ) (R + s)

�

1
2




· 1 +

�

4V 1 − ν

2

��

π

 1
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where γeff is the fracture energy, E0 is the Young’s modulus for a pore free material, ν is
Poisson’s ratio, R is the pore radius, s is the inherent flaw size and V is the pore volume
fraction.
The relationship between the morphology of SiC grains and pores was difficult to
accurately characterize by examination of the polished surfaces. Using SEM micrographs
of the fracture surface, a better estimate of the pore size and shape was made (Fig. 4.31).
The pore radius was determined to increase almost linearly from ~1.13 µm in the
monolithic SiC samples to ~1.74 µm in samples containing 30 vol % TiC. For simplicity,
the average pore radius was taken to be the mean of these values, approximately 1.4 µm.
The fracture energy was calculated using Eq. 2.20 while the remaining parameters
required to compute Eq. 4.4 were taken to be similar to the bulk values for SiC, available
from open literature [111]. Assuming the pore volume fraction to be equal to the observed
sample porosity, the predicted fracture strength for the samples sintered at 1885°C was
plotted against the measured values (Fig. 4.32). The plot in Figure 4.32 demonstrates
reasonable agreement between the theoretically predicted and experimentally determined
strength for samples containing up to 20 vol % TiC. This suggests that porosity does not
dominate the fracture response of the composite within this region. Somewhat larger
disagreement between the calculated and measured strength values for the monolithic SiC
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samples is a result of the noted exaggerated grain growth, which is not accounted for in
Eq. 4.4.

Figure 4.31 SEM micrograph of a fracture surface for a sample containing 10 vol %
TiC used in characterizing the size and shape of pores (black). (10 µm marker)
Having concluded that the inherent flaw size will affect the fracture response of
the SiC-TiC composites, an important consideration must be made regarding the
statistical nature of brittle fracture. It was previously noted in Section 2.4.2 that the
inherent flaws emanating from the SiC grain boundary are capable of acting as stressconcentrators and can propagate as cracks under an applied load. Statistically, the ability
of these flaws to lead to failure depends on the probability that a flaw capable of initiating
fracture at a specific applied stress is present [37]. This effect is particularly exaggerated
in single-phase anisotropic materials, such as α-SiC, where the residual stress associated
with thermal expansion anisotropy helps generate and propagate those flaws. For two-
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phase systems, such as the one studied in this work, the difference in thermal expansion
coefficients between the SiC matrix and TiC particles may further increase the formation
of flaws.
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Figure 4.32 Experimental and calculated values for fracture strength, compared with
porosity, of samples containing 0 – 20 vol % TiC sintered at 1885°C for 1 h.
The variation of strength for samples with similar levels of porosity implies that
some samples have a smaller number of large pores or a larger number of small pores.
Alternatively, some samples may contain relatively large inherent flaws, which do not
directly influence the pore volume fraction to a large extent, but will reduce the strength
of the ceramic significantly (Eq. 2.19). Given the statistical nature of brittle fracture, this
conclusion further explains the wide variation of strength observed during testing for
samples which displayed similar levels of porosity. Therefore, comprehensive
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characterization of the SiC-TiC composites requires measurements of the pore volume
fraction, pore size and inherent flaw size for each individual sample.
Although the flaw size and pore size are important in controlling the strength of a
structural ceramic, they are often independent of one another [109, 112]. The process of
flaw formation for a two-phase, anisotropic material is related to the stress created by the
difference in thermal expansion coefficients of the matrix and second-phase particles. The
importance of these stresses was described in the model developed by Krstic [81], which
assumes that the total length of a crack responsible for failure consists of the flaw size and
grain size. Although this model was developed for a single-phase anisotropic material, it
can be extended to two-phase systems where the volume fraction of the second phase is
considered low (< 20 vol %). In analyzing the microstructure of the SiC-TiC composites,
it was determined that the addition of TiC particles to the SiC matrix affects the grain size
and morphology. However, based on the increase in mechanical properties for small
additions of the TiC phase, the SiC grains are expected to be the dominant phase that
controls the fracture strength. The relationship between fracture strength and inherent
flaw size can therefore be expressed by the following equation [81]:

σf =



 12

1 
πγef f E
 − P · φanis
�
�
·
s
φa
φa
D 1+
(1 − ν 2 )
R

(4.5)

where D is the SiC grain size (D = 2R). The anisotropy constants (ϕanis and ϕa) are
described in Section 2.4.2.
It was assumed that for the samples studied in this work, the flaw size was
significantly larger than both pore size and grain size. If this assumption holds true, it
further indicates that the pore volume fraction and a microstructural analysis are not

111

sufficient to characterize the strength behaviour of a ceramic material. As demonstrated in
Eq. 4.5, the ratio between the grain size and flaw size will determine which mechanism
actively controls the strength. If the grain size is much larger than the flaw size (R >> s),
the strength will be controlled mainly by the grain size. Conversely, if the flaw size is
much larger than the grain size (s >> R), as expected for this system, the strength will be
governed by the flaw size. For materials which exhibit a large s/R ratio (> 1), Eq. 4.5 is
simplified by assuming the effect of stress concentration due to thermal expansion
anisotropy to be negligible. This assumption follows the methodology of several authors
[31, 59, 113] who also assumed s/R > 1. These authors determined the flaw size,
dependant on the sintering conditions, in pressureless sintered SiC to be between 20 and
40 µm. In the case of critical crack initiation, the fracture energy becomes:
γef f

�
�
2
1 − ν2
KIC
=
.
2E

(4.6)

Combining and rearranging Eqs. 4.5 and 4.6 (assuming ϕa → 1 and ϕanis → 0) yields the
equation for determining the inherent flaw size:

s=

2
KIC
π
−R
2
.
4σf

(4.7)

The inherent flaw size can be estimated using Eq. 4.7 and the experimentally determined
values for the fracture strength, fracture toughness and the SiC grain size. Since the SiC
grains did not undergo much elongation, the value of R was taken to be half of the major
axis. The calculated flaw size for samples sintered at 1885°C are compared to the average
SiC grain length in Figure 4.33.
The inherent flaw size was found to vary between 79 and 104 µm depending on
the volume fraction of TiC particles, which indicates that the critical crack size (2C)
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spans several SiC grains. However, in calculating the inherent flaw size with Eq. 4.7, the
value of R was taken to be equal to the average grain length. Direct measurements
determined the maximum grain length to be nearly double this value, and therefore the
actual inherent flaw size is likely smaller than the values given in Figure 4.33.
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Figure 4.33

Calculated inherent flaw size and average SiC grain length for samples
containing 0 – 20 vol % TiC sintered at 1885°C for 1 h.

In addition to its effect on the grain morphology, the presence of TiC also serves
to reduce the flaw size, which coincides with an increase in the fracture strength. For
example, the highest strength attained in this work was 566 MPa for a sample containing
5 vol % TiC sintered at 1885°C. By comparison, the highest strength obtained for the
monolithic SiC samples was 456 MPa at a sintering temperature of 1850°C. Based on the
significant improvement for the smallest addition of the TiC phase, it can be concluded
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that the SiC matrix controls the mechanical properties. The addition of TiC particles
serves to enhance these properties through various microstructural effects.
From these results it can be concluded that the local compressive stress around the
TiC particles generated upon cooling from the fabrication temperature is essential for
improving the fracture toughness and strength. The compressive nature of the residual
stress field surrounding the TiC particle is expected to suppress the formation of annular
flaws. The level of these stresses will, however, depend on the volume fraction of TiC
particles. For samples containing low volume fractions of TiC (< 10 vol %), the particle
size is small and the inter-particle spacing is high, which avoids significant interaction
between the compressive stress fields of the neighbouring TiC particles. However, when
the volume fraction of TiC is high, the probability of stress intensification becomes high
and the residual stress may serve to increase the crack opening, which reduces the
strength. Consequently, the level of TiC phase is important in indirectly improving the
mechanical properties of the SiC matrix.
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Chapter 5
Conclusions
A composite system consisting of SiC and TiC was fabricated through liquid
phase pressureless sintering. This method is considered commercially attractive based on
the ability to densify compacts at temperatures below 2000°C without the use of external
pressure typically required for SiC-TiC composites.
The TiC phase was synthesized in-situ by a stoichiometric reaction between TiO2
and C. Complete conversion of TiO2 to TiC occurred at temperatures between 1300 and
1520°C, with no side products or un-reacted TiO2 detected. The presence of the in-situ
created TiC particles had a marked effect on the density, microstructure and mechanical
properties of the sintered composites. The synthesis reaction resulted in the creation of
additional porosity; however the as-synthesized TiC particles are initially on the order of
nanometre dimensions, serving to enhance densification of the SiC compact and limit the
grain growth. It was therefore possible to sinter composites containing up to 20 vol % TiC
to densities above 97% TD. Higher volume fractions of TiC resulted in increased weight
loss and linear shrinkage.
The microstructure of sintered samples consisted of uniformly dispersed TiC
particles within a matrix of equiaxed or slightly elongated SiC grains. The presence of
TiC was found to inhibit the SiC grain growth and strongly affect the grain morphology.
Monolithic SiC samples were found to exhibit the typical exaggerated grain growth
associated with sintering at high temperatures. Addition of the TiC particles resulted in a
sharp decrease in the SiC grain size as well as an increase in the volume fraction of small,
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elongated SiC grains. Control of the microstructure in the SiC-TiC composites was found
to be significant in imparting high fracture toughness and strength. It was determined that
despite a decrease in density for samples containing TiC particles, the strength and
fracture toughness increases significantly over monolithic SiC.
Samples sintered in the presence of TiC particles displayed improved fracture
toughness, fracture strength and hardness. The highest fracture toughness of 5.7 MPa·m0.5
was measured in samples containing 10 vol % TiC. Toughening was attributed to the
activation of the crack deflection and crack impedance mechanisms due to the
thermoelastic residual stresses generated between the TiC particles and SiC grains. The
highest strength measured was 566 MPa in samples containing 5 vol % TiC.
Improvements to the fracture strength in the SiC-TiC composites were attributed to the
effect of the TiC particles on the SiC grain morphology. The contribution of the harder
TiC particles to the increase in hardness was not limited by the concurrent reduction in
density. The highest hardness measured was 20 GPa for a sample containing 5 vol % TiC.
The significant improvement in the mechanical properties for the addition of TiC
less than 10 vol % indicates that the SiC matrix controls the mechanical properties. The
presence of the TiC particles serves to enhance these properties through various
microstructural effects. A notable decrease in hardness, toughness and strength occurs for
samples containing more than 20 vol % TiC, and is attributed to an increase in the pore
volume fraction.
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Chapter 6
Future Work
The reduction in sintering temperature is beneficial for lowering the costs of
production and limiting the reactions between Al2O3 and SiC. However, samples
containing synthesized TiC require higher temperatures due to the additional porosity
generated during the TiO2 to TiC reaction. As a result, densification of the SiC-TiC
composites containing more than 20 vol % TiC could not be accomplished. Based on the
relationship between the mechanical properties and porosity, it is suggested that future
studies focus on an attempt to increase the density through post-sintering heat-treatments
or hot-pressing.
Samples in this work were sintered from α-SiC starting powder, which promotes
higher density. It is well known that the use of β-SiC can increase the fracture toughness
and strength through the formation of significantly elongated SiC grains. Future studies
should employ β-SiC starting powder and the methodology contained in this work to
determine the effect on densification and the mechanical properties.
It was also determined that the formation of in-situ TiC is possible without the
creation of detrimental side products. Future studies could explore the possibility of
creating the TiC phase in powder form, prior to compaction. In addition, the two factors
held constant for all sintering experiments in this work were the sintering time and the
volume fraction of Y2O3 / Al2O3 sintering aids. Therefore, further investigations could
examine the effects of isothermal sintering and the level of oxide additions.
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