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Abstract
Finite element models are used frequently in both engineering and scientific research. While they
can provide useful information as to the performance of materials, as length scales are decreased
more sophisticated model descriptions are required. It is also important to develop methods by
which existing models may be verified against experimental findings. The present study evaluates
the ability of various finite element models to predict materials behaviour at length scales ranging
from several microns to tens of nanometers. Considering this motivation, this thesis is provided in
manuscript form with the bulk of material coming from two case studies. Following an overview
of relevant literature in Chapter 2, Chapter 3 considers the nucleation of delta-zirconium hydrides
in a Zircaloy-2 matrix. Zirconium hydrides are an important topic in the nuclear industry as they
form a brittle phase which leads to delayed hydride cracking during reactor start-up and shutdown. Several FE models are used to compare present results with literature findings and
illustrate the weaknesses of standard FE approaches. It is shown that standard continuum
techniques do not sufficiently capture the interfacial effects of an inclusion-matrix system. By
using nano-scale material descriptions, nucleation lattice strains are obtained which are in good
agreement with previous experimental studies. The motivation for Chapter 4 stems from a
recognized need to develop a method for modeling corrosion behaviour of materials. Corrosion is
also an issue for reactor design and an ability to predict failure points is needed. Finite element
models could be used for this purpose, provided model accuracy is verified first. In Chapter 4 a
technique is developed which facilitates the extraction of sub-micron resolution strain data from
correlation images obtained during in-situ tensile deformation. By comparing image correlation
results with a crystal plasticity finite element code it is found that good agreement between the
two exists. The method outlined is material independent and could be applied to most
metallurgical studies. Chapter 5 reviews the findings of each case study and makes suggestions as
to the direction of future research.
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Chapter 1
Introduction
1.1 Motivation
Materials deformation modeling and single crystal plasticity is an area of materials
science that has gained a significant following due to increases in computational performance.
Single crystal plasticity models can be combined with finite element techniques such that
polycrystal and single-crystal material performance may be accurately predicted. This ability to
model material behaviour at the micro scale is of significant importance for the nuclear power
industry where physical testing of reactor-used components is time consuming and expensive.
Inclusions are found in most engineering materials due to a number of factors including
(but

not limited to) microstructural

strengthening techniques,

contamination during

manufacturing and in-service environmental conditions, the latter of which is of critical
importance for zirconium (Zr) alloys used in CANDU reactors. During a component’s lifespan
the elastic-plastic response of both the parent or ‘matrix’ and inclusion material at the micro-scale
is important for understanding inclusion nucleation, growth and coalescence. Within the context
of Zr alloys, hydrogen ingress over the in-service life of several components results in the
formation of a brittle phase known as zirconium hydride (ZrHX). These hydrides present potential
problems including delayed hydride cracking (DHC). The ability to model accurate hydride
geometries with sufficient resolution on scales ranging from the micro- to nano-range would
provide insight as to stress and strain magnitudes and distributions within the matrix material.
The use of three dimensional polycrystalline models can enable failure modes and
mechanisms to be predicted, thereby reducing the need for testing of actual material. This method
1

is also non-destructive which further increases its versatility. Performance criteria such as
mechanical strength and residual stress and strain distributions can be examined with high
resolution enabling the prediction of localized failure modes. Specifically, intergranular plastic
strain arises in polycrystalline materials during deformation due to crystallographic
misorientation and crystal anisotropy between adjacent grains. Continuum-based finite element
models do not capture this interaction adequately. Understanding the ability to accurately predict
zones of high plastic strain and/or strain evolution during in service usage is important for
developing the bounds for which finite element single crystal plasticity models are applicable.
Problems occur in CANDU reactor components as a consequence of these internal residual
stresses including corrosion. It is thus desirable to outline a methodology by which potential
problematic corrosion zones could be predicted, leading to a reduction in the need for physical
testing and experimentation.

1.2 Objectives
The object of this thesis is to investigate the applicability and accuracy of finite element
(FE) models for predicting material behaviour at reduced length scales. This will be achieved
through a series of case studies:


Development of a model which accurately predicts the interfacial strains around
ZrHX inclusions of realistic aspect ratios



Calculation and verification of the stress/strain state of deformed cartridge brass
samples at the sub-micron level

In each case, experimental results will be compared with FE findings and suggestions will be
made as to potential increases in accuracy.

2

1.3 Outline
This thesis has been divided into a series of sections each comprised of the case studies noted
above. The layout will be as follows:


Chapter 2 provides a review of all relevant studies performed in the past on ZrHX,
inclusion mechanics and cartridge brass including mechanical properties, FE models and
the physics of nano-scaled interfaces



Chapter 3 describes the development of a ZrHX FE model which predicts interfacial
lattice strains in a Zircaloy-2 matrix and compares results with previous findings



Chapter 4 outlines a novel technique for predicting surface strains at a sub-micron length
scale using nano-patterning methods and digital image correlation



Chapter 5 summarizes the findings of each study and proposes potential areas of future
study relevant to the experimental and modeling work of previous chapters.
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Chapter 2
Literature Review
2.1 Finite Element Modeling
The finite element method (FEM) is easily the most widely used simulation tool in
engineering mechanics. It’s development in the 1940’s and subsequent refinement in the 1960’s
has proven very useful for modeling complex material behaviour with limited computational
power. The FEM component of a materials’ model is only the solver; in order to complete a
model there are a number of input parameters which must be fulfilled. These include
component/structure geometry, mechanical boundary conditions and material properties (in the
case of this thesis a crystal plasticity model). Some fundamentals of FE analysis as they apply to
hydride modeling and crystal plasticity will be reviewed in the bulk of this section.
When considering modeling material structures and phases using FE analysis it is
important to note the scale of interest. The FEM technique functions on the assumption that the
discretization of component geometries into a mesh represents the average properties of the
whole body. More specifically, regions of the body consisting of the same macroscopic material
are discretized such that the local elements represent a continuum of that section. That is to say
that each individual mesh element responds as a continuum. This brings the issue of size effects
into consideration. When modeling nano-scaled materials, free surfaces may influence the
response of a component significantly. The limit of these effects has been studied by others
through the use of nano-indentation, thin-foil FE modeling and atomic simulations [1], [2].
Elements of the discretized geometry are connected at discrete points called nodes.
Certain nodes are prescribed fixed displacements or loads such that some input constraints are
4

applied. Parameter calculations are performed at each node and given a displacement which is
carried forward to the next iterative step. Calculations of the parameter of interest in each element
are performed using a polynomial function which controls the number of elements required for
result accuracy. Usually first and second degree polynomials are used and these contribute to the
simulation run time (ie, solving a linear parameter distribution across the element versus a
quadratic one). For the numerical integration utilized by the FEM, integrand evaluation is
performed at specific points in each element know as integration points. The number of required
integration points (IP) depends on the physical phenomenon being modeled and often sufficient
accuracy is achieved without the use of excessive IPs. For example, the stress distribution of a
simply supported beam of rectangular cross-section over its thickness ranges from tensile to
compressive in nature. To model this behaviour using FEM it is only necessary to use linear
elements as the stress distribution due to the bending moment in the beam is linear. Additionally,
only one element is required through thickness to obtain the exact analytical solution.
The scale of a material model also contributes to the decision of including a crystal
plasticity (CPFE) formulation into the simulation. For macroscopic scale FE models the use of
average (bulk material) elastic and plastic properties is considered an adequate assumption. When
modeling grain-scale maps however this assumption will fail to capture the effects that can be
observed through scanning electron microscope (SEM) experiments. Hence it is important to
consider the number of active slip systems, the latent hardening parameters of each slip system,
the single crystal stiffness tensor and the resolved shear stress on each system (ie. the Schmid
factor). Crystal plasticity provides a constitutive model representative of these parameters by
which polycrystalline material behaviour may be emulated by taking into account the interactions
of each grain or family of grains within the model (ie. slip).
5

In the context of materials science applications of FE analysis an important concept is
Voronoi tessellation. This technique provides a simple method by which grain microstructures
may be represented by a discretized mesh [3]. This allows microstructures on the order of several
hundred microns to be input as the “component” geometry into a FE simulation. Using
appropriate grain maps and single crystal constitutive laws, CPFE has been shown to provide
accurate predictions of materials behaviour including surface roughening, grain size effects, creep
and high temperature deformation, dislocation modeling, texture evolution, forming operations,
deformation twinning and nano-indentation [4].

2.2 Inclusion Mechanics
The interaction of an inclusion that has one set of properties within a matrix of a different
set of properties is of great interest in a number of materials science applications. The FE
approach described above has been used extensively to verify and compare against a number of
inclusion-matrix solutions presented in the 1950’s by Eshelby [5]. For elliptical inclusions
analytical solutions are possible to the inclusion-matrix interaction, and have been presented by
Eshelby. They have provided insight as to e.g., the stresses present in the nucleation of new
phases due to misfitting lattice structures. The elastic, elastic perfectly-plastic, elasto-plastic and
visco-plastic response of such systems has also been described [6]. The Eshelby derivation for
elliptical inclusions may be described in terms of a stress-free transformation strain, εT,(shape
change of the inclusion relative to the hole in the matrix) and an equivalent internal
inhomogeneity strain.

(2.1)
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Here the strain field in the inclusion is dependent on the transformation strain and the elastic
constants, k, of the matrix body and k1 of the equivalent inclusion[5]. For a given applied stress
field

, the inhomogeneity in the matrix could be replaced with an imaginary ‘equivalent

inclusion’ without affecting the stress distribution within the matrix. This is the fundamental
reasoning behind the Eshelby solution. It is important to note that this solution appears to be size
independent [7]. Levy and Papazian also found that the Eshelby technique does not accurately
predict non-linear behaviour in short fiber composites due to its approximate consideration of
plasticity in the matrix [8], although iterative solutions which use small increments can account
for this discrepancy. Elasto-plastic self-consistent models operate on this basis [9].

2.3 Zirconium Hydrides
Hydrides observed in reactor-grade zirconium (Zr) alloys are developed due to hydrogen
ingress from the reactor moderator. This zirconium hydride (ZrHx) phase is very brittle and can
lead to a problem known as delayed hydride cracking (DHC). There are also large lattice
parameter differences and a volume change between the unconstrained parent Zr phase and the
hydride phase [9]. These large lattice mismatches lead to significant coherency stresses around
the hydride precipitates. These stresses are important in understanding the effects of hydrogen
solubility in the Zr phase.
Three different ZrHx phases have been identified and include γ (gamma phase), δ (delta
phase) and ε (epsilon phase) hydrides. Each phase has a specific crystallographic structure and
hydrogen composition. Delta hydride nucleation appears to be most energetically favourable and
occurs during slow cool-down periods of reactor shutoff. Gamma hydrides form a metastable
phase that occurs more frequently during periods of rapid temperature change. This phase is truly
stoichiometric with a one-to-one ratio of hydrogen to zirconium atoms while the other two phases
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may exist over a range of hydrogen compositions; delta and epsilon hydrides have nominal
compositions of ZrH1.5 and ZrH2 with face-centered cubic (FCC) and face-centered tetragonal
(FCT) stuctures, respectively [9]. The variation of hydride lattice parameter with atomic ratio is
provided by Puls et al. (2012).

Figure 2.3.1: The dependence of lattice parameter on hydrogen
composition (from [9]).
By examining the difference between the molar volumes of hydride and Zr phases a hydrogen
molar volume within the hydride phase may be defined (assuming dilute conditions). For
crystalline solids, the molar volume can be calculated from the quotient of unit cell volume and
the number of stoichiometric units in each cell. Multiplying this value by Avogadro’s number
yields the molar volume or crystallographic density. Therefore, the value itself represents the
volume occupied by one mole of compound with respect to the solid’s unit cell.

(2.2)
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The value of β depends on the hydride phase in consideration and can range from 1-2 depending
on the nominal composition of the hydride [9]. For δ-hydrides this leads to a molar volume of
16.42 x 106 m3/mol Zr. This calculation may be used for volume approximations in hydride
modeling and thus accommodation energy calculations [6].
2.3.1 Dislocations and Habit Planes
Hydride nucleation is also associated with the generation of dislocations, including
dislocation loops and dipoles. Studies performed on Zircaloy-2 hydrided specimens indicate that
large hydrides contained entirely within a foil sample contained complex dislocation networks
with evidence existing for prismatic loops and dipoles [10].

Figure

2.3.2:

Schematic

showing

basal

plane

dislocations generated from hydride nucleation in a
grain of Zircaloy-2 (from [10]).

Observations made through transmission electron microscopy (TEM) indicate that most
dislocations nucleated around hydrides in Zircaloy-2 were of the 1/3a <1120> type [10]. There
was also no apparent relation between dislocation location around the hydride and the sense of
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the Burgers vector. Evidence of dislocation dipole formation around hydrides was also observed
in zirconium (pure and Zircaloy-2) samples.

Figure 2.3.3: Configuration of dislocations
around hydrides in Zircaloy-2 (from [10]).

There also exists a temperature dependence of the δ-hydride lattice parameter. Singh et al. (2007)
constructed a relationship for this dependence between 200 and 800K [11]. The volumetric
transformation strain of δ-hydrides was also found to depend on temperature, the results of which
are shown in Figure 2.3.4.
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Figure 2.3.4: Temperature dependence of δ-hydride volumetric transformation
strain (from [11]).
The plate normal transformation strain represents the strain measured normal to the hydride long
axis or, with respect to the matrix, the c-axis of the Zircaloy-2 crystal since there is a fixed
crystallographic relationship between matrix and hydride. The specifics of hydride- Zircaloy-2
crystallographic relationships will be covered in Section 2.3.3. With regard to the hydride platelet
geometry, the difference between gamma and delta hydrides should be mentioned. Through the
absorption of hydrogen into zirconium in high temperature aqueous environments, hydride
precipitation occurs in the matrix upon exceeding the terminal solid solubility (TSS) of the
material. This usually results in the formation of δ-hydride platelets or γ-hydride needles,
depending on reactor cooling rates, although non-equilibrium δ-hydride needles have been
observed [13]. Both are elliptical in shape although the needles are without well-defined edges
corresponding to the c-direction of the matrix.
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2.3.2 Mechanical Properties
Studies have also been conducted on the confined and unconfined yield strength and
Young’s modulus of zirconium hydrides. Compressive deformation results obtained by
Barraclough and Beevers on δ-hydrides indicate that no plasticity is observable below 100 ˚C
[12], [13]. Puls et al. have more recently summarized the results of these compressive
deformation experiments and have postulated that the hydriding technique employed by
Barraclough and Beevers may have introduced microcracks within the hydride specimens [14].
The lack of room temperature plasticity observed in these samples could be attributed to these
microscopic cracks. To eliminate the effects of microcracking Puls et al. performed compression
tests on hydrided samples under a hydrostatic pressure. By confining the hydride specimens under
such a pressure the effects of the microcracks present from the hydriding operation were believed
to be mitigated [14]. The results of these tests indicate that the yield strength of δ-hydrides of
composition ZrH1.66 at room temperature is approximately 990 MPa [14]. It should be noted that
the yield of these samples could have been affected by the confining pressure (which was either
1GPa or 400MPa for compressive deformation experiments). The difference was difficult to
quantify although the authors surmise that the increase is on the order of 50 to 100MPa [14]. A
load deflection curve of these specimens (provided in Figure 2.3.5) was also generated and
indicates a more gradual transition to plasticity than that observed in γ-hydrides.
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Figure 2.3.5: Load-deflection curve obtained for
room temperature δ-hydride compression tests
(from [14]).
Estimates were also made for the limit of proportionality and elastic modulus of each sample.
Here internal friction measurements and microhardness tests were used to estimate the apparent
elastic modulus of various zirconium hydrides. Results of each test method are compared in
Figure 2.3.6.
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Figure 2.3.6: Apparent modulus obtained using microhardness testing [14] (left). Elastic
modulus obtained from compression tests [14] (right).
Puls et al. mention that the apparent elastic modulus value obtained may be useful only in
indicating the decrease in modulus around the ZrH1.5 composition. Elastic modulus values were
also obtained from the compression test load-deflection curves. These results were compared with
the microhardness results and indicate that the magnitude of the apparent modulus is reasonable
[14]. In contrast the elastic modulus obtained by Syasin et al. (1989) ranged from 80 to 85 GPa
for ZrH1.66 hydride compositions [15].
2.3.3 Hydride Nucleation
As discussed there is a lattice mismatch between the zirconium phase and the hydride
phase. This mismatch causes misfit lattice strains within the zirconium matrix. This unconstrained
misfit between the two phases was characterized by Carpenter (1973) and can be used for
modeling the nucleation of δ-hydrides [16]. This δ-phase has a face centred cubic structure and a
lattice parameter of a0 = 4.778 and precipitates with a specific directional relationship relative to
the zirconium matrix.
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̅

̅

(2.3)(from [16])

Carpenter notes that due to the crystallographically isotropic FCC δ-hydride phase the anisotropy
in the misfit parameters between the hydride and matrix phases arises solely from the anisotropy
of the zirconium. The misfit parameter in each direction can then be calculated using the known
lattice parameters for each phase.
Table 2.1: Dilatational Misfit of δ- Hydrides Due to Lattice Mismatch (from [16])
Direction (Zr)

̅
[ ̅

r[uvtw] ( ̇ )

δ (%)

1.576

7.20

1.616

4.58

1.616

4.58

These misfit parameters lead to an unconstrained volume change of 17.2% that is associated with
the precipitation of δ-hydrides. These dilatational strains are very large and lead to the formation
of stresses and dislocations during precipitation. Most of this misfit strain is accommodated by
elasticity and/or plasticity in the matrix as Carpenter notes. Also important to note is the
hysteresis in terminal-solid solubility that occurs within reactor grade zirconium alloys due to a
rise in the dissolution temperature [17]. This rise has been attributed to the irreversible plastic
work that occurs within the matrix in order to accommodate the precipitating hydride.

2.4 Misfit Dislocations around Inclusions
The dislocations formed due to the large misfit strains of hydride precipitation can be of
several types. Misfit dislocations generated around inclusions in general can take the form of a
dipole with some equilibrium distance from the inclusion [18]. For nano-scaled inhomogeneities
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it is possible to calculate this distance which provides useful insight as to the plasticity around
nucleated phases. Fang et al.[18] have used a force balance argument to study the preferred
location of a misfit dislocation dipole around these types of inclusions. A force balance can be
obtained by accounting for the interaction between the dislocation and the interface, the
interaction between the two opposite sense dislocations and the interaction between the
dislocation and the misfit stress within the matrix [18]. Fang et al. refer to the experimental TEM
evidence of Wu and Weatherly [19] which supports their theory that misfit dislocations migrate to
some distance from the inclusion-matrix interface and are not precisely located at this boundary.

2.5 Coherent Interfaces
Examination of hydrided samples using TEM has shown that the hydride-matrix interface
is fully coherent surrounding needle-type δ-hydrides [17]. This is very important for
understanding how the nucleation of δ-hydrides generates misfit strain in the zirconium matrix.
Barrow et al. [17] did not observe many dislocations in focused ion beam (FIB) prepared TEM
samples of hydrided Zircaloy-2 which suggests that the coherent interface of the samples could be
contributing to the large accommodation strains measured, although it was also suggested that the
FIB preparation had provided nucleation sites for dislocations to escape since more dislocations
are found in electropolished samples. Additional studies on the nucleation of dislocations around
interfaces ([20]–[22]) have been summarized by Ashby [23]. Ashby notes that these studies
found that the nucleation of new dislocations from a coherent interface is extremely difficult and
requires local stresses of the order of G/6 (where G is the shear modulus). It was also discovered
that the plastic strain around such interfaces, assuming the inclusion particles are small, is usually
quite small (Ashby postulates plastic strains of 1%). In these types of systems deformation is
accommodated by elastic shear in the matrix. Furthermore, deformation around ‘needle’ and
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‘plate-like’ particles relies less on prismatic slip as a means of achieving compatible deformation
between matrix and inclusion when compared to more equiaxed geometries. This is caused by
local matrix rotations which are required to accommodate the extra stiffness provided by the
inclusions, especially considering the difficulty in nucleating new interface dislocations. This
effect is magnified as the aspect ratio of the particles increases, suggesting more dipole type
accommodation [23].
Hoagland et al. investigated the slip resistance of interfaces in metallic multilayer
composites [2]. Through experimental testing and atomistic modeling it was discovered that
dislocations are unable to move easily from one metallic layer to the next. This was attributed to
several factors but the principal one was the compression-to-tension in-plane coherency strains.
These strains are developed due to mismatch in the lattice parameter of each layer, very similar to
the misfit strains observed in zirconium-zirconium hydride systems. Hoagland states that the
coherency strains are completely elastic and when compared to the elastic strain at yield in the
bulk material, are usually quite large. Experimental testing showed that in-plane normal stresses
of the order of 3GPa were required in order to promote dislocation glide across a fully coherent
interface in a Cu/Ni bilayer system [2]. By comparing atomistic calculations to experimental
tests, Hoagland et al. were able to develop a relationship between ‘apparent’ flow stress and the
elastic moduli of each layer. This relationship assumes that the coherency stress is equal to the
flow stress, an assumption that correlated well with experimental findings [2]. The authors also
note that the flow stress should increase with increasing elastic moduli and misfit strains.

17

2.6 Micron-scaled Strain Mapping
The use of finite element models with crystal plasticity subroutines

allows the

deformation of micron-scaled grain maps to be simulated. The results of these simulations can
provide intergranular stress and strain distributions over a region of interest [3]. Figure 2.6.1
illustrates a bulk polycrystalline material with shared stresses among the grains.

Figure 2.6.1: Elastic anisotropy in a polycrystal and slip systems (from[4]).
Polycrystalline materials may contain grain populations which result in varying textures. Texture
may develop from mechanical deformation during forming or heat treatments and this can affect
subsequent deformation of the material due to the inherent anisotropy of the single crystal (grain).
A crystal plasticity subroutine developed by Abdolvand et al. has been used to simulate
deformation with grain orientation data [24]. By comparing simulated texture results and lattice
strains with neutron diffraction data Abdolvand et al. were able to support the validity of their
CPFE model. The validation of any model prior to use is critical in order to provide guidelines as
to the conditions and applications under which the given model provides accurate and meaningful
results. For the case of grain-length scale strain mapping, both synchrotron and neutron
diffraction methods have been used ([25]–[27]) to determine residual strain in bulk materials
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although the techniques are limited in terms of data acquisition rate, availability and cost. For
added versatility, Lei et al. ([28]) utilized optical microscopy in order to investigate the
deformation of polycrystals at a grain length scale. By analyzing data using digital image
correlation (DIC) software, the authors were able to obtain strain maps for surface deformations
at low to medium macroscopic strain amounts. Thus the use of DIC could provide the verification
needed to ensure CPFE model accuracy.

2.7 Electron Back-Scattered Diffraction (EBSD)
Crystal plasticity models require crystallographic information describing a test sample as
input. EBSD provides a method by which crystal orientation, misorientation, grain size and local
texture may be obtained. EBSD employs the use of a phosphor screen that is fluoresced by
electrons that are detected from the sample to form a diffraction pattern. EBSD detectors are
added to Scanning Electron Microscope (SEM) systems which use the microscope’s beam as the
source of incident electrons. A fraction of the incident electrons are inelastically scattered with a
small loss of energy which forms a divergent electron source close to the sample surface. Some of
the beam electrons are incident on atomic planes in the sample at angles that satisfy the Bragg
equation.
(2.4)
The Bragg equation contains the wavelength of the electrons (λ), the spacing of the diffracting
plane (d) and the angle of incidence of the electrons on the diffracting plane (θ). The diffracted
electrons form a set of large angle cones which correspond to each of the diffracted planes. These
cones produce a characteristic Kikuchi band (Kikuchi pattern shown in Figure 2.7.1) on the
phosphorus detector. These bands can be indexed for a known sample orientation and lattice
structure such that grain orientations relative to the sample orientation are obtained [29].
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Figure 2.7.1: Kossel cone detection from diffracting planes and a Kikuchi pattern (from
[24]).
The ability of the computer software to index a pattern is generally dictated by the quality of the
polish of the sample surface. Sample preparation is very important for this step with
electropolishing usually required as a final polishing step. In order to optimize the number of
detected back scattered electrons the sample is usually tilted to 70˚ relative to the electron beam.
The orientation data can be obtained over a variety of length scales with the limiting factor being
scan time. The step size of the incident beam may also be adjusted to provide more or less spatial
resolution. The resultant data provides Euler angles for each of the indexed positions which can
then be utilized for CPFE simulations [24].

2.8 Properties of Cartridge Brass
Cartridge brass is a single phase face centered cubic material which is developed in the αphase of the copper-zinc phase diagram with weight percentages of 70% Cu and 30% Zn. The
elastic properties of α-brass single crystals were determined by Chiarodo et al. (1973) with the
results summarized in Table 2.2 [30]. Due to cubic symmetry (space group

̅ ) only three

constants are required to describe the elastic stiffness tensor and these constants are provided in
Table 2.2.
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Table 2.2: Elastic Constants of α-Brass Single Crystals (from [25])
Constant (ij)

Value (GPa)

C11

151.5

C12

113.3

C44

71.9

The primary active slip system in α-brass has been shown to be the {111}<01-1> family by Hu
and Margolin [31]. Deformation of specimens up to 40% strain can be accommodated by this
main slip system as described by Kuhlmann-Wilsdorf and Wilsdorf [32]. More recent FEM
simulations have confirmed this family (specifically the (1-11)[011] and (111)[0-11] systems) to
be capable of accommodating high levels of strain in alpha brass [31]. Deformation is not usually
accommodated through twinning in alpha-brasses, however strain-induced grain growth is
possible [33]. This grain growth occurs at the expense of pre-existing annealing twins which form
readily during the heat treatment of lower stacking fault energy FCC metals.
Slip in alpha-brass has been observed to initiate primarily at grain and twin boundaries.
This has been attributed to local stress concentrations produced by elastic interactions between
grains [34]. Also of importance are the latent hardening parameters of single crystal deformation.
Latent hardening can be described as a property of ductile single crystals in which the crystals
exhibit higher hardening rates in multi-slip as opposed to single slip. This was first postulated by
Piercy et al. where the high segregation of slip in alpha-brass single crystals was attributed to
strong latent hardening [35]. Piercy et al. explain this connection by describing the difficulty one
slip system has in continuing through the active slip lines of another system. Observations of
latent hardening ratios (the ratio of the critical resolved shear stress on a latent system to that of
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the active system) in aluminum and copper single crystals have shown that FCC metals are
unlikely to undergo plastic flow through the activation of 5 homogeneous slip systems as
described by Taylor [36]. Self-hardening must also be discussed when referring to single crystal
slip and can be described as the increase in strength of a slip system due to shearing on that same
system.

2.9 In-Situ Tensile Testing and Digital Image Correlation
The aforementioned yielding and plastic flow phenomena are critical in modeling
material behaviour. Many of the slip and hardening characteristics important to understanding
material deformation may be investigated using in-situ techniques which may also provide
validation of materials models. Coupling the technique with digital image correlation provides a
powerful method of obtaining deformation characteristics over a wide range of length scales.
Spatial resolution within DIC is generally limited by analysis software parameters, image drift
during testing (considering both electron and optical microscopy) and surface feature recognition.
DIC utilizes greyscale digital images to track surface displacements between successive images to
calculate stresses and strains. Images may be obtained from a number of sources, including
optical cameras and microscopes, SEM and focused ion beam (FIB) to name a few. Correlation is
performed on each image with regard to a reference (usually the first image of the set) where grey
value patterns in each image are compared over a local subset area or ‘facet’. Facet size is chosen
such that a sufficient number of features are found in each subsequent image to allow proper
correlation. Thus it is important that surfaces be patterned such that adequate greyscale value
contrast is obtained between the surface and the correlation features. Pattern resolution has a
direct impact on the quality of correlation and therefore the accuracy of calculated displacements.
Pattern development for sample surfaces will be discussed in a subsequent section.
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Fairchild et al. [37] investigated the use of an SEM in-situ tensile stage for determining
the strain behaviour of a nickel-based superalloy. The authors observed that the average principal
strain developed during testing tended to increase with increasing Schmid factor. Moreover the
technique provided accurate strain maps through the use of DIC. Pattern development was
performed using a laser ablation process yielding a random pattern over a length scale of
approximately 400 microns. Spatial resolution was limited due to the large area that was
considered. Walley et al. [38] utilized a similar technique to investigate strain localization during
deformation at elevated temperatures . This study was performed on a large area encompassing
grains over a length nearing 1mm. The area to be examined was tracked using two microhardness
indents separated by a length of approximately 900 microns. Using the average grain size of 32
microns as a guide, electron beam (e-beam) lithography was used to generate a semi-random
speckle pattern of oxide particles. This procedure yielded a pattern comprised of 0.7 micron
square speckles with a density of approximately 17 speckles/10μm2 area. Due to the large area
examined in this study the authors found that error was introduced into the resulting displacement
maps (obtained through correlation of images captured during in-situ SEM testing at 15kV) from
beam shifting. The authors suggest using a higher magnification to obtain images to reduce this
error. Some noise in the data was also generated due to the semi-sparse DIC pattern when strains
at scales less than 5μm are considered. Data verification was dependent on the calibration of the
in-situ tensile stage load cell used as no external reference was used.
Jin et al. performed micro-scale deformation measurements using another in-situ SEM
DIC setup [39]. Tests were performed on patterned and un-patterned samples depending on the
desired data to be extracted. The natural microstructure of the test specimen was used for
generating a stress strain curve and displacement contour plots along the uniaxial direction of the
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tensile rig. As a measurement of displacement error the authors took successive images of the
sample between loading stages. Analysis of these images (depicting the specimen in the same
stress state) illustrated random displacement error that was considering negligible by the authors
when compared to the displacement magnitudes observed and the number of load steps (24
images from 0 to 4% strain).
Similar to Walley et al., Jin et al. also utilized pattern generation techniques to generate
surface features for analysis of crack tip strain distributions. Using gold sputtering with a copper
gilder grid a non-random speckle pattern with approximate density of 36 speckles/100μm2 area
was created. This coupled with the chosen imaging area of 576x491μm2 would have imposed a
limit on the accuracy of the correlated solution. However, the authors note that the change in
greyscale values in between particles enables the DIC software to correlate successive images.
The calculated strains were only verified using the in-situ tensile stage load cell and displacement
transducer which introduced some uncertainty.
Ex-situ image correlation of relatively large areas has been completed by Carroll et al.
[40] and illustrates the importance of proper alignment of each data set within the field of view .
In their study the authors examined an area measuring 800 by 700μm with Vickers indentation
markers being used as alignment aids. An initial EBSD map (step size of 1μm) of the specimen
surface was also obtained for comparison with DIC results. The Vickers markers provided
information regarding location and scale between the EBSD data set and the DIC images which
enabled the results to be stitched together. Considering the large area examined, it is no surprise
that the ex-situ correlation images obtained had to be stitched together as at 50x magnification the
field of view only encompassed an area of 140 x 104 μm2. By using image subsets such that
significant overlap was captured the authors were able to maintain subgrain level accuracy over a
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large area. It is important to note that in this study the average grain size was approximately
100μm which was necessary due to the limitations of optical microscopy. DIC pattern
development was completed using a technique outlined by Jonnalagadda et al. [41] in which 1μm
diameter Si particles were deposited onto the specimen surface using compressed air. Spatial
resolution provided by the pattern was adequate considering the large grain size of the tensile
sample.

2.10 DIC - SEM Pattern Development – a comparison between techniques
The DIC technique is a very powerful tool for examining full-field surface deformations
in many materials including polycrystalline metals. The experimental versatility of DIC originates
from its length-scale and material independence. Of critical importance to the accuracy of DIC
results is the ability to create high resolution, highly contrasted and random surface features for
image analysis. The development of these features presents a number of challenges due to the
scale of interest in SEM experiments. Recently Kammers and Daly [42] reviewed a number of
small-scale patterning methods which exist for DIC-SEM applications. The authors examined a
number of techniques and evaluated their effectiveness according to resolution, contrast and easeof-setup. Similar to Carroll et al. the authors note the importance of designating the area of
interest with some form of markers. This is critical as in most cases EBSD and DIC analysis are
performed in different SEMs due to tensile stage compatibility limitations.
Several patterning methods have been utilized previously including nanoparticle
deposition [43], photolithograpy, focused ion beam milling and e-beam lithography [44]. Focused
ion beam milling was successfully used by Sabate et al. in order to measure stress relief due to
trench milling [45]. The authors then moved to Pt deposition due to the limitations imposed by
surface milling (impossible EBSD data collection). The resulting pattern was greatly limited in
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size, covering an area of 20 x 40μm and was time consuming to produce. The authors note that
FIB would require 20 minutes to deposit a pattern covering a FOV of 10 x 10μm. The deposition
is also limited to creating feature widths no smaller than 100nm.
Nanoparticle patterning (NP) is also a potential candidate for DIC applications. Au
nanoparticles are available in diameters ranging from 2 to 250nm and provide excellent contrast
between sample surface and features. Kammers and Daly investigated the technique due to a lack
of previous publications and note that DIC patterns with particle diameters of 10nm are possible.
DIC usually relies on the use of random ‘speckle patterns’ for correlation of image subsets. These
speckle patterns form a random array of surface features which, provided there is sufficient
contrast with the sample, allow similar local facets in each image to be correlated. It has been
shown that the size of each individual speckle in the pattern largely influences the resulting
accuracy of measured displacements [46]. NP is easily completed and results in dense, highly
contrasting random patterns over large areas which yield excellent DIC results. Particle
deposition was completed using spin coating and drop casting. The major shortcoming of the
technique is the lack of repeatability and control over the patterned area. Experimental trials were
also completed on thin, rectangular substrates presenting uncertainties as to applicability to
alternate sample geometries. E-beam lithography patterning provides accurate control over
pattern location and is repeatable. The evaporation deposited Au particles also provide excellent
feature contrast however the technique is time intensive and expensive. Pattern development
using computer aided design (CAD) programs can also be time consuming due to the random
speckles required. Pattern removal post-deformation is also difficult, when desired to allow e.g.,
post-deformation EBSD.
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Kammers and Daly also refer to previous publications [47] which discuss the
implications of using an SEM system for image capture and methods used to reduce distortion.
This distortion arises due to large field of views (FOV) and the SEM scanning process. The time
which is required to capture a high pixel resolution image in an SEM can be significant enabling
artificial displacements to be introduced into the analysis from drift.

2.11 Specifics of Nanoparticle Deposition and Colloidal Techniques
Colloidal lithography techniques have been used to deposit nanoparticles on surfaces
using self-organization [48]. It is noted that through self-assembly the deposition method can be
used to produce large numbers of nano-scaled features over large areas. Thin silicon wafers were
used as substrates by Hanarp et al. to examine the coverage area of electrostatically deposited
polystyrene nanoparticles. These particles were contained in a suspension which the substrate was
exposed to. It was discovered that the amount of salt (electrolyte) in the suspension controlled the
resulting coverage density of particles. This was attributed to the suppression of electrostatic
repulsive forces between particles with increasing salt concentration, reducing the equilibrium
spacing of particles on the specimen surface. For 110nm diameter particles an area coverage ratio
of 0.52 was possible.
Fluorescent nanoparticle deposition has also been evaluated for DIC purposes as
described by Berfield et al. [49]. Using this technique, the authors were able to obtain
displacement resolutions of 20nm over a FOV of 100μm2. Nanoparticles (approximate diameter
200nm) were deposited onto the surface using spin casting at a variety of RPMs to create
different particle densities. Polydimethylsiloxane (PDMS) was chosen as a substrate as exposure
to ultraviolet light prior to spin coating enhanced particle adhesion. The authors also investigated
the potential displacement error associated with the area immediately surrounding the
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nanospheres. Given the difficulty in observing distortions surrounding 200nm particles, another
tensile test was performed using 40μm diameter particles. Local displacement field distortions
were observed surrounding the particles was although they were sufficiently small (~10μm).
When considering the scale of strain being examined and the limitations imposed by the imaging
system and the greyscale levels of the DIC images the effect was considered negligible. It is
expected that the local distortion would scale linearly with particle size.
Dip coating is a useful technique for the deposition of nanoparticles as it is relatively
simple and cheap. The particle layer formation in dip coating has been described as being driven
by convective assembly in the meniscus [50] (shown in Figure 2.11.1) or by direct absorption
from solution [51].

Figure 2.11.1: Dip coating illustrating the meniscus and convective flow (from
[46]).
The convective assembly process involves the movement of particles (nano to micro-scaled)
towards the liquid meniscus as driven by solvent evaporation. By controlling the withdrawal
speed of the substrate the particles at the meniscus condense and form a uniform layer by
capillary force. In direct absorption, particles from the bulk suspension are deposited onto the
surface through particle-substrate interactions. Particle coverage per unit area is controlled by the
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van der Waals interaction energy between particle and substrate and varies linearly with
increasing interaction energy.
The effect of colloidal nanoparticle suspension solvents and withdrawal rates was
examined by Jung et al. [52]. The authors used nano-scaled iron oxide particles (average diameter
of 9.5nm) to form random patterns on a Si substrate. They discovered that solvents containing the
shortest carbon chains were most stable and maintained particle suspension for the greatest
amount of time (~3 months) which is desirable for the generation of random, aggregate-free
patterns. The effect of withdrawal speed was quantified by examining particle coverage on TEM
samples. Test withdrawal rates varied from 0.001mm/s to 0.01mm/s with 80% particle coverage
being achieved using the slowest rate. The quickest rate yielded a particle coverage of 60%
despite being 10x faster than the slowest rate. The difference can be attributed to the number of
particles contained in the meniscus. Slower withdrawal rates allow more particles to migrate into
the meniscus for greater time periods via convective flow. This increases the particle coverage.
Further studies into spontaneous pattern formation through colloidal dip coating methods
were performed by Ghosh et al. on homogeneous glass substrates [53]. The authors noted that
below a so-called transition velocity (substrate withdrawal rate) the particle deposition was
gravity driven with particles being convected by evaporation. This regime also resulted in a nonrandom array of particles with a layer depth of several particles. As the withdrawal rate was
increased beyond the transition velocity, film entrainment was observed yielding single particle
layer patterns with no aggregates and random spacing between adjacent particles. Within this
regime the authors note that particles are larger than the wetted film thickness and therefore
cannot be convected. At a certain critical withdrawal velocity complete disorder is achieved. In
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this case the particles are free to convect randomly and result in random patterns with various
aggregate sizes. The three regimes are summarized in Figure 2.11.2.

Figure 2.11.2: The three regimes of dip coating as
described by Ghosh et al. (from [47]).
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Chapter 3
Finite Element Modeling of δ-Hydride Nucleation in Zircaloy-2
3.1 Introduction
Zirconium alloys are used in the nuclear power industry due to their favourable
mechanical properties, desirable neutronic properties and excellent corrosion performance.
However, hydrogen uptake in reactor pressure tubes and other core components during service
leads to embrittlement through the development of a brittle precipitate phase: zirconium hydride.
Hydrogen is easily absorbed by zirconium alloys in high temperature water environments with
zirconium hydride platelets or needles precipitating in the matrix when the H concentration
surpasses the terminal solid solubility (TSS) limit of the material [1]. Zirconium hydrides are
problematic as they result in a loss of ductility and toughness and can also lead to delayed hydride
cracking (DHC). Hydrogen mobility in the zirconium lattice is high; and reorientation of hydride
platelets occurs in the presence of an applied stress. During DHC, a redistribution of hydrogen
occurs through diffusion up a tensile stress gradient towards a stress concentration. Hydride
platelets grow and fracture upon reaching a critical length as the applied stress can no longer be
sustained and cracking occurs. The crack propagates until it reaches the tougher zirconium matrix
and the diffusion process resumes forming more hydrides. This DHC process is discontinuous
and results in stable step-wise crack growth.
Predicting DHC behaviour relies on the ability to simulate the expected material
properties during precipitation, including understanding the stress state surrounding the
nucleation points of hydride phases. Models have been developed [2] for predicting the loss in
toughness associated with hydride precipitation under varying cooling rates in Zircaloys. The
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phase-field method (PFM) has been utilized [3] to simulate the stresses around nucleated hydrides
and the interaction effects between adjacent hydrides. Finite element (FE) models have been used
to predict the accommodation energy of hydride nucleation [3]–[6] as well as stress states within
the zirconium matrix [4], [7] upon nucleation. These numerical results have been compared with
predictions based on the Eshelby [8] solution and generally yield lower hydrostatic stresses [4].
Most of the aforementioned models, while providing useful trend analysis and methodologies
lack geometric and morphological realism of the experimentally observed hydride phases.
Misfit strains are associated with hydride nucleation [9] and have been estimated to be
17.2% volumetrically for δ-ZrHx. These strains lead to elastic and probable plastic deformation
within the zirconium matrix in the form of dislocation loops and dipoles [10]. Evidence of large
elastic strain fields around hydride inclusions [11] supports the large volumetric expansion
calculated from lattice misfit. Dislocation punching is also evident in the c-direction of the
zirconium matrix [11] as observed by partial strain field accommodation in this orientation.
Experimental validation of the lattice misfit strains is greatly lacking as are models capable of
predicting these strains.
Previous FE studies [4], [5] have been limited by the lack of experimental data available
for the material properties of zirconium hydrides. Thus studies have used simulations in which
the matrix yield stress is varied in order to examine the influence on accommodation energy and
stress states. Additionally, the anisotropic dilation of hydride inclusions has not been reviewed in
great detail. A recent effort has been made [12] to review all existing studies of the mechanical
properties of gamma and delta hydrides in zirconium. Plastic deformation of ZrHx samples has
been conducted [13] and has shown that it is difficult to induce plasticity in unconfined
specimens under 100˚C. Elastic modulus measurements are difficult to obtain due to defects
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which may be present in hydrided samples. Confined compression tests [14] using a hydrostatic
setup enabled more accurate plasticity measurements to be made.
Recent measurements of the lattice strain due to lattice misfit between δ-ZrHx and the
zirconium matrix have been conducted [15] on hydrided Zircaloy-2 specimens. These results
present the opportunity for model development, predicting interfacial strains and accommodation
energies using realistic hydride morphologies. However difficulties arise in continuum modeling
when examining phenomena at length scales of tens of nanometers [16]. Here uniform
(continuum) material properties and the assumption of uniformity in general may not be entirely
accurate. Thus a coupled continuum-micro/nanomechanical approach is warranted. Material
elements representative of local contributions to elasticity and plasticity may be used which
capture the characteristics and structural properties of the material at this small length scale.
Understanding the stress/strain state of zirconium hydride nucleation is of great
importance to the CANDU fuel channel design [4]. Stress gradients arising from the strain field
surrounding a nucleated hydride may have a significant effect on subsequent hydride diffusion.
The capability to accurately simulate this strain distribution would also aid in the understanding
of hydride coalescence. Elastic-plastic hydride accommodation within the matrix also has an
effect on the different hydride solvus temperatures that are shown by heating and cooling
experiments [17], [18].
In the current study a finite element model is developed which simulates the nucleation of
delta-hydride platelets using accurate geometries developed from transmission electron
microscopy findings [10], [15]. Aspect ratios are varied to investigate the strain energy evolution
during the nucleation process. The model reasonably predicts the accommodation energy, stress
state and interfacial strains of the δ-ZrHx inclusion – zirconium matrix system. Results are
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compared with the nano-beam diffraction results of Barrow et al. [15]. The findings of this study
promise to aid in the understanding of delta-hydride nucleation.

3.2 Inclusion Modeling
Finite element simulations of inclusion-matrix systems have been used to model many
types of systems such as metal-matrix composites, ceramics, whisker-reinforced composites and
precipitate phases. The linear-elastic elliptical inclusion Eshelby solution is often used as a
validation tool for these applications as it provides an exact, explicit solution. Leitch and Puls [4]
developed an FE model to measure the accommodation energy of various misfitting precipitates
in a matrix. In their study various aspect ratios (defined as the ratio of major to minor axis size in
an ellipse), precipitate geometries and matrix yield stresses were used and the results were
compared to the Eshelby solution for the elastic case. For elasto-plasticity the results were
compared to an accommodation energy formulation developed by Lee et al. [19] for spherical
inclusions. In general the results showed that for increasing aspect ratios (ratio of the hydride long
axis relative to the width, with larger ratios approaching the geometry of a needle) in an
elastic/perfectly plastic matrix the accommodation energy due to precipitate dilation increased.
The authors also note that for anisotropically misfitting inclusions in an elastic-plastic matrix the
accommodation energy was reduced by approximately 60% relative to the purely elastic result.
When considering inclusions with one characteristic dimension less than 100nm it is
important to consider the strength of the interface in question (due to a breakdown of the HallPetch relation). While composites containing incoherent inclusions provide relatively little
mechanical advantage over the bulk matrix material, coherent inclusions can contribute positively
to the enhancement of physical properties. Thus for the current study it is important to provide
accurate descriptions of the physical system’s geometry and material properties. Specifically, the
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bulk versus local behaviour of each phase must be considered. These properties must be chosen in
such a way that the continuum approach of an FE analysis yields meaningful results within the
interface region of the inclusion-matrix system.

3.3 Model Background
Two separate, generic FE models were created for the current study. The first model
represented a hydride contained in a zirconium matrix under plane stress conditions. This model
was examined over a range of aspect ratios to examine the trends of internal stress state, strain
distribution and accommodation energy. Through simulation trials model parameter inadequacies
were discovered which had to be addressed before more accurate comparisons with experimental
results could be made. Thus a second, fully 3-dimensional model was created including a single,
realistic hydride aspect ratio geometry embedded in the center. This model contained more
accurate descriptions of micro to nano-scale effects that are seen to contribute significantly to the
results, but due to time constraints associated with the 3D model, was only run with a limited
number of geometries.
All simulations, including component geometry creation and mesh discretization, were
performed in the ABAQUS 6.10 user environment. Models were carried out on a Linux based
computer with 32GB of RAM.

3.3.1 Material Parameters
Each model consisted of a Zircaloy-2 matrix with a δ-ZrHx inclusion at its center. The
plane-stress model was run in the following manner: aspect ratio simulations were performed
using polycrystalline properties for aspect ratios up to 40:1. In addition, one simulation for each
40:1 aspect ratio study was performed using single-crystal properties for Zircaloy-2. This
approach enabled results to be compared with previous findings in which only polycrystals were
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considered. Single-crystal elasticity in the matrix was modeled by using an orthotropically
symmetrical stiffness tensor as defined by the ABAQUS 6.10 user manual [20]. This definition is
provided as a stiffness tensor in Equation 3.01. A set of yield ratios using Hill’s [21] description
(the yield surface equation is provided in Table 3.2) was used for matrix plasticity as an
approximation to the single crystal yield-surface; values for these ratios are taken from the work
by Zhang et al. [22]. The elastic and plastic properties of the Zircaloy-2 matrix (both isotropic and
anisotropic cases) are shown in Tables 3.1 and 3.2 respectively. The elastic moduli of single
crystal Zircaloy-2 were assumed to be equal to those reported by Fisher and Renken [23]. For
each of the nanomechanical models single-crystal elasticity and plasticity was used.

(3.01)
[

]

[

]

Table 3.1: Elastic moduli of single crystal Zircaloy-2 used for matrix elasticity (C11 = C22,
C13 = C23, C44 = C55).

Elastic Constant

Moduli Value (GPa)

C11

143.5

C33

164.9

C12

72.5

C13

65.4

C44

32.1

C66

36
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Table 3.2: Yield ratios used for describing matrix plasticity. The reference yield stress, σ y0,
is 208MPa. Hill’s yield surface can be expressed in this way such that:
(

)

(

)

(

)

Yield

Yield Constant

Anisotropic Constant

Yield Ratio

R-Value

Stresses

(Rxx*σy0)

Conversion

X (11)

Y11

R11

1

Y (22)

Y22

R22

1

Z (33)

Y33

R33

2.8

R (23)

Y23

R23

1.53

S (13)

Y13

R13

1.31

T (12)

Y12

R12

0.74

The δ-ZrHx properties were obtained through a literature review of a number of sources.
Both the elastic and plastic properties of the inclusion were assumed to be isotropic. The Young’s
modulus for δ-ZrHx of composition x = 1.66 was assumed to be equal to that obtained by Puls et
al. [14] and was taken as 85GPa. For isotropic plasticity the yield stress was assumed to be
990MPa as described by Puls et al. [14] for confined compression tests at room temperature.
Perfectly-plastic hardening behaviour was assumed for the inclusion due to the relative
uncertainty with which zirconium hydride plasticity is understood in terms of confined versus
unconfined yield and fracture. This uncertainty stems from the brittle behaviour of ZrHx and the
need for specially designed indentation experiments to determine yield with and without
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confining pressure. The density of the δ-ZrH1.66 inclusion was calculated by using the molar
volume of δ-hydride as reported by Puls [12] from the lattice parameters determined by Beck
[24]. In order to convert this molar volume into a mass density for use in the FE program the
given aspect ratio of δ-ZrH1.66 and chemical formula was used to calculate a geometric volume
and a molar mass of hydride and were calculated as 9.81 μm3 and 16.42 x 106 m3/mol Zr
respectively.

3.3.2 Orientation Relationships and Model Coordinates
The inclusion-matrix (i.e., hydride-zirconium) system model was formed using the
orientation relationships described by Carpenter [9] and Barrow et al. [15]. While the model
coordinate system was kept to its default value in ABAQUS the individual coordinate systems of
the inclusion and matrix were assigned such that the following relationships were accurately
described:
̅
(

̅
)

(

(3.02)
)

(3.03)

Thus the normal to the hydride long axis was aligned with the c-direction of the single crystal
Zircaloy-2. The

̅

direction was contained within the basal plane of the matrix and

perpendicular to the hydride long axis (ie. the matrix

̅ ). Using this setup input parameters

and aspect ratios could be modified without changing the global coordinate relationships.

3.4 FEM Modeling – Parametric Study
The volumetric lattice expansion of δ-ZrH1.66 nucleation was modeled using a pseudothermal expansion procedure. This setup is effectively a swelling but enables the user to modify
the expansion ratios and expansion anisotropy with ease. Mesh geometry of each simulation was
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created from a single base model for the aspect ratio study using the plane stress model. Aspect
ratio geometry was then modified from the parent model such that the output database for each
case could be saved for later reference.

3.4.1 FE Mesh
For the thermal expansion procedure outlined it was necessary to use coupled
temperature-displacement elements of the type C3D8T. These elements are very similar to the
standard 3D stress elements used for more conventional simulations except they include the
ability to calculate heat flux; this is a requirement for models where temperature input is used to
induce volumetric swelling. Full integration, first-order tetrahedral elements containing 8
Gaussian integration points were selected for element parameters. Mesh refinement was
performed such that model convergence was obtained (i.e. negligible change in results with
further refinement) without exacerbating computational requirements. The two distinct but related
simulation setups used placed different requirements on the meshing and will be discussed in
each of their respective sections.

3.4.2 Expansion Model
In considering the volumetric expansion of δ-ZrH1.66 inclusions a thermal expansion step
was created for both aspect ratio studies and lattice strain simulations. The step linearly increases
nodal temperatures such that the desired expansion (ie.linear strain) is obtained in each of the 11,
22 and 33 directions. This allows for both isotropic and anisotropic expansion regimes to be
considered. The equivalent temperature change applied generates the desired volumetric
expansion as provided by Carpenter [9]. Matrix plasticity is allowed by applying the temperature
increase linearly during this numerical step.. The number of increments (here controlling the time
resolution of the output) can be altered depending on hydride strain evolution requirements.
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Increasing the number of increments provides greater detail of the nucleation process and the
onset of plasticity at the expense of output file size. For the thermal expansion coefficients in
ABAQUS, all three primary (ie. 11,22,33) values are equal for the isotropic case while each is
independent in the anisotropic case. In essence, hydride nucleation is modeled by expanding a set
of elements such that for an area representing a hydride of a particular aspect ratio lattice
mismatch is developed. Thus a separate model is required for each aspect ratio to compare the
effects of geometry on accommodation energy. For the matrix expansion is restricted by
providing ‘zero’ values for the thermal coefficients in all directions.

3.4.3 Boundary Conditions
Both the plane stress and 3D models utilized periodic boundary conditions (PBC)
(described in detail by Li [25]) representative of single crystal behaviour (ie. infinitely repeating).
The PBC approach used in this study is similar to that of Abdolvand et al. [26] and has been
included in the model through a series of tie-constraints. These boundary conditions mean that the
model is a unit cell, with opposing faces of the model are tied such that the deformation of each
face is related. The volume fraction of hydride in the unit cell is ~5%, so can be considered
‘dilute’, i.e. non-interacting with the boundaries. A limitation of ABAQUS prevents node faces
from being tied to other node faces (ie. sets of nodes); however this issue can be eliminated by
constraining the movement of individual nodes to surface sets. By equating their displacements
multiple node sets may be constrained to deform in the same manner as shown in Figure 3.4.1:
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Figure 3.4.1: Description of node ties for
PBC

implementation.

The

perimeter

outlined in red encompasses the nodes
which are tied to a reference node on the
corresponding parallel face (shown as a
red marker).

(3.04)
where the ui represents the displacement in each of the x,y,z directions. In order to tie the node set
(denoted by the red outline in Figure 3.4.1) to the node set of surface EFGH an additional tie
constraint equation is implemented as:
(3.05)
where the uiR term represents the displacement of the red node on the EFGH surface of Figure
3.4.1. This intermediate constraint equation enables two node sets to be tied within the ABAQUS
user environment and the final tie constraint equation is entered as follows:
(3.06)
The equation presented has been rearranged in standard form as required by ABAQUS. Each face
required similar treatment for full implementation of PBC. It should be noted that due to the
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number of nodes in each set the computational time required to solve the prescribed constraints
increases dramatically with decreasing mesh size.
In the context of single crystal boundary conditions, the limitations and disadvantages of
PBCs should also be mentioned. In implementing PBCs any near-neighbour interactions between
surrounding grains and/or other inclusions are ignored. These interactions may be of significant
importance for situations where the inclusion size is large relative to the average grain size.
Furthermore, if a significant amount of zirconium hydride has precipitated out of solution, the
interactions between hydrides should not be neglected. PBCs also assume absolute symmetry in
terms of matrix shape changes and thus cases where shear banding was an important deformation
mechanism would result in non-negligible model inadequacies (ie. stress state and
accommodation energy).
Although ABAQUS is a unitless environment, consistency is required across all
parameters. Microns were chosen as a length scale which dictated the form of all other constants;
energy was input as pico-joules, volume as μm3, stress as MPa, mass as kg, density as kg/μm3 and
force as μN. All output results were similarly in these units.
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3.4.4 Plane Stress Model
A series of aspect ratio geometries were developed in order to observe the initial stages of
hydride nucleation. For this model the system considered was a plane stress plate with a central
inclusion. A series of four inclusions were modeled in total with varying radii (Figure 3.4.2) and
approximately constant number of mesh elements per unit volume.

Figure 3.4.2: Delta-hydride inclusions used for the model.
The aspect ratios (R) shown in Figure 3.4.2 are written with respect to the hydride long-axis (ie.
‘a’ where R = a/b). The 40:1 case represents accurate δ-ZrH1.66 morphology as described in [15].
Physically this aspect ratio represents a hydride 2μm by 0.05μm in dimension. The volume
fraction of the inclusion in each case was ≤ 5%. The base model geometry was modified in
ABAQUS in order to change the aspect ratio of the inclusion for each case. Each elliptical
inclusion was modeled as such using various r1 to r2 ratios and a constant through-thickness
dimension (ie. geometry representing platelet type morphology). Mesh sizes for each system are
provided in Table 3.3.
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Table 3.3: Mesh sizes for each of the aspect ratio systems studied.

Aspect Ratio(a/b)

Inclusion

Matrix

1:1

8600

48000

5:1

8600

60500

20:1

3500

72000

40:1

3000

112800

As can be seen the number of matrix elements increases as the inclusion geometry approaches
realistic hydride morphologies (ie. larger aspect ratios). This increase was required to accurately
capture hydride tip radius and the corresponding effects within the matrix.
Both isotropic and anisotropic expansions were considered in each system as well as
single crystal versus isotropic matrix behaviour. The expansion coefficients for each case are
given in Table 3.4. For the isotropic matrix case perfect-plasticity was assumed.
Table 3.4: Misfit strains and expansion coefficients for each model system.
Direction (ij)

Misfit Strain (%)

Strain Type and Expansion Coefficient (/K)

11

4.58

Linear – 1.749 x 10-5

22

4.58

Linear – 1.749 x 10-5

33

7.20

Linear – 2.750 x 10-5

Isotropic

17.20

Volumetric – 1.749 x 10-5 (in each direction)

Although the expansion coefficient shown for the isotropic case is equal to that of the anisotropic
case the input field temperature was modified in the model to generate the desired volumetric
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misfit strain. Apart from the thermal load provided by the step function no other external forces
were applied to the model.

3.4.5 Embedded Model (3D)
In moving from a plane stress model to a fully embedded system a number of
modifications were required. Due to the added complexity involved, only a single aspect ratio
was used for the inclusion-matrix system. This R = 40:1 inclusion was placed in a Zircaloy-2
matrix with a volume fraction of approximately 1%, representing microstructures typically
observed in zirconium systems. The molar volume of δ-ZrH1.66 used for model calculations was
considered to be

as reported in [12]. While the inclusion geometry remained

consistent with the aspect ratio model the matrix component was reconstructed entirely.

The

matrix was sectioned into two components allowing for more control of material parameters
around the inclusion. An overview is shown in Figure 3.4.3.

Figure 3.4.3: Geometry of the
embedded

hydride

model

depicting the multiple sections of
the matrix (dimensions in μm).
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The middle section of the matrix contains the inclusion and is surrounded by two single crystal
Zircaloy-2 sections. Constraints between sections were not required as the model is subdivided
using material sections (ie. the FE program reads the input as a single geometrical object).
Interface coherency between the hydride and matrix is considered in this model and contributed
to the sectioning method (coherency will be discussed in greater detail in a subsequent section).
The area surrounding the hydride is sectioned such that localized (ie. nano-scale) material
properties may be modified without affecting the long-range single crystal parameters of the
matrix. All told, the model contains 9 partition cells with descriptions as follows:


2 surrounding cells forming the bulk single crystal Zircaloy-2 matrix



Two inner parent-cells each containing a child-cell partitioned around the inclusion in the
z-direction (ie. the c-direction of the Zircaloy-2 material)



A central parent-cell partitioned to include a matrix-hydride interface zone and the δZrH1.66 inclusion

The thickness of the outer cells relative to the inclusion thickness ensured that bulk behaviour
was captured and not influenced by the free surfaces, PBCs were not used in this case.
Fully anisotropic expansion behaviour was considered in this model with expansion
ratios being equal to those provided in Table 3.4. The properties of the δ-ZrH1.66 inclusion were
considered to be isotropic (ie. yield stress, elasticity). A full set of elastic moduli and plasticity
parameters (as described in a preceding section) were used to describe the matrix. Similar to the
aspect ratio model, perfectly-plastic behaviour was assumed for both the inclusion and matrix.
3.4.5.1 Mesh
The use of several partition cells also facilitated greater control over the resulting mesh.
The three parent-cells surrounded by bulk matrix were discretized with smaller node spacings
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than the outer cells for accuracy around the interface. In order to reduce computational time
thickness control studies were performed on the outer cells such that a minimum value was
obtained without effecting results by examining the size of the stress field surrounding the
embedded hydride. These were performed such that convergence of the embedded inclusion
stress-state was obtained. These cell dimensions were used for all embedded models. For the
outer cells a linear discretization method was employed with node spacing increasing as the
distance from the model center increased. The rate at which node spacing increased along these
edges had the greatest effect on the resulting mesh in terms of element numbers. A similar
method was employed along the edges of the central parent-cells such that node spacing
decreased towards the model center. Constant seed spacing along the interface and inclusion
edges was used such that the geometry discretization did not influence the tip radius. Meshing the
entire model resulted in ~250000 tetrahedral elements.
3.4.5.2 Interface Coherency Model (MD and MD-IE)
It was desired to move beyond the ‘standard’ continuum approach, where the inherent
scale of the model does not affect the elastic or plastic behaviour (ie. bulk properties no longer
capture the physical response of the system), to model the zirconium-zirconium hydride interface
as observations from [15] indicate that interfaces are entirely coherent between the two phases.
To examine the effects of interface coherency on resulting matrix lattice strains consideration had
to be given to nano-scaled material behaviour due to the characteristic length scale of the
modeled hydrides including misfit dislocations (MD) and interface effects (MD-IE).
FE analysis assumes that the kinetic and potential energy of the system varies
continuously within each element. If ‘smooth’ energies are not achieved the mesh can be refined
until this continuity is obtained. However, the governing equations which calculate the energy of
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each element are only valid if it can be assumed that each element contains a large number of
atoms. For modeling hydrides whose width is less than 50nm across, the response of the atoms
positioned at the interface or boundary between the two phases becomes important. The rest of
this section describes the coupled continuum-nano model which is implemented such that nanoscale interface effects may be captured by standard FE solvers.
Dislocation movement around nano-inclusions is very difficult and contributes
significantly to the strength of the macroscopic system. Ashby [27] notes that the nucleation of
new dislocations from a coherent interface is very difficult, requiring extremely large local
stresses of the order G/6 (where G is the shear modulus of the matrix). Dislocation movement
from one phase to the next is impeded mainly because of the transition from tensile to
compressive stress within the system. For dual-phase interface systems flow strength follows a
Hall-Petch relation until phase layers become smaller than 50nm. Large dislocation pile-ups
around interfaces are increasingly affected by back stresses as phase layers reach this critical
value and thus fewer dislocations are found in the pile-up. The stress required to propagate a
dislocation across an interface increases as this pile-up size decreases and extreme resistance to
plasticity is observed (in some cases approaching the theoretical shear strength) [28]. For
completely coherent systems, coherency strains are entirely elastic and can be much larger than
those observed in macroscopic yield. Additionally, during the nucleation phase precipitates
remain entirely coherent and the generation of dislocation loops from the inclusion surface is
unlikely due to the large energy barrier [29]. This prevents the inclusion from lowering its
accommodation energy by plastic work.
For hydride FE analysis the effects of localized interface coherency must be considered
in order to obtain accurate lattice strain results. The behaviour of misfit dislocations due to
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dislocation punching during nucleation must also be included in the model. Dislocation dipoles
are often observed around inclusions with some intermediate equilibrium distance separating the
two from the interface. The dipole is formed from two opposite sense dislocations in the matrix
with equal but opposite Burgers vectors. The driving force for misfit dislocation dipole generation
is the reduction of misfit stresses at interfaces. The behaviour of such dipoles has been theorized
[30] with respect to nano-scale (<100nm) inhomogeneity inclusions as it applies to thin-film and
bulk nano-composites. In the context of hydride formation, it is important to understand the
equilibrium positioning of misfit dipoles at the zirconium-zirconium hydride interface in order to
differentiate between interface plasticity and single-crystal matrix plasticity. The equilibrium
positioning can be described as a force balance consisting of interactions between a dislocation
and the inclusion-matrix interface, the interaction of the two dislocations forming the dipole and
misfit stress effects. Fang et al. [30] developed an equation describing the equilibrium position of
a dipole around a spherical inhomogeneity. Examination of the equilibrium condition shows that
positioning is controlled by:
I.

The Burgers vector in the matrix

II.

The shear moduli of each phase

III.

The radius of the inclusion

IV.

The characteristic misfit strain.

An explicit solution for the equilibrium distance is not easily achieved, a problem which is
compounded by the varying radius of the hydride geometry utilized in the current model. In
moving from a linear approximation [30] to a formulation which depends on a changing hydride
radius an iterative solving process was coded in MATLAB (provided in Appendix B) to yield the
equilibrium distance dependence on hydride radius (R). The solution is provided in Figure 3.4.4
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with R varying continuously from the hydride mid-axis to the tip. The results of misfit dislocation
model were input into the FE model as an interface geometry encompassing the hydride
inclusion. Coherency effects in this zone were considered using the flow stress model of [28] for
bimetallic interfaces. The flow stress in this interface zone was derived from the expression:
(3.07)
The local flow stress depends on the elastic moduli of the δ-ZrH1.66 inclusion and the Zircaloy-2
matrix and the misfit strain due to lattice misfit.

Figure 3.4.4: Dipole equilibrium distance from the interface dependence on
varying hydride radius.
The interface zone is shown in Figure 3.4.5 and was constructed using a spline tool and
constrained to points around the hydride taken from the dipole equilibrium solution.
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Figure 3.4.5: Embedded model with matrix orientation and the interface zone with
hydride inside. The mesh geometry is also provided, indicating the element size
around the interface and tip.
Plasticity in the interface zone was characterized by assuming misfit dislocations existed in the
basal plane of the matrix. This assumption is reasonable considering that the habit plane for δZrH1.66 needles is the [0002] plane. The Burgers vector length input into the model was taken
from a single dislocation in the habit plane. The sensitivity of the equilibrium equation to the
Burgers vector was low compared to the sensitivity to the elastic moduli of each phase and the
radius of hydride (as measured in nm).
3.4.6 FE Simulation Parameters
The FE simulation time step and increment size were set in conjunction with the thermal
expansion model used for generating volumetric lattice strains. The time step used was input as
1000 into ABAQUS and allowed strain evolution during nucleation to be observed. Theoretically
the FE program could provide a solution in a single step (since no time dependent properties are
included); however convergence may be more difficult to achieve in this case. Increment size was
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reduced to ensure convergence of the solution while the time step was <100. A maximum
increment was set to 15 which prevented the solution from becoming unstable.

3.5 Results
Simulation results have been divided into two sections, the first of which discussed here
pertain to the aspect ratio study (plane stress). Stresses and strain energies are provided as a
function of aspect ratio and are partitioned into inclusion and matrix components where required.
Results are analyzed by extracting a field output from the FE solution file and selecting one of
nodal, elemental or integration point values.

3.5.1 Aspect Ratios
Hydride stresses as a function of aspect ratio are given in Figure 3.5.1 for the isotropic
case. The volumetric strain energy for the isotropic case is provided in Figure 3.5.2. Stresses
were extracted as an element average over the entire hydride region. The strain energy in each
case was obtained using nodal values and normalizing with respect to the hydride inclusion
volume. The strain energies are the summation of both plastic and elastic values. Increasing
aspect ratios represent a hydride geometry which is increasingly ‘needle-like’. The units of strain
energy have been converted to a measure which is more easily compared with previous findings.
Stresses reported are those developed within the basal plane of the Zircaloy-2 matrix. Table 3.5
displays the plastic energy fraction of accommodation for the hydride and matrix. The plastic
accommodation represents the fraction of total strain energy which is caused by plasticity and is
measured in joules/cubic meter. Plasticity appears to decrease with increasing aspect ratio as the
load is transferred to the matrix.
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Table 3.5: Volume normalized plastic accommodation fraction in the inclusion and matrix
for the isotropic case.
Aspect Ratio

Hydride

Matrix

1

0.969

0.958

5

0.749

0.920

20

0.169

0.472

40

0.166

0.185

600
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200
0

-200
-400
-600
0
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30
Aspect Ratio (x:1)
11
22
Mises

40

Figure 3.5.1: Average (element) hydride stress in the hydride for isotropic dilation.
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Figure 3.5.2: Accommodation energies (volume normalized strain energy density) for

isotropic dilation.

Anisotropic expansion results are presented in Figures 3.5.3 and 3.5.4. The results of models
utilizing single crystal Zircaloy-2 properties are also provided for comparison. In general the
inclusion is in a state of compression while the matrix is in balancing tension. Stress results
appear to follow similar trends as the isotropic case; however shear components of the stress state
are more prevalent than in the isotropic case. Strain energy does not follow the same trend in both
cases with the anisotropic simulations showing a greater dependence on aspect ratio. Absolute
values of hydride strain energy are higher in the anisotropic case. The plastic accommodation
energy fractions for each simulation are provided in Table 3.6. Significant plasticity is observed
in the hydride although plasticity is also high in the matrix when compared to isotropic dilation.
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Table 3.6: Volume normalized plastic accommodation fraction in the inclusion and matrix
for the anisotropic case.
Aspect Ratio

Hydride

Matrix

1

0.849

0.941

5

0.904

0.925

20

0.936

0.802

40

0.949

0.366
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Figure 3.5.3: Average (element) stresses in the hydride for anisotropic dilation Singlecrystal values are provided for hydrides with an aspect ratio of 40:1 for comparison.
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Figure 3.5.4: Accommodation energies (volume normalized strain energy density) for
anisotropic dilation.
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Normalized strain values are provided as a function of distance from the inclusion-matrix
interface in Figure 3.5.5. These values have been normalized with their respective dilatational
misfit strains from [9] (ie. 11, 22 – 4.58%, 33 – 7.20%). The crystallographic directions within
the Zircaloy-2 matrix are also provided. In this case the rate of strain decay in the matrix is very
high, a likely result of the inclusion properties used in the simulation, specifically yield stress.
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Figure 3.5.5: Normalized interfacial strains from 40:1 SC model as a function of location in the
hydride and matrix.
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The hydrostatic stress trends appear to be dependent on the expansion regime imposed on the
model (ie. isotropic vs. anisotropic cases) and all values are provided in Table 3.7.
Table 3.7: Hydrostatic stress component for the isotropic and anisotropic expansion cases.
Inclusion Hydrostatic Stress (σM, MPa)
Aspect Ratio (x:1)

Isotropic

Anisotropic

1

-380.71

-436.29

5

-328.41

-461.62

20

-313.04

-479.76

40

-201.00

-417.22

Significantly more plasticity is observed in larger aspect ratio inclusions in the anisotropic case
indicating that shear along the interface may cause a larger degree of strain accommodation in the
matrix. For anisotropic expansion, plasticity within the inclusion varies only slightly with
increasing aspect ratio. In this case substantial strain accommodation is provided by inclusion
plasticity, as internal stresses are larger than in the isotropic case due to matrix constraints caused
by the hydrostatic stress. The isotropic yield used for the inclusion in this case would greatly
influence the resulting matrix plasticity.
Elastic load sharing appears more significant in the isotropic case as the ratio of plasticity
in the matrix to plasticity in inclusion decreases linearly with increasing aspect ratio. Thus the
volumetric strain associated with more ‘needle-like’ inclusions is more likely to be
accommodated elastically in the isotropic case. The elastic stiffness of the matrix would
contribute significantly to this effect. Strain decay does not appear to be accurately captured by
standard plasticity at the interface due to node ties between the two material phases at the
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interface. These ties do not capture the response of the interface at the nano-scale. The
discontinuity in strain around the interface shows that at large aspect ratios matrix strain
accommodation does not contribute significantly to the total accommodation. Shear strain along
the interface large in this area and interface coherency is not captured.
3.5.2 Embedded Model (MD and MD-IE)
Using the results of the aspect ratio study to identify model weaknesses a more complex
model was developed to simulate an inclusion fully embedded within a bulk matrix. The focus of
the model design was to extract lattice strains within the Zircaloy-2 matrix from the simulation.
Inclusion geometry is taken from accurate δ-ZrH1.66 morphologies (ie. aspect ratio of 40:1).
Platelet thickness is assumed to equal the hydride width. This thickness is required to avoid edge
effects from contributing to energy distributions. Only anisotropic volumetric expansion is
considered in this case. The average stress state in the hydride inclusion, the relative
elastic/plastic accommodation energy of two interface models and matrix lattice strains are all
provided from the model. Plots of hydride energy distribution are also provided as interface
coherency can be observed in the elastic accommodation profile. Energy distributions are taken
from line averages across the hydride inclusion profile. These averages are derived from nodal
values along the centerline of the model. It is important to note that nodal values are normalized
with respect to element volume in the FE program. Thus all energies provided are with reference
to a unit volume. The use of both misfit dislocation models and interface models contribute
significantly to the resulting energy distribution and lattice strains. Comparisons of the effect of
each model are provided for reference. The plastic energy magnitude increases when interface
coherency is considered in addition to the initial misfit dislocation description. For both model
descriptions elastic strain provides the largest portion of inclusion accommodation.
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Figures 3.5.6 and 3.5.7 provide the plastic energy distribution along the hydride long
axis. Distance is provided with respect to the hydride center. From the distributions it can be seen
that the entire inclusion is in a state of plastic strain suggesting a high misfit stress. Units of
energy are in MJ/m3.
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Figure 3.5.6: Plastic energy distribution along the length of the hydride inclusion with misfit
dislocation considerations applied to the model (MD).
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Figure 3.5.7: Plastic energy distribution in the hydride inclusion with misfit dislocations
and interface effects considered (MD-IE).
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Hydride tip plasticity is more prevalent when full coherency (ie. embedded case versus aspect
ratio case) is considered in the model. It is expected that the stress-state difference between the
plane stress model and the embedded model would partially account for this observation due to
an increase in confinement and the Poisson effect, resulting in more tip plasticity accommodation.
The changes in linearity illustrated in each figure denote the point along the hydride long-axis at
which accommodation changes from being elastically dominated to being plastically dominated.
Elastic energy distributions appear more constant along the length of the hydride and in total are
higher in magnitude than the plastic component. These large energy magnitudes suggest large
lattice strains within the hydride-matrix interface region. Considering interface effects (misfit
dislocation and interface effects model, here termed MD-IE) lowers the elastic energy magnitude
of the system and increases the distance from the hydride center at which plasticity becomes
significant. Figure 3.5.8 and 3.5.9 depict the elastic energy distributions along the hydride longaxis. Hydride plasticity is larger in the MD-IE case than in the misfit dislocations case (here
termed MD), although hydride stresses in both cases are comparable. The plastic fraction of the
total accommodation energy is shown in Figures 3.5.10 and 3.5.11. In general these plots indicate
that a significant amount of volumetric dilation is accommodated through plastic strain around
the hydride tip and elastic strain surrounding the coherent interface.
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Figure 3.5.8: Elastic energy distribution in the hydride inclusion with misfit dislocation
considerations (MD) applied to the model.
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Figure 3.5.9: Elastic energy distribution in the hydride inclusion with misfit dislocations and
interface effects considered (MD-IE).
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Figure 3.5.10: Total accommodation energy due to plasticity as a fraction of the total strain
energy in the hydride inclusion with misfit dislocation considerations (MD) applied to the model.
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Figure 3.5.11: Total accommodation energy due to plasticity in the hydride inclusion with misfit
dislocations and interface effects considered (MD-IE).
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The total inclusion accommodation energy has also been calculated by taking an elementaveraged value of both elastic and plastic components. The addition of interface properties into
the model appears to reduce the elastic accommodation energy significantly. The plastic
component of this energy increases slightly which further denotes a shift in the strain relaxation
mechanism. Average plasticity around the boundary of the inclusion remains constant in this case
and plasticity around the tip increases. This suggests that the hydride tip radius has a significant
effect on the overall accommodation. Elastic-plastic energy percentages and values are provided
for each case in Figure 3.5.12.

Misfit Model (MD)
Elastic 91.38

Plastic 22.51

Interface + Misfit
Model (MD-IE)
Elastic 42.87

Aspect Ratio Model
Elastic 1.87

Plastic 34.69

Plastic 27.97
5%

20%

39%
61%
80%
95%

Figure 3.5.12: Overall accommodation energies for each model considered. Energies are provided in

MJ/m3.
The energies presented here represent the entire 3-dimensional inclusion as taken from integration
points within each element. The misfit model appears to contribute to the plastic load sharing
between the inclusion and matrix. By incorporating the misfit dislocation model into the
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simulation plasticity is shifted from the interface and into the inclusion and the bulk (>80nm from
interface) of the matrix. The interface ‘softening’ effect that arises from this shift is observed in
the reduction in elastic energy for the second case. The plastic strain initiation point can also be
observed in the simulation by examining each time-step. Interestingly, the onset of plasticity
occurred at a lower applied strain in the MD case. This suggests that the interface is capable of
elastically accommodating significant strains as observed in the MD-IE model.
Model validation was performed by extracting the lattice strains from the matrix and
comparing with experimental values. These lattice strains illustrate the directional dependence of
accommodation in the matrix. Strains decay quickly with no significant levels being observed
when distances from the interface reach 80nm. Results are provided in Figures 3.5.13 and 3.5.14
and are compared with nano-beam diffraction experiments.
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Figure 3.5.13: Lattice strains obtained from the FE model (MD) compared with nano-beam
diffraction results of Barrow et al. (broken lines, from[15]).
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Figure 3.5.14: Lattice strains obtained from the FE model (MD-IE) compared with nano-beam
diffraction results of Barrow et al. (broken lines from[15]).
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Lattice strain agreement with nano-beam diffraction results are characterized in Table 3.8.
Interface effects contribute most significantly to the strain in the c-direction of the matrix (ie. the
hydride plane normal).
Table 3.8: Lattice strain deviations between FE and nano-beam diffraction results (from
[15]).
FE Lattice Strain Deviation from Experimental Results
Distance from Zr-ZrH1.66 Interface (nm)

(from [15])(%)
MD

MD-IE

[1-100]

[11-20]

[0002]

[1-100]

[11-20]

[0002]

0

-0.28

-0.45

-3.65

-0.28

+0.80

-0.40

10

-0.29

-1.05

-3.25

-0.40

0.00

-0.55

20

-0.20

-0.90
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3.6 Discussion
In general the embedded hydride model provided more accuracy than the aspect ratio
model. From the existence of lattice strain measurements on the zirconium-zirconium hydride
interface [15] it was possible to verify the accuracy of the embedded model. Aspect ratio findings
will be compared with previous studies here followed by a similar analysis of the embedded
model results.
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3.6.1 Plane Stress Model
The inclusion energies obtained from FE simulations show that thin platelets are more
difficult to nucleate than circular platelets. Internal stresses are compressive within the inclusion
as expected. For the case of isotropic dilation the change in stress with respect to aspect ratio is
more gradual than in the anisotropic case. Furthermore, the anisotropic stress relationship appears
to have an inflection point. At this aspect ratio (approximately 6:1) changes in the stress state of
the inclusion are less pronounced than those observed during early nucleation. This finding agrees
with previous studies [9], [11], [13] which suggest that the morphology of hydrides typically
observed in metallographic samples is at least partially a consequence of the elastic anisotropy of
the Zircaloy-2 crystal. Figure 3.6.1 provides a comparison of inclusion stresses with a previous
FE modeling study from the literature [4].
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Figure 3.6.1: Average (element) hydride stresses for both isotropic and anisotropic dilation. The FE
predictions of Leitch and Puls are also provided (from[4]).

Average hydride stresses are lower than those obtained by Leitch and Puls. However, this is a
likely consequence of the yield stresses used in each simulation as the relation between aspect
ratio and stress appears consistent when absolute value is neglected. Figure 3.6.2 shows a
comparison of the plastic energy fraction between the results presented here and those of Leitch
and Puls [4]. This also accounts for the large compressive stresses obtained by Leitch and Puls. It
is expected that the general trend will remain constant. Interestingly the hydrostatic component of
the stress state increases with increasing aspect ratio, with only a slight decrease for the 40:1
aspect ratio. It is expected that this contributed to the accommodation energy result.
Inclusion accommodation energy increases with increasing aspect ratio and suggests that
plastic strain relaxation from the matrix is inhibited at these larger aspect ratios. The increase in
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hydrostatic stress makes matrix stress relaxation more difficult and inhibits the matrix’s ability to
reduce its constraint on the inclusion. Tables provided comparing the plastic energy fractions in
the matrix for both isotropic and anisotropic dilation seem to confirm this finding. Aspect ratios
of 40:1 result in plastic energies that are more than four times lower than those of circular
particles in the isotropic case. These energies are approximately three times lower for anisotropic
dilation.
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Figure 3.6.2: Plastic energy fractions for various aspect ratios. The FE predictions of Leitch and
Puls are also provided (from[4]).

Calculated accommodation energies are approximately 15% lower than those reported by
Leitch and Puls[4]. Their results indicate that for a soft matrix (relative to the inclusion)
accommodation energy reduces with increasing aspect ratio. This is an expected result as a ‘softsystem’ should reduce the hydrostatic stress. This is in contrast to the findings of increasing
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hydrostatic stress with aspect ratio; however the results in this case considered a matrix that was
plastically stiff (yield stress) relative to the inclusion. Although inclusion volumes were kept as
close to constant as possible, a slight decrease occurred in progressing from circular to needlelike hydrides due to shape changes (values are provided in Appendix C). It appears that the
isotropic dilation results are very sensitive to these changes as observed in the accommodation
energy results. The point of inflection on this plot represents a change in aspect ratio but also the
largest difference in volume between consecutive simulations. Anisotropic dilation results appear
to be much more dependent on aspect ratio and thus minute differences in volume do not
contribute significantly to the results.
Normalized strains along the interface indicate significant strain accommodation within
the inclusion. The yield stress used for simulations contributes significantly to these strains. The
importance of interface effects is also illustrated in the strain discontinuity between the hydride
and matrix. In this case the ratio of hydrostatic stress to shear stress is reduced indicating
significant shear along the interface. It is important to capture these interface contributions to the
stress state of the system so that coherency is accurately modeled. This was the driving force
behind the development of an embedded hydride model.

3.6.2 Embedded Hydride Model
The internal stress magnitudes of inclusions that were fully embedded are much higher
than those observed in the aspect ratio model. This was expected as Poisson effects contribute
more significantly to the result in fully constrained situations. An average stress in the hydride
was determined to be 950 MPa, a result which is in reasonable agreement (+/- 15%) with
previous findings [4], [31] and is equal to the ‘yield’ stress of the hydride. Inclusion stresses are
also mostly uniform with slight localization around the tip. For aspect ratios of 40:1,
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accommodation energies differ from those obtained in the plane stress model. Elastic
accommodation is approximately 50% larger when misfit dislocations are considered as opposed
to the initial study. When interface properties and dislocation models are included in the
simulation, total energy is much higher (especially elastic) than was obtained in the aspect ratio
studies. It is likely that the interface between the two phases reduces the amount of stress
relaxation that can occur via the matrix. This agrees with the large hydride stresses observed.
Energy distributions along the length of the hydride appear consistent in shape in each of
the MD and MD-IE cases; however energy magnitudes differ, a fact that is attributed to the
assumptions of interface coherency in the MD-IE model. The addition of the misfit dislocation
model yields larger elastic energies than observed during the first study with plastic strain around
the majority of the interface as well. Including interface properties in the model reduces the
elastic energy of the system but does not significantly reduce plasticity. Interestingly, plastic
energy magnitude (normalized with respect to volume) is actually larger when both interface
properties and misfit dislocation models are implemented. Plasticity is also more localized when
both models are utilized in the simulation with approximately 20% more plasticity at the tip of the
inclusion. Both models display a point along the hydride

̅

axis at which plastic

accommodation becomes increasingly important. In the interface-dislocation simulations it
appears that this shift occurs 500 nm further along the

̅

from the hydride center than in the

misfit dislocation model. This can be attributed to the resistance to local slip due to interface
coherency. This is in good agreement with TEM micrographs of delta-hydrides where dislocation
loops are observed at some distance from the matrix-hydride interface [10]. The fraction of
accommodation that is provided by plasticity is approximately 20% higher in the interfacedislocation model than the dislocation model on its own. Breaking this down further, the elastic
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accommodation energy in the interface-dislocation model is 50% lower than that observed in the
pure dislocation model. It is expected that interface elastic ‘softening’ contributes to this effect.
Total accommodation energy is also lower in the interface-dislocation model case.
Elastic energy is lower is the case where interface effects are considered. This appears to
be in agreement with nano-scale interface studies suggesting that the storage modulus of a system
drops significantly around the interface of two coherent phases [32]. The storage modulus defines
the ratio of stress to strain of a system under vibration. This modulus mapping approach can be
used for nano-scale determination of elastic moduli in materials. A drop in storage modulus
represents an increase in strain per unit of stress, or in general, added compliance. It is possible
that dislocation punching at equilibrium distances from the interface may lead to elastic softening
from a decrease in the local shear elastic constant, provided by:
(

).

(3.08)

This softening would facilitate further growth of the δ-ZrH1.66 phase as shear stresses due to
lattice mismatch would be reduced [33].
Comparing the lattice strain results with nano-beam diffraction experiments it can be seen
that lattice strain deviations are more significant in the MD case, especially at the interface. When
both nano-scale models are implemented in the simulation, (ie. MD-IE) the lattice strain
magnitudes at the interface are in agreement within +/- 0.8%. Deviations in the c-direction are
larger (+/- 1.75%) at a distance of 20 nm from the interface, although they converge as distance
from the interface increases. The addition of interface effects in the MD-IE case causes a factor of
2 increase in accommodation strain in the c-direction of the Zircaloy-2 matrix over the MD
model. This appears to be a consequence of the inherent elastic anisotropy of the Zircaloy-2 as
compliance in the c-direction allows the interface to elastically relax to greater levels than in
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either the

̅

or

̅

directions. The misfit dislocation model of [30] modified and

employed here simulates dislocation punching similar to previous studies in metal-matrix
composites [34]. Furthermore, dislocation punching is likely to occur some finite distance from
the interface in nano-scaled, coherent inclusions due to the energetically unfavourable conditions
for dislocation nucleation around the hydride-Zircaloy-2 interface. It is important to note that the
dislocation punching model requires a stiff-inclusion, soft-matrix (relative to each other) system
as all equilibrium equations defined for dislocation spacing rely on the bulk modulus of each
phase and the ratio between the two.

3.7 Conclusions
FE aspect ratio studies on δ-ZrH1.66 inclusions in a Zircaloy-2 matrix were performed and
it was found that large internal stresses are associated with hydride formation due to lattice
mismatch. Stress trends as a function of aspect ratio were in agreement with previous studies
although stress magnitudes differed by as much as 700MPa. The material properties used for the
inclusion, most notably yield stress, greatly contribute to the resulting accommodation energy of
the system and the differences noted in obtained inclusion stresses between the current model and
published values. Although larger aspect ratio inclusions are more energetically favourable at the
nano-scale from a minimization of interfacial energy, accommodation energy is actually larger
for the particles. This was attributed to the large hydrostatic stress in this case. Isotropic dilation
accommodation energies are lower than those calculated for the anisotropic scenario, most likely
due to the reduced sensitivity to aspect ratio in the isotropic case. The coherency of the δ-ZrH1.66
– Zircaloy-2 interface was considered in a fully embedded model which yielded accurate matrix
lattice strains. Nano-scaled interface properties and misfit dislocation models were critical in
obtaining lattice strains which were within +/-1.75% for the MD-IE case. Dislocation punching
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from hydride formation contributed significantly to the lattice strains in the basal plane of the
matrix while strains in the c-direction showed significant sensitivity to interface effects.
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Chapter 4
Process Development for Evaluating the Accuracy of a Crystal Plasticity
Finite Element Model – Micron Resolution Strain Mapping
4.1 Introduction
A major component of engineering design is the ability to model and predict material
failures prior to inspection. For CANDU reactor design, several key components experience a
number of degradation processes which are detrimental to metallurgical integrity. Specifically,
corrosion damage is of significant concern in both in-core and out-of-core components [1]. These
components include the fuel channels, condensers, steam generator pipes and feeder pipes. Thus,
the ability to predict corrosion localization areas in reactor materials is desirable as it would
minimize service down-time. Components of CANDU reactors have been well characterized
microstructurally and this offers useful data which could be compared with model simulations for
verification. The use of finite element (FE) simulations coupled with crystal plasticity (CPFE)
subroutines allows for grain-level microstructures to be modeled and deformation to be simulated
at sub-grain-length scales. The CPFE approach enables the effects of single crystal properties to
be captured such that accurate grain interactions and behaviours are modeled (ie. effects of grain
misorientation, slip systems, hardening).
Crystalline materials are inherently anisotropic and as such the mechanical deformation
of these materials is highly influenced by the direction of loading relative to the crystal axes.
Geometrical constraints imposed by neighboring grains also contribute significantly to this
behaviour. These loading characteristics are due to elastic anisotropy and the orientation
dependence of the activation of deformation mechanisms (ie. plasticity). It is clear that the
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material texture also contributes to these effects and must be considered. The use of CPFE models
for deformation modeling has been shown to be useful in simulating material responses to loading
[2]–[4] of 2-dimenional and 3-dimensional grain maps. Inhomogeneous mechanical responses
arising from intergranular and components of intragranular anisotropy are well captured by CPFE
methods though they are usually limited in terms of computing power. Comparisons with electron
back-scattered diffraction (EBSD) results [5], [6] enables grain rotations and grain boundary
interactions to be compared with stress localizations as calculated by CPFE models.
As is the case with any material deformation model, verification is required to assess the
accuracy and limitations of such models. Deformations at grain-length scales approaching the
sub-micron range present a difficulty for verification purposes. A number of techniques have
been used including synchrotron x-ray diffraction [7] and digital image correlation (DIC) [8]–[10]
to determine local residual stresses and strains in deformed metallographic samples. Measurement
resolutions ranging from micro- to nanometers are possible with these approaches and provide
insight as to the microstructural deformation mechanics of materials. While both techniques have
advantages, the DIC method will be investigated in this study due to its versatility.
Previous work by Abdolvand et al. [11], [12] has shown the effectiveness of a CPFE
subroutine in predicting microstructural stresses and twinning initiation in zirconium alloys. The
model is written in FORTRAN and is run as a subroutine in the ABAQUS finite element
modeling suite. Model results were compared with experimental data and found to generate
accurate stress-strain curves and lattice strains in Zircaloy-2. Texture evolution as predicted by
the model was also in good agreement with experimental findings. Model simulations were only
performed on hexagonal close packed (HCP) alloys. In relation to this work, it was desirable to
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outline a procedure which could be followed to simulate/predict corrosion localization while
validating FE models.
A single-phase face centered cubic (FCC) metal was chosen for experimentation in the
present study due to its well characterized deformation mechanisms, microstructural uniformity
and ease of corrosion studies (though the latter is not part of this thesis). This was necessary so as
to limit the number of variables associated with validating the effectiveness of an existing CPFE
code for a new material. A process was required which would provide stress/strain maps that
could be compared with CPFE results. Process development was influenced by the requirements
of DIC testing and was further constrained by the use of EBSD. This chapter outlines the entire
process and makes recommendations for technique improvements based on experimental
findings.

4.2 Background
The development of a process which can be used for deformation and corrosion modeling
required the use of several experimental and simulation techniques. The fundamentals of each
technique are outlined here and the connections between the modeling and experimental
components are illustrated.

4.2.1 CPFE Modeling
Crystal plasticity calculations were first performed by Peirce et al. [13] to study the
tensile behaviour of single crystals. It was realized that despite knowledge of fully anisotropic
crystalline material behaviour, isotropic material models were still used in FE simulations. The
CPFE method enables models to include the effects of dislocations, mechanical twinning, shear
banding, and phase transformations [14]. Generally speaking, crystal plasticity must consider
three coordinate systems. These are shape coordinates, lattice coordinates and external/laboratory
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coordinates. The shape coordinates account for the physical shape of a body which deforms in
accordance with the overall load applied to the solid. Lattice coordinates are fixed to a local
geometry such that crystallographic directions within the crystal are accurately modeled. The
combined shape change and internal lattice deformation of a CPFE model allow for internal
stresses to be computed [14]. The external coordinates describe the deformations of both the body
and the lattice such that a fixed reference is provided throughout the simulation. A deformation
gradient must also be defined for describing the kinematics of crystal plasticity, given by:
.

(4.01)

Here the deformation gradient may be defined as the product of pure rotation and pure stretching.
The total deformation gradient is comprised of elastic and plastic components. The elastic
deformation is due to the reversible response of lattice stretching in the presence of applied loads.
The plastic deformation component is irreversible and due to the motion of dislocations. The rate
of plastic deformation is the product of the corresponding deformation and velocity gradients.
When only dislocation slip is considered the velocity gradient may be defined as the sum of the
rate of shear on all active slip systems, according to:
∑ ̇
(4.02)
where vectors m and n represent the slip direction and normal to the slip plane for slip system α.
The shear rate, γα, on that slip system is also included. The summation over ‘n’ slip systems
represents the number of active systems. These kinematic descriptions capture the geometrical
aspects of CPFE while the constitutive equations provide a physics model which describes
material behaviour (ie. dislocations).
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For the constitutive models of crystal plasticity the critical resolved shear stress,

, is

considered a state variable of each slip system. Thus the rate of shear on each slip system depends
on the current resolved shear stress,

, and the critical resolved shear stress. As noted previously

[13], [15] the kinetic law for each slip system may be defined as:
̇

̇ |

|

(

)
(4.03)

As shown, the rate of shear on slip system ‘α’ is determined by the resolved shear stress on that
system and by material parameters which dictate the reference shear rate ( ̇ ) and the slip rate
sensitivity (m). It is also important to consider the influence of other slip systems, β, on the
hardening behaviour of the slip system, α, in consideration, using:
̇

∑

| ̇ |.
(4.04)

The hardening matrix,

, captures the interactions of different slip systems in the metal. It is

comprised of a series of self and latent hardening parameters. For the case of FCC metals these
are assumed to be identical for all slip systems [14].
For the application of micro-scaled deformation and mechanical testing CPFE models are
able to accurately predict the experimental results of nanoindentation, atomic force microscopy
and electron microscopy findings [14]. These models are very advantageous for use with
experimental methods at reduced length scales as they provide an opportunity for sensitivity
analysis measurements where the control of environmental variables may be difficult. They are
also useful for general engineering design in the sense that CPFE codes can be implemented in
commercial software packages and provide more accurate models. The detailed comparison of
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CPFE results with experimental findings also illustrates the versatility of the method; it is
commonplace to compare (on a microstructural level) shape changes, strains, strain paths, texture,
interface behaviour and stresses from a single simulation.

4.2.2 DIC and Patterning Methods
DIC can be used with any material at most length scales. Accuracy is dependent on a
number of factors including patterning methods, image resolution, image contrast and the
correlation package. Software utilized for image correlation usually tracks both surface features
and the greyscale values of image subsets or ‘facets’. The patterning method used for feature
generation is critical to the accuracy of surface displacement calculations. A summary of DIC
patterning techniques for grain-length scale deformation experiments was conducted by Kammers
and Daly [16] in which a number of methods were evaluated including focused ion beam (FIB),
template patterning, nanoparticle patterning and electron-beam lithography. While all methods
are viable options for DIC applications, nanoparticle deposition was chosen for the current study
due to its versatility.
Nanoparticle deposition has been evaluated previously [17]–[20] and found to provide
regular or random patterns down to a scale of tens of nanometers. Several deposition methods
exist although drop casting and spin coating are used most frequently. Drop casting involves the
application of a colloidal suspension to a sample surface using only gravity assist. The
concentration of the colloidal suspension is the controlling parameter for pattern density in this
case. Usually an additional force is required to promote the even distribution of particles along
the surface through meniscus flow. A typical drop cast pattern is shown in Figure 4.2.1.
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Figure 4.2.1: Au particles drop cast on an Al
substrate over a 100 μm2 area (from[16]).

For spin coating the additional force is provided by sample rotation at moderately high
revolutions per minute (~2000 RPM). While both of the aforementioned methods provide
adequate pattern densities they are not easily applied to metallic surfaces, especially when the
sample has considerable thickness (>1mm). Nanoparticle deposition is usually only applied to
thin samples due to the impact that meniscus height has on fluid forces within the suspension.
Polymers are also favourable candidates for this form of patterning as the application of ultraviolet (UV) light prior to coating ensures a high adhesion rate [10].
Surface patterns of sufficient quality for DIC are highly influenced by the sample
material and colloidal particles in nanoparticle deposition. The method relies on the affinity of the
particle suspension for the sample surface and thus materials with high Van der Waals forces are
desirable. Gold (Au) is often chosen because it offers sufficient attraction to most surfaces.
Another requirement of DIC is good surface-pattern contrast as DIC algorithms examine
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differences in greyscale pixels in each image. For scanning electron microscopy (SEM) purposes
Au meets this requirement as is provides excellent contrast. Providing displacement
measurements at multiple microstructural length scales also increases the accuracy of DIC.
Nanoparticle deposition meets this requirement as small agglomerates generated due to the
coating method may be an order of magnitude larger than the individual particle size. This
provides multiple reference scale upon with DIC may be performed.

4.2.3 EBSD and In-Situ SEM
EBSD is a materials characterization technique capable of capturing grain orientation,
structure, phases and texture. The combination of EBSD mapping with DIC-SEM techniques is
critical for relating localized strain measurements with microstructural features. In-situ SEM
methods also enable full-field deformation measurements to be compared with microstructural
features as the surface pattern does not inhibit imaging capabilities for the case of nanoparticle
deposition. Nanoparticle deposition is a good candidate for use with EBSD as patterns can be
removed by ultrasonic means, limiting the impact on the resulting EBSD indexing. In-situ SEM
tensile testing also presents several advantages over optical microscopy techniques. Surfacefeature contrast obtained in SEM setups is usually more pronounced than in optical applications.
The main advantage over optical microscopy, however, is the large depth of field which is
obtained through SEM imaging. This allows a large range of feature size to be captured with high
resolution and increasing the accuracy of DIC solutions.

4.3 Materials
An FCC metal alloy was chosen for experimentation in this study to evaluate the
accuracy of a FE model for predicting surface stress/strain localisation. Single-phase alpha brass
(70wt% Cu, 30wt% Zn) was desirable because of its equiaxed microstructure, well defined
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deformation mechanisms, twinning behaviour and availability. The material was obtained from
the manufacturer in an annealed state with an average grain size of 20μm. Pole figures obtained
from EBSD analysis are given in Figure 4.3.1 as an indication of initial texture. The rolling
direction (RD) was oriented horizontally, relative to the tensile samples machined from the asreceived plate. The quality of EBSD results, yield strength compared to ASTM values and
elongation to failure indicated that the plate was well recovered and annealed.

Figure 4.3.1: Pole figures of one alpha-brass tensile sample. Texture for each sample was
found to be random on average.
Previous work [21] on slip activation in alpha-brass indicates that strain may be accommodated
through two primary slip systems during the initial stages of plastic deformation (ε < 5%).
Annealing twins are also common in alpha brass as a result of lower stacking fault energy through
alloying with Zn [22]. Twin and grain boundaries provide nucleation points for slip while
intragranular slip activation is not common [23]. Cubic elastic symmetry is observed in alphabrass as is the case of all FCC metals. The elasticity constants used for CPFE modeling are
provided in Table 4.1 as calculated by Chiarodo et al. [24] for single crystals of alpha-brass.
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Table 4.1: Cubic elastic stiffness constants of alpha-brass (from[24]).
Elastic Constant

Moduli Value (GPa)

C11

151.5

C12

113.3

C44

71.9

Plasticity is accounted for in the CPFE model through the use of several slip systemdependent yielding and hardening parameters. These parameters are assumed to be equal to those
obtained by Jia et al. [25] through high-energy x-ray diffraction experiments and self-consistent
modeling of alpha-brass. Table 4.2 provides these parameters including critical resolved shear
stress (CRSS)( τ0), hardening rate (θ0), asymptotic hardening (τ1, θ1) and self (hS) and latent
hardening (hL).
Table 4.2: CPFE parameters for the strain mapping model (from [25]).
α-Brass Slip
{
}〈
〉

τ0 (MPa)
54

τ1 (MPa)
1

θ0 (MPa)
400

θ1 (MPa)
0

hS
1

hL
1

The asymptotic hardening represents the value that the work hardening vs. resolved shear stress
plot approaches at sufficiently high shear strains [26]. This stage of hardening is preceded by a
linear modified Voce-type equation and leads to a constant hardening slope through decreasing
dislocation annihilation at large dislocation densities. These large densities enable only short
dislocation segments to bow-out and annihilate, thus reducing the annihilation distance. Latent
hardening represents the tendency of single crystals to harden more quickly in multi-slip than in
single-slip [22]. Shear on a single slip system also contributes to the strength of the same system
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and increases the CRSS. This form of hardening is termed self hardening.

The parameters in

Table 5.2 mean that i) self and latent hardening are here assumed equivalent; ii) work hardening
asymptotes to zero (perfect plasticity).

4.4 Experimental
Several solutions were developed during experimentation which met the requirements of
DIC patterning, EBSD mapping, in-situ tensile testing and image correlation. As the focus of this
work was the combination of a number of experimental and computational techniques, the overall
process is provided in Figure 4.4.3 which illustrates the experimental method implemented.

Predeformation
EBSD

DIC
Patterning

In-situ
Tensile
Testing

Postdefromation
EBSD

CPFE
Simulation

DIC Image
Analysis

CPFE-DIC
Comparison

Figure 4.4.1: The experimental process given as a step-by-step outline.

4.4.1 Sample Design and Preparation
Samples were machined from a 1.6mm thick, stress-relieved cartridge brass plate
obtained from Alfa Aesar. Limitations on sample size were imposed by the SEM in-situ tensile
stage used for experimentation, specifically the gauge length. Standard dog-bone tensile
specimens could be no larger than 45mm in total length due to the maximum displacement of the
tensile stage cross-head. Also, thin α-brass plate was used to reduce the strain on the tensile stage
servo motors, preventing additional compliance. Figure 4.4.2 illustrates the specimen dimensions
and corresponding area of interest along the gauge. Machining was performed using a waterjet
cutter which was a good candidate for tooling operations due to the limited thickness of the
sample plate. This procedure provided sufficient tolerances and limited chamfering throughthickness.
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Figure 4.4.2: Dog-bone tensile sample dimensions (mm)
with the experimental area noted in the gauge region.

Twelve samples were machined in total, of which 3 were used for complete analysis including pre
and post deformation EBSD, SEM in-situ tensile testing, CPFE modeling and DIC analysis. A
fourth sample was used as a trial for the in-situ DIC process. All samples were machined with the
same initial orientation relative to the RD of the plate.
Tensile samples were polished in accordance with EBSD preparation requirements. This
polishing procedure was complicated by the specimen geometry and thus a sample mount was
machined to ensure surface parallelism. The mount also aided in achieving excellent surface as
required for accurate EBSD indexing. Mechanical polishing was completed using a five step
processes involving a 1200 grit polishing disc, 4000 grit ceramic polishing disc, 6 μm diamond
suspension, 1 μm diamond suspension and 0.05 μm colloidal silica. Polishing discs with grits less
than 1200 were found to deeply scratch the sample surface due to the softness of the α-brass. By
increasing the amount of time spent on the 1200 and 4000 grit wheels, a sufficient polish devoid
of large scratches was obtained. Further polishing was completed using an electropolish
procedure. In order to remove the samples from the polishing mounts in preparation for
electropolishing an ultrasonic bath was used to dissolve the glue used for sample mounting
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(commercial grade CRAZY glue). The electrolyte used for polishing was taken from Nan and
Ziang [27] and consisted of 20% phosphoric acid (H3PO4), 20% ethanol (C2H5OH), 10% 1Propanol (CH3CH2CH2OH) and 1% urea ((NH2)2CO) volumetrically. Distilled water comprised
the remaining 50% of the solution. Through experimentation it was found that a voltage of 25V
applied for 90 to 180 seconds provided the best surface, free of grain boundary etching and
pitting. Electrolyte flow was controlled using a magnetic stirrer.

4.4.2 EBSD Area Indentation
EBSD experiments and DIC imaging were each performed in different microscopes due
to equipment limitations. For this reason it was necessary to denote an area of interest along the
gauge length such that post-deformation EBSD analysis could be performed on the same area.
Vickers microhardness indentation markers were used to outline an area large enough to obtain a
200 by 100 μm2 EBSD map using a method similar to that of [28] although four indents were
used in this case. An example of the indentation procedure of one sample is provided in Figure
4.4.3. It was desirable for the indentation area to be larger than the EBSD map as deformation
around each indentation would affect the EBSD indexing and thus the result of the CPFE model.
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Figure 4.4.3: Vickers indents outlining the EBSD analysis area.
The scale of the EBSD map in relation to the indents is provided.

Indentation was performed following electropolishing to prevent local pitting effects and the loss
of edge definition. The indents were aligned with the loading direction of the tensile sample using
the micrometers on the hardness indenter stage. By using a set of four markers it was possible to
maintain the loading alignment of captured DIC images during testing and the EBSD index area.

4.4.3 Pre-deformation EBSD Mapping
EBSD mapping experiments were performed on a JEOL JSM-7000F field emission SEM
at the McMaster University CCEM. For imaging and EBSD purposes an accelerating voltage of
20kV with a working distance of 18.4mm was used. The micro-hardness indents were used to
locate the area of interest and sample alignment was performed such that the tensile axis was
parallel to the x-axis of the EBSD indexing box. For EBSD indexing a beam step size of 0.5μm
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was used with a box size of 200 by 100μm2. This resulted in an indexed solution comprised of
80000 data points. Figure 4.4.4 shows the resulting map overlays for samples 6, 7 and 8. In each
case indexing was greater than 93%. Kikuchi patterns with a mean angular deviation (MAD)
greater than 0.75 were set to be considered not indexable by the HKL software package.
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Figure 4.4.4: EBSD map overlays for predeformation samples including a) Sample 6,
b) Sample 7, and c) Sample 8.
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4.4.4 Control Tensile Testing
Control tests were performed on machined tensile samples prior to in-situ deformation to
determine the macroscopic yielding behaviour and ensure the uniformity of factory annealing
heat treatments. An initial tensile test was performed on an Instron tensile rig to failure using an
extensometer. The results of the test are shown in Figure 4.4.5.
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Figure 4.4.5: Macroscopic engineering stress-strain behaviour of the 70/30 brass sheet used for
experimentation (Instron data).
The sample used for control testing was machined from the same plate as the other samples. It
should be noted that the orientation of all samples relative to the initial plate was RD parallel to
the tensile axis.
For calibration purposes it was necessary to repeat the tensile control test ex-situ on the
SEM deformation rig. It was critical that strain in the gauge be accurately measured and the
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displacement transducer on the rig did not provide sufficient reliability. Thus 1 by 1.3mm strain
gauges calibrated for copper and brass specimens were obtained which provided per second
microstrain data to a maximum strain level of 3%. These gauges were attached to the underside of
each sample using an acetone soluble adhesive for removal post deformation. After attachment,
gauges were left to dry overnight prior to use (~14 hrs).

4.4.5 DIC Patterning
Several patterning techniques were attempted during this study. The area of interest on
each sample was on the order of hundreds of microns and this imposed several limitations to the
pattern process. Previous studies [29], [30] using FIB and e-beam lithography techniques were
not suitable for the current study do to length scale limitations. In order to develop dense, random
patterns over an area 200 x 100μm in size spin and dip coating nanoparticle deposition methods
were employed. Modifications had to be made to each process for adequate pattern adhesion to
the α-brass surface as nanoparticle deposition is usually performed on semiconductor surfaces.
The nano-scale particle solution used for deposition was a gamma-alumina colloid obtained from
MetLab Corp. Alumina was chosen as it met the requirements of DIC image analysis including
high contrast, features of multiple scales and random adhesion. During initial trials it was
determined that the as-received alumina suspension would require dilution due to a film that was
left on the sample surface after deposition. The film was a product of the proprietary suspension
solution used in the alumina mixture. Although films may not reduce the accuracy of DIC
algorithms they mask the sample surface such that the underlying grain structure is not visible
with sufficient resolution in the SEM. This causes difficulties in aligning subsequent image sets
with CPFE results. Therefore, the solution was diluted until a film was not developed upon
withdrawal from the suspension. The final concentration of the mixture was reduced 80% relative
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to the initial manufacturer value. More specifically a ratio of 20ml gamma-alumina suspension to
80ml of distilled water was used.
The spin coating technique was completed using a polishing wheel and a small amount of
alumina suspension. Samples were mounted in the original polishing holder and rotated at
approximately 2000 RPM. This rotational speed was required to prevent large agglomerates of
particles from dominating the resulting pattern. A dip coating method was also developed which
provided repeatable results with highly dense patterns. Dip coating is only effective when there is
sufficient agitation in the nanoparticle solution to prevent the particles from falling out of
suspension. An ultrasonic bath provided the agitation while samples were dipped in the solution
and withdrawn at a rate of approximately 0.6mm/s. The rate of withdrawal promotes particle
deposition along the meniscus leading edge without creating large agglomerates. The samples
were held along the gauge with the direction of dipping perpendicular to the sample length. This
dipping geometry prevented surface tension effects from depositing large particle densities along
the sample edges. Samples were air dried for five minutes after coating and held at in the same
orientation as the dipping procedure. Figure 4.4.6 depicts the entire process.

Figure 4.4.6: The dip coating process used in the current study. The dip-sample orientation
is shown with reference to an isometric sample view. Evaporative drying is also shown.
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The importance of the dipping orientation is easily visible in Figure 4.4.6. The film thickness
along the gauge varies due to gravity effects and this variation significantly contributes to particle
deposition. By orienting the sample as seen in Figure 4.4.6 it was possible to minimize the
variation in film thickness resulting in a more evenly distributed particle pattern. It should also be
noted that each sample required multiple dip coatings. Excellent quality patterns for DIC were
obtained by repeating the entire process ten times per sample.

4.4.6 In-situ SEM Tensile Testing
In-situ deformation and DIC imaging experiments were performed in a JEOL 640
tungsten filament SEM at a magnification of 500x and an accelerating voltage of 10kV. At this
magnification the field of view (FOV) was 250 x 200μm and encompassed an area slightly larger
than the area of interest mapped during pre-deformation EBSD experimentation. This FOV was
used so that subsequent DIC images could be aligned with the EBSD map and any image drift
could be accounted for and corrected without affecting the results. Strain gauges were attached to
each sample and connected to an external strain load cell. Each sample was then loaded into the
SEM tensile rig and attached to the SEM imaging stage. Figure 4.4.7 illustrates the experimental
setup. The SEM chamber was evacuated overnight after insertion of the tensile load stage such
that sufficient vacuum was obtained.
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Figure 4.4.7: Installation of the tensile loading rig in the SEM chamber. Only x-axis and y-axis
may be controlled during testing as the loading stage prevents z-axis rotation.
Samples were mounted on a temporary casing prior to SEM insertion to ensure surface DIC
patterns were not ruined during strain gauge attachment. The strain gauge position along the
gauge is shown in Figure 4.4.8. SEM imaging during deformation captured 1024x818 pixel
resolution images creating a set of approximately 40 images per sample. Samples were loaded to
3% macroscopic strain which was the limit of the external strain gauge. This relatively low level
of strain also prevented surface roughness from inhibiting EBSD indexing post-deformation.
Important to note is the imaging accelerating voltage of 10kV. Typically SEM imaging is
performed at 20kV levels however it was desirable to obtain images with significant contrast
between the sample surface and the nanoparticle pattern. By using a voltage of 10kV the
interaction volume is reduced and thus higher resolution of topographical features is achieved.
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Figure 4.4.8: Strain gauge orientation and
application on the tensile specimens. The epoxy
adhesive was allowed to cure overnight prior to
testing.
Loading was performed with reference to microstrain readings from the strain gauge. DIC images
were captured approximately every 600με and loading was stopped while the image position was
re-centered with reference to an initial surface feature. The use of an external strain gauge also
enabled images to be captured after load stabilization, reducing image drift and error introduced
by the slow scan speed of the SEM. The stabilized microstrain at which each image was captured
was recorded for later reference with DIC results to ensure accuracy. This slow scan speed was
required to obtain sufficiently high resolution images. Initial and final images of the entire area
denoted by the microindents were captured for aid in aligning DIC image sets and to ensure that
the tensile axis was aligned horizontally with the images.
4.4.7 CPFE Modeling
Pre-deformation EBSD results were used as inputs for the CPFE model. Several steps are
required to create an FE mesh which is representative of the grain structure obtained from EBSD.
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Specifically, Euler angles are used for assigning material orientations to different model sections
such that grains are defined. A base FE model geometry must also be constructed that is
dependent on the desired solution resolution and the step-size used for EBSD analysis. The mesh
must be fine enough to accurately recreate the sample microstructure and capture grain boundary
effects without adding superfluous resolution to the model. The lower limit of mesh element size
is dictated by the EBSD step-size as further mesh refinement does not add to the accuracy of the
results. Creating a base FE model involves calculating the number of integration points per grain
(IPG) for a given element type such that a minimum of 350 IPG is obtained in accordance with
the requirements outlined in [31]. At this minimum level of IPG the behaviour of the mesh within
a single grain reaches the average response of an actual grain. Using a mesh consisting of 45000
elements with dimensions 150 x 75 x 4 leads to an IPG value of approximately 400. This ratio
also maintains the aspect ratio of the original EBSD map. More than 3 elements are used throughthickness to prevent surface and edge effects from contributing significantly to the solution. The
complete imported CPFE model of Sample 6 is shown in Figure 4.4.9. Boundary conditions are
applied to the model such that plane stress is simulated as shown to be effective for grain
mapping CPFE models in [32]. To implement these boundary conditions displacement, rotation
and velocity constraints are applied to several surfaces. Figure 4.4.10 and the text that follows the
figure provide an overview of the applied conditions.
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Figure 4.4.9: CPFE grain mesh for Sample 6. Different colours in the mesh indicate
different material sections in ABAQUS. These sections are defined using the Euler
angles from EBSD.

Figure 4.4.10: Reference diagram of boundary conditions applied
to each CPFE model.
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Deformation was applied to the model through the use of a velocity constraint. This velocity was
calculated such that over the simulation time span the strain rate of both the model and the in-situ
test were equal to prevent discrepancies due to strain rate sensitivity. Other boundary conditions
were applied as follows:
(4.05)
(4.06)
The provided equations ensured that surface ABEF was assigned y-axis symmetry and surface
BDFH was assigned x,y,z-axis symmetry. Surfaces ABCD and EFGH were allowed to translate
and rotate freely such that Poisson effects were captured. The velocity boundary condition was
applied to Surface ACEG with an even distribution profile. Nodes mutually shared with Surface
ACEG along the edges of Surface ABEF were not assigned constraints to prevent conflicting
control equations.
A description of the complete process required to import Euler angle data into the CPFE
model is given in Figure 4.4.11. In general, several codes are required which create a set of
material, section and node sets which are used in place of the ABAQUS generated inputs. These
codes require information about the EBSD scan size and step-size as well as the generic model
element numbers.

Remove Euler
angle zero
solutions

Create sections
from Euler
angle data

Assign sections
and single
crystal
properties to
node sets

Edit ABAQUS
input file with
code gerenated
values

Inport 'new'
model into
ABAQUS and
assign
boundary
conditions

Figure 4.4.11: Flow diagram describing the process of inputting experimental data into the
CPFE model.
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Single crystal material properties are assigned to individual sections/grains using a text file which
includes full elastic moduli, active slip systems, CRSS value for each slip system, the type of
hardening and hardening parameters. Voce hardening was used for the α-brass single crystal
properties as described in [25].
4.4.8 DIC Analysis
Images obtained from in-situ SEM testing were analyzed using DIC software to
determine surface strains. Two commercially available software packages were used to ensure
result accuracy and consistency. Both Dantec Dynamics Istra 4D [33] and Correlated Solutions
VIC 2D [34] software packages performed micro-scale strain measurements on a set of
deformation images from Samples 6, 7 and 8. Some preprocessing was performed on each image
set to reduce error due to image shift-correction from each software package. This also ensured
that the analysis area was identical for both packages. The image cropping process created a set
of images of the same pixel resolution. The resolution was chosen such that all of the predeformation ESBD area, 200 x 100μm in size, was captured. Rigid body rotations are accounted
for in both software packages, although no significant rotation was observed. A series of
correlation quality maps were generated for each image set as a method by which analysis
parameters could be chosen. These maps are available in Appendix B. Comparison with CPFE
results was completed using a set of linear strain profiles along the surface of each sample. Three
profiles in the x-direction (Figure 4.4.12) were used to estimate CPFE accuracy in predicting ε11
principal strain magnitudes at various levels of known macroscopic strain.
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Figure 4.4.12: Principal strain profile analysis method used for comparison with
CPFE results. Strain profiles were taken from the same location on both DIC images
and CPFE models.
Areas of high strain/stress concentrations were also analyzed using a similar technique but at a
reduced length scale. The accuracy of the CPFE model in predicting local effects was evaluated
in this manner.

4.5 Results
4.5.1 Nanoparticle Patterning
Spin coating procedures showed that very little control over the resulting pattern was
attainable with this method. Micrographs of pre-coat and final coated areas are provided in Figure
4.5.1. Due to extremely limited repeatability, dip coating methods were applied to two of the
three samples analyzed. The experimental findings of dip coating trials indicate that several
coatings are required for the development of dense patterns. Pattern progressions are provided in
Figure 5.1.6 and provide initial and final overviews of the area of interest. Although the use of
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compressed air for solution evaporation has been suggested [35] it was found to promote
agglomeration of particles. Gravity assisted drying was required to prevent mask formation due to
nanoparticle suspension evaporation. Using a multi-step dip coating procedure it was found that
patterns were developed with high density and randomness. Micrographs of nanoparticle patterns
are provided on multiple length scales to illustrate DIC effectiveness at grain and sub-grain
scales. Particle density plots are provided in Figure 4.5.2 to illustrate the effectiveness of spin and
drop coating. Particle densities are calculated using the SEM micrographs obtained and
interpolating each image such that the RGB colour spectrum is only comprised of white and black
values.
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Figure 4.5.1: Nanoparticle deposition patterns of a) Sample 6 spin coating b) Sample 7 dip coating
c) Sample 8 dip coating. Left hand figures show initial view and right hand figures show surfaces
after completion of coating process.
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Figure 4.5.2: Nanoparticle deposition
pattern densities for a) Sample 6 b)
Sample 7 c) Sample 8. Left hand figures
show SEM image after completed coating
process. Right hand figures show black
and white thresholding of left figures.
The calculated coverage areas of the micrographs shown in Figure 4.5.2 are given in Table 4.3.
These areas were corrected for micrograph scale using a micron per pixel ratio of 0.2207. Each
sample micrograph was 67 by 71 pixels in size.
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Table 4.3: Nanoparticle coverage for each sample studied. The control area was calculated
as 232μm2 for each micrograph section analyzed.
Sample #
6
7
8

Nanoparticle Coverage Area (μm2)
4.29
20.12
14.57

Nanoparticles per Unit Control Area
61
285
206

4.5.2 In-Situ SEM Imaging
Image sets corresponding to different microstrain levels have been provided in Appendix
A. Microstrain as a function of time for each in-situ test is provided in Figures 4.5.3, 4.5.4 and
4.5.5. These results are also compared against the control macroscopic tensile test to ensure
proper function of the SEM tensile stage. The yield point of each test is shown in this comparison
(Figure 4.5.6). The strain gauge values were obtained at 1 second increments and the ‘jerky’
nature of the plot provides insight as to when images were captured. These microstrain curves
were used as references for comparing DIC data with FE models.
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Figure 4.5.3: Sample 6: In-situ SEM tensile test macroscopic strain data obtained from readings
in the gauge region.
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Figure 4.5.4: Sample 7: In-situ SEM tensile test macroscopic strain data obtained from readings
in the gauge region.
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Figure 4.5.5: Sample 8: In-situ SEM tensile test macroscopic strain data obtained from readings
in the gauge region.
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Figure 4.5.6: Control test data for both the macroscopic Instron tensile testing and the bench-top
SEM tensile rig control run.
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The yield stress obtained from Instron testing is also provided in Figure 4.5.7. This plot forms a
reference with which FE model grain stresses may be classified as plastic or elastic. This is
important for comparison with DIC results at a localized length scale (several microns). It can be
seen that there is a slight difference in strain rate between the macroscopic and in-situ test. This
difference is a consequence of the SEM tensile stage limitations; stage displacement rate control
drops as the overall rate is increased which factored into the crosshead rate chosen. Furthermore,
beam stability is an issue during SEM imaging and thus longer test times result in more contrast
fluctuations. Although this difference should be noted it was accounted for by selecting an FE
strain rate sensitivity parameter such that error was not introduced into the experiment. Single
phase α-brass is also not significantly strain rate dependent.
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Figure 4.5.7: Macroscopic yielding behaviour as obtained from Instron testing. The yield stress is
taken to be 300 MPa.
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While stress and strain data were also recorded by the in-situ tensile stage, load cell calibration
issues prevented the use of this data. Thus, only inferences can be made as to the stress levels
relative to the control tests using the recorded microstrain values. Sample images taken from each
sample before and after the in-situ test are provided in Figure 4.5.8. An overview of the entire
area post-deformation is also provided in each case. The micrograph shown in Figure 4.5.9
depicts slip traces within the surface grains from Sample 7. SEM brightness and contrast settings
were constantly adjusted in order to obtain images with colour profiles as similar to one another
as possible. Further contrast problems were corrected using post-deformation image processing
software without a loss in image detail.
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Figure 4.5.8: DIC image sets obtained from in-situ SEM experimentation. A) Sample 6 images i)
AOI pre-deformation, ii) AOI post-deformation and iii) area overview post-deformation. B) Sample
7 images i) AOI pre-deformation, ii) AOI post-deformation and iii) area overview postdeformation. B) Sample 8 images i) AOI pre-deformation, ii) AOI post-deformation and iii) area

overview post-deformation.
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Figure 4.5.9: Post-deformation micrograph of Sample 7
depicting slip traces at 28450 microstrain.

4.5.3 DIC and FE Strain Maps
An overview of the area analyzed from the captured SEM images is shown in Figure
4.5.10 Image alignment was completed using pre and post-deformation EBSD maps. Noise
reduction was performed on EBSD maps such that zero solutions were eliminated in the predeformation case. Indexing of all pre-deformation samples was greater than 93% while postdeformation results were greater than 90%. Residual nanoparticle agglomerates that were not
indexed (gamma-alumina has an HCP structure) provided reference points that could be overlaid
on the SEM micrographs. Scale was considered by assigning each image a pixel to micron ratio
such that actual length scales were preserved. All samples were situated lengthwise with respect
to the scan direction in both the DIC and EBSD SEMs to minimize post-processing alignment.
FE model results are provided for each sample as ε11 strain distributions and von Mises
stress maps. Results are provided for macroscopic strain values of 1.5% and 3% (Figure 4.5.11)
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for Sample 7 and 8 as determined by the simulation time span. The 3% strain results are shown
for Sample 6. Von Mises stresses are shown in Figure 4.5.12. The values provided are element
averages with each element representing a physical area of approximately 0.7 by 0.7 μm2 Due to
output limitations of the crystal plasticity subroutine and for comparision with DIC it is not
possible to discern plastic from elastic strain. Therefore all strain values provided represent the
total value. Grain stresses are reported with reference to macroscopic yielding results such that
inferences may be made as to local slip behaviour.
DIC results are provided as ε11 strain overlays for each sample at macroscopic strain
intervals of 3% and 1.5% (Figure 4.5.13). Correlation results obtained using the Istra 4D software
were not as accurate or reliable as those obtained using the VIC 2D package. This was
determined by repeating the correlation procedure over the same area multiple times and
comparing the variation in the results. Thus, all overlays and strain values presented were
calculated using the VIC 2D software. Appendix D contains a comparison of the two successive
correlation runs, illustrating the limitations imposed by the Istra 4D software. Strain results over a
scale of several grains match well with macroscopic strain gauge values and visually match well
with observed slip traces. The pattern created by the spin coating procedure used for Sample 6
proved too sparse to obtain high resolution strain data and was thus limited by subset correlation
size. Images were analyzed using a subset size of 83 pixels and grid averaging of 1 pixel. The
subset size dictates the area over which the correlation package determines what features are
common in each successive image. In general, data resolution is lost when the subset size
becomes too large. For Sample 6 a subset size of 125 pixels was used for the reasons previously
mentioned.
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Comparison of the FE model and DIC results was completed using a series of line
profiles aligned with the gauge length of each sample. Line profile plots are for the raw data are
provided in Figures 4.5.14, 4.5.15, 4.5.16, 4.5.17 and 4.5.18. Due to the limitations of spin
coating, only 3% macroscopic strain value data is provided for Sample 6. These figures also
provide line profile comparisons for smoothed data. Smoothing was completed using a 7 element
average and 15 pixel average. These values represent a physical area of approximately 10
microns. DIC strain magnitudes are within +/- 1 % of the FE model results for the raw data at a
sub-micron scale. This value decreases when an average over several grains is considered. The
averaged data yields strain magnitudes that are within +/- 0.5 % at a sub-micron scale. Several
locations along the line profile indicate that different material behaviour is predicted by the FE
model than is observed from experimental DIC results.

Figure 4.5.10: DIC analysis area for a) Sample 6 b) Sample 7 c) Sample 8. The pre-deformation EBSD
map is overlaid in the AOI for each sample.
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Figure 4.5.11: Finite element result ε11 strain maps for a) Sample 6 i) 3% macroscopic strain ii) grain
structure, b) Sample 7 i) 3% macroscopic strain ii) 1.5% macroscopic strain iii) grain structure, c)
Sample 8 i) 3% macroscopic strain ii) 1.5% macroscopic strain iii) grain structure.

Figure 4.5.12: Von Mises stress distribution for a) Sample 6, b) Sample 7, c) Sample 8 at 3%
macroscopic strain.
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Figure 4.5.13: DIC ε11 strain plots for a) Sample 6 i) 15455 microstrain ii) 29670 microstrain, b) Sample
7 i) 14720 microstrain ii) 28450 microstrain, c) Sample 8 i) 14990 microstrain ii) 29160 microstrain.
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Figure 4.5.14: Strain paths for Sample 6 at 3% macroscopic strain. Data smoothing using a 7 element
average and 15 pixel average is also provided on the right. A) Profile 1 B) Profile 2 C) Profile 3
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Figure 4.5.15: Strain paths for Sample 7 at 3% macroscopic strain. Data smoothing using a 7 element
average and 15 pixel average is also provided on the right. A) Profile 1 B) Profile 2 C) Profile 3
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Figure 4.5.16: Strain paths for Sample 7 at 1.5% macroscopic strain. Data smoothing using a 7 element
average and 15 pixel average is also provided on the right. A) Profile 1 B) Profile 2 C) Profile 3
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Figure 4.5.17: Strain paths for Sample 8 at 3% macroscopic strain. Data smoothing using a 7 element
average and 15 pixel average is also provided on the right. A) Profile 1 B) Profile 2 C) Profile 3
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Figure 4.5.18: Strain paths for Sample 8 at 1.5% macroscopic strain. Data smoothing using a 7 element
average and 15 pixel average is also provided on the right. A) Profile 1 B) Profile 2 C) Profile 3
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profile locations used for data extraction are provided in Figure 4.5.19 for both DIC and FE
results. The paths over which strains were calculated contain data of a resolution dependent on
the DIC analysis grid size and the FE model element size. In this case, the DIC grid is calculated
using single pixel averages.
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Figure 4.5.19: The strain profile locations along the gauge length of each EBSD
map (a. Sample 7, b. Sample 8) for i) DIC and ii) FE results. Although not shown
to scale, paths were taken from the same locations in both DIC and FE cases.
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4.6 Discussion
Dip coating of nanoparticles provides more dense surface patterns when compared to spin
coating as is evident from the micrographs of samples 6, 7 and 8. Although the spin coating
technique has been readily used to form densely packed arrays on semi-conductor surfaces it is
expected that a number of factors contribute to this result. Additional surface roughness and
reduced Van der Waals forces between the metallic substrate and ceramic deposition material in
this case prevents particles from adhering sufficiently. However, dip coating provides patterns
which are easily indexed by DIC software. Several coats are usually required to build up pattern
density although this does not significantly impact agglomeration behaviour provided extraction
rate is slow. The γ-alumina nanoparticle suspension provided excellent feature-surface contrast
while maintaining pattern resolution at length scales of less than 0.5 microns. As shown from
image analysis of pattern densities, particle coverage is approximately 10% by area using dip
coating methods. Pattern removal can be completed using ultrasonic means with acetone. Further
cleaning via plasma cleaning for up to ten minutes has also shown to remove enough particles
such that post-deformation EBSD measurements can be made without surface alteration (ie.
further electropolishing). This offers several advantages over other methods including
deformation feature retention and direct comparison with pre-deformation results.
The use of Vickers micro-hardness indents as a means of aligning experimental AOI’s
including EBSD and DIC provides a useful method for tracking data. Measurements must occur
at some finite distance from the markers to prevent localized deformation from effecting results.
The alignment of images is also aided by residual nanoparticle agglomerates which are difficult to
remove from the surface post-deformation. These residual particles have a strong affinity for the
carbon layer deposited by the in-situ SEM imaging which arises from chamber contamination
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(due to tensile stage contaminants). Post-deformation EBSD scans leave small non-indexed areas
around these particles which facilitates alignment with DIC images. It should be noted that the
residual particles do not significantly affect the EBSD operation. Furthermore, particle size is
smaller than the EBSD step size and thus the DIC results have a higher resolution than the FE
model.
Overall, DIC strain distributions agree with FE predictions to +/- 1 % when line averages
over several grains are considered. A number of overlay plots for each sample are provided in
Figure 4.6.1 which illustrates microstructural effects on strain distribution. Model-experimental
fit quality is assessed using a MATLAB script which determines the deviation of model results
from DIC results. These plots are given in Figure 4.6.2 for Sample 7 and 4.6.3 for Sample 8.
Sample 6 is omitted from this analysis as spin coating results do not provided sufficient surface
features for accurate image correlation. In this case, a significant amount of strain resolution is
lost due to the large grid spacing which is required for successive images to be correlated.
Therefore, Sample 6 DIC results are only accurate at an increased length scale of approximately
20 microns as calculated from the VIC-2D subset size to image pixel ratio. Over an AOI of 200
microns this limits DIC data for Sample 6 to verification of macroscopic strain levels.
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Figure 4.6.1: DIC strain map overlays for a) Sample 6 b) Sample 7 c) Sample 8 on
EBSD data with grain boundaries visible.
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Figure 4.6.2: Quality of fit plots for Sample 7 a) Profile 1 i) 3% strain ii) 1.5% strain, b)
Profile 2 i) 3% strain ii) 1.5% strain, c) Profile 3 i) 3% strain ii) 1.5% strain. Summed chisquared values are provided.
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Figure 4.6.3: Quality of fit plots for Sample 8 a) Profile 1 i) 3% strain ii) 1.5% strain, b) Profile
2 i) 3% strain ii) 1.5% strain, c) Profile 3 i) 3% strain ii) 1.5% strain. Summed chi-squared
values are provided.
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The goodness of fit plots are calculated using area averaged data and comparing
frequency bins for the chi-squared statistic. Using a confidence interval of 95% (or a p-value of
0.05) the critical value of the test statistic is taken as χ2 = 3.841. Using this as a guide, it can be
seen that the spatial noise from FE simulations may account for the discrepancies in obtained
strain values. Deviation is calculated as the strain offset of FE model results from DIC values. As
is evident in Figures 4.6.2 and 4.6.3 slightly averaged data reduces noise and increases fit quality.
The FE model data tends to include more spatial noise due to limitations on element size,
especially around grain boundaries. Increasing the number of elements may lead to more well
defined boundaries but at the expense of computational time. Additionally, more ‘well-defined’
grain boundaries should not influence the results as the minimum number of integration points
per grain required for average grain response has been met. As discussed earlier, the integration
points-per-grain requirement is met in each simulation and thus the addition of elements will not
affect the quality of results. Data averaging is completed over an area approximately 3μm2 in size
as calculated from pixel and element ratios. The 1.5% macroscopic fit plots also illustrate the fact
that error increases with increasing strain as maximum deviation magnitudes as high as 3% are
observed at 3% strain. This indicates that the FE model is predicting compressive strains while
tensile strains are observed from DIC. For modeling inter-granular deformation, it is important to
consider micro-scaled sub-structures in addition to surface structures. The current CPFE model
does not contain input data that would enable these sub-surface effects to be captured.
Considering the constraints placed on grains by nearest-neighbours and anisotropic effects due to
elastic stiffness the observed CPFE-DIC differences depicted in Figures 4.6.2 and 4.6.3 are not
unexpected. There are a few specific areas of interest which do not follow the deviation trends.
Specifically, at the 80 micron map location of Sample 7 (profile 1) there is a spike at which the
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strain trends in the DIC and FE model behave quite differently. This region was investigated at a
localized scale to determine potential phenomena which may be unaccounted for by the FE model
(see below).
Image drift from SEM acquisition did not significantly affect the results of the study.
SEM images were acquired over a region with a slightly larger FOV than what was required for
DIC measurements over the AOI. Post-processing of images via surface feature tracking enabled
minor drift to be eliminated without introducing additional error in the DIC solution. The
nanoparticle pattern densities obtained provided enough surface features to enable the DIC
software to fully correlate each image. Strain resolution is thus limited only to the averaging
algorithm used by the software. It is likely possible to extend the current technique to sub-micron
single grain deformation providing high-resolution intra-grain strain plots. Increasing the number
of dip coating repetitions or reducing the size of nanoparticle used would provide the additional
features necessary to make such measurements. Surface relief due to plastic loading does not
have a significant effect on correlated results due to the high density of nano-particles present, the
good surface-pattern contrast and the large depth of field of the SEM used for image acquisition.
At larger macroscopic strains ( > 10 %) this effect would have to be considered and coupled with
the use of high particle densities such that surface displacements normal to the FOV could be
examined.
The length scales over which strain measurements may be made are dependent on the
particle densities obtained using the outlined dip coating method. Measured results have a spatial
resolution of 0.70 to 0.85 microns as taken from the resolution of SEM images (1024 x 818
pixels) and the particle densities per unit area. This leads to a particle-to-pixel ratio of 0.258 and
considering the strain resolution is dependent on the correlation between particles this yields a
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minimum length scale of approximately 0.80 microns needed for a single particle. This resolution
could be improved by increasing the spatial resolution of acquired images used for correlation
and/or by decreasing the average diameter of nano-particles utilized such that particle density per
unit area is increased.
Local effects were examined in Sample 7 be comparing pre- and post-deformation
inverse pole figure (IPF) plots from EBSD results with local DIC and FE measurements. Figure
4.6.4 shows the analysis area and marks the region where large differences in strain results are
captured by the DIC and FE methods.

Figure 4.6.4: DIC - FE model discrepancies at a local scale including i) pre-deformation IPF plot,
ii) post-deformation IPF plot, iii) DIC ε11 strain at 28455 microstrain and iv) FE ε11 strain at 3%
macroscopic.
The grain denoted by Figure 4.6.4 (i) appears to experience significant levels of slip as shown
from DIC experimental results despite low strain level predictions in the FE case. It is possible
that the Schmid Factor (S.F.) on that slip system is not high enough to induce local slip hence the
FE model does not predict large strains. As discussed by Hashimoto and Margolin [36] studies of
α-brass deformation indicate that at lower strain levels only 25% of the operating primary slip
systems have the highest S.F. with the others often being 2nd, 3rd or lower in S.F. ranking. Their
work also indicates that at intermediate grain sizes (~20-30μm) the S.F. is not the controlling
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mechanism for slip. Internal stress sources in this case provide the required energy to activate
slip. The elastic interaction of surrounding grains may contribute to this activation mechanism
and account for the operation of slip systems with reduced S.F.’s. By examining the von Mises
stress in surrounding grains (Figure 4.6.5) it can be seen that interaction stresses may be quite
large in this case. This suggests that the FE model has not properly calculated the resolved shear
stress on this particular system. This effect could be a consequence of twins being considered
microstructural features for simulation purposes, due to the lack of deformation twinning in αbrass.
As discussed, the CPFE model does not include the effects of sub-surface deformations
which can contribute significantly to surface strains. Slip behaviour can also be non-uniform due
to slip localization and dislocation clustering. The influences of these effects on the macroscopic
deformation are not considered in the CPFE model evaluated which may partially account for the
observed differences between the model response and the actual material behaviour. Additionally,
CPFE strain results contain more peaks and abrupt fluctuations than in the case of DIC
measurements. These fluctuations could arise from bands of relatively hard material which the
CPFE model predicts from grains which are aligned for the maximum resolved shear stress on
that system. The influence of load sharing between grains does not appear to be adequately
captured by the model as transitions for hard to soft grains are much less pronounced in the DIC
case.
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Figure 4.6.5: Von Mises stresses
around the AOI of Figure 4.6.4.
Note the higher stresses around
the middle grain. The scale is
equal to that of Figure 4.6.4.

Figures 4.6.6 and 4.6.7 provide several localized overviews of Samples 7 and 8 in which
FE and DIC results are in good agreement. As shown in each of the IPF plots, it appears that
increased uniformity of inter- and intra-grain deformations on a local scale result in more accurate
FE results. It is likely that this is a result of the operating S.F. as discussed above and the local
grains in each of the figures result in less elastic interaction stresses which reduces the
contribution to the local S.F.
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Figure 4.6.6: DIC - FE model agreement at a local scale for Sample 7 including i)
pre-deformation IPF plot, ii) post-deformation IPF plot, iii) DIC ε11 strain at 28455
microstrain and iv) FE ε11 strain at 3% macroscopic.

Figure 4.6.7: DIC - FE model agreement at a local scale for Sample 8 including i) predeformation IPF plot, ii) post-deformation IPF plot, iii) DIC ε11 strain at 29160
microstrain and iv) FE ε11 strain at 3% macroscopic.
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Also of interest is the increased strain deviation of FE results from DIC experimental
findings at larger macroscopic strain levels. Irregular yielding of α-brass has been observed [37]
at approximately 2.5% true strain resulting in irregular ‘jerky’ flow characteristic of the PortevinLe Châtelier effect. This yielding behaviour continues until regular yielding commences around
5% true strain. It can be seen that DIC measurements were taken during the irregular yielding
phase which may account for the increase in model-experimental fit deviation at 3% macroscopic
strain. It is not easy to include Portevin-Le Châtelier considerations using single crystal properties
in α-brass due to a number of reasons. Ardley and Cottrell [38] observed that single crystals
orientated for multi- or single-slip did not experience jerky flow because of increased dislocation
velocity in the crystal and the rate of dislocation interaction was therefore lower. Consequently,
the rate of production of point defects is lower in single crystals than polycrystals which suggests
that Portevin-Le Châtelier effects would only be observed at large strains.
Although irregular yielding has been observed in α-brass at low macroscopic strains, it is
likely that the inter- and intra-granular deformation predictions of the CPFE model contribute
significantly to the strain deviations noted in Figure 4.6.5. When examining the Euler map for this
area (provided in Appendix A) it can be seen that there is a similar orientation of the grains
surrounding the strain discontinuity of the CPFE prediction. The actual deformation behaviour
obtained from DIC results shows that plasticity occurs uniformly over this area while CPFE
results are limited to intra-granular plasticity. This becomes more evident when the areas of
Figures 4.6.6 and 4.6.7 are compared with their corresponding Euler maps. In each of these cases,
there is more inter-granular misorientation. Previously mentioned contributions to deformation
including sub-structures, dislocation clustering and relative bands of hard and soft material may
provide an explanation as to the observed CPFE-DIC strain deviations. Considering the surface
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structure analyzed, the single crystal property inputs and the hardening model used by the CPFE
subroutine, the observed differences in localized deformation between predicted and actual
behaviour are not surprising.
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4.7 Conclusions
The current study has been shown to provide a means for CPFE model verification while
also introducing a novel method of determining sub-micron polycrystalline material deformation.
The dip coating procedure outlined has the potential to measure strains at sub-micron levels using
DIC software. Although dip coated patterns have a strong affinity for carbon deposits created by
EBSD scanning, the majority of particles are removable post-deformation facilitating surface
analysis without the need for additional electropolishing. DIC spatial accuracy is limited only by
the algorithms utilized by the correlation software as dip coating of specimens with gammaalumina nanoparticles yielded high density, random speckle patterns. Intra-granular slip could be
examined using the technique provided nanoparticles of smaller average diameter were used for
pattern generation. Comparison of DIC experimental results with CPFE models shows that good
agreement is achieved for FCC α-brass. Some local effects may be influenced by S.F. calculations
for α-brass and the lack of sub-structure data and dislocation interaction considerations lead to
localized differences in predicted versus observed deformation behaviour. The DIC methodology
developed here is not material dependent and could be applied to most metallographic samples.
Nanoparticle patterns provide excellent resolution and contrast when coupled with in-situ SEM
measurements.
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Chapter 5
Conclusions and Recommendations
The scope of the present work was to investigate the accuracy and applicability of FE
models in predicting material behaviour at reduced length scales ranging from several microns to
the nanometer scale through a series of case studies. A model was developed which captured the
interfacial effects of nano-scaled δ-ZrH1.66 inhomogeneities such that interfacial strain magnitudes
at the interface and strain decay were within +/- 1 % of nano-beam diffraction experiments when
misfit dislocations and interface coherency were considered. The novel technique outlined in
Chapter 4 provided a method for determining surface strains in FCC α-brass samples using DIC
processing. Comparison with FE models showed good agreement in sub-grain scaled strain
values. This technique could be applied to most metallurgical samples as it is not specimen
dependent. Specific conclusions and recommendations are provided below and are separated by
chapter.

5.1 Conclusions
Chapter 3:


Large internal stresses arise during δ-ZrH1.66 nucleation due to significant lattice
mismatch. Localized stresses on the order of 1GPa are common although the length scale
over which they act allows for significant elastic strain accommodation in the matrix.
These stresses vary as a function of aspect ratio; a trend which is in agreement with
previous studies.
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Accommodation energy of the system is significantly influenced by inclusion yield stress
and aspect ratio. While larger aspect ratio inclusions are more energetically favourable at
the nano-scale from interfacial energy minimization, these particles result in larger
accommodation energies. The large hydrostatic stress in these cases (anisotropic dilation)
was found to be responsible for this effect.



Reduced sensitivity to aspect ratio for isotropic dilation resulted in lower accommodation
energies when compared with the anisotropic case.



δ-ZrH1.66 – Zircaloy-2 interfacial lattice strains were only accurately predicted when
misfit dislocation mechanics and nano-scaled interface effects were considered in the
model. Dislocation punching due to hydride formation contributed most significantly to
strains in the basal plane of the matrix. C-direction lattice strains showed significant
sensitivity to interfacial coherency.

Chapter 4:


Dip coating of α-brass specimens with gamma-alumina nanoparticles provided surface
speckle patterns of high density, randomness and contrast. These surface features allowed
DIC strain measurements to be made using images obtained from in-situ SEM
experiments with sub-micron resolution.



Dip coated patterns are removable post-deformation eliminating the need for additional
electropolishing procedures. This increases the accuracy of the technique and allows
individual grains to be monitored for the macroscopic strain initiation of slip during insitu imaging experimentation.
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CPFE model results show good agreement with DIC experiments for FCC α-brass.
Comparisons with pre- and post-deformation EBSD results shows that local effects
influenced by S.F. calculations for α-brass may account for differences in observed
versus predicted behaviour.

5.2 Recommendations and Future Work


Additional simulations of δ-ZrH1.66 inclusions are being performed to examine the effect
of complete C-axis misfit expansion on accommodation energy. γ-ZrHX inclusions with a
needle-like morphology are being considered in order to compare differences in
nucleating gamma versus delta hydrides.



A dynamic interfacial zone will be used to expand upon the initial static zone considered
which would be sensitive to local hydrostatic stress such that aspect ratio changes during
hydride nucleation (ie. circle to ellipse progression) would affect the shape of the zone
containing interfacial properties.



Aspect ratio studies will be further investigated by considering the interfacial energy of
the δ-ZrH1.66 – Zircaloy-2 system such that more inferences about hydride nucleation
could be made by comparing accommodation energy with the interfacial component.



An apparatus is currently under design which will automate the dip coating process
enabling greater control over particle deposition and repeatability.



The FE material behaviour prediction scheme outlined can be extended by completing
corrosion testing of deformed α-brass samples and comparing the results with the CPFE
simulation. Direct correlation of residual stresses and strains at a micron level with highly
corroded zones could be completed in this manner.
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Appendix A
Tensile Samples and EBSD Results
This section contains the engineering drawings for samples used in experimentation as well as
indexed EBSD maps for each sample.

Figure A-1: Tensile sample technical drawing.
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Figure A-2: Sample 6 pre- (top) and post-deformation (bottom) a) IPF and b) Euler EBSD maps.
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Figure A-3: Sample 7 pre- (top) and post-deformation (bottom) a) IPF and b) Euler EBSD maps.
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Figure A-4: Sample 8 pre- (top) and post-deformation (bottom) a) IPF and b) Euler EBSD maps.
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Appendix B
MATLAB Scripts
This section contains the MATLAB programs written for the MD and MD-IE models of Chapter
3 as well as the strain profiling correlation from Chapter 4.

Dislocation.m – MD-IE (sub-function)
function [d_c] = dislocation(r,d,u_i,u_m,b,e)
R_t = r;
D = ((b/2.*pi).*((u_i-u_m)./(u_i+u_m)).*(((R_t+
d)./((d.^2)+(2.*R_t.*d)-(R_t.^2)))-(R_t+
d)./((d.^2)+(2.*R_t.*d)+(2.*R_t.^2))))-((b./(4.*pi.*(R_t+ d))))(((2.*u_i.*e)./(u_i+u_m)).*(R_t.^2)./((R_t+ d).^2));
while abs(D) > 1
if D/D == -1
d = d-0.1;
else if D/D == 1
d = d+0.1;
end
end
D = ((b/2.*pi).*((u_i-u_m)./(u_i+u_m)).*(((R_t+
d)./((d.^2)+(2.*R_t.*d)-(R_t.^2)))-(R_t+
d)./((d.^2)+(2.*R_t.*d)+(2.*R_t.^2))))-((b./(4.*pi.*(R_t+ d))))(((2.*u_i.*e)./(u_i+u_m)).*(R_t.^2)./((R_t+ d).^2));

end

d_c = d;
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Ellipse.m – MD-IE (sub-function)
function [R] = ellipse(a,b,y)
i = length(y);
j = 1;
R = 1:length(y);
while j <= i
x = sqrt((a.^2)-((a./b).*(y(1,j))).^2);
R(1,j) = x;
j = j+1;
%b = b - x;
end
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Misfit Dislocations Profile.m – MD-IE
close all;
clear all;
u_i = 50E9; %Shear modulus of inclusion in GPa
u_m = 35E9; %Shear modulus of matrix in GPa
a = 160E-12; %Atomic radius of Zr atoms
b = 1000000000*a*2; %Burger's vector magnitude for {0001}<1120> hcp
slip (in meters)
e = 0.048; %Dilational eigenstrain
%Hydride Dimensions
a_1 = 25; %in nanometers
b_1 = 1000; %in nanometers
h = 0:1:(b_1-1); %hydride height
R = ellipse(a_1,b_1,h);
i = length(R);
d_c = 1:length(R);
j = 1;
d_interface = 1:length(R)-10;
while j <= i-10
d = 1:1:150;
R_t = R(1,j);
D = ((b./2.*pi).*((u_i-u_m)./(u_i+u_m)).*(((R_t+
d)./((d.^2)+(2.*R_t.*d)-(R_t.^2)))-(R_t+
d)./((d.^2)+(2.*R_t.*d)+(2.*R_t.^2))))-((b./(4.*pi.*(R_t+ d))))(((2.*u_i.*e)./(u_i+u_m)).*(R_t.^2)./((R_t+ d).^2));
pks
l =
t =
u =
d_f

= findpeaks(D);
find(pks > 0);
find(D == (pks(1,l)));
find(d == t);
= d(1,u);

D_t = D(t:(length(D)));
d_t = d(t:(length(d)));
S = polyfit(d_t,D_t,5);
d_D = diff(D_t)./diff(d_t);
di = find(abs(d_D)< 5E-5);
d_interface(1,j) = d_t(1,di(1,1));
%Equation
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x = 0:length(d_t);
y = S(1).*x.^5 + S(2).*x.^4 + S(3).*x.^3 + S(4).*x.^2 + S(5).*x +
S(6);
j = j+1;
end
plot(R(1:length(d_interface)),d_interface,'marker','o','MarkerSize',2,'
MarkerFaceColor','g')
hold on
%Fit Equation to the Data
m = (d_interface(1,(length(d_interface)))d_interface(1,1))/(R(1,length(d_interface))-R(1,1));
x = R;
b = 21;
i = length(R)-10;
j = 1;
while j <= i
y(1,j) = (m.*x(1,j))+b;
j = j+1;
end
plot(x(1:length(R)-10),y(1:length(R)10),'color','r','marker','*','MarkerSize',2)
xlabel('Radius of Hydride(nm)');
ylabel('Misfit Dislocation Equilibrium Distance(nm)');
title('Dislocation Dipole Equilibrium Distance as a Function of Ellipse
Radius','FontSize',12);
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Strain Profile Evaluation.m – FE-DIC
clear all
close all
a
b
c
d
e

=
=
=
=
=

fopen('dic_strain.txt');
fopen('dic_um.txt');
fopen('fe_strain.txt');
fopen('fe_um.txt');
fopen('sigma.txt');

e_dic = fscanf(a,'%f');
d_dic = fscanf(b,'%f');
e_fe = fscanf(c,'%f');
d_fe = fscanf(d,'%f');
sig = fscanf(e,'%f');
freq = (size(e_dic)/size(e_fe));
freq_r = round(freq);
L = lcm(size(e_dic),size(e_fe));
E_fe = interp(e_fe,length(e_dic));
E_dic = interp(e_dic,length(e_fe));
D = interp(d_dic,length(d_fe));
%Resample standard deviation
E_sig_temp = interp(sig,round(length(e_dic)/length(sig)));
E_sig_temp_2 = zeros(length(e_dic),1);
j = 1;
while j <= length(e_dic)
E_sig_temp_2(j,1) = E_sig_temp(j,1);
j = j+1;
end
E_sig = interp(E_sig_temp_2,length(e_fe));
%Data Smoothing....~6 pixels/element
E_fe_smooth = smoothts(e_fe,'b',20);
E_dic_smooth = smoothts(e_dic,'b',35);

%8 element window
%15 pixel window

E_fe_S = interp(E_fe_smooth,length(E_dic_smooth));
E_dic_S = interp(E_dic_smooth,length(E_fe_smooth));

diff = E_fe - E_dic;
diff_average = E_fe_S - E_dic_S;

166

smooth_diff = smoothts(diff,'b',2);
zero = zeros(length(D),1);
%Standard Deviation
SD_E = std(diff_average,1);
%Compute Standard Deviation of DIC Measurements
dic_sig = interp(sig,length(e_dic));
%Caclulate Upper limit
k = 1;
UL = zeros(length(e_dic),1);
while k < length(e_dic)
UL(k,1) = (((dic_sig(k,1))).*(e_dic(k,1)));
k = k+1;
end
avg_UL = mean(UL);
SD_UL = std(UL);
%Create Frequency Bins for Chi-Square - FE
b1 = 0; %1.5 percent
b2 = 0; %1.75 percent
b3 = 0; %2 percent
b4 = 0; %2.25 percent
b5 = 0; %2.5 percent
b6 = 0; %2.75 percent
b7 = 0; %3 percent
b8 = 0; %3.25 percent
b9 = 0; %Greater than 3.25 percent
m = 1;
while m < length(D)
if E_fe(m,1) < 2.2
b1 = b1+1;
else if 2.2 <= E_fe(m,1) && E_fe(m,1) < 2.4
b2 = b2+1;
else if 2.4 <= E_fe(m,1) && E_fe(m,1) < 2.6
b3 = b3+1;
else if 2.6 <= E_fe(m,1) && E_fe(m,1) < 2.8
b4 = b4+1;
else if 2.8 <= E_fe(m,1) && E_fe(m,1) < 3
b5 = b5+1;
else if 3 <= E_fe(m,1) && E_fe(m,1) < 3.2
b6 = b6+1;
else if 3.2 <= E_fe(m,1) && E_fe(m,1) < 3.4
b7 = b7+1;
else if 3.4 <= E_fe(m,1) && E_fe(m,1) < 3.6
b8 = b8+1;
else b9 = b9+1;
end
end
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end
end
end
end
end
end
m = m+1;
end
%Create Frequency Bins for Chi-Square - DIC
c1 = 0; %1.5 percent
c2 = 0; %1.75 percent
c3 = 0; %2 percent
c4 = 0; %2.25 percent
c5 = 0; %2.5 percent
c6 = 0; %2.75 percent
c7 = 0; %3 percent
c8 = 0; %3.25 percent
c9 = 0; %Greater than 3.25 percent
n = 1;
while n < length(D)
if E_dic(n,1) < 2.2
c1 = c1+1;
else if 2.2 <= E_dic(n,1) && E_dic(n,1) < 2.4
c2 = c2+1;
else if 2.4 <= E_dic(n,1) && E_dic(n,1) < 2.6
c3 = c3+1;
else if 2.6 <= E_dic(n,1) && E_dic(n,1) < 2.8
c4 = c4+1;
else if 2.8 <= E_dic(n,1) && E_dic(n,1) < 3
c5 = c5+1;
else if 3 <= E_dic(n,1) && E_dic(n,1) < 3.2
c6 = c6+1;
else if 3.2 <= E_dic(n,1) && E_dic(n,1) < 3.4
c7 = c7+1;
else if 3.4 <= E_dic(n,1) && E_dic(n,1) < 3.6
c8 = c8+1;
else c9 = c9+1;
end
end
end
end
end
end
end
end
n = n+1;
end
b1 = b1/length(E_fe);
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b2
b3
b4
b5
b6
b7
b8
b9

=
=
=
=
=
=
=
=

b2/length(E_fe);
b3/length(E_fe);
b4/length(E_fe);
b5/length(E_fe);
b6/length(E_fe);
b7/length(E_fe);
b8/length(E_fe);
b9/length(E_fe);

c1
c2
c3
c4
c5
c6
c7
c8
c9

=
=
=
=
=
=
=
=
=

c1/length(E_dic);
c2/length(E_dic);
c3/length(E_dic);
c4/length(E_dic);
c5/length(E_dic);
c6/length(E_dic);
c7/length(E_dic);
c8/length(E_dic);
c9/length(E_dic);

%Compute Chi-Square
i = 1;
chi_bins = (2.2:0.2:3.8);
chi_x = zeros(9,1);
chi_x(1,1) = ((b1 - c1).^2)/c1;
chi_x(2,1) = ((b2 - c2).^2)/c2;
chi_x(3,1) = ((b3 - c3).^2)/c3;
chi_x(4,1) = ((b4 - c4).^2)/c4;
chi_x(5,1) = ((b5 - c5).^2)/c5;
chi_x(6,1) = ((b6 - c6).^2)/c6;
chi_x(7,1) = ((b7 - c7).^2)/c7;
chi_x(8,1) = ((b8 - c8).^2)/c8;
chi_x(9,1) = ((b9 - c9).^2)/c9;
chi_t = sum(chi_x);
chi = zeros(length(D),1);
while i < length(D)
chi(i,1) = ((abs(diff_average(i,1) - avg_UL)).^2)./avg_UL;
i = i+1;
end
sum_chi = sum(chi)/(length(e_dic)-1);
avg_chi = mean(chi);
chi_test = 3.841; %Taken from chi_squared tables
chi_test_plot = zeros(length(D),1);
chi_test_plot(1:length(chi_test_plot)) = chi_test;
%plot(D,diff)
hold on
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X1 = line(D,diff_average,'color','b','linewidth',2);
aD = gca;
set(aD,'XColor','k','YColor','k')
achi_bins =
axes('Position',get(aD,'Position'),'XAxisLocation','top','YAxisLocation
','right','Color','none','XColor','k','YColor','k');
X2 =
line(chi_bins,chi_x,'color','m','linewidth',1.5,'Parent',achi_bins);
xlimits =
ylimits =
text_locy
text_locx

get(achi_bins,'XLim');
get(achi_bins,'YLim');
= 0.85*(ylimits(1,2)-ylimits(1,1));
= 0.955*xlimits(1,2);

text(text_locx,text_locy,['Chi-squared =
',num2str(chi_t)],'HorizontalAlignment','right','VerticalAlignment','to
p')

set(get(aD,'Ylabel'),'String','FE-DIC Deviation (strain
%)','fontsize',12,'color','k')
set(get(achi_bins,'Ylabel'),'String','Chi-Squared
Value','fontsize',12,'color','k')
set(get(aD,'Xlabel'),'String','Distance Along Map
(microns)','fontsize',12,'color','k')
set(get(achi_bins,'Xlabel'),'String','Strain Bins
(%)','fontsize',12,'color','k')
xlabh = get(achi_bins,'Xlabel');
set(xlabh,'Position',get(xlabh,'Position')-[0 (0.025.*ylimits(1,2)) 0])
flegd = legend([X1,X2],'Standard Error DIC-FE','Chi-squared');
set(flegd,'FontAngle','italic')
t = get(flegd,'Position');
%text(2,1-(ylimits(1)),['Chi-squared = ',num2str(chi_t)])
hold off
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Appendix C
Hydride Inclusion Volumes
This section contains the volumes of each hydride modeled in the plane stress simulation relative
to aspect ratio.
Table C-1: Plane stress model hydride volumes
Aspect Ratio
(x:1)
1
5
20
40

Hydride Volume (x 10-2μm3)
9.81
9.50
4.42
3.93
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Appendix D
DIC Software Evaluation
This section contains sample correlation maps from the Istra 4D DIC software package. The
figures illustrate the lack of reliable correlation between successive iterations.

Figure D-1: Correlation results for Sample 6 obtained over the same image set for the same AOI (left:
initial iteration, right: second iteration)

Figure D-2: Correlation results for Sample 7 illustrating a
significant error in strain magnitude.
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