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Abstract
Zirconium and its alloys have been used extensively in both light and heavy water
reactors where neutron irradiation is known to cause microstructural evolution, leading to
degradation of mechanical properties and dimensional instabilities. Dimensional
instabilities due to irradiation growth are particularly crucial for Zr alloy Excel which is
the proposed candidate material for the conceptual CANDU-Super Critical Water Cooled
Reactors (SCWR) pressure tube. This study employs the in-situ ion irradiation technique
and transmission electron microscopy to

investigate the irradiation induced

microstructural evolution in Zr and Zr alloy Excel.
The current study is presented as a manuscript format dissertation comprised of five
manuscript chapters. Chapter 3 reports the formation of irradiation induced prismatic
defects directly from cascade collapse in pure Zr at low dose (0.008 dpa) in a temperature
range of 300oC-500oC. The morphology and yield of these defects are found to be
temperature and dose dependent. In Chapter 4, irradiating Zircaloy-2 under similar
conditions to pure Zr, reveals that nucleation rate of small prismatic loops increases,
whereas their growth is suppressed which indicates that these defect clusters are not only
temperature dependent but also impurity dependent.
Chapters 5, 6 and 7 report the irradiation induced microstructural changes at various
temperatures up to a dose of 10 dpa, in several microstructures of Zr alloy Excel,
achieved by different solution treatments. The major focus of these experimental studies
was the formation of <c>-component loops in α-phase; decomposition of β-phase; and
irradiation induced microchemical changes. It was found that nucleation and growth of
<c>-component loops is strongly dependent on irradiation temperature, parent
ii

microstructure, and presence of alloying elements. <c>-component loops nucleate above
a threshold incubation dose which decreases with an increase of irradiation temperature.
Energy dispersive X-ray spectroscopy (EDS) mapping on irradiated microstructures
revealed the formation of small Sn clusters in α-phase which have a significant effect on
the morphology of <c>-component loops. Fe plays an important role in the nucleation of
<c>-component loops, as it distributes itself during irradiation either from β-phase or
from pre-existing secondary phase precipitates in α-phase. Furthermore irradiation
induced decomposition of β-phase was observed in the form of ω-phase precipitation and
irradiation induced clustering of alloying elements.
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Chapter 1
Introduction
1.1 Zirconium in nuclear industry

Zirconium and its alloys are regarded as proven structural components in the nuclear
industry due to their unique combination of their superior corrosion resistance, low
neutron capture cross section, better creep resistance and high strength [1]. Structural
components made of Zr alloys are for example the fuel channels comprising of a pressure
tube, which is in contact with primary coolant and a calandria tube which is in contact
with the moderator, in the standard CANDU design [2].

Several nuclear grade Zr alloys have been developed in history, and can be categorized in
two parts, i.e. single phase αzr alloys and αzr+βzr dual phase alloys [1,2,3]. Single phase Zr
alloys are mainly called Zircaloys, and in dual phase Zr alloys are mainly Zr-2.5Nb and
Zr-Excel alloy. More recent alloy developments have included Zr-1Nb alloys which are
100% α phase external to reactor, but become αzr+βzr dual phase alloys under irradiation
conditions. Calandria tubes in the current CANDU reactor are made of Zircaloy-2 with
Sn, Fe, Ni and Cr as alloying elements, whereas Zr-2.5Nb is dual phase and currently
used as CANDU pressure tube material in cold worked conditions.

Zr alloys have a proven record of over forty years of in-reactor testing and over thirty
years of operating experience in power reactors, which makes it quite likely that the
application of zirconium in the nuclear industry will remain its dominant position [1,2]. A
high strength, creep resistant dual phase Zr alloy Excel (Zr- 3.5%Sn-0.8%Nb- 0.8%Mo0.2%Fe), developed by AECL [4,5] is a candidate material for the future super critical
1

water cooled reactor (SCWR) design. The microstructure of Zr-Excel alloy differs from
the common Zr alloys such as Zircaloy-2, 4, and Zr-2.5% Nb due to the different
chemical compositions, however there are some similarities between the α- phase of ZrExcel alloy and that of the Zircaloys due to the presence of Sn as a solute. The alloy also
has similarities to the Zr-2.5%Nb due to a dual phase microstructure, and the presence of
Nb in the β-phase [6]. Very little data has been presented on the microstructural evolution
of Zr-Excel alloy under irradiation. Detailed properties of this material can be found
elsewhere [7].

1.1.1 Generation IV CANDU-SCWR

Recently the idea of developing Gen-IV reactors has become active again to fulfil the
desire of higher thermal efficiency and longer service life. One of the six reactor concepts
being considered by the Generation-IV International Forum (GIF) for international
collaborative R&D is the Super Critical Water-cooled Reactor (SCWR) [8]. The
thermodynamic efficiency is increased to over 40% with this advanced conceptual
design. The CANDU-SCWR concept falls under this category. CANDU-SCWR is a
thermal reactor, which has not been built yet.

Similar to current CANDU® reactors, the SCWR design is based on a heavy water
moderator and multiple individual pressure boundaries, which contain fuel bundles and
coolant. However, the difference between SCWR and current design is that the coolant is
light water with a pressure of 25 MPa and inlet and outlet temperatures of 350°C and up
to 625°C, respectively. Because of the high temperature and high pressure of the coolant
for a CANDU-SCWR, the standard CANDU pressure tube design cannot be used and a
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major design change was required to allow continued use of the low neutron absorbing
materials currently used in CANDU fuel channels [8]. There are two main conceptual
fuel channel designs: 1) High Efficiency Channel (HEC) 2) Re-Entrant Channel (REC).

Schematic diagram of high efficiency fuel channel (HEC) design is shown in figure 1-1.

Figure 1-1 Schematic diagram of high efficiency fuel channel design [8].

Unlike current CANDU reactors, HEC design does not use a calandria tube to separate
the pressure tube from the moderator. Each pressure tube is in direct contact with the
moderator, which operates at an average temperature of about 80°C. The pressure tube is
thermally insulated from the hot coolant by an insulator. A perforated metal liner protects
the insulator from being damaged by the fuel bundles and from erosion by the coolant
flow. The coolant pressure is transmitted through the perforated metal liner and small
openings in the insulator and directly applied to the pressure tube.

AECL is considering Re-entrant channel design too, which is different than HEC design
as shown in figure 1-2.
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Figure 1-2 Schematic diagram of re-entrant fuel channel design [8].

In the REC design, the pressure tube and the concentric inner tube are separated from the
heavy water moderator by a calandria tube and a gas annulus. The Super Critical Water
(SCW) coolant flows between pressure tube and inner tube and at the end of the channel
it turns and flows through the inner tube which contains fuel bundles. Operating
temperature of the pressure tube is designed to be 350 to 400°C [8]. The pressure tube is
a pressure boundary component so its material must have high strength to withstand the
harsh reactor environment. One common requirement for all in-core fuel channel
components is that they should be as neutron transparent as possible to maximise neutron
economy. The irradiation deformation of all these components must also be considered in
their design. No alloy or material has undergone systematic study to ensure its viability in
an SCWR [8]. In HEC, since the calandria tube is eliminated, the pressure tube plays the
role of calandria tube as well, therefore, it must meet its requirements, i.e. minimum
possible elongation due to irradiation growth and irradiation creep. Since the operating
temperature of HEC design is low, most of the deformation is expected to be irradiation
driven. However, the REC design is more similar to the current pressure tube design,
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therefore, it can accommodate axial elongation and the primary problem to be considered
is diametral expansion, which will include components of both irradiation driven
deformation and thermal creep. In reactor deformation is mainly controlled by the
evolution of microstructure during service, which is representative of its fabrication route
before service, which however, evolves due to harsh reactor environment. A viability
study of candidate materials for the fuel channel design is required not only as a function
of reactor environment but also as a function of fabrication route in order to predict the
stability and behavior of fuel channels during their service in reactor.

1.2 Motivation

Access to reliable, sustainable and aﬀordable energy is viewed as crucial to worldwide
economic prosperity and stability [9]. Nuclear fission energy has emerged over the past
40 years and provides about 13% of electrical power worldwide as a reliable source of
clean and economical electrical energy [9]. According to IAEA and World Nuclear
Organization (WNO), past experience had proved that nuclear energy was safer than
other primary energy sources in terms of accidents statistics [10,11]. One of the main
safety issues for the use of nuclear power is the possibility of releasing radioactive
material into the environment [11]. Therefore, the pressure boundary design of nuclear
reactor requires the most reliable structure and materials. Metallic core components of
nuclear reactors including the pressure tube which is the primary pressure boundary, are
exposed to neutrons at the service temperature, and the desire to increase fuel burn up of
nuclear reactors (from 20 GWd/tU to 200 GWd/tU in future GIV reactors), leads to more
severe neutron damage, which alters and degrades the mechanical properties of the core
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components leading to hardening, loss of ductility, localized plastic deformation and
plastic instability [11]. The idea of developing Generation-IV reactors super critical water
cooled reactors with an enhanced thermodynamic efficiency by 40% is currently active
[8]. The harsh environment of SCWR in terms of increased temperature and fuel burn up
will lead to more severe radiation damage hence radiation deformation. These facts make
it important to understand the mechanisms of radiation induced microstructural evolution
which is vital for the estimation of the service life of core components and the
development of new radiation-resistant materials via alloy and microstructural design.

The aim of this study is to investigate the microstructural stability of Excel in reactor
operating conditions, through characterizing the irradiated microstructures at the service
temperatures of SCWR-CANDU fuel channel designs. This research provide an initial
and fundamental step in characterizing the different heat treated microstructures of Excel
after irradiation and provide detailed information of this alloy in the reactor environment
for minimizing and controlling the degradation of mechanical properties during its
possible service in GEN-IV reactors. This study not only serves to understand the
radiation behavior of Excel, but it also provide a detailed insight into the irradiation
induced microstructural evolution in Zr and its alloys, advancing our current knowledge
and understanding of radiation damage mechanisms in Zr alloys. This dissertation is
presented in manuscript format and is divided in two parts.

Part I: serves to investigate the relatively simple microstructural systems of pure Zr and
Zircaloy 2. Irradiation induced microstructural evolution in pure Zr has been investigated
at very low to medium dose range (Chapter 3). In-situ ion irradiation experiments were
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carried out to observe the defect nucleation, their dynamic behavior and their interaction
with the pre-existing microstructures. We particularly concentrate on the yield of small
defects directly occurring from cascade collapse at very low doses, and their evolution as
the dose increases. In-situ observation of growth and evolution of these small defects into
complex defect structures at high doses has been carried out. Irradiation of materials at
different temperatures provided an opportunity to investigate the temperature dependence
of defect accumulation in Zr during irradiation. The differences in defect structures,
defect densities, therefore, dynamic growth have been discussed in detail as a function of
irradiation parameters (dose, temperature). Interaction of irradiation induced defects with
existing microstructure and other defects is discussed. The understanding gained from
this study was further utilized by conducting in-situ irradiation experiments on single
phase Zircaloy 2, which discerns the role of alloying elements in microstructural
evolution in Zr as discussed in Chapter 4.

In Part II (Chapters 5, 6 and 7), In-situ ion irradiation experiments were conducted at the
service temperature on a series of complex microstructures achieved in Zr-Excel by
different heat treatments. Several interesting microstructures, including alpha (α), beta (β)
and omega (ω), phases were irradiated to investigate the effects of temperature, dose,
parent microstructure and microchemistry. Damage microstructures were characterized
using transmission electron microscopy in both α and β-phases.
In α-phase of Excel, the major focus of these experimental studies was nucleation of <c>component loops. Nucleation and growth of <c>-component loops have been studied and
discussed in detail as a function of a variety of parameters, such as temperature, dose,
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alloying elements in solid solution or in secondary phase precipitates, and pre-existing
microstructures. A statistical data of loop size and defect density has been presented.
Further more, stability of secondary phase precipitates under ion irradiation has been
investigated. Irradiation induced microchemical changes have been investigated by
STEM-EDS mapping, which discerns the role of individual elements in the evolution
processes.
Decomposition of β-phase in Zr-Excel after different thermal treatments and heavy ion
irradiation has also been investigated. Athermal, isothermal and irradiation induced ωphase formed in Zr-Excel has been studied using transmission electron microscopy.
Changes in the morphology, chemical composition and internal structure of β -phase as
function of irradiation parameters are also discussed in detail.

Results and findings of the current experimental project have been summarized to draw a
general conclusion and suggestions for future work are given in Chapter 8. Experimental
techniques used in this study are explained in Chapter 2 (Literature Review).
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Chapter 2
Literature Review
2.1 Irradiation damage in zirconium alloys
2.1.1 Damage creation and short term evolution

Fast neutron flux (E > 1 MeV) in a nuclear reactor core cause radiation damage of Zr
alloys. The radiation damage event is defined as the transfer of energy from an incident
projectile to the solid and the resulting distribution of target atoms after completion of the
event [1]. The radiation damage event can be described in terms of following processes
[1]:

2.1.1.1 Neutron-Zr interaction

The elastic interaction between fast neutrons and atoms of the Zr alloy results in the
displacement of atoms from their crystallographic sites leading to the creation of point
defects without modification of the target atom [2]. A part of the neutron kinetic energy
can be transferred to the target atom during the collision. The interaction probability is
given by the elastic collision differential cross section which depends on both the neutron
kinetic energy and the transferred energy [2]. For a typical fast neutron of 1 MeV, the
mean transferred energy ( T ) of the Zr atom is 22keV. If the value of transferred energy is
low, the target atom cannot leave its lattice site, but will vibrate about its equilibrium
position. These atomic vibrations will be transmitted to neighboring atoms through the
interaction of their potential fields and the energy will appear as heat [2].
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2.1.1.2 Threshold displacement energy in Zr

The potential field of atoms in the lattice forms a barrier which has to be overcome by the
struck atom in order to be displaced. A minimum amount of energy is required to
overcome this barrier and in order to displace the struck atom from its parent lattice site
[1]. This minimum amount of energy is called the displacement threshold energy denoted
by Ed. The value specified in the reference test standard is 40eV, which is normally used
while designing irradiation experiments and damage calculations [1,3], however the
values of Ed which have been measured experimentally and through MD computations is
different than ASTM value. In Zr, the minimum displacement threshold energy Ed
transferred to Zr has been measured as 21-24 eV, by in-situ electrical resistivity
measurements during electron irradiation at low temperature (~-263oC) [2,4,5].

Ed has been found to be anisotropic and its value varies in different crystallographic

directions of metal and alloys. Indeed, the potential barrier surrounding an equilibrium
lattice site is not uniform in all crystallographic directions. Since the direction of the
recoil is determined from the collision event which is itself a random process, the recoil
direction is entirely random. Ed calculations can be carried out over all directions and
averaged to obtain a mean Ed for a particular material which is often quoted in the
literature [2]. Experimental measurement using high voltage electron microscope
(HVEM) shows that Ed is weakly orientation dependent in Zr varying from 24 to 27.5 eV
[6]. The strong anisotropic nature of Ed in Zr has been found by Ackland et al [7] using
MD simulation. It has been reported that Ed is minimum (27.5 eV) for generation of PKA
in the basal plane, that is, in the

11 2 0
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directions, which is slightly above the

experimental value, however the MD value averaged over all the crystallographic
directions was found to be 55 eV, which is close to the ASTM standard value.

2.1.1.3 Role of Primary-Knock-On Atom (PKA)

The role of PKA is important during its passage through the lattice. If the energy
transferred by a fast neutron is high enough and above the threshold displacement energy,
the struck atom is knocked out off its parent lattice site, which is called the PrimaryKnock on-Atom (PKA). This PKA moves through the lattice and interacts with other

lattice atoms to displace them from their lattices sites, resulting in the creation of two
displaced atoms. If this collision sequence continues, a series of tertiary knock-on atoms
is produced resulting in a collision cascade. A cascade is a spatial cluster of lattice
vacancies and atoms residing as interstitials in a localized region of the lattice which can
have a profound effect on the physical and mechanical properties of the alloy [1].

2.1.1.4 Cascade evolution

After the neutron-atom interaction, the birth of a PKA above threshold damage energy,
point defects are created within the cascade. A cascade develops and evolves in the
following sequence:

Collisional Stage lasts for less than 1ps. The PKA initiates a cascade of displacive
collisions that continues until no atom bears enough energy to create further
displacements. At the end of this stage the damage consists of energetic displaced atoms
and vacant lattice sites (vacancies (V) and self interstitial atoms (SIA)), however, stable
lattice defects are not formed yet due to the very short time.
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Thermal spike is formed in several zones where the energy is so high that the atoms
resemble molten material. In about 0.1 ps, energy is deposited to the neighboring atoms
resulting in the condensation of the molten zones. MD simulations in α-Zr show that, at
the end of the cascade creation (<2 ps), the cascade is composed of a core with a high
vacancy concentration, and the self interstitial atoms (SIAs) are concentrated at the
cascade periphery [8,9,10], as shown in figure 2-1.

Figure 2-1 A cascade at a displacement spike stage with a high core density of vacancies
surrounded by an interstitial shell [10].

Quenched stage comes when the thermal spike cools down, and thermodynamic
equilibrium is achieved in about 10ps. During the quenching stage, stable lattice defects
(V and SIA) are formed either as individual point defects or as defect clusters, which are
far fewer in number than the atoms displaced during in the collisional stage, due to
extensive recombination of V and SIA.
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Annealing stage is the final stage of the cascade damage process, which results in the
interaction and arrangements of point defects assisted by the thermally activated diffusion
processes. The annealing stage lasts until all the mobile defects escape the cascade region
[1].

Gao et al [11] have shown the formation of large point-defect clusters comprising of up
to 24 vacancies and 25 SIAs at 600 K in Zr, at the end of the cascade relaxation. The
presence of these small point-defect clusters spatially separated from each other, as well
as the different concentrations of individual vacancies and SIAs can have a significant
impact on the subsequent microstructural evolution [9]. Formation of these small defect
clusters observed in MD simulations has not previously been experimentally observed in
Zr and Zr alloys, which requires state of art in-situ irradiation experiments at low dose to
observe individual defect clusters avoiding the defect overlapping.

2.1.1.5 Displacement estimation in cascade

Kinchin and Pease obtained a theoretical assessment (K-P Formula) [12] of the total
number of Frenkel Pairs, Nf, (V-SIA pairs) created by a cascade for the total kinetic
energy, Ep, of the PKA:

N K −P =

Ep

(2.1)

2E d

The K-P formula was subsequently revised by Norgett et al. [13] later called NRT model
(Norgett–Robinson–Torrens model), by taking electron stopping power into account
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which is now commonly used for DPA (displacement per atom) calculations in irradiated
materials.

N NRT =

κ (E p − η )

=

2E d

κE dam

(2.2)

2E d

NNRT is the number of Frenkel pairs, Ep is the total energy of PKA, and ƞ is the energy
lost in the cascade by electron excitation, Ed the value of the threshold displacement
energy averaged over all crystallographic directions and Edam is the damage energy
available for elastic collisions (inelastic losses such as electron excitation subtracted from
total PKA energy). The displacement efficiency, κ is 0.8 and is independent of total
energy of PKA or temperature.

MD simulations show that the defect production in metals is not as efficient as predicted
by NRT formula. While the NRT description of atom displacements provides an
estimation of the number of Frenkel pairs produced by the PKA, it does not accurately
describe atomic interactions in the thermal spike and hence, is inadequate for describing
the true configuration of defects. From the MD generated in several metals a new
empirical relation was derived for the estimation of Nf, which shows that number of
Frenkel pairs generated in displacement cascade depends on the kinetic energy of PKA,
Ep, such that [14]:
N F = A(E p )

m

(2.3)

Where NF is number of Frenkel pairs, where A and m are constants that are only weakly
dependent on the metal and temperature.
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Turning back to damage creation in Zr using NRT model, with PKA energy of 22 keV,
and using 40eV as Ed, there will be 220 displaced atoms [2]. A number of MD
simulations have been performed in order to have a deep understanding of damage
process in Zr. A difference in the number of point defect surviving the cascade relaxation
by MD and NRT formula has been reported. It has been shown that the number of
surviving point defects computed by MD simulation is only 20% at 600 K, compared to
the number of Frenkel pairs estimated using the NRT formula [8,11].

2.1.2 Irradiation induced defects in Zr

As discussed above, the cascade of atomic collisions is created by a PKA resulting in the
formation of crystal defects. Generally speaking, irradiation results in formation of
various types of defects in Zr, for example:
•

Point defects: vacancies and interstitials

•

Planar defects: dislocation loops

•

Volumetric defects: voids, bubbles, cavities

The most basic and most important among these are point defects in form of vacant
lattice sites called vacancies (V) and an equal number of displaced atoms lying on
interstices of the lattice called self interstitial atoms (SIA), together called Frenkel pairs
(V-SIA) [1]. The intrinsic point defects form the foundations of line, planar, and
volumetric defects. Evolution of microstructure is driven by bulk diffusion of point
defects, therefore, it is of prime importance to understand the behavior and elementary
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properties of these point defects such as their formation and migration [1,2]. The
following section will deal with point defects in Zr.

2.1.2.1 Point Defect formation and migration in Zr

The vacancy is the most simple lattice defect, it is a missing lattice atom, with the nearest
neighbors relaxing inwards, towards the vacancy [1]. In HCP Zr lattice, all the atomic
positions are identical and so there is only one vacancy description leading to a unique
value for the vacancy formation energy [2]. Vacancy formation migration energies or the
self-diffusion coefficient in Zr have been measured using various experimental and
theoretical modeling techniques [15,16,17,18]. Hood [19] has investigated and discussed
the vacancy formation and diffusion behavior in Zr. Experimentally determined values
for the vacancy formation energy ~1.8-1.9 eV, migration energies ~1.3-1.6 eV and self
diffusion activation energies ~3.3 eV have been reported [2,19]. Vacancy migration
energies are reported to be dependent on the crystallographic directions due to the nonideal c/a ratio of the Zr hexagonal cell, so that the migration energy values are different in
parallel and perpendicular directions to the basal plane [2,19]. Vacancy diffusion in Zr is
strongly dependent on temperature, crystallographic direction and presence of impurity
elements leading to the discrepancy in the experimental and theoretically measured
values [2,19].

Contrary to the vacancy, an interstitial is an atom that is located in a position of a crystal
that is not a regular lattice site, as an additional atom in the crystal lattice leading to
greater distortion of the lattice as compared to vacancy [1]. Interstitial formation energies
in Zr have been measured by several authors, which are summarized elsewhere [2].
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Interstitial migration energy has been measured as 0.26 eV [4]. Anisotropy in the
mobility of SIA has been reported and it has been found the SIAs have higher migration
activation energy perpendicular to the basal plane (0.15 eV) and low migration activation
energy parallel to the basal plane (0.06 eV) [7,15,16,17,18,20,21,22,23], which is also
true for the interstitial diffusion coefficient, which is higher in the directions parallel to
the basal plane (8×10-9 m2/s) and lower in the direction perpendicular to the basal plane
(10-9 m2/s) [2].

2.1.2.2 Point defect clustering

The point defect clustering in Zr is dominated by a consideration of the geometry of the
HCP lattice. Defects and dislocation loops are generally characterized and named by their
position in the HCP crystal. A schematic diagram of HCP crystal structure is shown in
figure 2-2. There are mainly three type of dislocation loops formed in Zr crystal, <a>,
<c> and <a+c>, with respective Burgers vectors

1
1
1
11 2 3 . There
11 2 0 , [0001] , and
2
3
3

is another type of dislocation loop, found in Zr and its alloys with a component of
Burgers vectors along <c>-direction, hence called <c>-component loops, with Burgers
vector

1
2023 . Loop habit plane, Burgers vector and details of these loops have been
6

given in table 2-1.
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Figure 2-2 Schematic of HCP cell, showing the major crystallographic directions and loop
habit planes.

Table 2-1 Types of dislocation loops in Zr based materials, their habit planes and Burgers
vectors.

Notation

Habit Plane

c

(0001)

c
+p
2

(0001)

a

{10 1 0}

c+a

{10 1 1}
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Burgers Vector

Plane Notation

1
[0001]
2

Basal

1
20 2 3
6

Basal

1
11 2 0
3

Prismatic

1
112 3
3

Pyramidal

In principle, there are three habit planes for the loop nucleation, basal (0001) , prism

{10 1 0}, and pyramidal planes {10 1 1}, resulting in the formation of <c>, <a>, and <c+a>
type loops, respectively [24]. In the following section, mechanisms and the factors
affecting the formation and growth of these dislocation loops have been discussed in
detail.

2.1.2.3 <a>-type dislocation loops

<a>-type loops are the most commonly observed irradiation induced dislocation loops
and have been studied extensively in irradiated Zr and its alloys [2,25,26,27,28,29,30,31].
<a>-loops were initially the only loops characterized and studied in detail in Zr and Zr
alloys [25]. Temperature, impurities, stress and pre-existing microstructure are the major
factor affecting the nucleation and growth of <a>-type loops [25]. Perhaps these loops are
formed directly during cascade collapse as it has been well established now that pointdefect clusters that can be observed by TEM (>2 nm) consist of perfect dislocation loops,
either of vacancy or interstitial nature, with Burgers vector b = 1 11 2 0 [2]. Formation of
3

<a>-loops in Zr has been supported by MD simulations as well. In MD simulations, small
interstitial clusters and collapse of 24-vacancy cluster to a prismatic dislocation loop with
Burgers vector

1
11 2 0 has been reported by Gao et al. [32] and Wooding et al. [33].
3

Due to their role in the long term microstructural evolution, these tiny dislocation defects
are of major importance but have not been observed experimentally. Dubinko et al. [34]
have shown that the large point defect clusters in the prismatic plane always relax to
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perfect dislocation loops with Burgers vector 1 11 2 0 . On the other hand, vacancy
3

clusters in the basal plane form a hexagonal loop enclosing a stacking fault with Burgers
vector 1 [0001] [2]. A detailed review by Northwood, has summarized that only <a>-type
2

loops with Burgers vector

1
11 2 0
3

are formed in neutron irradiated Zirclaoy-2 [35],

where these dislocation loops are not observable below a fluence of 3×1023 n m-2 at an
irradiation temperature of 300oC. Above this fluence, the density of these loops increases
rapidly and then saturates at a fluence of 1×1024 n m-2. Unlike, FCC and BCC, and other
HCP metals, both interstitial and vacancy <a>-type loops can nucleate and co-exist in Zr
during irradiation, where the proportion of vacancy loops to interstitial loops depends on
the irradiation temperature [25]. Woo [36] explains the coexistence of both vacancy and
interstitial loops in the framework of the Diffusion Anisotropy Difference (DAD) model,
where the <a>- type loops are shown to be relatively neutral and may therefore receive a
net flow of either interstitials or vacancies, depending on the sink situation in their
neighborhood. Griffiths [37] has explained the co-existence of both vacancy and
interstitial type <a>-loops, in terms of modified SIA bias in Zr. It has been reported that a
relatively smaller relaxation volume of SIA as compared to vacancies, interaction of
impurities, spatial partitioning of vacancy loops and interstitial loops as a result of elastic
interactions or anisotropic diffusion, may result in stabilization of both vacancy and
interstitial loops.
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The morphology of these loops has been reported to be temperature sensitive. A detailed
study by Jostsons et al. [38] shows a parabolic increase in the <a>-type loop diameters
and decrease in loop densities with an increase of temperature.

Another important factor affecting nucleation, stability and growth of <a>-loops is the
presence of alloying elements. It has been reported that with the addition of Sn and Nb,
there is an observed increase in the size and corresponding decrease in the number
density of <a>-type loops [39,40,41], which has been attributed to the trapping of
vacancies by Sn atoms.

Stability of <a>-type loops seems to be dependent on the relative packing density of the
prismatic plane compared to the basal plane and thus c/a ratio of HCP crystal, which
varies from metal to metal. Foll and Wilkens have proposed a simple model relating loop
habit planes with the c/a ratio [42]; that when the c/a ratio is higher than √3 loops are
formed in the basal plane with Burgers vector

1
202 3 , whereas if c/a is lower than √3,
6

then loops are formed in the prismatic plane with Burgers vector 1 11 2 0 , however this
3

is not true for Zr (c/a=1.59) as <a> , <c> and <c+a> type loops form after neutron,
electron and ion irradiation.

Most of the studies performed to observe and characterize <a>-type loops either by
neutron irradiation or by charged particle irradiation, were done after an irradiation to a
specific dose level. Post-mortem studies on irradiated Zr provide a good insight into the
Zr alloy behavior under irradiation, but many questions have been left unanswered
regarding the defect growth, incubation dose, and defect nucleation at very low dose,
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where small clusters are barely resolvable in the TEM. Dynamic interaction of defects
while they grow at higher dose is very important in understanding the evolution
mechanism. Final irradiated microstructure is important but the path followed to reach
that specific microstructural state is crucial to understand the dynamic process of
microstructural evolution.

2.1.2.4 <c>-type dislocation loops

At the time of Northwood‘s detailed review [35], there was lack of evidence for their
existence, but historically, vacancy <c>-component loops have been the subject of much
interest because they were central to early theories of irradiation growth during neutron
irradiation [43]. Now, there is considerable evidence that <c>-component loops are
formed in irradiated Zr and Zr alloys at relatively higher dose as compared to <a>-type
loops, which are observed at very low dose [25]. It has been well established now that
<c>-component loops form in highly irradiated Zr and its alloys for fluences higher than
5×1025 n m-2 usually in the temperature range of ~287-500oC [44,45,46,47,48,49]. <c>component loops have been found to be located in the basal plane with Burgers vector
1
202 3 , containing a stacking fault and invariably vacancy in nature so far [2,25].
6

These loops nucleate above a threshold incubation dose, and are much larger in size ~0.11µm depending on the irradiation temperature [38,50] and lower in number density as
compared to <a>-type loops [2]. In many cases, a direct correlation has been found
between formation of <c>-component loops and accelerated irradiation growth and creep
rates [27,54,55].
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It is thought that <c>-component loops nucleate in the collision cascade [51], and their
stability is then dependent on several factors including but not limited to the presence of
impurities or alloying elements, stress, temperature, and preexisting microstructure [25].
The most important factor is impurity, especially, interstitial impurity such as Fe, which
probably lowers the stacking-fault energy of the Zr lattice, making the basal plane loops
more energetically stable [2,25]. Small Fe clusters, may be present in the form of small
basal platelets, which could act as nucleation sites for these loops [52,53], but cannot
account for the growth of very large vacancy <c>-component loops that are observed,
hence needing another mechanism to explain this phenomenon, provided by Woo [9].
Formation of <c>-component loops has been well explained in the framework of DAD
model, where anisotropic diffusion of point defects is considered. Large <c>-component
loops are formed when the vacancies have higher mobility perpendicular to the basal
plane, and dislocation loops in the basal plane receive a net flux of vacancies on one
hand, and on the other hand, SIA have higher mobility parallel to basal plane, and hence
dislocation loops in prism planes receive a net flux of interstitials.

The observed threshold incubation dose for the formation of <c>-component loops is
attributed to the volume of the matrix containing a critical interstitial solute concentration
such as Fe. This volume increases as the interstitial impurity concentration is gradually
supplemented by the radiation-induced dissolution of elements such as iron from
intermetallic precipitates, as observed by De Carlan et al. [54] during electron irradiation.

Studies conducted on Zircaloy-4, commercially pure zirconium, Zircaloy-4 and AREVAM5 commercial alloys using charged particle irradiation, have proven that ion irradiation
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can be used to study the formation of <c>-component loops [55,56,57]. Yamada and
Kameyama [55] have investigated the microstructural evolution in pure Zr and Zircaloy-2
using self-ion irradiation. They showed that formation of <c>-component loops could be
studied using the ion irradiation technique. They showed the effects of temperature and
alloying elements on the formation of <c>-component loops. Tournadre et al. [20],
showed the formation of <c>-component loops after 2 MeV proton irradiation to 11.5 dpa
at 350oC in Zircaloy-4. They also showed that <c>-component loops do not nucleate up
to 2.9 dpa under self-ion irradiation at 300oC. These studies were carried out ex situ and
questions remain regarding the kinetics of defect nucleation, their evolution mechanisms,
and the driving forces for the processes involved.

Although there are several post-mortem studies on irradiated Zr alloys, <c>-component
loops contain a mystery around them regarding their origin [2]. As ion irradiation
techniques have been successfully employed to study the formation of <c>-component
loops, several types of experiments are required to answer the following important
questions:

1-

Role of substitutional impurities.

2-

Effect of irradiation temperature.

3-

Reason behind threshold incubation dose.

4-

Factors affecting their nucleation and growth.
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2.1.2.5 Voids and cavities

Much of the early work on microstructures in Zr was concerned with the resistance of Zr
alloys to void swelling, but early studies failed to show any cavity in Zr alloys after
irradiation [58] and it is seen that Zr is extremely resistant to void formation during
neutron irradiation [25]. Formation and stability of voids generally depends on the
injection or generation of inert gasses such as He, Ne or Xe either in neutron or electron
irradiation [25]. Many common gases are very soluble in Zr and are therefore unable to
stabilise small vacancy clusters against collapse to form dislocation loops [25]. Void
formation is then dependent on the presence of insoluble gases such as He. Two major
reasons are considered responsible for the absence of voids in Zr alloys. The first reason
is very low production of He by (n,α) transmutation reactions; this He would help to
stabilise small vacancy clusters. The second reason thought to be responsible for the
suppression of voids is the formation of vacancy type loops in Zr, which consume most
of the vacancy populations in the irradiated Zr alloys [39]. Void formation has been
studied in Zr alloys under electron irradiation with pre-implanted He; it has been found
that void nucleation and growth occurs only for the samples doped with at least 100 appm
of He [59].

Various studies have been performed to investigate the formation and stability of voids in
Zr alloys [38,39], and there have also been indications that voids were more stable with
increasing impurity content in Zr [25]. This is related to the effect of impurity trapping
which prevented the escape of the pre-injected inert gas to the foil surface [59]. Helium
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coming from transmutation reactions and impurities located near Fe-enriched
intermetallics are found to favour the stability of voids [45,60].

Cavities are rather common in neutron irradiated Zr alloys, in a temperature range of
~401oC-476oC [17,61]. They are found in the close proximity of grain boundaries, and/or
precipitates [25]. In some cases the relationship with impurities or precipitates is very
marked, with the preferential formation of cavities in the vicinity of clusters of
precipitates which may be because impurities such as Boron tend to be inhomogeneously
distributed in compound particles and precipitate interfaces are sometimes efficient
trapping sites for He [62].

2.1.2.6 Secondary phase evolution

Secondary phase evolution and microchemical changes in Zr alloys under irradiation are
found in a wide range of temperature due to the presence of a number of alloying
elements, different kinds of precipitates, and different phases in different Zr alloys.
Microchemical and secondary phase evolution is significant in most of the major nuclear
grade Zr alloys, and can have profound effects on microstructure and thus mechanical
properties and corrosion resistance.
Dual phase (α+β), binary Zr-n%Nb alloys, are usually very unstable under irradiation.
These alloys are usually in a metastable state due to the thermo-mechanical processing in
the upper α range or in the α+β domain. At lower temperatures (580oC) the atomic
mobility is low and the equilibrium state cannot be reached in reasonable time. After
cooling, the matrix is therefore supersaturated in Nb in the secondary phases (β-phase)
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[2]. This type of microstructure of Zr–Nb alloys is not stable under irradiation, and a very
high density of fine (few nm) needle like Nb-rich precipitates nucleate [63,64,65]. The
concentration of Nb in the matrix drops as these tiny precipitate nucleate [66].
Precipitation of Nb in dual phase Zr-Nb alloys is attributed to an enhanced mobility of
Nb atoms under irradiation due to the very high vacancy concentration created by
irradiation resulting in the rapid evolution of the microstructure toward its
thermodynamic equilibrium [2].

The concentration of Fe in Zr-Nb alloys is generally quite high (~1000 ppm) and is
comparable to the amount in the Zircaloys. It is generally partitioned between the α-phase
and β-phase, mainly as precipitates in the α-phase and as a solute in the β-phase, being a

β-stabilizer. Fe may diffuse out from β-phase, and redistribute itself into the α-phase
causing a local change in Fe concentration and affecting the defect formation [25], which
has also been observed for Zr(Fe, Nb)2 Laves phases with HCP structure, transforming to
BCC structure as Fe redistributes itself into the α-phase [66,67].
In addition to Nb precipitation in α-phase, irradiation induced decomposition of β-phase
occurs as well under irradiation. Nb-rich phases undergo chemical changes under
irradiation. It has been reported that ω-phase, obtained in Zr-2.5Nb by transformation of
the β-Nb after extrusion, disappears and transforms into β-Nb [68]. Here there are some
complications regarding the evolution within existing Zr based alloys e.g. Zr-n%Nb. In
this system we find metastable β-Zr and equilibrium β-Nb (both BCC) in addition to the
majority α-Zr (HCP) phase. The metastable, coherent hexagonal ω-phase may also form
either thermally or athermally over a range of alloy compositions. The stability of the β-
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phase in Zr-12 wt.%Nb alloy under 1 MeV electron irradiation at a dose rate of 5.4 × 10-3
dpa/s has been reported by Nuttal and Faulkner [69]. The alloy was water quenched from
900 oC, and aged at 450 oC for 30 min prior to irradiation, showing ω-phase particles in

β-phase. It was reported that the pre-existing particles undergo significant radiation
induced dissolution, while precipitation of a fine dispersion of ω-phase with an identical
crystal structure to the pre-existing phase occurs simultaneously, after 6 dpa. The fine ωphase dispersion had increased in terms of both the number density and diffraction
intensity. These effects were attributed to recoil dissolution from the large ω-particles,
followed by re-precipitation as a fine dispersion of particles.

Hernandez and Potter [70] bombarded a Zr-12.5 wt.%Nb alloy with 3.0 MeV Ni ions at
425oC to doses from 0.4 to 10.8 dpa at a displacement rate of 3.7 ×10-3 dpa/s. The
material had been aged at 450oC to produce a distribution of large (~400 Å) cubiodal,
isothermal hexagonal ω-phase particles in a BCC β-phase matrix. The differences in the
results of HVEM and heavy ion irradiation were attributed to four causes: (1) easy
nucleation of ω-phase due to the slightly lower temperature of the HVEM irradiation; (2)
preferential nucleation of ω-phase on the uniform distribution of vacancies generated by
electron irradiation; (3) irradiation induced segregation could cause precipitate
redistribution; (4) displacement cascades during heavy ion bombardment may have
dissolved small, newly nucleated ω-phase particles impeding their growth to resolvable
size [70].

The results presented by Nuttal and Faulkner [69], were called into question by Motta et
al. [71] after in-situ Ar ion and electron irradiation experiments to study the stability of
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cubiodal ω-phase particles present in the β-phase matrix of Zr-20 wt.%Nb alloy. They
reported ω-phase particles neither dissolve nor grow under 350 keV Ar ion irradiation to
5.8 dpa in the temperature range 300–400oC and under 400 keV electron irradiation to 5
dpa at 350oC. Results reported by Motta et al. [71] and Hernandez and Potter [70] are
thus in strong contrast to the results presented by Nuttal and Faulkner [69].

2.1.2.7 Irradiation induced crystalline to amorphous transformation

Irradiation affects secondary phase precipitates in three ways, which are dependent on
dose, dose rate, and temperature; (i) irradiation induced dissolution, (ii) irradiation
induced

precipitation

and

(iii)

irradiation

induced

crystalline

to

amorphous

transformation [72]. Griffiths et al. [72] have presented a comprehensive study on the
phase instability, decomposition and redistribution of precipitates in Zircaloy-2 and -4
during neutron irradiation. It has been reported that behaviour of precipitates is
temperature dependent under neutron irradiation. For temperatures between about 77oC 427oC, there is a radiation-induced dissolution of Zr(Fe, Cr)2, and Zr2(Fe, Ni)
intermetallic precipitates. At temperatures ~287oC there is redistribution of the solute and
secondary precipitation in the matrix and at grain boundaries. At high temperatures
(~367–437oC), the thermal activation is sufficient to induce dynamic recrystallization
suppressing the amorphization of the precipitates. Due to the high mobility of Fe and Cr,
redistribution of solute can occur, leading to secondary-precipitate formation.
During electron irradiation at high temperatures (~367–437oC), irradiation may still cause
depletion and dissolution to some extent, but the level of damage necessary for
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amorphization would not be reached due to the absence of cascade damage [73]. Alloying
elements with higher mobility such as Fe and Cr form precipitates under irradiation.
At low temperatures (287oC), there is little evidence for extensive solute redistribution
but instead irradiation induced amorphization has been reported by several authors
[72,74,75,76]. It is reported that, both Zr(Fe, Cr)2 and Zr2(Fe, Ni) undergo a rapid and
complete crystalline to amorphous transformation at low temperatures (80oC), under
neutron irradiation. Crystalline to amorphization dose increases with an increase of
irradiation temperature. At 297oC, Zr(Fe, Cr)2 precipitates are partially amorphized
whereas Zr2(Fe, Ni) particles remain crystalline. It is also observed that the crystalline to
amorphous transformation starts at the periphery of particles, and then the amorphous rim
moves inward leading to the fully amorphized precipitates. Fe concentration has been
reported to be much lower in the amorphous zone as compared to rest of the precipitate
indicating the dissolution of Fe into the α-phase [2].

At low temperatures, irradiation induced amorphization can be attributed to the ballistic
irradiation induced disordering which dominates the recombination of point defects or
recrystallization [77]. When the point defect concentration becomes too high and/or when
the chemical disordering is too high, the crystalline structure is destabilized and
undergoes a transformation to an amorphous phase [53]. The reason for the depletion of
Fe from the precipitates is not clearly understood yet [77], however Fe is thought to be in
some form of irradiation-induced interstitial state in irradiated Zr-alloys and may then
diffuse interstitially out of the intermetallic particles.
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Neutron, electron and charged particle irradiation has provided some insight into the
behaviour of Fe, Cr, Nb and Sn within Zr alloys, however, the role of Fe, and
substitutional impurities such as Mo, Sn remains to be fully understood. These elements
affect the formation of <c>-component loops and hence irradiation growth, and degraded
corrosion resistance of reactor components. Formation of Mo and Fe rich hexagonal
secondary phase precipitates has been reported in Zr-Excel alloy by Sattari [78]. Zr-Excel
alloy differs from other Zr alloys significantly, in terms of chemical composition i.e.
higher Sn concentration in α− phase, and Mo, Nb and Fe present in β−phase and complex
microstructure. There is very little data published on irradiation behaviour of Zr-Excel
indirectly, and almost no experimental data exists in the literature. Current state of
knowledge regarding the radiation induced chemical changes in Zr-Excel has been
summarised briefly by Griffiths et al. [25]. It has been reported that Sn undergoes
irradiation induced precipitation, whereas Fe redistributes itself from β−phase to α−phase
changing the irradiation behaviour of the material under neutron irradiation. The role of
Mo as an alloying element in Zr remains unclear under the irradiation environment,
which is of major importance [79].

2.2 Irradiation growth

Irradiation growth is the dimensional change without applied stress and is one of the most
specific macroscopic effects of irradiation on materials. In the case of zirconium alloys, it
is known that under neutron irradiation, a zirconium single crystal undergoes an
elongation along the <a>-axis and contraction along the <c>-axis without significant
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volume evolution [1,2] which has been shown schematically in figure 2-3 and irradiation
growth in single crystal Zr has been shown in figure 2-4.

Figure 2-3 Schematic of the change in shape of a single crystal of α-zr produced by
interstitial condensation on prism planes and vacancies condensation on basal planes [1].

Figure 2-4 Growth strains of annealed single crystals of zirconium as a function of neutron
fluence at 80◦C [1,80].
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Irradiation growth has been studied extensively in Zr alloys and has been found to be
strongly dependent on texture, grain size, temperature and degree of cold work [2]. It has
been observed that the elongation along the <a>-axis is rapid at the beginning of the
irradiation and slows down until reaching a low stationary growth rate as shown in figure
2-5. The growth strain remains small (<0.02%) and saturates at fluences less than 5×1024
n m-2 [2,80,81]. Eventually, at higher fluences growth rates increase again. The onset of
accelerated growth following neutron irradiation to fluences above 4×1024 n m-2 in
annealed Zircaloy-2 at 280oC was first reported by Rogerson et al. [82]. Holt and Gilbert
[47] found a correlation between “breakaway” growth and the appearance of <c>component defects in irradiated annealed Zircaloy-2 and -4. Griffiths and Gilbert [44]
then showed that these <c>-component defects were basal plane vacancy loops having
Burgers vectors of

1
2023 formed in volumes of increased solute concentration around
6

intermetallic particles.

Various mechanisms have been proposed in the literature in order to explain the growth
under irradiation of zirconium and its alloys. An irradiation growth mechanism was first
theorized by Buckley [43] who proposed condensation of interstitials as dislocation loops
on prismatic planes and condensation of vacancies as loops on basal planes. This model
however, does not explain the faster growth rates observed in polycrystalline zirconium
[83]. Irradiation growth in Zr and Zr alloys can be best understood in the framework of
the model based on the DAD, first proposed by Woo and Gösele [84] and described in
detail by Woo [36]. Woo has proposed that vacancies and self-interstitials exhibit
anisotropic diffusion in Zr due to its HCP crystal structure, and further the diffusional
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anisotropies of vacancies and self-interstitials are different such that the diffusion of SIA is
anisotropic, while the vacancy diffusion anisotropy is low. Onimus et al. [2] have
summarised the growth mechanisms in recrytallised Zr in three stages (see figure 2-5 and 26) based on Woo's model; (i) fast growth, (ii) stationary growth and (iii) breakaway growth as
shown in figure 2-5 and figure 2-6. During the first stage of the irradiation of recrystallization
annealed zirconium alloys, with low initial dislocation density, the grain boundaries act as
major point defect sinks. Due to higher mobility of SIA in the directions parallel to the basal
plane, the grain boundaries perpendicular to the basal plane are the preferential sinks for SIA
on one hand, and grain boundaries parallel to the basal plane act as preferential sinks for
vacancies on the other hand, resulting in higher initial growth rates at low dose. At the
intermediate dose, the density of <a>-type dislocation loops has increased and these loops act
as preferential sinks for point defects. In the absence of <c>-component dislocations, linear
<a>-type dislocations parallel to the <c>-axis are preferential SIA sinks while <a>-type loops
are relatively neutral and may receive a net flow of either interstitials or vacancies, depending
on the sink situation in their neighbourhood [2]. Simultaneous growth of interstitial and
vacancy <a>-type loops does not induce strain of the crystal resulting in the stationary
growth. In the third stage, at higher dose, vacancy type <c>-component dislocation loops are
formed in the basal plane. Formation of these basal loops is also explained with the DAD
model such that <c>-component loops and the grain boundaries parallel to the basal plane act
as preferential sinks for vacancies whereas <a>-type loops and grain boundaries
perpendicular to basal plane act as preferential sinks for SIA. This explains the growth of
large <c>-component loops and thus breakaway growth.
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Figure 2-5 Irradiation growth in recrystallization annealed Zircaloy, at 276-306 oC, showing
breakaway growth [2].

Figure 2-6 The three phases of growth of recrystallized zirconium alloys [2].

According to the current state of knowledge, <c>-component loops are considered to be
the main cause of breakaway irradiation growth [2,41]. In a detailed experimental study,
Tucker et al. [85] has shown that Zircaloy-2, Zircaloy-4, sponge Zr, Zr-2.5Nb, Zr-Excel
alloy, all exhibit breakaway growth in annealed, cold worked and as-extruded conditions
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up to a fluence of 15×1025 n.m-2 and in temperature range 367-427oC. In this temperature
range annealed or lightly cold-worked Excel alloy exhibit high or accelerated growth
rates from very low fluence as shown in figure 2-7.

Figure 2-7 Comparison of irradiation growth in different Zr based alloys. Zr-Excel exhibits
the highest growth strains [25].

In annealed Excel and Zircaloy-2 alloys, which have nearly constant strain rates with
increasing fluence, <c>-component loops are observed even at low fluences 0.1×1025
n.m-2. Griffiths [25] has attributed this higher growth exhibited by the Excel alloy as
compared to Zircaloy-2 to the differences in texture and the grain size, however the
reasons behind the higher growth rates of Zr Excel still remain veiled. There was an
attempt to investigate these differences in microstructural evolution between Excel and
Zr-2.5%Nb by Holt et al. [86]. A number of differences in the dislocation arrangements
in Excel and Zr-2.5%Nb have been observed, however discrepancy lies between the
relation of growth strain, dose, and irradiation temperature, and consequently the
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microstructures (chemical composition, grain structures, irradiation induced dislocations,
secondary phase precipitates). The observed difference in the irradiation growth could
also arise from the significantly different chemical composition which controls the
microstructural evolution mechanism.

2.3 Emulation of neutron damage using heavy ions

Neutron irradiation experiments are not easy to conduct for a number of reasons.
Investigations of basic damage processes in materials require a wide range of precise and
well controlled experimental conditions, which are not possible to tune precisely in
neutron irradiation experiments. Due to a low dose rate, typical neutron irradiation
experiments in test reactors require 1 to 3 years of in-core exposure to reach appreciable
fluence levels prior to accelerated post-irradiation testing, accompanied by at least
another year of capsule design and preparation as well as disassembly and cooling time.
Special precautions are required to handle the radioactive samples during the further
analysis which may again take years. In other words, it may take 5 years to study the
damage process using neutron irradiation. Due to long operating time, higher
experimental costs, the need for special safety instruments for handling and testing,
pushes us to find alternative means to study radiation damage. Ion irradiation provides an
alternate to neutron irradiation which enjoys considerable advantages in contrast to
neutron irradiation, such as: (1) Higher damage rates ~10-2 dpa/s than can be readily
achieved with nuclear reactors (10-7 dpa/s); (2) little or no residual radioactivity, allowing
handling of samples without the need for special precautions; (3) precise control of
irradiation conditions; and (4) a lower irradiation cost than neutron irradiation.
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Drawbacks include (1) that the damage rate is much higher so may not produce the same
damage structures as observed at low damage rates; (2) cascade structures may be
different anyway due to the ion than the neutron. Nonetheless the benefits in terms of
exploring irradiation damage mechanisms make ion irradiation an attractive solution,
even if exact duplication of neutron damage is not possible.

Several type of particles have been used to emulate neutron damage in a wide energy
range and in many metals and alloys, and to understand basic physical radiation damage
processes which is not usually easy after neutron irradiation. It should be noted that in
reactor core materials, transmutation reactions often occur, resulting in the generation of
He, and these transmutation reactions are absent in charged particle irradiation. Charged
particle irradiation falls into three categories based on particle type, (1) electrons, (2)
heavy Ions and (3) light ions (protons).

Electron irradiation is very simple to conduct using the high voltage electron microscope
(HVEM) with a simple electron source, either a hot filament or a field emission gun. This
technique enjoys the benefits of in-situ irradiation, as one can observe and monitor the
microstructure while being irradiated in the HVEM. Electron irradiation suffers several
drawbacks, making it unsuitable for direct neutron emulation studies. First is the absence
of a displacement cascade, resulting in a different damage morphology than seen in
neutron or ion irradiation. There is an energy limit restriction as well, because electron
beams available for irradiation are generally at most ~1 MeV.

In many ways proton irradiation has been proven to be a very good candidate for neutron
damage simulation. It shows benefits over both electron, and heavy ion irradiation. At
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only a few MeV energy ranges, the penetration depth is much longer than heavy ion
irradiation; for example, at 4MeV protons can penetrate to ~80 micron in Zr, providing
an opportunity to study radiation damage in bulk materials, similar to neutron irradiation
in reactor. The range of charged particles have been summarised and compared in figure
2-8.

Figure 2-8 Damage profiles for neutrons, protons, and heavy ions in stainless steel [1].

Higher penetration depth can be probed to study important properties such as irradiation
hardening through microhardness measurements, and stress corrosion cracking through
crack initiation tests such as the slow strain rate test. Proton irradiation, however, suffers
some drawbacks too, such as smaller and much more widely separated cascades, contrary
to neutron irradiation where cascades are much more dense and large. Smaller dose rates
than heavy ion irradiation means it takes a long time to irradiate a sample to an
appreciable dose, to study the long term evolution processes. There is also minor sample
activation if materials are irradiated at higher proton energies.
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Heavy ion irradiation is used widely to simulate neutron damage in metals and alloys and
has been proven to be a good candidate. High dose rates result in the accumulation of
damage in material in a very short time, and due to high energy these heavy ions produce
very efficient and dense cascades very similar to those in neutron irradiation. A major
drawback is the very short penetration depth and dose that varies significantly over the
penetration depth making it very hard to study the important properties linked to
irradiated microstructures. Heavy ion irradiation coupled with the TEM can be a good
technique to study the microstructure of materials in-situ. Reactor life time doses can be
achieved in hours and microstructural changes can be monitored continuously while
being irradiated, like electron irradiation, but still enjoying the formation of cascade
damage. The problem of higher dose rates than neutrons can be accommodated somewhat
by shifting the temperature (hence diffusion rates), but sometimes there are upper limit
restrictions for the irradiation temperatures.

2.4 Experimental techniques
2.4.1 Ion damage calculation

For the experimental research community the SRIM code (Stopping and Range of Ions in
Materials) is commonly deployed to calculate the primary displacement damage dose in
order to design irradiation experiments. SRIM is a binary collision approximation code to
describe the trajectory of the incident particle and the damage created by that particle in
amorphous solids for the calculation of the number of Frenkel pairs resulting from such
interactions. SRIM uses a maximum impact parameter set by the density of the medium
and a constant mean free path between collisions. Stochastic methods are used to select
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the impact parameter for each collision and to determine the scattering plane. In SRIM
calculations it is assumed that the particles do not move in any preferred directions,
which exist in e.g. a crystalline target. Second, the projectile and the target atoms
experience only elastic collisions. Third, the scattering is thought to be made up of hardsphere collisions, that is, the particles are viewed as classical “billiard balls” in the
collisions [87]. SRIM takes into account the threshold displacement energy Ed, such that
if the transferred energy is less than Ed, the atoms remain in their lattice sites. The
displacements are then caused by recoiled atoms, called PKA, not by the ion. SRIM
provides two very important quantities, range of ion in the materials for the given ion
energy, and number of target vacancies produced as result of cascade, which can be later
used to calculate the damage in terms of DPA (displacement per atom) using the formula:

 vacancies 
Dose(ions / cm 2 )  o
.10 8
 A .ion 
DPA =
Atomic Density atoms / cm 3

(

)

(2.4)

An example of the range of ions, and number of vacancies produced in a target as
calculated by SRIM is shown in figure 2-9.
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Figure 2-9 SRIM calculations showing the damage profile (left) and range (right) of 1 MeV
Kr ions in Zr calculated using the threshold displacement energy Ed = 40 eV. An
approximate sample thickness of a TEM foil is indicated by the dotted lines.

2.4.2 Tandem accelerator

The tandem accelerator was proposed by Bennet [88,89,90], Kallmann and Alvarez to
meet the requirement for high energy beams as compared to traditional Van de Graaff
accelerators. Van de Graaff reported the first machine instalment at Chalk River
Laboratory [91]. In a usual electrostatic accelerator, positive ions are produced inside a
high voltage terminal and then accelerated to ground in one stage of acceleration.
However, the tandem accelerator is a little different; the name ‘Tandem’ comes from the
fact that the voltage is used twice by changing the charge of the ions. In tandem
accelerators, negative ions are produced by an appropriate ion source at the ground and
then accelerated to a high voltage positively charged terminal, where the swiftly moving
negative ions are stripped of electrons, and convert to positive ions. The removal of
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electrons from incoming negative ions is usually done by a stripper inside the terminal,
which uses a gas canal (usually nitrogen or argon) or a very thin carbon foil. An
additional acceleration is applied again to the positive ions as they exit the terminal and
travel down the acceleration tube to ground at the high-energy end of the machine. Hence
the beam receives two stages of acceleration instead of one. Schematic of tandem
accelerator as given by Van de Graff has been shown in figure 2-10.

Figure 2-10 Schematic of Tandem accelerator according to Van de Graff [91].

2.4.2.1 IVEM-Tandem facility at ANL

Tandem accelerators are very important tools for nuclear physics. Protons and heavy ions
can be accelerated to energies with which one can study the radiation damage process.
Transmission electron microscopy coupled with a high energy irradiation facility such as
a tandem accelerator is a powerful experimental technique which allows direct
observation of internal microstructure of materials while being irradiated [92]. Invaluable
insights into the underlying atomistic processes can be gained through direct
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investigation of radiation induced and enhanced effects, such as defect nucleation,
growth, their interaction with pre-existing microstructure, phase transformation,
precipitation, and dissolution of precipitates [92]. The results obtained from in-situ
irradiation experiments, can be used not only to predict the materials’ behaviour under
irradiation but also to validate the predictions of computational and theoretical models.
Currently there are a few in-situ irradiation facilities installed at different R&D institutes
in the world for example at the University of Tokyo, National Institute of Materials
Science (NIMS) Argonne National Laboratory (ANL), Hokkaido University, Centre de
Spectrométrie Nucléaire et de Spectrométrie de Masse (CSNSM), and Wuhan University;
out of them perhaps the best known is the IVEM-Tandem facility at Argonne National
Laboratory, USA, which is shown in figure 2-11 [92].

Figure 2-11 IVEM-Tandem facility at ANL [92].
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The IVEM is a 300 kV Hitachi H-9000NAR. It operates at voltages from 100 to 300 keV,
with a point resolution of 0.25 nm at 300 keV [93], with the ion beam entering at 30o to
the electron beam as shown in the figure 2-11. This allows the ion flux to be monitored
constantly during irradiation.

An ion dosimeter measurement apparatus contains a 3mm aperture split into a quadrant
detector which is positioned to allow alignment of the beam along an annular skimming
Faraday cup (with 2 mm exit aperture) which is electrically biased so as to suppress
secondary electrons. A closed Faraday cup can also be swung in front of the exit aperture
of the skimming Faraday cup at a distance of 50 mm from the sample position to allow
the skimmed ion beam current to be related to that being transmitted. Additionally, a
Faraday cup integrated into a sample rod was developed jointly by ANL and Gatan to
allow the ion beam current to be measured at the sample position [92]. Ion dose rates
ranging up to 1016 ions.cm2.s-1 can be achieved and thus damage levels up to 200 dpa (1
MeV Kr++) can be reached in as little as a few hours [93]. A wide variety of Gatan sample
holders are available for temperatures ranging from -258-1000oC (double tilting), a
straining-heating holder (single tilt), and tilt-rotate holder with triple axis tilting. In the
current project the double tilt heating stage has been utilised as shown in figure 2-12 [94]
.
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Figure 2-12 Schematic of double tilt sample heating stage used in TEM for in-situ
irradiation experiment [94].

This microscope has proven to be user friendly, simple to operate, mechanically very
stable and reliable during ion irradiation. Data recording is done using Gatan Orius SC
1000 CCD camera with Digital Micrograph software which permits good and
reproducible control of areas and diffraction conditions, and effective data acquisition
and analysis during the progress of an experiment [93].

2.4.3 Electron microscopy

Transmission electron microscopy is a very powerful tool used to investigate radiation
induced lattice defects. In this section (mostly taken and described from [95]), special
techniques are introduced for irradiated TEM samples. TEM operation is based on
electron diffraction, similar in description to x-ray diffraction. The basis of all kinematic
diffraction phenomena whether by X-rays, neutrons, or electrons is Bragg’s law which is
a very simple approach to describe diffraction, that the waves behave as if they were
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reflected off atomic planes as shown in Figure 2-13. Waves reflected off adjacent
scattering centers must have a path difference equal to an integral number of wavelengths
of the incident beam in order to remain in phase. In the TEM the path difference between
electron waves reflected from the upper and lower planes as shown in Figure 2-13 as (AB
+ BC). Thus, if the reflecting hkl planes are spaced a distance d apart and the wave is
incident and reflected at an angle θB, both AB and BC are equal to d sin θB and the total
path difference is 2d sin θB., so the Bragg’s law can be written as;

nλ = 2d sin θ B

(2.5)

where θB is called the Bragg angle, where d is the interplanar spacing of the atomic
planes. If Bragg’s law is not satisfied, i.e. the incident angle is such that the reflected
beams are out of phase, destructive interference happens and there will be either zero or
weak reflection.

Figure 2-13 Schematic illustration of Bragg's law [95].
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Crystallographic information makes diffraction an important aspect of the TEM. In order
to understand this relationship and electron diffraction it is imperative to simplify Bragg’s
law by using vector notation. Figure 2-14 shows the wave vector (k-vector) diagram of
the diffraction phenomenon.

Figure 2-14 Vector notation of Bragg's law [95].

The diagrams in figure 2-14A,B define three vectors kI, kD and K, which are the incident,
reflected wave vectors and the change in k due to diffraction, respectively, so that:

Κ = κD − κI

(2.6)

In elastic electron scattering theory the electron beam is treated as a wave of amplitude ψ0
and phase 2πkr:
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ψ = ψ oe 2πkir

(2.7)

where k is the magnitude of the wave vector and r is the distance the wave has
propagated. By definition k=1/λ, and since only elastic scattering is considered here,
then:

κI = κD =

1

λ

(2.8)

From figure 2-14C,

Κ =

2 sin θ

λ

(2.9)

Using Bragg’s law with n=1

1
d

(2.10)

Κ =g

(2.11)

Κ =

where g is called the diffraction vector. Bragg’s law gives us a very useful physical
picture of the diffraction process because the diffracting planes appear to behave as
mirrors for the incident electron beam. Therefore, the diffracted beams, or the spots in the
Selected Area Electron Diffraction Pattern (SAEDP), are called reflections and the vector
g is called the diffraction vector. We see the diffraction spots in a SAEDP, when the
Bragg's condition is satisfied, however sometimes we see the diffracted beam spots even
when the Bragg condition is not fully satisfied. The actual intensity will depend on how
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far we are away from the Bragg condition. This distance is measured by a vector “s” in
reciprocal space such that

Κ =g+s

(2.12)

where s is excitation error or deviation parameter which will be discussed in detail in the
next section.

In the following section, popular and useful TEM observation techniques have been
introduced briefly; they have been used in the current project frequently.

2.4.3.1 TEM observation methods

Small features in the microstructure, such as small defect clusters, dislocation loops,
precipitates, are very important while characterizing a microstructure using transmission
electron microscopy. Contrast of these small features is strongly dependent on the
imaging conditions.

2.4.3.2 Diffraction contrast

Diffracted electrons leaving the lower surface of TEM sample are intercepted by the
objective aperture and prevented from contributing to the image. The objective aperture
allows the formation of an image by selecting either transmitted beams resulting in the
formation of a bright field (BF) image, or one of the diffracted beams to form a dark field
(DF) image. In other words, BF or DF images are simply high magnification maps of the
intensity distribution across the transmitted or diffracted beam. In a TEM sample,
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diffraction contrast arises from point to point differences in the efficiency of diffraction
processes, which can be interpreted in terms of suitable diffraction theory.

2.4.3.3 Dynamical two beam condition

TEM images are normally discussed in terms of dynamical theory of electron diffraction
which also incorporates the kinematical theory. The dynamical theory describes the
diffraction processes in order to interpret the image contrast in TEM micrographs.
Mathematical details of the theory can be reviewed elsewhere. The simplest form of the
theory only considers the case of two beams, transmitted through and diffracted by the
TEM sample.

Two-beam condition is important and is utilized in imaging and analyzing a crystal defect
for example determination of Burgers vector of a dislocation, or irradiation induced
defect. In the TEM operation, setting up two beam condition is simple. The TEM foil is
tilted while looking at the diffraction pattern (DP) such that one set of desired
crystallographic planes (h k l) is at or close to Bragg condition. In two beam condition,
one strongly diffracted beam in addition to the transmitted beam are obtained. The other
diffracted beams may be visible too because of the relaxation of the Bragg conditions, but
they can be made relatively faint. The image contrast achieved exactly at the Bragg
condition, with excitation error or deviation parameter s=0 might not be best in two beam
condition. To get the best contrast, TEM sample is tilted close to the Bragg condition, and
the deviation parameter s is kept either positive or negative. This can give the best
possible strong beam contrast. The concept of deviation parameter which has already
been introduced in previous sections can be understood by the construction of the sphere
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of reflection or generally the Ewald sphere. It is a sphere with a radius 1/λ and it passes
through origin of the reciprocal lattice. When the sphere cuts through the reciprocallattice points which are associated with reciprocal lattice rods (or simply rel rods) with
centre at the reciprocal lattice point, the Bragg condition is satisfied resulting in the
formation of a diffraction spots. Some diffraction spots appear when Ewald sphere cuts
through rel rods, even though the Bragg condition is not satisfied.

The Ewald sphere construction is shown in figure 2-15. The reciprocal lattice vector g
corresponds to the diffraction vector from (0 0 0) to (h k l) spot in the diffraction pattern.
The radius of Ewald sphere k (k=1/λ) is much bigger than g. The 'deviation parameter',
sg, is the distance from diffraction vector g point to the Ewald sphere in the direction of
the normal of the foil. In case of the dynamical two beam condition, sg is zero or very
small.

Figure 2-15 Ewald sphere construction and the diffraction condition g (ng). The position of
Ewald sphere shown on the left side and the position of the relevant Kikuchi line shown on
the right side.
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2.4.3.4 Kinematical two beam condition

The dynamical contrast from the surface in dynamic two beam condition can be avoided
by using the kinematical bright field two beam condition. A two beam condition is set up
with a small positive deviation parameter, i.e. sg > 0. The magnitude of deviation
parameter is not specified explicitly but is adjusted to get the reasonable contrast such
that the image loses most of its dynamical features. This technique is used when imaging
small dislocation loops. In the current project kinematical bright field condition has been
used in order to observe <c>-component loops with g=0002, in beam directions either
[ 0110 ] or [1120] .These loops appear as thin line segments parallel to the basal plane and
are hard to observe in dynamical two beam condition.

2.4.3.5 Weak beam dark field condition

The weak beam technique is very useful and important method to form high resolution
diffraction contrast images of crystal defects such as line dislocations, dislocation loops,
point defect clusters, SFTs, precipitates etc. The weak beam dark field technique was first
discovered and developed by Cockayne et al. [96]. Weak beam images are formed by the
diffraction contrast only from the core of the defects. WBDF technique produces images
with improved resolution, high level of contrast as compared to dynamical two beam
condition.
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Figure 2-16 Schematic representation of the formation of the image of a dislocation in
diffraction contrast. Top: crystal containing an edge dislocation. Left: Sketches showing the
diffraction condition far from the defect and close to it. Bottom: Intensity profile across the
resulting bright field image.

WBDF formation mechanism can be understood using the illustration shown in figure 216 showing a crystalline foil containing an edge dislocation. The central parts of the
lattice column contain the dislocation, the two side parts are of perfect structure. The
lattice planes in the central part are inclined with respect to their orientation of perfect
parts. Thus somewhere closer to the dislocation core the local deviation parameter sg is
much smaller than in perfect part, as shown in figure 2-16. The beam intensity scattering
originates from this region, producing a bright peak on a dark background in the dark
field weak beam image. This implies that the dislocation image position is shifted
relatively to the real image position. In the TEM experimental operation, the diffraction
condition is specified by 'ng(mg)', where ng is the beam selected to form the image and
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mg is the beam intersecting with the Ewald sphere (see figure 2-17). The deviation
parameter is then given geometrically by sg = n(n-m)g2 λ/2. In radiation induced defect
analysis conditions range typically from g(3g) to g(6g).

Figure 2-17 Relationship between the orientation of the Ewald sphere and the position of
the Kikuchi lines for the 0(g) (A and B) and g(3g) (C and D) diffraction conditions. The two
pairs of diagrams are related by tilting the beam; the specimen has not tilted so the position
of the Kikuchi lines is unchanged [95].

Since the weak beam condition has been used extensively in the current study to image
<a>-type loops in irradiated pure Zr (see chapter 3&4), so it is important to go through
the WBDF set up procedure. First two steps for setting up g are illustrated in figure 2-17,
which related the Ewald sphere to the Kikuchi lines. First step in setting up the WBDF is
to orient the specimen in BF so that g is excited and sg is positive. DF beam-deflecting
coils are then used to bring the reflection g on to the optic axis. Insert the objective
aperture. In BF, check that the aperture is centered, then switch to DF and check that the
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spot G is centered in the aperture and WBDF is attained in the imaging mode. WBDF
microscopy in a small grain of α-Zr has been shown in figure 2-18. Image contrast varies
as we move from BF, DF towards g(2g) to g(5g) WBDF conditions.

Figure 2-18 WBDF microscopy in pure Zr, showing variation in the contrast in BF, DF, g
(2g) to g (5g) WBDF conditions.

2.4.4 Energy dispersive X-ray diffraction

This section describes the working principle of EDX, which is based on the references
[78,95,97]. The principles of energy dispersive X-ray spectroscopy (EDS) are based on
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the classical Bohr’s atomic model. The interactions between the electron beam and the
material results in the emission of X-rays of two types: 1) Bremsstrahlung and 2)
characteristic. Bremsstrahlung occurs when the incident electron loses energy in the form
of an X-ray as a result of inelastic interaction with Coulomb forces of the atomic nucleus.
This contributes the continuous background in the X-ray spectrum. Characteristic X-ray
occurs when the primary electron knocks out an inner-shell electron to a higher energy
orbit, leaving the atom with a vacancy in its inner shell in an excited state. When an
electron from the outer shells fills the inner shell vacancy the atom returns to its stable
state and the energy difference between the outer shell and vacant shell is released in the
form of a characteristic X-ray radiation. Therefore, the characteristic X-ray energy
released depends on the atomic number of the atom and the quantum energy levels
(electron shells) involved in the process [98].

Figure 2-19 Classification of characteristic X-rays based on Bohr's model [98].

58

Figure 2-19 explains the naming and classification of characteristic X-rays. For example
if an electron is knocked out from the K shell and another electron from the L shell fills
the vacancy, the emitted characteristic X-Ray is called Kα.

Energy-dispersive x-ray spectroscopy EDS analysis is best done in STEM mode, due to
its capability of producing very small beam <5nm and ideally 0.1 nm diameter. TEM and
scanning electron microscope (SEM) technologies are combined to create a scanning
transmission electron microscope (STEM), used to map regions in the thin foils
containing a particular species of atoms in nano/micro-structures. This is done by a
coherent focused probe raster scanned across the thin foil and at each probe position the
resultant x-ray emission spectrum is recorded. X-rays from multiple channels or windows
are collected by the computer to acquire several maps simultaneously. Gray-scale images
are acceptable, but for full quantification, full-color images are used to discern elements,
and an example is shown in Figure 2-20 where different elements present in Zr-Excel
alloy have been analyzed and mapped in different colors.
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Figure 2-20 STEM-EDS mapping on irradiated Zr-Excel alloy showing the distribution of
all major alloying elements present in the different regions of sample.
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Chapter 3
In-Situ Study of Defect Accumulation in Zirconium under Heavy Ion
Irradiation
In this study, we report direct observations on heavy ion (Kr2+) irradiation induced
changes in microstructures of pure Zr at different temperatures using intermediate voltage
electron microscopy. Thin TEM foils were irradiated with 1 MeV Kr2+ ions. Materials
have been irradiated to different damage levels ranging from 0.008 dpa to 1 dpa at
different temperatures ranging from 300oC to 500oC. We particularly concentrate on yield
of small defects directly occurring from cascade collapse at very low doses, and their
evolution as the dose increases. In-situ observation of growth and evolution of these
small defects into complex defect structures at high dose has been carried out. Irradiation
of materials at different temperatures provided an opportunity to investigate the
temperature dependence of defect accumulation in Zr during irradiation. The differences
in defect structures, defect densities, and therefore dynamic growth have been discussed
in detail as a function of irradiation parameters (dose, temperature). Interaction of
irradiation induced defects with existing microstructure and other defects is discussed.

3.1 Introduction

Zirconium and its alloys are often specified for engineering applications in the nuclear
industry because of their low thermal neutron capture cross section, adequate mechanical
properties and good corrosion resistance compared to other commercially available
structural materials [1]. Radiation damage alters the mechanical properties of the
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materials leading to hardening, loss of ductility, localised plastic deformation and plastic
instability [2]. The desire to increase fuel burn up of nuclear reactors, leads to more
severe damage making these parts susceptible to degraded properties both during service
and subsequent spent-fuel storage. Therefore, it is important to review the impact of
radiation damage on the safety of nuclear power plant components. Extensive studies
have been carried out to investigate and characterize the radiation induced changes in the
microstructure of neutron irradiated Zr and Zr alloys but microstructures developed in Zralloys during irradiation have proven to be complicated to observe due to the HCP crystal
structure [3]. In typical microstructural investigation of damage caused by neutron
irradiation, samples are examined after irradiation to a certain dose level, which provides
snapshots of the final state of damage at that specific dose level [4]. It is not only the final
state of the microstructure that is important in predicting material performance but also
the path taken to reach the final state. These studies have left many unanswered questions
concerning the mechanisms, kinetics and the driving forces involved in microstructural
evolution due to the dynamic behavior of this process [4]. For successful prediction and
assessment of material performance over a long duration in irradiation environment, it is
crucial to understand the basic formation mechanisms of radiation damage at initial
damage states at lower doses and its accumulation at higher dose levels which results in
the complex features in the microstructure. Microstructural studies providing quantitative
(defect formation, defect clustering, defect densities, defect yield) as well as qualitative
data (defect growth, defect interaction) of radiation damage are necessary to properly
understand the basic damage processes [5]. A wide range of well controlled experimental
conditions are required to study the basic damage process which is not provided by
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neutron irradiation experiments. This can be available by in-situ ion irradiation
experiments in the transmission electron microscope (TEM). The main advantage of insitu TEM ion irradiation is that the damage evolution can be continuously observed for a
better understanding and spatial correlation of defect structures, and pre-irradiated
microstructures at different dose levels.

As neutron irradiation is required to screen the candidate materials for reactor
application, which is costly and time consuming process an efficient means is required to
elucidate the neutron damage [4]. Ion irradiation provides an alternate to neutron
irradiation which enjoys considerable advantages in contrast to neutron irradiation, such
as; (1) Higher damage rates ~ 10-2 dpa/s than can be readily achieved with nuclear
reactors ~10-7 dpa/s; (2) little or no residual radioactivity, allowing handling of samples
without the need for special precautions; (3) precise control of irradiation conditions; (4)
a lower irradiation cost than neutron irradiation [1,4]. The challenge is then to verify the
equivalency of the results of neutron and ion irradiation by defining the irradiation
conditions required for ion irradiation to yield the same measure of radiation effect as that
data obtained in post-irradiation experiments [4]. In such a case, ion irradiation
experiments can provide a direct substitute for neutron irradiation.

In the past, a number of attempts have been made to characterize the radiation damage
quantitatively in Zr and Zr based alloys by ion irradiation. The phenomenon of
breakaway growth in Zr and its alloys has received attention since it has been first
reported by Rogerson and Murgatroyd [6]. Accelerated breakaway growth has been
studied in detail and is attributed to the increased formation of <c>-type loops at higher
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dose [7,8,9], however formation of <c>-type loops and their relation to the irradiation
growth is still a topic of interest.
Neutron damage in a series of Zr alloys irradiated at 371oC to 437oC has been studied by
Griffiths et al. [10]. Effect of temperature, solute re-distributions, and pre-existing
microstructure on the formation of <c>-component loops was investigated. It was
concluded that irradiation growth depends on the irradiation temperature due to an
increase in <c>-type defects formation.

Turning to post neutron irradiation quantitative experimental data on defect densities,
diameter and types in zirconium under conditions where appreciable mobility of
interstitials and vacancies is possible, several attempts have been made. One of the major
studies called the “An International Round-Robin Experiment” reported by Northwood et
al. [11] provided a detailed data set on radiation induced defect structures in annealed
Zircaloy-2 and crystal bar Zr. A detailed analysis of <a>-type loops with their defect size
distributions was given. In a recent study, quantitative data on loop number densities and
loop diameter in neutron irradiated Zircaloy-2 and -4 has been reported by Cockeram et
al. [12]. Data have been provided on densities and diameter of both <a> and <c> type
loops at 358oC nominal temperature and at different fluences. This study also provides a
good correlation between irradiation damage data and irradiation hardening data but
questions concerning damage evolution mechanism and defect accumulation behavior
have been left unanswered. Other than that many studies have been done on neutron
irradiated Zr and Zr alloys [13,14,15,16,17,18], providing a snapshot of final damage
state at certain dose levels.
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A limited number of post-mortem studies have been done on ion irradiation of Zr and Zr
alloys to emulate neutron damage. Recently work on ion irradiated Zircaloy-4 has been
reported by Tournadre et. al.[19] 2 MeV proton irradiation was performed at 350oC, and
600 keV Zr ion irradiations were carried out at 300oC. This study was mainly focused on
the nucleation and growth of <c>-type loops. Quantitative data was given on the loop
densities, however, no information has been provided for nucleation and growth of <a>type defects. Similarly, Hengstler-Eager et al. [20] have studied the formation of both
<a> and <c>-type loops in Zr based AREVA’s M5® commercial alloy, under Kr+2 ion
irradiation. They have reported the formation of <c>-component loops above 6.8 dpa.
Yamada et al. [21] have reported the formation of <c> type loops after self-ion irradiation
in pure Zr and Zircaloy-2. They have reported that formation of <c>-type loops strongly
depends on the irradiation temperature and impurity elements in Zr. Temperature
dependence of microstructural evolution in Zircaloy-2 have been studied by Lee et al.
[22] after ex-situ Ni ion irradiation. They have reported the formation of random defect
structures at lower temperature (100oC) and well aligned defects in form of rows at
higher temperature (~600oC). Similarly effects of protons and Ne ion irradiation on
Zircaloy-4 have been studied by Zu et al. [23] which is mainly focused on the behavior of
intermetallic precipitates under ion irradiation.

Other than neutron and proton/ion irradiations, electron irradiation also has been used to
study the damage evolution in Zr and its alloys [24,25,26]. Several interesting
observations including the formation of <c>-type loops, climb of defects, role of
impurities, especially Fe has been reported [25]. Though electron irradiation is not a truly
representative of cascade damage in metals, but a good insight has been gained to
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understand the microstructural evolution especially the formation of <c>-type loops, in
Zr and its alloys.

All of above mentioned studies on ions, electrons, and neutron irradiation provide a good
insight into the Zr alloy behaviors under irradiations, but many questions have been left
unanswered regarding the damage evolution of Zr which makes it important to
characterize the defect nucleation at lower dose and their evolution at higher doses. In
this paper, we report the direct observations on radiation induced changes in
microstructure of pure Zr at different temperatures in the intermediate voltage electron
microscope. We have utilized the unique and enhanced facilities of Argonne National
Laboratory Intermediate Voltage Electron Microscope Tandem Facility (IVEM-Tandem),
which allowed us to follow dynamically the evolution of radiation damage
microstructures in pure Zr over a large dose range. The irradiation experiments have been
done at different temperatures because irradiation growth strongly depends on the
irradiation temperature [10,27]. We particularly concentrate on yield of small defects
directly forming from cascade collapse at very low dose and their evolution as the dose
increases. Interaction of these irradiation induced defects with existing microstructure
and other defects present in the microstructure has also been discussed.

3.2 Experiments and methods

The material used in this study is an annealed thin foil (~ 25 µm) of 99.8 % Pure Zr with
Hf, Sn, Ni, Fe, C, O present as impurities. The microstructure of as-received material was
comprised of near equiaxed grains of ~5 µm diameter, as shown in Figure 3-1. Three
millimeter discs punched from as received foil were electro-polished into TEM thin foils
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using the standard method in a Struers TenuPol-5 using a solution of 10% perchloric
acid, 90% methanol at low temperature -40oC. The samples were washed subsequently in
cold methanol (-40oC), and ethanol. The polished samples were stored immediately in
vacuum to preserve the surface quality. Although high-quality specimens of Zr were
produced, a high density of surface hydrides was introduced during electropolishing. The
temperature of electrolyte and washing methanol/ethanol was kept as low as possible to
avoid the extensive deposition of hydrides onto the surface, but still some surface
hydrides were observed. TEM foils were heated in-situ to the experiment temperature
(300, 400, and 500oC). After heating above 300oC not only were the hydrides removed
but also some existing dislocations were observed to move towards the grain boundaries.
This resulted in improved surface quality, which enabled us to observe damages at low
doses. Quality of selected TEM samples for all three experimental temperatures was
comparable.

Figure 3-1 Microstructure of as-received pure Zr, showing equiaxed grains with average
size of 5 µm.
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In-situ experiments were carried out at the IVEM-Tandem Facility at Argonne National
Laboratory. The Facility includes a Hitachi H-9000NAR transmission electron
microscope interfaced to a 2MV tandem ion accelerator. TEM samples were mounted in
a double-tilt heating holder and irradiated at 300, 400, and 500oC with 1 MeV Kr2+ ions
to maximum total doses ranging from a 0.008 dpa to 1 dpa in several dose increment
steps. The dose rate was typically about 10-3 dpa/s according to SRIM 2008 [28]
calculations with full damage cascades, using a displacement energy of 40 eV as
suggested by Was [3,29]. SRIM calculations were done with the ion beam an angle of 15o
as in the experimental setup. The damage profile and the range of 1 MeV Kr2+ ions in Zr
calculated by SRIM 2008 are shown in Figure 3-2. Range of Kr ion with the given energy
is ~352 nm and the area of examination which is close to the hole is less than 100 nm
implying that all of the ions pass through the thin foil leaving behind uniform damage.
Damage level can be calculated in term of displacement per atom (DPA) using the
following formula [30]:
dpa = φ × 10 8 × Damage − rate
N

(3.1)

where Φ is the fluence in ions/cm2, the damage rate is in vacancies/ion/A˚ obtained with
SRIM, and N is the atomic number density in atoms/cm3.

There is a probability of nucleation and growth of bubbles due to the supply of noble gas
to the vacancies from irradiation [31]. Bubble formation by this mechanism perhaps
happens in the thick areas of the samples where enough Kr gas is retained in the foil to
assist the bubble formation, however in the thin areas (<100nm) around the hole where
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the TEM observation occurs, the majority of the ions pass through the foil. Other than
that, Kr ions enjoy several benefits over other ion species as a candidate beam to study
the radiation damage in Zr and Zr alloys. Microstructural evolution during irradiation is
strongly dependent on the sample purity and lattice strains generated inside the materials
(e.g. from an increase in interstitials or precipitate formation). Kr has a closer atomic
mass to Zr than other available ion species at the irradiation facility. As the ion beam
passes through the thin foil, there is less probability of specimen contamination and
crystal disorder due to implantation of ions in form of interstitials into the subject
material.

Figure 3-2 a. Damage profile of 1 MeV Kr2+ ions in Zr calculated by SRIM-2008. The
displacement threshold energy (Ed) of Zr is taken as 40 eV, b. Plot showing the range of ions
(~352nm) in target. Dotted box shows the area under TEM analysis.

All in-situ dynamic TEM observations of damage evolution were performed at a 300
KeV operating voltage which is below the threshold voltage (328KeV) for electron
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knock-on damage in Zr [32]. Irradiation was paused at different dose levels to
characterize the damage microstructure using weak beam dark field (WBDF),
kinematical bright-field (KBF) and dynamical two-beam diffraction conditions. During
in-situ TEM analysis, care was taken to maintain consistent imaging conditions so that
proper comparisons could be made of damage structures from one area at different dose
levels to another area or from one specimen to another at similar dose levels.

It is worthwhile to mention that the term “defect” has been used to describe resolvable
irradiation induced dislocation loops. Number density and image size measurements of
defects were made from WBDF micrographs. In counting defects it was sometimes
difficult to distinguish very small irradiation-induced defects from surface features. These
types of features present in damage microstructures were counted as a “half-defect” to
overcome the ambiguity [33]. The error bars in number density were determined by the
number of such loops as a proportion to the total. Ex-situ characterization of irradiated
microstructure was performed in Philips CM 20 electron microscope at an operating
voltage of 200 KeV.

3.3 Results
3.3.1 Irradiation temperature (Tirr) =300oC
Figure 3-3 presents typical TEM micrographs showing the successive dose increment
from 0.008 to 1 dpa. The diffraction condition operating in these micrographs is
g= 01 1 0 . These micrographs show the variation in the defect densities and mean defect
size, qualitatively. It is evident from these micrographs that a high density of very small
defects with size 2-3 nm appears at 0.008 dpa. These tiny defects are barely resolvable,
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numerous and homogeneously distributed throughout the grains. These defects appear as
white dots in weak-beam dark field images, and as black dots in bright field images.
Mean size of these defects increase to 4 nm as the dose increases to 0.08 dpa along with
an increase in their density. The size and density of these defects continues to increase
with an increment of dose up to ~0.8 dpa. A slight decrease in defect density has been
observed after 0.8 dpa. The size of these defects continues to increase to 8 nm at 1 dpa,
while the defect density tends to saturate.
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Figure 3-3 Dark field (g~ 0110 , B~ [0001]) micrograph series illustrates the increase in <a>type dislocation loop number density in pure Zr at a temperature of 300oC during
irradiation with 1MeV Kr+2 ions. High density of tiny loops of size 2-3 nm are present at
0.008 dpa. These tiny loops form larger dislocation loops at higher doses.
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Figure 3-4 Areal defect density plotted as a function of dose. Density of defect increases
with increase in dose and decreases with the increase in temperature. All type of defects
(<a>, <c>, strings) have been considered into account in the density measurements.

Areal defect density and defect size are plotted as a function of dose and temperature
which is shown quantitatively in Figure 3-4 and Figure 3-5, respectively. Areal density of
these defects is measured as 13.5×1015 m-2, increasing to 25.7×1015 m-2 with the dose
increased to 0.3 dpa as shown in Figure 3-4. Density of these defects decreases to 24.5
×1015 m- 2(Figure 3-4), as we increase the dose to 0.8 dpa. It is notable that small defects
of ~ 2-3 nm are still observed to be nucleating at higher doses. All the defects observed at
300oC are visible only in prism plane reflections. Absence of these defects in
micrographs taken in g = 0002 suggests that these defects are purely <a>-type defects.
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The effect of increasing dose at 300oC with the diffraction condition g= 0002 is shown in
the series of micrographs present in Figure 3-6, which shows the absence of <c>-type
loops at this temperature up to 1 dpa.

Figure 3-5 Mean defect size plotted as a function of dose at all irradiation temperatures.
Plot shows the increase in mean defect size with the increase of dose at different
temperatures.
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Figure 3-6 Pure Zr irradiated to 1 dpa with Kr+2 ions at 300oC. No evidence for basal loops
was found. g~ 0002, B = [1120] . No defect structure was found in basal plane, except
disappearance of pre-existing dislocation networks.

3.3.2 Tirr = 400oC
The thin foil irradiated at 400oC showed similar microstructure as 300oC, at lower doses.
Figure 3-7 shows a series of microstructures with increasing of dose at 400oC. At lower
dose e.g., 0.008 dpa small defects with average defect size 4-6 nm appeared. Areal
density of these defects is measured at this dose level as 4.5×1015 m-2. The size of these
defects is larger than the size of defects formed at 300oC, however the areal defect
density is lower than at 300oC. With the increment of dose up to 0.8 dpa, the mean defect
diameter and areal defect density increases to 9 nm (figure 3-5) and 8.3×1015 m-2,
respectively (figure 3-4).
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Figure 3-7 Representative TEM micrographs g= 0110 , B~[0001] showing development in
the microstructure with increment of dose at 400oC. Dose is mentioned in each micrograph.

At doses above 0.5 dpa, complex microstructures start to develop at 400oC and a decrease
in the defect number density is observed in prism plane reflections. At doses above 0.8
dpa a gradual change took place in the microstructure by the interaction of small black
dots and large resolvable loops. Neighboring loops appeared to interact elastically to
form first small loosely-attached groups and then strings of loops. Initially these small
groups or string segments were unstable, often breaking up, with other loops
agglomerating in them at the same time, as shown in Figure 3-8. New loops appeared in
the vicinity of others. It is clear from the micrograph that these strings appear
perpendicular to the 0002 direction and show strong contrast when imaged with a
pyramidal plane reflection as shown in Figure 3-8. Average spacing between the loops
was observed ~20 nm. The process was difficult to follow in detail so the exact
mechanism by which the strings formed is still unclear. As the irradiation proceeded the
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strings became more stable. It is worth noting that during neutron irradiation this kind of
loop alignment has been observed at higher dose (~10 dpa) [13]. Loop alignments can be
explained in term of self climb or prismatic glide to form the lowest energy combination
[13], however, the reason for the formation of these loop strings is not well known yet.

Figure3-8 String structure of defects formed at 400oC at 0.8 dpa. These strings are visible
when imaged with g~ 0111 . It is clear that these strings align parallel to the trace of basal
plane. These strings are formed due to coalescence of smaller loops which evident at the
arrows.

At 0.8 dpa, <c>-type loops were also observed. These loops appear as short line segments
aligned parallel to the trace of the basal plane. Figure 3-9 shows an ex-situ contrast
experiment done by taking the images in B ~ [1120] . A dense population of <a>-type
loops is visible in g = 01 1 0 as well as straight <c>-type loops aligned parallel to the
trace of the basal plane when imaged with g = 0002 . Denuding of <c>-type loops along
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grain boundaries is observed but not for <a>-type loops which were uniformly distributed
on the grain boundaries. A grain boundary denuded with <c>-type loops at 400oC is
shown in Figure 3-10b.

Figure3-9 Ex-situ TEM contrast analysis of Zr irradiated to 1 dpa at 400 and 500oC.
Micrographs show the presence of both <a> and <c>-type loops. a. <c>-type loops are
visible in g~0002 B~ [11 2 0 ] , which are strongly aligned with the trace of basal plane
parallel to the trace of basal plane. b. dense <a>-loop structure present in the same area
visible in g~ 0110 . Similarly, c and d show the <c> and <a> -type loops formed at 500oC.
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Figure3-10 a. Semi denuded grain boundary after irradiation at 400oC, b. Decoration of
dislocation loops on pre-existing dislocations at 500oC, c. <c>-type loops nucleating and
growing on a pre-existing screw dislocation at 500oC.

3.3.3 Tirr = 500oC
TEM micrographs from the same area showing the principle microstructural features
introduced into Zr irradiated at 500oC by with successive dose increments are presented

85

in Figure 3-11. At this irradiation temperature, small defects appear at a very low dose
(0.008 dpa). The visible size of these defects is 2-3 nm (figure 3-5). Areal density of
these small defects is calculated as 0.66 ×1015 m-2(figure 3-4). This defect density is
lower than defect densities observed at 300oC and 400oC. The size and density of these
defects increases continuously with an increase in dose. The size of defects is measured
as 2-7 nm and areal defect density is calculated 1.7 ×1015 m-2 at a dose level 0.1 dpa. A
growth in defect size and increase in defect density is observed to a dose level of 0.8 dpa.
At this dose level the diameter of defects has increased to 13 nm and defect density has
also increased to 3.36 ×1015 m-2. At doses greater than 0.9 dpa, complex microstructures
started to develop in the thin foil. <c>-type loops formed at this temperature show a
different morphology to those formed at 400oC. Micrographs taken with g = 0002
vectors in B ~ [1120] have been shown in Figure 3-10a, 3-10d. These micrographs also
show the denuding of <c>-type loops along grain boundaries at 500oC. Decoration of
<c>-type defects on pre-existing line dislocations is observed (Figure 3-10c).
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Figure3-11 Representative TEM micrographs g= 0110 , B~[0001] showing development in
the microstructure with increment of at 500oC.
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3.3.4 Dose and temperature dependence of defect yield

The number density and size distribution of defects can be used in a quantitative study of
cascade collapse by calculating the parameters Defect Yield (DY) first defined by Merkle
[34,35]:

DY =

NL
NC

(3.2)

where NL is the number of loops/unit area and NC is the number of cascades/unit area. In
the heavy ion irradiations commonly used for this type of investigation, NC is taken as the
ion dose per unit area. In the present study defect yield has been calculated from the
density data and plotted as a function of dose, as shown in figure 3-12. DY decreases
with temperature on one hand, implying greater diffusion and recombination of point
defects and it decreases with dose on the other hand, implying that previously formed
loops assist in the loss by recombination at their boundaries. With the increment of dose,
both NL and NC increase, but the rate of increase in NL is lower than the rate of increase in

NC, which results in the reduction of defect yield. The highest defect yield in all cases
observed was at 300oC, and is 0.27 at 0.008 dpa which then decreased to 0.006 at a dose
of 1 dpa.
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Figure 3-12 Defect Yield plotted as a function of dose at different irradiation temperatures.
Graph shows the decrease in the defect yield as the dose increases.

3.4 Discussion
3.4.1 Defect density and defect mean size

These experiments demonstrate the dependence of defect density, size, and defect yield
on dose and temperature. In all cases, initially the damage appears as small defects (2-4
nm) at a lower dose (0.008 dpa), in the form of black dots (visible as white dots in WBDF
imaging conditions). These defects are numerous, and homogeneously distributed
through out the grains. There is a continuous increase in defect density with increase in
dose at all temperatures however, defect density decreases with increase in temperature,
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except at 300oC the defect density tends to saturate. On the other hand, the mean defect
size increases with the increment of dose, but there is no obvious dependence of mean
defect size on the irradiation temperature at lower dose levels ( <0.1 dpa) however it
increase with increase in temperature at higher dose levels (>0.1dpa). The effect of
temperature and dose on the evolution of microstructure can be explained by the
following factors:

-

It is well known that heavy ions induce large and dense displacement cascades in

metals and alloys. In cascades, recombination and clustering of point defects occurs,
decreasing, on the one hand, the efficiency of the defect yield but inducing, on the other
hand, small defects [36,37]. As a result of cascade cooling, small defect clusters which
are not resolvable in TEM are formed. These smaller defect clusters grow by absorbing
point defects and form somewhat larger and more readily resolvable dot-shaped defects.
These dot shaped defects are small dislocation loops formed by collapse of vacancy and
interstitial clusters. In MD simulation, small interstitial clusters in the form of
dislocations and collapse of 24-vacancy cluster to a prismatic dislocation loop with
Burgers vector b = 1 112 0 have been reported by Gao et al. [36] and Wooding et al.
3

[37]. These tiny dislocation defects are of major importance and have not been observed
experimentally so far. With the increment of dose, the density of defects in turn increases
linearly. These small defects agglomerate and form bigger dislocation loops at a higher
dose. The saturation of loop density appears at a higher dose and is probably
accomplished by loop coalescence. Defect coalescence at higher dose results in the
decrease of defect density on one hand, and increase in the defect size, on the other hand.
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This is accompanied by the formation of new tiny defects. The defect density saturates
when the rate of generation of new defects is balanced by rate of coalescence of larger
defects. Detailed experiments at different dose rates would be helpful in understanding
the role of dose rate in microstructure evolution.

-

Lower defect density and larger defect size at higher temperatures can be

explained by the enhanced recombination of vacancies (V) and self interstitial atoms
(SIA). by increasing the number of recombination sites [38],

A fraction of the

recombination energy released is transformed into the vibrational energy of other defects
helping them to migrate readily over a longer distance, which is called V-SIA
recombination enhanced migration of defects. Enhanced V-SIA recombination and
enhanced migration of defects possibly affects defect production. Defect structures
formed at higher temperature reflect the effect of lattice temperature on the
microstructural evolution. These effects arise due to the formation of primary defect
states. Specifically, an increase in temperature results in more SIA-Vacancy
recombination, hence a decrease of the number of Frenkel pairs [39]. A tendency of point
defects to cluster within their parent cascade increases with increasing temperature,
which is important because it affects the way they behave and contributes to
microstructure evolution as these tiny defects will form the dislocation loops [36].

-

A decrease in the defect density at elevated temperature especially at 500oC can

also be accounted for by thermal enhanced migration of defect clusters. The thermally
enhanced migration of defects results in an increase in defect size and decrease in defect
density. In MD simulation of α-Zr at higher temperature, it has been shown that small
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defect clusters can migrate three dimensionally [36]. At higher temperatures the smaller
defects are capable of migrating longer distance, which enhances the coalescence of
smaller defects into larger loops. Also it has been shown in MD simulation of Zr that
small vacancy clusters dissolve at higher temperature (326oC), and that large clusters can
migrate efficiently by joining those with the largest size [40].

From the present investigations, defects have been observed which are smaller than that
of neutron irradiations [11,12,41], which is probably due to the difference in damage rate
obtained between charged particle irradiation and neutron irradiation. Indeed, for an
irradiation performed with a high damage rate, the nucleation of loops is favored at the
expense of the growth, leading to the creation of a higher density of smaller loops [42].
On the other hand, for an irradiation performed with a low damage rate, it is the growth
of loops which will be favored at the expense of the nucleation, leading to a low density
of large loops. For neutron irradiation in reactor condition the damage rate is 7000 times
lower than that obtained using Kr ions in this experiment. A trend in decrease in the loops
density and increase in the loop size is also consistent with previous observations in
neutron irradiated Zr and Zr alloys. These observations show clearly that above ~100oC
the dislocation loops after neutron damage increase in size and decrease in density with
increasing irradiation temperature [14,42,43].

3.4.2 Loop loss effects

Another factor that can affect the microstructure in thin foil irradiation experiments is the
availability of free surfaces, which allow the loops to dissipate readily on the surface. The
precise role of free surfaces during microstructural evolution is not well understood but
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an attempt is made here to calculate the number of loops lost on the surface during
irradiation at 500oC. Loop loss during irradiation can be investigated by analysis of
micrographs recorded at different dose levels and tracking the presence of loop from one
dose step to the next. Video recordings during irradiation can also provide evidence of
loop loss. figure 3-13 shows the micrographs taken at different dose levels to track the
formation and loss of loops during irradiation. Loops marked by solid circles are present
after the first dose increment. These loops are again marked by solid circles if they are
present in the micrograph at higher dose. If a loop has been lost with increment of dose
its former position is shown as a broken circle in the next micrograph at higher dose. The
table below the figure shows: (i) the total number of loops seen in a field of view larger
than, but encompassing, the area shown in Figure 3-13; (ii) the number of new loops
which appeared in this area during the dose increment; and (iii) the number of loops
which were visible in the previous micrograph but which disappeared during the new
dose increment. Some of the loops were observed to persist during the whole irradiation
experiment, but many of them were lost during the successive increment of dose. The life
time for different loops varies. In this example at 500oC, about 50 percent of loops are
lost during the irradiation on reaching a dose level of 1 dpa.

In a recent study on in-situ radiation damage study on Mo thin foil by Li at al. [30] it has
been shown that 7-10 nm large denuded zones are formed near top and bottom surfaces
of TEM thin foil due to surface loop loss effects. A reduction in the defect number
density near the grain boundary has been reported. Surface sink effects were compared
with the grain boundary sink effects and it was concluded that the surfaces act as stronger
sinks than the grain boundaries. In our case depth profile of the visible damage is not
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known to estimate the size of surface denuded zones, and grain boundaries are also
visibly denuded. However, an attempt has been made to compare the sink character of
surfaces and grain boundaries from the above presented statistical data by assuming the
surface denuded zones ~10nm as suggested by Li et al. [30]. Figure 3-14 shows a semi
denuded grain boundary after 1dpa at 500oC. Areal loop density was measured
perpendicular to the grain boundary. Measured loops density has been plotted as a
function of distance away from the grain boundary in the grain on the right hand side. It
is clear from the plot the as we move away from the grain boundary loops number density
increases. Width of the semi denuded zone near the grain boundary is (~80nm) is much
larger than the surface denuded zones, which means that the grain boundary acts as
stronger sink than the surfaces. In thin foil irradiation various loop loss mechanism are
active at the same time. Loop losses on the grain boundaries and both surface implies that
in case of thin foil irradiation surface effects have to be taken into account when
comparing the data with the bulk material irradiation. Further experiments are required in
detail to determine and compare the sink strength of surface and grain boundaries in Zr
and Zr alloys.
At high temperatures (>300oC), thermal annealing effect is also playing a significant role
in loop loss so experiments at lower temperature will be required to understand the role
of surfaces in loop loss. The contribution of loop coalescence, thermal annealing of loops
during the microstructural evolution is not well known yet.
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Figure 3-13 Defect losses on during the irradiation due to combined effects of free surface
and temperature at 500oC. Solid circles show the present defects and newly coming defects,
whereas, broken circles show the lost defect after each successive dose increment. More
than 50% of loops are lost during irradiation due to surface losses, thermal annealing, and
defect coalescence.
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Figure 3-14 Semi denuded grain boundary formed at 1dpa and 500oC. Loop number density
has been plotted a function of distance away from the grain boundary in the right hand side
grain, showing the decrease in loop number density due to grain boundary sink effects.
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3.4.3 <c>-type loop formation

Our experiments show both temperature and dose dependence of <c>-type loop
formation. Moreover, TEM observations on ion irradiated Zr show that c-type loops start
to nucleate and grow only above a threshold dose which is in good agreement with the
TEM observations performed after neutron irradiation [44,45] and ion irradiation as well
[19,20,21]. Formation of <c>-type loops depends on irradiation temperature, foil
thickness and degree of oxidation [24]. Results here show that <c>-type loops are formed
more readily at higher temperatures. Temperature dependence of <c>-type loop
formation is entirely consistent with self ion irradiation of pure Zr reported by Yamada et
al. [21]. They have reported the absence of <c>-type loops at 300oC, but they are formed
at 400oC. In our experiments, <c>-type loops appeared to at dose of 0.8 dpa at 400oC, and
the threshold dose level for <c>-type loops at 500oC is 1 dpa. Threshold dose for the
nucleation of <c>-type loops is observed to be lower than that in neutron irradiation and
ion irradiation experiments in bulk material [19,44,45]. The absence of c-type loops at
300oC, and the low threshold dose for <c>-type loops at 400oC and 500oC can be
explained in two possible ways; 1) Impurity dissolution/redistribution, 2) stress reliefdefect nucleation.

-

Because of the evidence for solute dispersing during neutron irradiation, it may be

argued that dispersing of impurities in the Zr matrix is a major factor affecting the
nucleation and growth of <c>- type loop. Impurity elements are dispersed into the matrix
by both radiation and thermally enhanced dissolution. In the current study, Zr foil used
for irradiation is 99.8% pure, containing impurities (Sn, Ni, Fe, H, O, C) that will
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dissolve and disperse in the matrix during irradiation. Other than that, thin foils are also
contaminated during handling, and dissolution of electropolishing induced hydrides will
occur during the heating prior to the irradiation experiment. At 300oC, dispersion of
impurities into the matrix is less, whereas at higher temperatures (400oC and 500oC)
radiation induced dissolution of impurities is also increased due to the thermal effects.

-

Stress assisted nucleation can be another possible explanation for the formation of

<c>-type loops at higher temperatures. These stresses can generate as a result of oxide
layer on the surface, solute redistribution and irradiation growth itself [3]. For a material
such as Zr, having a coherent oxide layer which grows with a volume expansion,
compressive stresses will exist in the oxide layer. The magnitude of this stress depends
on the thickness of the oxide layer, and can be of the same order of magnitude as the
yield stress of Zr [24]. These stresses can be relieved by two mechanisms: (i)-the
nucleation and growth of suitable defects, (ii) thermal stress relaxation. Stresses
generated due to oxidation and grain-grain interaction during irradiation growth increase
the possibility of nucleation of <c>-type loops, which are observed at 400oC. At 500oC
the stresses generated due to irradiation growth will be lower due to the higher
temperatures [24]. Griffiths et al. [24] have reported the formation of <c>-component
loops in electron irradiated Zr at 0.1 dpa. They have attributed the <c>-component loop
formation to oxide induced stresses.

The internal stress induced by the grain-grain interaction during irradiation growth is
directly related to the overall strain, hence it is reasonable to suppose that the material
will experience lower levels of irradiation growth at higher temperatures where these
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stresses are also relieved thermally which results in a higher threshold dose for the
nucleation of <c>-type loops, as was observed at 500oC. Nucleation of <c>-type loops
occurs at a lower dose in contrast to doses reported in other ion irradiation studies
[19,20]. The material used in the present investigation was a foil with thickness ~25 µm
before electropolishing, which experiences relatively high levels of stress during an insitu heating experiment, compared to the thinner foils usually used in TEM observations
(~50-100 micron). These stresses increase with the increment of dose due to the
irradiation growth as described above. These stresses are also perhaps responsible for the
formation of <c>-type loops at relatively lower dose levels.

3.4.4 Effects of pre-existing microstructure

In the present study of Kr ion irradiation, the existing microstructure seems to be an
important factor in the evolution of microstructure during irradiation. Pre-existing
microstructure affects the evolution process in three ways:

(1) Decoration of <a>-type defects in the vicinity of pre-existing straight dislocations has
been observed at higher temperatures (~500oC), after irradiation to 1 dpa. It is well
understood that dislocations act as preferential sinks for point defects. At higher
temperatures, due to the increased mobility of point defects results in an increase in the
probability of defect clustering near the dislocations due to the elastic interaction.

(2) Figure 3-10d shows the formation of <c>-component loops on the pre-existing screw
dislocation at 400oC, which results in the formation of helices due to climb of screw
dislocation. Dislocation loop multiplication happens due to helical climb of screw
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dislocations, which is evident from the micrograph. Nucleation of <c>-type loops on the
screw component of pre-existing dislocation which grows by helical climb has been
reported by Griffiths et al. [46]. This phenomenon can be explained in term of interaction
between vacancy platelet and <c>-component screw dislocations [47]. The interaction of
a <c>-component screw dislocation with vacancy clusters above a critical size (~9
vacancies) causes their collapse into a faulted loop on the basal plane threaded by the
dislocation. The straight dislocation line becomes helical, enclosing a stacking fault. At
the same time, the pure screw dislocation generates an edge component located in the
previous habit plane of the vacancy cluster platelet. Under irradiation, the faulted vacancy
loops are sessile and continuously expand in the basal plane, until it meets the existing
microstructure [47].
(3) Denuding of grain boundaries by <c>-type loops has been observed at 400oC and
500oC. At higher temperatures (400oC), the mobility of point defects increases such that
they can easily diffuse towards network dislocations and grain boundaries. The <c>-type
dislocation loops, habited in the basal plane are invariably of vacancy type in nature
when observed after neutron irradiation and are often observed running into the grain
boundaries [48]. Indeed, both grain boundaries and <c>-type loops can act as net sinks
for point defects, which results in the denuded areas on the grain boundaries. No
denuding has been observed for <a>-type loops. As mentioned above <c>-type
dislocations are invariably vacancy in nature, but <a>-type loops can be both vacancy
and interstitial type [3], which means either vacancy or interstitial <a>-type defects will
be present around the grain boundaries. In our experiments, the very high density of <a>type defects made it impossible to check the nature of <a>-type loops.
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3.5 Conclusion

This in-situ irradiation experimental study shows that heavy ion irradiation is an effective
tool to study and simulate the neutron damage in Zr. The major findings from the current
investigation can be summarized as follow:

1. Kr ion irradiation on Zr results in the dense and uniform defect structure
comprising of small defects at lower dose which form into complex
dislocation loops at higher doses.
2. Defect structure, defect number density strongly depend on the irradiation
temperature but there is not a strong dependence of mean defect size on
irradiation temperature.
3. Nucleation and growth of <c>-type loops depends on the dose and irradiation
temperature. <c>-type loops do not nucleate at 300oC, but do at higher
temperatures.
4. Once a temperature is reached where the <c>-type loops form, the threshold
dose for nucleation of <c>-type loops increases with an increase in
temperature.
5. Pre-irradiation microstructure seems to affect the microstructure significantly.
Denuding of grain boundaries by <c>-type loops and decoration of defects on
pre-existing dislocations has been observed.
6. Further experiments are required to confirm the effect of free surfaces and
temperature on the loop loss.
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7. High density and smaller size of these defects made it impossible to check the
vacancy or interstitial character of these defects. Further experiments are
required to confirm the defect nature.
8. To the best of our knowledge, this is the first study of this kind which
provides quantitative data on defect structures at low dose and their evolution
at higher doses. <c>-type loops which are responsible for the accelerated
breakaway growth are observed above a threshold dose.
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Chapter 4
In-Situ Observations of Prismatic Loop Formation in Zr: Alloying
elements and thin foil effects
The present study deals with the observations of <a>-type dislocation loops in the form
of small defect clusters nucleated directly from the cascade collapse. The in-situ ion
irradiation technique has been employed to study the formation of <a>-type loops by Kr
ion irradiation at 500oC and their dependence on the presence of alloying elements have
been investigated. Pure Zr and Zircaloy-2 have been irradiated to different damage levels
ranging from 0.008 dpa to 1 dpa at 500oC. We particularly concentrate on yield of small
defect clusters formed directly from cascade collapse at very low doses, and their
evolution as the dose increases. Smaller loop size and higher loop density in Zircaloy-2
as compared to pure Zr, suggests that the loops morphology is strongly dependent on the
presence of alloying elements by enhancing the irradiation induced defect nucleation.
Furthermore, defect free channel formation has been observed during in-situ irradiation
of pure Zr in the form of thin foil, which has been attributed to the thin foil effects.

4.1 Introduction

Zirconium and its alloys are often specified for engineering applications in the nuclear
industry because of their low thermal neutron capture cross section, adequate mechanical
properties and good corrosion resistance compared to other commercially available
structural materials [1]. Radiation damage alters the mechanical properties of the
materials leading to hardening, loss of ductility, localized plastic deformation and plastic
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instability [2]. The desire to increase fuel burn up of nuclear reactors, leads to more
severe damage, making these parts susceptible to degraded properties both during service
and subsequent spent-fuel storage. Therefore, it is important to review the impact of
radiation damage on the safety of nuclear power plant components. In-situ ion irradiation
is an important technique to study the microstructural evolution in materials as an
alternative means than costly and time consuming neutron irradiation experiments.
Transmission electron microscopy coupled with a high energy irradiation facility such as
a tandem accelerator is a powerful experimental technique which allows direct
observation of internal microstructure of materials while being irradiated [3]. Invaluable
insights into the underlying atomistic processes can be gained through direct
investigation of radiation induced and enhanced effects, such as defect nucleation,
growth, their interaction with pre-existing microstructure, phase transformation,
precipitation, and dissolution of precipitates [4]. The results obtained from in-situ
irradiation experiments, can be used not only to predict the material behaviour in their
perspective application but also can be used to validate the predictions of computational
and theoretical models [4].

Turning back to the irradiation induced microstructural evolution in Zr and Zr alloys,
<a>-type dislocation loops are extensively studied by neutron, charged particle irradiation
and MD simulations [5,6,7,8,9,10,11]. It has been reported that, the point-defect clusters
formed in Zircaloy-2 at temperatures between 250 and 400oC and for irradiation dose
lower than 5×1025 nm-2, that can be observed by TEM (>2 nm) consist of perfect
dislocation loops, either of vacancy or interstitial nature, with Burgers vector 1 11 2 0 ,
3

situated in the prismatic planes with typical diameter from 5 to 20 nm, depending on the
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irradiation temperature [12,13]. Formation of these loops at the time of nucleation in the
form of small defect clusters, which have been reported after MD computation, has not
been studied and observed extensively experimentally. This could provide a direct insight
into the formation and growth mechanism of <a>-type loops at low doses and their
evolution into large loops at higher doses. An attempt has been made to observe these
loops experimentally by in-situ ion irradiation in pure Zr by Idrees et al. [14], as a
function of temperature. It has been reported that the small defect clusters (~2nm) are
perfect dislocation loops, with Burgers vector 1 11 2 0 . The size of these loops increases
3

and number density decreases with an increase of temperature. This study is an extension
of these earlier experimental results reported elsewhere [14]. We have attempted to
investigate the effect of alloying elements on the nucleation of small <a>-type defect
clusters. . The present investigation, aims to revisit the study of formation of <a>-type
loops in Zircaloy-2, which will be then compared with the <a>-loop formation in pure Zr.
This will discern the role of alloying and impurity elements in the evolution of
microstructure at low doses where <a>-type loops nucleate and grow. Other than that,
several surprising observation arising from thin foil irradiation effects have been made
and reported. We report the formation of defect free channels due to glide of prismatic
dislocation loops as a result of thin foil irradiation in pure Zr. This can provide an insight
into microstructural evolution process involved to reach the final microstructure in thin
foil irradiation of materials which can be significantly different than bulk material
irradiation. Experimental anomalies observed in this study have been reported and
discussed in detail, which will help to investigate and understand the thin foil effects
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which should be taken into account when considering the emulation of neutron damage in
Zr based materials.

4.2 Materials and methods

The materials used in this study were thin foils of Zr and Zircaloy 2. As alloying
elements, Zircaloy-2 contains, 1.5 wt.%Sn, 0.15%Fe, 0.1%Cr and 0.05%Ni and 0.01
wt.% oxygen present as a solid solution in α-phase [15]. Sn also stays as solid solution in

α-phase whereas the other alloying elements are mostly contained in intermetallic
precipitates; Zr(Fe,Cr)2 and Zr2(Fe, Ni). Details for sample chemistry of pure Zr can be
found elsewhere [14].

Thin foils of pure Zr and Zircaloy-2 both with a grain size of 5 micron were mechanically
ground to similar thickness (~25 micron). These thin foils were electropolished using a
solution of 5% HClO4 in methanol at -40oC. In-situ irradiation experiments were done at
the intermediate voltage electron microscope coupled with tandem accelerator (IVEMTandem) at Argonne National Laboratory. Irradiation experiments were done at 500 and
300oC. Details of damage calculations, experimental procedures, and data collection
methods can be reviewed elsewhere [14].

4.3 Results
In the first part of the experiment, both Zircaloy 2 and pure Zr was irradiated at 500oC to
monitor the formation of <a>-type loops. These loops are visible when imaged with g~
01 1 0 close to beam direction [0001].
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Figure 4-1, shows a series of dark field micrographs showing the formation of prismatic
defects in Zircaloy-2 at 500oC. The pre-irradiation microstructure shows a fairly clean
sample surface except for small hydrides in form of white dots, however, at the first
observed dose level 0.008 dpa, small defect clusters appear in very weak contrast. The
size of these clusters has been recorded ~2 nm, with a number areal density of 6.8×1015
m-2. As the irradiation dose increases to 0.016 dpa, the mean size of these defect clusters
grow slightly to 2.3 nm and number density increases to 7.9×1015 m-2, and these loops
show much better contrast as compared to those observed at 0.008 dpa. With the increase
of dose to 0.8 dpa, the defect cluster size and number areal number density increase to 5
nm and ~15×1015 m-2. In-situ irradiation experiment on pure Zr at 500oC as shown in
figure 4-2, presents similar results as those observed for Zircaloy-2, except with large
differences in defect size and number density. The mean loop size is markedly larger in
pure Zr, however the defect number density is significantly higher in Zircaloy-2 as shown
in the graphs plotted against dose in figure 4-3 and figure 4-4.
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Figure 4-1 Series of dark field micrographs, taken during in-situ irradiation experiment on
Zircaloy-2 at 500oC, showing the formation of <a>-type loops.
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Figure 4-2 Series of dark field micrographs, taken during in-situ irradiation experiment on
pure Zr at 500oC, showing the formation of <a>-type loops.
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Figure 4-3. Areal number density of <a>-type loops, plotted against irradiation dose in both
pure Zr and Zircaloy-2.
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Figure 4-4 Areal number density of <a>-type loops, plotted against irradiation dose in both
pure Zr and Zircaloy-2.
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In the second part of this experiment, pure Zr was irradiated at 300oC. Details of the
irradiation experiments have been reported elsewhere [14]. For the irradiation
experiment, the thin foil was fixed on the TEM hot stage by tightening the hex ring above
the foil and a washer. This makes the sample sit in its position throughout the heating and
irradiation experiment. As the material was heated from RT to 300oC, a few dislocations
were observed to be generated from the grain boundary and glide in the prism plane
toward the grain boundary on the other end of the grain under observation as shown in
figure 4-5. Several slip traces were observed during the heating experiment, which seems
to increase in number with increase in temperature.

Figure 4-5 Bright field micrographs taken during heating experiment on pure Zr, showing
the generation of glide dislocations from the grain boundary and moving towards the grain
boundary on the other end of the grain.

After the heating experiment, the sample was kept at a constant temperature of 300oC,
where the pre-irradiation microstructure showed a smooth sample surface, but randomly
distributed surface hydrides. As the irradiation starts, prismatic loops in form of small
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defect clusters start to appear. The areal number density and size of these loops continues
to increase with dose as the irradiation continues up to 0.1 dpa, as shown in figure 4-6,
qualitatively and reported quantitatively elsewhere [14]. After 0.1 dpa, band-like
structures start to appear which are aligned parallel to the prism plane ( 0110 ). As the
channel formation starts, the prismatic loops lying within these bands are pulled and
swept out of these bands during the irradiation and these channels tend to be defect free.
Morphology and nature of these channels in terms of defect clearing and orientation
looks similar to those observed after the deformation of irradiated Zr alloys [22]. The
formation of these channels stops at ~0.8 dpa, where microstructure consists of a high
density of uniformly distributed prismatic loops.
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Figure 4-6 Dark field micrographs at different dose levels, showing the microstructural
evolution in prism plane, in particular the formation of defect free channels due to the
stresses generated in the thin foil.
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4.4 Discussion
4.4.1 Prismatic loop formation

The above presented results show the formation of small prismatic dislocation loops in
the form of small defect clusters. The small size and very low formation dose of these
clusters suggest that these loops may be nucleated directly from the cascade collapse in
the prism plane. The small white features, which show very weak contrast in the sample
indicate defect cluster formation, which will develop into larger prismatic loops, with
slightly higher size and density as the dose is slightly increased to 0.016 dpa. Indeed,
these loops have been reported to form in MD computation in α-Zirconium [16], but
were not observed commonly, due to availability of neutron irradiated Zr, at relatively
higher doses.

MD simulations have provided a great insight into the formation of <a>-type loops as it
has been reported that most of the small interstitial clusters produced in the cascade have
the form of a dislocation loop with Burgers vector 1 11 2 0 . Point defect clusters in the
3

prismatic plane always relax to form perfect dislocation loops with <a>-type Burgers
vector [16]. Small interstitial clusters in the form of dislocations and also collapse of 24vacancy cluster to a prismatic dislocation loop with Burgers vector 1 11 2 0 have been
3

reported by Wooding et al. [17] and Gao et al. [18]. These small clusters have not
previously been observed in the TEM. We see that these small clusters can be resolved
and observed in TEM, if they exist, by using in-situ irradiation experiments. The current
results provide the confirmation of formation of these small clusters (~24 vacancies or
interstitials) in Zr.
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Comparison of loop formation in Zircaloy-2 and pure Zr provides an insight into the role
of alloying and impurity elements in defect nucleation and growth. The higher loop
density in Zircaloy-2, starting from the low dose, as compared to pure Zr, suggests that
there have been more defect clustering and nucleation in Zircaloy-2, perhaps due to the
presence of a larger number of nucleation sites, in the form of solute atoms/clusters. Once
a defect cluster nucleates in Zircaloy-2, its growth rate is much smaller than pure Zr. This
suggests that dislocation loops are receiving a lower flux of point defects, leading to very
fine dislocation loops.

It is well understood that atoms of alloying elements act as preferential sites for loop
nucleation. A larger number of solute alloying elements in Zircaloy-2, provide more sites
for defect nucleation resulting in higher loop density than in pure Zr. The decrease in the
loop growth rate in Zircaloy-2 can be attributed to the presence of an appreciable amount
of oxygen in Zircaloy-2. The results presented here are consistent with the observations
of Hellio et al. [19] that the presence of oxygen may decrease loop growth by increasing
the vacancy migration energies due to segregation of oxygen to the dislocation loops.

An increase in defect density and decrease in loop size by the addition of Nb in Zr has
been reported by Buckley and Manthorpe [20]. It has been reported that due to addition
of substitutional solutes in Zr, the loop growth rate is decreased significantly, which has
been attributed to the change of the point defect mobility and the enhanced vacancyinterstitial recombination due to presence of Sn, as suggested by Hood [21]. Looking at
the chemistry of Zircaloy-2, the only alloying elements present in the solid solution are
Sn and O, whereas other elements are present in the intermetallic precipitates, thus it is
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reasonable to assume that Sn and O are the most important alloying elements causing the
differences observed between the defect nucleation in pure Zr and Zirclaoy-2. It has been
reported that Sn is a very important element, which affects the radiation damage
significantly; Hood suggests that Sn at low concentrations (0.l-0.2%) has little influence,
whereas the high-Sn (1.5%) alloys show strong effects on radiation damage by increasing
the vacancy trapping and recombination possibilities [21].

4.4.2 Defect free channel formation

Formation of defect free channel with any externally applied load in Zr during irradiation
is a rather surprising observation. In the present work, prismatic dislocation gliding has
been observed. Clearing of the loops by prismatic dislocations gliding in the prismatic
plane with the formation of prismatic channels occurs during tensile tests and in-situ
loading test in Zr and Zicaloy-4 [22,23].

The glide of prismatic dislocations which are generated from the grain boundary in
unirradiated samples, has been observed by Onimus et al. [22] in Zr alloys, and by Farenc
et al. [24] in titanium, but after the application of load. In the current study, morphology
and geometry of the channels observed during the in-situ irradiation suggest that these
channels may be the slip traces formed by the glide of dislocation in the prismatic plane.
These bands originated from the grain boundary and propagate through the grain and then
end again on a grain boundary, which means generation of glide dislocations from the
grain boundary and its motion towards other end of the grain. It has been reported by
Onimus et al. [23] that edge <a>-type dislocations gliding in the prismatic plane are able
to clear the <a>-type loops, as has been observed in the current study.
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If these channels are defect free channels formed due to glide of edge dislocations in
prismatic plane, the question arises as to what is the source of the stress causing the
dislocation to glide. There may be different kind of stresses being generated in the thin
foil of Zr while being irradiated. These stresses can generate as a result of the oxide layer
on the surface [25]. This stress arises because of the volume increase during oxidation
and because of the lattice expansion close to the oxide-metal interface caused by the
solution of interstitial oxygen. There would thus be expected to be tensile stresses within
the plane of the foil and compressive stresses in the oxide. The magnitude of this stress
depends on the thickness of the oxide layer, and can be of the same order of magnitude as
the yield stress of Zr [26]. It has been reported by Griffiths et al. [25] that significant
oxidation occurs during irradiation of Zr at 623 K, which may result in slip and bending
in the foil. Other than oxidation, there can be stresses arising from the grain-grain
interactions either due to the irradiation growth, and/or due to thermal expansion of the
sample while heating to 300oC. In-situ ion irradiation studies are conducted on thin foils
which are loaded into the TEM sample holder stage. It is recognized that different
materials’ behavior under irradiation in the form of thin foil and in the bulk results in
anomalies in the experimental results, due to different environmental conditions and short
range processes in the thin foil [14]. During thin foil irradiation, loop losses due to
surface effects have been a topic of interest for in-situ irradiation experiments conducted
in TEM. It has been reported that, at 500oC, up to 1 dpa, more than 50% of the loops are
lost during the experiments, either on foil surface or due to defect coalescence [14]. In
order to simulate the neutron damage in Zr and Zr alloys a temperature shift is required to
obtain similar effects as those produced by neutrons, which requires the experiments to
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be done at higher temperatures than the equivalent neutron irradiation. The standard
specimens used in this kind of experiments are 3 mm disks, electropolished in the centre
with a thin area around the hole. Due to larger thin surface area and reduced thickness in
the central areas of the specimen, the specimens are hard to handle without introducing
elastic stresses into the specimens, degrading the specimen quality due to the bending.
The situation becomes worse during the heating of the specimen, where specimens are
mounted on the TEM hot stage and tightened using a screw made of a different material.
In the first stage, fixing the specimen and the subsequent heating can generate stresses
which may affect the microstructural evolution process. The material used in the present
investigation was a thin foil with thickness 25 micron before electropolishing, which is
thinned during electropolishing, and experiences relatively high levels of stress during an
in-situ heating experiment, compared to the thicker “thin” foils usually used in TEM
observations (~50-100 micron). In the second stage, oxidation stresses arise during the
irradiation at high temperature, which increase due to the addition of stresses due to
irradiation growth in the third stage. Stressing generating from all of these sources can be
significant and can cause the <a>-type dislocation glide in the prismatic plane and
clearing of the irradiation induced <a>-type dislocation loops. Further experiments are
required to confirm the reproducibility of this phenomenon.

4.5 Summary and conclusion

The current study reveals the differences in the nucleation and growth behavior of <a>type loops in Zr and Zircaloy-2. it has been reported that the loop number density is
higher in Zircaloy-2 as compared to pure Zr, which has been attributed to the higher
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number of nucleation sites for the defect clusters, however, the size of prismatic loops
have been found to be much smaller as compared to pure Zr, due to the recombination
effects of O and Sn present in Zircaloy-2. Furthermore, thin foil stresses generated in the
thin foil, during in-situ irradiation experiment, may result in the formation of defect free
channels, formed due to the glide of <a> dislocations in the prism plane, clearing the
<a>-type loops.
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Chapter 5
Irradiation Induced Microstructural Changes in Zr-Excel Alloy
The in-situ ion irradiation technique has been employed to elucidate irradiation damage
in the dual phase Zr-Excel alloy. 1 MeV Kr ion irradiation experiments were conducted
at different temperatures ranging from 100oC-400oC. Damage microstructures have been
characterized by Transmission Electron Microscopy in both the alpha (α) and beta (β)
phases after a maximum dose of 10 dpa at different temperatures. Several important
observations including low temperature <c>-component loop formation, and irradiation
induced omega (ω) phase precipitation have been reported. In-situ irradiation provided an
opportunity to observe the nucleation and growth of basal plane <c>-component loops
and irradiation induced dissolution of secondary phase precipitates at the same time. It
has been shown that under Kr ion irradiation the <c>-component loops start to nucleate
and grow above a threshold dose, as has been observed for neutron irradiation.
Furthermore, the role of temperature, material composition and pre-irradiation
microstructure has been discussed in detail.

5.1 Introduction

The Canadian CANDU-Super Critical Water Cooled Reactor (SCWR) is considered as
one of the Generation-IV reactor designs [1]. The standard CANDU pressure tube design
cannot be used for SCWR-CANDU due to the challenges of high pressure and high
temperature [2]. AECL is considering two major designs for the SCWR-CANDU fuel
channel; the high efficiency design (HEC) and the re-entrant channel design (REC). In
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the HEC, each pressure tube operates at an average temperature of about 80°C, whereas
in the REC design, the pressure tube operates at a temperature of about 350°C to 400°C.
For HEC and REC designs, a high strength and creep resistant zirconium-Excel alloy
developed by AECL [3,4,5] is considered as the reference material. The microstructure of
Zr-Excel alloy differs from the common Zr alloys such as Zircaloy-2, 4, and Zr-2.5% Nb
due to the different chemical compositions, however there are some similarities between
the α-phase of Zr-Excel alloy and the Zircaloys due to the presence of tin as a solute. The
alloy also resembles Zr-2.5%Nb due to a dual phase microstructure, and the presence of
Nb in the β-phase [6]. Very little data has been presented on the microstructural evolution
of Zr-Excel alloy under irradiation. Detailed properties of this material can be found
elsewhere [7].

Structural materials in the reactor face a severe environment, due to elevated
temperatures and corrosion but most importantly due to radiation damage. The fast
neutron flux results in radiation hardening, phase instabilities due to radiation induced
precipitation, irradiation creep, and irradiation growth [8]. Studies have been carried out
on a series of Zr based alloys to investigate the irradiation induced microstructural
evolution and the possible consequences on material properties. These studies have
shown that Zr based alloys share many common features in the irradiated
microstructures, perhaps most important of which are the <c>-component loops that are
considered responsible for breakaway irradiation growth [27]. In commercial Zr alloys
that have been neutron irradiated, prismatic defects with Burgers vector a = 1 112 0
3

nucleate and grow at lower doses (<5×1025 n m-2) and lower temperatures (250 to 400oC)

125

[6,9,10,11,12]. These loops are found to be both vacancy and interstitial in nature with
sizes varying from 5 to 20 nm depending on the irradiation temperature. At higher doses
(>5×1025 n m-2) faulted, vacancy type <c>-component loops have also been observed in
Zr alloys [13,14,15,16,17]. These loops are located in the basal plane with Burgers vector
1
20 2 3 . In contrast to <a>-type loops, <c>-component loops are larger in size and have
6

a lower number density. Formation of <c>-component loops strongly depends on sample
purity, alloying content and irradiation conditions. In the case of thin foil irradiation, the
formation of <c>-component loops also depends on the foil thickness, and the degree of
oxidation which increases the stresses in the foil [18].

Major challenges faced in fuel channel design are the irradiation induced growth and the
phase stability of Zr alloys in-reactor service. The mechanism of irradiation induced
growth in Zr and its alloy is still a topic of controversy, with more work needed to
improve our understanding. <c>-component loops are usually considered to be
responsible for the accelerated irradiation growth, as they start to nucleate and grow
above a threshold dose [16] which corresponds to that associated with accelerated
growth. <c>-component loops have been studied extensively in Zircaloy-2 and -4, after
neutron irradiation. As the irradiated microstructures are usually investigated postmortem after a given neutron or ion dose, questions still exist as to the <c>-loop
nucleation and growth mechanism.

Neutron irradiation experiments are required to test materials for reactor applications, but
these are very costly, time consuming, and it becomes hard to handle the samples due to
radioactivity. Charged particle irradiation techniques (protons and heavy ions) have been
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established as an alternate to the neutron irradiation for the simulation of neutron
irradiation effects in materials [23]. Ion irradiation enjoys several benefits over both
neutron and electron irradiation and has proven to be an excellent tool to simulate the
radiation damage in Zr and its alloys [23]. Specifically studies conducted on Zircaloy-4,
commercially pure zirconium, Zircaloy-2 and AREVA-M5 commercial alloys using
charged particle irradiation, have proven that ion irradiation can be used to generate
similar microstructure changes in Zr alloys as those observed under neutron irradiation
[19,20,21,54], but with the benefit of better controlled experimental conditions than can
be achieved in-reactor.

Recently, Yamada et al. [19] investigated the microstructural evolution in pure Zr and
Zircaloy-2 using self-ion irradiation. They proved that formation of <c>-component loops
can be studied using ion irradiation technique. They showed the effects of temperature
and alloying elements on the formation of <c>-component loops. Tournadre et al [20],
showed the formation of <c>-component loops after 2 MeV proton irradiation to 11.5 dpa
at 623K in Zircaloy-4. They also showed that <c>-component loops do not nucleate upto
2.9 dpa under self-ion irradiation at 573K. These studies were carried out ex-situ and
questions remain regarding the kinetics of defect nucleation, their evolution mechanisms,
and the driving forces for the processes involved. These questions can be addressed by

in-situ ion irradiation in a TEM coupled with a charged particle accelerator [21]. The insitu ion irradiation technique has proven to be an excellent tool to study microstructural
evolution as it provides a chance for direct determination of defect formation; i.e., of
defect nucleation, growth and the spatial correlation of defect microstructure with the
pre-existing microstructures, as a function of irradiation parameters such as dose, dose
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rate, temperature, ion species, and texture [22]. The irradiation conditions can be chosen
to obtain a similar microstructure to that present after neutron irradiation [23]. For
example, an in-situ heavy ion irradiation study conducted on the AREVA-M5 alloy by
Hengstler-Eger et al. [21], demonstrated the nucleation and growth of both <a> and <c>
type defects as a function of dose.

Microstructural evolution in Zr based alloys has also been studied by in-situ electron
irradiation [18,24,25]. Ion irradiation can be considered superior to electron irradiation in
terms of simulation of neutron irradiation, since electron irradiation is less representative
due to the absence of cascade damage; rather production of damage is in the form of
isolated vacancies and interstitials [23].

Considering irradiation damage studies of Zr-Excel alloy, a limited number of postmortem studies have been done. Griffiths et al [26] have characterized neutron irradiated
microstructures of annealed and 3% cold worked Zr-Excel alloy, with irradiation carried
out at 675K and 700K, respectively. It was shown that <c>-component loops nucleate
after an incubation period and that the solute particles, especially Fe and Sn, play an
important role in the formation of <c>-component loops and hence on irradiation growth
[27]. Holt et al. [28], reported a high density of fine loops with <a>-type Burgers vector
and network dislocations with <c>-component Burgers vector. No precipitates were
observed within the α-grains of Excel alloy.
Now we will consider the microstructural evolution of the β-phase in zirconium alloys.
Here there are some complications regarding the evolution within existing Zr based
alloys e.g. Zr-n%Nb. In this system we find metastable β-Zr and equilibrium β-Nb (both

128

BCC) in addition to the majority α-Zr (HCP) phase. The metastable, coherent HCP ωphase may also form either thermally or athermally over a range of alloy compositions.
The stability of the β-phase in Zr-12wt%Nb alloy under 1 MeV electron irradiation at a
dose rate of 5.4 ×10-3 dpa/s has been reported by Nuttal et al. [29]. The alloy was water
quenched from 900oC, and aged at 450oC for 30 minutes prior to irradiation, showing ωphase particles in β-phase. It was reported that the pre-existing ω-particles undergo
significant radiation induced dissolution, while precipitation of a fine dispersion of ωphase with an identical crystal structure to the pre-existing phase occurs simultaneously,
after 6 dpa. The fine ω-phase dispersion had increased in terms of both the number
density and diffraction intensity. These effects were attributed to recoil dissolution from
the large ω-particles, followed by re-precipitation as a fine dispersion of particles.
Hernandez et al. [30] bombarded a Zr-12.5wt%Nb alloy with 3.0 MeV Ni ions at 425°C
to doses from 0.4-10.8 dpa at a displacement rate of ~3.7 x 10-3dpa/s. The material had
been aged at 450°C to produce a distribution of ~400 Angstrom diameter, cubiodal,
isothermal HCP ω-phase particles in a BCC β-phase matrix. The differences in the results
of HVEM and heavy ion irradiation were attributed to four causes: (1) easy nucleation of

ω-phase due to the slightly lower temperature of the HVEM irradiation; (2) preferential
nucleation of ω-phase on the uniform distribution of vacancies generated by electron
irradiation; (3) irradiation induced segregation could cause precipitate redistribution; (4)
displacement cascades during heavy ion bombardment may have dissolved small, newly
nucleated ω-phase particles impeding their growth to resolvable size.

The results presented by Nuttal et al. [29], were called into question by Motta et al. [31]
after in-situ Ar ion and electron irradiation experiments to study the stability of cubiodal
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ω-phase particles present in the β-phase matrix of Zr-20wt%Nb alloy. They reported ωphase particles neither dissolve nor grow under 350 keV Ar ion irradiation to 5.8 dpa in
the temperature range 300-400oC and under 400 keV electron irradiation to 5dpa at 623K.
Results reported by Motta et al [31] and Hernandez et al [30] are thus in strong contrast
to the results presented by Nuttal et al [29].
Regarding the radiation induced microstructural changes in the β-phase of Zr-2.5Nb
pressure tube materials, a wealth of literature have been presented in the past 30 years
due to its importance for pressure tube applications. Perovic et al [32] report the
formation of <c>-component loops along with the precipitation of Nb rich β-precipitates
after neutron irradiation to 5×1025 n/m2 at 280oC. Griffiths et al. [33] have reported that
the Nb depleted ω-phase precipitates embedded in the Nb rich matrix undergo irradiation
induced mixing after neutron irradiation with a flux of 2.5×1018 n.m-2.s-1 at 247oC. These
complex changes have been attributed to the combined effects of thermal and irradiation
induced mixing.

In the current investigation we have carried out a series of irradiation experiments on dual
phase heat treated Zr-Excel alloy using heavy ions at Argonne’s IVEM tandem facility.
We have irradiated Zr-Excel alloy at different temperatures to investigate the
microstructural evolution. We concentrate on the kinetics of <c>-loop nucleation, their
growth, the stability of the β-phase under irradiation and the effect of pre-existing
microstructure under heavy ion irradiation. This work serves as the initial and
fundamental steps in characterization of microstructural evolution of Zr-Excel in heat
treated conditions and provides the basic essential microstructural evolution information
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for further assessment of this alloy. The results presented here can provide a better insight
into the microstructural evolution of Zr-Excel alloy to assist in both the HEC and REC
designs for generation-IV SCWR-CANDU.

5.2 Materials and methods

Material used in this study is Zr-Excel alloy pressure tube, provided by AECL Chalk
River Nuclear laboratories [34]. As-received (AR) material was comprised of a dual
phase microstructure, i.e. 87% HCP α-phase and 13% BCC β-phase.

The tube was made by extruding a hollow billet at a ratio of 10:1 after preheating to 850
°C, followed by 25% cold drawing, annealing at 750°C for 30 minutes and then by a
stress relief at 400 °C for 24 hours. Material was cut from the resultant tube in pieces of
dimensions 4.3×10×10 mm. These pieces were ground to remove the oxide layer.
Material was heat treated at 855oC for two hours in flushing argon environment (99.999
Ar, O2<1ppm, H2O<3ppm, N2<4ppm, and THC<0.5ppm) and then water quenched
(termed HT material). Standard TEM 3 mm diameter disc samples were punched from
the thin foils of both HT and AR materials and electropolished using a Tenupol-5 twin-jet
electro-polisher. TEM analysis was carried out in a PHILIPS CM20 at an operating
voltage of 200kV. The microstructure after heat treatment and water quenching
comprised of both α- and β-phase. The ratio of α to β-phase fraction decreased from
87:13 for the AR material to 60:40 for the HT [35]. The microstructure of material before
and after heat treatment is shown in figure 5-1.
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2µm

Figure 5-1 a. Bright Field (BF) micrographs showing As-received microstructure before
irradiation, b. HAADF micrographs showing the dual phase microstructure of Zr-Excel
alloy, after heat treatment and quench (HT) with 60% α-phase and 40% β-phase present
before irradiation.

HT samples show nearly equiaxed grains of both α- and β-phase. Dark Field (DF)
micrographs show tiny (5-10 nm) particles of ω-phase formed during the quenching
process, as seen in figure 5-2. The selected area electron diffraction patterns (SAEDP)
taken from the β-phase show extra diffraction spots which were due to the presence of ωphase in the matrix after water quenching. The SAED pattern confirms presence of ωphase commonly formed in β-stabilized Ti and Zr alloys, with the typical orientation
relationship between BCC-β and hexagonal-ω {111} β (0001)ω ; 1 1 0
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β

11 2 0

ω

[36].

Figure 5-2 β-phase microstructure before irradiation and associated SAED pattern taken in
beam direction [110] showing extra reflections from ω-phase.
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Energy Dispersive X-Ray Spectroscopy (EDS) was done using the EDS detector attached
to the PHILIPS CM20, to measure the chemical composition of the specimens. Chemical
composition of the material after heat treatment and prior to irradiation is given in table
5-1. EDS data confirms that, as expected, the α-phase is Sn rich and β-phase is Mo, Nb
and Fe rich.

Table 5-1. Composition of Zr-Excel alloy after heat treatment.

Elements

Sn (Wt%)

Mo (Wt%)

Nb (Wt%)

Fe (Wt%)

Zr
(Wt%)

As-received

3.5

0.8

0.8

0.15

Balance

HT-In αzr

3.5

0.39±0.03

0.38±0.03

0.07±0.01

Balance

HT-In βzr

0

1.46±0.08

1.42±0.13

0.2±0.06

Balance

HT-Overall

3.56

0.87

0.84

0.13

Balance

SRIM 2008 [37] calculations were done with full damage cascades, using displacement
energy of 40 eV as suggested by Was [23] with the ion beam at an angle of 15o, as in the
experimental setup. The damage profile and the range of 1 MeV Kr2+ ions in Zr
calculated by SRIM 2008 are shown in Figure 5-3. The range of Kr ion with the given
energy is ~352 nm and the area of examination which is close to the hole is less than 100
nm thick, implying that all of the ions pass through the thin foil leaving behind uniform
damage. Damage level can be calculated in term of displacement per atom (DPA) using
the following formula [38]:
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dpa = φ × 10 8 × Damage − rate
N

(5.1)

where Φ is the fluence in ions/cm2, the damage rate is in vacancies/ion/A˚ obtained with
SRIM, and N is the atomic number density in atoms/cm3.

In-situ experiments were carried out at the IVEM-Tandem Facility at Argonne National
Laboratory. The Facility includes a Hitachi H-9000NAR transmission electron
microscope interfaced with a 2MV tandem ion accelerator. TEM samples from HT
material were mounted in a double-tilt heating holder and irradiated at 400, 300, or 100oC
with 1 MeV Kr2+ ions to maximum total doses ranging from 1 to 10 dpa. One sample of
AR material was also irradiated at 400oC to 10 dpa. Ion dosimetry was made by Faraday
cups within the microscope at 2 cm from the sample. TEM data were recorded by a Gatan
622 video rate camera and a Gatan Orius SC 1000 CCD camera that allow reproducible
control of areas and diffraction conditions during experiments. Irradiation was paused at
several dose levels to record the microstructural evolution. Electron microscopy was done
under kinematical bright field, dark field and weak beam dark field conditions.
To measure the volume fraction of ω-phase and number density of defects, the thickness
of the samples was estimated using the Convergent Beam Electron Diffraction (CBED)
method under two beam diffraction condition [39,40]. This method of thickness
determination may give an error of ±2%, which was taken into account in the subsequent
calculations [41].
Number density of <c>-component loops and volume fraction of ω-phase was estimated
under the same diffraction conditions in all experiments.
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Figure 5-3 SRIM calculations showing the damage profile (left) and range (right) of 1MeV
Kr ions in Zr calculated using the threshold displacement energy Ed=40 eV.

The

approximate sample thickness is indicated by the dotted lines.

5.3 Results
5.3.1 Formation of <c>-component loops
In-situ irradiation experiment was done at 400oC to record the nucleation and growth of
<c>-component loops in Zr-Excel alloy. Figure 5-4 shows the microstructure of the
specimen area under observation before irradiation and the associated SAED pattern.
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Figure 5-4 Microstructure of α-phase before irradiation showing small secondary phase
precipitates. Presence of these precipitates is confirmed by the SAED pattern taken in beam
direction [0001]. Secondary phase precipitates with hexagonal crystal structure also show
[0001] satellite diffraction pattern within the SAED pattern of α- Zr.
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The pre-irradiation microstructure shows black circular secondary phase precipitates
(SPP) in the matrix formed after heating to 400oC, and prior to irradiation. These
precipitates are a product of the heat treatment prior to the irradiation experiment.
SAEDP taken from α-phase with beam direction close to [0001] also shows the presence
of a [0001] zone axis diffraction pattern from these SPP (figure 5-4) as the satellite
patterns on each main diffraction spot.
Microstructural evolution under irradiation in the α-phase of HT sample at 400oC with
the increment of dose is shown in figure 5-5. The α-phase microstructure remains
unaltered by irradiation up to 1 dpa. The most significant change observed at 1 dpa was
the change in the size and shape of these small precipitates. Some of them completely
disappeared from the microstructure. Figure 5-5 shows an encircled precipitate which
disappeared after a dose of 1 dpa. The location of this precipitate is shown in a broken
circle as it disappears. As the irradiation proceeds to 2.5 dpa, small defects in the form of
line segments parallel to the trace of the basal plane start to appear. These short segments,
which are in fact <c>-component loops, as can be clearly observed at higher doses,
nucleate in the vicinity of the pre-existing circular shaped precipitates. The <c>component loops grow with the increment of dose, while the precipitate size decreases.
Variations in the size of <c>-component loops and precipitates have been plotted as a
function of dose as shown in figure 5-6. The loop and the SPP sizes have been measured
carefully three times at each dose level. The error bars shown in figure 5-6 are the
standard deviations as a measure of scatter in the loops’ image sizes. The mean size of
these loops at the time the thin line segments were first measured (at 2.5 dpa) was 15 nm;
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this increased to 52 nm at the final dose of 10 dpa. The number density of <c>component loops was estimated as 1.82×1021 m-3 after 10 dpa.
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Figure 5-5 Series of micrographs from α-phase showing the evolution of microstructure
with the increment of dose at 400oC g=0002, B = [1120] . It is evident that black dot shaped
SPP dissolve and <c>-component loops nucleate and grow at 2.5 dpa. One of the
precipitates (encircled) disappears completely at 2.5dpa (broken circle).
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Figure 5-6 Mean Size of <c>-component loops and dissolving precipitates at 400oC plotted
as a function of dose.

The irradiation experiment at 300oC shows similar features to those observed at 400oC
after a dose of 10 dpa. Figure 5-7 shows the <c>-component loops formed at 300oC in the
HT sample. <c>-component loops observed at this temperature are slightly smaller in size
(36nm) as compared to those observed at 400oC. These loops are visible in the form of
short thin segments when observed with g=0002 B~ [1120] . Density of <c>-component
loops was estimated as 2.65×1021 m-3. No evidence of residual precipitates was observed
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after 10 dpa at 300oC. Figure 5-7(insets) show two or more edge-on loops in the form of
thin line segments coming close to each other to appear as a larger loop, which is likely
coalescence of loops due to thermal effects.

Figure 5-7 <c>-component loops formed at 300oC after 10 dpa. Loops appearing larger in
diameter appear as individual loops which is an indication of agglomeration into each other
forming larger loops. Loops 1 and 2 coming closer and forming one single loop (dashed
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inset), loops 1,2,3 and 4 coming closer to form single one after 10dpa. Micrographs taken
under with g = 0002 , B

~ [11 2 0] .

Figure 5-8 shows the basal plane microstructure comprising of <c>-component loops
observed after a dose of 10 dpa at 100oC. No defect microstructure was observed when
the sample was imaged under dynamical two beam condition with g=0002, however DF
and BF micrographs taken under kinematical weak beam condition show the presence of
small <c>-component loops formed as short thin segments similar to the other irradiation
temperatures. Formation of <c>-component loops at such a low temperature is rather
surprising as it is well known that <c>-component loops are formed in the temperature
range of 300-500oC in Zr alloys [6]. The size of these loops however is decreased
compared to the higher temperature loops, with a mean diameter of 25 nm. The density of
low temperature <c>-component loops has been measured as 2.79×1021 m-3 which is the
highest defect density measured in the present experiments.
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Figure 5-8 BF micrographs showing the presence of <c>-component formed at 100oC after
10 dpa. Denuded zone formed at the grain boundary is also clear from the inset. g=0002

B ~ [11 2 0] .
Defect microstructures have been analyzed ex-situ in AR material after irradiation to 10
dpa at 400oC. Formation of both <c>-component and <a>-type loops has been observed
in AR material as shown in Figure 5-9. It is evident that the size of <c>-component loops
is much larger in AR material than in HT material, for comparable irradiation conditions.
Mean size and density of <c>-component loops is estimated as 93nm and 0.7×1021 m-3,
respectively. The <c>-component loops seen here are the largest in size and lowest in
number density of all of the current experiments.
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Figure 5-9 Damage microstructure formed after 10dpa at 400oC in AR specimen, a. DF micrograph
taken with g = 0002 B ~ [11 2 0] showing the presence of <c>-component loops in form of straight line
segment, b. BF micrograph taken with g = 0002 B ~ [11 2 0] showing <c>-component loops, c. DF
micrograph taken with g= 0110 B ~ [11 2 0] showing dense structure of <a>- loops. d. BF micrograph
taken with g = 01 1 0 , B ~ [11 2 0] showing dense structure of <a>- loops. Note the presence of <c>component loops in c and d confirming the 1 20 2 3 type Burgers vector.
6
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Figure 5-10 The variation in the mean size of <c>-component loops with increase of
temperature for the HT material and 400°C As-received.

Mean diameter of <c>-component loops has been plotted as a function of temperature
and experimental conditions in figure 5-10. Number density of <c>-component loops has
been plotted as a function of temperature in figure 5-11. It is evident from the figure 5-10
and 11 that density of <c>-component loops decreases as the irradiation temperature is
increased and size of <c>-component loops increases with an increase of temperature.
Defect density drops significantly in the AR material where defect size is larger than
other experimental conditions.
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Figure 5-11 Number density of <c>-component loops plotted as a function of temperature
for HT material except where indicated.

It is worth mentioning that <c>-type loops were not observed in the vicinity of grain
boundaries, rendering denuded zones. EDS analysis done in the denuded zone shows the
absence or only a very minor amount of Fe. A denuded zone near the grain boundary in
the basal plane microstructure and EDS line scan spectra taken on the grain boundary is
shown in figure 5-12. It is clear from EDS line scan analysis that Fe has been depleted at
the grain boundary where the <c>-component loops are absent.
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Figure 5-12 Denuded zone formed near the grain boundary at 100oC after 10 dpa g=0002,
B~[ 0110 ], along with EDS line scan analysis showing a decrease in Fe concentration near
the boundary.
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5.3.2 Omega phase precipitation
Ex-situ microstructural analysis was carried out on the β-phase irradiated to 10 dpa at all
irradiation temperatures, for the HT specimens. ω-phase was present in the
microstructure prior to irradiation and its presence was also evident from the SAED
pattern taken from the β-phase reflections. Volume fraction of ω-phase has been
estimated by assuming all the ω-phase precipitates are spherical. The radius of ω-phase
precipitates was measured and volume fraction was estimated using the following
formula:

VFω =

Nω

4 3
πr
3
Vβ

(5.2)

where Nω is number of ω-phase precipitates in the measured volume, r is the mean radius
of ω-phase precipitates, Vβ is volume of β-phase.
The irradiation experiment at 400oC shows the precipitation and growth of ω-phase, as
shown in figure 5-13. ω-phase precipitates were observed after a dose of 10 dpa,
however, it is not clear whether precipitation of ω-phase is caused by the increased
temperature or by the cascade damage; this ambiguity is addressed below. The diameter
of ω-phase was measured and averaged over a large number of ω-phase precipitates,
three times in each specimen. The mean size of ω-phase precipitate was measured as 34
nm.
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Figure 5-13 ω-phase precipitation after 10 dpa at 400oC. ω-phase distributed randomly
throughout the β-phase grain.

These diffraction patterns show not only the presence of ω-phase, but also confirm the
orientation relationship between ω- and β-phase i.e. {111}β (0001)ω ; 1 1 0

β

1120

ω

. Figure 5-

14 shows the diffraction pattern in β-phase with beam direction close to [110] direction.
This diffraction pattern reveals that ω-phase is present with a single variant. The
diffraction pattern can be solved with the key given in figure 5-14. Volume fraction of ωphase within the β-phase grains has been calculated as 0.23 at 400oC.
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Figure 5-14 SAEDP taken in beam direction B~[110]. Diffraction pattern reveals that the ωphase is present with single variant (orientation) in β-phase matrix after irradiation to 10
dpa at 400oC. Key for the diffraction pattern is provided with larger dots for β-phase
reflections and smaller black dot for ω-phase reflections.

Precipitation of ω-phase has also been observed at 300oC in the HT specimen. Figure 515 shows ω-phase precipitates observed after irradiation to 10dpa at 300oC. These
precipitates tend to arrange themselves in rectangular arrays, in contrast to the random
arrangement after irradiation at 400oC. Mean radius of ω-phase precipitates decreased to
25.8 nm as compared to 400oC and volume fraction increased to 0.33.
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Figure 5-15 Bright field and dark field micrographs showing the ω-phase precipitation after
irradiation to 10 dpa at 300oC. Diffraction conditions are mentioned in the micrographs.

Similarly, ω-phase precipitation has also been observed at 100oC as shown in figure 5-16.
Similar to 300oC, ω-phase precipitates are arranged in the form of rectangular arrays.
Mean diameter and volume fraction of ω-phase precipitates has been measured as 19 nm
and 0.4, respectively.

All of the irradiation experiments carried out at different temperatures show the
formation and growth of ω-phase precipitates; however it is not clear if the ω-phase
precipitation occurs as a result of thermal aging or if it is a direct product of radiation
151

damage. To overcome this ambiguity, in-situ thermal aging experiments were carried out
at 100, 300 and 400oC on unirradiated specimens for the same amount of time as the
duration of irradiation (~90-110 minutes).

Figure 5-16 Bright field and dark field micrographs showing the ω-phase precipitation after
irradiation to 10 dpa at 100oC. Diffraction conditions are mentioned in the micrographs. ωphase shows an arrangement in rectangular arrays under all shown diffraction conditions.
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5.3.3 In-situ aging experiment
Figure 5-17 shows the series of microstructure images taken from β-phase by choosing
the ω-phase reflection spot from the [121] zone axis. DF micrographs in figure 5-17a
show some dot shaped tiny features in unirradiated β-phase before thermal aging, which
are possibly the ω-phase particles. Unirradiated material heated to 100oC for one hour
does not show any significant change in the microstructure (figure 5-17b). Neither size
nor the density of ω-phase particles was changed after aging at 100oC, i.e., growth,
refinement, or precipitation does not occur at this aging temperature, which confirms that
the ω-phase precipitates observed after irradiation to 10 dpa at 100oC are a product solely
of radiation damage.
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Figure 5-17 Dark field micrographs taken with g=-110, B~[121] during in-situ aging
experiment. A. Pre-aging, b. aging at 100oC for 60 minutes, c. aging at 400oC for 20 minutes,
d. aging at 400oC for 120 minutes. ω-phase remains unchanged during aging at 100oC,
whereas it grows during aging only at 400oC.

Microstructures recorded during the aging experiment at 400oC are shown in figure 5-17c
and d. After 20 minutes aging, the microstructure (figure 5-17c) shows significant
changes in the size and volume fraction of the ω-phase precipitates as compared to that
present before aging. Volume fraction of ω-phase increases to 0.08. Not only does the
fraction of ω-phase in the parent β-phase increase with the increase in aging time but also
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the size of these particles increased to 13nm. The microstructure was stabilized after an
aging time of 120 minutes. After 120 minutes no further changes in microstructure took
place up to a further total viewing time of 60 minutes. The mean diameter and volume
fraction of ω-phase after either irradiation or by thermal aging is shown in figure 5-18.
The error bars shown in figure 5-18 are indicative of the standard deviation in the
counting statistics as a measure of the scatter in diameter of ω-phase precipitates, which
also reflects in the volume fraction data. The uncertainty in measuring the specimen
thickness has also been taken into account.
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Figure 5-18 Volume fraction and mean diameter of ω-phase precipitates plotted as a
function of temperature in both irradiated and unirradiated-aged specimens.
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The aging experiment at 400oC shows clearly that ω-phase can grow into larger
precipitates at 400oC, however, the morphology and size is quite different from that
observed after irradiation to 10 dpa at 400oC. ω-phase particles observed at 400oC and
300oC are much coarser in size without irradiation, and arranged in rectangular arrays (at
300oC). No arrangement in the distribution of ω-phase particles was observed after
thermal aging experiments. In the present study, aging experiments show that, at lower
temperature ω-phase precipitation and growth occurs only by radiation damage
mechanism, whereas, at higher temperature irradiation experiments (300 and 400oC), ωphase precipitation is thermally assisted.
The maximum size of ω-phase particles does not increase (< 20nm) after two hours aging
at 400oC, whereas the size of ω-phase precipitates observed after irradiation to 10 dpa at
400oC was 40nm. ω-phase formed isothermally during the irradiation may be dissolved
by the dense cascades produced and can later precipitate into larger particles [29].

5.4 Discussion
5.4.1 Formation of <c>-component loops
5.4.1.1 Dissolution of secondary phase precipitates

The present experiments show that <c>-component loops nucleate in the close proximity
of SPP (or prior SPP) above a threshold ion dose. These precipitates are formed perhaps
due to the localized super-saturation of solute in the α-phase during the heat treatment
(heating+quenching), which precipitate out after reheating to 400oC before irradiation. Sn
is the major alloying element present in the α-phase of the material under investigation,
and other Zr alloys as well, but the state of Sn has not been clarified [42, 43]. The

157

presence of Sn rich precipitates is still a topic of controversy and potentially arguable.
According to the Zr-Sn binary phase diagram given by Abriata et al. [44], Zr4Sn
precipitates can be present at 500oC at a Sn concentration less than 1wt.%. Metallic Sn
precipitates and intermetallic Sn rich precipitates have been observed and reported in
several electron microscopic observations, particularly after high-temperature oxidation
and irradiation of Zircaloys [45,46,47,48,49,50]. Sn rich precipitates are also observed in
Zr based alloys after irradiation [51]. From the present investigation it is hard identify the
SPP’s as Sn rich precipitates with total confidence, however based on the previous
literature mentioned above there is a significant possibility they are Sn rich. Kuwae et al.
[42] report the formation of orthorhombic ZrSn and hexagonal Zr5Sn3 precipitates in βquenched Zircaloy-2 where the amount of Sn is 1.5 wt.%. Similarly, body centered
tetragonal Sn rich precipitates have been reported to form in α- annealed and (α+β)
quenched Zircaloy-4. It has been reported that thermally induced precipitation of excess
Sn can occur in Zr alloys containing more than 3 wt% Sn [52]. BF micrographs and
SAED patterns taken from α- phase (figure 5-4) close to [0001] beam direction, similar to
those observed by Woo et al. [51] after irradiation, also provide a strong evidence for the
presence of hexagonal Sn rich precipitates. The [0001] diffraction pattern from α-phase
contains a [0001] satellite diffraction pattern from precipitates. The presence of satellite
diffraction spots was not evident from SAED patterns after irradiation to 10 dpa at any of
the irradiation temperatures, which is consistent with the evidence of dissolution during
irradiation (figure 5-5). This kind of orientation relationship has been reported by Woo et
al. [51] in neutron irradiated Zircaloy-2, however in the present study it is evident that
these precipitates are formed before irradiation either during the aging of the material at
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400oC or during the quenching from 855oC. Sattari et al. [53] have reported the formation
of Mo-Nb-Fe rich precipitates in Zr-Excel following water quenching from 890oC and
aging at 500oC for 550 hours. These precipitates have been reported to form inside the
martensite phase and grain boundaries of the martensite laths, however there was no
evidence of Sn rich SPP.

The series of micrographs presented in figure 5-5 show that <c>-component loops start to
nucleate above a threshold dose. This observation is consistent with previous neutron
[6,16,26], electron [24,25] and heavy ion irradiation studies [19,20,21,54] in Zr and Zr
based alloys. The incubation period for the nucleation of <c>-component loops is
attributed to the dissolution/dispersion of alloying elements into the matrix which in turn
reduces the stacking fault energy of Zr, assisting the formation of <c>-component loops.
The alpha (α) Zr in Excel contains 3.5 wt% Sn which may precipitate out as secondary
phase precipitates as a result of heat treatment [52], and then dissolve to assist the
nucleation and growth of <c>-component loops. As the irradiation proceeds, the β-phase
ejects some of the Fe into the α-phase, which then redistributes itself throughout the αphase [6] enhancing the formation of <c>-component loops. Fe is dispersed throughout
the matrix because it is a rapid diffuser [55] as it diffuses interstitially in the matrix [56].
Increase of the solute content by radiation induced dissolution of precipitates and
dispersion of Fe in matrix decreases the stacking fault energy of Zr matrix, which helps
the faulted <c>-component loops to nucleate [6].

Re-precipitation of the solute has not been observed in our experiments, because the
solute concentration remains below the solubility limit in the short irradiation time. There

159

is an incubation period before the steady state concentration of solute in the matrix is
reached [57], and the irradiation time is too short to reach the incubation for the reprecipitation of solute.

5.4.1.2 Loop size and density

These experiments demonstrate the temperature sensitivity of <c>-component loop size
and number density (figure 5-10, 5-11). The size of the <c>-component loops is smaller
at lower temperature and it increases as the irradiation temperature increases (figure 510), whereas number density of defects decreases with an increase of temperature (figure
5-11). The point defects at higher temperatures have higher mobility and can diffuse over
a longer range than at lower temperature. These point defects with a large mean free path
annihilate rapidly on sinks such as small previously formed point defect clusters (also
surface, grain boundaries, dislocations), leading to a higher growth rate of loops.
At lower temperatures, the mobility of point defects is lower so that the elimination rate
on sinks such as small point defect clusters previously formed is decreased. This leads to
a lower growth rate of loops and to a higher concentration of point defects in the material.
This high concentration of point defects induces a high nucleation rate of point defect
clusters leading to a higher density of loops. As the defects grow beyond a certain size
they agglomerate into each other, forming much larger defects. In figure 5-7 loop 1 and 2
seem to be agglomerating into each other, and appear as one loop at lower magnification.
Similarly in figure 5-7 (inset) the loops 1, 2, 3 and 4 are found very close to each other.
At 300oC some defects come closer to each other at a certain size, due to a decrease of
spacing between them at a given dose. Hengstler-Eger et al. [21] have reported the chain
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like clustering of small <c>-component loops to form large aligned loops in the form of
thin line segments. Defect coalescence and agglomeration can be a combined effect of
dose and temperature, however in the present case, the observed agglomeration of larger
<c>-component loops has not been confirmed by in-situ irradiation experiments at 300oC.
The effect of irradiation temperature becomes obvious when the sizes of <c>-component
loops observed at 100oC and 300oC are compared.
The largest defect size and lowest number density are seen in AR material at 400oC. This
can be attributed to the presence of higher solute content in the α-phase as compared to
HT materials, as shown in table 1. In AR material the α to β ratio is 87:13 which reduces
to 60:40 in the HT specimens. The higher α to β ratio in AR specimens implies higher
solute content in the α-phase. <c>-component loops once formed continue to grow, due
to a continuous supply of vacancies at higher temperature in the presence of higher solute
content. At high temperature, thermally enhanced migration of vacancies not only assists
in enhancing the growth of <c>-component loops but also causes a reduction in the defect
number density [54].

These results are novel in the sense that formation of <c>-component loops has been
observed at relatively low temperatures. In Zr-based alloy <c>-component loops are
generally present after higher temperature irradiation. The observations reported by
Yamada et al [19] show that <c>-component loops do not nucleate in pure Zr at lower
temperature (300oC) even at 20 dpa. They have also reported the formation of <c>component loops in Zircaloy-2 at 300oC at 20 dpa. However no information has been
provided on the lower temperature nucleation of <c>-component loops in Zircaloy.
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Formation of <c>-component loops at low irradiation temperature can be explained in
terms of short range migration of vacancies at lower temperature. Nucleation and growth
of <c>-component loops strongly depend on the presence of impurities in the matrix. In
Zr-Excel alloy <c>-component loops are formed readily at low temperature due to the
presence of higher solute element concentrations in the α-phase. . However, vacancies are
less mobile at low temperature, so there is less probability of recombination of vacancies
and agglomeration of larger loops causing higher defect density and smaller size of loops
at 100oC. Ejection and redistribution of Fe from β-phase into α-phase may also play an
important role in nucleation of <c>-component loops at low temperature [6].

5.4.1.3 Effect of ion species and dose rate

It is relevant now to relate and discuss the differences between the heavy ion irradiated
microstructure of Zr-Excel alloy to heavy ion irradiated microstructures in other Zr based
alloys and neutron irradiated microstructures as well. Tournadre et al. [20] have reported
the formation of <c>-component loops in Zr ion irradiated recrystallized Zircaloy-4
above 2.9 dpa at 573K. Similarly Yamada et al report the absence of damage structure in
pure Zr up to 5 dpa at 673K, whereas <c>-component loops were observed at higher
doses. Hengstler-Eger et al. [21] report the clear observation of <c>-component loops at
6.8 dpa. In the present study the threshold dose for the nucleation of <c>-component
loops at 400oC is observed to be 2.5 dpa. The lower threshold dose for the nucleation of
<c>-component loops in this case can be attributed to the presence of higher impurity
content in the form of solute (3.5 wt % Sn) and possibly small Sn rich precipitates, which
undergo dissolution with the irradiation. It has been reported [19,20] that during charged
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particle irradiation, formation of <c>-component loops is dependent on the presence of
impurities in the matrix, which is consistent with neutron [6,26] and electron irradiation
experiments as well [24,25].

The size of <c>-component loops observed in the present study is close to that observed
by Tournadre et al. [20] after self-ion irradiation (36nm after 7dpa at 300oC) while it is
smaller than those observed after neutron irradiation (<150 nm) of Zr based alloys.
Smaller loop diameter is the possible effect of higher dose rate in case of heavy ion
irradiation, which is ~7000 times higher than for neutron irradiation. At higher dose rate,
loop nucleation rate is relatively higher than loop growth rate leading to smaller loops
whereas at lower damage rate nucleation rate is relatively lower than loop growth rate
leading to formation of larger loops [20].

5.4.1.4 Fe depletion and denuded zone formation
Denuded zones on grain boundaries have been observed at 100oC. There is no apparent
dependence of orientation of grain boundary on the width of denuded zone as it is
constant around the whole grain. The width of the denuded zone has been recorded as 60
nm. EDS results show that in a specimen irradiated to 10 dpa at 100oC, there is a very
small amount of Fe, whereas in the other areas of grains the amount of iron is higher, as
shown in figure 5-12. As described earlier, Fe diffuses into the matrix interstitially. Fe
depletion at the grain boundary can be explained by the solute size/interstitial mechanism
[58]. Fast diffusing solutes such as Fe move away from the sinks such as grain
boundaries. Depletion of Fe on the grain boundaries has been reported on irradiated
austenitic stainless steel, and is related to the intergranular failure processes [59]
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A possible explanation for the denuding of the grain boundary can be decreased
nucleation of <c>-component loops near the grain boundaries due to absence of an
appreciable amount of Fe. It has been established that the presence of Fe plays an
important role in the nucleation of <c>-component loops [6]. Absence of Fe and also the
sink strength of the grain boundary will render a denuded area along the grain
boundaries.

In the case of thin foil irradiation in addition to defect cluster and grain boundaries, the
free surface can also play an important role in the evolution of microstructure as these
free surfaces may act as sink to the point defects and dislocation loops [54]. This in turn
can change morphology and defect density, making the thin foil irradiation different from
the bulk material irradiation. A few attempts have been made to understand the relation
between the thin foil effects and microstructural evolution [30,54]. Li et al. [30] have
reported the formation of ~7-10nm denuded zones near the top and bottom free surfaces
of Mo thin foils and it has been concluded that the free surfaces act as a stronger sink to
point defects and dislocation loops than do the grain boundaries. Loop losses to free
surfaces are required to compare the results of thin foil irradiation with bulk irradiation.
In our case however, the size of denuded zones formed near the free surfaces are not
known. Further experiments are required in detail to determine and compare the sink
strength of surface and grain boundaries in Zr and Zr alloys [54].
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5.4.2 Omega phase precipitation
5.4.2.1 Dissolution and precipitation of ω-phase
As described in section 2 and 3, a few resolvable ω-phase particles were present in the βphase of the material under investigation. These ω-phase particles were formed due to
non-diffusive displacive type transformations (athermal) [60]. It is apparent that there is
no significant change in the β-phase structure during aging at 100oC, but ω-phase grows
both in size and volume fraction during the aging at 400oC. ω-phase growth during the
thermal aging is due to diffusive type transformations (isothermal). Athermal ω-phase
formation during quenching from the bcc phase is due to the collapse of alternate
adjacent {111} planes of the parent bcc phase. The hexagonal ω-phase formed has the
same composition as the parent β-phase [61]. In another study conducted on Zr-Excel
water quenched from 890oC and aged at 500oC for one hour, the formation of
martensitic-Zr and α-Zr was seen. The authors have reported the formation of precipitates
in the martensite phase [35].
Turning to the heavy ion irradiation experiments, the ω-phase precipitation has been
observed at 400, 300 and 100oC. It is plausible that at 400oC the ω-phase precipitates and
grows both by thermal aging and by irradiation damage. The isothermal ω-phase
precipitates dissolve on one hand and ω-phase precipitates out as a result of cascade
damage on the other hand, the two processes occurring simultaneously. A similar process
is expected to occur at 300oC.
Though the ω-phase has been seeded by the quenching experiment in the β-phase it
grows significantly after a dose of 10 dpa at 100oC, whereas the thermal effects alone are
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negligible at 100oC. Hence growth of ω-phase observed at 100oC is a sole product of
radiation damage.

It is worth mentioning that the SAED pattern recorded before the irradiation experiments
from β-phase (figure 5-2) shows the presence of ω-phase with at least two variants,
whereas after irradiation to 10 dpa the SAED pattern from β-phase shows the presence of

ω-phase with only one variant (figure 5-14). Single variant ω-phase is considered as an
intermediate phase which occurs during the stress-induced transformations from β-phase
to α-phase [62]. Formation of single variant ω-phase is an evidence of dissolution of
isothermal and athermal ω-phase with two variants. Under heavy ion irradiation,
dissolution of phases can occur due to processes such as recoil resolution, interfacial
mixing and amorphization [63]. Dissolution of pre-existing ω-phase and precipitation of
irradiation induced ω-phase would then occur simultaneously during the irradiation.
Observations of aging experiments, transformation of dual variant ω-phase into single
variant ω-phase, and microstructural evidences confirm the dissolution and precipitation
of ω-phase during heavy ion irradiation. These observations are consistent with the
electron irradiation results of Nuttal et al. [29] and Dey at al. [60].
These experiments confirm the irradiation induced precipitation and growth of ω-phase.
Further in-situ ion irradiation experiments are required to confirm the dissolution
mechanism of isothermal ω-phase.
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5.4.2.2 Volume fraction and precipitate size

The present investigation shows the effect of temperature on the size and volume fraction
of ω-phase precipitates in irradiated and unirradiated materials. It is evident from figure
5-18 that in both irradiated and unirradiated materials, the size of the ω-phase precipitates
increases with an increase of temperature. However, the change in the volume fraction of

ω-phase is quite different in irradiated material than for annealed unirradiated materials.
The volume fraction of ω-phase decreases as the irradiation temperature and size of ωphase increases. An increase in the size of ω-phase precipitates might be considered to
increase the volume fraction but the opposite effect is presumably due to the decreased
number of precipitates. This reduction in volume fraction of ω-phase can be attributed to
radiation enhanced diffusion and thermal diffusion at higher temperature. Similarly the
higher volume fraction and smaller precipitate size at lower temperature (100oC) can be
attributed to the absence of thermal effects limiting the mobility of radiation induced
defects.
In the case of unirradiated materials, both the volume fraction and size of ω-phase
increases continuously with an increase in aging time and temperature; i.e. with the
increase in size and volume fraction due solely to the thermal aging effects.
From the current experiment it has been shown that ω-phase precipitates grow during the
aging at and above 300oC. However in the case of radiation damage, there is a process of
dissolution (or disordering) of ω-phase (ω→β) due to the atomic displacement within the
collision cascades [64], which is in competition with the irradiation induced nucleation
process. Irradiation causes an increase in the free energy of the β-phase by generating a
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high concentration of point defects, making it more unstable and causing a transformation
from β-phase to ω-phase . It has been reported β-phase undergo thermal decomposition
which may be arrested or reversed by irradiation [65]. Destruction, nucleation and growth
of ω-phase occur at the same time during the irradiation experiments, however growth of

β-phase occurs once the rate of nucleation is higher than the rate of dissolution, to
achieve the new equilibrium conditions.

The results presented here are in good agreement with Nuttal et al. [29] in terms of
dissolution and re-precipitation of ω-phase precipitates during irradiation, however our
results differ in terms of the size of ω-phase. This difference may be explained in terms
of differences between electron and heavy ion irradiation. As in the case of Nuttal et al.
[29] irradiation experiments were carried out in HVEM. In our case, however, heavy ions
created larger and denser cascades, resulting in the formation of larger precipitates.

5.5 Conclusion

In this study Kr ion irradiation experiments were conducted on Zr-Excel alloy at different
temperatures to study the microstructural evolution. Results can be summarized as
follow:

1-

<c>-component loops nucleate and grow above a threshold dose which has
been recorded as 2.5 dpa at 400oC. These loops nucleate in the proximity of
secondary phase precipitates and grow as the precipitates shrink due to
irradiation induced dissolution. The size of <c>-component loops increases,
whereas defect number density decreases with an increase of irradiation
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temperature. There is a significant difference of the <c>-component loops
microstructure in the as-received and heat-treated materials. <c>-component
loops seem to be of much larger size in AR material and the density of these
loops drops significantly compared to the HT material.
2-

Semi-denuded zones are formed at the grain boundaries of the α-phase, which
is attributed to the depletion of Fe on the grain boundary.

3-

ω-phase precipitation and growth happens at all irradiation temperatures.
Aging experiments on unirradiated specimens confirm that at higher
temperature there are combined effects from radiation damage and isothermal
nucleation; whereas at lower temperature only radiation induced ω-phase
formation occurs in the time scales studied. The volume fraction of ω-phase
decreases with an increase of irradiation temperature and the precipitate size
increases with an increase of irradiation temperature, however in unirradiated
material both volume fraction and precipitate size increase with an increase in
temperature.

4-

This study can be implicated to improve the design of generation IV CANDUSCWR. Low temperature formation of <c>-component loops and ω-phase are
striking results signifying potential irradiation growth and resultant changes in
the mechanical properties for the re-entrant channel design.
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Chapter 6
Microstructural stability of Zr-Excel Alloy under Heavy Ion
Irradiation: I. formation of <c>-component loops
The present investigation deals with the microstructural changes in the zirconium alloy
Excel during heavy ion irradiation, which serves as a tool to simulate effects of neutron
irradiation in the reactor environment. In-situ irradiation experiments were conducted at
reactor operating temperatures on the solution treated Excel alloy. The heavy ion induced
damage and compositional changes were examined using transmission electron
microscopy in combination with EDS mapping. Nucleation and growth of <c>component loops are the major focus of the current investigation, as <c>-component
loops are known to be responsible for the accelerated irradiation growth of Zr alloys. It
was observed that <c>-component loops nucleate readily at 100, 300 and 400oC, however
the threshold incubation dose varies with irradiation temperature. Dose and temperature
dependence of loop size and density is presented. Radiation induced clustering of
alloying elements has been observed and related to the formation of <c>-component
loops. The role of alloying elements and pre-existing microstructure in the
microstructural evolution in irradiation environment is discussed in detail.

6.1 Introduction

CANDU-SCWR (supercritical water cooled reactor) is currently a generation-IV reactor
design undergoing extensive research with the goal of extended service life and higher
efficiency compared to conventional CANDU reactors [1]. Being a pressure boundary,
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the pressure tube is the most important structural component in the core of nuclear
reactors [2]. The desired increase in fuel burn-up in reactors leads to more severe
radiation damage to the core components, including the fuel channels, resulting in
irradiation growth, the degradation of mechanical properties and corrosion resistance of
these components [3, 4]. Keeping in mind the hostile environment of a nuclear reactor
core, the material selection for the pressure tube of CANDU-SCWR is guided by the
requirement of excellent mechanical properties, corrosion resistance and low neutron
capture cross section. Zr alloys are regarded as optimum materials due to their successful
track record as the material of choice for core components of light and heavy water
reactors [5]. The high strength creep resistant zirconium alloy Excel developed by Chalk
River Laboratory in 1970 has been specified as a candidate pressure tube material for the
high efficiency (HEC) and re-entrant fuel channel (REC) designs in CANDU-SCWR
[6,7,8]. Consequently, extensive R&D is being conducted on this material to ensure its
viability in SCWR.

The microstructure of Excel alloy differs from the common Zr alloys such as Zircaloy-2,
4, and Zr-2.5% Nb due to its different chemical composition. However, similarities can
be found between the Zircaloys and the α-phase of Excel, as they both contain Sn as a
solute. On the other hand, Excel has in common the dual phase microstructure and the
presence of Nb in the β-phase with Zr-2.5Nb [9]. Detailed properties of Excel can be
found elsewhere [10] and strength differential between Excel and Zr-2.5%Nb can be
found in reference [11].
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Due to the strong crystallographic texture of Zr tubes they are prone to irradiation
induced growth, a dimensional change in the absence of an applied stress, leading to
expansion along a-axis and contraction along c-axis in HCP unit cell [12]. The resistance
of Zr-alloys to irradiation growth can be improved by changing the content of alloying
elements in the α-phase [13].

In a comparative study of irradiation growth in pure Zr and different Zr alloy, irradiation
growth has been attributed to formation of vacancy <c>-component loops in the basal
plane [14]. It has been found that Zr alloys containing Sn, irradiation growth saturates or
attenuates, which has been attributed to the trapping of vacancies on solute atoms [14].
However, effect of Sn on nucleation and growth of <c>-component loops remains unclear
due to lack of microstructural evidence.

In an experimental study, Tucker et al. [15] have shown that irradiation growth in Excel
is both fluence and temperature dependent. At high neutron fluences (5-15×1025 n.m-2)
and temperatures above 376oC, the Excel alloy suffers higher growth strains than other Zr
based alloys under similar irradiation conditions. However, at lower temperatures, the
growth in Excel was found to be comparable to that in Zircaloy-4. This variation in the
growth strains between Excel and other Zr based alloys has been attributed to the fact that
for these alloys the microstructure and its evolution during irradiation differs. It has been
established that vacancy type basal plane <c>-component loops are formed during
neutron irradiation of Zr at temperatures close to 0.3Tm [16,17,18]. Breakaway irradiation
growth has been linked with the nucleation of these loops after an incubation period (later
denoted as Threshold Incubation Dose or TID) [19]. This incubation period is attributed
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to the dissolution and redistribution of the solute content of the system, which strongly
depends on the irradiation conditions such as service temperature. Nucleation of <c>component loops is dependent on a number a factors including dose, dose rate,
temperature, stress and alloying elements [20,21]. In fact, dose and temperature are the
main factors governing the complex relationship between the nucleation of <c>component loops and thus irradiation growth [19]. At low temperatures (~77oC), both the
formation of <c>-component loops and breakaway growth has not been observed for
fluences up to 1.5×1026 n.m-2 [19]. With increasing irradiation temperature, accelerated
growth and <c>-component loops have been observed at lower fluences indicating a
temperature dependence in the formation of <c>-component [19,22].

While some understanding of the influencing factors on irradiation induced growth exists,
extensive experimental microstructural studies are still required to improve understanding
of the complex relation between the formation of <c>-component loops and, the intrinsic
properties of Zr alloys, irradiation variables and microstructural evolution.

Turning back to Zr-Excel alloy, which is the subject of the current investigation, several
microstructures are under investigations in terms of mechanical properties and radiation
induced damage. The microstructural stability of Excel during irradiation is also required
to be investigated for the viability of this material in the reactor environment. Recently
Sattari [23] has conducted a series of experiments to study the mechanical properties of
several heat treated Excel microstructures and transformation temperatures of Zr-Excel
alloy under non-irradiation conditions. An optimized microstructure of Excel in terms of
best strength and hardness has been achieved through 2 hours solution treatment at 890oC
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followed by one hour aging at 450oC. In the present study this microstructure has been
selected to study its microstructural stability under irradiation at the service temperatures
of both REC (~400oC) and HEC (~80oC) designs for application in future SCWR. In-situ
heavy ion irradiation has been employed to simulate the neutron damage effects in Excel.
Major attention was paid to the formation of <c>-component loops and microchemical
changes. Formation of <c>-component loops and their relation to the parent
microstructure has been recorded by in-situ transmission electron microscopy under
heavy ion irradiation which has been then correlated with the irradiation induced
microchemical changes measured by EDS mapping.

6.2 Materials and methods
In as received condition, Excel is a dual phase alloy 87% α-hcp and 13% β-bcc. Samples
with the dimensions of 10x5x5 mm were cut from the pressure tube for solution and
aging heat treatments. Heat treatment experiments were performed in flushing argon
atmosphere with 99.999% purity inside a quartz tube in a LINDBERG/BLUE MiniMite™ tube furnace. Temperatures of the samples were measured using an Inconel
sheathed K-type thermocouple inserted into the sample. The samples were first solution
treated for two hours at 890°C followed by water quenching and one hour aging at
450oC. The resulting microstructure from this heat treatment is comprised of about 29%
primary α-Zr and 71% transformed β-Zr in the form of acicular martensite. Details of
phase fraction calculations, and solution treatment can be found elsewhere [24]. Heat
treated specimens were then ground down to 80 micron thin foils. Standard 3mm TEM
disc samples were punched and electropolished in a Tenupol-5 in electrolyte of 10%
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perchloric acid and 90% methanol. The pre-irradiation microstructure was observed in
Philips-CM20 operated at 200 kV. In addition, STEM imaging and EDS spectrum
mapping was carried out on both the irradiated and non-irradiated samples using an
aberration-corrected field-emission gun (scanning) transmission electron microscope
(FEI Titan G2 S/TEM “ChemiSTEM”) at the University of Manchester.

In-situ heavy ion irradiation experiments were conducted at the IVEM-Tandem Facility
at Argonne National Laboratory. The facility includes a Hitachi H-9000NAR
transmission electron microscope interfaced to a 2 MV tandem ion accelerator. TEM
samples were mounted in a double tilt heating holder and irradiated at 100, 300 and
400oC with 1 MeV Kr2+ ions to maximum total dose of 10dpa. All in-situ dynamic TEM
observations of damage evolution were performed at a 300 kV operating voltage which is
below the threshold voltage (328 keV) for electron knock-on damage in Zr. Irradiation
was paused at different dose levels to characterize the damaged microstructure in
kinematical bright-field (KBF) and dynamical two-beam diffraction conditions. During
the in-situ TEM analysis, great care was taken to maintain consistent imaging conditions
in order to allow comparisons of the damage structures of one specimen with another at
similar dose levels or of one area at different dose levels.

Ex-situ characterization of the mean loop size and density was performed in a Philips CM
20 electron microscope at an operating voltage of 200 kV. Areal loop density and mean
loop size was measured three times in each micrograph and mean loop size was
calculated. The error bars in the plot represent the mean standard deviation in the
measurements.
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6.3 Results
6.3.1 Pre-irradiation microstructures
As-received Zr-Excel consists of a dual phase microstructure mainly of 87% α-phase and
13% β-phase, as shown in figure 6-1a. After solution and aging treatment the
microstructure comprised mainly three constituents as shown in figure 6-1b: i) α-phase,
ii)Transformed β-phase in form of martensite, iii) β-phase ligaments present at the grain
boundary. The ratio of the volume fraction of α and transformed β-phase in form of
martensite phase is approximately 29% and 71% [24].

The results of the EDS spectrum mapping prior to irradiation are presented in figure 6-2,
which shows the distribution of the alloying elements in the three constituents. It is
evident from the EDS spectrum images that Sn is the major alloying element present in
the form of solute uniformly distributed in primary and secondary α and absent in the β
ligaments, which are rich in Nb, Mo and Fe, distributed uniformly. Fe enrichment at the
grain boundary between primary α-phase and β-phase is clearly visible, while it is not
obvious at the grain boundary between β-phase and secondary α-phase (martensite)
(figure 6-2).
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Figure 6-1 Pre-irradiation microstructure of Excel. (a) As received Excel, (b) Excel after
two hours solution treated at 890°C followed by water quenching and one hour aging at
450°C showing α and martensite phases.
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α

Figure 6-2 EDS mapping on both α and β-phases in solution treated Excel, showing the
20 grain
nm boundary of primary α and β
distribution of alloying elements before irradiation. The
is Fe enriched which is not observed on the grain boundary between β and secondary α. The
β-phase is Fe, Mo, and Nb enriched, whereas the α-phase is rich in Sn.

6.3.2 Irradiation temperature (Tirr=400oC)
To observe the nucleation and growth of <c>-component loops, bright field micrographs
were taken close to two beam kinematical conditions at different dose steps from 0 to 10
dpa, with g~0002. Under this type of diffraction condition only <c>-component
dislocation loops are visible.
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Figure 6-3. Series of BF micrographs taken during irradiation at 400°C, showing the
formation of <c>-component loops. g~0002. B ~ [0110] .

Figure 6-3 shows the series of BF micrographs taken during irradiation at 400oC. Before
irradiation the microstructure shows a clean and resolvable defect/dislocation and hydride
free surface. As the irradiation starts, the microstructure remains unaltered until a dose of
2.7 dpa. After 2.7 dpa <c>-component dislocation loops start to appear in form of small
line segments aligned with the basal plane. After nucleation, the observable mean
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diameter (later called loop size) of these loops was ~18 nm. As irradiation continues to 10
dpa, the mean size and density of these loops continue to increase. The final mean loop
size was recorded as 33 nm at 10 dpa. Mean size and areal defect density of these loops
have been plotted as a function of dose as shown in figure 6-4 and figure 6-5,
respectively.

Figure 6-4. Mean loop size plotted as a function of dose for each irradiation temperature.
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Figure 6-5 Areal defect density plotted as a function of dose at each irradiation
temperature.

In order to analyze the microchemical changes, both α and β-phase were analyzed after
irradiation. EDS mapping of a primary α grain shows that there are clusters of Sn formed
during irradiation as shown in figure 6-6.
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Figure 6-6 EDS mapping showing the formation of small Sn clusters in the α-phase after
irradiation to 10 dpa at 400oC.

Grain boundaries in the material under investigation are solute (Mo, Nb and Fe) rich due
to the presence of the β-phase on the boundaries. After irradiation to 10 dpa at 400°C, Fe
and Mo were seen to form clusters, whereas Nb stays uniformly distributed as shown in
the EDS images in figure 6-7. The grain boundaries between α-phase grains, where βphase ligaments were absent before irradiation, small Fe rich clusters (~3nm) have been
observed, as shown in figure 6-8.
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Figure 6-7 STEM mapping showing irradiation induced changes in the grain boundary βphase at 400oC after 10 dpa. Mo and Fe form small clusters whereas Nb remains uniformly
distributed. Sn rich clusters are also visible in secondary α.
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Figure 6-8 EDS mapping on α-α grain boundary where β-phase is absent, showing
segregation of Fe clusters along the grain boundary after irradiation to 10 dpa at 400oC.

6.3.3 Tirr=300oC
Results of the in-situ irradiation experiment conducted at 300oC are presented in figure 69. At 300oC, <c>-component loops nucleate and become visible at 3.5 dpa. The initial
mean loop size recorded at 3.5 dpa was 42 nm, which increases to 71 nm at the final dose
of 10 dpa as shown in figure 6-4.
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Figure 6-9: Series of BF micrographs showing the formation of <c>-component loops at
300°C, g=0002, B = [0110] .

At 300°C, small secondary phase precipitates with a size of ~5 nm were observed in the

α-phase after irradiation to 10 dpa. EDS mapping on the β-phase reveals that the Nb
distribution does not change significantly during irradiation at 300°C. However, Fe and
Mo appear to form clusters, similar to those observed after irradiation at 400oC. The
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depletion of Sn in the β-phase spreads to the neighboring α grain during irradiation
resulting in a Sn denuded zone along the grain boundary (figure 6-10).

Figure 6-10 EDS spectrum images showing the distribution of alloying elements in both α
and β-phases after irradiation to 10 dpa at 300oC. Elements have been labeled in each map.
Corresponding EDS spectrum showing the presence of Kr.
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An interesting observation in the EDS spectrum shown in figure 6-10 is the presence of a
Kr peak in the irradiated foil. In the present study, the range of the 1MeV Kr ions in Zr
was calculated to be 350 nm using the software SRIM. This penetration depth is much
greater than the observable thin area in the standard TEM sample (<100nm close to the
hole). It is expected that most of the incoming Kr ions will pass through the thin foil
8 nm

leaving behind the uniform damage in the foil and that ion implantation can thus be
avoided. However, the EDS spectrum presented in figure 6-10 shows that some Kr is
retained in the thin foil after irradiation.

6.3.4 Tirr=100°C

Figure 6-11 shows a series of BF micrographs taken during the in-situ irradiation
experiment conducted at 100°C. At 100°C, the TID for nucleation of <c>-component
loops was recorded as 5.8dpa, which is significantly higher than at 300 and 400°C. The
mean size of these loops was measured as 22 nm at 5.8 dpa, which increases to 45 nm as
the irradiation continues to 10 dpa.
Other than formation of <c>-component loops in α-phase, a few <c>-component loops
have been observed to form and grow around 3 dpa at the pre-existing <c>-component
dislocations as shown in figure 6-12.

EDS mapping on TEM foils irradiated at 100°C was not successful due to poor sample
quality and oxide layer formed during irradiation experiment and sample handling.
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Figure 6-11 Series of BF micrographs showing the formation of <c>-component dislocation
loops at 100oC, g~0002, B = [0110] .
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Figure 6-12 BF micrograph showing the formation of <c>-component loops on the preexisting <c>-component dislocations at 100°C and 3dpa, g~0002, B = [0110] .

6.4 Discussion
6.4.1 Formation of <c>-component loop and threshold incubation dose (TID)

The TID for the formation of <c>-component loops is plotted as a function of irradiation
temperature in figure 6-13, which shows that the incubation dose decreases with an
increase of temperature. The irradiation induced evolution of the microstructure is driven
by thermally activated processes such as the point defect diffusion/migration and
redistribution of alloying elements. Hence temperature plays an important role in the
dissolution and redistribution of solute atoms into the matrix, with the assistance of
irradiation enhanced diffusion [9].
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The formation of <c>-component loops and the corresponding TID are dependent on a
number of factors such as the presence of alloying elements, generation of point defects
and their diffusion as a combined result of the irradiation and thermal enhancement. It is
well established now that <c>-components loops are generally vacancy in nature and
form due to the condensation of vacancies on the basal plane after a TID [5]. They are
faulted loops and lie in the basal plane with a Burgers vector

1
< 2023 > [5]. The
6

formation of these loops and the corresponding TID depends on the presence of alloying
elements or solute content in the Zr matrix [25,26,27]. The increase in incubation dose
with decrease of temperature can be attributed to diffusion of alloying elements which is
decreased or even arrested at lower temperature. Interstitial solute such as Fe is believed
to play the important role by decreasing the stacking fault energy of Zr and hence
assisting the nucleation of <c>-component loops [5,9]. The incubation period before the
appearance of <c>-component loops has been linked to a critical interstitial solute
concentration by Griffiths et al. [28]. The volume of interstitial impurity concentration
increases by radiation induced dissolution of alloying elements either from the
intermetallic particles or from the β-phase [28]. The microstructure under investigation
here does not contain intermetallic precipitates before irradiation, but Fe is predominantly
found in the β-phase present along grain boundaries. From the β-phase Fe may be
dispersed into the α-phase during irradiation, which has been reported to occur in Excel
after neutron irradiation [9]. The significant increase of Fe in α-phase would result in Fe
precipitation in α-phase due to very low solubility limit, which has not been observed in
these experiments [29]. The exact change in the solute content of the α-phase was not
determined here, however there may be limited distribution of Fe from β-phase into the
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α-phase such that Fe content remained low, well below its solubility limit. Assuming the
lowering of stacking fault energy mechanism of <c>-component loops nucleation, an
early dissolution and redistribution of alloying elements will result in an earlier
nucleation of <c>-component loops and hence in a lower TID.

7
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Figure 6-13 Threshold incubation dose for the formation of <c>-component loops plotted as
a function of irradiation temperature.

The present results show the low temperature formation of <c>-component loops in
Excel alloy which are usually observed only at relatively high temperatures (>300oC)
[5,9]. Low temperature (100oC) formation of <c>-component loops has previously been
observed in Zr-Excel alloy with a different microstructure (~60%α, 40%β, solution
treated at 855oC followed by water quenching), which was attributed to the dissolution of
secondary phase precipitates in α-phase and higher solute content of Excel which
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stabilizes <c>-component loops at 100oC [30]. The microstructure studied here does not
contain such second phase particles. It is difficult to determine why <c>-component loops
formed during the irradiation at such a low temperature in the present study, as no EDS
microanalysis could be carried out on these samples. It is speculated, however, that Sn,
which is present in the form of solid solution, may assist the formation of <c>-component
loops as suggested by Griffiths et al. [31].

Preferential nucleation of <c>-component loops at the pre-existing <c>-component
dislocation structures as observed here has been reported previously for Zr alloys [32].
<c>-component loops spread out in the basal plane and their multiplication occurs
primarily by the helical climb of pre-existing <c>-type dislocations. The acceleration of
the elongation rate of the pressure tubes with increasing fluence has been attributed to an
increase in the density of <c>-component dislocations, mainly by this helical climb
multiplication mechanism. Griffiths et al. [33] have also linked the accelerated
breakaway irradiation growth to the increase in the <c>-component loop density by the
helical climb multiplication phenomenon.

6.4.2 Mean loop size and defect density

Figure 6-4 and 6-5 show the variation of loop size and areal density as a function of both
dose and temperature. The smallest loop size has been observed at 400°C. Loop size at
400°C can be attributed to several factors however, it is hard to establish a clear
conclusion. Smaller loops size at higher temperature (400oC) can be explained by Sn
cluster-V interaction mechanism. From figure 6-6 &8, it is evident that Sn undergoes
significant radiation induced redistribution leading to cluster formation at both 400 and
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300°C. Sn forms tiny clusters in α-phase as it diffuses away from the grain boundary
leaving an extended denuded zone on the α/β grain boundary, where both <c>-component
loops nucleate and grow. Sn cluster formation might have significant effects on the
growth and morphology of <c>-component loops as discussed below [34].

It has been explained by Hood that the effects of individual Sn atoms present as solute
and Sn clusters are opposite to each other [34]. Sn clusters act as preferential trapping and
recombination sites for vacancies, lowering the vacancy concentration of the matrix. As
the Sn clusters were not observed in pre-irradiated microstructures, the probability of
vacancy trapping or recombination is low at relatively lower doses where <c>-component
loops nucleate and grow. In the current study however, exact dose at which the Sn forms
these clusters is not known. Formation of Sn rich clusters occurs due to irradiation
enhanced diffusion, due to generation of high density of point defects, which is a
thermally assisted mechanism. It is reasonable to assume that these clusters will form at
relatively lower dose at higher temperature (400oC) as compared to 300oC. At higher
doses where the Sn clustering occurs, vacancies may be trapped on these clusters
reducing the vacancy concentration of the matrix as observed by Buckley and Manthorpe
[35]. Trapping and recombination of vacancies by Sn clusters results in decreased loops
growth rates and hence smaller defect size.

Also, enhanced vacancy mobility at higher temperatures can play an important role in
<c>-component loop morphology where vacancies are mobile enough to move larger
distances. Annihilation of vacancies can then occur at different sinks like grain
boundaries, impeding the loop growth. The mechanism proposed by Dubinko et al [36]
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for the annihilation of vacancy dislocations and voids by irradiation induced vacancy
emission from dislocations, leading them to shrink and vanish, seems to be working in
the current scenario. Vacancies can be emitted from the defects (dislocations, voids, etc)
by the occurrence of collision events in the vicinity of defects, and subsequent diffusion
(thermally activated process) of the ejected vacancy under certain conditions (dose, dose
rate, temperature etc) may result in annihilation of dislocation or voids [36]. This may
explain the limited stability of vacancy type <c>-component dislocation loops at 400oC.

The large mean loop size at 300°C and the small loop size at 100°C can be explained in
terms of thermal and irradiation enhanced diffusion of irradiation induced point defects
(V/SIA). Cascade collapse results in the bulk creation of Frenkel pairs of freely migrating
point defects (V/SIA) and point defect clusters [36]. The behavior of these point defects
depends on their environment, such as temperature, impurities, and extended defects
(point defect sinks like dislocations and grain boundaries) [4]. At 300°C, the mobility of
point defects is higher than at 100°C, leading to a large mean free path of point defects.
These point defect migrate large distances in the lattice and consequently annihilate
rapidly on sinks such as small point defect clusters, the surface, grain boundaries and
dislocations. At 100°C the mobility of point defects is reduced so that the elimination rate
on sinks such as small point defect clusters already formed is decreased. This leads to a
higher concentration of point defects in the material. This high concentration of point
defects induces a high nucleation rate of point defect clusters leading to a higher density
of loops at lower temperatures. In the present case, however, there are anomalies in the
defect size and density behavior. The general trend in metals and alloys, i.e. loop size
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increases with an increase of temperature and loop density decreases with an increase in
temperature, has not been observed here.

6.4.3 Irradiation induced clustering of alloying elements

EDS mapping shows the formation of Sn rich clusters at 400 and 300°C, which was
uniformly distributed in form of solute in α-phase before irradiation. Substitutional solute
Sn diffuses in Zr by virtue of vacancy driven mechanism [37], and its clustering after
irradiation can be attributed to radiation enhanced diffusion due to extensive generation
of vacancies due to cascade damage. Radiation enhanced diffusion may causes a supersaturation of Sn in localized areas resulting in cluster formation. Radiation induced
precipitation of Sn has been reported in other Zr alloys after neutron irradiation [9,38].
Griffiths [9] has reported the formation of ZrSn(Fe) precipitates in Excel alloy due to
supply of Fe from β-phase following neutron irradiation at about 416°C. Similarly, Fe
content in the β-phase might have increased in the localized areas resulting in the weak
segregation to clusters owing to its low solubility in Zr. Extended Sn denuded zones at
the grain boundary observed at 400 and 300°C (figure 6-7 and 6-10) are presumably
related to the extensive Sn precipitation in the interior of the grains.
Nb precipitation was not observed either in α or β-phase, rather it stays uniformly
distributed in form of solute in β-phase despite being a substitutional element like Sn and
Mo. In the β-phase, Mo seems to form small clusters after irradiation at 300°C. The
difference in the clustering behavior of Nb and Mo can be related to their atomic radii.
Hood [34] and Pearson [39] have reported atomic radii of Nb and Mo as 1.468×10-1 and
1.4×10-1 nm, respectively. Nb and Mo are both substitutional elements in Zr however,
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due to smaller atomic radius as compared to Nb, Mo can have higher diffusion rate in Zr
resulting in formation of clusters. Possible intermetallics phase in β-Zr are ZrMo2
according to the phase diagram of Zinkevich et al. [40], however in the present study the
exact nature in terms of crystal structure of these clusters is not known yet.

6.4.4 Role of Kr in irradiated microstructure

The penetration depth of 1MeV Kr ions has been calculated as 350nm in Zr, as reported
elsewhere [3], so it is reasonable to assume that Kr will pass through the thin foil of Excel
leaving behind a uniform damage structure, somewhat analogous to neutron irradiation
[3]. EDS spectra taken from the sample irradiated at 300°C show a peak corresponding to
Kr (figure 6-10). There may be some backscattered Kr ion being implanted in the TEM
foil leading to its accumulation in the foil, however microstructural evidence of Kr ion
impanation/accumulation has not been observed in any of the irradiated samples. Pagano
Jr. et al [41] have investigated the effect of 100keV Kr ion implantation in Zr and Zr
alloys at different temperatures ranging from 300 to 800°C. They have reported the
formation of bubbles in Zr at all irradiation temperatures where most of the gas is
deposited in the thin foil (~100nm). In our case however, the energy of Kr beam is much
higher than that used elsewhere [41], and range of ions has been much larger (~350nm).
SRIM calculations in Kinchin-Pease mode show that on average 5 out of 10000 ion may
backscatter into the foil when the angle of beam incidence is 0°, and this number
increases to 21 as the angle of beam incidence increases to 15°. During the irradiation
experiment, the angle of beam incidence varies from grain to grain to maintain the
desired diffraction conditions for microstructural observation. In either case, the number
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of back scatter ions is very low and there is no evidence of bubble formation in the
irradiated foils, so effects of Kr ion implantation are assumed to be negligible.
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Chapter 7
Microstructural Stability of Zr-Excel Alloy under Ion Irradiation. Part
II: Effects of secondary phase precipitates
For the assessment of microstructural stability of Zr Excel alloy in reactor environment,
heavy ion irradiation has been used as an analogue to neutron irradiation. This second
part of the study deals mostly with the effects of secondary phase precipitates on the
microstructural evolution of Zr-Excel. The effects of Mo, Nb and Fe rich precipitates
have been investigated on the nucleation, growth and stability of <c>-component loops at
different temperatures ranging from 100 to 400oC and compared to the results of
microstructural evolution without SPP’s. Significant differences have been seen between
two slightly different microstructures that were irradiated under similar conditions. It has
been shown that at the higher temperature tests, irradiation induced dissolution of
precipitates occurs whereas irradiation induced amorphization occurs at 100oC. It has
been shown that the threshold incubation dose (TID) for the formation of <c>-component
loops increases when the alloying elements are present in the form of precipitates, rather
than in solid solution. Furthermore, dose and temperature seem to be the main factors
governing the dissolution of secondary phase precipitates which in turn controls the
nucleation and growth of <c>-component loops. The correlation between the
microstructural evolution and microchemistry has been discussed in detail.
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7.1 Introduction

The elastic interaction between fast neutrons (E>1 MeV) generated in the fission
reactions and the target materials displaces lattice atoms from their stable lattice positions
[1,2]. As a result of this elastic interaction a fast moving primary knock-on atom (PKA)
is created. This PKA interacts with surrounding atoms creating further atomic
displacements and Frenkel pairs (self-interstitial atom (SIA) and vacancy (V)) [1,2]. A
localized zone of displaced atoms with vacancies in the centre surrounded by the
displaced SIA’s, is generated in the material which is called as displacement cascade. A
thermal spike in the displacement cascade is formed causing a local increase in the
temperature which can be higher than the melting temperature of the material, and the
following cooling causes the defect recovery in form of SIA-V annihilation, and/or
formation of vacancy and SIA defect clusters [1]. This phase of radiation damage
depends on several factors including crystal structure of the target material, chemical
compositions, temperature, and the last but not least the parent microstructure. This
process continues and causes the accumulation of point defects in the core components of
the reactor leading to the generation of large resolvable defects such as dislocation loops,
and microchemical changes including dissolution, redistribution and precipitation of
alloying elements leading to significant degradation in mechanical properties and
corrosion resistance [1].

The point defect concentrations and their diffusion in irradiated materials are of prime
importance in determining the fitness of materials for specific applications in irradiation
environment [3]. Irradiation behavior of materials is modified by adding alloying
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elements in the form of solutes, which reduces the mobility of defects, and enhances the
recombination possibilities [3]. The state of alloying elements in an alloy determines the
behavior of irradiation of induced point defects, such as their migration characteristics,
their interactions with one another and with extended defects, such as dislocations, grain
boundaries and precipitates [3]. It is vital to know and understand the effects of alloying
elements distribution either in form of solute (part I) or secondary phase precipitates (part
II).

In particular, Zr-alloys suffer irradiation growth, irradiation creep, change in delayed
hydride cracking velocity, and degraded corrosion resistance due to long term radiation
damage; all are directly associated with the migration and subsequent aggregation of the
elementary point defects (vacancies and interstitials) produced by the irradiation induced
displacement of lattice atoms [3,4]. Although mechanical properties of reactor materials
which mainly depend on its fabrication route can be optimized, nevertheless the fate of
these properties during the service is controlled by the factors like dose and temperature.
The way the microstructure evolves under long term irradiation, is dictated by the
material’s intrinsic properties including initial microstructure, chemical composition and
texture. The presence of alloying elements in form plays an important role and dictates
the way microstructure evolves in service. Small changes in the microstructural
environment can change the material’s behavior in reactor. The main objective of this
second part of the present study is to understand the damage process in the presence of
alloying elements in the form of secondary phase precipitates. Dependence of <c>component loops on pre-irradiation microstructure and irradiation induced microchemical
changes are the subjects of the present investigation. The microstructural controlling
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factors are highlighted by making comparison with different microstructures where
alloying elements are present in the form of solutes. The discussion will be mainly
focused on the role of alloying elements, and their relation with formation of <c>component loops, as a function of irradiation temperature.

7.2 Materials and methods

Zr-Excel alloy with two different microstructures are the subject of the current
investigation. As received Zr Excel alloy was heat solution treated at 890oC. Detailed
heat treatment procedure, sample preparation and irradiation methods have been
described elsewhere [5]. The samples were solution treated for two hours at a temperature
of 890°C followed by water quenching. The resulting microstructure from this heat
treatment is comprised of about 29% primary α-Zr and 71% transformed β-Zr in the form
of acicular martensite with hcp crystal structure. One set of samples was aged at 450oC
for 1 hour (here in after called WQ samples) (Part I, [5]) and the second set samples was
aged at 500°C for 550 hours (hereinafter called OA) in order to grow the secondary phase
precipitates (Part II). In this second part, irradiation induced changes in the
microchemistry were measured by 300 keV high resolution TEM/STEM FEI Titan 80300 LB at the Canadian Centre for Electron Microscopy (CCEM).

7.3 Results
7.3.1 Pre-irradiation microstructures
The aging at 500oC for 550 hours results in the precipitation and growth of large
secondary phase precipitates (SPP) in both α-phase and martensite phase, as shown in
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figure 7-1. These precipitates are distributed in α-phase mainly near the α/martensite
grain boundaries, with smaller size in the interior of the grain (~10-20nm) and larger
precipitates present in the vicinity of grain boundaries (100-200nm). The reason behind
precipitation of SPP near grain boundaries is the transport of solute from grain boundary

β-phase, which contains most of the solute concentration before aging experiment (see
STEM mapping on WQ samples in part-I). STEM mapping on these precipitates has been
shown in figure 7-2. STEM mapping shows that these precipitates are Nb, Mo and Fe
rich, and slightly depleted in Sn. Chemical composition of these precipitates has been
calculated as Zr- 29at.%Mo- 25at.%Nb- 3at.%Fe which is consistent with previous
findings presented elsewhere [6]. Atomic percent composition of these precipitates
suggests a stoichiometry of Zr3(Mo,Nb,Fe)4 with a hexagonal crystal structure. Lee et al.
[7] have reported the formation of hexagonal Mo rich precipitates in Zr–1Nb–1Sn–
0.1Fe–0.5Mo alloy, after annealing at 600oC for 8 hours.

Figure 7-1 Bright field micrographs of pre-irradiation microstructures, (a) as received, (b)
water quenched after two hours solution treatment at 890oC, (c) Larger SPP formed after
solution treated and aged for 550 hours at 450oC.
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Figure 7-2 STEM mapping on heat treated sample before irradiation. Elements are
mentioned in each map.

7.3.2 Irradiation temperature (Tirr=400oC)
The in-situ irradiation experiment shows the formation of <c>-component loops which
have been recorded with g=0002, as shown in figure 7-3. It is evident from the
micrographs that <c>-component loops nucleate at 3.8 dpa. At the time of appearance the
mean size (diameter) of these loops was measured as 15 nm. Mean loop size after 10 dpa
was 31 nm which is slightly smaller than those observed in the WQ samples. Mean size
and areal defect density of these loops has been plotted as a function of dose as shown in
figure 7-4 and figure 7-5, respectively.
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Figure 7-3 Series of bright field micrographs showing the formation of <c>-component
loops at 400oC under g=0002, B~ B = [1120] .

In the case of OA samples, secondary phase precipitation has been observed starting from
1 dpa, as shown in figure 7-6. These precipitates nucleate in the close vicinity of preexisting large precipitates. The size and number of secondary phase precipitates increases
as the irradiation continues. STEM mapping for each alloying element in OA sample
irradiated at 400oC is presented in figure 7-7. STEM maps shows that all alloying
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elements have left the SPP due to irradiation induced dissolution except Nb which might
have been dissolved partially.

Figure 7-4 Mean loops size plotted as a function of dose.

Figure 7-5 Areal defect density plotted as a function of dose at all irradiation temperatures.
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Figure 7-6 A series of BF micrographs taken during irradiation at 400oC. Areas in the
circles shows the nucleation and growth of irradiation induced SPP.

Figure 7-7 STEM mapping showing the distribution of alloying elements in SPP after
irradiation to 10 dpa at 400oC. All the alloying elements undergo irradiation induced
dissolution except Nb.
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7.3.3 Tirr=300oC
A series of micrograph presented in figure 7-8 shows the nucleation and growth of <c>component loops in OA sample during the irradiation experiment at 300oC. In this case,
the TID for <c>-component loop increases to 4.6 dpa. The mean loop size measured after
nucleation at 4.6 dpa was ~15 nm which increases to 53 nm at 10 dpa. Contrary to the
results at 400oC, secondary phase precipitation (which is perhaps induced by irradiation)
was not observed at 300oC, however it is evident from the STEM mapping shown in
figure 7-9 that Fe leaves the SPP and dissolves into the matrix during the irradiation.

An EDS line scan analysis (figure 7-10) was carried out on the OA samples irradiated at
300oC, which shows a drop of the intensity in the centre of the elliptical precipitate for all
the alloying elements except Sn. The intensity drop in the line scan plot indicates that
significant irradiation induced dissolution occurs. The EDS line scan done on SPP in
unirradiated OA samples gives uniform distribution of all alloying elements, as shown in
figure 7-11.
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Figure 7-8 Irradiation experiment at 300oC. Bright field micrographs with g=0002,

B = [1120] , showing the formation of <c>-component loops.
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Figure 7-9 STEM mapping after irradiation at 300oC shows the presence of Mo and Nb in
the SPP whereas Fe seems to be dissolved during irradiation.
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Figure 7-10 EDS line scan over the SPP irradiated to 10 dpa at 300oC . Dissolution of Nb,
Mo and Fe are evident from the line scan plots.
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Figure 7-11 Line scan plot taken on the SPP before irradiation for comparison. Plots show a
uniform distribution of all alloying elements in SPP contrary to figure 7-10.

7.3.4 Tirr=100oC
In the in-situ irradiation experiment at 100oC, TID for the nucleation of <c>-component
loops increase to 6.5 dpa as shown in figure 7-12. These loops appear as black dots first,
and then develop into typical large <c>-component loops in the form of thin dislocation
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segments perpendicular to the basal plane. Mean size of these loops was recorded as 14
nm at 6.5 dpa which increase to 21 nm with an increment of dose to 10 dpa. No
secondary phase precipitation was observed during irradiation. EDS mapping on OA
samples (figure 7-13) irradiated at 100oC shows that all alloying elements stay in the SPP
and no evidence of extensive irradiation induced dissolution was found.

Figure 7-12 Series of bright field micrographs showing the formation of <c>-component
loops at 100oC. Micrographs taken with g=0002, B = [1120] .
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Figure 7-13 STEM mapping showing the presence of all major alloying elements in SPP
after irradiation at 100oC. No major chemical change is evident from the micrographs.

The SPP present in OA samples behave in different way under irradiation at 100oC as
compared to the other irradiation temperatures. STEM mapping shows that there is no
significant irradiation induced dissolution at this irradiation temperature, however
SAEDP analysis done on SPP show a bright diffuse ring as shown in figure 7-14, which
indicates irradiation induced amorphization of the SPP at 100oC. To confirm the
amorphization, SAEDP was taken on several SPP in the 100°C irradiated OA sample, all
showing the amorphous ring when diffraction pattern is taken on the SPP. This
amorphous ring might also be a characteristic of the oxidation on the sample surface. To
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overcome this ambiguity, diffraction patterns were taken on the SPP and on the Zr
matrix, which shows the absence of ring pattern on the matrix, confirming that is not
oxidation in the sample causing the ring pattern. Hence it can be confirmed that the
diffraction ring in the SAEDP does come from amorphization, whereas STEM mapping
shows the presence of all elements still in the SPP.

Figure 7-14 DF micrographs showing a large SPP after 10 dpa at 100oC. Diffraction pattern
taken on the SPP shows a typical diffuse ring which is a characteristic of amorphous SPP,
whereas in the matrix, ring is absent ruling out the probability of oxidation.

7.4 Discussion
7.4.1 Formation of <c>-component loop and threshold incubation dose (TID)

Alloying elements in the form of SPP have pronounced effects on the microstructural
evolution during irradiation. A variation in the TID for the formation of <c>-component
loops has been observed not only as a function of temperature but also due to presence of
SPP in the parent microstructure. The TID for nucleation of <c>-component loop
formation is consistent with the previous studies of neutron and ion irradiation, which is
attributed to the dissolution and redistribution of alloying elements into the matrix [8,25].
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As the incoming ions produce cascade damage in the target, the point defects generated
behave in different manners depending on the parent microstructural environment.
Dissolution of alloying elements is a thermally assisted phenomenon, and occurs readily
at higher temperatures (400oC), as compared to lower irradiation temperatures (100oC).
STEM mappings at 400 and 300oC show that Fe undergoes irradiation induced
dissolution and re-distribution. At 400oC, it is reasonable to assume that Fe leaves the
SPP at lower dose at compared to 300oC, resulting in lower TID. At 100oC, there is either
no or limited dissolution and redistribution of Fe, which reflects in higher TID for the
formation of <c>-component loops.
7
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Figure 7-15 Threshold incubation dose for the formation of <c>-component loops plotted as
function of temperature. A difference in TID can be seen for the two different
microstructures.

Formation of <c>-component loops after a TID and the differences seen in OA and WQ
samples as shown in figure 7-15 can be explained in terms of dissolution and
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redistribution of alloying elements out of SPP into Zr matrix. In the case of OA samples,
alloying elements are concentrated within the α-phase in the form of SPP, whereas in
case of WQ samples, these elements are concentrated in grain boundary β-phase. The
presence of alloying elements in the form of solid solution causes a decrease in the
stacking fault energy hence assisting the formation and stability of <c>-component loops
[8]. During irradiation, the pre-existing SPP undergo radiation induced dissolution and
the alloying elements (Nb, Mo, Fe) are redistributed into the matrix. This redistribution of
alloying elements into the matrix is confirmed at 1 dpa at 400oC, where irradiation
induced reprecipitation of SPP occurs as shown in figure 7-6. As the alloying elements
are redistributed into the matrix, the stacking fault energy decreases and <c>-component
loops start to nucleate in the presence of appropriate vacancy concentration [2].
Dissolution of SPP can be well explained by the model developed by Nelson et al [9],
which is based on two facts [9], i) irradiation can enhance the solute diffusion within the
host matrix, ii) irradiation can destroy the precipitates.

Results of EDS mapping are consistent with the loop nucleation observations in OA
samples irradiated at 400oC and 300oC. EDS mapping on SPP show a reduction in Fe and
Mo in the pre-existing SPP. Fe seems to play the most important role in the nucleation of
<c>-component loops as it dissolves into the matrix at both 400 and 300oC. Being an
interstitial fast diffuser, Fe may diffuse into the matrix rapidly at lower doses [2], whereas
Nb and Mo are considered as slow diffusing elements [3]. It is hard to discern the role
Mo and Nb in the formation of <c>-component loops based on our results.
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Other than SPP, an effect of temperature has been observed on TID as microstructural
evolution is controlled by thermally activated processes. Temperature plays a vital role in
the dissolution and redistribution of alloying elements in the matrix. This is due to the
fact that the diffusion of alloying elements decreases or even arrests at lower
temperatures. Higher temperature causes an enhanced dissolution and diffusion rate of
alloying elements whereas at lower temperatures, alloying elements diffuse at a lower
rate. This can also be explained in term of lower vacancy mobility at lower temperature.
At low temperature (100oC), where vacancies are less mobile, but interstitials can be
significantly mobile [10], there is a supply of Fe (interstitial diffuser) to assist the
formation of <c>-component loops.

7.4.2 Mean loop size and defect density

Figure 7-16 shows the variation of loop size with both dose and temperature in both WQ
and OA samples. A general trend in the increase of loop size with an increase of both
temperature and dose has been seen. Loop size increases with an increment of dose at all
irradiation temperatures. Cascade collapse results in the bulk creation of Frenkel pairs of
freely migrating point defects (V/SIA) and point defect clusters [11]. Subsequent
evolution of microstructure is considered to be dictated by thermally activated processes
like point defect diffusion [11] which depends on the microstructural environment, such
as temperature, impurities, and extended defects (point defect sinks such as dislocation
and grain boundaries). At higher temperatures the mobility of point defects is high,
leading to a large mean free path of point defects. These point defect migrate large
distances through the lattice and consequently annihilate rapidly to sinks such as already
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formed small point defect clusters, as well as surfaces, grain boundaries and dislocations,
leading to a higher growth rate of loops. At lower temperatures the mobility of point
defects is reduced so that the elimination rate to sinks such as already formed small point
defect clusters is decreased. This leads to a slower growth rate of loops and to a higher
concentration of point defects in the material. This high concentration of point defects
induces a high nucleation rate of point defect clusters leading to a higher density of loops
at lower temperatures.

Another mechanism which may be involved in the loop growth at higher temperature is
loop coalescence. When the loops grow beyond a certain size, and loop density is higher,
they may coalesce into each other resulting in formation of large loops at higher
temperatures. The effect of temperature is not noticeable in the case of WQ samples, as
the loop size has been observed to be smallest at 400oC. This shows the instability of
vacancy loops at higher temperature. At high temperatures, dislocation loops may not be
the preferred sinks for the vacancies, resulting in the smaller loop size. The role Mo in Zr
alloys is not fully understood yet, except its solid solution and precipitation hardening in
Zr alloys [12,13].

Mo rich SPP in Zr based alloys are thought to be beneficial to improve the corrosion
resistance of Zr alloys, and coarsening of these SPP may weaken the corrosion resistance,
however Mo in solid solution, on the contrary, counter-balances the kinetics of
microstructural coarsening through diminishing the diﬀusivity. Lee et al [14] have
attempted to investigate the effect of Mo on radiation damage of Zr-1wt.%Nb-1%Sn0.1%Fe alloy. It has been reported that the addition of 0.5wt.%Mo, decreased the initial
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defect nucleation rate and suppressed the growth rate of defects. These observations were
attributed to retardation of diffusion, since formation and growth kinetics of radiation
induced defects are controlled by diffusion mechanisms.

There is a significant difference in the defect size and densities of <c>-component loops
between WQ and OA samples, which shows the effects of lattice chemistry and
distribution of alloying elements. The presence of alloying elements in the form of SPP
results in smaller loops size and lower defect density. In the case of the OA sample,
radiation damage first dissolves and redistributes the alloying elements in the SPP. At
400 there is thermally assisted precipitate dissolution causing a higher solute
concentration in matrix. Mo is known to reduce the defect nucleation and growth rate of
irradiation induced defects in Zr. Also, very fine Sn rich clusters may act as preferential
trapping and recombination sites for vacancies. Presence of Sn and Mo in the solute after
irradiation suggests that these alloying elements are responsible for low density at 400oC.
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Figure 7-16 Mean loop size and areal defect densities plotted a function of dose at all
irradiation temperatures in both OA and WQ samples.

7.4.3 Irradiation induced destabilization of SPP

SPP which are stable under purely thermal conditions can be destabilized under
irradiation. In the current study, three types of irradiation effects have been observed on
the SPP as a function of temperature: (1) irradiation induced dissolution, (2) irradiation
induced precipitation, and (3) irradiation induced amorphization. Other than dose,
temperature is the most important factor governing the behavior of SPP during
irradiation. STEM-EDS results show that these precipitates undergo irradiation induced
dissolution at 400oC and 300oC, whereas irradiation induced amorphization occurs at
100oC. The observed result can be explained as follows:
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7.4.3.1 Irradiation induced dissolution and re-precipitation

Irradiation induced precipitate dissolution can be explained by two mechanisms: (1)
recoil dissolution, and (2) enhanced defect concentrations in SPP or matrix under
irradiation.

Recoil dissolution, is caused by the ejection of atoms in the core of the cascade, from a
SPP into the matrix resulting in the mixing of the precipitate and matrix atoms close to
the SPP-matrix interface. This process strongly depends on the displacement rate and
temperature. Thermodynamically, solute atoms tend to cluster themselves in the SPP,
however, if the rate of ejection is higher than the rate of re-clustering, SPP undergoes
irradiation induced dissolution. If the atomic flux crossing out of the precipitate is higher
than the flux crossing into the precipitate, the precipitate dissolves, if the other way
around, it grows. Dissolution rate is directly proportional to the displacement rate, which
is higher in the case of ion irradiation (~10-3 dpa/s) than neutron irradiation.
An EDS line scan crossing the grain boundary in the sample irradiated at 400oC shows
that all alloying elements present in SPP undergo irradiation induced dissolution.
Although the exact change in composition of SPP is not known, from the STEM mapping
on SPP, it is evident that Fe and Mo leave SPP preferentially, whereas, Nb is still present.
At 300oC, only Fe leaves the SPP, whereas Mo and Nb are partially dissolved from the
SPP into the α-matrix as shown in figure 7-10. These observations suggest that there is a
difference in element dissolution rate. The atomic flux ejected out from a precipitate, not
only depends on the displacement rate and temperature but the nature of alloying element
itself must also affect the recoil dissolution. The atomic size of Mo and Nb is about the
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same while Fe is smaller than compared to the Zr and other elements. These differences
could arise due to difference in the atomic size of Mo and Nb. STEM mapping results
and atomic radii of major alloying elements as reported by Hood [3] have been
summarized in Table 7-1. The absence of Fe/Mo and presence of Nb in the irradiated
precipitates as shown in figure 7-7 and figure 7-9 can also be attributed to the difference
in the atomic radii and hence deference in diffusion rates between Fe, Mo and Nb in a Zr
matrix [15]. Fe is a fast diffuser present in the interstitial state in irradiated Zr alloys and
may diffuse out of intermetallic precipitates during irradiation [23].

Table 7-1. EDS data indicating status of element within the SPP. Atomic radii values
adopted from reference [3].

Element

Atomic Radius

Tirr=400oC

Tirr=300oC

Tirr=100oC

(nm×10-1)
Fe

1.274

Dissolved

Dissolved

Present

Mo

1.400

Dissolved

Present

Present

Nb

1.468

Present

Present

Present
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At high temperature (400oC), as the SPP dissolves, and then elements diffuse into the
surrounding matrix by irradiation enhanced thermal diffusion of point defects [15], until a
super-saturation of solute occurs, resulting in irradiation induced precipitation of SPP
elsewhere. The solute super-saturation dose has been recorded as 1 dpa based on when
irradiation induced SPP start to appear (figure 7-6). Super-saturation of solute occurs in
the close vicinity of pre-existing SPP that are undergoing irradiation induced dissolution.
As the dose rate is high compared to neutron irradiation, there is a rapid supply of more
and more solute atoms from SPP into the matrix and little time for diffusion into the
grain, causing an early super-saturation for solute near the pre-existing SPP as compared
to other parts of grains, which cause the nucleation of SPP in close proximity to preexisting SPP. In a detailed study of impurity diffusion in α-Zr, Hood [3] has
demonstrated that smaller atoms diffuse faster as compared to larger atoms. This explains
the ready dissolution of Fe from the SPP. Mo and Nb are of similar size, but the STEM
observations at 400oC suggest that Mo diffuses out more readily than Nb, despite the
facts that both Mo and Nb are β stabilizers and slow diffusing elements in Zr [16].

A wealth of literature is present on the behavior of Nb rich SPP in Zr alloys. A
coarsening of Nb rich SPP in Zr-2.5Nb alloy has been reported by Nuttal et al [17] after
electron irradiation, which was attributed to the normal coarsening mechanism assisted
by irradiation enhanced diffusion. Our observations, however show dissolution rather
than coarsening and can be well explained with the theoretical treatment for irradiation
stability of solute rich precipitate at equilibrium in a substitutional binary alloys proposed
by Russel [18]. According to Russel’s model, in the presence of excess vacancies
produced by irradiation, precipitate growth is encouraged when the atomic volume of the
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precipitate exceeds that of the matrix, and conversely, dissolution is favored when the
precipitate atomic volume is less than the matrix [17,18]. Kruger at al [19] have
investigated the SPP behavior in several Zr based alloys including a similar alloy to ZrExcel (named XLL) irradiated to fluence of (0.85-1.5)×1025n/m2 (E > 1 MeV) at ~286oC.
Before irradiation, XLL contained spherical, intra-granular precipitates that contained
Mo, Nb, Fe, and Zr. These SPP were identified as Mo2Zr laves phase with a considerable
concentration of Nb and Fe. Depletion and diffusion of Fe into the matrix was reported
however, the Nb and Mo concentration ratio remained unchanged. The appearance of
precipitates was not appreciably changed by irradiation making it difficult to determine
the dissolution [19]. These observations are somewhat consistent with our results, as the
TEM analysis did not show significant alteration in the appearance of SPP and that Fe
leaves the SPP at 400 and 300oC. In regards to Nb and Mo, our observations differ from
those reported by Krugar et al. [19] as STEM mapping and line scan analysis provide
strong evidence of Nb and Mo dissolution, however Mo seems to diffuse at a faster rate
than Nb, due to the unlikelihood of Mo and Nb diffusion at an identical rate [19]. The
compositional gradient observed within the irradiated precipitates, and re-precipitation of
SPP makes the dissolution process obvious at 400oC. In the current investigation, there
was no direct evidence of Nb dissolution at 300oC, but minor dissolution of Nb has been
inferred in the Zr-2.5Nb alloy after irradiation at 295oC [19] makes it conceivable that
dissolution of Nb might have occurred at 300oC as well.
At 300oC after 10 dpa, all of the alloying elements seem present in the precipitates except
Fe. There may be limited irradiation induced dissolution of precipitates at 300oC, but due
to the relatively low temperature, changes in the composition of the precipitates are not
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seen. Irradiation induced dissolution, and diffusion and re-precipitation are thermally
activated processes which are enhanced by irradiation, causing the differences between
400 and 300oC, so it is reasonable to assume that at 300oC, radiation induced dissolution
occurs but not to an extent to cause significant departure of elements from the SPP, which
is also evident from the STEM mapping. The rate of dissolution may be slower than that
at 400oC due to limited diffusion of point defects, which is also consistent with the
appearance of <c>-component loops at 300oC at higher dose than at 400oC.

7.4.3.2 Irradiation induced amorphization

Kinetics of irradiation induced amorphization in Zr3Fe precipitates during electron
irradiation in low temperature range (-245oC < Tirr< -53oC) has been studied in detail by
Motta et al [20]. It has been shown that the rate of amorphization is strongly temperature
dependent and decreases with an increase of temperature. Furthermore, amorphization
occurs at a critical dose and critical temperature [20].

In the present study, it is clear that SPP remain crystalline at intermediate and higher
temperature, due to a competition between the irradiation induced disordering and
thermally driven reordering of the structure. At higher temperatures, thermal reordering is
rapid enough to overcome the radiation induce disordering, SPP remain crystalline,
however the microchemistry may change due to dissolution effects. At lower
temperature, a ballistic interchange of alloying elements and Zr across the SPP-matrix
interface may cause the stoichiometry changes in the SPP resulting in the amorphization
[2].
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Irradiation induced amorphization is dependent on several factors including but not
limited to temperature, dose and dose rate and ion species, which can be tuned during the
charged particle irradiation making it an excellent tool to study amorphization [21]. In ion
irradiation, a high density of energy is deposited in collision cascades accumulating
enough damage that is difficult to anneal with the available thermal assistance. Dose rate
in ion irradiation is typically several orders higher than neutron irradiation, so a process
requiring annealing through thermal diffusion occurs with difficulty, causing an easy
amorphization as compared to neutron irradiation [2]. The ratio of collisional
displacement to thermal jump is the most important factor controlling the amorphization
process. In the present case, ion irradiation at high dose rate (~10-3 dpa/s) and at low
irradiation temperature (100oC) causes a significant increase in the ratio of collisional
displacement to thermal jump, making crystalline SPP a thermodynamically less
favorable phase (the amorphous phase). Deviation from the stoichiometry, presence of
extended defects such as dislocations and stacking faults cause a large increase in free
energy which facilitates the crystalline to amorphous transformation. From the previous
investigations, a general criterion for amorphization has been established which is
described as [22]:
∆Girr ≥ ∆Gac

(7.1)

where ∆Gac is the difference in free energy between the amorphous and unirradiated
crystalline states and ∆Girr is the difference between the free energy of the irradiated and
unirradiated crystals. The irradiation-induced free energy change is subdivided in two
parts:
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∆Girr = ∆Gdef + ∆Gdis

(7.2)

∆Gdef is the increase in free energy due to the point defect concentration increase and
∆Gdis, is the contribution due to chemical disordering.
Although amorphization of SPP has been observed at 100oC, several important questions
remain unanswered. Further experimental investigations are required to know the critical
temperature, critical dose rate and critical damage for the amorphization process to occur.
Irradiation at 100oC presents rather surprising results in terms of irradiation induced
amorphization as compared to higher irradiation temperatures. Irradiation induced
amorphization of different types of SPP have been reported in neutron irradiation cases
[23,24,25,26]. Intermetallic particles of Zr(Fe, Cr)2, and Zr2(Fe, Ni) in Zircaloy-2 and -4
undergo irradiation induced dissolution at higher temperatures (366 to 435oC), and
irradiation induced amorphization at low temperatures (<350K) during neutron
irradiation [23]. In the present case, however, SPP are different compared to previously
reported irradiation induced amorphization with a different chemical composition.
Complete amorphization of Fe and Nb rich SPP at ~278oC have been reported by Kruger
at al [19] in neutron irradiated Zr based alloys. These SPP were reported to be smaller
than the pre-existing precipitates and to be partially depleted in Fe, indicating dissolution
and amorphization was occurring simultaneously.

7.5 In-reactor deformation

The above described microstructural changes in the formation of <c>-component loops,
radiation induced dissolution and re-precipitation of SPP, crystalline to amorphous
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transformation of SPP may affect in-reactor deformation of Zr-Excel with the current
microstructure under investigation.

1-

Accelerated irradiation growth may occur in both REC and HEC fuel channel
designs. Variation in the TID for the formation of <c>-component loops
suggest that if accelerated irradiation growth exists, it will occur at lower dose
at higher temperatures, or relatively higher doses at lower temperatures.

2-

At 400oC, nucleation of Sn rich SPP WQ samples may lead to a change in the
volume of the reactor component [23], which will depend on the volume of
the precipitates formed. Similarly, in OA samples, a volume change may
occur due to difference in the volume of irradiation induced SPP and preexisting SPP, which don’t change the shape and size significantly.

3-

For HEC design, irradiation induced amorphization occurs at 100oC which
may degrade the corrosion resistance of Excel. In the WQ sample, however,
formation of Mo and Fe rich SPP on the grain boundaries may have the
beneficial effects in terms of improved corrosion resistance [27].

4-

Lower number density and smaller loop size in OA samples indicate that SPP
formed by long term aging, improve the radiation resistance of the material by
suppressing the nucleation and growth of irradiation induced dislocation
loops.
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7.6 Summary and conclusion

The current study conducted in two parts serves to assess and understand the irradiation
behavior of optimized Zr-Excel alloy for its possible employment in generation-IV
CANDU-SCWR. The results can be summarized

1. Formation of <c>-component loops at even low temperature shows a vulnerability
of Zr-Excel alloy towards irradiation growth. Formation of <c>-component loops
is not only dose and temperature dependent but also on the presence of alloying
elements, either in form of solid solution or concentrated in form of SPP/β-phase.
Fe and Sn seem to play an important role in the microstructural evolution.
2. SPP and solute rich β-phase behave in different manners under irradiation. High
concentration of alloying elements in β-phase remains in β-phase but form small
SPP except Nb. Fe redistributes itself from β-phase into the α-phase and
segregates to the grain boundaries. Sn segregates into small SPP uniformly
distributed in the α-phase.
3. Pre-existing SPP in OA samples, undergo irradiation induced dissolution and reprecipitation at 400oC, only dissolution at 300oC, and irradiation induced
amorphization at 100oC.
4. An increase in the TID for the formation of <c>-component loops indicates that
OA Excel seems to be more stable as compared to the WQ samples in terms of
irradiation growth.
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Chapter 8
Conclusion and Future Work
A summary of the results of the overall study is presented in this chapter. Also some
suggestions for future work are provided at the end.

Microstructural evolution in Zr and Zr Excel alloy has been studied in detail using heavy
ion irradiation. Ion irradiation has been proven as an excellent tool to study the neutron
damage effects in Zr. For in situ experiments, intermediate electron voltage microscope
coupled with a tandem accelerator, was employed, which provide a good control on the
irradiation environment, in terms of dose, temperature, dose rate and diffraction
conditions.

In order to gain the basic understanding of radiation induced damage in Zr, this study was
started with a very simple material, pure α-Zr which was irradiated in-situ under different
experimental conditions. The results obtained from these experiments were compared
with the results gathered from in-situ irradiation experiments in Zircaloy-2, in order to
investigate the effects of alloying elements in Zr. Both studies together served to
understand the microstructural evolution in single phase Zr and Zircaloy-2 at relatively
lower dose levels. In the second part of the study, the project was developed and the
complex Zr alloy Excel was subject of the investigation due to its possible use in
CANDU SCWR pressure tube. The aim of second part was to study the stability and
viability of Excel alloy in the reactor environment. For this purpose several
microstructures, which were developed by a number of heat treatments and studied in
term of mechanical properties and microstructures by Sattari [1], were irradiated and
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analyzed in detail. Summary of each part of this research project has been provided
below. Based on the current understanding gained from this study, suggestions for future
work will be given at the end.

8.1 Summary
8.1.1 Chapter 3

The experimental work done in chapter 3, were designed to study basic irradiation
damage in term of formation of <a>-type defects in Zr as a function of temperature, and
dose. Thin TEM foils were irradiated with 1 MeV Kr2+ ions to dose ranging from 0.008
dpa to 1 dpa at different temperatures ranging from 300oC to 500oC. Particular attention
was paid on yield of small defects formed directly from cascade collapse at very low
doses, and their evolution as the dose increases.

Kr ion irradiation on Zr results in the dense and uniform defect structure comprising of
small defects at lower dose which form into complex dislocation loops at higher doses.
Defect structure and defect number density strongly depend on the irradiation
temperature but there is not a strong dependence of mean defect size on irradiation
temperature. Nucleation and growth of <c>-type loops depends on the dose and
irradiation temperature. <c>-type loops do not nucleate at 300oC, but do at higher
temperatures. Formation of <c>-component loops at low dose was attributed to stresses
generated in the thin foil either due to oxidation, or due to grain-grain interaction as result
of irradiation growth itself. Once a temperature is reached where the <c>-type loops
form, the threshold dose for nucleation of <c>-type loops increases with an increase in
temperature. Pre-irradiation microstructure seems to affect the microstructure
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significantly. Denuding of grain boundaries by <c>-type loops and decoration of defects
on pre-existing dislocations have been observed. Indeed, this study has shown the
formation of very small defect clusters formed in prism plane {10 1 0}, which are perhaps
the same defect cluster which have reported to form in MD simulations [2] , directly from
the collapse of cascade. High density <a>-type loops, nucleate directly from cascade
collapse with Burgers vector 1 11 2 0 . These loops are very important, as they play a
3

vital role in long term microstructural evolution and hence in reactor deformation.

8.1.2 Chapter 4

Effect of alloying elements on the nucleation and growth of <a>-type loops in form of
tiny defect clusters was investigated by irradiating Zircaloy-2 under the similar
irradiation condition as in pure Zr. This study revealed the differences in the nucleation
and growth behavior of <a>-type loops in Zr and Zircaloy-2. It has shown that the loop
number density is higher in Zircaloy-2 as compared to pure Zr, which has been attributed
to the higher number of nucleation sites for the defect cluster formation, however, the
size of prismatic loops has been found to be much smaller as compared to pure Zr, due to
the recombination effects Sn present in Zricaloy-2. Furthermore, thin foil stresses
generated in the thin foil tend to alter the evolution route by dislocation glide mechanism.
During in-situ irradiation experiment, prismatic dislocations, generated from the grain
boundaries glide in the grain and sweep the small prismatic dislocation loops, which are
usually observed in tensile testing experiments. Glide of dislocations in the prismatic
plane need sufficient stress, which is thought to be generated from the thin foil oxidation
during the irradiation, irradiation growth and thermal stresses.
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8.1.3 Chapter 5
As received Zr Excel alloy with 13% α and 87% β-phase was solution treated for two
hours at 855oC followed by water quenching, to achieve a dual phase microstructure.
This heat treatment resulted in a microstructure containing 40% β-phase and 60% αphase. α-phase contained small dot like features with hexagonal structure uniformly
distributed throughout the grains whereas β-phase contained tiny (< 5 nm) particles of ωphase, confirmed by SAEDP analysis. This experiment was conducted in two parts (1) insitu irradiation in as received Excel, and (2) in-situ irradiation of heat treated Excel.
Major focus of the current study was the nucleation of <c>-component loops in α-phase
and irradiation induced decomposition of β-phase. In-situ irradiation experiment showed
the formation of <c>-component loops on the secondary phase precipitates (SPP) in αphase, after a threshed incubation dose. These SPP dissolve and change shape as <c>component loops nucleate and grow. This shows that the SPP are preferred sinks for
vacancy cluster which leads to formation of <c>-component loops. Size and number
density of <c>-component loops was found to be strongly temperature dependent but also
on the pre-irradiation microstructure. The size of <c>-component loops increases,
whereas defect number density decreases with an increase of irradiation temperature.
There is a significant difference of the <c>-component loops microstructure in the asreceived and heat-treated materials. <c>-component loops seem to be of much larger size
in AR material and the density of these loops drops significantly compared to the HT
material.
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One of the most important observation and contribution of this study is confirmation of
dependence of <c>-component loops on the presence of Fe, which was observed by the
formation of denuded zones at the grain boundaries of the α-phase. EDS analysis shows
that <c>-component loops do not nucleate on the grain boundary, where Fe is absent,
showing that Fe plays the vital role in their formation.

This study reveals several interesting facts about the irradiation induced decomposition of

β-phase, in terms of ω-phase precipitation and growth. The ω-phase precipitation and
growth happens at all irradiation temperatures, however the morphology of ω-phase has
been found to be strongly temperature dependent. Aging experiments on unirradiated
specimens confirmed that at higher temperature there are combined effects from radiation
damage and isothermal nucleation; whereas at lower temperature only radiation induced

ω-phase formation occurs in the time scales studied. The volume fraction of ω-phase
decreases with an increase of irradiation temperature and the precipitate size increases
with an increase of irradiation temperature, however in unirradiated material both volume
fraction and precipitate size increase with an increase in temperature.

8.1.4 Chapter 6 &7

An optimized microstructure of Excel in terms of best strength and hardness has been
achieved. It has been shown that the Zr-Excel alloy presents optimized mechanical
properties after a two hour solution treatment at 890oC followed by water quenching and
one hour aging at 450oC later called water quenched samples (denoted WQ). One set of
samples was kept for irradiation experiments, whereas as second set of these samples
were aged at 500oC for 550 hours later called over aged samples (denoted OA). In the
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present study we have chosen this material to study its microstructural evolution in
irradiation environment at the service temperatures of both REC and HEC designs. The
microstructure gained through above mentioned heat treatment, was very complex in
terms of phases, and alloying elements distribution.
In WQ samples, both α-phase and transformed β-phase in form of acicular HCP
martensite was present. A third phase, BCC β in form of thin filaments, was present on
the grain boundary of α and martensite phase. Grain boundary β-phase was rich in Mo,
Nb and Fe, whereas α-phase was found to rich in Sn. Specimens were irradiated at
different temperature to investigate the formation of <c>-component loops.

OA samples contained similar microstructure except formation of large SPP near the
grain boundaries. These SPP were rich in Mo, Nb and Fe, and slightly depleted in Sn. In
this part, these samples were irradiated at similar condition as WQ samples to investigate
the effects of SPP on nucleation and growth of <c>-component loops and behavior of
SPP in reactor environment.

It was found that the threshold incubation dose (TID) for the nucleation of <c>component loops strongly depends on the irradiation temperature, and pre-irradiation
microstructure. In both WQ and OA samples, TID decreases with an increase of
temperature, where as TID has been found to be higher in case of OA samples. The
reason for the variation in TID is due to the fact that nucleation of <c>-component loops
depends on the dissolution and dispersion of alloying elements, in particular Fe.
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In WQ sample, minor amount of Fe leaves β-phase and redistributes itself in α-phase, and
forms small clusters at α/α grain boundaries. Sn on the other hands moves further away
from the grain boundaries leaving behind a wider Sn depleted zones on the α/β grain
boundaries, which shows that interstitial solute moves towards grain boundary and
substitutional solute moves away from the grain boundary. Mo and Nb in β-phase seem
to be staying in the β-phase during irradiation, however, Mo and Fe form small tiny
clusters in β-phase whereas Nb remains uniformly distributed. On the other hand Sn
forms small clusters distributed throughout in α-phase.

TID for the nucleation of <c>-component loops were found to be higher in OA samples
as compared to WQ samples. The reason behind this difference becomes clear as the SPP
are analyzed using STEM-EDS mapping. STEM mapping on SPP show that at higher
temperatures (400oC), Fe and Mo leave SPP, where as NB does not leave SPP, where
TID is low. On intermediate irradiation temperature (300oC), only Fe leaves SPP, and
assists the formation of <c>-component loops at intermediate doses (higher than 400oC).
At low temperature (100oC), all alloying elements stay in the SPP where the TID is
highest, and solute is unavailable to assist the nucleation of <c>-component loops. At
100oC SPP undergo irradiation induced crystalline to amorphous transformation due to
lack of recovery and high damage rates.

8.2 Future work

The microstructural investigation show that Zr alloy Excel is very unstable in irradiation
environment in terms of <c>-component loop formation and secondary phase
precipitation. The consequences of these instabilities are major questions which are
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unanswered and need significant attention by the scientific community. Irradiation
hardening can be studied in the Excel by using proton irradiation on thin foils. In-situ
irradiation growth can be measured in the future and likely well explained in terms of
current findings.
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