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Abstract 

Zirconium alloys have been widely used in the CANDU (CANada Deuterium Uranium) reactor as core 

structural materials. Alloy such as Zircaloy-2 has been used for calandria tubes; fuel cladding; the 

pressure tube is manufactured from alloy Zr-2.5Nb. During in-reactor service, these alloys are exposed to 

a high flux of fast neutron at elevated temperatures. It is important to understand the effect of temperature 

and irradiation on the deformation mechanism of zirconium alloys. Aiming to provide experimental 

guidance for future modeling predictions on the properties of zirconium alloys this thesis describes the 

result of an investigation of the change of slip and twinning modes in Zircaloy-2 and Zr-2.5Nb as a 

function of temperature and irradiation. The aim is to provide scientific fundamentals and experimental 

evidences for future industry modeling in processing technique design, and in-reactor property change 

prediction of zirconium components. 

In situ neutron diffraction mechanical tests carried out on alloy Zircaloy-2 at three temperatures: 100˚C, 

300˚C, and 500˚C, and described in Chapter 3. The evolution of the lattice strain of individual grain 

families in the loading and Poisson’s directions during deformation, which probes the operation of slip 

and twinning modes at different stress levels, are described. By using the same type of in situ neutron 

diffraction technique, tests on Zr-2.5Nb pressure tube material samples, in either the fast-neutron 

irradiated or un-irradiated condition, are reported in Chapter 4. In Chapter 5, the measurement of 

dislocation density by means of line profile analysis of neutron diffraction patterns, as well as TEM 

observations of the dislocation microstructural evolution, is described. In Chapter 6 a hot-rolled Zr-2.5Nb 

with a larger grain size compared with the pressure tubing was used to study the development of 

dislocation microstructures with increasing plastic strain. In Chapter 7, in situ loading of heavy ion 

irradiated hot-rolled Zr-2.5Nb alloy is described, providing evidence for the interaction between moving 

dislocations and irradiation induced loops. Chapter 8 gives the effect on the dislocation structure of 

different levels of compressive strains along two directions in the hot-rolled Zr-2.5Nb alloy. By using 

high resolution neutron diffraction and TEM observations, the evolution of type <a> and <c+a> 
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dislocation densities, as well as changes of dislocation microstructure with plastic strain were 

characterized. 
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Chapter 1 

General Introduction 

1.1 Zirconium alloys in nuclear industry 

 

In the past six decades, the growth of the nuclear industry has brought in a wide application of zirconium 

alloys as core structure materials, particularly in water cooled reactors. They exhibit good corrosion 

resistance, low neutron absorption cross-section, and adequate mechanical properties, which make them 

good candidate materials for core components that require years of in-reactor service [1]. The most 

widely used zirconium alloys are Zircaloy-2, Zircaloy-4 and Zr-2.5Nb, which can be distinguished from 

their chemical composition and phase structure [2], with Zr-1Nb alloys now being developed. Both 

Zircaloy-2 and Zicaloy-4 are single phase alloys consisting of HCP (Hexagonal Close-Packed)  gains. 

Alloying elements Sn, Cr, Fe and Ni are added in Zircaloy-2 to improve corrosion resistance. Zircaloy-4 

was designed on the basis of Zircaloy-2 by removing Ni to reduce hydrogen ingression and adding more 

Fe to maintain corrosion resistance [3]. The Zr-2.5Nb alloy is characterized by the addition of 2.5% wt. 

Nb, which stabilizes the high-temperature BCC (Body Cubic Centered)  phase. It was selected as a 

strong creep-resistant alloy to replace Zircaloy-2 for pressure tube material in CANDU (Canadian 

Deuterium Uranium) nuclear reactors [4]. The Zr-2.5Nb pressure tube has a dual phase microstructure 

with mainly long elongated  grains and filaments of  phase at the -grain boundaries, with about 10% 

 phase. In order to ensure high neutron economy, Zircaloy-4 and Zircaly-2 are used as fuel cladding and 

calandria tubing respectively in CANDU reactors. During operation, the in-core components are exposed 

to a high flux of fast neutron irradiation, and commonly bent loading from the containing fuel bundles, 

which leads to shape change, and deformation from irradiation induced growth and creep, in addition to 

any thermally-induced creep [5]. Such property degradation may lead to local contact between the 

pressure and calandria tube, which in turn may result in severe damage to the fuel channel. Therefore, the 
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resistance to degradation during in-reactor service of pressure tubing and calandaria tubing has become 

the primary factor controlling the lifetime of CANDU reactors. 

1.2 Deformation mechanism of zirconium alloys 

 

In contrast with cubic crystals, there are not enough independent deformation systems to satisfy the von 

Mises criteria for homogeneous deformation for HCP structured metals [6]. For zirconium and its alloys, 

prismatic and basal <a> slip are the two most common slip systems, which only offer four independent 

modes and accommodates only deformation along the <a> directions [7]. Therefore, pyramidal <c+a> 

slip and/or twinning are usually activated to provide the fifth independent mode and accommodate 

deformation along the <c> axis. During deformation, these slip modes initiate at different levels of CRSS 

(Critical Resolved Shear Stress), which usually results in strong texture in the manufactured components. 

It is of great importance to understand the texture development during processing, as it has a considerable 

impact on the component’s in-reactor behavior such as irradiation creep and growth [5]. Therefore, a 

good understanding on the operation of different deformation mechanism for various conditions can 

provide a sound basis for the design of manufacturing procedure, and model prediction of deformation 

behavior for zirconium alloys. 

1.3 Irradiation induced hardening 

 

During in-reactor service, neutron irradiation leads to significant hardening of zirconium alloy 

components [8, 9]. Such hardening is usually attributed to the generation of small <a> loops that are 

dislocation glide barriers [10, 11]. The deformation of neutron-irradiated metals is typically associated 

with plastic instability that results from localized flow. So called “dislocation channeling” where 

irradiation induced loops are eliminated creating soft channels to accommodate plastic strain, is believed 

to be the mechanism that induces such instability [12, 13]. In zirconium alloys, depending on the type of 

gliding dislocations, both prism [14-19] and basal [20-24] defect free channels can form during 
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deformation. Many studies have been carried out on the effect of irradiation on single phase alloys 

Zircaloy-2 and Zircaloy-4, however less work has been done on the dual phase Zr-2.5Nb alloy. Therefore, 

it is necessary to carry out studies that can help to understand how irradiation-induced defects impact the 

operation of different slip systems in the Zr-2.5Nb alloy.  

1.4 Objectives 

 

This purpose of this research is to understand the impact of various factors that can affect zirconium 

alloys’ deformation behavior, such as temperature, and irradiation. The objectives include: 

1. To draw correlations between the operating of a slip mode and the development of internal stress 

during loading in Zirconium alloys.  

2. To study the change of critical resolved shear stress of different slip systems and hardening 

response with elevated temperatures in Zircaloy-2. 

3. To study the deformation mechanism changes in fast neutron irradiated Zr-2.5Nb pressure tube 

material, by observing the internal stress evolution during loading.  

4. To use TEM observations to give microstructural evidence for the initiation of different slip 

modes during loading.  

5. To simulate and study the effect of neutron irradiation on deformation mechanism changes in Zr-

2.5Nb alloy using in situ loading in a TEM after heavy ion irradiation.  

1.5 Thesis overview 

 

The research in this thesis is in manuscript format, with seven main chapters which are published, or are 

to be submitted for publication in a journal. Chapter 2 reviews the literature on the deformation behavior 

of zirconium alloys, property changes induced by irradiation, and the research techniques that have been 

used in this project. 
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Chapter 3 presents the deformation behavior change with elevated temperature of Zircaloy-2, by studying 

the evolution of lattice strains measured by in situ neutron diffraction. 

Chapter 4 presents the deformation behavior of fast neutron irradiated and un-irradiated Zr-2.5Nb 

pressure tube material. The effect of irradiation hardening on individual deformation modes is evaluated. 

Chapter 5 describes the evolution of dislocations in the pressure tube samples that have been reported in 

Chapter 4. Combined with TEM microstructure observation, the contributions to plastic deformation of 

each deformation modes are discussed. 

Chapter 6 provides a detailed dislocation microstructure study on a Zr-2.5Nb alloy with coarse grains. 

The development of prismatic <a>, basal <a>, and pyramidal <c+a> dislocations in this un-irradiated 

alloy at different stages of deformation are reported. 

Chapter 7 describes the use of heavy ion irradiation to simulate the effect of fast neutron irradiation on the 

deformation behavior of Zr-2.5Nb alloy. Through in situ deformation of thin foil samples before and after 

irradiation in TEM, the change of dislocation gliding behavior, and possible deformation mechanism in 

the irradiated Zr-2.5Nb alloy are studied. 

Chapter 8 describes the evolution of type <a>, and type <c+a> dislocation densities with plastic strain of a 

Zr-2.5Nb alloy. The dislocation densities are quantitatively measured by line profile analysis on high 

resolution neutron diffraction patterns, and qualitatively observed by TEM. 

Chapter 9 gives the overview of the thesis, concludes the results obtained from each study, and suggests 

possible future work.   
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Chapter 2 

Literature Review 

2.1 Zirconium alloys in CANDU reactor 

In CANDU reactors, many of the core components are fabricated from zirconium alloys. Fig. 2-1 

schematically shows constituents of a typical CANDU reactor fuel channel, in which various zirconium 

alloys have been used. This includes Zircaloy-4 alloy which is used as fuel sheathing material to encase 

the natural UO2 fuel. The pressure tube, made from Zr-2.5Nb alloy, contains the fuel bundles and hot 

pressurized heavy water. To keep the hot coolant thermally insulated from the heavy water moderator, a 

calandria tube, made by Zircaloy-2 alloy, surrounds each pressure tube with insulating carbon dioxide gas 

in-between [1]. 

 

Fig. 2-1 Schematic drawing of a CANDU fuel channel [1]. 

 

Fuel bundle 
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The chemical compositions of commonly used zirconium alloys for nuclear application are listed in 

Table. 2-1. Phase constitution of these zirconium alloys falls into two categories, which are either single 

HCP structured  phase (Zircaloys), or dual-phase structure with HCP  and BCC  phase (Zr-Nb 

alloys). 

Table. 2-1 Chemical composition of common zirconium alloys for nuclear application [2] 

Alloy element Zircaloy-2 Zircaloy-4 Zr-2.5Nb Zr-1Nb Excel Zr-Nb-Cu 

Sn (wt. %) 1.2-1.7 1.2-1.7 -- 0.9-1.1 3.5 -- 

Fe (wt. %) 0.07-0.2 0.18-0.24 <650ppm <550ppm -- -- 

Cr (wt. %) 0.05-0.15 0.07-0.13 <100ppm -- -- -- 

Ni (wt. %) 0.03-0.08 -- <35ppm <200ppm -- -- 

O (ppm) 900-1300 900-1400 900-1300 <1000 - 900-1300 

N (ppm) <80 <65 <65 <60 <60 <65 

Nb (wt. %) -- -- 2.4-2.8 1.0 0.8 2.4-2.8 

Cu (wt. %) -- -- -- -- -- 0.3-0.7 

Mo (wt. %) -- -- -- -- 0.8 -- 

H (ppm) <25 <25 <5 <15 -- <25 

C (ppm) <270 150-400 <125 <200 -- <270 

Cl (ppm) <20 -- <0.5 -- -- -- 

P (ppm) -- -- <10 -- -- -- 

 

Fuel tube and 

plug material 

for BWR, 

PHWR 

Fuel tube and 

plug material 

for PWR and 

PHWR 

Pressure tube 

material for 

PHWR 

Fuel tube and 

end plug in 

VVER 

Experimental 

pressure tube 

material 

Garter spring 

material for 

PHWR 

 

 

Manufacturing of zirconium alloy components used in nuclear reactors usually includes mechanical 

processing by hot forging, hot rolling, or hot extrusion. For the calandria and pressure tubes in CANDU 

reactors, Table 2-2 lists the steps of their manufacturing process, where both of them are seen to have 

experienced relatively large warm and/or cold plastic deformations. 
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Table. 2-2 Fabrication procedures of calandria tube and pressure tube [3, 4] 

 

 

 

 

 

2.2 Physical property of zirconium and zirconium alloys 

2.2.1 Crystallography 

In this thesis, the crystallographic orientations and planes are defined according to the Miller-Bravais 

system. Directions may sometimes be described by a letter notation for lattice vectors, hence <a> 

represents the [1120]


 direction, and <c> is the [0002] direction. 

For pure zirconium and dilute alloys, the low temperature phase ( phase) is of HCP crystal structure. 

The unit cell geometry is usually described using three <a> axes, at 120˚ from one another, and one <c> 

axis perpendicular to the <a> axis. At room temperature, the lattice parameter of pure zirconium is 

Zircaloy-2 calandria tube  

 

Zr-2.5Nb pressure tube 

Sponge Zirconium and Master alloys 
Sponge Zirconium and Master alloys 

Quadruple-arc melt to ingot 
Quadruple-arc melt to ingot 

Forge to 4 inch thick plate at 1000˚C 
Press forge at 1015˚C 

Hot roll to 0.125 inch plate at 800˚C 
Rotary forge at 805˚C 

Three times of cold roll and anneal at 

700˚C to final thickness 0.057 inch 

Machine hollow billets 

Form to tube shape by cold rolling 
-quench 

Seam welding and pro-weld processing 
Extrude with ratio of 10.5:1 at ~815˚C 

Anneal heat treatment 
Cold draw 25%~30% 

Cold draw, sink or expand to final size 
Autoclave 24 hours at 400˚C 
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a=~3.23Å and c=~5.146Å, giving a c/a ratio of 1.593 [5]. The high temperature phase ( phase) is of 

BCC structure, with the lattice parameter of a=3.62Å at 850˚C [5]. 

With the addition of 2.5% wt. Nb, the Zr-2.5Nb alloy is of a  dual-phase microstructure at room 

temperature. Fig. 2-2 shows the zirconium-niobium equilibrium phase diagram. It can be seen that the 

temperature range for  phase microstructure is from 610˚C to 862˚C. These phase boundary 

temperatures will be modified by the presence of minority alloying elements such as oxygen [6].  In the 

manufactured pressure tube, metastable -Zr containing ~20% Nb can be retained as grain boundary 

filaments [7]. During stress-relief treatment, HCP structured  phase can be formed through the 

decomposition of metastable -Zr phase [8, 9], as -Zr slowly transforms to the stable -Nb. 

 

Fig. 2-2 Equilibrium phase diagram of Zr-Nb [10]. 

 

2.2.2 Texture and anisotropy 
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In polycrystalline metals, crystallographic texture refers to the distribution of preferred crystallographic 

axes along certain favored macroscopic directions. It can develop during recrystallization, phase 

transformation, thermal and/or mechanical processing [11]. Having experienced severe plastic 

deformation at high and low temperatures during fabrication, the Zircaloy-2 calandria tube and Zr-2.5Nb 

pressure tube are both highly textured. As shown in Fig. 2-3, their <c> axes are found to favorably 

concentrate along the radial direction (calandria tube) or transverse direction (pressure tube). 

 

 

 

 

 

                              (a)                                          (b)                                         (c) 

 

Fig. 2-3  (0002) pole figures of (b) zircaloy-2 calandria tube and (c) Zr-2.5Nb pressure tube [3, 4]. 

 

Furthermore, zirconium alloys exhibit anisotropic properties at the crystallographic level, such as 

elasticity, thermal expansion, plasticity [12] and irradiation growth [13]. For single crystal zirconium, the 

largest Young’s modulus is along <c> axis (125GPa), while along <a> axis Young’s modulus is smaller 

(99GPa) [14].  The coefficients of thermal expansion (CTE) for the <a> and <c> directions between 300K 

and 1100K are about 5.15×10
-6

/K and 11.03×10
-6

/K respectively [15]. As a result many macroscopic 

properties of zirconium alloy components are highly texture dependent, including mechanical strength 

[16] , irradiation induced creep and growth [17]. 

2.2.3 Deformation mechanisms 

 

R T 

L 
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In contrast to cubic materials, HCP metals have limited slip systems available to accommodate plastic 

strain. Independent deformation modes in HCP crystals were analyzed by Groves and Kelly [18], showing 

that the two most common slip systems, basal and prismatic slip, offer only four independent modes. In 

order to satisfy the von Mises criteria for a polycrystalline material to deform homogeneously without 

producing cracks, a fifth independent slip system is required. Therefore, pyramidal slip with <c+a> 

Burgers vectors and/or twinning are activated during the deformation of HCP metals [18, 19].  

It has been found that the active slip systems in HCP metals are strongly dependent on c/a ratio. For the 

metals with c/a ratio smaller than √3 (Zr, Ti, Hf), prismatic slip is the easiest, whereas for values above 

√3 (Mg, Zn, Cd), basal slip become the dominant mode. In zirconium and its alloys, generally the 

experimentally observed operational deformation modes are prismatic <a> slip with some basal <a> slip, 

pyramidal <c+a> slip and twinning with a tensile or compressive mode [20, 21]. The {1100} 1120
 

   

prismatic <a> slip is of the lowest CRSS value; therefore it is the primary deformation mode for slip 

along the 1120


  <a> direction. Occurrence of basal slip is generally considered rare in zirconium 

alloys. The experimentally localized activation of basal slip has been reported to occur near twins and 

kink bands [22], cracks [21, 23], and free surfaces [23-26]. However, many recent works show the 

necessity of including basal slip to give good agreement between model predictions and experimental 

results, for either intergranular stress development [27-30], or texture evolution [31, 32]. Fig. 2-4 

summarizes all the deformation modes that have been observed experimentally in zirconium. 

Besides dislocation glide, twinning is the other important deformation mode to accommodate plastic 

strain in zirconium. The most commonly observed twinning system is {1012} 1011
 

   tensile twinning 

[33]. It can happen when the <c> axis is subjected to tensile stress, and thus enables elongation along the 

loading direction. Furthermore, tensile twinning results in an 85˚ crystallographic rotation of the twinned 
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area, which strongly alters the texture. The other possible twinning modes that can operate in zirconium 

are also shown in Fig. 2-4 (b). Their activation is found to depend on the loading direction and  

  

 

Fig. 2-4 (a) slip systems in HCP zirconium (b) twinning modes in Zirconium [34, 35]. 

 

test temperature. Thus for a zirconium single crystal deformed by <c> axis compression, 

{1122} 1123
  

   twinning occurs below 800K, while above 800K {1011} 1012
 

   twinning is 

activated [36]. Also in polycrystalline zirconium {1012} 1011
 

   and {1121} 1126
  

   twinning was 

reported with the <c> axis under a tensile loading at 76K, while the dominance of {1122} 1123
 

   

twinning has been reported for compressive loading along <c> axis [20]. 

(a) 

(b) 
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2.3 Internal stresses in polycrystalline aggregates 

 

In a polycrystalline material, internal stresses can develop during plastic deformation due to the 

inhomogeneous strain. Based on the length scale over which they vary, internal stresses can be classified 

into three categories, as schematically shown in Fig. 2-5. Type  stresses are macroscopic stresses that 

vary in the scale of millimeters or larger. They exist in bulk samples with, for example, deformed surface 

layers, bent bars, or welded metal plates.  Type  stresses, or so called intergranular stresses, describe the 

stresses existing between individual grains or phases in a polycrystalline material. Such stresses 

commonly arise from the accommodation of strains between adjacent grains to maintain boundary 

compatibility during deformation. Study of intergranular stresses is very important in interpreting and 

understanding the deformation behavior of polycrystalline materials. Therefore, more details will be given 

about the origin of intergranular stresses in zirconium alloys in the following section. Lastly, Type  

stresses are stresses that vary within a single grain. Such stresses can be generated, for example, from 

self-interstitials, lattice distortion around dislocations, and interfacial strain at semi-coherent precipitates. 
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Fig. 2-5 Schematic draw showing the length scale and relative magnitude of the three types of internal 

stresses in polycrystalline aggregate. From [37]. 

 

2.4 Development of intergranular stresses in zirconium alloys 

 

2.4.1 Thermal intergranular stresses 

 

Intergranular stresses in zirconium alloys usually arise from the combination of single crystal properties, 

texture, and imposed thermal-mechanical history [38, 39]. Due to the difference of thermal expansion 

coefficient along <a> and <c> directions, cooling a polycrystalline zirconium alloy from high temperature 

generates thermal intergranular stresses. Experiencing a larger contraction along the <c> axis upon 

cooling, grains in polycrystalline zirconium alloys usually have their (0002) planes under tension and  

{1010}


 planes under compression. For Zircaloy-2, the thermal stresses at room temperature as reported 

to be -90 and 110 MPa for the subsets of grains with their {1010}


 and (0002) planes, perpendicular to the 
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measurement direction respectively [40]. The existence of the stresses has been shown to cause 

differences in macroscopic yielding and the elastic-plastic transition between tensile and compressive 

deformation of Zircaloy-2 [41].  

2.4.2 Deformation induced intergranular stresses 

 

Deformation can also induce intergranular stresses in zirconium alloys, which is due to the elastic and 

plastic anisotropies of the single crystal. During deformation in the elastic-plastic transition region, when 

the RSS (resolved shear stress) exceeds the CRSS of a slip mode in a set of grains with a particular 

orientation, these grains will start to deform plastically. The other grains in which no slip system has been 

activated will continue to deform elastically [42]. Upon loading, in order to keep local strain compatibility 

more stresses are added to the elastically deforming grains, and less stresses on the plastically yielded 

grains [42]. Such load partitioning happens whenever there is local strain incompatibility during 

deformation, and will remain upon unloading, which induces the intergranular stresses amongst adjacent 

grains. 

2.5 Effect of neutron irradiation on physical properties of zirconium alloys 

2.5.1 Defect generation by radiation in metals 

 

In nuclear reactors, the metallic components are continuously subjected to irradiation by fast neutrons, 

which results in property degradation of the material. The radiation damage event can be described as the 

energy transfer of an incident particle to the atoms in the target metal and subsequent redistribution of the 

energized atoms [43]. Upon the incidence of a high energy particle, such as a neutron, electron, proton or 

heavy ion, the metal atoms can be displaced from their lattice sites, forming point defects like vacancies 

and self-interstitials [44]. Such displacement involves both elastic and inelastic interaction between the 

incident particles and target material atoms and is highly dependent on the type and energy of the 

projectile particles [43]. 
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If the threshold of displacement is overcome, the radiation by a neutron or heavy ion displaces a primary 

knock-on atom (PKA) out of its lattice site. The PKA can further displace surrounding atoms out of their 

lattice positions and create a so called cascade through a series of atom collisions [43]. After the collision 

stage, the kinetic energy of the atoms in the cascade region can be equivalent to a very high temperature, 

which is therefore called a thermal spike. It typically only lasts a hundred of femtoseconds and cools 

down to the ambient temperature leaving supersaturated vacancies and interstitials locally [43]. Molecular 

dynamics computations show that a large part of the vacancy and interstitial point defects recombine, and 

the remaining defects may form clusters which may then eventually evolve into dislocation loops [45]. 

2.5.2 Irradiation induced dislocation loops in zirconium alloys 

 

The formation of dislocation loops has a profound impact on the microstructure of materials. As 

commonly used nuclear structural materials, zirconium alloys have been studied extensively as to the 

generation of dislocation loops by fast neutron irradiation. There are three types of dislocation loops that 

can form in zirconium:  type <a> loops with the Burgers vector of 
1

1120
3

b


   , type <c> loops with 

the Burgers vectors of 
1

[0001]
2

b  , and type <c+a> loops with the Burgers vector of 
1

2023
6

b


    

[46]. They form at different levels of irradiation and have different impacts on the property degradation of 

zirconium alloys. 

In the early stages of neutron irradiation,  type <a> loops are exclusively formed in zirconium, on {1010}


 

planes [47-49]. The size of the <a> loops increases non-linearly with temperature, while the loop density 

decreases as temperature rises [48]. The existence of these small loops in the microstructure has been 

found to be the cause of strength increase and ductility reduction in irradiated materials [50]. Chow 

reported that the tensile strength of neutron irradiated Zr-2.5Nb pressure tube increased significantly with 

neutron fluence initially, and stabilized when the fluence is larger than 1×10
25

 n/m
2
 , E>1MeV

 
[51]. 
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Through XRD and TEM measurement, Hosbons found that the density of type <a> dislocation loops 

changes similarly, increasing rapidly at low fluences (<1×10
25

 n/m
2
, E>1MeV), and then becoming 

saturated with little change with fluence increase [52]. Since the type <c> and <c+a> loops don’t appear 

at small fluences, it is the small type <a> loops that have provided this significant hardening. Similar 

strength increase trends with neutron fluence have also been found in Zircaloy-2 and Zircaloy-4 [53]. 

The formation of <c> component loops during neutron irradiation usually happens at much larger 

fluences, and their occurrence is accompanied with the high or accelerated growth strains [54-56]. In 

neutron irradiated zirconium alloys, it has been found that <c> component loops have Burgers vector of 

1
2023

6
b



   and are faulted loops with vacancy nature [55]. Alloying elements and impurities have 

been found to influence the formation of <c> component loops. By comparing the irradiated 

microstructure of sponge Zr and crystal-bar Zr with the same neutron radiation history, Griffiths found 

<c> component loops in the sponge Zr which has more Fe rich precipitates, while they were absent in the 

high purity crystal-bar Zr [55]. Another study dedicated to exploring the effect of Fe showed that the 

supersaturation of Fe released from Fe-rich precipitates can assist the nucleation of <c> component loops 

during irradiation [57]. 

2.5.3 Other microstructural changes induced by irradiation in zirconium alloys 

 

Irradiation induced void swelling and formation of cavities is another important degradation mechanism 

that materials can experience in a radiation environment at high temperature. The formation of void 

during irradiation was first observed by Cauthorne and Fulton [58]. Void swelling poses a big challenge 

for reactor design since the formation and growth of voids can induce macroscopic volume changes of 

tens of percent in nuclear materials, such as stainless steel [59]. However, zirconium alloys have been 

found to have a very good resistance to void formation during neutron irradiation [60, 61]. The absence of 

voids in neutron irradiated zirconium was attributed to a lack of insoluble gas or dislocation structure [60, 
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62]. With pre-injected He, it has been found that significant amount of voids can form in zirconium under 

high voltage electron irradiation [63]. Nevertheless, under in-reactor irradiation conditions, the production 

of He by (n, ) transmutation is low, and furthermore, the formation of vacancy loops in zirconium 

consumes most of the vacancy production [61]; this results in the observed resistance of zirconium to void 

swelling. The anisotropic thermal expansion coefficients and elastic constants of zirconium have also 

been shown to have an effect in reducing void formation. Yoo showed that in zirconium, temperature 

fluctuations induce stresses which enhance the rate of point defect recombination at grain boundaries, 

with a stronger interaction potential for an interstitial than for a vacancy, consequently retarding void 

growth [64]. 

In zirconium alloys, irradiation has also been found to induce phase changes. For the Zr-2.5Nb alloy, fine 

Nb precipitates form and coarsen in the Nb saturated  phase during neutron irradiation at 

temperatures above 300˚C [61]. Such precipitation can be attributed to the enhanced diffusion under 

irradiation, which is similar to the formation of precipitates that occurs during thermal aging [65, 66]. In 

Zircaloy-2 and Zircaloy-4, irradiation is found to have a pronounced impact on the intermetallic 

precipitates like Zr(Cr, Fe)2, and Zr2(Ni, Fe). Depending on the neutron irradiation temperature, fluence, 

and flux, these precipitates undergoes amporphization, dissolution or re-precipitation [67]. Such phase 

change may affect in-reactor deformation as they can promote <c> component loop formation and 

improve corrosion resistance through inducing  particle precipitation and homogenizing of the Fe 

distribution [55, 67, 68]. 

2.6 Deformation mechanism of un-irradiated and irradiated zirconium alloys 

2.6.1 Plastic deformation of un-irradiated zirconium alloys 

 

The deformation behavior of polycrystalline zirconium alloys have been studied intensively through 

neutron diffraction in combination with polycrystalline modes, and TEM dislocation microstructure 

observation. 
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The easiest and most dominant deformation mode in polycrystal zirconium alloys is {1010} 1120
 

   

prismatic <a> slip. However, since this system only provides two independent slip systems [18], other 

deformation systems need to be activated in order to satisfy the von Mises compatibility criterion [19]. 

{0002} 1120


   basal <a> slip is measured to be the second easiest system in single crystal zirconium 

[23]. However whether this slip system operates in polycrystal zirconium is still debatable due to the 

difficulty in determining its occurrence through microstructure observation. Since basal <a> dislocations 

are of the same Burgers vector as the prismatic <a> dislocation, it is very hard to distinguish them in 

TEM analysis by taking images with different operating g vectors using the visible-invisible criteria. The 

reported experimental observation of basal slip is usually done by trace analysis on slip lines at the macro 

surface or by microscopic dislocation line alignment [22-24, 26, 69]. However, uncertainty can arise 

when the {0002} traces which identify the operation of basal slip is accompanied with other traces like 

{1010}


 and {1011}


. Furthermore from only surface slip traces one cannot observe basal dislocation 

microstructure details, which is important for determination of hardening response. Multiple studies have 

been performed incorporating basal slip in polycrystalline modeling of zirconium alloys’ deformation 

behavior. In these works through elasto-plastic and visco-plastic self-consistent models, inclusion of basal 

slip improves the reproduction of experimental macroscopic flow curves [42], and bulk texture 

development significantly [25, 26]. Xu’s modeling of Zircaloy-2 deformation at room temperature has 

also shown the necessity of including basal slip to give a good fit on the development of intergranular 

stress [27]. Therefore, to probe the evidence of basal slip in deformed zirconium alloys and study its 

contribution to deformation will be an important part of this thesis work.  

Other deformation modes that are commonly observed in polycrystalline zirconium alloys are pyramidal 

<c+a> slip and twinning. They are important modes which accommodate the deformation along <c> axis. 

At room temperature compression along the <c> axis induces pyramidal <c+a> slip in polycrystalline 
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zirconium rather than by {1122} 1123
 

   compression twinning which operates in single crystal 

zirconium [70, 71]. 

2.6.2 Plastic instability during deformation of irradiated metallic alloys 

The term “plastic instability” was earlier used to describe the buckling or necking phenomena in the 

plastic range during a uniaxial loading deformation. For a uniaxial tensile test, it happens when the 

balance between increase in strength required for continued deformation due to hardening and the 

increase in applied stress (locally at an incipient neck) due to contraction breaks down. On a load-

displacement curve, it is in connection with a maximum which is usually called the ultimate tensile 

strength. Nowadays, plastic instability is frequently employed to describe an abrupt change of 

homogeneous deformation into a localized mode, in the form of shear bands or localized necking [72]. 

The effect of fast neutron irradiation on the deformation behavior on metallic materials is characterized 

by an increase of strength and loss of ductility [73-75]. Fig. 2-6 shows the engineering stress-strain curve 

of irradiated Zircaloy-4 [76]. It can be seen that at doses of 0.1 and 0.8 dpa the alloy does not show a 

uniform deformation regime, instead it is characterized by a significant yield drop of about 30MPa and a 

continuous decrease in engineering stress with strain – that is plastic instability is reached almost 

immediately that plastic strain starts. By converting the engineering stress-strain into true stress-strain, it 

is found that the stress-strain curves of the irradiated samples and un-irradiated samples can be 

superimposed by shifting the irradiated ones to a certain level [76], as shown in Fig. 2-7.  This suggests 

that the irradiation-induced defects and deformation-produced defects result in a similar strain-hardening 

effect. For different alloys, it is found that there is a threshold stress value for the initiation of plastic 

instability. The stress is independent of irradiation dose, whenever the applied true stress reaches this 

value, plastic instability (or necking) will readily happen. 
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Fig. 2-6 Engineering stress-strain curves of HCP Zircaloy-4 with different neutron irradiation levels [76]. 

 

Fig. 2-7 True stress-strain curve of irradiated and unirradiated Zr-4. The curves of irradiated ones have 

been shift right to match up with the un-irradiated [76]. 

2.6.3 Deformation mechanisms that induces plastic instability in irradiated zirconium alloys 

 

In the irradiated zirconium alloys, due to the existence of dense <a> dislocation loops, the gliding of 

dislocation becomes more difficult and resultantly the strength increases significantly after irradiation. 
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Plastic instability in irradiated Zirconium alloy is revealed macroscopically through localized deformation 

and decreased ductility [77]. TEM observation shows so called “dislocation channels” readily form in the 

irradiated metals during deformation; it is this microscopic localization phenomenon, is believed to be 

associated with the macroscopic plastic instability [50, 78-80]. The formation of such dislocation 

channels is caused by the interaction between gliding dislocation and loops, such that the dislocation can 

drag or annihilate the loops by various mechanisms causing a reduction in the stress required for further 

dislocation motion in that channel [78, 81]. While the localization of deformation into dislocation 

channels results in a local softening of the material, this may not cause softening at a macroscopic level 

(since the channel represents only a small part of grain) – nonetheless it appears to be associated with 

macoscale instability. In other neutron irradiated single phase zirconium alloys, many TEM studies have 

reported that both prismatic [77, 82-86] and basal [87-91] dislocation channels can form during 

deformation. 

Onimus suggests that basal channels form when irradiation induced dislocation loops have stronger 

hardening on the prismatic <a> slip systems than the basal <a> slip system [90]. It is worth noting that 

exclusively the samples in which basal channeling occurs are deformed at elevated temperatures 

(>300˚C), whereas the samples from which Onchi [77, 85] and Farrell [86] reported prismatic channels 

were tested at lower temperatures. A study on un-irradiated zircaloy-2 has shown that basal slip operates 

at almost the same stress as that of the prismatic slip at elevated temperatures [92]. Possibly the CRSS 

temperature dependence of prismatic and basal slip systems plays an important role in determining with 

type of channeling can happen during deformation of irradiated zirconium alloys. 

Besides prismatic and basal slip, twinning and/or pyramidal <c+a> slip are required to satisfy the von 

Mises homogeneous deformation criteria [21]. However, it seems that the role of twinning and pyramidal 

<c+a> has been little explored in the deformation mechanism studies of irradiated zirconium alloys. A 

recent study on the deformation behavior of neutron irradiated Zr-2.5Nb pressure tube material has shown 

that the density of <c+a> dislocations has a 10-fold increase after deformation [93]. This suggests higher 
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activity of pyramidal <c+a> slip in the irradiated samples and contribution of this slip system on the 

development of plastic strain is non-negligible. 

2.7 Neutron diffraction technique for the study of deformation mechanisms 

 

With the ability of deeply penetrating (typically several mm) into most engineering materials, thermal 

neutrons have been widely used for non-destructive characterization of internal stress and texture 

measurement in materials science [94, 95] . The wavelengths of thermal neutrons are comparable to the 

lattice spacing of crystalline materials [96]. Neutron diffraction analysis is based on Bragg’s law that 

neutron waves are diffracted on certain lattice planes on which the conditions 2 sinhkld  
 

are 

satisfied. In polycrystalline material, peak intensities of individual reflections are created by contributions 

from plane normal parallel to the diffraction vector specified in the measurement coordinate system. 

Therefore, the scattered intensity in different directions in the sample indicates the orientation distribution 

of grains (texture). There are usually two kinds of neutron beams which are used for lattice strain and 

texture measurement. These are a constant wavelength (CW) beam from a reactor source and a time-of-

flight neutron beam from pulsed sources [97]. With the advantage of high intensity and time resolution, 

and also the capability of obtaining a full diffraction pattern without sample rotation, time-pulsed neutron 

beams (Time of Flight (TOF) technique) are widely used for the in-situ lattice strain measurement during 

mechanical testing for many engineering materials. At a TOF facility such as ISIS spallation source 

(Oxfordshire, UK), the angles between incident beam, sample, and detectors are fixed as shown in Fig. 2-

8. The sample is placed with the loading axis 45˚ to the incident beam and diffracted beam. Diffraction 

patterns collected by detectors at ±90˚ to the incident beam are used to obtain lattice spacings from planes 

with normal parallel to the loading direction or Poisson directions [98].  
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Fig. 2-8 A schematic of in situ loading and diffraction set-up at a TOF facility [98]. 

 

Since the incident beam is polychromatic, a wide range of lattice planes are recorded simultaneously. The 

flight time of neutrons can be converted into hkl lattice spacing according to the following relationship:

2 sinhkl
hkl

d
t

B


 , where B is a constant dependent on the instrument (path length of neutrons from 

source to detector) and is the diffraction angle. With the loading process, the peak maximum of 

individual diffraction shifts from the pre-loading value; the shift in the diffraction peak indicates the 

average internal elastic strain within that particular set of grains relative to the unloaded value. It is 

calculated as the relative change in plane spacing, dhkl: 
0

0

hkl hkl
hkl

hkl

d d

d



 , where

0

hkld  is the plane spacing 

before loading the sample. 

In-situ diffraction data are usually presented using plots of the average internal elastic strain for an hkl 

grain family on the horizontal axis vs. the applied macroscopic stress on the vertical axis; although 

sometimes plots of elastic strain against macroscopic strain are also used, particularly when very low 

hardening is observed. In the elastic region, the individual lattice strains increase linearly with the 

macroscopically applied stress, with slopes determined by the single crystal stiffness and bulk 
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crystallographic texture. When the material starts to yield (in the plastic region), according to Schmid’s 

law, dislocations start to move in so called (plastically) soft grains which are preferably oriented for the 

operation of the particular slip system, due to a lower macroscopic stress being needed to activate the slip. 

Furthermore, as has been described previously, there exist local intergranular stresses, controlled by the 

elastic stiffness of the grain and the neighborhoods, which are equally important in determining the 

activation of a certain slip system in a given grain.  That is, the stress in a grain is not the applied stress, 

and it is the local stress which must be taken into account with the Schmid factor to determine slip. 

Correspondingly, subsets of grains in (plastically) harder orientations begin to share a larger portion of the 

load, and start accommodating elastic strain at a faster rate, which appears as a decreased slope with 

applied stress in the plot. Therefore, the deviations from linearity in the plots of applied stress with 

internal elastic strain data calculated from multiple hkl reflection can give information about the yielding 

of different grain families, which further provides information as to the initiation of particular slip modes 

at that macroscopic stress value. 

2.8 Polycrystalline modeling 

 

In order to interpret the in situ mechanical testing results and extract useful data such as residual stresses 

in the material, critical resolved shear stresses (CRSSs) etc., computer modeling is typically used to fit 

both the macroscopic stress-strain curve and microscopic lattice strain evolution. The elastoplastic self-

consistent (EPSC) model [99] which is based on the original proposal of Hill [100] and first implemented 

by Hutchinson [101] has been proven to be able to simulate the lattice strain response with macroscopic 

stress of different kinds of materials [102-104]. In this model each orientation (grain) is treated as an 

ellipsoidal elastoplastic inclusion with the volume fraction determined from the material’s texture 

embedded in a homogeneous elastoplastic effective medium (properties of the medium are taken as the 

average of all the grains). Interactions between individual grains and the surrounding medium are 

performed using an elasto-plastic Eshelby-type self-consistent formulation [105]. The input parameters 
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for the model are known single crystal elastic constants for the material. An “inverse method” is usually 

used to obtain the parameters describing the individual plastic deformation mechanism, which is done by 

fitting the experimental flow curve and the lattice strain data through an iterative procedure.  

In the model, the evolution of RSS of individual deformation modes can be described in various ways, 

and often with an empirical extended Voce hardening law [106]: 

0 1 1 0 1( )[1 exp( / )]s s s s s s           
.
 

where
s is the instantaneous RSS, 

0

s and 
0 1

s s  are the initial CRSS and final back-extrapolated RSS, 

respectively.
0

s
 
and 

1

s  are the initial and asymptotic hardening rates, and  is the accumulated plastic 

shear in the grain. “Self” and “latent” hardening is also considered by the model by defining coupling 

coefficients 
'/s sh which empirically account for the contribution of mode 's in impeding the operation of 

deformation mode s  [107]: 

/ ' '

'

s
s s s s

s

d
h

d


   




.

 

As has been discussed in the previous section, twinning occurs in HCP structured materials under certain 

test conditions such as low temperature or high strain rate. The models also consider the contribution of 

twinning to the plastic strain; in most models twinning is treated as a uni-directional slip system with a 

certain CRSS value, which results shear strain during deformation. Such treatment can provide some 

degree of stress relaxation, but not sufficient to match that observed experimentally [108]. Furthermore, 

as the original models do not include texture development and the twinning model does not account for 

crystallographic lattice rotation, it is suitable to be used to model deformation processes with only small 

plastic strains and where no significant contribution of twinning has been involved. 
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More advanced approaches to handling twinning have been recently implemented by Clausen, which 

accounts for the formation of new twins and for strain relaxation [108]. In this extended EPSC scheme, 

twins are considered as new ‘child’ grains which form next to the initial ‘parent’ grain by transfer volume 

fraction between them while keeping the total volume fraction constant. The initiation and growth of 

twinning is simulated by this volume changing. During the simulation, at the end of each step, the 

macroscopic stress values are updated using the recalculated averages over the grains after the volume 

fractions are updated. Furthermore, the initial stress and strain state of the newly created twins is 

addressed as follows by applying continuity assumptions for tractions and displacement across the twin 

boundary. If we define a local coordinate system with axis 1 along the twin system shear direction and 

axis 3 along the twin plane normal, then the elastic strain components are: 

el,parent el,twin

11 11  , 
el,parent el,twin

22 22  , and 
el,parent el,twin

12 12 
.
 

And for the stress components: 

parent twin

33 33  , 
parent twin

23 23  , and 
parent twin

13 13  . 

A back-stress due to the incompatibility of stiffness between twin and parent grain which can result in 

stress relaxation is considered. Finally, plastic strain ‘inherited’ by the twin is set equal to the plastic 

strain in the parent. After the twin has been first created however, it is then allowed to develop 

independently of the parent grain.  With this modeling approach, the evolution of yield stress, texture, and 

twin volume fraction with strain can be predicted much better than with the older EPSC model.  However 

as noted, the twin and parent still do not deform ‘together’ in the model; to describe local grain to grain 

interactions, models such as the crystal plasticity finite element method are required [109-111] .  These 

models can describe the twin-parent interaction more accurately, at the expense of approximately two 

orders of magnitude in computational effort. 
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2.9 Application of neutron diffraction and modeling in the study of zirconium alloys 

The most comprehensive diffraction based study on the bulk deformation behavior of Zircaloy-2 was 

done by Xu with both in-situ neutron diffraction mechanical tests and EPSC modeling of the experimental 

data [27, 112, 113]. Through measurements along each of the three principle plate directions under both 

tension and compression loading, the development of intergranular stresses and texture in Zircaloy-2 alloy 

were studied. It was shown that the initiation of different deformation mode results in the relaxation of 

lattice strain of certain lattice planes, such as a shift of {1010}


 and {1120}


 lattice stains reflecting the 

activation of prismatic <a> slip, and yield of {0002} lattice strain indicating the operation of pyramidal 

<c+a> slip or tensile twinning. Furthermore, the loading modes and texture directions are found to have 

profound impact on the initiation of tensile twinning. For example, tensile loading along the transverse 

and rolling direction (where the {1010}


 normals are concentrated), and compressive loading along the 

normal direction (containing most of the {0002} normals), favors the activation of tensile twinning at 

room temperature [112]. Since the lattice strains represent the average response of a certain sets of grains, 

matching model results to the experimental data is the only practical way to extract quantitatively useful 

data, such as the CRSSs and hardening behavior of the active deformation modes. Multiple self-consistent 

modeling approaches have been carried out on this experimental data set [30, 110, 113, 114], and 

consistent results were obtained on the CRSS values of activated deformation modes and also their 

relative activities. As shown in Table. 2-3, prismatic <a> slip has the lowest CRSS value, followed by 

basal <a> slip, tensile twinning, and the hardest slip mode is found to be pyramidal <c+a> slip for this 

Zircaloy-2 alloy at room temperature.  

Fig. 2-9 shows the predicted activity evolution with loading for compressive and tensile deformation, 

which is found to be sensitive to the texture [113]. For example, along the {0002} basal normal 

concentrated ND direction, one can observe that basal <a> slip becomes the dominant deformation mode 

once it is activated.   
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Table. 2-3  Modeled CRSS values of the activated deformation modes in Zircaloy-2 alloy at room 

temperature. 

 
Prismatic <a> 

slip 

Basal <a> 

slip 

Pyramidal 

<c+a> slip 

Tensile 

twinning 
Reference 

CRSS(GPa) 

0.100 0.160 0.320 0.240 [113] 

0.100 0.140 0.320 0.250 [114] 

0.101 0.149 0.347 0.178 [30] 

0.120 0.168 0.331 0.250 [110] 

 

Compared to single  phase zirconium alloys, dual-phase Zr-Nb alloys show more complicated 

deformation behavior. By using in situ neutron diffraction, Cai studied the development of intergranular 

stresses during tensile and compressive deformation of a hot rolled Zr-2.5Nb alloy [115]. He found that 

the  phase yielded at a larger stress than the  phase upon loading, and interestingly the {0002}  grains 

are found to have asymmetric CRSS for pyramidal <c+a> slip during tension and compression. No 

twinning activity was detected by Cai in this alloy or in Zr-Nb alloys with higher Nb content [29]. 

However, other studies revealed that tensile twinning can operate in cold worked Zr-2.5Nb [116], and 

+ annealed Zr-2.5Nb [117]. It seems the activation of twinning is impacted by many factors in this 

alloy, like test temperature but also including grain size, existence of cold-work dislocations, minority 

alloying content like oxygen, and loading strain rate. 
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Fig. 2- 9 EPSC modeling prediction of relative activities of operating deformation modes in Zircaloy-2 at 

room temperature [113]. 

 

In order to account for the phase interactions in dual phase materials, two phase EPSC models were 

established for situations where either only one phase [118, 119] or both phase exhibit plasticity [103, 

120] . The discrete grain file in these models is made up by grains from the two different phases, with 

their own crystal properties and orientation alignment according to the texture. The properties of the 

homogeneous medium are taken as the average of both phases. An obvious drawback of these models is 

that the geometrical distribution of the second phase is not accounted for, which can actually have 

significant effects in providing the strengthening effect. To address this, combination of Finite Element 

Method (FEM) and EPSC modeling has been developed [121, 122] , where FEM is used to describe the 

Comp. ND Comp. TD Comp. RD 

Tens. ND Tens. TD Tens. RD 
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macroscopic deformation of the material, while the EPSC describes the response of the individual grain 

families. Cai  [28, 123] has successfully applied this in modeling the deformation of hot-rolled Zr-2.5Nb 

alloy, by constructing a FE unit cell to simulate the phase geometry and interactions, then using the 

average phase true strains calculated by FEM as boundary conditions in the EPSC model to calculate the 

interactions of different grain orientations and lattice strains of different grain families for both phase.  It 

was proved that this modeling approach can give good fitting to the experimental results. 

2.10 Application of diffraction line profile analysis in measuring dislocation density 

 

In the plastic deformation of crystalline materials, the accumulation of plastic strain is accomplished by 

movement of dislocations. Therefore the study of dislocations has always been a primary concern for 

materials scientists in the area of structural materials. Usually, observation of dislocations is done by 

Transmission Electron Microscopy (TEM), which directly gives the morphology, Burgers vector, and 

other characteristics of dislocations. However, TEM observation can only be carried out in very localized 

areas, which makes it less useful in the quantitative analysis of dislocation density, due to lack of 

statistics, and hence in determination of controlling deformation mechanisms. As a complimentary 

method to TEM, line profile analysis of X-ray or neutron diffraction patterns acts as an indirect method 

for determining the microstructure of crystalline materials, such as the determination of bulk dislocation 

densities and particle sizes [124-126]. 

One big limitation of the plasticity modeling described in the previous section is that after the initiation of 

certain deformation modes, it calculates the interaction of ‘dislocations’ only via an empirical Voce 

hardening law, which does not take into account the actual evolution of dislocation structure during 

deformation. In order to better understand the plastic deformation mechanism in zirconium alloys, more 

experimental work has to be done in characterizing the dislocation structures, and these should be coupled 

with models that include dislocation evolution using a more physically based description. Therefore it is 
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of great importance to use both TEM and line profile analysis to study the dislocation structure at 

different stages of plastic strain accumulation for zirconium alloys.  

A software package, the extended Convolutional Multiple Whole Profile (eCWMP) method developed by 

Ungar et al. has been applied to the analysis of line profile in various crystals recently [127, 128]. It 

allows the evaluation of different diffraction patterns measured on different crystalline materials: 

powders, bulk polycrystals, single crystalline samples or textured specimens. The calculation is based on 

physical models, where theoretical profile functions are calculated to evaluate the effect of coherently 

scattering domain size, dislocation structures and planar faulting on the shape of the diffraction profiles 

[129-132]. Parameters which describe the characteristics of microstructure, together with the 

experimentally determined instrumental effects on broadening, are fitted to the full measured diffraction 

pattern (containing many diffraction peaks) by a non-linear least squares algorithm, and can subsequently 

provide detailed information about the microstructure [128, 130, 132]. 

Evaluation theory of the eCWMP methods can be described briefly as follow. The profile function of a 

diffraction pattern, D

hklI , is given by its Fourier transform (FT) [133]:

 
2

2 2 2 2 2 2

,FT( ) exp( 2 ) exp
2

D D

hkl hkl g L

b
I A g L g CL f


   

  
      

   

, 

where , b and C are the dislocation density, the magnitude of the Burgers vector and the average contrast 

factor of dislocations, respectively, g is the absolute value of the diffraction vector, L is the Fourier 

variable,  f  is the Wilkens function [134] giving the L dependence of 2 for dislocations and

/ eL R  , where Re is the effective outer cut-off radius of dislocations. For hexagonal polycrystals the 

average contrast factor  C  can be written as [135, 136]:  
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where .0hkC is the average contrast factor corresponding to the hk.0 reflections, a is the lattice constant in 

the basal plane, g is the magnitude of the diffraction vector, q1 and q2 are parameters depending on the 

single crystal elastic constants of the material and the dislocation structure. During the fitting process by 

the eCMWP software, q1 and q2, , and Re are the dislocation structure related fitting parameters, which 

are refined together with the crystal size related parameters. The q1m and q2m experimentally determined 

parameters describe the average dislocation character in the hexagonal polycrystal. Knowing the q1m and 

q2m values along with the numerically calculated .0hkC , q1 and q2 parameters for the given hexagonal 

crystal, it is possible to determine the relative fractions of the three Burgers vector types, <a>, <c+a> and 

<c> [126, 137]. 

As previously mentioned, neutron diffraction has much deeper penetration depth than conventional X-ray, 

therefore it is ideal as the means to get diffraction pattern for line profile analysis if good sampling 

statistics are desired. There is some work that have already done by using such advanced neutron 

diffraction at the Los Alamos Neutron Science Center on Aluminum alloy [138], Beryllium [139], and 

most recently on Zr-2.5Nb alloy [93], which demonstrate the validity of using this method in the 

quantitative analysis of dislocation densities. Another advantage of using eCMWP methods combined 

with neutron diffraction is in the characterization of irradiated components after years of in reactor 

service. Samples from such components are radioactive which poses significant cost and health hazard to 

the personnel performing the preparation for conventional TEM or XRD samples. However, due to high 

penetration of neutrons, larger radioactive samples which require little preparation can be used by 

manipulating at a distance. 
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Chapter 3 

Temperature dependence of the activity of deformation modes in an HCP 

zirconium alloy 

In situ neutron diffraction lattice strain measurements have been made during compressive loading tests 

on Zircaloy-2 at different temperatures. The experimental results show changes of the relative 

contributions of different deformation modes with increasing temperature. Among the operating 

deformation modes, basal slip is found to operate at a higher applied stress than prism slip at ambient 

conditions, but at a similar applied stress at elevated temperatures. Twinning is found to be present at 

300˚C but is not observed at a temperature of 500˚C, at the loading rate used. 

 

3.1 Introduction 

Hexagonal close packed (HCP) metals such as Mg, Ti and Zr, exhibit anisotropic single crystal properties 

and are often highly textured in practical applications. A low number of easy slip systems, asymmetric 

distributions, and multiple available deformation modes result in the formation of a strong deformation 

textures and tend to promote deformation by twinning.  The relative activity of different deformation 

modes is expected to change with temperature, hence understanding and modeling the deformation of 

HCP metals represents a challenge. 

Zirconium alloys are widely used as structural components in nuclear reactors due to their low neutron 

absorption and good corrosion resistance coupled with adequate strength. One of the zirconium alloys, 

Zircaloy-2, has been used extensively for manufacturing of core components, such as fuel cladding in 

boiling water reactors (BWR), and calandria tubes in heavy-water CANDU (Canada Deuterium Uranium) 

reactors [1]. During service in nuclear reactors, the zirconium components are subjected to a complex 

condition of temperature, stress and irradiation, and therefore it is necessary to understand how the 
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material behaves in such an environment.  With the aim of optimizing manufacturing routes to provide 

improved material performance and of building models to predict the material property changes during 

service, many studies have been carried out on the mechanisms of deformation in zirconium and its 

alloys.  

It is known that zirconium and its alloys can deform with a variety of deformation modes,  including

{1010} 1120
 

  prism<a> slip, (0002) 1120


  basal<a> slip, {1011} 1123
 

  pyramidal<c+a> slip, 

two types of tensile twinning:{1012} 1011
 

  and {1121} 1126
 

  , and two types of compression 

twinning: {1122} 1123
 

   and {1011} 1012
 

   [2-11]. The operation of the slip modes is determined 

by whether the local stress exceeds their respective CRSS (critical resolved shear stress).  The 

instantaneous CRSS is a function of accumulated strain, temperature, strain rate, grain size and the purity 

level. In this study we focus on the effect of temperature on a single alloy. It is well known that 

temperature has a great influence on the relative CRSS values of potentially active deformation modes of 

metallic alloys. Specifically, an increase in temperature makes slip (or dislocation glide) easier.  The 

CRSS for twinning, however, is relatively temperature independent; the changes are believed to come 

partially from the dependence of the elastic modulus on temperature, although the interaction between 

dislocations and twins means that stronger temperature dependence may be observed. 

In Zr-single crystals [4, 9-11], prism, basal and pyramidal slip all show significant temperature 

dependence. With increasing temperature, their CRSS values decrease at different rates. For Zr 

polycrystals, the operating deformation modes are expected to change in a similar way with increasing 

temperature. Through both experimental and modeling approaches, the operating deformation modes at 

room and liquid nitrogen temperature in polycrystalline pure zirconium and zirconium alloys have been 

extensively studied [12-17] . It has been shown that the CRSS values are such that prism slip <a> slip is 

the lowest (easiest), followed sequentially by basal <a> slip, tensile twinning {1012} 1011
 

  ,pyramidal 

<c+a> slip, and compressive twinning  {1122} 1123
 

  ; the latter has the highest CRSS value at room 

temperature and is rarely seen.  At liquid nitrogen temperature (76K), pyramidal <c+a>slip has a large 
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increase in CRSS and becomes the hardest slip mode, favoring compressive twins. Beyerlein and Tome 

[15] developed a constitutive model which includes the temperature effect by using exponential laws to 

describe the changing of CRSS values for prismatic and pyramidal slip. By an inverse approach of fitting 

experimental data, the model successfully captured the transition from slip-dominated to twinning-

dominated deformation as the temperature decreases from 450K to 76K. At higher temperatures, Song 

and Gray [18] reported a decrease of twinning activity and increase of dislocation slip with temperature 

increase and decreasing strain rate. A recent study on Zircaloy-4 [19] reported the initiation of twinning at 

elevated temperatures up to 550
o
C when the strain rate is increased, however the modeling assumptions in 

that paper are somewhat arbitrary (tensile twinning modes imposed for tensile macroscopic loading and 

compressive twinning modes imposed for compressive macroscopic loading, rather than considering the 

local grain stress state [13]). However, details of how the effective CRSS values of different slip and 

twinning systems in polycrystalline zirconium alloys change over such a higher temperature range is yet 

to be reported. 

As part of a comprehensive study on the deformation behavior of zirconium alloys performed at Queen’s, 

in this paper, we use in situ neutron diffraction to measure the lattice strain change during compression 

test of Zircaloy-2 alloy with loading along two texture directions at different temperatures. The initiation 

sequences of different deformation modes are directly investigated. Moreover, we also report the 

changing of internal elastic strain of individual grain families i.e. the change in evolution of internal 

residual stress state with temperature. The activity and hardening behavior of different operative modes 

will be addressed in another paper by developing a modeling to describe the experimental data. 

3.2 Materials and experimental procedure 

Zircaloy-2 has a nominal composition 1.2–1.7 wt% Sn, 0.07–0.2 wt% Fe, 0.05–0.15 wt% Cr, 0.03–0.08 

wt% Ni, 0.14wt% O and balance Zr. A warmed rolled Zircaloy-2 plate was used to in this study. The 

texture of this material has been measured in a previous study [4, 12, 20] by neutron diffraction, as shown 

in Fig. 3-1. It can be seen that most basal plane normals are orientated close to the plate normal direction 
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(ND), and are spread more towards the transverse direction (TD) than towards the rolling direction (RD).  

Room temperature in situ neutron diffraction loading tests have been previously carried out on this 

material [12, 13]. 

Cylindrical compression samples 9mm in diameter and 18mm long were machined by EDM from the 

plate along RD and ND directions. In situ compression tests were performed using the time-of-flight 

(TOF) neutron technique at the Engin-X beamline at ISIS, Rutherford Appleton Laboratory [21]. The 

loading axis is set horizontally at 45˚ to the incident beam, which allows simultaneous measurement of 

lattice plane spacing both parallel and perpendicular to the loading direction in the opposing 90˚ detector 

banks, e.g. [22]. Samples were mounted in the computer controlled hydraulic stress rig, with a minimum 

holding stress of -10MPa, which we term the ‘zero’ load condition. Then the samples were heated to the 

desired temperatures (100˚C, 300˚C and 500˚C) respectively and the system allowed to equilibrate before 

the tests were started. Incremental tests were carried out in position control; the position was incremented 

and held during the neutron data acquisition.  The sample was allowed to relax for 2 minutes before 

neutron data acquisition started, with data acquisition taking ~10 minutes.  At most this initial relaxation 

led to around a 10% reduction in stress; the stress then showed very little relaxation during the data 

acquisition time.  The stress values reported are the time averages during the data acquisition.  The strain 

values were calculated by the position change of the loading head, in which the strain contributions from 

the elastic deformation of the loading frame were deducted, and are therefore only semi-quantitatively 

reliable. The total time taken for a test is about 4 hours; therefore the average strain rate of the tests is 

~7×10
-6

/s. 

The advantage of TOF neutron diffraction is that multiple lattice plane diffraction peaks can be measured 

without changing the relative angle between the specimen and detectors. The uncertainties in lattice strain 

are principally dependent on the intensity of individual peaks, which can be influenced by wavelength, 

structure factor, texture, etc. Analysis of the diffraction data were performed by fitting the whole 

spectrum using a single peak fitting package GSAS Rawplot [23]. Lattice strains of a specific diffracting 
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plane were calculated based on its reference lattice spacing, d0, which was measured prior to loading at 

the testing temperature.  The measured lattice strains are relative to the material state at the initial ‘zero’ 

load, i.e., are relative to any initial residual stresses arising due to fabrication. With a pre-existing texture 

of the sample, the distribution of grain orientations is different along the three macroscopic directions, 

RD, TD, and ND.  Compression loading was carried out along either the ND (maximum {0002} intensity) 

or RD (minimum {0002} intensity) directions, with neutron diffraction measurements carried out along 

both directions, i.e. with one measurement along the stress direction and the other along one of the 

Poisson directions. The peaks measured and reported here were the {1010}


, (0002) , {1011}


, {1012}


, 

{1120}


, {1122}


, and {2021}


.We use XD/YD to represent the measurement direction relative to the 

loading direction, where XD represents the loading direction and YD is the scattering vector for the 

neutron diffraction (or the measurement direction).Note that due to the material’s texture, some of the 

peaks can be absent in a particular measurement direction.  

 

 

 

 

 

 

 

Fig. 3-1  Pole figures of the as-manufactured Zircaloy-2 alloy (a): {1010}


 (b): (0002) 

 

RD 

TD ND ND 

RD (a) (b) 
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3.3 Experimental results 

3.3.1 Macroscopic behavior 

The experimental macroscopic true stress-strain curves measured at different temperatures are presented 

in Fig. 3-2, in which the samples loaded along ND are plotted with solid symbols, and samples loaded 

along RD are plotted with empty symbols.  Cleary seen in the figure is the distinct change of deformation 

behavior with increasing temperatures. Temperatures of 100, 300 and 500°C correspond to ~0.18Tm, 

~0.27Tm, and ~0.36Tm respectively (the melting point of zirconium, Tm =1855°C).  At 100˚C or 300˚C, 

the deformation trend is similar to that observed at room temperature, which was reported in a previous 

study [12]. The initial texture results in different deformation response for compression loading along the 

ND and RD direction. With a greater number of {0002} grains (which are plastically rigid) aligned along 

ND than along RD, the sample has higher yield strength in ND than in RD. Further, it is observed that the 

work hardening rate of the RD sample is greater than that of the ND sample, at either 100˚C or 300˚C.  

However, when testing is performed at 500˚C, the material’s behavior is different from the lower 

temperature tests.  At 500˚C, the RD sample has a similar macroscopic stress-strain behavior to that of the 

ND sample.  Further, it appears that the RD sample in fact has a higher strength than the ND sample, 

although there are much smaller number of plastically hard {0002} orientations in RD compared to ND.  

This interesting phenomenon immediately suggests that there may be a deformation mechanism change 

with the increase of temperature up to 500˚C. However, such reversal strength is unexpected, which 

ideally need to be confirmed by repeating the compression test at 500˚C. 
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Fig. 3-2 Compression flow curves for samples tested at different temperatures and orientations. Each 

point represents where neutron data was acquired.  The values are the average stress and strain during the 

neutron data acquisition. 

 

3.3.2 Compression deformation along ND at 100˚C 

Fig. 3-3 shows the evolution of lattice strains along the stress direction ND and the Poisson direction RD 

for the specimen tested at 100˚C. Distinctive elastic and plastic regions can be seen in the figure. Along 

ND/ND (Fig. 3-3(a)), lattice strains of all the grain families evolve in a similar way with increasing stress 

in the elastic regime. There is a small difference between the elastic modulus of the {1010}


 grain family 

and that of the other grain families, associated with the elastic anisotropy of the single crystal and 

specimen texture. When the specimen starts to yield, operation of dislocation slip in grains aligned with 

their soft orientation (i.e. {1010}


, {1120}


) parallel to the loading direction results in the relief of 

intergranular elastic strain increment in those grains. Hence a deviation from the linear change of lattice 

strain can be seen. The {1010}


 and {1011}


 grains show yield (departure from linearity) first at an 
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applied stress of -243MPa, at which the sample is first observed to yield macroscopically. Because of the 

preferential yielding of the above plastically soft grain families, the load is transferred to plastically 

harder (0002)  grains, as indicated by the prompt negative shifts in lattice strain of the (0002) from 

linearity. The {1012}


 grains also depart from linearity with positive shift in lattice strain, but the change 

is not as severe as that of the {1010}


 
and {1011}



 grains. In ND/RD, one of the Poisson directions, in 

contrast to the applied stress direction the low order {1010}


grains develop the largest lattice strains in the 

plastic region. This phenomenon has also been found at room temperature and was explained by Xu [12], 

as being caused by the lattice strain balance between low order grains (prism grains in the Poisson 

direction are the {0002}  grains in the stress direction) and high order grains. 

 

 

 

 

 

 

 

 

Fig. 3-3 Lattice strain of ND sample tested at 100˚C (a) along stress direction, ND and  

(b) one of the Poisson directions, RD. 

3.3.3 Compression deformation along RD at 100˚C 

The lattice strain evolution with respect to applied true stress for the RD sample is given in Fig. 3-4. For 

the measured lattice strain along the RD stress direction, we again see that the {1010}


grains yield first, at 

an applied stress of -178MPa. At this stress level, however, {1011}


grains still remain with a nearly linear 

response, which is different from that seen in the ND sample along the stress direction, where {1010}
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and {1011}


grains yield at almost the same stress level. On increasing the applied compressive stress to 

about -220MPa, a diffraction peak from the {0002} grains can be measured along the RD stress direction, 

which means that {0002} grains have been rotated to the RD direction by the operation of 

{1012} 1011
 

   tensile twinning [12], acting on grains initially with {0002} in the Poisson directions. 

Also, from Fig. 3-5 it is seen that beyond a stress of -257MPa the intensity of {0002} peak along RD is 

increasing while the intensity of {{1010}


} along RD is decreasing; correspondingly, the reverse trend is 

seen along the ND diffraction direction, which further confirms the operation of twinning. Any secondary 

twinning would skew the interpretation of diffraction intensity changes, however secondary twinning is 

usually considered a minor contribution to deformation in Zr alloys at these relastively small plastic 

strains [13].  It is hard to determine the initial stress state of newly rotated {0002} grains that appear 

along the RD direction. With the moderately strong initial texture, the {0002} diffraction intensity along 

RD is initially absent; therefore one has to determine the unstrained (or at least ‘initial’) lattice parameter 

d0 of {0002} grains along this direction to calculate the lattice strain of {0002} twin grains. Brown and 

Agnew [24, 25] used a method to analyze magnesium data which estimates the d0 value of {0002} grains 

by taking the ratios between all measured hkil peaks along stress and Poisson directions, to provide a 

multiplication factor for the unstrained {0002} lattice spacing along the diffraction direction which 

initially does have a strong {0002} peak. This method is applicable for magnesium alloy as the single 

crystal exhibits near thermoelastic isotropy. However due to the strong difference of thermal expansion 

coefficient along the a and c directions that Zirconium alloys exhibit, we use another approach to estimate 

the d0 value of {0002} grains along RD direction.  We carry out a Rietveld refinement fit to the unstrained 

diffraction pattern; it has been shown that Rietveld refinement can be successfully applied to fit HCP 

polycrystals under both elastic and small plastic strain strains [26], with good agreement between single 

peak lattice parameters and that from Rietveld refinement. Therefore, refinements were run on the 

diffraction pattern of the ‘zero’ load sample along the RD direction, initially without {0002} peaks, with 

the lattice parameter a and c allowed to vary freely.  The d spacing of the {0002} plane is then calculated 

by Equation 1 [27], from the a and c lattice parameters obtained from the fit: 
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The lattice parameter obtained from the Rietveld fit, will not be truly stress free, but will include some 

effect of thermal stresses due to cooling from fabrication.  These thermal stresses place c-axes into 

tension, and a-axes into compression relative to the true stress-free state; our ‘starting’ strain of the twins 

is relative to this stressed lattice parameter. 

From Fig. 3-4 (a), it can be seen that the initial {0002} lattice strain of the twins is larger than that of the 

{1122}


 lattice strain, but as deformation continues, the strain increases with almost the same gradient. 

Furthermore, we also observe that after the tensile twinning starts to operate, the {1010}


 lattice strain 

gradient is similar to that in the elastic region. This suggests that beyond -220MPa, tensile twinning 

becomes a significant deformation mechanism. 

 

 

 

 

 

 

 

 

Fig. 3-4 Lattice strain of RD sample tested at 100˚C (a) along stress direction, RD and (b) one of the 

Poisson directions, ND. 
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Fig. 3-5 Intensity change of RD sample tested at 100˚C (a) along stress direction, RD (a), and (b) one of 

the Poisson directions, ND. 

3.3.4 Compression deformation along ND at 300˚C 

Fig. 3-6 shows the lattice strain evolution during compression tests along ND at 300˚C. At 300˚C yielding 

initiates at a lower applied stress of -116MPa compared to -243MPa at 100˚C.The trends of lattice strain 

relaxation however do not change, in that the rigid {0002} grains experience increasing strains due to the 

yielding of {1010}


 and{1011}


 grains. Further, we note that the difference in {1012}


and {1010}


 strains 

becomes much smaller and the relaxation of {1011}


 strain is even more severe than that of the {1010}


 

grains. When the compressive stress was increased to -300MPa, the lattice strain of {0002} grains begins 

to decrease, which indicates the activation of <c+a> pyramidal slip along the ND stress direction [12]. 

Along the RD Poisson direction, the lattice strain differences between the yielded grains are also much 

smaller than those at the lower temperature. The {1010}


 RD grains, some of which are {0002} grains in 

the ND stress direction, continue to deform elastically, while lattice strains of the other grains {1011}


, 

{1122}


, and {1012}


 have significantly relaxed. It can be seen that the {1012}


 grains experience 

positive lattice strains at a stress greater than -200MPa. The relatively small lattice strain in these grains 
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indicates that during plastic deformation at 300˚C the constraints which the rigid grains imposed on the 

soft grains are relatively small. After the <c+a> slip system starts to operate at -300MPa, the {1010}


 

lattice strain decreases while the strain in other grains increases by a small amount. 

 

 

 

 

 

 

 

 

 

Fig. 3-6 Lattice strain of ND sample tested at 300˚C (a) along stress direction, ND, and (b) one of the 

Poisson directions, RD. 

 

3.3.5 Compression deformation along RD at 300˚C 

The lattice strain evolution of different grain families in both stress and Poisson directions upon 

compression along RD at 300˚Cis shown in Fig. 3-7. Micro-yielding happens at a stress value of -70MPa, 

which is indicated by the deviation of the {1010}


 and {1011}


 lattice strains from linear elastic. 

Twinning is observed to operate after the applied stress has reached -142MPa. The lattice strain of newly 

twinned {0002} grains is calculated with the same method as previously used, i.e., by using the Rietveld 

refinement at ‘zero’ applied load, now at 300˚C, to calculate the d0 of {0002} grains along RD direction. 

From the calculated {0002} lattice strain, again we see that when these child grains have been rotated into 

the loading direction by twinning, they start with a large compressive strain. Along the ND Poisson 
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direction, the lattice strain development in various grain orientations is similar to that seen at 100°C, and 

no distinct changes are observed at stress levels corresponding to the activation of yielding or twinning.  

The small strain changes make conclusions hard to draw. 

 

 

 

 

 

 

 

 

 

Fig. 3-7 Lattice strains of  RD sample tested at 300˚C (a) along stress direction, RD, and (b) one of the 

Poisson directions, ND. 

3.3.6 Compression deformation along ND at 500˚C 

Fig. 3-8 shows the lattice strain evolution along the stress direction ND and the RD Poisson direction, for 

compression at 500˚C. Due to the relatively high temperature, micro-yield happens at a low applied stress 

of -40MPa. The lattice strains of{1010}


, {1011}


 and {1012}


 grains evolve similarly and {1011}


grains 

are seen to experience the most significant stress relaxation with increasing loading. No apparent yielding 

occurs in the {0002} grains, based on the linear response of {0002} lattice strain during the entire loading 

process. Along the RD Poisson direction, similar to the lattice strain development at 300˚C, {1010}


grains are of tensile elastic lattice strain increasing with adding of load while the {1011}


 and {1012}


 

lattice strains remain close to zero.  
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Fig. 3-8 Lattice strain of ND sample tested at 500˚C (a) along stress direction, ND, and (b) one of the 

Poisson directions, RD. 

3.3.7 Compression deformation along RD at 500˚C 

From the lattice strain evolution in the RD sample compression test at 500˚C (Fig. 3-9), it is seen that no 

{0002} diffraction peaks were observed along the stress direction RD. The plastic deformation is thus 

only accommodated by dislocation slip and/or diffusional processes that may be operating at this 

temperature. This suggests that the critical resolved shear stress (CRSS) of twinning is larger than that 

obtained in the appropriately oriented grains at the maximum applied stress (at this temperature) of -

100MPa.Similar to the ND compression sample, {1011}


 grains yield first at an applied stress of -60MPa, 

which is also the 0.2% macro-yield stress. The {1010}


lattice strain is larger than that of {1011}


, 

suggesting that {1010}


grains are more rigid than the {1011}


 grains at this temperature. Along the ND 

Poisson direction, the lattice strains of all the measured grain orientations are similar, within noise. Still, it 

can be observed that the yielding of the grains has resulted in some stress relaxation in the {1011}


and 

{1012}


 grains.  
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Fig. 3-9   Lattice strain of RD sample tested at 500˚C (a) along stress direction, RD, and (b) one of the 

Poisson directions, ND. 

 

3.4 Discussion 

The development of lattice strain with applied stress during compression is observed to change with 

increase in temperature. This is indication that the deformation mechanisms are changing with increasing 

temperatures, as will be discussed more below. Fig. 3-10 shows the macroscopic applied stress at which 

certain grain families start to yield during testing, as based on when the inflections in the internal strain 

development occur.  The room temperature data from a previous study [12] are included for comparison. 

As would be expected, the applied stress corresponding to the initiation of yielding in different grain 

orientations becomes smaller with increasing temperature. However the sequence of yielding in the three 

major grain families {1010}


, {1011}


, and {0002} also changes with temperature. 
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Fig. 3-10   Macroscopic applied stress at which different grain families parallel to the stress direction 

exhibit yield (Room temperature data is from [12]). 

The room temperature deformation behavior of this alloy has been extensively studied with both 

experimental and modeling approaches [12, 13]. At room temperature the {1010}


 grains ‘yield’ at the 

lowest applied stress (indicated by the departure from linearity towards a smaller magnitude elastic 

strain), followed by the {1011}


 grains, while the {0002} grains yield at the highest applied stress along 

both ND and RD directions. It is well established that the yielding of {1010}


 grains in such uniaxial tests 

[12, 13] is a result of the operation of prism <a> slip and that of {0002} grains is associated with 

pyramidal <c+a> slip or twinning. However, it is still unclear which slip system is associated with the 

stress relaxation of {1011}


 grains in zirconium and its alloys. In Agnew’s study [28] on a magnesium 

alloy with an HCP lattice structure and the same set of possible deformation modes, it was found that the 

earliest inflection in grains was seen in {1011}


 grains during tensile loading, and based on modeling, it 

was determined that such yielding was due to the operation of basal slip. In Zircaloy-2, the yielding of 

{1011}


 may also be a result of the operation of basal slip.  Compared to the well reported pyramidal 

<c+a> slip as a secondary deformation mechanisms in pure Zr and Zirconium alloys, the evidence for the 

occurrence of basal slip is much less convincing. Since basal <a> dislocations have the same Burgers 
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vector as prismatic <a> dislocation, it is very hard to distinguish them in TEM analysis by taking images 

with different operating g vectors using the visible-invisible criteria. The reported experimental 

observation of basal slip usually comes from trace analysis on slip lines at the macro surface or by 

microscopic dislocation line alignment [11, 20, 29-31]. However, an ambiguity might arise when such 

{0002} traces that are used as an indication of basal slip are accompanied by other slip systems with 

traces like{1010}


and{1011}


. In polycrystalline modeling of zirconium and its alloys, using elasto-

plastic and visco-plastic self-consistent models, inclusion of basal slip has been found to improve the 

reproduction of experimental macroscopic flow curves [32] and bulk texture development [29, 33] 

significantly.  It has also been suggested basal slip is required in pure Zr at higher strains, during room 

temperature severe plastic deformation [34]. Xu’s modeling [13, 35] of Zircaloy-2 deformation at room 

temperature has also shown the necessity of including basal slip to give a good fit and also provided some 

evidence that yielding of {1011}


 grains is associated with basal slip activity; the stress at which the 

lattice strain of {1011}


 grains starts to deviate from linear elastic corresponds to where basal slip starts to 

gain activity during compressive deformation.  In this study with test results at elevated temperatures, we 

also observe {1011}


 lattice strain deviates as early as those of {1010}


. Therefore, if we consider 

increased activity of basal slip at higher temperatures (see below), it is reasonable to conclude that the 

changing yielding of {1011}


 grains is closely related to basal slip activity. Again, the details, and more 

experimental evidence of basal slip by TEM dislocation structure analysis will be discussed in another 

paper combined with a self-consistent model of the lattice stains that is the beyond the scope of this paper. 

 

3.4.1 Effect of temperature on CRSS of different deformation modes 

The operation of a specific slip mode can be qualitatively associated with the yielding of certain grain 

orientations. Thus the changes of deformation modes can be determined for a range of temperatures and 

loading directions relative to the texture. At room temperature along ND direction, CRSS values of 

operating slip modes increase in a sequence of prism <a> slip, basal <a> slip, and pyramidal <c+a> slip. 

Along RD direction, due to the initial texture, tensile twinning happens at the same macro-stress value as 
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basal <a> slip, both occurring after the initiation of prism <a> slip. There is no evidence that 

pyramidal<c+a> slip has occurred for loading in this orientation. 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 3-11  Measured CRSS value from pure Zr single crystal [4, 10, 11]. 

When testing in the temperature range from 100˚C to 500˚C, the {1010}


 and {1011}


 grains exhibit yield 

at similar macro-stresses along the ND and RD direction, whereas at room temperature, a larger 

difference is seen in the required macroscopic stress for yield.  This suggests that the CRSS value of 

prism <a> and basal <a>are likely closer at elevated temperature, remembering of course that the Schmid 

factors will be different for the associated grain orientations. CRSS values of prism, basal and pyramidal 

slip system have been measured by Akhtar on single crystal pure Zr [4, 10, 11], as shown in Fig. 3-11. It 

can be seen that the CRSS of both pyramidal <c+a> slip and basal slip decrease slightly with increase in 

temperature, but that the CRSS of <c+a>slip is significantly more sensitive to temperature than basal; the 

CRSS of prism slip is relatively temperature insensitive.  The value of the CRSS of pyramidal slip is 

about 10 times higher than prism <a> or basal <a> slip. From the results presented in our study as shown 

in Fig. 3-10, we can also see this trend even though the stress values obtained in this study are generally 
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larger than those of a pure Zr single crystal, as a result of the alloying elements in Zircaloy-2 and Hall-

Petch contributions. The {0002} grains yield at the highest applied stress during loading and the yielding 

stress decreases with increasing temperature. No yielding of {0002} grains was seen in the ND sample at 

300˚C and 500˚C. This could be because the applied maximum stress on the sample results in a RSS that 

is smaller than the CRSS for pyramidal <c+a> slip at these two temperatures. 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 3-12 Diffraction elastic constant determined from both experimental (solid line) and theoretical 

calculation (dashed line) for ND (a) and RD (b) sample, (room temperature data is taken from Xu [12]; 

simulation uses single crystal constant from Fisher [36]). 

 

The macroscopic applied stress needed to initiate tensile twinning in the RD sample decreases with 

temperature increase, with the decrease occurring at a lower rate than the applied stress required for basal 

slip.  Note that tensile twinning is expected due to Poisson tensile constraints on the large population of 

{0002} grains in the ND direction, even though the sample is loaded in compression; compressive 

twinning is expected only at cryogenic temperatures or at high strain rates at elevated temperature [14].  

The change in the macro-stress required for twinning is however still relatively large; values being -

370MPa, -220MPa and -140MPa at 20˚C, 100˚C and 300˚C respectively, which is a greater relative 

(a) (b) 
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change than the relative change in elastic modulus over the same temperature range. We can evaluate the 

elastic modulus change by taking the slope of the lattice strains in the elastic region; the diffraction elastic 

constants so measured are plotted in Fig. 3-12. Calculations of the diffraction elastic constants were also 

carried out using the EPSC model [37], with the measured texture and the single crystal stiffness moduli 

for pure Zr reported by Fisher [36].  The measurements fit reasonably well with the model calculations, 

although the scatter in the experimental values is large, particularly for the high temperature data where 

the elastic range is small. Elastic constants are decreasing with increasing temperature, and the elastic 

anisotropy is smaller along RD than along ND. The abnormally large elastic constant of {1010}


 grains 

along ND direction at 500˚C is likely because the first experimental measurement after loading may in 

fact already be within the micro-plastic region; the strength of the sample is very low at this temperature. 

From Fig. 4(a) and Fig. 7(a), it is seen that the lattice strain in newly formed {0002} twin grains is larger 

than the other high order grains, by about 1000 microstrain at both 100˚C and 300˚C. This is somewhat 

different from the “S” shape characteristic of twin lattice strain evolution in Xu’s observation at room 

temperature compression in the plate TD [13], which the author attributed to be due to the relaxation of 

stresses in newly formed twins compared to the parent grains (the initial strains of twins in the 

compression RD test was assumed, not calculated in [13]). Clausen et al.[24] also report significant strain 

relaxation of newly formed twins compared to parent grains in an Mg alloy at room temperature.  The 

origin of the changes in initial {0002} strain associated with a relatively small increase in temperature 

cannot be determined from this diffraction data.  We know that high local stresses can initiate twinning 

even in relatively unfavourably oriented grains (compared to the macroscopic stress direction) [38, 39]; it 

is perhaps possible that diffusional stress relaxation mechanisms operating more readily at the higher 

temperatures reduce the build-up of local stresses and hence reduce the stress relaxation associated with a 

twinning event.  In that case we would expect a smaller fraction of twins to occur in unfavourably 

oriented grains as the temperature increases; such a hypothesis would require investigation by EBSD.  

While the magnitude of the macro-stress required for twinning decreases with increasing temperature, the 
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corresponding macroscopic plastic strain at which twinning is first observed to occur increases; values 

being ~0.5%, ~2% and ~4% at room temperature, 100°C and 300°C respectively.  Hence while the larger 

magnitude of initial strains observed in the twins are likely partially the result of the complex interaction 

in local stress state of the grains that is not captured by considering only the applied stress, it is also 

apparently affected by the requirement for dislocation creation and accumulation prior to twin nucleation, 

and hence for plastic strain to have occurred.   

At 500˚C there is no apparent evidence of twinning from either diffraction intensity or from lattice strain 

evolution, or indeed of pyramidal slip from the lattice strain evolution in the RD sample; more likely, the 

plastic deformation is primarily accommodated by prism and basal <a> slip as well as possibly by 

diffusional processes (dislocation climb) available at this higher temperature.  

Activation of basal <a> slip requires a higher applied stress than that for prism <a> slip at room 

temperature.  However it appears that basal <a> slip occurs at a similar stress to prism <a> slip at 100˚C 

and higher temperatures although polycrystalline modeling will be required to confirm this hypothesis.  In 

Fig. 3-11 we also see the difference in CRSS between these two modes becomes small in single crystal 

Zr, especially at higher temperatures.  Considering the existence of thermal induced -residual stresses and 

textured microstructure, it is reasonable to deduce that that prism <a> and basal <a> start to operate at 

similar applied stresses at higher temperatures. 

 

3.4.2 Effect of orientation relative to texture 

Due to the anisotropy of thermal expansion coefficients along <a>- and <c>-axes of Zr [40] and the 

constraints of the surrounding grains, the <c>-axes are under tension and the <a>-axes are under 

compression in each grain of polycrystalline alpha Zr after cooling from a high temperature.  The 

magnitude of the stresses will depend on the relative volume fractions of grains in that direction.  This 

implies, for example, that there will be a small level of tensile stress for c-axis {0002} grains along the 

ND direction (majority grains are of this orientation) and a larger magnitude compressive stress for a-axes 
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{1010}


 and {1120}


 grains along the ND direction.  The effect of such thermo-residual stress can be seen 

in the lattice spacing of different grain families at the ‘zero’ load condition. With the Rietveld refinement 

method used earlier in this study, the lattice parameter of all the samples at the three testing temperatures 

was determined for the ‘zero’ load diffraction pattern along both RD and ND directions. We then 

calculate the lattice spacing of different grain families and take the ratios of the same grain families along 

RD to ND.  If there were no thermal stresses the ratio should be the same for all grain families.  If there is 

no difference in average lattice parameter between the two detector banks, the ratio should be one; in 

practice differences arise if the center of neutron scattering is not perfectly centered in the instrument 

measurement position.  Effects such as neutron attenuation and absorption can cause this even in a 

physically perfectly aligned sample; the effect is only noticeable when such absolute lattice parameters 

are compared between banks and does not affect the conclusions presented.  The RD/ND ratios of the 

lattice parameters of different grain families are plotted in Fig. 3-13(a); it is seen that at temperatures 

lower than 500˚C the ‘zero’ load lattice spacing of all lattice planes along RD are larger than along ND 

and high order grains {0002}, {1012}


, and {1013}


 have larger ratios than low order grains like {1010}


. 

This can be explained based on the texture; there are few a-axis grains oriented along ND direction, and 

therefore those grains have to provide more compressive strain than the grains along RD in order to 

provide the stress balance among differently oriented grains. For c-axis grains, more tension strain must 

be borne by those grains along RD due to their small population. However, at 500˚C the opposite trend is 

seen, with high order grains having lower ratios than low order grains.  This is likely due to the relaxation 

of the thermal strains; this suggests that a ‘stress free temperature’ has been reached between 300°C and 

500°C. From Fig. 3-13(b), plotting the RD/ND d0 ratios with increasing temperature, this stress free 

temperature at which all ratios are equal to each other can be obtained based on a linear interpolation, as 

indicated by the red dashed line at 335˚C.  Xu [13] assumed an initial stress free temperature of 600°C in 

his modeling work of the room temperature deformation, in order to calculate initial thermal strains. 

Detailed analysis of the effect of thermal stresses is beyond the scope of this study and will need to be 

addressed in the future. 
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Fig. 3-13 Lattice spacing ratio at zero load of measured diffraction peaks along RD to ND, at different 

temperatures.  a) shows ratio of RD:ND, for the different diffraction planes, as function of angle from the 

basal plane.  b) shows the same ratio RD:ND as function of temperature, demonstrating intersection at 

approximately 335°C. 

The texture of HCP alloys has been shown to have significant influence on the deformation behavior.  

Here we see that tensile twinning only occurs during compressive loading along RD direction at 300˚C or 

lower temperatures, with no twinning seen for compressive loading along ND.  This is due to the 

preferential alignment of basal poles along ND. It is also noticeable that the applied stresses required for 

activation of all slip modes along ND are higher than their respective values along the RD direction. This 

can be explained by the differences in grain alignment in the textured microstructure. There are a larger 

number of plastically rigid {0002} grains along ND which place additional constraints on the plastically 

softer{1010}


 grains and {1011}


 grains, so generally they yield at a higher stress in the ND sample, as 

shown in Fig. 11. However, at 500˚C the strength of the RD sample is higher than the ND sample; this is 

seen in terms of the macroscopic response and in that both {1010}


 and {1011}


 grains yield at a -60MPa 

applied stress whereas they yield at -40MPa in the ND sample. This might be due to the easier glide of 

basal slip at this temperature and the high fraction of {1011}


 grains aligned along ND, which hence 
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facilitates yielding during the test. More study will be required with modeling of both the macroscopic 

stress-strain behavior and lattice evolution prediction to validate this conclusion. 

 

3.5 Conclusion 

In situ compression tests have been performed on samples from a textured Zircaloy-2 polycrystal during 

neutron diffraction at three different temperatures. Deformation mode changes were revealed from the 

evolution of lattice strain with applied stress. It has been shown that activation stresses for all slip modes 

decrease with increasing temperature. Prism and basal slip were found to be the major deformation modes 

over the testing temperature range, whereas pyramidal slip and twinning could not be activated at 500˚C 

due to the significant reduction of sample strength. 
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Chapter 4 

Deformation mechanism of Zr-2.5Nb pressure tube material with and without 

neutron irradiation studied by neutron diffraction, Part I: evolution of 

intergranular stresses 

In situ neutron diffraction has been carried out on fast neutron irradiated Zr-2.5Nb pressure tube and un-

irradiated Zr-2.5Nb pressure tube samples with tensile deformation applied along two texture directions. 

Through the evolution of intergranular strains with applied stress, as measured via the lattice strains of 

individual grain families, the deformation mechanism of the pressure tube material with and without fast 

neutron irradiation has been studied. Prismatic <a>, basal <a> and pyramidal <c+a> has been found to 

operate in both irradiated and un-irradiated Zr-2.5Nb alloy at different stress levels. The neutron 

irradiation induced defects were found to selectively harden prismatic <a> and basal <a> slip, and have 

very small impact on the operation of pyramidal <c+a> slip system. 

4.1 Introduction 

Hexagonal close-packed (HCP) metals are well known to exhibit plastic anisotropy during deformation. 

Such anisotropy at both single crystal and polycrystalline level is due to the limited number of 

independent slip systems for each deformation mode, and the different Critical Resolved Shear Stress 

(CRSS) values that the prismatic, basal and pyramidal slip systems have. Furthermore, strong 

crystallographic texture and large intergranular stresses commonly exist in components manufactured 

from HCP metals for various industrial applications. As a result, an expanded elasto-plastic transition 

over a large amount of strain, and flow stresses that are highly dependent upon the direction of loading 

are usually observed during the deformation of HCP polycrystalline aggregates. In order to understand the 

deformation mechanisms that control such behavior, one approach is to carry out in situ loading combined 
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with neutron diffraction which enables direct observation of the operation of individual slip systems and 

their hardening responses [1]. 

HCP structured zirconium alloys are used extensively as structural component materials in nuclear 

reactors. For example, the pressure tube, which contains fuel bundles and pressurized heavy water coolant 

in the CANDU reactor, is manufactured from the Zr-2.5Nb alloy [2]. This alloy is of good mechanical 

strength, high corrosion and creep resistance, and low neutron absorption cross-section, which enable the 

pressure tube to operate in-reactor for up to 30 years [2, 3]. The manufactured pressure tube has strong 

texture and a fine elongated grain structure, and hence the tube normally shows higher strength along the 

transverse direction than along the axial direction [4]. During operation, the pressure tubes are subjected 

to fast neutron irradiation with E > 1 MeV and flux as high as 3.5 × 10
17

 n m
-2

 s
-1 

[5]. Such fast neutron 

irradiation gradually changes the microstructure, introduces strength hardening and ductility decrease of 

the pressure tube material [6-8].  

Upon irradiation, atoms in the irradiated material are displaced from their lattice sites by incident particles 

forming so called displacement cascades (collection of point defects such as vacancies and interstitials). 

Subsequent migration of point defects and cascades as well as additional clustering or dissolution of the 

clusters will create defects in the form of dislocation loops, cavities, precipitates, etc [9]. For zirconium 

alloys, irradiation induced defects generally include <a> type dislocation loops (Burger vector of b=

1
1120

3



  ) lying on {1100}


 planes, and <c> component loops with more complex Burger vector 

varieties on the {0002} basal plane [8]. Irradiation can also induce phase transformation such as 

amorphization of precipitates in Zircaloy alloys and re-precipitation of  phase or  from  phase [8, 10]. 

However, the generation of dislocation loops probably has the biggest impact on the service life of 

zirconium components in nuclear reactors. It is the loops that increase strength by pinning further 

dislocation movement as well as promote irradiation growth, which may lead to component failure. 

One significant characteristic for deformation of the irradiated Zr-2.5Nb alloy is localized deformation 

accompanied with loss of ductility. Favoring twinning and/or dislocation channeling at the expense of 
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reduced dislocation slip are believed to cause such local softening behavior [11]. In other neutron 

irradiated single phase zirconium alloys, many TEM observation studies have reported that both prismatic 

[12-17] and basal [18-22] dislocation channels can form during deformation. However, all the 

observations were done at a microscopic scale and information at larger scales such as the development of 

stresses at a grain scale are still lacking. In this study for the first time we use fast neutron irradiated Zr-

2.5Nb pressure tube material to conduct in situ neutron diffraction tensile tests to probe the deformation 

mechanism change caused by irradiation. With the advantage of providing good sampling volume and 

enabling in situ measurement of intergranular stresses, as well as dislocation density, we will obtain a new 

perspective on the understanding of mechanical property change of Zr-2.5Nb alloy after neutron 

irradiation. 

4.2 Sample description and Experimental method 

 

The specimens used in this study were prepared from an irradiated pressure tube removed from a 

CANDU reactor after 7 years of service, which had experienced an operating temperature of ~250°C and 

a neutron fluence of 1.6×10
24

 n/m
2
 (E>1MeV), which corresponds to about 0.25dpa (displacement per 

atom). Typical SEM microstructures of Zr-2.5Nb pressure tube are lamellae  grains separated by  

phase [23]. Transverse and axial tensile specimens were machined from the tube with 4mm wide by 2 mm 

thick rectangular cross section and a gage length of 10mm. Two 5mm pin holes were made at each end, 

and the radial direction was always kept as the through thickness direction. Control samples were 

prepared from a tube which was manufactured with the same procedure but without in-reactor service. As 

a naming convention we use TD and AD to represent the samples oriented for tension along the 

transverse direction and axial direction respectively, and RD to represent Poisson direction measurement 

along the radial direction. 
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Texture of both irradiated and un-irradiated samples was measured on the High-Pressure-Preferred-

Orientation (HIPPO) at Lujan Neutron Scattering Center, Los Alamos National Laboratory [24]. The 

texture diffraction data sets were collected from three banks (150 deg, 90 deg, and 40 deg) with three 

rotations along the sample (vertical) axis (0, 45, and 90 deg), which enables the ODF (orientation 

distribution function) to be obtained in about 1 hour for each sample [24, 25]. The data analysis for ODF 

extraction and calculation of pole figures was done by using MAUD (Material Analysis Using 

Diffraction) program [26]. The instrument parameters and background was refined first, then the 

crystallographic and microstructural parameters, and finally all parameters including the texture and 

volume fraction of the phases constitutes in the sample. The calculated ODFs are then used to reconstruct 

the pole figures, analyze phase volume fraction, basal pole distribution, and generate grain files for 

subsequent modeling (not reported here). Table. 4-1 lists the basal poles ({0002} plane normal) fraction 

along three macroscopic directions in the irradiated and un-irradiated Zr-2.5Nb pressure tube sample 

presented in terms of the Kearns “f” parameter as defined below [27]: 

2( ) cosXf V                                                                (1). 

Where fX is the resolved fraction of basal plane normal in a given orientation, and V() is the volume 

fraction with basal plane normal at an angle  to the reference direction. 

Table. 4-1 f factor calculated from the texture measured on irradiated and un-irradiated Zr-2.5Nb pressure 

tube sample prior to tensile test. 

 

 TD RD AD 

Irradiated 0.71 0.26 0.03 

Un-irradiated 0.64 0.30 0.06 
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The measured texture shows that the sample cut from the un-irradiated pressure tube has slightly smaller 

basal normal fraction along TD than that of the sample from the irradiated pressure tube; this difference 

might be due to variations measured between different pressure tubes or slight misorientation of the 

prepared sample loading axis with respect to the AD and TD direction. 

Tensile tests of both irradiated and un-irradiated samples were carried out with in situ neutron diffraction 

on the Spectrometer for Materials Research at Temperature and Stress (SMARTS) [28] beam line of the 

Los Alamos Neutron Science Center (LANSCE) at both room temperature and 250˚C. The gage volume 

was 80mm
3
 for the measurement of the monotonic tension. During each test, the strain was measured 

from the displacement of the cross head, and the strain estimated based on the known elastic modulus of 

the sample. Tensile loading was applied to the specimen under strain control; each time the sample was 

deformed to the desired strain and held for 60 seconds to allow for any stress relaxation, which was at 

most ~6% of the peak load for a step in the plastic regime.  Another 40 minutes were given to allow for 

diffraction pattern acquisition along both the stress direction and one of the Poisson directions (kept as 

RD direction for samples with stress along both transverse and axial directions) simultaneously. The 

applied stresses and measured strains reported are the average values during this acquisition period, 

during which stress relaxation was within about 3% of the peak load at each step in the plastic regime. By 

including the data acquisition time, the average strain rate during the deformation was about 0.1×10
-6

 per 

second. The neutron diffraction profiles were refined by the General Structure Analysis System (GSAS) 

[29] to provide lattice strain calculation, as well as analysis on peak intensity, and width. Individual peaks 

were fitted with the RAWPLOT routine within the GSAS package. Based on the change of peak 

positions, lattice strains were calculated with the change of d spacing (dhkil), as shown in Eq.2 : 

0

0

hkil hkil
hkil

hkil

d d

d



                                       (2). 

In order to monitor the occurrence of twinning which usually accompanies with large intensity shifts, the 

single peak intensities were also extracted from the fits after incident spectrum normalization to monitor 



 

73 

 

the occurrence of any twinning activity during deformation, which is typically accompanied by large 

diffraction intensity shifts [30]. 

 

 

4.3 Results 

4.3.1 Macroscopic stress-strain curve 

 

 

 

 

 

 

 

Fig. 4-1  True stress-strain curve of (a) un-irradiated and (b) irradiated Zr-2.5Nb pressure tube material 

tested at room temperature (RT) and 250˚C. Each symbol represents when a diffraction measurement was 

made, and is the time average stress / strain during neutron data acquisition. 

 

Fig. 4-1 shows the macroscopic true stress-strain curves of the samples tested under in situ neutron 

diffraction. Each data point corresponds to the time averaged stress / strain during neutron diffraction 

pattern acquisition. The solid and empty squares represent data points acquired from the tests done along 

TD direction at room temperature and 250˚C, and likewise solid and empty triangles for tests done along 

AD direction. 

As shown from Fig. 4-1(a), the un-irradiated samples show the typical anisotropic deformation behavior 

of Zr-2.5Nb pressure tube material [4]. At both room temperature and 250˚C, the TD samples (blue 

(a) (b) 
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square) have stronger strength than the AD sample (red down triangle). This is caused by the highly 

textured the pressure tube. From Table. 4-1, most of the basal {0002} poles align along the TD direction 

and spread towards RD direction, therefore easy glide system prismatic <a> slip is favored along AD 

direction resulting in yielding at smaller stress; the plastically harder <c> axis is predominantly orientated 

along the TD direction. Furthermore, stronger work hardening can be seen from the un-irradiated AD 

sample, while along TD direction very little hardening is observed after macroscopic yielding. Due to this 

effect, the applied stress on un-irradiated AD sample increase rapidly. At larger plastic strains, it can be 

seen that the applied stress is almost the same for AD and TD samples, at both room temperature and 

250˚C (Fig. 4-1(a)). 

The stress-strain curves of irradiated samples are shown in Fig. 4-1(b). The irradiated TD samples showed 

high tendency of failure at the pin hole during test. Cracks developed over the machined pin hole shortly 

after yielding during room temperature test, so only small plastic strain was added to the gage section 

during loading before failure. Similar cracking occurred to the TD sample tested at the 250˚C; the result is 

not shown since no plastic deformation was obtained prior the failure. From Fig. 4-1, it can be seen that 

the strengths of the irradiated samples are higher than the un-irradiated samples along both TD and AD 

direction, with yield strength increased by around 220MPa (Table. 4-2). The difference between the TD 

and AD strengths also become smaller with irradiation, i.e., the anisotropy has been reduced by 

irradiation. Another noticeable feature in Fig. 4-1 (b) is that the irradiated AD sample showed work 

softening after some initial hardening to certain peak stress. This is typical for neutron irradiated Zr-

2.5Nb alloy which has been reported long ago, denoting microstructurally localized deformation [31]. 
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Table. 4-2 0.2 yield strengths of irradiated and un-irradiated Zr-2.5Nb along AD and TD direction at 

room temperature and 250˚C. 

 

Sample Test temperature 0.2 yield strength (MPa) 

Un-irradiated AD RT 525 

Irradiated AD RT 809 

Un-irradiated AD 250˚C 414 

Irradiated AD 250˚C 681 

Un-irradiated TD RT 740 

Irradiated TD RT 985 

Un-irradiated TD 250˚C 546 

 

4.3.2 Lattice strain development 

 

Lattice strains of different grain families were calculated with Eq.2 for each tested specimen along the 

stress direction and the RD Poisson directions for both AD and TD samples. Due to the small volume of 

highly deformed  phase in the Zr-2.5Nb pressure tube material (around 10%), no useable  diffraction 

peaks were obtained in the diffraction pattern. Hence only the lattice strain of  phase is reported. 

Previous studies have shown that the  phase has higher strength than the , and the strength of the  

phase is what principally controls the strength of Zr-Nb two phase alloy [32, 33]. Therefore through 

studying the evolution of lattice strains for different grain families in the alpha phase we will be able to 

obtain an understanding of the dominant factors controlling the deformation behavior of Zr-2.5Nb 

pressure tube material with and without fast neutron irradiation. 

 

4.3.2.1 Un-irradiated AD sample deformed at room temperature 
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Fig. 4-2 shows the development of lattice strains in the un-irradiated AD sample tested at room 

temperature. Lattice strains of the three measured grain families{1010}


,{2021}


, and {1011}


 along the 

loading direction AD are plotted with true stress in Fig. 4-2 (a). The plastic region can be distinguished 

from elastic region at where the lattice strains start to deviate from a linear increase with stress. After the 

stress has reached 472MPa, lattice strains of the {1010}


 and {2021}


 grain families start to increase at 

slower rate than that in the elastic region, and {1011}


lattice strain changes at a higher rate 

correspondingly. This denotes the operation of prismatic <a> slip system on the grains with their {1010}


 

and {2021}


 plane normals parallel with the loading direction. Gliding of the prismatic <a> dislocations 

induces stress relaxation in those grains, and load is transferred to other grains resulting in an increase of 

their lattice strain. The second inflection happens when the true stress increases to 632MPa. As shown in 

Fig. 4-2 (a), the {1011}


lattice strain starts to increase at a much slower rate whereas the lattice strains of 

the other two prismatic planes {1010}


and {2021}


begin to increase at a faster rate, even becoming as 

large as that of the {1011}


planes by the end of loading. As has been discussed in another study on 

Zircaloy-2 [34], the deviation of {1011}


lattice is associated with the operation of basal <a> slip, hence 

we can infer that at this stress value basal slip starts to operate in the un-irradiated AD sample. Fig. 4-2 

(b) shows the lattice strain development along the RD Poisson direction, much larger anisotropy can be 

seen due to the compressive constraint added during deformation. This phenomenon has also been seen in 

other in situ neutron diffraction studies on zirconium alloys, which show larger lattice strain development 

anisotropy along the compressive direction and smaller along tensile direction [30, 35]. Accordingly, 

along the RD direction the initiation of plastic deformation is much more apparent. As the prismatic slip 
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starts to operate at 472MPa applied stress, {1120}


and {0002} lattice strain diverge from each other 

instantly. However, the initiation of basal slip at 632MPa doesn’t seem to have an apparent impact on the 

RD lattice strains. 

The hardening behavior of the individual slip modes can be revealed by plotting the lattice strain 

development with true strain. Fig. 4-2 (c) and (d) shows the evolution of lattice strains with true strain of 

the AD sample along both the applied stress direction and the RD Poisson. The yielding sequence can 

also be seen from the plot of AD stress direction, where the lattice strains of prismatic planes yield at 

smaller strain then increase at a steady rate, while the {1011}


grains yield at larger strain with smaller rate 

of lattice strain increase. From this one can also infer likely a stronger hardening effect of prismatic <a> 

slip than that of the basal <a> slip during deformation. 
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Fig. 4-2 Lattice strain evolution of un-irradiated AD sample with (a), (b) true stress and (c), (d) true stain 

along stress direction and Poisson direction RD at room temperature. (Typical errors of the lattice strain 

are also included in (a) and (b), showing they are small compared to the changes being discussed. 

Therefore, no error bars are included in the other plots of lattice strains). 

 
 

4.3.2.2 Un-irradiated TD sample deformed at room temperature 

 

Lattice strain evolution of the un-irradiated TD sample deformed at room temperature is shown in Fig. 4-

3. As seen from Fig. 4-3 (a) and (b), there is much less deviation of the lattice strain development in the 

TD sample than that of AD sample along both the stress direction and Poisson RD direction. Still the 

lattice strain of {1120}


grains deviates firstly at an applied stress of 492MPa, which is very close to that 

(a) (b) 

(c) (d) 
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of the AD sample, representing the operation of prismatic <a> slip. The deviation of {1011}


lattice strain 

starts from the applied stress of 566MPa, and the lattice strain of {1012}


grains changes in a similar way. 

The yielding of different grain families can be better analyzed from the lattice strain evolution with true 

strain as shown in Fig. 4-3(c). Following the yielding of {1011}


grains are the {0002} grains and {10-13} 

grains at true strain of 0.0079 and applied true stress of 697MPa. Their yielding is normally believed to be 

an indication of pyramidal <c+a> slip initiation as those grains are aligned close to the basal plane and are 

favorable grains for pyramidal slip [30]. Lastly, smaller lattice strain anisotropy along the RD Poisson 

direction haven been found from the TD sample than the AD sample (Fig. 4-3(d)). The major difference 

comes from the evolution of {1120}


lattice strain, where in TD sample it stays almost constant while in 

the AD sample it shifts towards positive values of about 1500 microstrain as can be seen from Fig. 4-2 (b) 

and (d). 

As the un-irradiated TD sample has most of its grains’ basal normal aligned closely to the tensile stress 

direction, tensile twinning is the other possible deformation mechanism. It is well known that the 

operation of this deformation mode will result in the rotation of basal normal of around 85˚and resulting 

in a strong decrease of {0002} intensity in the TD direction [36]. Therefore by analyzing the intensity 

changes of diffraction peaks along both TD stress direction and RD Poisson direction one can determine 

whether tensile twinning has occurred in the un-irradiated TD sample. 

The evolution of normalized peak intensities of the {0002} , {1120}


 and {1011}


 diffraction peaks along 

TD and RD direction from the un-irradiated TD sample during deformation is plotted in Fig. 4-4 (a), (b). 

As shown in the figure, a small decrease of both {0002} , {1120}


 intensity is observed along TD stress 

direction when plastic deformation starts, whereas the {1011}


 intensity has a larger increase. From such 

small intensity changes of {0002}  it is hard to determine whether tensile twinning has occurred. 
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However, by observing the individual diffraction patterns we found at applied true stress of 775MPa, it is 

seen that {1010}


 diffraction peak appears along the TD stress direction, where previously there was 

none.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4-3  Lattice strain evolution of un-irradiated TD sample with true stress (a),(b) and true stain (c), (d) 

along stress direction and Poisson direction RD at room temperature. 

 

Fig. 4-5 shows the TD direction normalized diffraction pattern acquired at true stress of 775MPa, peak 

stress of 781MPa, and maximum strain obtained during test which is about 10% engineering strain. It can 

be seen that the {1010}


 intensity continues to increase with the accumulation of plastic strain, and even 

has larger increase during necking when the applied stress starts to decrease. Accompanying the intensity 

(a) (b) 

(c) (d) 
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decrease of {0002}peaks, this intensity change along TD direction is evidence of the operation of tensile 

twinning, which has rotated the basal normal away from TD direction and brings in {1010}


diffraction. 

 

 

 

 

 

 

 

 

Fig. 4-4 Intensity change during tension of un-irradiated TD sample, (a) TD stress direction, and (b) RD 

Poisson’s direction. 

 

 

 

 

 

 

 

 

 

Fig. 4-5 Normalized neutron diffraction pattern acquired along TD direction in un-irradiated room 

temperature tensile TD sample at (a) 775MPa (0.036 true strain), (b) peak true stress 781MPa (0.06 true 

strain), and (c) end of test (0.1 engineering strain). 

(a) (b) 

(b) (a) 

(c) 

{1010}


{1010}


{1010}


{0002}

{0002}{0002}

{1011}
 {1011}



{1011}
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4.3.2.3 Un-irradiated AD sample deformed at 250˚C 

 

The evolution of lattice strains with true stress and true strain of un-irradiated AD sample tested at 250˚C 

is shown in Fig. 4-6. Due to the elevated test temperature, the stress needed to initiate dislocation slip 

becomes smaller. The yielding sequence of individual grain families is the same as the test done at room 

temperature. Fig. 4-6 (a) shows the {1010}


 and {2021}


 grains deviate firstly from linear increase at an 

applied stress of 331MPa, followed by the {1011}


 grains at 422MPa. Furthermore, smaller lattice strain 

differences can be seen, which indicates reduced anisotropy at elevated temperature. 

From the plot of lattice strain change with true strain in Fig. 4-6 (c) we can see that the lattice strains 

evolve very similarly to the room temperature tests as strain increases. Again along the RD Poisson 

direction, the anisotropy is large and the changing trend is the same as that of room temperature, showing 

in Fig. 4-6 (b) and (d). By carefully observing the evolution of lattice stain we can see another noteworthy 

characteristic. In Fig. 4-6 (a), along the AD stress direction, the {1011}


lattice strain decreases a little from 

relaxation and correspondingly lattice strain of the other two prismatic grain families have a small 

increase. At same stress level, along the RD Poisson direction a shift of increasing compressive strain on 

the {1122}


 lattice strain can be observed. This might be caused by the operation of basal <a> slip as it 

has biggest impact on the lattice strain of {1011}


 grains, but cannot be confirmed based on the data. 
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Fig. 4-6 Lattice strain evolution of un-irradiated AD sample with true stress (a), (b) and true stain (c), (d) 

along stress direction and Poisson direction RD at 250˚C. 

 

.  
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(c) (d) 
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4.3.2.4 Un-irradiated TD sample deformed at 250˚C 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4-7 Lattice strain evolution of un-irradiated TD sample with true stress (a), (b) and true stain (c), (d) 

along stress direction and direction RD at 250˚C. 

 

Fig. 4-7 shows the evolution of lattice strain with true stress and true strain of the un-irradiated TD 

sample tested at 250˚C. Again the intergranular stresses represented by the magnitude and divergence of 

lattice strains are smaller at the elevated test temperature. Along the stress direction TD all the grain 

families show initial hardening followed by relaxation of lattice strains in the plastic region (Fig. 4-7 (a), 

(c)). The lattice strain of {1120}


 grains becomes almost the same as that of the {1011}


grains, which is 

distinct from the deformation at room temperature where strong hardening is seen for the {1120}


lattice 

(a) (b) 

(c) (d) 
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strain. The anisotropy along the RD Poisson direction becomes larger, where lattice strain of {1122}


grains relaxes once plastic deformation starts to operate at applied true stress of 508MPa. The {1120}


grains almost keep the same with little hardening, and the {0002} grains take the largest load partitioning 

with highest compressive lattice strain (Fig. 4-7 (b), (d)). 

 

4.3.2.5 Irradiated AD sample deformed at room temperature 

 

Fig. 4-8 shows the lattice strain evolution of irradiated AD sample tested at room temperature. The fast 

neutron irradiation significantly increased the resistance of Zr-2.5Nb alloy to plastic deformation. 

However, the yielding trend of different grain families is similar to the un-irradiated AD sample. From 

Fig. 4-8 (a) it is seen that the deviation of the lattice strain of {1010}


 and {2021}


grains from linear 

elastic increase doesn’t happen till the applied true stress reaches 804MPa, then followed by that of the 

{1011}


grains at 855MPa. Furthermore, the anisotropy of the lattice strains between the three grain 

families becomes smaller in the neutron irradiated AD sample. From the stress-strain curve work 

softening can be seen when the strain has reached about 0.03 (Fig. 4-1 (b)). In this region, development of 

the lattice strain becomes significantly different from that of the un-irradiated AD sample tested at room 

temperature. As shown in Fig. 4-8 (c), all the lattice strains show a decreasing trend with the increase of 

strain, which denotes the corresponding grains were being relaxed as the deformation proceeded. 

However, along the RD Poisson region, the development of lattice strains tends to slow down and saturate 

with the increase of strain. 
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Fig. 4-8 Lattice strain evolution of irradiated AD sample with true stress (a), (b) and true stain (c), (d) 

along stress direction and Poisson direction RD at room temperature. 

 

4.3.2.6 Irradiated TD sample deformed at room temperature 

 

Lattice strain evolution of irradiated TD tested at room temperature is shown in Fig. 4-9. Although only 

about 1 percent total strain was obtained during the in situ test, the calculated lattice strain data still shows 

a distinctive deformation behavior change compared to the room temperature tested un-irradiated TD 

sample. Lattice strain of the {0002} grains is the first to deviate from linear elastic region at the applied 

true stress of about 759MPa (Fig. 9(a)). The {1120}


and{1011}


grains show stronger strength and deform 

elastically until the sample starts to macroscopically yield, which can be better seen from Fig. 4-9 (c). 

(a) (b) 

(c) (d) 
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Along the RD Poisson’s direction, lattice strains of different grain families show small difference, it 

seems to be more isotropic than the TD stress direction (Fig. 4-9 (b), (d)). 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4-9 Lattice strain evolution of irradiated TD sample with true stress (a), (b) and true stain (c), (d) 

along stress direction and Poisson direction RD at room temperature. 

 

4.3.2.7 Irradiated AD sample deformed at 250˚C 

 

Fig. 4-10 shows the lattice strain evolution of the irradiated sample tested at 250˚C. From Fig. 4-10 (a) the 

lattice strain deviation from linear is hardly seen for all three grain families, although macroscopic 

yielding has happened with about 0.013 total added strain (Fig. 4-1(b)). In Fig. 4-10 (c) the deviation 

from linear is better seen, where the {1011}


 grains show the same response as the {1010}


 grains. It is 

(c) 

(a) (b) 

(d) 
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likely that at this temperature all the grain families yield at around the same stress and with about the 

same hardening rate, which means the material is behaving more isotropic. Lattice strains along the RD 

Poisson’s direction show much more isotropic characteristic than that of both irradiated and un-irradiated 

AD tested at room temperature at the same strain range (Fig. 4-10 (b) (d)). 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4-10 Lattice strain evolution of irradiated AD sample with true stress (a),(b) and true stain (c), (d) 

along stress direction and Poisson direction RD at 250˚C. 
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4.4 Discussions 

4.4.1 Deformation behavior of un-irradiated Zr-2.5Nb pressure tube 

 

The un-irradiated Zr-2.5Nb pressure tube material shows a large strength anisotropy along the TD and 

AD directions, which is known to result from the strong texture. Previous in situ neutron diffraction 

studies on various zirconium alloys have shown that the deviation from linearity of certain grain family’s 

lattice strain is associated with the initiation of certain slip modes during deformation [30, 32, 34]. 

Similarly, in this study, the deviation from linearity of lattice strain of specific grain families can be 

approximated as the initiation of certain deformation modes, i.e, the first deviation of {1010}


,{1120}


and {2021}


 lattice strains represent prismatic <a> slip; {1011}


 lattice strain represents basal <a> slip; 

and  {0002} lattice strain represents pyramidal <c+a> slip. The true stresses at which the lattice strains of 

the above slip system representing grain families start to deviate from linearity in the un-irradiated 

pressure tube sample is plotted for the initiation of deformation modes (Fig. 4-11). As indicated by empty 

circles and cubes respectively, the initiation sequence in both AD and TD samples follows prismatic, 

basal, pyramidal, and tensile twinning for the room temperature test. This finding is consistent with other 

studies on zirconium and zirconium alloys regarding the CRSSs of the three dislocation slip modes. 

However, interestingly here in Zr-2.5Nb pressure tube material tensile twinning is found to operate after 

the initiation of pyramidal slip in the TD sample at room temperature, while many studies show that 

twinning initiate at a lower tensile stress than pyramidal slip [30, 34, 37, 38]. In the study done by Cai 

[32] on a hot rolled Zr-2.5Nb alloy with weak texture, no apparent twinning activity was found along all 

three rolling direction under both tensile and compressive tests with about 10 percent total strain. In 

comparison Muransky [33] did see twinning in more strongly textured Zr-2.5Nb plate material; it was 

concluded that Cai`s weak texture meant only a few grains were appropriately oriented for twinning and 

hence never reached local conditions sufficient to initiate twin formation. Considering that tensile 
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twinning didn’t occur until the end of the test in this study, one can also concludes that the operation of 

twinning is closely related to the local stress state which is controlled by accumulation of appropriate 

dislocations. No twinning activity has been detected from the un-irradiated TD sample tested at 250˚C, 

which might be due to the fact that pyramidal slip operates at a lower stress and/or not enough plastic 

strain (around 3.4 percent total strain) had been added during the test. 

The Kearns f factors in Table. 4-1 show that most of the grains in the Zr-2.5Nb pressure tube have their 

basal poles close to the TD direction, and correspondingly AD direction has most of the grains’ {1010}


 

poles. Therefore during loading along the AD and TD directions the grains would have different Schmid 

factors for each of the slip system. Fig. 4-12 shows change of the calculated Schmid factor of prismatic 

<a>, basal <a>, and pyramidal <c+a> slip with respect to loading direction along different plane normals 

in zirconium. The Schmid factor of prismatic slip increases continuously with the increase of angle from 

the (0002) basal plane, while that of the basal slip increases initially and decreases when the angle is 

larger than 50˚. Therefore it is easy to see that with the typical pressure tube texture, the AD direction is 

the most favorable direction of the operation of prismatic <a> slip, as has been confirmed by the early 

departures from linearity of {1010}


 and {2021}


 lattice strains in the applied stress direction of the AD 

sample. Despite having the lowest CRSS value, prismatic <a> slip seems not to be the dominating 

deformation mode for the TD sample due to its low Schmid factor. The lattice strain change of the room 

temperature TD sample in Fig. 4-3 shows that {1120}


 grains exhibit yield first, indicating the early 

operation of prismatic slip in these favorably aligned grains. This is followed by the yielding of {1011}


grains (Schmid factor of 0.363 for basal <a> and 0.334 for prismatic <a> for ideally oriented grains) and 

{1012}


grains (Schmid factor of 0.431 for basal <a> and 0.198 for prismatic <a> for ideally oriented 

grains), which indicates that very likely basal slip was activated in those grains. Despite the fact that 

pyramidal slip has a large Schmid factor for most of the grains in the TD sample, it is the last activated in 
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the {0002}  and {1013}


 grains due to its large CRSS value. Furthermore, in the {1011}


 grains, in which 

basal and prismatic slip is already operating there might also be some pyramidal activity. 

 

 

 

 

 

 

 

 

 

  

Fig. 4-11 Initiation of deformation modes at different applied true stresses in the un-irradiated Zr-2.5Nb 

pressure tube sample. 

 

It is worth noting that along the TD direction a higher stress is needed to initiate the same deformation 

system than that along the AD direction, and the trend becomes even more apparent at 250˚C (Fig. 4-11). 

This phenomenon could have resulted from the existence of thermal stresses. Zirconium is reported to 

have a significantly larger thermal expansion coefficient along <c> direction than <a> direction [39]. So 

upon cooling from a stress free temperature, estimated to be around 900K [40], the {1010}


 grain family 

will be under compression while the {0002}grain family is under tension. With the measured HIPPO 

texture data of the un-irradiated Zr-2.5Nb pressure tube, a grain file with 2000 grains was generated as an 

input file for thermal strain calculation with an (Elasto-Plastic Self Consistent) EPSC model [41]. The 

calculated thermal strains along the three sample axes are shown in Table. 4-3. It can be seen that larger 

compressive strains exist in the grains favoring prismatic and basal slip along the TD direction than in the 

AD direction, which explains why larger stress is needed to activate the same slip mode along the TD 

direction.  
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Fig. 4-12 Schmid factor change of prsim <a>, basal <a> and pyramidal <c+a> with respect to loading 

from different plane normal. 

 

 

 

 

Table. 4-3 Calculated thermal strain (in microstrain) of individual grain families along three sample axis 

by EPSC model at room temperature. 

 

Grain 

family {1010}


 {0002}  {1011}


 {1012}


 {1120}


 {1013}


 {1122}


 {2021}


 

AD 232 0 831 1591 257 1995 1000 424 

TD -1359 993 -831 -89 -1359 345 -706 -1204 

RD -186 846 -32 321 -185 562 155 -154 

 

When the test temperature is raised to 250˚C, the {1010}


, {2021}


 and {1011}


 grains yield at almost the 

same stress along both TD and AD directions. Similar phenomenon has been observed in another study 
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on Zircaloy-2 [34], which was attributed to the decrease of basal <a> CRSS with temperature that resulted 

in the initiation of basal and prismatic in those grains happen at approximately the same applied stress.  

Finally, the evolution of lattice strains along the common Poisson direction RD is quite different for tests 

done on the un-irradiated TD and AD samples at room temperature and 250˚C, which can also provide 

some information about the deformation modes occurring during loading. The RD direction lattice strain 

in the AD sample shows large anisotropy (Fig. 4-2 (b, d)). The {1013}


lattice strain changes with the 

same trend as the {0002} lattice strain, and the {1120}


 lattice strain has the largest relaxation. However 

in the TD sample the {1120}


 lattice strain has smaller relaxation and the {1013}


lattice changes 

similarly to the basal grains like {1011}


 and {1012}


. The difference is more apparent at 250˚C, where 

the {1122}


lattice strain becomes the one with most relaxation. This also indicates that different 

dominant deformation mechanisms may be occurring for testing along different sample axes, i.e. basal 

slip more important in TD and prismatic slip more important in AD sample. 

 

4.4.2 Effect of fast neutron irradiation on the deformation behavior 

 

The fast neutron irradiated Zr-2.5Nb samples have shown a higher strength than the un-irradiated ones. 

Such irradiation hardening is attributed to the existence of irradiation generated <a> type dislocation 

loops in the microstructure which act as barriers pinning moving dislocations. By comparing the increase 

of applied true stress at which the slip system representing the grain family yields, it is found that the 

three operative dislocation modes have a different hardening response to the <a> dislocation loops. For 

the irradiated AD sample, the applied true stress at which the {1010}


and {2021}


 grains yield indicating 

the initiation of prismatic slip has been increased from 472MPa to 823MPa, while it has increased from 



 

94 

 

632MPa to 850MPa for basal slip, as indicated by yielding of {1011}


 grains. This indicates that the 

irradiated sample has become more isotropic compared with the un-irradiated sample. As shown in Fig. 4-

8 (a) and (c), the lattice strain difference between the three grain families becomes smaller than that of the 

un-irradiated sample, which denotes smaller deformation anisotropy in the irradiated AD sample. The 

work softening phenomenon observed in the irradiated AD sample indicates that the irradiated AD sample 

was experiencing plastic instability after the initial work hardening stage, since there was no necking 

happening during this period. Such plastic instability has also been found in other irradiated materials and 

is believed to be the result of localized deformation commonly called dislocation channeling [42]. In 

order to examine whether dislocation channeling has also occurred during the deformation of the 

irradiated Zr-2.5Nb AD sample, the dislocation density of the same sample has been measured before and 

after the deformation. The results have been reported in another paper [43], where the individual <a> type 

and <c+a> type dislocation density of both un-irradiated and irradiated Zr-2.5Nb AD samples were 

measured before and after the in-situ tests. It was found that the density of type <a> and type <c+a> 

dislocations increases with about the same ratio as that of the pre-test state for the un-irradiated AD 

sample, whereas for the irradiated sample the type <a> dislocation density kept almost unchanged while 

type <c+a> dislocations have a large density increase after deformation. Such difference in dislocation 

density evolution of irradiated AD sample could be attributed to be due to dislocation channeling, where 

type <a> dislocation density is stabilized when there is a balance between the removing of irradiation 

induced dislocation loops and multiplication of mobile <a> type dislocations inside the dislocation 

channels. However, TEM examination of the irradiated samples will be required to confirm this 

hypothesis. 

The impact of irradiation on the pyramidal slip system can be seen from the {0002} lattice strain 

evolution in the TD sample. The applied true stress at which {0002} lattice strains start to deviate from 

linearity is determined from Fig. 4-7 and Fig. 4-9 as 759MPa and 747MPa for un-irradiated and irradiated 

TD sample respectively. Considering the two TD samples are from two pressure tube with slight texture 
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difference (Table. 4-1), the fast neutron irradiation seems to have very small hardening impact on the 

pyramidal slip system. This can also be confirmed by the measured density of <c+a> dislocation increases 

with a similar ratio with respect to the applied strain in un-irradiated AD and irradiated AD sample [43]. 

Therefore, given more isotropic deformation more significant pyramidal <c+a> slip activity may be 

expected in the irradiated zirconium alloys, which can be another important mechanism in inducing 

deformation instability. 

4.5 Conclusions 

 

Fast neutron irradiated and un-irradiated pressure tube materials have been tested with in situ neutron 

diffraction tensile tests along AD and TD directions at two temperatures. Following conclusions can be 

drawn from this study: 

1.  Lattice strain evolution of different grain families have shown to be a good indication of the initiation 

of different deformation modes during loading. Prismatic, basal, and pyramidal slip were found to operate 

in both un-irradiated AD and TD samples at increasing applied stresses. 

2. Increasing of testing temperature reduces the anisotropy caused by the texture, but didn’t change the 

initiation sequence of the three slip modes. 

3. Fast neutron irradiation selectively hardens prismatic and basal <a> slip, and has very small impact on 

the pyramidal <c+a> slip. 

4. Both lattice strain evolution and dislocation density measurements have shown pyramidal <c+a> slip 

played important roles in accommodating plastic strain during deformation of the irradiated samples. 

As part II of this study, the next chapter will focus on the dislocation microstructure observed by TEM 

and the evolution of dislocation density measured from the in situ diffraction patterns by line profile 

analysis. 
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Appendix: Origin of macroscopic strain softening in the irradiated Axial direction deformed Zr-

2.5Nb pressure tube sample 

In this chapter, we report softening of the applied stress with strain accumulation in the macroscopic 

stress-strain curve of the irradiated AD Zr-2.5Nb sample. Usually such a decrease of stress with strain 

accumulation occurs due to necking, which indicates the initiation of plastic instability. However, in this 

study it is not likely that the softening is caused by macroscopic necking. Fig. 4-13 shows the fractured 

irradiated AD sample, which has been tensile loaded to fracture at room temperature during in situ 

neutron diffraction. It can be seen that the dog bone sample has been deformed uniformly, with only a 

small neck occurring close to the sample’s fracture surface. Given the fact that the sample was deformed 

with about 8% elongation, and the fracture surface is of cleavage characteristic, it is reasonable to 

consider that the effect of necking on macroscopic stress-strain behavior is relatively small. Therefore, the 

softening must have resulted by another mechanism, such as dislocation channeling as proposed in this 

thesis. 

 

 

  

 

 

Fig. 4-13 Fractured irradiated AD sample that has been tested in situ at room temperature with neutron 

diffraction. 
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Chapter 5 

Deformation mechanisms of Zr-2.5Nb pressure tube material with and 

without neutron irradiation studied by neutron diffraction and TEM, Part II: 

evolution of dislocation density and microstructure 

Dislocation density evaluation and microstructure characterization have been carried out on deformed Zr-

2.5Nb pressure tube material with and without fast neutron irradiation. Through line profile analysis on 

neutron diffraction patterns captured during in situ loading, the density changes of type <a> and type 

<c+a> dislocations with deformation were revealed. Combined with TEM observations on the un-

deformed and deformed samples, the deformation behavior of pressure tube material and the effect of 

neutron irradiation have been studied. It has been found that prismatic <a> dislocations provide strong 

hardening while basal <a> and pyramidal <c+a> have small hardening effect. There is relatively small 

change of type <a> dislocation density in the neutron irradiated sample during deformation, but a more 

significant activity of pyramidal <c+a> activity. In fact this activity is higher than seen in the un-

irradiated sample. This is believed to result from the removal of dislocation loops through channeling, and 

low hardening effect on pyramidal <c+a> slip system from irradiation induced defects. 

 

5.1 Introduction 

 

Plastic deformation of hexagonal crystal structured alloys is usually characterized by the activation of a 

variety of slip and twinning systems. The operation of those systems strongly depends on the c/a ratio [1]. 

For zirconium with a c/a ratio of around 1.59, the easiest slip system {1010} 1120
 

  prismatic <a> 

slip, followed by (0002) 1120


  basal <a> slip, and {1011} 1123
 

   pyramidal <c+a> slip which is 

the hardest mode [2-4]. Different types of twinning are also often found to operate in zirconium alloys in 
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order to provide sufficient deformation modes to meet the von Mises criteria [5]. Understanding the 

operation of these deformation modes during plastic deformation is of big importance for the designing 

and processing of zirconium alloys that are widely used as nuclear structural components.  

Zr-2.5Nb alloy has been used as pressure tube material in CANDU reactors since the 1970s due to its 

good mechanical strength, high corrosion resistance, combined with low neutron absorption cross section 

[6]. As a result of multiple forging, hot extrusion and cold working process, the manufactured pressure 

tube is of highly elongated grain structure, a strong texture [7], and a fair amount of residual dislocations 

in the  grains [8]. Such microstructural characteristics provide a significant impact on the in-reactor 

performance of pressure tubes [9]. Therefore, it is necessary to know the operation of different slip modes 

under stress for predicting in-reactor deformation of pressure tubes and providing guidance for reactor 

maintenance. Furthermore, the pressure tubes are subjected to fast neutron irradiation during service 

which induces a large amount of small dislocation loops, resulting in hardening and loss of ductility [10-

12]. Despite many studies done by both mechanical testing and TEM observation of deformed 

microstructures, an understanding of how the different dislocations evolve during deformation of the 

irradiated Zr-2.5Nb alloy is still lacking. 

In part I of this study (Chapter 4) it has been reported that neutron irradiation selectively hardens both 

prismatic and basal <a> slip system but has little impact on the pyramidal <c+a> slip in Zr-2.5Nb 

pressure tube alloy. Another study dedicated to applying line profile analysis to measure dislocation 

densities evolution on the samples used in this research project has revealed larger <c+a> dislocation 

density in the neutron irradiated sample than un-irradiated sample after deformation [13].  In this chapter 

we aim to apply line profile analysis on the in situ acquired neutron diffraction pattern during deformation 

of both irradiated and un-irradiated Zr-2.5Nb sample; the same data that peak position strains were 

reported in Part I. Therefore dislocation density evolution with plastic strain can be revealed in samples 

with and without fast neutron irradiation. Through such density measurements and correlated TEM 
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microstructure characterization, a deeper understanding on the effect of texture and neutron irradiation on 

deformation mechanism in Zr-2.5Nb alloy will be given. 

5.2 Theory for diffraction line profile analysis 

 

The line broadening of diffraction peaks are strongly influenced by various microstructure elements, such 

as grain size, dislocations, stacking faults and twinning, sub-boundaries, .etc [14]. For a material that is 

subjected to plastic deformation without any other change in microstructure, the broadening of diffraction 

peaks is mainly influenced by the generation of dislocations and formation of sub-boundaries. It is known 

that different types of slip systems can be activated in the non-cubic materials upon loading, and each 

type of dislocation affects the broadening of individual diffraction peaks differently [15]. Such effect is 

analogous to the contrast of dislocation to different imaging reflections in TEM. When the reflections 

used for imaging is perpendicular to the Burgers vector, the dislocation is out of contrast; while the 

reflection is very close to the Burgers vector, the dislocation is in contrast. Likewise, the three types of 

dislocations with Burgers vectors of <a>, <c> and <c+a> in zirconium induces different broadening 

response on diffraction planes, which depends on the relative orientation of the dislocation Burgers vector 

and lattice plane normal. Type <a> dislocations mainly affect the broadening of low order peaks such as

{1010}


, {1120}


, {2021}


 peaks, whereas the high order peaks like {0002}, {1013}


 are more influenced 

by dislocations with <c> and/or <c+a> Burgers vector. 

 

Microstrain, which is described by the mean square strain <
2
>, is the quantitative term used to evaluate 

the contribution of dislocations to peak broadening [16-18]. The profile function of a diffraction pattern, 

D

hklI , is given by its Fourier transform (FT) [17]: 
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where , b and C  are the dislocation density, the magnitude of the Burgers vector and the average contrast 

factor of dislocations, respectively, g is the absolute value of the diffraction vector, L is the Fourier 

variable,  f   is the Wilkens function [19] giving the L dependence of 2 for dislocations and

/ eL R  , where Re is the effective outer cut-off radius of dislocations. For hexagonal polycrystal the 

average contrast factor C , can be written as[20, 21]: 

2
. .0 1 21hk l hkC C q x q x     ,

2

2

3

l
x

ga

 
  

  ，

 

where .0hkC  is the average contrast factor corresponding to the hk.0 reflections, a is the lattice constant in 

the basal plane, g is the magnitude of the diffraction vector, q1 and q2 are parameters depending on the 

single crystal elastic constants of the material and the dislocation structure. The fitting of whole 

diffraction is carried out with the extended Convolutional Multiple Whole Profile (eCMWP) software 

package [22-24]. During the fitting process, q1 and q2, , and Re are the dislocation structure related fitting 

parameters; they are refined together with the crystal size related parameters. The q1m and q2m are 

experimentally determined parameters which describe the average dislocation character in the hexagonal 

polycrystal. Knowing the q1m and q2m values and the numerically calculated .0hkC , q1 and q2 parameters for 

the given hexagonal crystal, it is possible to determine the relative fractions of the three Burgers vector 

types, <a>, <c+a> and <c> [25, 26]. 

5.3 Experimental methods 

 

In situ neutron diffraction tensile tests were done on Zr-2.5Nb pressure tube samples with and without 

fast neutron irradiation at room temperature. The irradiated samples were cut from a pressure tube 

removed from a CANDU reactor after 7 years of service, with the local neutron fluence of 1.6×10
24

 n/m
2
 

(E>1MeV) which equals about 0.5dpa atomic displacement. The un-irradiated samples were from a 

pressure tube manufactured with the same procedure. Texture analysis reveals that both types of samples 
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have similar texture and grain microstructure. The tensile loading directions were selected along either 

transverse or axial direction of the tube. For the ease of naming TD, AD and RD will be used to represent 

the transverse, axial, and radial direction of the tube respectively throughout the paper. 

During the tests, neutron diffraction patterns along both applied stress and one Poisson direction were 

collected simultaneously at the Spectrometer for Materials Research at Temperature and Stress 

(SMARTS) at Los Alamos Neutron Science Center [27]. The detailed experimental procedure can be 

found from Part I of this study (Chapter 4), where the stress-strain curve and development of lattice strain 

have been reported. 

In order to probe the dislocation density by line profile analysis, diffraction measurements were done on 

the pre- and post-deformation sample at LANSCE using the Neutron Powder Diffractometer (NPDF) 

[28]. It has been shown that this instrument can provide diffraction with sufficiently high resolution to 

give accurate density values of type <a> and type <c+a> dislocations as well as the arrangement factor 

[13]. In addition to the data reported previously on the AD direction samples [13], neutron diffraction 

pattern of the un-irradiated TD direction post-deformation sample was also acquired on the NPDF beam 

line. Then the diffraction pattern was evaluated using the extended Convolutional Multiple Whole Profile 

(eCMWP) software package [22]. The data was collected from the banks at -148˚ and +148˚ which have 

the best resolution. The instrumental resolution and profile shapes were determined using a coarse-

grained NIST standard Si powder sample. 

The diffraction patterns acquired during in situ straining at SMARTS also contain information regarding 

changes in stored dislocation density during loading; hence it is desirable to run Diffraction Line Profile 

Analysis (DLPA) analyses on those patterns too. One challenge is that the SMARTS patterns were only 

acquired with 20 minutes data acquisition time hence they don’t have sufficient number of well-defined 

diffraction peaks to ensure the eCMWP program provides a unique solution. However, the NPDF fitting 

results of the pre- and post-deformation samples can provide information to constraint certain parameters 
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at both ends of the in situ deformation studies. Thus only the dislocation density value and q1, q2 are fitted 

by the program during analysis of the in situ deformation. It has been found that during deformation the 

area weighted average coherently scattering domain size <X>A and the arrangement factor M changed 

respectively. Therefore we fix these parameters in the analysis of the in situ data by using the pre- and 

post- deformation NPDF values and assuming that they change linearly with the increase of macroscopic 

plastic strain. This assumption clearly influences the results obtained, and hence the exact plastic strain at 

which certain events occur should be treated with caution. However by making this assumption, 

reasonably consistent results were obtained from the in situ SMARTS patterns to the NPDF results at 

both pre- and post-deformed condition, as shown in Table. 5-1. Through this procedure the density 

evolution of both irradiated and un-irradiated AD sample during loading have been studied. 

Diffraction contrast TEM observations have also been made on the pre- and post-deformation un-

irradiated samples, therefore the dislocation microstructures can be correlated with the dislocation density 

measured by DLPA analysis. Due to the strong texture, TEM foils were prepared along TD and AD 

sections from each sample. In this way the sample can be observed on both [0002] zone axis and [1120]


 

axis for the observation of type <a> dislocation and type <c+a> dislocations respectively. The irradiated 

samples have not yet been made available for TEM examination, however in the future, TEM observation 

on these samples should be made as well. 
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Table. 5-1 Average coherently scattering domain size, dimensionless Wilkens arrangement parameter, 

total dislocation density measured from NPDF data, (AD sample data were reported in [13]), and fitted 

total dislocation density from SMARTS patterns by fixing <X>A and M. 

 <X>A (nm)  M   
NPDF  

total (10
14

 m-2)  

SMARTS  

total (10
14

 m-2)

Un-irradiated pre-

deformation AD 
110±15 1±0.08 4.8±0.5 6.4±0.5 

Un-irradiated 

post-deformation 

AD 

44±10 1.1±0.1 20±1 28±4 

Un-irradiated 

post-deformation 

TD 

47±11 0.997±0.12 34±3 -- 

Irradiated pre-

deformation AD 
84±15 3±0.2 22±2 23.2±2 

Irradiated post-

deformation AD 
64±15 1.6±0.1 25±3 36±3 
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5.4 Results 

5.4.1 As received microstructure of un-irradiated pressure tube 

 

The as received microstructure of the un-irradiated Zr-2.5Nb pressure tube has been observed by TEM. 

Fig. 5-1 shows images containing <a> dislocations in the un-irradiated sample, without deformation. The 

thin foil was cut along the TD section so that the [0002] zone axis can be easily tilted to for the 

observation of <a> dislocations. From the bright and dark field images taken with {1010}


 reflections, it 

can be see that inside the elongated alpha grains there are ample <a> dislocations. They are believed to 

have been produced from the tube manufacturing process. Usually the tube is autoclaved at 400˚C for 24 

hours, this annealing process does eliminate these dislocations, left behind dislocation networks [29]. 

Dislocations with c-components can be observed by sectioning sample with normal direction parallel to 

AD. In this way most of the grains can have their [1120]


 zone axis close to the foil normal, then the 

(0002) reflection can be used for observation. As shown in Fig. 5-2 (a) and (b), all the type <a> 

dislocations are out of contrast with the (0002) reflection. According to Holt [30], the observed 

dislocations are believed to have either <c> ( 1 [0001]
2

) or <c+a> ( 1 [1123]
3



) Burgers vector. Fig. 5-2 

(c) and (d) are the bright and dark field images showing sub-boundaries consisting of c-component 

dislocations in the alpha grains, which have also been reported previously in other zirconium alloys [31]. 

With much better statistical accuracy than is readily achievable by TEM, the dislocation density of the as 

received material was measured by neutron diffraction line profile analysis, giving a total density of 

6.4±0.2×10
14

 m
-2

 with mostly type <a> dislocations (95%) and small amount of pyramidal <c+a> 

dislocations (5%) [13]. 
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Fig. 5-1 Bright and Dark Field image of <a> dislocations in the as-received Zr-2.5Nb pressure tube 

sample. (a-b) are from one alpha grain and (c-d) are from another alpha grain.  Foil normal is along the 

TD direction and the image zone axis is [0002]. 

 

5.4.2 Evolution of applied stress and FWHM of diffraction peaks with applied strain 

 

Fig. 5-3 shows the stress-strain curve of the samples tested with in situ neutron diffraction at room 

temperature. For the un-irradiated sample, there is stronger yielding strength but smaller hardening 

response along the TD direction than along the AD direction. The fast neutron irradiated sample shows  

 

(a) (b) 
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Fig. 5-2 (a-b) Bright and Dark Field image of <c> or <c+a> dislocations, and (c-d) sub-boundaries 

consisting with c-component dislocations in the as-received Zr-2.5Nb pressure tube sample. Foil normal 

is along the AD direction and the image zone axis is[1120]


. 

 

significant hardening compared with the samples without irradiation. Furthermore, work softening at 

larger strain is observed (the sample was still deformed without apparent necking), which is typical for 

irradiated materials due to strain localization during deformation. 
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Fig. 5-3 True stress-strain curve of the un-irradiated pressure tube along AD and TD direction, and 

irradiated pressure tube along AD direction measured during in situ neutron diffraction tensile test. Each 

data point corresponds to the holding position for neutron diffraction pattern acquisition. 

 

Fig. 5-4 shows the change of FWHM (Full Width at Half Maximum) of {1120}


, {1122}


 and {1013}


 

peaks with the increase of plastic strain for both the irradiated and un-irradiated sample, which 

qualitatively reveals the generation of different dislocations during deformation. As shown in Fig. 5-4 (a) 

and (b), the FWHM of all three peaks are increasing with similar trends in the un-irradiated AD and TD 

samples. This implies that both type <a> dislocations and type <c+a> dislocations were continuously 

generated as the plastic deformation proceeded. However, in the irradiated AD sample a distinctly 

different trend is seen. From Fig. 5-4 (c), it can be seen that the FWHM of {1120}


 is changing relatively 
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little compared with the increasing FWHM of {1122}


 and {1013}


 peaks. This implies a larger increase 

of <c+a> dislocation density than <a> dislocation density during deformation of the irradiated sample. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 5-4 FWHM evolution with the plastic strain (a) un-irradiated AD, (b) un-irradiated TD, (c) irradiated 

AD. 

 

 

5.4.3 Dislocation density measured by DLPA analysis 

 

The whole-pattern diffraction line profile analysis was carried out on the deformed un-irradiated TD 

sample using the eCMWP program, to provide a quantitative evaluation of dislocation densities from both 

(c) 

(b) (a) 
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type <a> and type <c+a> dislocations, as well as the arrangement factor. The measured results are listed 

in Table. 5-1, together with the data previously reported on the AD samples [13]. In Fig. 5-5, densities of 

type <a> and <c+a> dislocation measured at NPDF beam line are plotted to reveal the change after plastic 

deformation for the tested samples, respectively. The un-irradiated TD sample shows a relatively large 

increase in type <a> dislocation density compared to that of the un-irradiated AD sample (Fig. 5-5 (a)). 

Furthermore, higher <c+a> dislocation density also exists in the un-irradiated TD sample, which must be 

due to most of the basal poles being aligned close to the TD direction, favoring the initiation of pyramidal 

<c+a> dislocations. 

 

 

 

 

 

                                                                     

 

Fig. 5-5 Evolution of dislocation densities with plastic deformation in both irradiated and un-irradiated 

Zr-2.5Nb samples during tensile deformation. (a) Change of type <a> dislocations, (b) Change of <c+a> 

dislocations. The data of irradiated and un-irradiated AD is from [13]; and the plastic strains for un-

irradiated AD, un-irradiated TD, and irradiated AD are 4%, 6.6%, and 6.2% respectively. 

 

As mentioned above, using the measured microstructural parameters from the high resolution NPDF 

neutron diffraction patterns of un-irradiated and irradiated AD samples (both pre- and post-deformation), 

we were able to calculate dislocation densities from the diffraction patterns acquired in situ at the 

SMARTS beam line by fixing the average coherently scattering domain size and dimensionless 

arrangement parameter M, assuming they are changing linearly with the increase of plastic strain. Fig. 5-6 

(b) (a) 
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shows the total, type <a> and type <c+a> dislocation density change with plastic strain during the in situ 

deformation. For the un-irradiated AD sample, type <a> dislocations continuously increase their density 

at the beginning of deformation while there is not much increase of the <c+a> dislocations (<0.8% plastic 

strain). As the deformation proceeds beyond this plastic strain, both type <a> and type <c+a> dislocations 

increase with a similar trend. The irradiated AD sample shows a significantly different phenomenon. 

Within the error range, the type <a> dislocations don’t have much increase in density throughout the 

deformation process, as also confirmed from the NPDF results. The pyramidal <c+a> dislocations are 

seen to continuously increase with the accumulation of plastic strain, with an even higher rate than that of 

the un-irradiated AD sample. 

 

            

Fig. 5-6 Dislocation density evolution with plastic strain of (a) un-irradiated and (b) irradiated AD 

sample. The densities were calculated by fixing average coherently scattering domain size and 

dimensionless arrangement parameter, which has been calculated from the NPDF results by assuming a 

linear change with plastic strain accumulation. 
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5.4.4 Dislocation microstructure observation of deformed sample by TEM 

 

 

 

 

 

 

 

  

 

 

 

 

 

 

 

 

Fig. 5-7 Bright Field images of dislocation microstructure in the deformed un-irradiated AD sample, from 

sections perpendicular to the AD direction. (a-b) type <c+a> dislocations, and (c-d) type <a> dislocation. 

Zone axis [1120]


. 

In order to observe the dislocation microstructures after the deformation, thin foil samples were prepared 

from the deformed un-irradiated AD and TD samples along both AD and TD sections, as described in 

Section 5.3. 
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Fig. 5-8 Bright Field images of dislocation microstructure in the deformed un-irradiated AD sample, from 

sections perpendicular to the TD direction. (a-c) are images taken with three {1010}


 diffraction vectors 

within the same grain, zone axis [0002]. 

 

Fig. 5-7 shows dislocation microstructures obtained from the deformed un-irradiated Zr-2.5Nb AD 

sample along the AD section. As shown in Fig. 5-7 (a) and (b), with the (0002) reflection vector, only 

pyramidal <c+a> dislocations are seen in the images. From their line direction with respect to the basal 

normal direction, one can tell that they have significant edge component. Furthermore, these pyramidal 

<c+a> dislocations are of well-defined line morphology and much less tangling comparing to the type 

<a> dislocations observed in the same sample. As shown in Fig. 5-7 (c) and (d), the type <a> dislocations 

(c) 
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from the [1120]


 zone axis by tilting from the (0002) reflection to the {1101}


 reflections over two 

different areas. It can be seen that the <a> dislocations are of higher density than the pyramidal <c+a> 

dislocations and much more tangled with each other. Along the AD section, the morphology of the <a> 

dislocations is better revealed by using diffraction vectors from the [0002] zone axis. In Fig. 5-8 (a-c), the 

three images are taken with three {1010}


 g vectors, and no significant increase of the <a> dislocations is 

found in the alpha grains compared with the undeformed sample (Fig. 5-1). However, many more 

dislocations are found to have been trapped at the  phase boundaries in the deformed sample. 

Fig. 5-9 and Fig. 5-10 shows the dislocation microstructure of the deformed un-irradiated TD sample 

from AD and TD sections. The pyramidal <c+a> dislocations developed in the un-irradiated TD sample is 

less pronounced in their edge character than that of the un-irradiated AD sample, but there is a higher 

density (Fig. 5-9 (a-b)). This is consistent with the measured dislocation density by DPLA analysis. In 

Fig. 5-10 (a) and (b), only a few large <a> dislocations are seen in the  grains but there are strongly 

tangled dislocations exiting over the  phases.  The possibility that these dislocations belong to the  

phase can be excluded by the fact that the areas that entangled dislocation cover are much wider than the 

beta phase as seen in from Fig. 5-9 (a). 
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Fig. 5-9 Bright field images of pyramidal <c+a> dislocation microstructure in the deformed un-irradiated 

TD sample from section perpendicular with AD direction. Zone axis [1120]


. 

 

 

 

 

 

 

 

 

 

 

Fig. 5-10 Bright field images of dislocation microstructure in the deformed un-irradiated TD sample from 

section perpendicular with TD direction. (a) and (b) are images taken with {1010}


 diffraction vector over 

two different areas, zone axis [0002]. 
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5.5 Discussion 

5.5.1 Deformation behavior of samples without neutron irradiation 

 

In the first part of this study the initiation of different slip systems has been studied by observing the 

evolution of lattice strains during deformation. It has been shown that prismatic <a> slip is the easiest slip 

system followed by basal <a> slip and lastly pyramidal <c+a> slip for the un-irradiated samples. Tensile 

twinning only occurred when relatively large plastic strain has been accumulated in the un-irradiated TD 

sample. Dislocation slip dominated the accumulation of plastic strain along both AD and TD direction. 

Furthermore, it is shown that as expected the texture has a big influence on the deformation behavior. The 

stress-strain curves show that the TD sample has a higher yield strength but lower hardening rate than that 

of the AD sample. Due to the strong texture, along the AD direction most of the grains are favorable for 

prismatic <a> slip whereas along the TD direction the grains have larger Schmid factors for basal <a> and 

pyramidal <c+a> slip. Therefore, higher activities of basal and pyramidal slip will be expected in the TD 

sample. Good consistency has been found from the dislocation densities calculated by the DPLA analysis. 

As shown in Fig. 5-5, the un-irradiated TD sample has higher density of both type <a> and type <c+a> 

dislocations than that of the un-irradiated AD sample. 

TEM observation gives us direct information on the arrangement and distribution of dislocation 

microstructure after deformation. Higher pyramidal activity can be seen in the deformed un-irradiated TD 

sample by comparing the observed <c+a> dislocations in Fig. 5-7 (a-b) with Fig. 5-9 (a-b). The measured 

higher type <a> dislocation density from the un-irradiated TD sample can also be evidenced from the 

TEM observation. As seen from Fig. 5-10, although no apparent difference can be seen inside the alpha 

grains, dislocations on top of the  phase boundaries in the un-irradiated TD sample are much more 

plentiful than that in the un-irradiated AD sample. Note that along AD direction prismatic <a> slip is 

favored whereas basal <a> slip is somewhat favored along TD direction. One potential reason for the 
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difference in the type <a> dislocation density along AD and TD is due to that the phase boundaries 

trapping basal <a> dislocations more effectively than prismatic <a> dislocations. 

Lastly, the difference of the observed three slip systems on the macroscopic stress-strain curve can be 

given. The strong hardening along the AD direction should be provided by the operation of prismatic <a> 

slip. Relatively flat stress-strain curve measured along the TD direction implies that the operation of basal 

<a> slip and pyramidal <c+a> slip gives a smaller hardening effect. 

5.5.2 Effect of fast neutron irradiation 

 

Plastic deformation of irradiated material is often characterized by the formation of so called “dislocation 

channels”, in which irradiation induced defects are removed, creating soft zones where localized 

deformation occurs [32, 33]. In neutron irradiated zirconium alloys, both prism [34-39] and basal [40-44] 

defect free channels can form during deformation. The small change of type <a> dislocation density in the 

irradiated AD sample during deformation is likely explained by means of channeling. When a channel is 

formed by removing dislocations, mobile dislocations are generated subsequently inside the defect free 

channel to accommodate plastic strain. Further these channels make up a relatively small volume fraction 

of the total material – and the DLPA analysis provides a volume averaged dislocation density. Therefore 

it is reasonable that the removing of defects and generating of new dislocations has reached a somewhat 

stabile state and consequently no apparent type <a> dislocation density change was observed during 

loading of the irradiated AD sample. 

From the first part of this study (Chapter 4), it has been shown that fast neutron irradiation selectively 

hardens prismatic <a> and basal <a> slip system, but has small impact on the pyramidal <c+a> slip. This 

implied that in the irradiated sample there will be stronger pyramidal <c+a> activity during deformation. 

By observing the evolution of both FWHM and hence measured dislocation density with plastic strain 

from the in situ diffraction patterns (Fig. 5-4 (c) and Fig. 5-6 (b)), a strong change of the pyramidal <c+a> 

dislocation density can be seen from the irradiated AD sample. This finding is of significant importance 
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for the understanding of irradiated zirconium alloys deformation behavior. The effect of pyramidal <c+a> 

slip has been overlooked by previous studies [43, 45-48], which exclusively report formation of 

dislocation channels as the localized deformation mechanism which has resulted in the work softening 

and loss of ductility. From the lattice strain evolution of the irradiated TD sample, the (0002) grains 

favoring pyramidal <c+a> slip yield at a similar applied stress to that required in the un-irradiated TD 

sample. It is reasonably possible that in some appropriately oriented grains of the irradiated sample, 

pyramidal slip becomes an easy (perhaps even the easiest) mode to operate as type <a> slip is strongly 

impeded by dislocation loops. Therefore, besides dislocation channeling, the operation of <c+a> 

dislocations can be another slip mode which contributes to the accumulation of plastic strain in irradiated 

Zr-2.5Nb alloy. A further study on this will be carrying on TEM observation of the deformed irradiated 

sample to find the operation of dislocation channeling and pyramidal <c+a> dislocations. 

5.6 Conclusions 

 

Dislocation density and microstructure evolution with deformation in both un-irradiated and neutron 

irradiated Zr-2.5Nb pressure tube material have been studied through line profile analysis and TEM 

characterization. In the un-irradiated state, the operation of slip system is controlled by the texture of the 

sample. It is revealed that loading along TD favors the operation of basal <a> and pyramidal <c+a> slip, 

which induces little hardening. Loading along AD favors prismatic <a> and less activity of pyramidal 

<c+a> slip, with a strong hardening response. Dislocation density evolution in the neutron irradiated 

sample shows stronger activity of pyramidal <c+a> dislocations and stabilized type <a> dislocations 

density during deformation, indicating both type <a> dislocation channeling and more intense pyramidal 

slip might be operating. 
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Appendix: Effect of type II intergranular stresses on line profile analysis of dislocation density in 

zirconium alloys 

In anisotropic zirconium alloys, intergranular stresses usually develop during the themomechanical 

treatment. Like dislocations, the existence of distributions of such stresses also induces broadening of the 

diffraction line profile. Therefore, for the measurement of dislocation density by line profile analysis, one 

needs to consider the potential effect of residual intergranular stresses. 

The first study that shows the effect of intergranular stresses on line broadening was done by MacEwen in 

1990 with neutron diffraction [49]. It was reported that more than half of the broadening of both (1120)


 

prism peak and (0002) basal peak induced by tensile deformation can be removed by reversal 

compressive plastic deformation. Since no significant decrease of dislocation density was observed by 

TEM after the reversal deformation, the reduction of peak width was attributed to the change of 

intergranular stresses. Therefore the author suggested that conventional diffraction line profile methods 

cannot be applied to the determination of dislocation density in HCP metals. In a more recent study on Zr-

2.5Nb alloy [50], the significance of intergranular stresses on line broadening of HCP metals was 

discussed. Textured Zr-2.5Nb specimens were deformed along the transverse direction and longitudinal 

direction by the same amount of strain. TEM observation indicated that significant amount of pyramidal 

<c+a> dislocations formed in the transverse sample but almost none in the longitudinal sample. If one 

considers the broadening is mainly induced by dislocation generation, the transverse sample would have 

broader (0004) peaks than the longitudinal sample. However, the experimental XRD diffraction profile 

gives broader (0004) peaks for the longitudinal sample, as shown in Fig. 5-11 (a). Furthermore, the prim 

plane (2020)


 shows almost the same profile breadth for the transverse and longitudinal sample (Fig. 5-

11 (b). It was postulated that intergranular strain distributions had played the dominant role in inducing 

peak broadening in the Zr-2.5Nb alloy after deformation, which again suggests that the existence of an 
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intergranular stress distribution can strongly influence the determination of dislocation density from line 

broadening data. 

 

(a)  (0004)                                           (b)  (2020)


 

Fig. 5-11 Deconvoluted (0004) and (2020)


 diffraction line profile for the longitudinal and transverse 

tensile specimens after 8% deformation [50]. 

 

In this thesis, dislocation densities were determined by fitting multiple peaks in a whole diffraction 

profile. The Wilkens dislocation model used by the analysis does not take explicit account of the 

broadening effect from intergranular stresses either. However, the impact of intergranular stress 

distributions on the accuracy of dislocation density determined by line profile analysis can be estimated 

according to Balogh et.  al.  [13], which is briefly summarized as follow. 

For a diffraction peak intensity profile with broadening contribution from both long-range strain fields 

and dislocation strain fields, the intensity can be described by this integration: 

' ' '( ) ( ) ( )IG WI q dq P q f q q                            Eq. 1, 

Where ( )I q  is the intensity contribution of all the domains having the same value of long-range strains 

corresponding to a 
' '2 /q d  reciprocal space position; 

'd is the strained lattice spacing of the given 

reflection; 
'( )IGP q  is the probability density function of the intergranular strain distribution scaled to 

'q , 
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' '( )IGdq P q  is the amount of the coherently scattering domains having a long-range strains corresponding 

to a 
' '2 /q d ; and  

'( )Wf q q  is the Wilkens-like dislocation broadened peak share shifted by 
'q . 

Based on Eq. 1, the broadening of peak shape will be the convolution of the dislocation broadened peak 

shape and intergranular strain distribution broadened peak shape. The width of the convoluted peak shape 

can be approximated by a quadratic sum of the widths of the two components: 

2 2

T W IG               Eq. 2,  

where T , W , and IG  is the width of the convoluted, dislocation-broadened, and intergranular stress 

distribution-broadened profiles. 

Lastly, the uncertainty of evaluated dislocation density   can be calculated from the uncertainty of the 

measured reflection width T  according to Eq. 3. 

2 2 T WT

T T

 

  


           Eq. 3. 

According to [51], during in situ tensile deformation of steel, the width of the intergranular strain-

distribution-broadened reflections is typically 3-5 times smaller than the experimentally measured width. 

Therefore, in the presented case, even in an in situ strained sample, the uncertainty of the measured 

dislocation density is expected to be around or less than ±6%, which indicates the intergranular strain will 

not influence significantly the estimated dislocation density results. 

The discrepancies between previous studies [49, 50] and this thesis may not just be caused by the effect of 

intergranular stresses, but also because of the differences in the geometry of the diffraction profile 

measurements. Previous studies only measured prism and basal peaks with diffraction vectors parallel to 

specific sample directions defined by the texture of the material. Only those grains that have their 
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corresponding prism or basal planes perpendicular to the given diffraction vector contributed to the prism 

or basal peaks, grains which represent only a specific subset of the major texture component. For the 

whole profile fitting produce used here, the measured multiple peaks were collected by a time-of-flight 

instrument using a single high resolution detector panel located at the fixed 2 angle of -148. Thus, the 

diffraction vectors corresponding to all of the 11 reflections used were parallel, and had a spread of ~ ±6. 

Given this diffraction geometry, every reflection (except for upper harmonics) sampled a different set of 

grains, thus the whole diffraction pattern included contributions from almost every grain orientation in the 

neutron beam covered volume (as every reflection was generated by a different set of), thus it also 

included grains not part of the major texture component. In contrast, the peaks measured by the studies of 

[49, 50] represented a specific subset of grains from the major texture component. Because of the strong 

plastic anisotropy of HCP single crystals, the differently oriented grains in a polycrystalline sample can 

have different dislocation structures. Due to this orientation dependency, the results on the <c+a> 

dislocation densities can be different in the studies of [49, 50] and in the present thesis because of the 

different sampling method of the grain population. Determining the density of the <a> dislocation loops is 

not affected significantly by the sampling imposed by the neutron diffraction instrument, as the amount of 

irradiation defects in the grains is independent of crystallographic orientation. However, in order to do a 

more accurate survey of the deformed sample with a complete diffraction data set to account better for the 

orientation dependency of the microstructure, one will need to measure diffraction profiles from multiple 

directions  as defined by the texture of the sample and evaluate the diffraction profiles accordingly. The 

methodologies to perform such experiments with X-ray and neutron line profile analysis are presently 

being developed and improved [52, 53].  Hence, while the analysis of Balogh [13] suggests that 

intergranular stress distribution should have a relatively small (<10%) effect on measured dislocation 

densities, nonetheless this is an area that would benefit from more investigation in the future, to quantify 

the potential impact under different conditions. 
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Chapter 6 

Deformation mechanism study of a hot rolled Zr-2.5Nb alloy by Transmission 

Electron Microscopy, part I: dislocation microstructures in as-received state 

and at different plastic strains 

Thin foil dog bone samples prepared from a hot rolled Zr-2.5Nb alloy were deformed by in situ SEM 

tensile deformation to different plastic strains. The development of slip trace during loading, revealed that 

deformation starts preferentially in certain sets of grains during the elastic-plastic transition region. TEM 

characterization showed that sub-grain boundaries formed during hot rolling consisted of screw <a> 

dislocations or screw <c> and <a> dislocations. Prismatic <a> dislocations with large screw or edge 

components have been identified from the sample with 0.5% plastic strain. Basal <a> and pyramidal 

<c+a> dislocations were found in the sample that has been deformed to 1.5% plastic strain, implying that 

they require larger stress to be activated. 

 

6.1 Introduction 

 

Hexagonal close packed (HCP) crystal structured zirconium alloys have been extensively used as core 

components in both heavy and light water nuclear reactors, due to their low neutron absorption and good 

corrosion resistance, coupled with adequate strength. In contrast to cubic materials, components made 

from polycrystalline HCP alloys develop strong texture and significant anisotropy in properties like 

elasticity, thermal expansion, and plasticity [1]. Plasticity, which is a concern to both research scientists 

and alloy developers, the anisotropy is due mainly to the limited slip systems available to accommodate 

plastic strain and the different critical resolved shear stress (CRSS) of each system. Generally, the 

experimentally observed operational deformation modes in HCP materials are prismatic; basal <a> , and  

pyramidal <c+a> slip systems, and twinning with tensile or compressive modes [2, 3]. For zirconium and 
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its alloys, the {1010} 1120
 

   prismatic <a> slip has the lowest CRSS value; therefore it is the primary 

deformation mode for slip along the 1120


  <a> direction. Occurrence of basal slip has been 

considered rare in zirconium alloys. However, experimentally local activation of basal slip has been 

reported near twins and kind bands [4], cracks [2, 5], and free surfaces [5, 6-8]. Further, many recent 

works show that including basal slip is necessary to give good agreement between modeling predictions 

and experimental results, for either intergranular stress development [9-12], or texture evolution[13, 14]. 

Therefore, any solid microstructural evidence of basal slip operation in zirconium alloys will be 

invaluable for validating the input parameters of existing and future modeling works. 

Zr-2.5Nb alloy has been used as pressure tube material in CANDU (Canada Deuterium Uranium) reactors 

since the 1970s [15]. Its microstructure consists of ~90vol% HCP  phase and a secondary BCC  phase 

of around 10vol% [16]. The standard manufacturing route for pressure tubes produces a strong texture 

[17], which has a significant influence on the in-reactor properties such as irradiation growth and creep 

[18]. Several references reported dislocation microstructures formed in this material during processing 

[19, 20], and Cai comprehensively studied the room temperature deformation of Zr-2.5Nb in a hot rolled 

condition through in situ neutron diffraction experiments and computer modeling [10, 16]. However, 

there is still a gap in understanding the role of macroscopic deformation behavior and microstructures on 

the grain scale. Such knowledge can be obtained through TEM observation of deformation induced 

dislocation microstructural changes. In this chapter a comprehensive study is made on the observation of 

dislocations belonging to different slip systems, as well as their initiation sequence during deformation. 

Also this serves as the first part of a systematic studying into deformation mechanism change upon 

irradiation of a Zr-2.5Nb alloy. Detailed TEM observation on dislocation Burgers vector, slip plane and 

dislocation type, interaction of dislocations belonging to different slip systems will be presented. 

6.2 Experimental procedure 
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The Zr-2.5Nb alloy used for this study is with the composition of 2.5wt% Nb, ~1200ppm O, ~950ppm Fe, 

~100ppm C and balance Zr. Ingots were forged to 112mm thick at 1065˚C and then hot rolled to 56mm 

thick at about 700˚C followed by furnace cool. The texture as well as phase volume was measured by 

neutron diffraction in a previous study [16]. In the  phase the basal (0002) normal is mostly orientated 

towards TD (transverse direction) and ND (normal direction), while the 1010


   normals are 

concentrated in the RD (rolling direction). The material is chosen for the work here, compared to the 

more commonly found pressure-tube material because the grain size is larger, making microstructural 

observation easier. As the focusing of this study is to probe the operating deformation modes from a 

microstructural aspect, thin foil tensile dog bone samples (with 10mm gauge length by 3mm width) were 

prepared from the rolled plate. The loading direction was made along RD, while ND was kept as the 

sample plane normal direction. After machining, the thickness was grinded down to around 100m by 

sequentially using 500, 800, and 1200 grade silicon carbide paper under running water. Then one side of 

the sample was subjected to both chemical attack polishing and electron polishing for slip trace 

observation in scanning electron microscopy (SEM) by imaging during loading. 

Tensile tests were performed at room temperature with a constant displacement rate of 0.001mm/s 

(approximately 10
-4 

s
-1

) using an in situ stage inside a JEOL 840 SEM. The load and displacement were 

controlled by the MTESTW data acquisition and control software (Admet, Inc., Norwood, MA, USA) on 

a 5kN Fulham SEM tensile stage. In order to accurately measure the strain during loading, a strain gage 

was also attached to the sample over the back side connecting with a strain measurement system (Vishay 

Micro-Measurements, Model P3 Strain Indicator and Recorder). The experiments were paused at regular 

strain intervals for SEM imaging of the slip traces development during loading. 

Aiming to characterize the dislocation microstructure in the elastic-plastic regime and plastic regime, two 

separate tests were interrupted at 0.5% plastic strain and 1.5% plastic strain. Then 3mm diameter discs 

were punched out the gage area from each sample. Finally the discs were thinned using a Tenupol 5 twin 
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jet polisher (from Struers) with 5% perchloric acid in methanol electrolyte at -40˚C to produce electron 

transparent areas in disc center. Diffraction contrast characterizations of dislocation microstructure were 

done with a Philips CM20 TEM operating at 200kV. Burgers vectors of the dislocations were determined 

using the g•b invisibility criteria. Also the line directions and slip planes of the dislocations were 

characterized using either trace analysis or 3D tilting observations. 

6.3 Results 

6.3.1 Slip traces development during deformation 

 

The same area on a sample is viewed in Fig. 6-1, showing grain structure and development of surface slip 

traces at various applied strains. The loading direction RD and in plane Poisson direction (TD) are also 

indicated in the figure.  The two small indents at the bottom of each image were made on the polished 

surface to make sure that the images were taken at the same place during loading. It can be seen that the 

microstructure consists predominantly by  grains with length of ~60m and width of ~3m. Among the 

elongated grains, some round shaped grains are also seen. The  phase exists as white thin lamella 

between the  plates. For each test, the accumulation of strain was monitored by the strain indicator with 

the scale of microstrains. Microstructures were taken at every 0.06% strain increment by holding the load 

at each interval. Fig. 6-1 (b) and (c) show the microstructures when the deformation is at the elastic-

plastic transition regime and plastic regime (>1.5% total strain), which corresponds to plastic strains of 

0.5% and 1.3% respectively. During the elastic-plastic transition, slip traces only appeared in certain sets 

of grains, indicating localized deformation was happening. For the further deformation, slip traces 

developed in almost all the grains at a total strain of 2.22%. Another evident feature is that similar traces 

align towards the loading direction (with the angle range of 40-60˚) have developed on the elongated 

grains, whereas on the round shaped grains (indicated by the white arrow) the traces developed with a 

much larger angle with respect to the loading direction. From the observed slip traces we can infer that 
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only one deformation mode is dominant locally among sets of grains with similar orientation, whereas 

more than one modes might have operated in the round shaped grains during deformation. 

 

Fig. 6-1 SEM images showing development of slip traces at different total strains. Enlarged inserts in (b) 

and (c) showing the traces developed over the area outlined by white rectangular.  

6.3.2 Dislocation microstructure before loading 

 

The microstructure of this hot rolled Zr-2.5Nb alloy without adding plastic deformation was characterized 

in detail by using TEM along the same RD-TD section as that of the thin foil tensile samples. As shown 

in Fig. 6-2, sub-boundaries are frequently found across the  grains. They are believed to have formed 

during the hot rolling and subsequent anneal/furnace cooling process, as the previous forging process was 

done at 1065˚C in the  phase region which is unlikely to produce such sub-boundaries. The two insets in 

Fig. 6-2 (a) and (b) are of larger magnification, which reveal different morphologies of the same boundary 

under two imaging g vectors. With appropriate imaging condition, it is revealed that such sub-boundaries 

actually consist of dislocation networks (Fig. 6-2 (c)). 
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Fig. 6-2. Sub-boundaries existing in the  grains, the image is taken with the zone axis of [1211]
 

. In (a) 

and (b), the image is taken with the zone axis of [1211]
 

, with (1010)


 g and (1101)


 g, the insets show 

the details of the sub-boundary in high magnification. (c) shows the sub-boundaries that consist of 

hexagonal dislocation networks. 

 

In order to understand the formation mechanism of such sub-boundaries, more grains have been examined 

to look for areas where g•b analysis can be done to determine Burgers vectors of the constituting 

dislocations. Fig. 6-3 shows a  grain containing dislocation arrays which are at the process of forming 

such sub-boundaries. By taking Bright Field (BF) images with diffraction g vectors of {101 }n


 planes the 

Burgers vector of type <a> dislocations can be easily determined as there are only three variants [21]. Fig. 

6-3 (a-c) are BF images taken from the zone axis [1211]
 

 with three different g vectors; the inserted 

hexagonal cell indicating the alignment of the grain at each imaging condition. It can be seen that the 

network consists of chains of three hexagons. One hexagon from the network has been picked out to study 

the dislocation constituents, as shown by the schematic drawn in each image. Three type of dislocations 

represented by A, B, and C are found to have formed the hexagon. The group of dislocations which 

(a) (b) (c) 

1010


1010


1101


(a) (b) (c) 

100nm 300nm 300nm 
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satisfy g•b invisible criteria are shown by the dashed lines in each image. Clearly dislocation A, B, and C 

become invisible each with one of the three {101 }n


 g vectors respectively. 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6-3 Bright-field images showing dislocations constitute a sub-boundary in the hot rolled sample 

before loading, indicating it is a twist boundary consisting of hexagonal networks of screw dislocations. 

The inserted hexagonal cell shows the alignment of the grain at each imaging condition; (a), (b) and (c) 

are taken from one  grain along the zone axis of [1211]
 

 with three g vectors. (d) shows change of B 

dislocation line direction by tilting the grain to another zone axis [1101]


 with the same (0111)
 

 g 

diffraction vector, the dashed lines represent the directions of B dislocations in (b). 
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Table. 6-1 summarizes the determined Burgers vectors as well as line direction of the dislocations in Fig. 

6-3 (a-c). They are found to be all of screw type with the line direction parallel with their Burgers vectors, 

making a twist boundary in the  grain. 

 

Table. 6-1 Burgers vectors, slip plane, and line direction of hexagon constituting dislocations in Fig. 6-3 

(a-c). 

Dislocation Burgers vector Slip plane Line direction 

A [2110]
 

 (0002)  [2110]
 

 

B [1210]
 

 (0002)  [1210]
 

 

C [1120]


 (0002)  [1120]


 

 

Such twist boundaries have been well documented as forming in zirconium alloys during hot work or 

annealing [22-25], with a hypothesized formation mechanism of dislocation climb of edge dislocations 

from {1010}


 prismatic planes. For the hexagonal networks in Fig. 6-3 (a-c), the determined Burgers 

vectors indicate that they are caused by the attractive interaction of A dislocations with B dislocations 

while they intersect with each other, forming segments of C dislocations with the reaction described as 

follows: 

1 1 1
[2110] [1210] [1120]

3 3 3

    

  , 

Furthermore, arrays of A dislocations and B dislocations are seen to intersect with each other at the 

bottom of Fig. 6-3 (a). It seems that the reaction has happened on the (0002) basal plane by gliding of A 

dislocations and B dislocations rather than climbing. In order to further confirm that they are dislocations 

lying on the basal plane, line direction analysis was done on the B dislocation arrays at the bottom of the 

 grain by tilting the sample but keeping the same diffraction g vector. Fig. 6-3 (d) was taken with the 
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same g vector as that of Fig. 6-3 (b) but along [1101]


 zone axis which is about 24˚ from the [1211]
 

 zone 

axis. The dash lines in Fig. 6-3 (d) show the direction of B dislocations (indicated by red arrows) in Fig. 

6-3 (b) before the tilting. With the assistance of the inserted hexagonal cell, we can see that as the grain is 

tilted away from the [0002] pole, the line direction of B dislocations rotates clockwise in the 2D 

projection. This indicates that the dislocations are lying on the (0002) basal plane. Through this analysis 

we can draw the conclusion that B dislocations actually belong to the basal <a> slip system and the 

formation of the hexagon is the product of two <a> slip systems intersecting each other on the (0002) 

basal plane by glide.  

 

 

 

 

 

 

Fig. 6-4 Bright-field images showing sub-boundaries consist of pure <c> and <a> dislocations. (a), (b) are 

images taken near the [1120]


 zone axis; (c) and (d) are images taken near the [1010]


 zone axis. The 

<a> and <c> dislocations are indicated by the white arrows in each image. 

 

In addition to twist boundaries lying on the (0002) plane, sub-boundaries consisting of pure <c> 

dislocations and <a> dislocations have also been found in this alloy. Images in Fig. 6-4 are taken from a 

grain with its [0002] direction lying in the image plane. Pure screw <c> dislocations are visible with the 

(0002) diffraction g vector, as indicated by white arrows in Fig. 6-4 (a) and (c). The fringe contrast 

indicates the localized misorientation which these dislocations have accommodated. When imaging with 

(1010)


and (1120)


g vectors, arrays of <a> type dislocations are seen to overlap with the screw <c> 

dislocations in the boundaries (indicated by white arrows in FIG. 4 (b) and (d)).  

0002 1010
 0002 1120



(a) (b) (c) (d) 
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6.3.3 Dislocation microstructure induced by deformation (0.5% plastic strain) 

 

From the measured texture, it is known that most of the grains have their {1010}


 plane normals aligned 

close to the RD direction, while the (0002) normals are concentrated in the ND-TD plane. For the dog 

bone samples used in this study, the microstructure consists mainly of  plates elongating towards the RD 

loading direction, and sporadically, round shaped grains among the  plates. Slip trace observation during 

in situ loading in the SEM has shown that the plate like  grains are easy to deform grains during loading, 

as slip traces initially developed in them during the elastic-plastic deformation (Fig. 6-1 (b)). In contrast, 

slip trace development was more sluggish in the round shaped grains and of a larger angle with respect to 

the loading direction. In the TEM the orientation of plate-like grains and the round shape were surveyed. 

It has been found that they are of two distinct orientation alignments in the image plane (ND section). The 

majority of plate like grains are aligned their 1211
 

   or [0002] axes close to the image plane normal 

which enables the characterization of prismatic <a> dislocations with three {101 }n


 reflection g vectors. 

In contrast the round shaped grains mainly have with their 1120


   axes aligned close to the image 

plane normal, so we can use (0002) reflection to identify activity of pyramidal <c+a> slip system and 

{101 }n


 for the determination of prismatic and basal <a> activities. For each sample that has been 

plastically deformed to certain strain, dislocation observations were done in both types of grains; hereon 

we will refer them as type  and type  grain respectively. 
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Fig. 6-5 Bright-field TEM images showing reaction of two groups of prismatic dislocations reacting with 

each other in the sample after 0.5% plastic deformation. The images were taken along the zone axis 

[1211]
 

 with three g vectors, (a) C dislocations are invisible with the (1101)
 

 g, (b) A dislocations are 

invisible with (0111)
 

 g, and (c) B dislocations become invisible with (1010)


 g. (d) Schematic drawing 

of the observed dislocation configuration on the (0110)


 plane. 
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Two types of prismatic dislocations have been found operating after ~0.5% plastic strain deformation. 

Dislocation structures in Fig. 6-5 are commonly seen in the type  grains ((0002) plane close to the image 

plane).  As shown in Fig. 6-5 (a) and (c), there is a zig-zag type dislocation arrangement indicating the 

interaction between two types of dislocations. Two types of dislocations denoted by A and B are seen to 

react with each other forming dislocations C. In contrast to the reaction by gliding on the (0002) basal 

plane which has been discussed earlier, here it is likely that dislocations A and B are screw dislocations 

on two prismatic planes (0110)


and (1010)


 with the Burgers vector of 1 [2110]
3

 

, and 1 [1210]
3

 

 

respectively. When they intersect each other, the third dislocations labeled as C with a Burgers vector of 

1 [1120]
3



 were formed, with line direction close to that of the A dislocations[2110]
 

. Fig. 6-5 (d) 

schematically reconstructs part of the observed dislocations with a projection on the (0002)  plane. One 

can see that the reaction might have happened by a group of A dislocations on the (0110)


 plane being 

intersected by B dislocations on different (1010)


 planes, creating segments of C dislocation on each of 

the A dislocation lines. Given the segments of C dislocations are formed with the Burgers vector of

1 [1120]
3



, they are sessile on the (0110)


 slip plane of A dislocations. Therefore, one can expect that 

such a reaction will strongly hinder the gliding of screw prismatic <a> dislocations. 

In contrast to screw type prismatic <a> dislocations, the observed prismatic <a> dislocations with large 

edge component present a distinctive line morphology. Fig. 6-6 shows a series of images containing such 

dislocations taken from four type  grains with different imaging zone axes which are away from the 

[0002] basal pole by various angles. In Fig. 6-6 (a), the straight lines were seen to lie parallel with the 

(1010)


plane which is edge-on at the [0002] zone axis. Fig. 6-6 (b) is taken from another  grain with 

the [1211]
 

 zone axis. It can be seen that the straight lines become bands with a width of about 50nm, and 
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extend across the sub-boundary in the  grain. Fig. 6-6 (c) shows that such bands are constituted of 

dislocation arrays, which are <a> dislocations with Burgers vector of [1120]


 lying on the (1100)


plane. 

Finally, Fig. 6-6 (d), two groups of such dislocations are seen to operate simultaneously in one  grain. 

They can be identified to belong to the (1100)[1120]
 

 and (0110)[2110]
 

 slip systems respectively. 

For type  grains, their [1120]


 axes aligned close to the image plane normal. Therefore the activities of 

the other two possible slip systems, basal <a> slip and pyramidal <c+a> can be analyzed. Fig. 6-7 shows 

the dislocation microstructure in such grains with ~0.5% plastic deformation.  In this imaging condition 

the (0002) basal plane is nearly edge-on, so any dislocations belonging to a basal <a> slip should present 

as straight lines parallel with the basal plane trace. Therefore the observed <a> dislocations in Fig. 6-7 (b) 

still belong to prismatic <a> slip systems. When imaged with (0002) g vector, all dislocations become 

invisible with little residual contrast (Fig. 6-7 (a)), indicating the absence of pyramidal <c+a> dislocations 

in this grain. Fig. 6-7 (c) and (d) shows another type  grain in which both prismatic and pyramidal slip 

activity exists. The type <c> dislocations over the upper left in Fig. 6-7 (c) are misfit <c> dislocations of 

screw type. Four pyramidal <c+a> dislocations are observed as shown at the bottom of the image. 

However, compared with the density of prismatic <a> dislocations in the same grain shown in Fig. 6-7 

(d), one can infer that the activity of pyramidal <c+a> slip is relatively low at this plastic strain.  
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Fig. 6-6 Edge prismatic <a> dislocations in 0.5% plastic strain sample from 4 different  grains: (a) Zone 

axis [0002], (b) Zone axis [1211]
 

, (c) Zone axis [2423]
 

, (d) Zone axis [2423]
 

. 
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Fig. 6-7 Dislocation microstructures in the type two grains with [1120]


 align close to the image normal. 

(a) and (b) were taken from one grain with two g vectors, (c) and (d) were taken from another  grain. 

 

 

 

6.3.4 Dislocation microstructure induced by deformation (1.5% plastic strain) 
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For the sample deformed to 1.5% plastic strain, one expects higher activity of all the operating 

deformation modes, and hence more dislocations in the microstructure. Fig. 6-8 shows the distribution of 

prismatic dislocations taken from a type  grain in this sample. It can be seen that <a> dislocations 

become more entangled to each other, implying the strong intersection of two groups of prismatic <a> 

screw dislocation as discussed earlier. Straight bands can also be observed from Fig. 6-8 (a) and (c), 

indicating the operation of prismatic <a> dislocations with large edge components. Furthermore, it is 

noticed that these two types of <a> dislocations belong to different slip systems, which are 

(0110)[2110]
 

 and (1100)[1120]
 

 respectively. 

 

 

 

 

 

 

 

Fig. 6-8 Prismatic <a> dislocation distribution in a type  grain in 1.5% plastic strain sample, zone axis 

[1213]
 

, (a) g= (1010)


, (b)  g= (1101)


, (c)  g= (0111)


. 

 

In the type  grains, higher activity of pyramidal dislocations has also been observed. Fig. 6-9 is a series 

of images containing only pyramidal dislocations in a type  grain in the deformed sample with 1.5% 

plastic strain. In order to determine the line direction and slip plane the sample was tilted from [2110]
 

 

zone axis to [1010]


 zone axis by 30˚ while remaining the (0002) diffraction; images were taken during 

the rotation. Most of the pyramidal dislocations are seen to have short lengths, and it seems that they are 

(a) (b) (c) 
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moving as pairs (one example is indicated by the red arrow). As the grain tilts away from the [1010]


 

zone axis, the lengths of the dislocation pairs get shorter. Also their spacing and vertical position varies 

with the tilting angle. With the help of the inserted hexagonal cell we can determine that most of the short 

dislocations are pyramidal <c+a> dislocations on the (1101)
 

 plane, which is consistent with a previous 

study on zirconium [26]. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6-9 Series of images containing pyramidal <c+a> dislocations imaged with (0002) diffraction g 

vector by tilting from [2110]
 

 zone axis to [1010]


 zone axis, the images were taken from a type  gain 

in the sample with 1.5% plastic strain. 
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Fig. 6-10 Pyramidal <c+a> and basal <a> dislocations in a type  grain from the 1.5% plastic strain 

sample. (a)  (0002) g along [1210]


 zone axis, (b) (1010)


 g along [1210]


 zone axis, (c) 10˚ tilt towards 

[1211]
 

 zone axis, (d) (1010)


 g along [1211]
 

 zone axis, which is 28˚ away from the [1210]


 zone axis. 

 

In the type  grains, stronger activity of type <a> dislocations presents compared to that of the 0.5% 

plastic strain sample. Fig. 6-10 is another such grain in which strong pyramidal <c+a> activity was also 

detected after the 1.5% plastic deformation. When imaged with the (1010)


 diffraction g vector, type <a> 
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dislocations are found. As shown in Fig. 6-10 (b), dislocation walls parallel with the basal plane trace can 

be seen when the basal plane is almost edge-on. In order to determine whether these dislocations belong 

to the basal <a> slip system or not, the grain was tilted away from the [1210]


 zone axis towards the 

[1211]
 

 zone axis while remaining the same  (1010)


 reflection. In this condition all type <a> dislocations 

are in contrast and their 3D distribution can be analyzed. From Fig. 6-10 (c) and (d), the narrow 

dislocation wall appears to get wider as the grain is tilted further away from the (0002) plane edge-on 

direction. This implies that these <a> type dislocations lie on the basal plane and belong to the basal <a> 

slip system. Furthermore, from both Fig. 6-7 and Fig. 6-10 we can see that the pyramidal <c+a> 

dislocations exist among high density tangled <a> dislocations. This suggests that higher stress associated 

with dislocation tangle may be associated with the activation of <c+a> slip. 

6.4 Discussion 

 

The dislocation microstructure evolution with increasing strain observed in this study is consistent with 

the experimental study of intergranular stresses evolution by in situ neutron diffraction on the same 

material [17]. It was found that the lattice strain of {1010}


 grains deviates from linear elastic first, 

denoting the initiation of prismatic <a> slip during loading. The other two slip systems, basal <a> and 

pyramidal <c+a>, indicated by the lattice strain of  {1011}


 and (0002) grains deviating from a linear 

increase respectively, were found to operate at higher applied stresses where the sample deformed to 

larger plastic strain. In this work, in the sample with 0.5% plastic strain, the deformation induced 

dislocations mainly consisted of prismatic <a> dislocations in both type  and type  grains. Only a few 

pyramidal <c+a> dislocations were found in some type  grains. No apparent activity of basal <a> 

dislocations was detected using the 3D tilting observation as described in section 6.3.3.  In the sample 

with 1.5% plastic strain, dislocation densities of all slip systems increased significantly, especially 
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pyramidal <c+a> and basal <a> dislocations in the type  grains. Having known the activity of different 

slip systems in the type  and type  grains, one can correlate the TEM results with the development of 

slip trace with strain that has been shown in Fig. 6-1.  Recalling that at 0.5% plastic strains (Fig. 6-1 (b)) 

similar slip traces developed on the elongated grains with the angle range of 40-60˚, it can be deduced 

that they indicate the operation of prismatic <a> slip, and these elongated grains are the type I grains as 

defined by TEM. For the round shaped grain, no apparent slip traces were observed until the sample had 

been deformed to 1.5% plastic strain. Furthermore, the developed slip traces at larger plastic strain are 

almost 90˚ with respect to the loading direction. It is thus likely that these round shaped grains are the 

type  grains and presumably the activities of basal <a> and pyramidal <c+a> have resulted in the slip 

traces that developed on them, as indicated by the white arrow in Fig. 6-1 (c). 

This dislocation microstructure observation can also explain the macroscopic work hardening behavior. It 

has been shown that along the RD direction this Zr-2.5Nb alloy shows a longer elastic-plastic transition 

and larger work hardening rate than along the other two directions TD and ND  [16], which is believed to 

relate to the texture. The type  grains in which strong prismatic activity has been discovered actually 

have their {1010}


 plane normal aligned close to the RD direction. They are therefore favored grains for 

the prismatic <a> slip which is the easiest deformation mode in zirconium alloys, hence the elastic-plastic 

transition happened early for tension along RD direction. Usually two types of screw prismatic <a> 

dislocations were found to operate in each type  grain, and they intersect to each other and form sessile 

segments with a third Burgers vector. It is easy to imagine that such interactions will lead to significant 

macroscopic hardening effect. In contrast to the screw prismatic <a> dislocations, the observed prismatic 

<a> dislocations with large edge components were found to glide in narrow bands with a pilling-up 

configuration. Most of the time only one group of such dislocations operated in a given  grain, with 

almost no evidence showing interacting with other prismatic <a> slip systems. To the author’s knowledge 

this is the first time such <a> dislocations with large edge component are reported in zirconium alloys. 
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Although basal slip has been considered unfavorable in zirconium alloys from pervious experimental 

observation, in recent years more and more works has shown the important role of this deformation mode 

in zirconium alloy. In the modeling work [9], Xu proved the necessity of including basal slip. Further, 

Knezevic recently reported basal slip activity in Zirconium under high-strain deformation [14], and its 

operation in Zircaloy-2 deformed at different temperatures is discussed in another paper [27]. In this 

chapter, basal <a> dislocations have been identified as arising in both the hot rolled condition and due to 

plastic deformation to 1.5% plastic strain. In the case of the hot rolled material two groups of screw basal 

<a> dislocations interact with each other forming a third screw type <a> dislocation on the basal plane, 

and such reactions result in the formation of twist boundaries consisting of hexagonal dislocation 

networks. The formation of such networks is very common in zirconium alloys during high temperature 

deformation or annealing. Akhtar has shown that for zirconium single crystals the CRSS of basal slip 

drops down quickly with increasing temperature [5], therefore one expects higher activity of basal slip in 

the polycrystalline Zr-2.5Nb alloy during hot rolling at 700˚C. In the case of room temperature plastic 

deformation, basal dislocations are found to form cell structures in the type  grains, but only after the 

sample has been deformed to a larger (1.5%) plastic strain. This finding confirms that a higher CRSS 

value for basal <a> slip than for prismatic <a> slip at room temperature in zirconium alloys. 

Lastly, strong pyramidal <c+a> dislocation activity has been found in the 1.5% plastic strain sample in 

the type  grains. A previous study has shown that this Zr-2.5Nb alloy has almost no twinning activity 

during tensile or compressive deformation regardless of loading directions [17]. It is well known that for 

HCP materials pyramidal <c+a> or twinning deformation are needed to accommodate <c> axis 

deformation. Previous studies on zirconium [3, 28] or zirconium alloys [27, 29] have shown that at room 

temperature for tensile deformation along the twinning favored loading direction, tensile twinning is more 

favorable than pyramidal <c+a> slip. Further, the CRSS of the pyramidal <c+a> slip quite strongly 

temperature dependent; in zircaloy-2 only at temperatures as high as 300˚C is pyramidal <c+a> slip found 

to be more favorable than tensile twinning [27]. It seems likely that the  two phase microstructure of 
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this Zr-2.5Nb alloy is the major reason for favoring pyramidal <c+a> slip over twinning. Despite 

representing only around 10% volume fraction, the  phase provides large areas of phase boundaries 

which can be dislocation sources during deformation. Note that the observed pyramidal <c+a> 

dislocations are always accompanied by large amounts of entangled <a> type dislocations, which likely 

requires the localized high stress needed to initiate the <c+a> dislocations. The effect of beta phase in 

favoring pyramidal slip is supported by Cai’s another study on deformation of Zr-xNb alloys with 

different  volume fraction [11], in which no apparent twinning operation was detected through in situ 

neutron diffraction during loading neither. Showing in Fig. 6-9 and Fig. 6-10, the observed pyramidal 

<c+a> dislocations are short pairs lying on the same glide plane. This suggests that they will have small 

self-hardening during deformation as only rarely were any dislocation reactions observed. 

 

6.5 Conclusion 

 

The deformation mechanism of a hot rolled Zr-2.5Nb alloy has been studied comprehensively. The 

conclusions of this study can be summarized as follows: 

(1) Twist boundaries consisting of hexagonal dislocation networks were formed by reaction of two 

groups of <a> screw dislocations which generated the third screw <a> dislocation on the basal 

plane.  

(2) Two types of prismatic <a> dislocation were found to operate during deformation at room 

temperature. The prismatic <a> dislocations with large screw components had strong 

intersections forming sessile segments which contributed to the strong hardening response 

macroscopically. Prismatic <a> dislocations with large edge components were for the first time 

found to operate in a pile up configuration in  grains. 



 

150 

 

(3) Microstructural evidence of basal <a> dislocation was proved by a 3D rotation technique in the 

TEM. In the same type of alpha grains, basal <a> slip was found to occur at larger plastic strain 

than prismatic <a> slip, proving a stronger CRSS for basal slip at room temperature. 

(4) Strong operation of pyramidal <c+a> dislocations was found when the sample was deformed into 

the higher plastic strain region. They were of short length and moved in a paired configuration. 

No twinning was found from the deformed sample, inferring pyramidal slip is favored for 

accommodation of <c> axis strain during deformation. 
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Appendix: Effect of  phase on the deformation in Zr-2.5Nb alloy 

In this thesis the discussion is mainly focused on the deformation mechanisms that occur in the  phase. 

The reason is because of the small volume fraction of the  phase in Zr-2.5Nb alloy (about 10% vol), 

hence plastic strains are mainly accommodated by the phase.  In Zr-Nb alloys, the effect of the  phase 

on plastic deformation has been comprehensively studied in Cai’s Ph.D thesis [30]. It has been shown that 

for a hot rolled Zr-2.5Nb alloy which is of similar grain structure but larger grain size (3 × 20 m
2
) than 

pressure tube material, the  phase has a higher strength than the  phase during deformation [2]. During 

loading, after the  phase yields, more stress is taken by the  phase through load transfer. Resultantly, 

the  phase boundary can act as dislocation source to provide gliding dislocations in the  phase, and 

also barriers that stop dislocation from one  grain into another  grain, as has been discussed in that 

thesis. The effect of  phase shape on mechanical property of Zr-2.5Nb alloy was addressed by Cai [16] 

also. He carried out in situ neutron diffraction tests with annealed Zr-2.5Nb alloy. The annealing changed 

the elongated plate-like  grains into equiaxed grains with the mean size of ~10m, and the thin lamella  

plates into small nodular  grains. Through modeling the lattice strain evolution of both phases, by 

applying different  phase geometries for hot rolled and annealed Zr-2.5Nb in the simulation, it was 

found that the contribution of the phase geometry is relatively small and can be neglected.  However, 

some slight differences may be expected in terms of initiation of different deformation systems in the case 

where beta phase is lamellar along grain boundary, compared to nodular, particularly in the case of 

twinning. To sum up, the existence of  phase in Zr-2.5Nb alloy is important in providing higher strength 

than other single phase zirconium alloys. However, due to  and  phase yielding at different stress 

levels, and their load partitioning is relatively insensitive to grain geometry, the deformation behavior of 

 and  phase can be studied individually. Unfortunately, no usable data on  phase can be extracted 

from the neutron diffraction data in this thesis. To probe the dislocations developed in  phase requires 
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diffraction technique with higher resolution, which will be addressed by synchrotron X-ray measurements 

on the deformed samples in the future. 
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Chapter 7 

Deformation mechanism study of a hot rolled Zr-2.5Nb alloy by Transmission 

Electron Microscopy, part II: in situ Transmission Electron Microscopy study 

of deformation mechanism change of a Zr-2.5Nb alloy upon heavy ion 

irradiation 

The effect of heavy-ion irradiation on deformation mechanisms of a Zr-2.5Nb alloy was investigated by 

using the in situ TEM deformation technique. The gliding behavior of prismatic <a> dislocations has been 

dynamically observed before and after irradiation at room temperature and 300˚C. Irradiation induced 

loops were shown to strongly pin the gliding dislocations. Unpinning occurred while loops were 

incorporated into or eliminated by <a> dislocations. In the irradiated sample, loop depleted areas with a 

boundary parallel to the basal plane trace were found by post-mortem observation after room temperature 

deformation, supporting the possibility of basal channel formation in bulk neutron irradiated samples. 

Strong activity of pyramidal slip was also observed at both temperatures, which might be another 

important mechanism to induce plastic instability in irradiated zirconium alloys. Lastly, {0111} 0112
 

   

twinning was identified in the irradiated sample deformed at 300˚C. 

 

7.1 Introduction 

 

With the combination of low neutron capture cross section, good corrosion resistance as well as adequate 

strength and ductility, zirconium alloys have been extensively used as core structural component materials 

in various nuclear reactor designs. During in-reactor operation the material is subjected to fast neutron 

irradiation, which induces defects in the microstructure and resultantly changes macroscopic properties 

such as strength and ductility. Understanding how irradiation influences deformation mechanisms at a 
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microstructural level is of indispensable importance in explaining changes in the macroscopic mechanical 

behavior. 

In HCP structured zirconium alloys, it is well established that fast neutron irradiation generates mainly 

two types of defects, namely type <a> loops on the prism planes and type <c> loops on the basal planes 

[1]. The <a> loops form first during the irradiation and tend to saturate when the neutron dose reaches a 

certain level [2]. Formation of type <c> loops only occurs at large irradiation doses and is found to 

coincide with the onset of accelerated irradiation growth [3, 4]. Such irradiation-induced loops act as 

obstacles to gliding dislocations during deformation, therefore resulting in an increase of strength and loss 

of ductility [5]. Testing of neutron irradiated zirconium alloys revealed that type <a> dislocation loops 

have the strongest hardening effect on yield strength [2, 6, 7], whereas not much hardening was found to 

be related to the presence of type <c> loops. One unique characteristic of the deformation behavior of 

irradiated metals is the instability that results from localized plastic flow, which usually happened within 

so called “dislocation channels” [8, 9]. The formation of such dislocation channels is caused by the 

interaction between gliding dislocations and loops, such that the dislocations can drag or annihilate the 

loops through various mechanisms [10, 11]. Depending on the type of gliding dislocations, both prismatic 

[12-17] and basal [18-22] defect free channels can form during deformation in neutron irradiated 

zirconium alloys. Onimus suggests that basal channels form when irradiation induced dislocation loops 

have stronger hardening on prismatic <a> slip systems [21]. It is worth noting that all the samples in 

which basal channeling has been observed were deformed at elevated temperatures (>300˚C), whereas the 

samples from which Onchi [15, 16] and Farrell [17] reported prismatic channels were tested at lower 

temperatures. The study on un-irradiated Zircaloy-2 has shown that basal slip operates at a similar stress 

to that required for prismatic slip at such elevated temperatures [23], whereas at lower temperature 

prismatic slip is easier. Hence it is possible that the temperature dependence of Critical Resolved Shear 

Stress (CRSS) of prismatic and basal slip systems plays an important role in determining which type of 

channeling can happen during deformation of irradiated zirconium alloys. 
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Apart from prismatic and basal slip, twinning and/or pyramidal <c+a> slip are required to satisfy the von 

Mises homogeneous deformation criteria [24]. However, it seems that the role of twinning and pyramidal 

<c+a> slip has been relatively unexplored in the deformation mechanism studies of irradiated zirconium 

alloys. Our recent study on the deformation behavior of neutron irradiated Zr-2.5Nb pressure tube 

material has shown that the density of <c+a> dislocations has a 10-fold increase after deformation [25]. 

This suggests a relatively high activity of pyramidal <c+a> slip in the irradiated samples (compared to un-

irradiated) and that the contribution of this slip system on the development of plastic strain is non-

negligible.  

Assessing and predicting the degradation of mechanical properties of materials upon neutron irradiation is 

a major challenge, as it is costly, time consuming, and requires access to limited irradiation sources. In 

situ transmission electron microscopy (TEM) combined with high energy particle irradiation has been 

shown to be able to elucidate the deformation mode change under irradiation in molybdenum [26], copper 

[27], and zirconium [28]. In this chapter we report the deformation mechanism change under irradiation 

of a hot rolled Zr-2.5Nb alloy, an alloy used as pressure tube material in CANDU reactors. With both in 

situ video capturing the gliding of mobile dislocations and post-mortem observation of deformed samples 

we are providing new insight into the deformation mechanism of irradiated zirconium alloys.  

7.2 Experiments 

 

Detailed information of the Zr-2.5Nb alloy used in this study has been given in Chapter 6. Dog bone 

samples were prepared from the hot rolled plate with loading direction along RD (rolling direction) and 

in-plane Poisson direction along TD (transverse direction). The sample geometry is 11.5×2.5mm bars for 

the deformation stage, and the thickness was mechanically ground to approximately 100m. Finally 

thinning on the central section to electron transparency was achieved using a Tenupol-5 twin jet polisher 

with 5% perchloric acid in methanol at a temperature of -40˚C. 
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In situ TEM straining was conducted at room temperature and 300˚C at the IVEM facility at Argonne 

National Laboratory [29]. One challenge for such in situ testing is that cracks can easily develop around 

the electro-polished hole under loading, which will then accommodate loading displacement and result in 

no distinct dislocation activity observed. Therefore, each sample was loaded slowly with small steps of 

displacement to find the conditions where dislocation gliding could be observed at the designed testing 

temperatures (either room temperature or 300˚C). For each sample, the loading rate was then kept the 

same so that dislocation gliding speed could be compared at different conditions. The dislocation motion 

was captured by a Gatan digital camera.  Once sufficient video information was obtained, the sample was 

irradiated by 1MeV Kr
2+

 ions to a fluence of 2.5×10
14

 ions/cm
2
 (equals to 1dpa atomic displacement) at 

300˚C, which is representative of the CANDU reactor operating temperature. Immediately after the 

irradiation, the sample temperature is changed back to the testing temperature if required, and the sample 

was then further strained to observe the deformation mode change with video recording the same area 

previously studied. 

Post-mortem characterization with g·b invisibility criteria was carried out to give detailed dislocation 

characterization and also to further probe the influence of irradiation on deformation mode. 3mm long 

strips containing the central section were cut out from the deformed samples so that they could be fit into 

a double tilt holder. The observation was done with a Phillips CM20 and a Tecnai Osiris TEM at 200kV. 

7.3 Results 

7.3.1 Dynamic observations 

 

This section should be read in conjunction with viewing the relevant video files, which can be found in 

the supplied supplemental information. 

7.3.1.1 Deformation at room temperature before irradiation 
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As shown in video 1, straight dislocations are seen to move towards one direction in the un-irradiated 

sample at room temperature upon applied loading. The video was taken with the zone axis of [1120]


 and 

the direction of dislocation movement was found to be the [0002] direction. Therefore, those moving 

dislocations seem to belong to the prismatic <a> slip system and are of mainly screw type as their 

dislocation lines are parallel with their Burgers vector. Sporadically, some dislocations are found to move 

along the [-0002] direction in the video, which is presumably because those dislocations have an opposite 

Burgers vector to the other <a> dislocations. Furthermore, one can also see that the moving dislocations 

are occasionally obstructed by dislocations in front of them, which infers strong self-hardening for the 

prismatic <a> slip system. Fig. 7-1 shows video clips captured from the un-irradiated sample during 

loading at room temperature, which show a moving prismatic <a> dislocation. The white arrow indicates 

the position of the dislocation as moves towards the [0002] direction. The speed of the dislocation can be 

estimated by measuring the traveled distance of one dislocation at certain time. At room temperature, we 

measured an average traveling speed of 0.42m/s for prismatic <a> dislocations. 

  

 

 

 

Fig. 7-1 Sequential images showing the advancement of prismatic <a> dislocation towards [0002] 

direction in the un-irradiated sample loaded at room temperature. 

 

 

7.3.1.2 Deformation at room temperature after irradiation 
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Video 2 shows the gliding of dislocations at room temperature after the sample was irradiated by 1MeV 

Kr
2+

 ions to a fluence of 2.5×10
14

 ions/cm
2
 (1dpa) at 300˚C. The observation was done on the same grain 

and with the same imaging condition as that of video 1. A significant amount of irradiation induced 

dislocation loops can be seen in the microstructure. Their existence changed the dislocation motion 

behavior greatly. Since the imaging condition did not change from the observation done prior to 

irradiation, the observed dislocations moving in the video can be confirmed to still be <a> dislocations, 

but they have changed from mostly screw type into a mixed nature. Furthermore, their glide becomes 

much more jerky, due to the frequent pinning by irradiation induced loops. Velocity measurements were 

done along the edge component and screw component of the mixed dislocation respectively. The results 

show that the edge component travels at much smaller speed than the screw component, at about 

0.04m/s and 0.14m/s for edge and screw respectively.   Lastly, small loops are seen to be removed by 

the moving dislocation when the breakaway from pinning occurs. Such strong interaction between mobile 

dislocation and loops gives direct evidence for the irradiation induced hardening effect on macroscopic 

strength. 

7.3.1.3 Deformation at 300˚C before irradiation 

 

Video 3 shows the gliding behavior of dislocations in this alloy at 300˚C. The observed dislocations are 

believed to be <a> dislocations too, based on the type of observations reported for Video 1. As the 

temperature is higher, dislocations are seen to glide with higher speed than at room temperature, at about 

0.63m/s. Mainly two types of dislocations are observed. In addition to straight screw <a> dislocations 

moving towards one direction, many dislocations are seen to have mixed character. Their lines are seen to 

expand with both screw and edge parts, and the screw part seems to glide more easily than the edge part. 

7.3.1.4 Deformation at 300˚C after irradiation 
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Video 4 captures the dislocation gliding behavior under loading at 300˚C after irradiation by 1MeV Kr
2+

 

ions to a fluence of 2.5×10
14

 ions/cm
2
 (1dpa) at 300˚C. It was taken in front of a crack tip, where the 

dislocation activity is relatively high. Again irradiation induced defects can be clearly seen, and two 

defect depleted zones can be seen to have formed in front of the crack tip, as outlined by the red lines in 

the video. Classically it is believed that such defect free depleted areas are formed due to the removal of 

dislocation loops by moving dislocations. Fig. 7-2 is the sequential snapshot from the video at different 

times, showing the removal of a small loop, as indicated by red arrow. Under applied stress, the loop 

initially expanded towards one direction which seems to result from the reaction of a moving dislocation 

with the loop. As shown in Fig. 7-2 (c) and (d), the loop is eventually eliminated by the expansion of a 

dislocation. 

   

 

 

Fig. 7-2 Sequential images showing the removal of a dislocation loop by moving dislocations in the 

irradiated sample during loading at 300˚C. The red arrow in the image indicates the location of the 

reacting loop. 

 

Furthermore, it is observed that the dislocations in the defect depleted areas have a larger length 

compared to that in the dislocation walls bounding those areas. This could be an indication of localized 

deformation, where plastic strain is mainly accommodated by deformation in the so called dislocation 

channels in the irradiated materials. 

7.3.2 Post-mortem TEM observation of deformed samples 

After the in situ test, the deformed dog bone thin foil samples were cut into 3mm long strips and 

introduced to double tilt holders for detailed dislocation microstructure analysis. 
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7.3.2.1 Room temperature deformation at un-irradiated state 
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Fig. 7-3 Bright Field images showing prismatic <a> dislocations observed in the in situ deformed Zr-

2.5Nb alloy without irradiation.  (a) [1120]


 zone axis from one  grain, (b) [0002] zone axis from a 

grain, (c-e) [2113]
 

 zone axis from another  grain. 

 

Fig. 7-3 shows various <a> dislocations observed at different zone axes from a sample deformed at room 

temperature without irradiation. Dislocations in Fig. 7-3 (a) are of the same type as those observed in situ 

in video 1, determined as prismatic <a> dislocations. Fig. 7-3 (b) shows prismatic <a> dislocations in a 

grain with its [0002] axis aligned close to the image plane normal. Their Burger’s vector has been 

determined to be 1 [1120]
3
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plane. Therefore these 

200nm 200nm 

200nm 200nm 

200nm 

(a) (b) 

(c) (d) (e) 

T
ra

ce
 o

f 
 

1 

2 
2 

1011


1010


0110
 1011



1101


1 



 

163 

 

<a> dislocations should belong to the (1100)[1120]
 

 slip system. Prismatic <a> dislocations with large 

edge components which were reported in the Part  of this study (Chapter 4) have also been found in this 

in situ tested sample. As shown in Fig. 7-3 (c-e), three dislocations with large edge components are seen 

to move towards an array of <a> dislocations. Table. 7-1 lists the Burgers vector determination criteria for 

the observed two types of dislocations as numbered with 1 and 2. 

Table. 7-1 Burgers vectors, and slip plane determined by visible-invisible criteria in Fig. 7-3 (c-e) 

Dislocation 

g vectors 
Burgers’ 

vector 
Slip plane 

(0110)


 (1011)


 (1101)


 

1 Visible Invisible Visible 1 [1210]
3

 

 (1010)


 

2 Visible Visible Invisible 1 [1120]
3



 (1100)


 

 

No pyramidal <c+a> dislocation operation was observed in the sample. This might be because the small 

plastic deformation of the TEM foil wasn’t high enough to induce pyramidal slip at room temperature. 

7.3.2.2 Room temperature deformation at irradiated state 

 

The irradiation of 1 MeV Kr
2+

 ion with a fluence of 2.5×10
14

 ions/cm
2
 (1dpa) at 300˚C generates a 

significant amount of prismatic <a> loops in the  phase, as shown with bright and dark field image in 

Fig. 7-4. The loops are more distinguishable in the dark field condition where they are seen to have 

diameters varying from 5nm to 10nm (Fig. 7-4 (b)). Due to the existence of such a high density of 

irradiation induced defects, plastically induced type <a> dislocations were not able to be observed clearly 

in this deformed sample. However, from the video taken in situ it is known that <a> dislocations are still 

able to glide after irradiation, but in a jerky way due to the pinning effect from the dislocation loops. 

 



 

164 

 

 

 

 

 

 

 

 

 

Fig. 7-4 Bright and Dark Field images of the irradiated microstructure with [2113]
 

 zone axis. 

 

As many more grains were examined with more reflections during post-mortem observation than in situ, 

we were able to observe the deformed microstructure of the irradiated sample in great detail. 

Occasionally, dislocation loop depleted areas were found in the irradiated sample after deformation. Fig. 

7-5 shows one such  grain containing a defect cleared band. Interestingly, when imaging with the (0002) 

reflection under which all <a> dislocations are invisible, the band is revealed with a well-defined border 

(Fig. 7-5 (a)).  This contrast might be due to the operation of dislocation glide inside the band that can 

induce slight rotation with respect to the other areas of the grain. Shown in Fig. 7-5 (b), <a> loops are in 

contrast with the (2110)
 

 imaging reflection. It is easy to observe inside the band that the defect density 

is smaller than the other areas of the grain. With the help of the inserted HCP unit cell, the defect cleared 

band is determined to be parallel with the basal plane trace. A similar microstructure was reported in 

another in situ study on Zircaloy-4 [28], which possibly had formed through the removal of dislocation 

loops by gliding dislocations.  
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Fig. 7-5 Defect cleared band developed in the irradiated sample after deformation at room temperature. 

(a): bright field image with (0002) reflection, (b): bright field image with (2110)
 

 reflection. The band is 

found to parallel with the basal plane trace, zone axis[0110]


. 

 

In the irradiated sample, strong pyramidal <c+a> activity was also observed in a few  grains. As shown 

in Fig. 7-6, <c+a> dislocations gliding in an  grain are revealed with the (0002) reflection. These <c+a> 

dislocations seem to have initiated from the  phase boundary at the bottom of the image, and 

advanced into the  grain. With the help of the inserted HCP unit cell, their slip traces are determined to 

follow the traces of the  (0111)


 and (0111)
 

 planes. Therefore they can be determined to belong to the 

pyramidal {0111} 2113
 

   slip system. 
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Fig. 7-6 Pyramidal <c+a> dislocations developed in the irradiated sample after deformation at 

room temperature, (a) dislocations are in contrast with 0002 reflection, (b) band contrast is reveal 

when the sample is tilted away from 0002 reflection, zone axis [2110]
 

. 

 

The wavy lines of the <c+a> dislocations imply that they are dragged locally during gliding, which can be 

from the pinning effect from the irradiation induced <a> loops. Cross slip of <c+a> dislocations happened 

during deformation, indicated by the red arrows in Fig. 7-6 (a). Furthermore, large pyramidal dislocation 

loops are seen to be left behind the moving dislocations, which might have formed with the similar 

mechanism as proposed by Price in Zinc [30]. Lastly, as shown in Fig. 7-6 (b), when the sample is tilted a 

little away from the 0002 diffraction, the <c+a> dislocations are out of contrast and the area where 

dislocations exist shows brighter contrast. This indicates that the operation of pyramidal slip is localized 

(a) 

(b) 

0002

loops
loops
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and may be another source inducing plasticity instability in irradiated zirconium alloys (i.e. inducing the 

formation of pyramidal channels). Similar <c+a> dislocation microstructures were also observed in 

another  grain. As shown by the bright and dark field images in Fig. 7-7, <c+a> dislocations move from 

the grain boundary into the grain, and the pinning is clearly revealed from the local reversed curvature of 

the first dislocation.  

 

 

 

 

 

 

 

Fig. 7-7 Bright (a) and dark (b) field image of pyramidal <c+a> dislocations in another  grain in the 

irradiated sample after deformation at room temperature , zone axis zone axis [2110]
 

. 

 

7.3.2.3 Deformed at 300˚C after irradiation 

 

The operation of pyramidal glide was also found in the irradiated sample deformed at 300˚C. As shown in 

Fig. 7-8 (a-b), <c+a> dislocations are seen to be nucleated at the  phase boundary. The slip traces are 

also parallel with the trace of the (0111)


 plane. Due to the higher deformation temperature, their 

distribution is more spread out than those formed during room temperature deformation. Fig. 7-8 (c) and 

(d) show more detail of the gliding <c+a> dislocation, with larger magnification. Indicated by red arrows 

in the bright and dark field image, two jogs have formed in two <c+a> dislocations. The formation of 

such jogs may be caused by local climbing of the edge part of the <c+a> dislocation, or reaction of the 

(a) (b) 

0002 0002
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gliding <c+a> dislocation with irradiation induced <a> loop. Since such jogs are sessile, they are strong 

barriers for pyramidal glide.   

 

 

  

 

 

 

                                                 

 

 

 

 

 

 

 

 

 

Fig. 7-8 Pyramidal <c+a> dislocations in the irradiated sample after deformation at 300˚C. (a-b) 

bright and dark field image at low magnification showing even distribution of pyramidal <c+a> 

dislocations, (c-d) bright and dark field image showing jogs formed on <c+a> dislocations. zone 

axis [2110]
 

. 

 

Although no twinning has been found in this alloy at neither as-received state or un-irradiated state under 

deformation, as shown in both chapter 6 and also Cai’s study [31], evidence of twinning operation was 

found in the irradiated sample deformed at 300˚C, as shown in Fig. 7-9. The bright field images were 

(a) (b) 

(c) (d) 

0002 0002

0002

0002
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taken with different reflections from either surrounding matrix or the narrow twin. Irradiation induced 

loops can be seen in Fig. 7-9 (a) when imaging with the (0110)


 reflection from the matrix. Fig. 7-9 (b) 

was taken with the (0002) reflection from the formed twin. Dislocations with <c> component Burgers 

vector can be observed within the twin, which may have been formed during either twinning or plastic 

deformation inside the twin, as reported in [32]. Straight <c> component dislocations also exist in the 

surrounding matrix, which are revealed by (0002) reflection from the matrix. Fig. 7-9 (d) and (e) shows 

the SAD (selected area diffraction) pattern of matrix and twin respectively. It can be seen that they have 

the same [2110]
 

 zone axis, but with an angle of 57˚ apart from each other. With the help of 

reconstructed HCP unit cell as well as stereo projection of the plane trace and pole (Fig. 7-9 (f)), the 

(0111)


 plane of the matrix was found to parallel with the (0111)


 plane of the twin. Therefore, the 

twinning mode is determined as  {0111} 0112
 

   twinning, which has previously been found in 

zirconium at elevated temperature [33, 34]. 
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Fig. 7-9 {0111}


 twin observed in the irradiated sample after deformation at 300˚C. (a): bright field image 

with (0110)


 reflection from the matrix showing irradiation induced defects, (b) bright field image with 

(0002) reflection from twin area, (c) bright field image with (0002) reflection from the matrix, (d) SAD 

pattern from matrix, (e) SAD pattern from twin, (f) reconstructed HCP unit cell and stereo projection of 

matrix and twin. Zone axis [2110]
 

. 

 

 

 

(a) (b) 

(c) 
(d) (e) 

(f) Matrix Twin 

0002

0002

0110




 

171 

 

7.4 Discussions 

7.4.1 Interaction between gliding <a> dislocation and loops 

 

In Chapters 4 and 5 we reported the deformation behavior of neutron irradiated Zr-2.5Nb pressure tube 

material. It has been found that irradiation induced defects strongly hinder the activation of prismatic and 

basal <a> slip system, but appeared to have a very small effect on the pyramidal <c+a> slip. From the in 

situ TEM observation in this study as shown in video 1, the activity of type <a> slip wasn’t completely 

suppressed by dislocation loops. Under loading, <a> dislocations were still able to move but in a more 

sluggish and jerky way. 

Fig. 7-10 are series of images taken from video 5 showing a large loop-like <a> dislocation interacting 

with an irradiation induced dislocation loop during deformation at room temperature. The dislocation loop 

is indicated by the red arrow in Fig. 7-10 (a), where the moving dislocation is seen to advance with its 

edge part towards the defect. After a relatively long period of 36s, the edge part of the moving dislocation 

reacts with the defect (Fig. 7-10 (b)). More clearly revealed in video 5, the reaction seems have induced 

the loop to expand and also form a product on the large dislocation which is seen with darker contrast. 

After the reaction the edge part is pinned by the defect and the dislocation moves by advancing its screw 

part, as shown in Fig. 7-10 (c) and (d). In another in situ TEM study on Zircaloy-4 [28], Onimus reported 

edge prismatic <a> dislocation can either incorporate or be strongly pinned by irradiation induced loops. 

The results observed here seem to be of the latter case. Recently atomistic modeling work has shown that 

on prismatic planes the obstacle resistance of loops to edge dislocations is smaller than to screw 

dislocations [35]. According to the dynamic observation in this study, the irradiation induced pinning 

seems to have different effects on the gliding <a> dislocations, based on their edge or screw nature. As 

has been indicated in Video 5, dislocations are emitted from different sources during loading after 

irradiation at room temperature. Generally the emitted dislocations behave the same as the one shown in 

Fig. 7-10. The edge part starts to glide first, but travels much shorter distance than the screw part which 
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glides later. Therefore, for the observed mixed prismatic <a> dislocation in this study, the edge part can 

move towards the loop more easily, then gets strongly pinned by the irradiation induced dislocation loop. 

After the reaction, the screw part becomes more mobile. For an <a> dislocation with mixed nature, it 

seems that the irradiation induced pinning has stronger effect on edge part and smaller effect on the screw 

part. Such pinning difference might also be true for pure edge and pure screw <a> dislocations, however, 

to address this would require more sparsely dispersed irradiation induced loops, which requires a much 

smaller irradiation dose rate and will need to be studied in the future. Lastly, it can be seen that the 

incubation time for a mobile dislocation to reach and react with a loop is relatively long at both room 

temperature and 300˚C, as shown in Fig. 7-10 and Fig. 7-2 respectively.  Based on the observation here, it 

is reasonable to infer that during the deformation of the neutron irradiated samples with much larger 

volume, type <a> dislocations are still able to glide, but have to confront the hard pinning of loops. 

 

 

 

 

 

 

 

  

Fig. 7-10 Sequential images showing interaction between a moving dislocation and an irradiation induced 

loop in irradiation sample during deformation at room temperature. The red arrow indicates an irradiation 

induced dislocation loop, the moving dislocation is approximately outline by dash line in (c) and (d). 
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Defect depleted zones were also observed in the irradiated sample after deformation at room temperature. 

Their boundaries are parallel to the basal plane trace, which implies the possibility of basal channel 

forming in this alloy during deformation. However, no such zones were observed with boundaries parallel 

to the prismatic planes. This can be explained from the recent dislocation dynamic modeling work on 

zirconium [36], in which basal <a> dislocations are found to be more favorable for clearing loops than 

prismatic <a> dislocations. 

7.4.2 Possible <a> loop self-glide mechanism  

 

Generally it is considered that the irradiation hardening is a cause of pinning of glide dislocations from 

irradiation induced defects, such as loops. However, through the dynamic observation of in-situ straining 

of irradiated Zr-2.5Nb in this study, we suspect that the gliding dislocations are initiated from those 

irradiation induced dislocation loops, at both room temperature and 300˚C. The initiation of dislocations 

from different source locations has been indicated in video 2, 4, and 5; commonly the observed gliding 

dislocations from the sources are of the same characteristic as the source. They all have large loop 

morphologies in which the edge part glides first, followed by a fast expansion of their screw part. The 

large dislocation loop shown in Fig. 7-10 is one proper example; unlikely the gliding dislocation loop has 

initiated from other dislocation sources such as grain or phase boundaries. Therefore, it is envisaged that 

the large glissile loop is the product of self-gliding of an irradiation induced <a> loop. Hence a possible 

self-gliding mechanism of <a> loop is proposed, which might explains the formation of large mobile 

dislocations loops that have been observed dynamically. Fig. 7-11 schematically shows a interstitial 

(maybe interstitial is more favorable) <a> loop lying on the (1010)


plane, as shown with red dash lines. 

The loop (Burgers vector [2110]


) is approximated to have a rectangular shape with four segments which 

are parallel with the[0002]and [1210]


 directions. Although the loop habit plane (1010)


 all the 

segments are sessile, however, the edge segments can glide on the (0110)


 prismatic plane and the basal 



 

174 

 

plane, respectively. Therefore, under high enough stress, it is possible that the loop can expand on the 

adjacent prismatic plane (on which the Burgers vector lies) and basal plane by means of edge dislocation 

gliding, dragging screw segments as outlined with the green dashed lines in Fig. 7-11. Upon further 

deformation the dislocation expands to larger size with a bowing out morphology, indicated with the solid 

black lines. Through this mechanism, the irradiation induced loops can be primary source which generates 

mobile dislocations. While this is one possible mechanism, other sources such as grain and phase 

boundaries, and precipitates can also provide gliding dislocations. 

The stress that is needed to initiate this proposed mechanism can be estimated by calculating the Orowan 

stress of the expanding dislocation loop. For a section of a dislocation loop with certain curvature R, the 

Orowan stress 0 takes a simple form of: 

0

Gb

R
  , 

in which G is the shear modulus, and b is the Burgers vector of the dislocation. 

The shear modulus of zirconium is about 33GPa, and the magnitude of Burgers vector of type <a> 

dislocation is 3.231 Å. For a large dislocation loop with the size that is shown in Fig. 7-10, the curvature 

of the screw component is measured to be around 100nm. One can calculate that the Orowan stress needs 

to expand the loop is only about 106MPa. The tensile strength of the irradiated Zr-2.5Nb alloy can be as 

high as 800MPa, this gives a maximum shear stresses of about 400MPa. Under this stress level, the 

critical size of the loop that can be expanded is about 26nm, which is within the range of the irradiation 

induced dislocation loops. Therefore it is reasonable to predict that the proposed mechanism can operate 

in irradiated zirconium alloys. 
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Fig. 7-11 Schematic illustration of the defaulting of a type <a> dislocation loop on two adjacent prismatic 

planes and basal plane. 

 

 

7.4.3 Other possible deformation mechanisms 

 

Activities of pyramidal <c+a> dislocations were found after deformation at both room temperature and 

300˚C in the irradiated samples. Comparing with other reports on the <c+a> dislocations observed in 

neutron irradiated zirconium alloys [20, 37], activity of the pyramidal slip observed here in Zr-2.5Nb 

alloy is quite strong. However, this observation is consistent with the finding in the deformation study of 

neutron irradiated Zr-2.5Nb pressure tube material, where a tenfold increasing of <c+a> dislocation 

density has been found after tensile deformation [25]. The small hardening effect of irradiation induced 

loops on the gliding <c+a> dislocation can also be seen from the observed relatively large dislocation 

lines, as shown in Fig. 7-6, Fig. 7-7, and Fig. 7-8. To the author’s knowledge, this is the first time 

pyramidal cross slip is shown to operate at room temperature in zirconium alloys. This mechanism is 

(0002)

(0110)
 (1010)



[0002]

[2110]
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important for the pressure tubes’ in-reactor deformation behavior. It has been known that operation of 

prismatic <a> and basal <a> slip have been reduced significantly by irradiation induced loops, whereas no 

apparent hardening was found on pyramidal <c+a> slip, as reported in Chapter 4 and 5.  With increased 

activity, the cross slip of <c+a> dislocation can reduce the strain hardening under constant rate loading or 

increase the strain rate in creep conditions. Furthermore, the gliding of <c+a> dislocations is restricted to 

a few {0111}


 planes in a very localized way at room temperature. By tilting the grain away from the 

(0002) reflection during imaging, as shown in Fig. 7-6 (b), the area where <c+a> dislocations exists 

shows lighter contrast. This possibly indicates that the amount of dislocation loops was also reduced 

locally by the pyramidal slip. Experiencing small hardening from loops and tending to operate in a 

localized way, pyramidal <c+a> operation could be another mechanism which will induce strain 

localization and plastic instability in irradiated Zr-2.5Nb alloys at room temperature.  

At 300˚C, the observed <c+a> dislocations were observed across a wider area than that at room 

temperature in the deformed irradiated sample. This can be attributed to the fact that the CRSS of 

pyramidal slip decreases with increasing temperature, as also reported in Zircaloy-2 [23]. No apparent 

pinning of <c+a> dislocations by loops was observed at this temperature, indicating the relatively easy 

glide of this slip system. Instead, <c+a> dislocations are frequently seen to be dragged by jogs, which 

may have formed through climbing of the edge part or by reaction with a loop. Therefore, at elevated 

temperature pyramidal slip will be mostly controlled by overcoming barriers through thermal activation. 

 The {0111} 0112
 

   twinning has also been identified as one possible mechanism for deformation of 

irradiated Zr-2.5Nb at 300˚C. Note that this twinning mode has been identified to operate at elevated 

temperatures in un-irradiated material when the <c> axis is under compressive loading [34]. Although in 

this in situ study the thin foil was subjected to tensile loading, it is still possible that some grains can have 

their <c> axis under compression. Another evidence to support this, is that edge <c> component 

dislocations were formed in the matrix adjacent to the twin, as shown in Fig. 7-9 (c). Due to the relatively 
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low irradiation doses (1dpa) from heavy ions, it is not likely they are <c> loops induced by irradiation. 

Similar edge dislocations have been found in the un-irradiated Zr-2.5Nb alloy after compressive 

deformation, which has been identified to belong to the 2
nd

 order pyramidal slip system {1122} 1123
 

   

in Chapter 8. Given that these <c> component edge dislocations co-exist with compressive twins, they 

may also be 2
nd

 order pyramidal <c+a> dislocations. 

 

7.5 Conclusions 

 

Through in situ and post-mortem observation on the dislocation microstructure of Zr-2.5Nb alloy before 

and after heavy ion irradiation, the operating deformation mechanisms have been characterized at room 

temperature and 300˚C. The results can be summarized as follows: 

1. Prismatic <a> dislocations with large screw and edge components operate at room temperature in 

the un-irradiated sample at room temperature. When the temperature is elevated to 300˚C, 

prismatic <a> dislocations are seen to move with mixed character. 

2. After irradiation, prismatic <a> dislocation still operates at room temperature. However, 

dislocation mobility is greatly retarded by the irradiation induced defects, and the characteristics 

of motion become more jerky and segmented. 

3. The removal of dislocation loops by mobile <a> has been observed at both room temperature and 

300˚C through in situ video. 

4. Channel like areas with low density of dislocation loops have been found in the irradiated sample 

after room temperature deformation, providing evidence for the possibility of basal channels 

forming in this alloy.  
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5. Pyramidal <c+a> dislocations were observed in the irradiated sample after deformation at room 

temperature and 300˚C, which can possibly be another mechanism for generating plastic strain 

during deformation of Zr-2.5Nb alloy at room temperature after irradiation. 

6. The {0111} 0112
 

   twinning was identified in the irradiated sample deformed at 300˚C. 
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In situ videos: 

Video 1: Deformation at room temperature before irradiation 

https://www.dropbox.com/s/8llhwva9mbs8a59/Room%20temperaure%20before%20irradiation.mov?dl=0 

Video 2: Deformation at room temperature after irradiation 

https://www.dropbox.com/s/vf99y3qmwfc2tsz/Room%20temperature%20after%20irradiation.mov?dl=0 

Video 3: Deformation at 300˚C without irradiation 

https://www.dropbox.com/s/k2lgm0ju2sdo9n5/300C%20before%20irradiation.mov?dl=0 

Video 4: Deformation at 300˚C after irradiation 

https://www.dropbox.com/s/y08uo1j8j2tq278/300C%20after%20irradiation.mov?dl=0 

Video 5: Loop-dislocation reaction at room temperature after irradiation 

https://www.dropbox.com/s/52239ky4m6exdpx/Room%20temperature%20after%20irradiation%20disloc

ation%20source.mov?dl=0 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

https://www.dropbox.com/s/8llhwva9mbs8a59/Room%20temperaure%20before%20irradiation.mov?dl=0
https://www.dropbox.com/s/vf99y3qmwfc2tsz/Room%20temperature%20after%20irradiation.mov?dl=0
https://www.dropbox.com/s/k2lgm0ju2sdo9n5/300C%20before%20irradiation.mov?dl=0
https://www.dropbox.com/s/y08uo1j8j2tq278/300C%20after%20irradiation.mov?dl=0
https://www.dropbox.com/s/52239ky4m6exdpx/Room%20temperature%20after%20irradiation%20dislocation%20source.mov?dl=0
https://www.dropbox.com/s/52239ky4m6exdpx/Room%20temperature%20after%20irradiation%20dislocation%20source.mov?dl=0
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Chapter 8 

Evolution of dislocation density in a hot rolled Zr-2.5Nb alloy with plastic 

deformation studied by neutron diffraction and transmission electron 

microscopy 

The evolution of dislocation density and microstructure in a hot rolled Zr-2.5Nb alloy with compressive 

plastic strain was analyzed by using neutron diffraction (ND) and transmission electron microscopy 

(TEM). Changes of type <a>, <c>, and <c+a> dislocations along two texture directions in the elastic-

plastic regime and plastic regime have been characterized individually. The ND and TEM methods yield 

results which are in good agreements. The operation of prismatic <a> dislocation was found to dominate 

the early stage of deformation, and strong pyramidal <c+a> slip did not occur until the deformation was 

fully plastic. Loading along the texture direction with more basal poles favored the operation of basal and 

pyramidal slip. The previously reported asymmetric CRSS of <c+a> dislocations was found to be due to 

the glide plane difference during compression and tension. 

8.1 Introduction 

 

With the combination of good corrosion resistance, low neutron absorption cross-section, and adequate 

mechanical properties, zirconium-based alloys are widely used in various water-cooled nuclear reactors as 

cladding and structural material. Alloy Zr-2.5Nb containing 2.5 wt.% Nb has been used as the pressure 

tube material in CANDU (a trademark of Atomic Energy of Canada Ltd.) reactors for decades. The 

manufacturing of pressure tube generally consists of hot extrusion at ~800˚C, followed by air cooling, and 

further cold draw to ~20-30% strain and finally autoclaving at 400˚C for 24 h [1]. It produces a dual 

phase microstructure, consisting mainly of HCP  phase and a metastable niobium-rich (~20 wt. % Nb) 

BCC  phase [2]. Previous studies have shown that the in-reactor properties of pressure tube are strongly 

dependent on the texture, dislocation microstructure, and intergranular residual stresses [2-5]. One 
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important factor that controls the properties is the operation of various glide systems during plastic 

deformation. Therefore, it is important to understand the fundamentals of operating glide systems in the 

Zr-2.5Nb alloy. 

The room temperature deformation behavior of a hot rolled Zr-2.5Nb alloy has been studied by Cai 

through in-situ neutron diffraction combined with elasto-plastic self-consistent modeling [6, 7]. It was 

shown that during deformation the plastic strain is accommodated by the glide of <a> dislocations on 

prismatic and basal planes, and <c+a> dislocations on {1101}


 pyramidal planes. A texture dependent 

asymmetric strength during tension and compression was also reported in this alloy, which the author 

ascribes to be the result of the combination of thermal residual stresses and also an asymmetric CRSS 

(critical resolved shear stress) of the pyramidal <c+a> slip system [6]. In this chapter as a continuing 

study on the same alloy, the macroscopic hardening response from different slip systems will be 

addressed through the evolution of dislocation densities as a function of plastic strain, which were 

quantitatively measured by diffraction line profile analysis (DLPA), and qualitatively assessed through 

TEM microstructure observation. 

In the past decade, the DLPA method developed by T. Ungar’s group has been widely applied for 

dislocation density measurement in different alloys [8-13]. Based on physical models, it calculates the 

theoretical profile functions which describe the effect of coherently scattering domain size, dislocation 

structures and planar defects on the shape of diffraction profiles. Through an iterative fitting process, the 

experimentally measured full diffraction pattern is modeled by the convolution of the different theoretical 

profile functions, together with instrumental broadening from specific instruments [9, 14-16]. Recently 

this method has been successfully used to analyze time-of-flight neutron diffraction patterns [17-19], 

which are of good sampling statistics from the large penetration depth of neutron. In this study, high 

resolution neutron diffraction patterns were acquired from hot rolled Zr-2.5Nb alloy samples with various 

level of compressive plastic strains along two texture directions. With the extended Convolutional 
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Multiple Whole Profile (eCMWP) software package [10], microstructural parameters like weighted 

average coherently scattering domain sizes, individual density of type <a>, type <c>, and type <c+a> 

dislocations may be determined. Combined with detailed diffraction contrast TEM analysis, dislocation 

microstructures of prismatic, basal and pyramidal slip systems initiated from the elastic-plastic region to 

full plastic region were studied. 

8.2 Experiments 

 

The Zr-2.5Nb alloy used for this study is the same as that has been descripted in chapter 6. Briefly, the 

ingot was subjected to forging at 1065˚C and then hot rolled at about 700˚C with 50% thickness reduction 

followed by furnace cool. The texture has been reported previously [6], with most of the  phase basal 

(0002) normals orientated towards TD (transverse direction) and ND (normal direction), while the 

{1010}


plane normals are concentrated in RD (rolling direction). Distributing more or less continuously 

between the elongated  grains, the  phase has the volume fraction of about 12% in this alloy. 

Cylindrical compressive samples (9mm × 20 mm) were cut from the rolled plate by EDM (Electrical 

Discharge Machining) with the loading direction parallel to RD and ND respectively. Compression tests 

were carried out on a screw-driven Instron machine with the ND and RD samples to plastic strains of 

0.25%, 0.5%, 1%, 2%, and 5%, at a strain rate of 2.0×10
-5 

s
-1

.  The strain was monitored by attaching 

strain gauge connected to a P3 strain indicator (Vishay Micro-Measurements, Raleigh, North Carolina, 

USA) during each test. Due to the range of the indicator is 3%, strains of the samples deformed to 5% 

were measured from the displacement of crosshead, and from the final dimensions of the sample. 

Neutron diffraction measurements were carried out with the non-deformed and deformed samples (1%, 

2%, 5%) using the Neutron Powder Diffractometer (NPDF) [20] at Los Alamos Neutron Science Center 

(LANSCE). Diffraction data were collected from the two banks at ±148˚ which have the highest 

resolution among the eight detectors at the NPDF instrument.  
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During each measurement, the cylindrical samples were carefully aligned vertically such that the incident 

neutron beam was parallel with one of the Poisson directions (TD and RD for ND compression samples, 

ND and TD for RD compression samples). The instrumental profile shapes and broadening were 

determined by using a dislocation and stress free, coarse grained NIST standard Si powder sample [10, 

21]. The whole pattern DLPA evaluations were performed by the eCMWP software package [10]. A 

detailed description of the evaluation method has been described by Balogh, with the specific application 

of zirconium alloys [17]. Here to be brief, in the eCMWP method, dislocation-structure related 

parameters q1, q2,  and Re are refined together with the crystal-size related parameters. The q1, q2 are 

parameters for determining the relative fraction of dislocations with the three Burgers vector types, <a>, 

<c> and <c+a> [22],  is the total amount of dislocation density and Re is the effective outer cut-off 

radius of dislocations.  

TEM diffraction contrast characterization has been used for direction observation of the initiation of 

different dislocation types on a FEI Tecnai Osiris microscope at 200 kV. Thin slices were cut out from the 

deformed samples along sections perpendicular to the loading direction and Poisson directions. Then 

3mm diameter discs were punched out from each slice after the thickness had been ground down to 

around 100m. Finally the discs were thinned using a Tenupol 5 twin jet polisher (manufactured by 

Struers) with 5% perchloric acid in methanol electrolyte at -40˚C to produce electron transparent areas 

around the center hole. For each TEM sample multiple grains were examined in detail for dislocation 

microstructure observation, as well as determination of Burgers vectors. 
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8.3 Results 

8.3.1 Peak broadening with plastic strain 

 

The macroscopic mechanical responses during compression along RD and ND of this alloy have been 

reported by Cai [6]. An obvious strength differential was observed between the ND (0.2=~420MPa) and 

RD (0.2=~350MPa) sample. According to the stress strain curve, the imposed plastic strain (1%, 2%) lie 

in the elastic-plastic transition regime and 5% plastic strain lies in the fully plastic regime. Fig. 8-1 shows 

the conventional Williamson-Hall plot [23] of the FWHM (Full Width at Half Maximum) for both ND 

and RD samples with various plastic strains. The peak broadening is seen to increase with increment of 

plastic strain. Furthermore, the individual peak broadening response becomes more dependent of 

crystallographic orientation for the samples with 2% and 5% plastic strains, which is particularly apparent 

along the ND direction. Such orientation dependence gives information on the operation of different 

dislocation systems, in the similar manner to the visible-invisible criteria of dislocations in TEM. When 

the diffraction vector is perpendicular to the Burger vector (g·b=0), the dislocation is invisible in TEM or 

correspondingly has no contribution to the corresponding peak in a diffraction pattern. Therefore type <a> 

dislocations mainly effect the broadening of low order peaks such as {1010}


, {1120}


, {2021}


 peaks, 

whereas the high order peaks like {0002} , {1122}


,{1013}


, {1014}


are more influenced by the 

dislocations with c-components. Due to its high CRSS, it has been shown from modeling that in 

zirconium alloys, pyramidal <c+a> slip does not operate until relatively large strain has been accumulated 

[7, 24]. So the stronger anisotropic broadening response observed along ND direction here implies that 

pyramidal <c+a> slip operates in more and more grains when the strain reaches 2% or higher during 

compression. 
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Fig. 8-1 Williamson-Hall plot of  peaks in the undeformed and deformed (a) ND and (b) RD sample 

showing change of FWHM with plastic strains. The FWHM values were measured from diffraction 

patterns with incident neutron beam perpendicular to the TD direction. Instrumental broadening is also 

plotted showing very small contribution from the instrument. 

 

To further show the effect of strain and loading direction on peak broadening, the change of  {0002}  and 

{1120}


 peaks with plastic strain are plotted in Fig. 8-2. Broadening has been observed for both {0002}  

and {1120}


 peaks in the RD and ND samples, and stronger change can be seen from the {1120}


 peaks. 

This means the type <a> slip is producing more significant broadening than the pyramidal <c+a> slip 

during deformation. Furthermore, the ND samples shows broader {0002}  peaks than the RD samples; 

this suggests a higher activity of pyramidal <c+a> slip when loading along the ND direction.  
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Fig. 8-2 Broadening response of {0002} and {1120}


 peaks in the RD and ND samples with plastic strain. 

(a-b) {1120}


 and {0002} peaks of ND samples, (c-d) {1120}


 and {0002} peaks of RD samples. 

 

8.3.2 Dislocation density measured by DLPA analysis 

 

The stored dislocation densities of type <a>, <c> and <c+a> in the ND and RD samples with different 

plastic strains have been measured by the eCMWP method. As shown in Table. 8-1 and Table. 8-2, the 

(a) (b) 

(c) (d) 
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area weighted average coherently scattering domain sizes <X>A decrease with the increase of plastic 

strain. Since this parameter in the DLPA corresponds to sub-grains and dislocation cell size [25], with 

plastic strain more dislocation walls and sub-grains are formed in the microstructure, but that the domain 

size then changes relatively slowly (RD) or remains approximately constant (ND) with further 

deformation. The density changes of different types of dislocations with plastic strain are plotted in Fig. 

8-3. It can be seen that with the increase of plastic strain, the three types of dislocations <a>, <c+a> and 

<c> evolve with different trends. The dominance of the type <a> dislocation is observed in samples with 

strains at and under 2%. Apparent <c+a> activity is observed when the input plastic strain is larger than 

2%, and more significant for loading along ND, as shown in Fig. 8-3 (a). Lastly, the fraction of <c> 

dislocations is relatively small regardless of the different deformation levels. It is known that dislocations 

with b=1/2<0001> Burgers vector are sessile, therefore their presence can be understood to be relatively 

unchanged unless the dissociation of <c+a> can result in a minor increase at larger strains [26, 27]. 

 

Table. 8-1 Measured dislocation parameters in the hot rolled Zr-2.5Nb alloy with different plastic strain 

along ND 

 <X>A (nm) total (10
14

 m
-2

) a> (10
14

 m
-2

) c> (10
14

 m
-2

) ca> (10
14

 m
-2

) 

undeformed 205±15 1.755±0.5 1.263±0.5 0.179±0.5 0.3133±0.5 

1% strain 100±15 3.975±0.5 2.949±0.5 0.446±0.5 0.5796±0.5 

2% strain 88±10 5.484±0.5 3.921±0.5 0.658±0.5 0.905±0.5 

5% strain 102±15 11.12±0.5 7.555±0.7 1.3±0.5 2.265±0.5 
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Table. 8-2 Measured dislocation parameters in the hot rolled Zr-2.5Nb alloy with different plastic strain 

along RD 

 

 <X>A (nm) total (10
14

 m
-2

) a> (10
14

 m
-2

) c> (10
14

 m
-2

) ca> (10
14

 m
-2

) 

undeformed 220±15 1.024±0.5 0.688±0.5 0.0613±0.5 0.275±0.5 

1% strain 103±15 2.776±0.5 1.946±0.5 0.228±0.5 0.6025±0.5 

2% strain 91±10 3.396±0.5 2.301±0.5 0.2968±0.5 0.798±0.5 

5% strain 67±15 6.934±0.5 4.819±0.6 0.78±0.5 1.335±0.5 

 

 

 

 

 

 

 

Fig. 8-3 Density evolution of type <a>, <c+a> and <c> dislocations with plastic strain in the ND 

(a) and RD (b) samples upon compressive deformation. 

 

8.3.3 TEM characterization of dislocation microstructure 

 

(a): ND (b): RD 
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TEM samples were made out of the deformed RD and ND samples after various plastic strains. Since 

TEM observation is localized in space and not all dislocations are visible under certain imaging 

reflections, no attempt was done to quantitatively evaluate the change of dislocation densities with plastic 

strain. The observation is focused instead on probing active slip systems and qualitatively estimating the 

change of density for individual slip systems. 

8.3.3.1 TEM characterization of dislocation microstructure in RD samples 

 

Fig. 8-4 shows a set of basal <a> dislocations moving inside one  grain in the RD sample after 0.25% 

plastic strain. Through the g·b visible-invisible criteria, the dislocations become invisible with the 

(0112)
 

 reflection (Fig. 8-4 (b)), therefore their Burgers vector is determined as [2110]
3

a
 

. 

Furthermore, from Fig. 8-4 (c) and (d) it can be seen that the line direction of the dislocation changes as 

the grain is tilted away from the [0111]


 zone axis. With the help of the inserted hcp unit cell at each zone 

axis, we can determine that this group of dislocations lie on the (0002) basal plane and belong to the basal 

<a> slip system. The red arrow in Fig. 8-4 (a) and (c) indicates one <a> dislocation that has been repelled 

back by the triple grain boundary, implying that as expected the grain boundary has a strong effect on the 

moving dislocations during deformation. 
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Fig. 8-4 Basal <a> dislocations in the RD sample deformed by 0.25% plastic strain. (a-b) are taken with 

the [0111]


zone axis, (c-d) are taken with the [1123]


zone axis. 

The observation of pyramidal <c+a> slip can be carried out by tilting the grain to the [1120]


 zone axis 

so that the (0002) reflection can be used to image dislocations with c-components. In Fig. 8-5 (a), straight 

dislocations lying parallel to the (0002) basal plane trace are revealed with the (0002) reflection in one  

grain of the RD sample after 0.25% plastic strain. In order to determine whether they are pure <c> 

dislocations or pyramidal <c+a> dislocations, the same area has been imaged with the (1101)


reflection 

from the same zone axis.  As indicated by the red arrows in Fig. 8-5 (b), these dislocations are still visible, 

despite much denser type <a> dislocations also being in contrast, which overlap with the c-component 

dislocations in many areas. Therefore, one can determine that the observed c-components dislocations are 

(a) (b) 

(c) (d) 

1011


0112
 

1011
  1100
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actually pyramidal <c+a> dislocations with edge character. It has been reported in Mg that <c+a> 

dislocations exist associated with high-density <a> dislocation tangles, which suggest locally high 

stresses are needed to activate <c+a> slip [28]. Here although the sample was only deformed by 0.25% 

plastic strain, the large density of the <a> dislocations imply that the local stress inside the grain has been 

high enough to activate <c+a> slip. 

 

 

 

 

 

 

Fig. 8-5 Pyramidal <c+a> dislocation and <a> dislocations in the RD sample deformed by 0.25% plastic 

strain. Images are taken with the [1120]


zone axis, red arrows indicating pyramidal dislocations that are 

visible in both reflections. 

 

Prismatic <a> slip is found to be the dominant deformation mode for all RD samples. Fig. 8-6 shows two 

prismatic <a> slip systems operate simultaneously in one  grain in the RD sample deformed with 0.5% 

plastic strain. At the [0002] zone axis with the (1010)


 reflection <a> dislocations from both slip systems 

are in contrast (Fig. 8-6 (a)). With the other two reflections of the same zone axis, each of them become 

out of contrast, therefore their Burgers vector is determined as [2110]
3

a
 

 for dislocations in Fig. 8-6 (b) 

and [1120]
3

a
 

 for dislocations in Fig. 8-6 (c). 

(a) (b) 

1101


0002
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Fig. 8-6 Prismatic <a> dislocations in the RD sample deformed by 0.5% plastic strain. Images are taken 

with the [0002]zone axis. 

 

Fig. 8-7 shows typical prismatic <a> dislocations in the RD sample deformed to 1% plastic strain. With 

the three reflections from the [1213]
 

 zone axis, two types of <a> dislocations have been found in the  

grain. With the first imaging reflection, both of them are in contrast (Fig. 8-7 (a)). As each of them 

becomes invisible with (1010)


 and (1101)


reflections respectively, it is determined that dislocations in 

Fig. 8-7 (b) are [1120]
3

a
 

 dislocations on the (1100)


plane, and the dislocations in Fig. 8-7 (c) are 

(a) (b) 

(c) 

1010


0110


1100
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[1210]
3

a
 

 dislocations on the (1010)


plane. Compared with the <a> dislocations in the RD sample with 

0.5% plastic strain (Fig. 8-6), the <a> dislocations in the 1% deformed RD sample have higher density 

and a more tangled morphology. 

 

 

 

 

 

 

 

 

 

 

Fig. 8-7 Prismatic <a> dislocations in the RD sample deformed by 1% plastic strain. Images are taken 

with (a) (0111)


  (b) (1010)


, and (c) (1101)


reflection from the [1213]
 

zone axis. 

 

 

 

 

(a) (b) 

(c) 

1010


1101


0111
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Fig. 8-8 shows the evolution of pyramidal <c+a> dislocations and <a> dislocations in RD samples with 

plastic strains from 1% to 5%. Both types of dislocations are found to increase with plastic strain. For 

<c+a> dislocations, they are exclusively edge character when their density is low, as shown in Fig. 8-8 

(d), (e). The largest density change happened when the sample has been deformed into the full plastic 

region (from 2% to 5%). From Fig. 8-8 (e), the observed <c+a> dislocations are seen to have a larger 

length. Evidence of cross slip can also be observed for most of the <c+a> dislocations. The change of <a> 

dislocations with plastic strain increase is also obvious. As shown in Fig. 8-8 (b), (d), there is a substantial 

increase of <a> dislocation density in the RD sample from 1% to 2% plastic strain, and the arrangement 

of them becomes less regular. In the 5% RD sample, more <a> dislocations are stored, with a highly 

entangled morphology. 
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Fig. 8-8 Change of pyramidal <c+a> dislocations and <a> dislocations in the RD sample with plastic 

strains.  (a-b) 1% plastic strain, (c-d) 2% plastic strain, and (e-f) 5% plastic strain. All images are taken 

with the [1100]


zone axis with (0002) and (1120)


 reflections to reveal <c+a> and <a> dislocations 

respectively. 

 

(e) (f) 

(d) (c) 

(a) (b) 

1120
0002

0002
1120



1120
0002
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8.3.3.2 TEM characterization of dislocation microstructure in ND samples 

 

In ND samples with plastic strains smaller than 1%, the deformation induced dislocations are 

predominantly type <a> dislocations with well-defined line morphology. Fig. 8-9 shows two types of <a> 

dislocations that have been observed in two different grains in the ND sample deformed to 0.5% plastic 

strain. Both images were taken with the [1120]


 zone axis with the reflections that reveal type <a> 

dislocations. Although with a line direction approximately parallel with the basal trace, dislocations in 

Fig. 8-9 (a) are determined to belong to the prismatic <a> slip system, as has been described in Chapter 6. 

In Fig. 8-9 (b), as indicated by the red arrow, a sub-grain boundary is seen in the grain. It has been 

determined (Chapter 6) that such a boundary actually consists of three type <a> dislocations with 

different Burgers vector lying on the basal plane. Here with the [1120]


 zone axis the (0002) basal plane 

is close to the edge-on direction. Therefore the hexagonal dislocation network constituents of the sub-

grain boundary are revealed as straight dislocations, lying parallel to the basal plane trace. Likewise, the 

other larger <a> dislocations are of similar morphology with periodic white and black contrast as these 

sub-grain boundary dislocations. So it is very likely that they are also dislocations lying on the (0002) 

plane.  
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Fig. 8-9 Two types of <a> dislocations observed in the 0.5% plastic strain ND sample from two different 

 grains. (a) prismatic <a> dislocations with larger length and (b) possible basal <a> dislocations with 

shorter length but more regularly arranged morphology. Zone axis [1120]


. 

 

 

 

 

 

 

Fig. 8-10 Prismatic <a> dislocations in the ND sample deformed by 1% plastic strain. Images are taken 

with (a) (1101)


, and  (b) (0111)
 

reflection from the [1213]
 

zone axis. 

 

(a) (b) Sub-grain boundary 

(a) (b) 

1101


1100


1101


0111
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Compared to the RD samples, a strong interaction of prismatic <a> dislocations seems to occur at larger 

strains in the ND samples. Fig. 8-10 shows prismatic <a> dislocation reactions happened in the 1% plastic 

strain ND sample. The two groups of prismatic <a> dislocations observed react with each other, forming 

new <a> dislocations with a third <a> Burgers vector. Such interaction generated large localized stresses, 

which induced strong bending in the  grain. 

Typical prismatic dislocations in the ND sample with 2% plastic strain are shown in Fig. 8-11. It can be 

seen that the <a> dislocations become more fragmented due to the repeated intersection of dislocations 

belonging to two different slip systems and forming the third type of <a> dislocations. 

 

 

 

 

 

 

 

 

 

 

Fig. 8-11 Prismatic <a> dislocation in ND sample deformed by 2% plastic strain in ND. Images are taken 

with (a) (1010)


  (b) (1100)


, and (c) (0110)


reflection from the zone axis [0002]. 

(a) (b) 

(c) 
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1100


0110
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The evolution of type <c+a> and type <a> dislocations with plastic strain in the ND samples is shown in 

Fig. 8-12. Similar to that of the RD samples, intensive <c+a> slip didn’t occur until the plastic strain is 

larger than 2%. At smaller strains (Fig. 8-12 (a) and (c)), edge <c+a> dislocations were formed in  

grains. Their density is also proportional to the density of type <a> dislocations in the same grain, which 

can be seen from Fig. 8-12 (b) and (d). This again implies that the multiplication of <c+a> dislocations is 

closely related to the accumulation of <a> dislocations, which can generate large stresses locally to 

activate the hard pyramidal slip system. Cross slip of <c+a> can also be observed, as indicated by red 

arrows in Fig. 8-12 (a) and (d). In the ND sample with 5% plastic strain, the activity of <c+a> slip is very 

strong (Fig. 8-12 (e)), and their edge character becomes less distinguished as most of the <c+a> 

dislocations are seen to have curved line directions. From the evolution of type <a> dislocations in Fig. 8-

12 (b), (d), and (f), one can see that the length of individual <a> dislocations becomes smaller and they 

are more entangled as the plastic strain increases.  Lastly, more <c+a> dislocations were observed in ND 

samples than RD samples at the same plastic strain of 5%, which is consistent with the density 

measurements through DLPA analysis. 
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Fig. 8-12 Change of pyramidal <c+a> dislocations and <a> dislocations in the ND sample deformed by 

different plastic strains.  (a-b) 1% plastic strain, (c-d) 2% plastic strain, and (e-f) 5% plastic strain. (a-b) is 

taken with [1120]


zone axis, (c-d) and (e-f) is taken with the [1100]


 zone axis. 

(a) (b) 

(c) (d) 

(e) (f) 
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8.4 Discussion 

8.4.1 Broadening response of  peaks and effect of texture 

 

    

Fig. 8-13 Williamson-Hall plot of  peaks in the undeformed and deformed ND (a) and RD (b) sample 

showing change of FWHM with plastic strains. The FWHM values were measured from diffraction 

patterns with incident neutron beam perpendicular to the TD direction. 

 

A previous study with the same material has shown that the  phase has a higher strength than the  

phase [6]. Although  peaks were detected by the NPDF measurements, they were not well defined 

enough for quantitative dislocation density analysis. Still, the density change of stored dislocations in the 

 phase can be studied qualitatively from the change of FWHM, as shown in Fig. 8-13. The broadening of 

 peaks seems to be dependent on texture. In ND samples, more apparent change of FWHM is observed 

than in the RD sample. This indicates that fewer dislocations were generated when deformed along RD 

than along ND direction. The strength differential between the ND and RD might be the cause of such 

texture dependent broadening response of  phase. The stronger ND direction implies that higher stress 

has been applied for a given same plastic strain level than when loading in the RD, this has resulted in 

more  dislocations being produced and stored in the ND samples. 

(a) ND-TD (b) RD-TD 
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Through both DLPA analysis and TEM observation, it is found that the accumulation of dislocations and 

related microstructure is texture dependent. At every plastic strain level, the ND samples contain larger 

amounts of both type <a> and type <c+a> dislocations than the corresponding RD sample. This can be 

attributed to the texture difference between the two directions. It has been shown that the fraction of 

resolved basal plane normals is higher in the ND direction than the RD direction [6]. As discussed in 

Chapter 4 (Fig. 4-12), loading along directions close to the <c> axis gives larger Schmid factors for basal 

<a> and pyramidal <c+a> slip than for prismatic <a> slip. Therefore one would expect more basal <a> 

and pyramidal <c+a> slip activity in the ND samples, which has been observed in this study. With the 

actually measured type <a> and <c+a> dislocation densities at different plastic strain levels, the results 

are in good consistency with the calculation results from an EVPSC (elasto-viscoplastic self-consistent) 

model development by Mareau [29]. In that paper Mareau also predicts higher basal <a> and pyramidal 

<c+a> activity than prismatic <a> at larger strains along the basal normal concentrated ND direction 

(during compression in a similarly texture Zircaloy-2 alloy). The higher density of type <a> dislocation in 

the ND samples than that of the RD samples might be because basal <a> dislocations are more easily 

stored than prismatic <a> dislocations. Similar result was also observed in tensile deformed Zr-2.5Nb 

pressure tube material as reported in Chapter 5, where the sample deformed along the transverse direction 

contained more type <a> dislocations than that deformed along the tube axial direction. 

The observed dislocation microstructures also give us an insight into the role of each slip system on the 

macroscopic hardening response. Despite the fact that basal <a> and pyramidal <c+a> can occur in some 

grains locally at the elastic-plastic transition region (as shown in Fig. 8-4 and Fig. 8-5), prismatic <a> slip 

dominates the early stages of plastic deformation along both ND and RD. These prismatic <a> 

dislocations are generally observed as screw type in the TEM, and strong interactions from two prismatic 

slip systems in one  grain are commonly observed. Through such interaction, sessile dislocation 

segments with a third <a> Burgers vector can be formed which strongly pin the mobile dislocations. As a 
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result, a stronger hardening response is seen along the RD than in the ND during compression as more 

grains are favored for prismatic slip. 

When the samples have been deformed into the plastic region (≥1% plastic strain), the prismatic <a> 

dislocations become more segmented with a shorter length, as shown in Fig. 8-7 and Fig. 8-11 for RD and 

ND respectively. This shortening of dislocation length can be correlated with the observed reduced 

macroscopic hardening at larger plastic strains. Furthermore, the alignment of the type <a> dislocations 

become less regular and more entangled with each other as the plastic deformation becomes larger. From 

Fig. 8-8 and Fig. 8-12, most of the <a> dislocations in the RD and ND samples with 1% and 2% plastic 

strain have line directions parallel with the (0002) basal plane trace. This feature disappeared in the 

samples with 5% plastic strain; instead the <a> dislocations become more curved and co-exist with dense 

<c+a> dislocations, which suggests that there might be a strong interaction between the type <a> and type 

<c+a> dislocations. 

8.4.2 The operation of pyramidal <c+a> dislocations 

 

It has been reported that this hot rolled Zr-2.5Nb alloy shows an obvious strength differential between 

tension and compression along basal normal concentrated TD and ND directions [6]. The author 

suggested that this resulted due to the local stress state and shear direction dependence of <c+a> 

dislocations, based on the ideas originally proposed by Hutchinson in studies of textured Ti-6Al-4V 

alloys [30, 31]. Modeling studies have also shown that by giving different parameters of pyramidal slip 

for grains under tension and compression respectively, the simulation results can be greatly improved for 

Zr-Nb alloys [7, 32]. In order to address such asymmetric behavior of <c+a> dislocations in this alloy, we 

compared TEM microstructures of <c+a> dislocations from Zr-2.5Nb samples deformed by compression 

and tension along RD. 

It has been shown that for the samples deformed by compression to small plastic strains, the observed 

<c+a> dislocations are exclusively straight edge type, lying parallel with the (0002) basal plane trace. As 
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shown in Fig. 8-14 (a), edge <c+a> dislocations are seen to form in an  grain of the RD sample with 

0.25% plastic strain. One is even seen to form adjacent to a second phase particle, implying that small 

precipitates can be nucleation sites for the formation of edge <c+a> dislocations. Similar edge <c+a> 

dislocations are also observed in titanium [33, 34] and magnesium [35] which have been subjected to 

compressive deformation. However, in the samples that have been subjected to tensile deformation, the 

pyramidal <c+a> dislocations are seen to have a distinctly different morphology, which can be seen from 

Fig. 8-14 (b). These <c+a> dislocations are formed as short pairs in the  grain. The more detailed 

analysis in Chapter 6 has shown that they lie on the {1011}


pyramidal plane.  Similar <c+a> dislocation 

microstructure belongs to {1101} 1123
  

   pyramidal system has been reported by Numakura for both 

titanium [36] and zirconium [37] after tensile deformation. Note that the glide plane for the edge <c+a> 

edge dislocations formed in titanium and magnesium after compression deformation are{1122}


, so it 

might be possible that the edge dislocations observed in this study are also on the same glide plane. In the 

samples deformed to larger plastic strain, non-edge segments are frequently observed from the <c+a> 

dislocations. Fig. 8-14 (c) shows such <c+a> dislocations formed in the RD sample with 2% compressive 

plastic strain. With the help of the hcp unit cell, it is easy to observe that the line direction of the non-edge 

segments is parallel with the (1122)


plane trace, as indicated by the red arrows. This directionality is 

frequently observed in <c+a> dislocations formed in both RD (Fig. 8-8 (e)) and ND (Fig. 8-12 (a) and 

(d)) samples. Considering the fact that each <c+a> dislocation lies on one glide plane, the 2D line 

direction projection of the linear edge part and curved non-edge part can determine the projection of the 

plane. With this method, it has been found that the edge part of the <c+a> dislocations is parallel with the 

intersection of (0002) basal plane and second order {1122}


 pyramidal planes, and non-edge part is 

parallel with the trace of {1122}


 planes with the zone axis of [1120]


. Therefore, the <c+a> dislocations 
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found in this Zr-2.5Nb alloy deformed by compression can be determined to belong to the second order 

pyramidal slip system {1122} 2113
  

  .  

 

 

 

 

 

 

 

 

 

 

 

Fig. 8-14 Microstructure of pyramidal <c+a> dislocations formed in Zr-2.5Nb samples with compressive 

and tensile deformation. (a) edge <c+a> dislocations formed in compression sample with 0.25% plastic 

strain along RD. (b) pairs of <c+a> dislocations formed in tensile sample with 1.5% plastic strain along 

RD. (c) <c+a> dislocations with non-edge segments with the line direction parallel with (1122)


plane 

trace in compression sample with 2% plastic strain along RD, the HCP unit cell indicates the orientation 

of the  grain for the imaging. 

 

The slip mechanism for this system might be similar to that which Ando proposed for magnesium [38]. 

During compressive deformation edge <c+a> dislocations can be produced over areas with high localized 

200  nm 

(c) 

(a) (b) 

plane trace (1122)


0002
0002

0002
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shear stresses, such as entangled <a> dislocations or small precipitates. Such edge dislocations glide only 

with difficulty due to their large Burgers vector, and might become immobilized due to thermally 

activated decomposition into a sessile <c> dislocation and mobile <a> dislocations; the latter can glide 

away by basal or prismatic slip. At larger plastic strains, screw parts are formed to accommodate 

deformation by dragging along the edge parts, or by cross-slipping, as indicated by the red arrows in Fig. 

8-14 (c).  Dragged by the long edge parts, <c+a> dislocations on {1122}


 planes seem to be more difficult 

to operate than <c+a> dislocations on {1101}


 planes with mixed character. Therefore, it might be that the 

tension-compression initiation asymmetry of pyramidal <c+a> dislocation is due to the glide plane 

difference. Under a compressive stress along the c-axis the <c+a> dislocations glide on {1122}


 planes 

while with tensile stress they glide on {1101}


 planes. 

8.5 Conclusions 

 

Samples prepared from a hot rolled Zr-2.5Nb alloy has been subjected to compressive deformation to 

different plastic strains along RD and ND. The changes of dislocation density and microstructure with 

plastic deformation have been studied through DPLA analysis on neutron diffraction pattern and TEM 

microstructure observation with good consistency. The following conclusion can be drawn: 

1. Prismatic <a> slip dominates the accumulation of plastic strain during the elastic-plastic 

transition regime, which gives strong hardening effect through interaction of screw <a> 

dislocations from two slip systems. 

2. The stored dislocation density from plastic deformation is texture dependent. Loading along ND 

with a larger basal normal concentration gives stronger pyramidal <c+a> activity than loading 

along RD. The greatest operation of pyramidal slip happens in the plastic regime when the strain 

is larger than 2%. 
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3. Larger type <a> dislocation density was found along ND than RD at all plastic strains, which 

might be a result of stronger basal activity along ND. 

4. The asymmetric CRSS of pyramidal slip upon loading direction appears to be due to glide plane 

differences, where <c+a> dislocations slip on {1122}


 planes during compression and on {1101}


 

planes during tension. 
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Chapter 9 

Conclusions and Future Work 

9.1 General discussion 

 

The objective of this thesis is to study the effect of temperature and irradiation on the deformation 

mechanisms operating in zirconium alloys. Although many researches have been carried out on this broad 

topic, several state-of-the-art techniques have been used in this thesis, providing new insights into 

understanding deformation in zirconium alloys under various conditions. Most of the work here were 

carried out in situ, at scales from millimeters containing thousands of grains to a single grain at 

micrometers. Consistent results, in terms of deformation mechanisms, were drawn from the different 

approaches, which have been presented in individual manuscript chapters. Although each study has been 

presented with a different focus, they closely relate to each other; and in total provide a significant 

improvement in understanding slip systems in zirconium alloys, and their response to temperature and 

irradiation. 

 

In Chapter 3, the change in deformation modes with increasing temperatures in a single  phase alloy 

(Zircaloy-2) has been studied through in situ neutron diffraction mechanical tests. From studies with 

zirconium single crystals it was previously known that the CRSS of prismatic <a>, basal <a>, and 

pyramidal <c+a> slip decrease with temperature increase [1-3]. By measuring the development of 

intergranular stresses during loading, these modes were found to operate at different applied stress levels 

in the polycrystalline Zircaloy-2. A direct correlation was drawn between the lattice strain deviation from 

linearity of certain grain family and slip mode initiation, such that the deviation of {1010}


 lattice strain 

denotes the operation of prismatic <a> slip, and initiation of basal <a> slip induces deviation of the

{1011}


 lattice strain response. 
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In Chapter 4, with the same type of in situ neutron diffraction technique, we went further to carry out tests 

with Zr-2.5Nb pressure tube material samples, in either the fast neutron irradiated or un-irradiated 

condition. This is the first time that such an experiment has been done with radioactive zirconium alloy 

samples, in this case made from a tube with several years of in-reactor service history. By observation of 

the evolution of lattice strains, and building on the results presented in Chapter 3, neutron irradiation was 

found to induce significant hardening on prismatic and basal <a> slip, through the pinning of gliding 

dislocations by the irradiation induced dislocation loops. Another important finding of these experiments 

is the early yielding of (0002) grains in the irradiated TD sample, which shows that irradiation has 

relatively small impact on pyramidal <c+a> slip. This draws attention to the fact that pyramidal <c+a> 

slip plays an important slip mode in irradiated zirconium alloys, which has previously been overlooked. 

 

Chapter 5 reported line profile analysis on the in situ acquired neutron diffraction patterns, from the tests 

discussed in Chapter 4. In comparison to previously reported results, which are mainly from X-ray 

diffraction with much lower sampling statistics and only reported a total dislocation density, this study in 

addition gave the separate evolution of type <a>, and <c+a> dislocations with plastic strain. Interestingly 

density of type <a> dislocations was found to be stable during the deformation of irradiated samples, 

whereas the <c+a> density increased continuously with plastic strain. This again demonstrates the 

enhanced importance of pyramidal <c+a> slip in irradiated compared to cold-worked materials. This is 

believed to be due to the lack of hardening from irradiation induced loops, and possible dislocation 

channeling that removes <a> loops while generating gliding <a> dislocations, and is thus consistent with 

the results from Chapter 4. 

 

The TEM observations in Chapter 5 show that it is very challenging to carry out any detailed analysis of 

individual dislocations induced by deformation, due to the fine grain size of the Zr-2.5Nb pressure tube 

material. Therefore, in Chapter 6, a hot rolled Zr-2.5Nb with a large grain size was used to study the 
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development of dislocation microstructures with increasing plastic strain. By deforming the samples to 

different plastic strains, the initiation sequences of prismatic <a>, basal <a>, and pyramidal <c+a> which 

were probed by neutron diffraction in the previous chapters can be validated. Dislocation microstructures 

of these three slip systems were presented, and especially the less commonly reported basal <a> and 

pyramidal <c+a> dislocations were identified by taking series of images during rotation.    

 

Chapter 7 presented  in situ TEM irradiation and loading experiments with a hot rolled Zr-2.5Nb alloy. 

This is the first time that direct observation of the effect of irradiation induced defects on gliding behavior 

of dislocations in zirconium alloys has been reported. The dynamic observation showed that after the 

irradiation by heavy ions, the gliding of <a> dislocations become much more difficult during loading. 

This provides microstructural evidences to support selective irradiation hardening on prismatic and basal 

<a> slip which was presented in Chapters 4 and 5. Furthermore, strong pyramidal <c+a> activity was 

found in the irradiated sample after deformation. Given the fact that pyramidal slip is of the highest CRSS 

in the un-irradiated zirconium alloy, this finding again suggests that irradiation induced defects have a 

small hardening effect on pyramidal <c+a> dislocations.  

 

In Chapter 8, the evolution of dislocation density and microstructure with compressive strains were 

reported. Different levels of compressive strains were added to the hot rolled Zr-2.5Nb alloy, along two 

texture directions. By using high resolution neutron diffraction technique and TEM observations, the 

evolution of type <a> and <c+a> dislocation densities, as well as changes of dislocation microstructure 

with plastic strain were characterized. 

 

Part of the objectives have been fulfilled by drawing a correlation between internal stress development of 

certain sets of grains with the initiation of a slip mode during deformation. Based on the applied stresses 

at which the lattice strains deviate from a linear increase, the effect of temperature, fast neutron irradiation 

on the CRSS of prismatic <a>, basal <a>, and pyramidal <c+a> in zirconium alloys have been revealed. 
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The measurement of dislocation density evolution, and observation of dislocation microstructures by 

TEM, provide a good insight into the macroscopic hardening response of different slip modes. Also, the 

objective of using heavy ion irradiation to simulate the effect of neutron irradiation on deformation 

mechanisms has been realized by deforming a thin foil sample in a TEM equipped with an accelerator. 

The observation of deformation induced dislocation microstructure development in un-irradiated and 

irradiated Zr-2.5Nb alloy has been found to have good consistency with the deformation behavior of 

neutron irradiated Zr-2.5Nb pressure tube material. As a whole, this thesis helps to further understand the 

deformation behavior of zirconium alloys. The presented experimental results will guide the selection of 

parameters for future modeling works.  

9.2 Conlusions 

 

The following conclusions can be made based on the results from each Chapter of this study: 

9.2.1 Chapter 3 

 

In situ neutron diffraction lattice strain measurements have been made during compressive loading tests 

on Zircaloy-2 alloy at temperatures from 100˚C to 500˚C. The macroscopic deformation behavior was 

found to be dependent on testing temperature. At 100˚C and 300˚C, a higher strength but lower hardening 

rate was found along ND than RD, while at 500˚C the difference became very small. The activation of 

different deformation modes were revealed from the evolution of lattice strains with applied stress. It has 

been shown that activation stresses required for all slip modes decreased with increasing temperature. 

Prism and basal <a> slip were found to be the easiest slip modes that dominate the deformation over the 

whole testing temperature range. Compression along RD direction induced tensile twinning at 300˚C and 

lower temperatures, whereas pyramidal slip was activated for tests along ND. However, at 500˚C both 

pyramidal slip and twinning could not be activated, due to the significant reduction of sample strength. 
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9.2.2 Chapter 4 

 

The deformation behavior of fast neutron irradiated and un-irradiated Zr-2.5Nb pressure tube material has 

been studied by in situ neutron diffraction tensile tests. The tests were done along two texture directions 

AD and TD and at two temperatures (RT and 250˚C). Due to the strong texture, TD samples were found 

to have higher yield strengths than the AD samples in the un-irradiated state. Fast-neutron irradiation 

induced significant hardening; the irradiated samples have a of higher yield strength than the un-irradiated 

samples by about 220MPa along both AD and TD, at room temperature. By observing the deviation from 

linearity of {1010}


, {1011}


 and {0002}  lattice strains with applied stresses, initiation of prismatic <a>, 

basal <a>, and pyramidal <c+a> slip were detected. In the un-irradiated state, prismatic <a> was found to 

operate first, followed by basal <a> slip and lastly pyramidal <c+a> slip. Evidence of twinning was only 

found in un-irradiated TD samples at large strains. For the irradiated sample, prismatic <a> and basal <a> 

slip were selectively hardened by the irradiation induced type <a> dislocation loops. Pyramidal <c+a> 

slip was found to initiate at a similar applied stress in the TD samples with and without irradiation, 

indicating very small impact of hardening from the <a> loops on this deformation mode. 

 

9.2.3 Chapter 5 

 

With the Zr-2.5Nb pressure tube samples that have been reported in Chapter 4, the evolution of type <a> 

and type <c+a> dislocations with plastic strain were quantified through line profile analysis on neutron 

diffraction patterns. The microstructures of the un-irradiated samples with and without deformation were 

characterized by TEM diffraction contrast observation. High resolution neutron diffraction measurements 

showed that the density of stored type <a> and <c+a> dislocations are higher along TD than along AD 

direction for the un-irradiated pressure tube. This is due to the strong texture, both basal <a> and 

pyramidal <c+a> slip were favored along the TD direction which contained most of the {0002} basal 
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normals. TEM observation confirmed higher density of <c+a> and <a> dislocations in the un-irradiated 

TD sample, in which the <a> dislocations were found to distribute mostly on top of the  phase 

boundaries. Furthermore, the difference of the observed three slip systems on the macroscopic stress-

strain curve was given at the un-irradiated state. The operation of prismatic <a> slip provided strong 

hardening during the deformation along AD, while the operation of basal <a> and pyramidal <c+a> 

provided smaller hardening effects during the deformation along TD. A higher density increase of 

pyramidal <c+a> dislocations and relatively unchanged type <a> dislocations during deformation were 

found in the irradiated AD sample. This indicates higher pyramidal slip and possibly the operation of 

dislocation channeling, which is also supported by the findings reported in Chapter 4. 

 

9.2.4 Chapter 6 

 

By deforming a hot rolled Zr-2.5Nb alloy by tensile deformation to different plastic strains, the 

development of dislocation microstructure has been characterized by TEM. Two types of sub-boundaries 

were observed in the non-deformed sample. One type was twist boundaries which consist of hexagons 

with three screw <a> dislocations lying on the basal plane; it resulted from the reaction of two <a> 

dislocation forming the third <a> dislocation. The other type consists of <c> dislocations and <a> 

dislocations. Upon deformation, in situ SEM observation showed that slip traces developed only in 

certain sets of grains at small strains, indicating localized deformation. In the full plastic region, in almost 

all the grains, slip traces were observed. Prismatic <a> dislocations with large screw and edge 

components were found to be activated first, in the sample deformed to ~0.5% plastic strain. The screw 

<a> dislocations belonging to two slip planes are found to intersect each other and form sessile segments 

with a third <a> Burgers vector, which contributed to the strong macroscopic hardening. In the sample 

with larger plastic strain, dislocations belonged to the basal <a> slip system, as determined by rotating the 

grain while keeping the same imaging reflection. They were found to operate at larger plastic strain than 
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prismatic <a> slip, i.e. suggesting a stronger CRSS for basal <a> slip. Pyramidal <c+a> dislocations were 

found in the sample with higher plastic strain too, whereas no twinning was observed. This indicated that 

pyramidal slip is favored over twinning for accommodation of <c> axis strains in this alloy. 

 

9.2.5 Chapter 7 

 

In order to use heavy ion irradiation to study the deformation mechanism change upon irradiation, in situ 

TEM deformations have been carried out with a Zr-2.5Nb alloy. In the un-irradiated state, screw prismatic 

<a> dislocations were found to glide towards the [0002] direction at room temperature. Post-mortem 

observation on a sample deformed without irradiation also indicated the operation of edge prismatic <a> 

dislocations, but no pyramidal <c+a> dislocations were observed. After being irradiated by 1MeV Kr
2+

 to 

1dpa at 300˚C, the irradiation induced dislocation loops strongly pinned the glide of prismatic <a> 

dislocations during deformation at room temperature, which made the characteristics of motion became 

more jerky and segmented. The removal of dislocation loops by mobile <a> dislocations has been 

observed at both room temperature and 300˚C through in situ video. Post-mortem observation also 

showed dislocation loop depleted zones that are parallel with the basal plane trace, which gives evidence 

for the possibility of basal channel forming in this alloy. Pyramidal <c+a> dislocations were observed in 

the irradiated sample after deformation at both room temperature and 300˚C. At room temperature, they 

were found to be able to cross glide along localized areas with little evidences of being pinned by loop 

defects. This finding supports the results reported in Chapter 4 that irradiation has a very small effect on 

pyramidal <c+a> slip system. Stronger <c+a> activities were found in the irradiated sample after 

deformation at 300˚C; they were found to distribute more uniformly across the  grain than that at room 

temperature. Lastly, {0111} 0112
 

   twinning was identified in the irradiated sample deformed at 

300˚C, providing another possible deformation mechanism for the Zr-2.5Nb alloy after irradiation. 
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9.2.6 Chapter 8 

 

The evolution of dislocation density and microstructure in a hot rolled Zr-2.5Nb alloy with compressive 

plastic strain was analyzed by using neutron diffraction and transmission electron microscopy. Samples 

were deformed to plastic strains ranging from 0.25% to 5% along two directions. Density measurements 

of type <a>, <c>, and <c+a> dislocations revealed that predominantly the <a> dislocation population 

increases during the elastic-plastic transition regime, which is at plastic strains smaller than 2%. No 

apparent change was observed for type <c> dislocations. Pyramidal <c+a> dislocations were found to 

operate significantly when the strain is larger than 2%, presumably since much higher local stresses are 

required to activate this slip system. TEM observations qualitatively confirmed the activating sequences 

of type <a> and type <c+a> dislocations revealed by the density measurements. Along the texture 

direction with more {0002} normals, more type <a> dislocations were stored at each strain level. Similar 

trends were reported in Chapter 5 for the Zr-2.5Nb pressure tube material, which might be a result of the 

stronger basal slip activity. The asymmetric CRSS of pyramidal slip upon loading direction was 

addressed by the TEM dislocation microstructures. The <c+a> dislocations were found to lie on different 

planes in the compressive samples tested in this study from the tensile samples reported in Chapter 7. 

During compression, <c+a> dislocations were found with the glide plane of  {1122}


 planes, whereas 

during tension they are gliding on {1101}


 planes. This difference might have resulted from the CRSS 

asymmetry.  

 

 

9.3 Future work 

 

Extensive experimental works have been done in this work to characterize the deformation behavior of 

zirconium alloys. The future works can be done with the following aspects:  
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9.3.1 Polycrystalline modeling 

 

1) In Chapter 3 lattice strain data were acquired by in situ neutron diffraction to probe the change of 

deformation mode with temperature. The well development self-consistent polycrystalline 

modeling can be used to fit the data sets to further quantify the CRSS value of each deformation 

system and their hardening response. Since the tests were carried out at elevated temperatures, 

one should consider the removal of dislocation by annealing and also possible climb so that the 

modeling can predict the experimental results with more accuracy. Therefore, rather than using 

the conventionally used EPSC model, the rate dependent EVPSC model developed by Mareau [4] 

is suggested to be used to fit the lattice strains. With this modeling approach, the contribution of 

prismatic and basal <a> slip systems to the accumulation of plastic strain along different loading 

directions at temperatures higher than 300˚C can possibly be evaluated. 

2) The lattice strain data reported in Chapter 4 on irradiated Zr-2.5Nb pressure tube materials can 

also be fitted by modeling to quantify the hardening effect of fast neutron irradiation on different 

slip systems. The two phase microstructure can either be attempted with the same combined 

FEM/EPSC model as used by Cai [5], or two phase EPSC models [6, 7]. However, the work 

softening induced by localized deformation such as possible dislocation channeling is hard to be 

addressed by self-consistent models. Probably by adding softening parameters to the prismatic 

and/or basal <a> slip system like the approach used by Onimus [8] into the modeling calculation 

can provide improved fitting. Furthermore, with the dislocation density evolution as reported in 

Chapter 5, again the two phase EVPSC model can be used to fit the lattice strain data and predict 

density change of each deformation mode. 
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9.3.2 TEM observation of the deformed neutron irradiated samples 

 

We are hoping to have the TEM samples prepared by Chalk River Lab soon, but due to the difficulty in 

preparing active samples, they were not available in time for results to be included in this thesis. 

1) The density of type <a> dislocations was found to be relatively stable during the deformation of 

irradiated AD Zr-2.5Nb pressure tube samples, as reported in Chapter 5. It will be interesting to 

carry out detailed TEM observation on the deformed sample to observe any evidences of 

dislocation channeling, and on which planes (basal or prism) planes channel can be formed.   

2) Irradiation was found to have very small hardening effect on pyramidal <c+a> slip, from both 

neutron and heavy ion irradiated samples. Therefore TEM observation can also been done on 

the irradiated samples tested to probe the activity of <c+a> dislocations, and see if they operate 

in a similar localized way to that observed in Chapter 7. 

 

 

 

 

 

 

 

 

 

 

 



 

222 

 

References: 

[1] A. Akhtar, J.  Nucl.  Mater. 47 (1973) 79-86. 

[2] A. Akhtar, A. Teghtsoonian, Acta.  Metal. 19 (1971) 655-663. 

[3] A. Akhtar, Acta.  Metal. 21 (1973) 1-11. 

[4] C. Mareau, M. R. Daymond, Acta.  Mater. 58 (2010) 3313-3325. 

[5] S. Cai, M. R. Daymond, R. A. Holt, Acta Materialia. 57 (2009) 407-419. 

[6] M. R. Daymond, C. Hartig, H. Mecking, Acta.  Mater. 53 (2005) 2805-2813. 

[7] A. Baczmański, C. Braham, Acta.  Mater. 52 (2004) 1133-1142. 

[8] F. Onimus, J. L. Bechade, J.  Nucl.  Mater. 384 (2009) 163-174.  

 

 


	Chapter 1
	1.1 Zirconium alloys in nuclear industry
	1.2 Deformation mechanism of zirconium alloys
	1.3 Irradiation induced hardening
	1.4 Objectives
	1.5 Thesis overview

	Chapter 2
	2.1 Zirconium alloys in CANDU reactor
	2.2 Physical property of zirconium and zirconium alloys
	2.2.1 Crystallography
	2.2.2 Texture and anisotropy
	2.2.3 Deformation mechanisms

	2.3 Internal stresses in polycrystalline aggregates
	2.4 Development of intergranular stresses in zirconium alloys
	2.4.1 Thermal intergranular stresses
	2.4.2 Deformation induced intergranular stresses

	2.5 Effect of neutron irradiation on physical properties of zirconium alloys
	2.5.1 Defect generation by radiation in metals
	2.5.2 Irradiation induced dislocation loops in zirconium alloys
	2.5.3 Other microstructural changes induced by irradiation in zirconium alloys

	2.6 Deformation mechanism of un-irradiated and irradiated zirconium alloys
	2.6.1 Plastic deformation of un-irradiated zirconium alloys
	2.6.2 Plastic instability during deformation of irradiated metallic alloys
	2.6.3 Deformation mechanisms that induces plastic instability in irradiated zirconium alloys

	2.7 Neutron diffraction technique for the study of deformation mechanisms
	2.8 Polycrystalline modeling
	2.9 Application of neutron diffraction and modeling in the study of zirconium alloys
	2.10 Application of diffraction line profile analysis in measuring dislocation density

	Chapter 3  Temperature dependence of the activity of deformation modes in an HCP zirconium alloy
	3.1 Introduction
	3.2 Materials and experimental procedure
	3.3 Experimental results
	3.3.1 Macroscopic behavior
	3.3.2 Compression deformation along ND at 100˚C
	3.3.3 Compression deformation along RD at 100˚C
	3.3.4 Compression deformation along ND at 300˚C
	3.3.5 Compression deformation along RD at 300˚C
	3.3.6 Compression deformation along ND at 500˚C
	3.3.7 Compression deformation along RD at 500˚C

	3.4 Discussion
	3.4.1 Effect of temperature on CRSS of different deformation modes
	3.4.2 Effect of orientation relative to texture

	3.5 Conclusion

	Chapter 4 Deformation mechanism of Zr-2.5Nb pressure tube material with and without neutron irradiation studied by neutron diffraction, Part I: evolution of intergranular stresses
	4.1 Introduction
	4.2 Sample description and Experimental method
	4.3 Results
	4.3.1 Macroscopic stress-strain curve
	4.3.2 Lattice strain development
	4.3.2.1 Un-irradiated AD sample deformed at room temperature
	4.3.2.2 Un-irradiated TD sample deformed at room temperature
	4.3.2.3 Un-irradiated AD sample deformed at 250˚C
	4.3.2.4 Un-irradiated TD sample deformed at 250˚C
	4.3.2.5 Irradiated AD sample deformed at room temperature
	4.3.2.6 Irradiated TD sample deformed at room temperature
	4.3.2.7 Irradiated AD sample deformed at 250˚C


	4.4 Discussions
	4.4.1 Deformation behavior of un-irradiated Zr-2.5Nb pressure tube
	4.4.2 Effect of fast neutron irradiation on the deformation behavior

	4.5 Conclusions

	Chapter 5  Deformation mechanisms of Zr-2.5Nb pressure tube material with and without neutron irradiation studied by neutron diffraction and TEM, Part II: evolution of dislocation density and microstructure
	5.1 Introduction
	5.2 Theory for diffraction line profile analysis
	5.3 Experimental methods
	5.4 Results
	5.4.1 As received microstructure of un-irradiated pressure tube
	5.4.2 Evolution of applied stress and FWHM of diffraction peaks with applied strain
	5.4.3 Dislocation density measured by DLPA analysis
	5.4.4 Dislocation microstructure observation of deformed sample by TEM

	5.5 Discussion
	5.5.1 Deformation behavior of samples without neutron irradiation
	5.5.2 Effect of fast neutron irradiation

	5.6 Conclusions

	Chapter 6  Deformation mechanism study of a hot rolled Zr-2.5Nb alloy by Transmission Electron Microscopy, part I: dislocation microstructures in as-received state and at different plastic strains
	6.1 Introduction
	6.2 Experimental procedure
	6.3 Results
	6.3.1 Slip traces development during deformation
	6.3.2 Dislocation microstructure before loading
	6.3.3 Dislocation microstructure induced by deformation (0.5% plastic strain)
	6.3.4 Dislocation microstructure induced by deformation (1.5% plastic strain)

	6.4 Discussion
	6.5 Conclusion

	Chapter 7  Deformation mechanism study of a hot rolled Zr-2.5Nb alloy by Transmission Electron Microscopy, part II: in situ Transmission Electron Microscopy study of deformation mechanism change of a Zr-2.5Nb alloy upon heavy ion irradiation
	7.1 Introduction
	7.2 Experiments
	7.3 Results
	7.3.1 Dynamic observations
	7.3.1.1 Deformation at room temperature before irradiation
	7.3.1.2 Deformation at room temperature after irradiation
	7.3.1.3 Deformation at 300˚C before irradiation
	7.3.1.4 Deformation at 300˚C after irradiation

	7.3.2 Post-mortem TEM observation of deformed samples
	7.3.2.1 Room temperature deformation at un-irradiated state
	7.3.2.2 Room temperature deformation at irradiated state
	7.3.2.3 Deformed at 300˚C after irradiation


	7.4 Discussions
	7.4.1 Interaction between gliding <a> dislocation and loops
	7.4.2 Possible <a> loop self-glide mechanism
	7.4.3 Other possible deformation mechanisms

	7.5 Conclusions

	Chapter 8  Evolution of dislocation density in a hot rolled Zr-2.5Nb alloy with plastic deformation studied by neutron diffraction and transmission electron microscopy
	8.1 Introduction
	8.2 Experiments
	8.3 Results
	8.3.1 Peak broadening with plastic strain
	8.3.2 Dislocation density measured by DLPA analysis
	8.3.3 TEM characterization of dislocation microstructure
	8.3.3.1 TEM characterization of dislocation microstructure in RD samples
	8.3.3.2 TEM characterization of dislocation microstructure in ND samples


	8.4 Discussion
	8.4.1 Broadening response of  peaks and effect of texture
	8.4.2 The operation of pyramidal <c+a> dislocations

	8.5 Conclusions

	Chapter 9  Conclusions and Future Work
	9.1 General discussion
	9.2 Conlusions
	9.2.1 Chapter 3
	9.2.2 Chapter 4
	9.2.3 Chapter 5
	9.2.4 Chapter 6
	9.2.5 Chapter 7
	9.2.6 Chapter 8

	9.3 Future work
	9.3.1 Polycrystalline modeling
	9.3.2 TEM observation of the deformed neutron irradiated samples



