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Abstract
Inconel X-750 is an age-hardened Ni-based superalloy with high mechanical strength and creep resistance.
The X-750 alloy is extensively used in the cores of reactors, such as spacers in CANada Deuterium Uranium
(CANDU) fuel channels. The recent mechanical tests on the ex-service Inconel X-750 spacers indicate
significant embrittlement and reduced load carrying capacity compared to as installed condition. The
primary degradation mechanism remains unclear, and thus provides the focus of this investigation. Heavyion irradiation was employed as an emulator for neutron irradiation to explore the microstructural evolution
and mechanical property degradation in X-750 Ni-based superalloy. The ion-irradiation has been conducted
at different temperatures and up to different doses. In addition, helium-implantation prior to heavy-ion
irradiation was used to investigate the effect of helium on microstructural changes. The discussion of the
microstructural evolution is focused on characterization of irradiation-induced defects, including
dislocation loops and cavities along with examination of the stability of strengthening phase γ'-precipitates.
A major contribution of this work is to utilize a focused ion beam (FIB) and transmission electron
microscopy (TEM) to perform precise defect characterization. The microstructure is correlated to the
mechanical properties obtained via nano-hardness test on irradiated materials. In order to estimate the
individual contribution of defects in radiation-induced hardening, three different obstacle-hardening models
have been applied to fit TEM-obtained microstructural data. The superposition of contributions is made in
each model and compared with nano-scale experimental results. This approach is unique to the literature
since it demonstrates both the individual and the combined effects of the microstructural features on
mechanical behavior. Furthermore, the effect of gamma-prime instability on mechanical properties of
irradiated X-750 was investigated and the strength softening raised from disordering and also dissolution
of gamma-prime was evaluated.
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Chapter 1
General Introduction
1.1 Ni-based superalloys and their radiation effects
Ni-based superalloys possess excellent strength and creep properties in addition to oxidation and
corrosion resistance at high temperatures. In the case of age-hardened Ni-based superalloys, their
remarkable high temperature strength is attributed from the presences of γ'- (Ni3 [Al, Ti]) or γ''- (Ni3
[Nb, Ti]) precipitates in the microstructure [1-3]. Therefore, they are regarded as good candidates
of components in the core of nuclear reactors. For instance, Inconel 718 was successfully employed
as bolts, grid spacers of fuel elements and springs in fission reactors [4]. Inconel 600 is used in
CANDU reactors as a part of flux detectors [5, 6]. Inconel X-750 is used for fasteners and centering
pins in the core of pressurized water reactors and boiling water reactors, and in CANDU fuel
channels as spacers and also tensioning springs at the periphery of reactors [6].
It is well known that the radiation damage from fast neutrons causes significant changes in
microstructure and consequent mechanical properties of component materials in the reactors.
Lattice displacement due to atomic collisions with high energy neutrons can introduce different
types of defects of crystalline structure including; dislocation loops, cavities and other tiny
unidentified defects. Hence, the microstructure changes may alter the mechanical properties
through hardening of the material and reduce ductility and fracture toughness [7-9]. In addition,
radiation damage of fast neutrons may affect the stability of the strengthening precipitates. In Nibased superalloys, any instability (disordering/dissolution) in γ'-precipitates can lead to significant
degradation in mechanical properties.
In addition to fast neutrons, Ni-based superalloys are also subjected to thermal neutron irradiation
in thermal reactors such as CANDU reactor which will enhance the level of radiation damage as
well as the significant production of helium and hydrogen through (n,α) transmutation reaction [10,
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11]. The inert gas plays an important role in nucleation of cavities by means of stabilizing the
irradiation-induced vacancies [12]. Also helium generation may have noticeable influence on
defect production and precipitate stability.
Modern heavy water CANDU reactors use Inconel X-750 as internal spacers to maintain a gap
between the hot Zr-2.5wt%Nb pressure tube and the cool Zircaloy-2 calandria tube. The spacers
operate in a dry CO2 (up to 5% O2) atmosphere. Post irradiated examination on ex-service Inconel
X-750 CANDU spacers indicated a reduced strength and ductility compared to un-irradiated
material. The mechanical property evolution of these components is dependent on the irradiation
temperature and dose of the materials. Owing to the relevance to nuclear industry and engineering
materials, the irradiation damage effects on structure and mechanical properties of face centered
cubic (FCC) metals are of great interest and have been the subject of study for many years [4, 7,
13-15]. However, there is still a lack of understanding of the fundamental mechanisms underlying
mechanical property degradation due to irradiation-induced damages in some commercial Ni-based
superalloys such as Inconel X-750.

1.2 Objectives
In summary, the objectives of this research work are:
1. To investigate the effect of dual beam (He+/Ni+) irradiation on defect generation through
in-situ TEM observation with dual beam ion irradiation.
2. To explore the influence of simultaneous helium implantation on stability of γ'-precipitates,
particularly at high doses.
3. To understand the effect of γ'-precipitate instability (disordering/dissolution) on postirradiation mechanical properties of X-750 alloy.
4. To investigate the impact of radiation-induced defects including, cavities and dislocation
loops on mechanical properties of Inconel X-750.
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5. To explore the combined effect of γ'-precipitate instability and radiation-induced defects
on post-irradiation mechanical properties of X-750 alloy.
6. To estimate the individual hardening contributions from different types of defects on
radiation-induced hardening by employing different obstacle hardening models.
7. To calculate the effect of strength softening due to γ'-precipitate instability considering the
anti-phase boundary and coherency strengthening mechanism.
8. To explore the effect of irradiation damage on deformation mechanism during nanoindentation in X-750 alloy.
9. To investigate the indentation size effect (ISE) in un-irradiated X-750 and explore the
effect of irradiation-induced defects on ISE.

1.3 Guide to thesis
The research in this dissertation will be presented in manuscript format. The five individually
published, or submitted journal papers are included. Accordingly, the general introduction to this
dissertation (Chapter 1) is intentionally kept brief. Each part of the work will be introduced
individually in the following chapters.
Chapter 2 comprehensively reviews radiation damage in Ni-based superalloys (particularly X-750
alloy) and relevant studies on radiation-induced mechanical property degradation.
Chapter 3 presents the microstructural evolution in X-750 alloy during in-situ TEM dual beam
(He+/Kr2+) irradiation, with a particular focus on cavities and dislocation loop generation.
Chapter 4 reports the effect of simultaneous helium implantation on cavity generation, dislocation
loop production and also stability of γ'-precipitates during Ni-ion irradiation.
Chapter 5 provides the mechanical response of room temperature ion irradiation of X-750 alloy
through employing nano-indentation hardness. The cross-sectional TEM observation results are
also presented to explore the effect of γ'-precipitate instability on mechanical properties of
irradiated X-750 alloy.
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Chapter 6 presents the effect of helium implantation and also irradiation temperature on nanohardness of X-750 alloy. A comprehensive discussion on correlation between mechanical
properties and post-irradiation microstructure is provided. In addition, individual and combined
effect of defects-induced hardening were estimated by using obstacle-hardening models.
Chapter 7 focuses on the effect of γ'-precipitate on post-irradiation mechanical response through
conducting nano-hardness measurements on both irradiated solution treated (ST) and precipitation
hardened (PH) X-750 alloys. Also, the hardening contribution of radiation-induced defects as well
as mechanical softening due to γ'-precipitate instability (both disordering and dissolution) were
calculated. Furthermore, the deformation mechanism was investigated in un-irradiated and
irradiated X-750 alloy through cross sectional TEM observation on the plastic zone of indentations.

1.4 References
[1] S. Floreen, J. Nelson, Metallurgical and Materials Transactions A, 14 (1983) 133-139.
[2] T. Kekkonen, H. Hänninen, Corrosion Science, 25 (1985) 789-803.
[3] W. Mills, Metallurgical Transactions A, 11 (1980) 1039-1047.
[4] J. Hunn, E. Lee, T. Byun, L. Mansur, Journal of Nuclear Materials, 296 (2001) 203-209.
[5] M. Griffiths, G. Bickel, S. Douglas, 18th International Conference on Nuclear Engineering,
American Society of Mechanical Engineers, 2010, pp. 293-298.
[6] O. Woo, C. Judge, H. Nordin, D. Finlayson, C. Andrei, Microscopy and Microanalysis, 17
(2011) 1852.
[7] Z. Yao, R. Schäublin, M. Victoria, Journal of Nuclear Materials, 307 (2002) 374-379.
[8] I. Robertson, J. Vetrano, M. Kirk, M. Jenkins, Philosophical Magazine A, 63 (1991) 299-318.
[9] R. Holt, M. Griffiths, R. Gilbert, Journal of Nuclear Materials, 149 (1987) 51-56.
[10] H.K. Zhang, Z. Yao, G. Morin, M. Griffiths, Journal of Nuclear Materials, 451 (2014) 88-96.
[11] M. Griffiths, Nuclear Review, 2 (2014) 1-16.
4

[12] G.S. Was, Fundamentals of Radiation Materials Science: Metals and Alloys, Springer, 2016.
[13] R. Scholz, R. Matera, Journal of Nuclear Materials, 283 (2000) 414-417.
[14] W. Mills, Engineering Fracture Mechanics, 18 (1983) 601-607.
[15] J. Sharp, Philosophical Magazine, 16 (1967) 77-96.

5

Chapter 2
Literature Review
2.1 Ni-based superalloys
When significant resistance to loading under static, fatigue and creep conditions is required, the
nickel-base superalloys [1, 2] have emerged as the materials of choice for high temperature
applications. This is particularly true when operating temperatures are beyond about 800 °C. Over
the latter part of the twentieth century, a concerted period of alloy and process development enabled
the performance of the superalloys to be improved dramatically. Although further improvements
are being actively pursued, it is important to recognize this historical context, since much can be
learned from it. Fig. 2-1 provides a perspective for the alloy and process development which has
occurred since the first superalloys began to appear in the 1940s; the data relate to the materials
and processes for turbine blades, so that the creep performance (here taken as the highest
temperature at which rupture occurs in not less than 1000 h, at 137MPa) is a suitable measure for
the progress which has been made.

Fig. 2-1. Evolution of the high-temperature capability of the superalloys over a 60 year period
since their emergence in the 1940s [3].
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In addition to turbine blading, Ni-based superalloys have been proposed as structural materials in
next generation nuclear reactors due to their superior high-temperature mechanical properties and
corrosion resistance [4, 5]. For instance, solid solution strengthened Inconel 617 is considered as a
candidate material for the components in high temperature gas-cooled fast reactors (GFR), such as
in the heat exchangers and turbine blades [4]. The precipitation-hardened Nimonic PE 16 alloy has
been tested as a cladding material in fast breeder reactors (FBR) [6]. Also, Ni-based superalloys
are often used for spallation target and window applications, where the materials have to withstand
low-temperature irradiation with high-energy protons and spallation neutrons [7]. The strength of
Ni-based superalloys in most cases originates from presence of γ' (Ni3 [Al, Ti]) precipitates, having
the FCC L12 structure and γ'' (Ni3 [Ti, Nb]), possessing the HCP (hexagonal-close-packedstructure) D022 structure. Of our particular interest is Inconel X-750, precipitation hardened with
γ'-phase, which is used for fasteners and centering pins in the cores of pressurized water reactors
and boiling water reactors, and in CANDU fuel channels as spacers and also tensioning springs at
the periphery of reactors [8].

2.2 Inconel X-750
The X-750 is a precipitation-hardened Ni-based superalloy with high strength, resistance to creep
at elevated temperatures, and excellent corrosion resistance [9]. The microstructure of the agehardened X-750 consists of equiaxed grains of the FCC γ-matrix with mean grain size of 12 ± 8
μm [10]. Also, the microstructure observations show that two types of carbides can be detected,
including large micron-sized MC ((Ti, Nb) C) found within the matrix grains and smaller M 23C6
(Cr23C6) carbides which are located mostly on grain boundaries. The most important precipitate
which contributes to the significant strengthening of the X-750 alloy is Ni3(Al, Ti)-gamma prime
(γ)׳. The γ׳-phase is in a form of coherent precipitates with an L12 ordered structure which has a
little lattice misfit (0.5%) with γ-matrix. Schematic FCC crystal structure of γ ׳is presented in
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Fig. 2-2 in which the Ni atoms located at the face centers and the aluminum or titanium atoms at
the cube corners.

Fig. 2-2 Schematic presentation of gamma prime lattice structure.

2.3 X-750 in CANDU reactor
In new generation of CANDU reactors, the X-750 alloy is used as a fuel channel spacer material
which separates the hot pressure tube from cold calandria tube and prevents them to contact each
other to suppress the formation hydrides and blisters in pressure tube. Fig. 2-3 shows a schematic
cross section of a CANDU fuel channel with spacers location. There are approximately 380
horizontal fuel channels in each CANDU reactor, and four spacers per channel to support the
pressure tube. In other words, there are approximately 1520 Inconel X-750 spacers per reactor [11].
Due to the weight of nuclear fuel as well as the pressure tube creep and sag deformation with respect
to the calandria tube, the spacers are “pinched” between hot pressure tube and cold calandria tube.
Therefore, the operating temperature of spacer varies as a function of circumferential location. At
6 o’clock location, where the spacer is ‘pinched’ to both pressure tube and calandria tube, the spacer
operates approximately at 120-280°C. In other locations, where the spacer is ‘non-pinched’ to the
calandria tube, the operation temperature is 300-330°C (see Fig. 2-4).
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Fig. 2-3 Cross section schematic of a fuel channel in a CANDU reactor [12, 13].

Fig. 2-4 Spacer operation temperature with respect to pressure tube and calandria tube [12].

The radiation damage is defined as the transfer of energy from an energetic projectile to the
structure of a metal and resulting in redistribution of target atoms. The radiation damage develops
in several steps, including the interaction of an energetic incident particle with a lattice atom, the
transfer of kinetic energy to the lattice atom giving birth to a primary knock-on atom (PKA), the
displacement of the atom from its lattice site, the passage of the displaced atom through the lattice
and creation of additional knock-on atoms, the production of a displacement cascade, and finally
the termination of the PKA as an interstitial [14]. The radiation damage would result in creating
9

individual vacancies and interstitials (Frenkel pairs), and also formation of vacancy and interstitial
clusters which can have profound effect on the physical and mechanical properties of material.
The energy of the PKA depends on the mass and the energy of incident particle which is given by
Eq. 1:
𝛾
𝑇 = 𝐸𝑖 (1 − 𝑐𝑜𝑠𝜃)
2

(2.1)

where θ is the scattering angle for incident particle, Ei is the energy of incident particle and γ is the
maximum recoil energy which is defined as:
𝛾=

4𝑚𝑀
(𝑚 + 𝑀)2

(2.2)

where m and M is the mass of incident particle and PKA, respectively.
It is clear that there is some minimum energy (Ed) that must be transferred in order to produce a
displacement. The magnitude of Ed is not constant for all collisions, it is dependent upon the
crystallographic structure of the lattice, the direction of the incident PKA, and the thermal energy
of the lattice atom [14]. However, Kinchin and Pease [15] proposed a theory to calculate the average
number of displaced atoms initially created by PKA of energy T which is described in Eq. 2.3.
0
𝑓𝑜𝑟 𝑇 < 𝐸𝑑
1
𝑓𝑜𝑟 𝐸𝑑 < 𝑇 < 2𝐸𝑑
𝑇
𝑓𝑜𝑟 2𝐸𝑑 < 𝑇 < 𝐸𝑐
𝑁𝑑 =
2𝐸𝑑
𝐸𝑐
𝑓𝑜𝑟 𝑇 ≥ 𝐸𝑐
{ 2𝐸𝑑

(2.3)

Ec is the energy loss by electron stopping. If the PKA energy is greater than Ec no additional
displacements occur until electron energy losses reduce the PKA energy to Ec. For all energies less
than Ec electronic stopping is ignored, and only atomic collisions occur.
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2.4 Radiation damage in X-750 spacer material
Fast neutrons produced by fission in the fuel carry energies in the keV to MeV range when they
interact with the structural materials. By the time a neutron returns to a fuel channel from the
moderator and impinges on a spacer, its energy has been reduced to thermal energy levels
(E<0.5eV). Fig. 2-5 presents a typical neutron spectrum received by the X-750 spacer material in
an average power channel. The total thermal neutron flux experienced by a spacer averaged over
all locations within the CANDU core is about 1.4x1014 n/cm2/s.
Radiation damage of most in-reactor components is primarily caused by direct collisions of high
energy neutrons (E > 1 MeV). In CANDU reactors, many of the structural components are
fabricated from Zr. Collisions of fast neutrons in these components typically results in
approximately 1 dpa for every year of service or approximately 25 dpa by end-of-design-life
conditions. However, in Ni-rich components this direct damage is supplemented by more than a
factor of two due to the broad thermal neutron spectrum causing transmutations by the absorption
of neutrons [16].

Fig. 2-5 Neutron flux vs. neutron energy experienced by the Inconel X-750 spacer [13].

The intense thermal neutron spectrum leads to large amounts of thermal neutron absorption and
transmutation of Ni by the following reactions:
Ni + n → 59Ni + γ

58
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Ni + n → 56Fe + 4He

59

Ni + n → 59Co + H

59

Ni + n → 60Ni + γ

59

Considering only the damage produced by fast neutrons and the contribution due to the production
of 59Ni, the (n, α) reaction has the largest contribution to displacement damage since each of α
particles carries 3.8 MeV energy for additional atomic displacement. Fig. 2-6 shows the total and
individual displacement damage per atom for both fast neutrons and (n, α) reaction. The
transmutation reaction also produces a high concentration of both hydrogen and helium in the
spacer material. In average, the CANDU reactor spacer will have generated approximately 20,000
appm He (2 at. %), and 5000 appm H by the end-of-life (Fig. 2-7). In the following section, the
effect of direct damage caused by fast neutron irradiation as well as transmutation reaction on the
microstructure of Inconel X-750 spacer material will be reviewed.

Fig. 2-6 DPA calculations for an average bundle power CANDU channel [16].
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Fig. 2-7 Calculated productions of Helium and Hydrogen in an average power CANDU
channel [16].

2.5 Radiation-induced microstructural changes in ex-service spacer X-750 alloy
The TEM observations on X-750 spacer removed from the CANDU reactor shows that the neutron
irradiation causes significant microstructural changes which can be categorized in two main groups,
including introducing the high density of different kind of defects as well as inducing instability
(disordering/dissolution) in the structure of strengthening phase, γ'-precipitate. The microstructural
evolutions are strongly dependent upon the operation temperature which is varied at different
locations of the spacer (Fig. 2-4).
2.5.1 Irradiation – induced defects
The weak beam dark field TEM imaging performed on the neutron irradiated X-750 spacer material
reveals that radiation-induced defects are mainly consisted of 1/3<111> Frank loops, 1/2<110>
perfect loops, Stacking Fault Tetrahedra (SFTs) and cavities. The density and the size of the defects
are dependent on the operation temperature. Fig. 2-8 and Fig. 2-9 present the TEM dark field
micrographs showing the defects generated in 6 and 12 o’clock of ex-service spacer [17]. In the
case of 12 o’clock, small SFTs (<5 nm) and large (~20 nm) dislocation loops were visible in the
micrograph. The g.b analysis results indicate that the large dislocation loops are interstitial type
13

and mainly Frank loops with 1/3<111> Burgers vector and perfect loops with b=1/2<101>. TEM
observations at the location of 6 o’clock with lower operation temperature shows that the size and
density of defects are quite different from the 12 o’clock. The number density of defects is visibly
higher than those at 12 o’clock and the size of defects are smaller, most of which were approximate
1–2 nm and no defects larger than 5 nm were observed. The size distribution of defects in both 6
and 12 o’clock is plotted in Fig. 2-10.

Fig. 2-8 Micrographs were taken under g/5g weak beam dark field condition using operative
reflection g = 020, close to zone axis [101] showing the evolution of small loops and SFTs in 6 o’clock
location [12].

Fig. 2-9 Weak beam dark field micrograph was taken in g/5g, g = 020 close to zone axis [101]
showing irradiation induced lattice defects in 12 o’clock location [12].
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Fig. 2-10 The defect size distribution in ex-service X-750 spacer at both 6 and 12 o’clock locations
[12].

Transmutation reaction results in the high rate production of helium in X-750 spacer material
during service in the reactor. The mutual trapping effect of helium atoms and irradiation-induced
vacancies leads to the formation of cavities in the microstructure of the alloy. The size, density and
distribution of the cavities are strongly depending on the operation temperature. Fig. 2-11 presents
bright field micrograph taken in out-of-focus Fresnel contrast condition clearly shows cavities in
the 12 o’clock location. The distribution of cavities at 12 o’clock location is not homogenous and
cavity segregation along sinks like grain boundaries and matrix/carbides interfaces was detected
(Fig. 2-12). Irradiation-induced cavities in the 6 o’clock location are much smaller (~1–2 nm) than
those in the 12 o’clock sample. Also, the cavities distribution in the matrix at the lower temperature
tends to be more uniform (Fig. 2-13).
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Fig. 2-11 TEM bright field micrograph in an under-focused Fresnel contrast condition showing
cavity evolution at 12 o’clock [12].

Fig. 2-12 Bright field micrographs in under-focused and over-focused Fresnel contrast condition
showing cavity segregation along a grain boundary at 12 o’clock location [12].
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Fig. 2-13 Bright field micrographs in an under-focused and over-focused Fresnel contrast condition
showing cavity formation in 6 o’clock location [18].

2.5.2 Irradiation – induced instability of γ' precipitates
The ordered strengthening phase, γ'-precipitates, is susceptible to phase instability under irradiation
environments in the CANDU reactor. The strong evidence for irradiation induced instability of the
γ' phase is the disappearance of superlattice reflections in diffraction patterns after service.

Fig. 2-14 shows the microstructure and diffraction patterns for both 6 and 12 o’clock. As is seen,
the {110} γ' reflections are absent between the {220} γ phase (matrix) reflections. The instability
of strengthening phase would definitely change the mechanical properties of X-750 alloy which is
one of the main topics of this thesis.

Fig. 2-14 Diffraction pattern taken in both 6 o’clock and 12 o’clock specimens showing
disappearances of superlattice spots after irradiation and corresponding bright field micrographs
[12].
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2.6 Emulation the effect of neutron irradiation
In order to gain a better understanding of irradiation behavior, an overview of the radiation-induced
microstructure evolution as a function of dose and temperature is desirable. Towards this purpose,
irradiation under controlled conditions such as material selection, dose control, and temperature
control is crucially needed. When attempting to emulate neutron irradiation effects, bombardment
with different species of charged particles are usually considered, including heavy ion and proton
irradiation. The different particle species present their own advantages and disadvantages [20-22].
In electron irradiation with 1 MeV particles, the PKA energy is about 60 eV which is enough for
producing Frenkel pairs, but not sufficient for making atomic cascades [22]. In heavy ion
irradiation, because of large mass of the ions the PKA energy is high and dense cascades can be
produced efficiently [20]. For proton irradiation, due to the small mass of proton compared to heavy
ions, its recoil energy is low. Thus, the introduced damage morphology is defined by smaller, more
widely spaced cascades compared to heavy ions or neutrons. Heavy ion irradiation presents the
benefit of high dose rates, resulting in accumulation of high doses in short durations without any
activation. A major disadvantage is the shallow depth of penetration, and the presence of a dose
gradient over the penetration depth. Proton irradiation overcomes some drawbacks of heavy ion
irradiation. Comparison of different damage morphologies with various bombarding particles at
the same energy level is illustrated in Fig. 2-15. In the case of Inconel X-750 spacer material, all
efforts to emulate the neutron irradiated microstructure can be categorized into two different
groups. In the first group of experiments heavy ion irradiation at different temperatures and to
different doses have been used.
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Fig. 2-15 The comparison between electron, heavy ion and proton irradiation in case of PKA
energy, displacement efficiency and cascade morphology [14].

In experiments with heavy ions the ions mimic the primary knock-ons produced by neutrons. By
controlling the energy and mass of the incident ions, cascade parameters such as the cascade volume
and energy density can be varied, allowing cascade collapse to be studied systematically. However,
the lack of transmutation reaction in using single heavy ion irradiation resulted in the absence of
irradiation-induced cavities even at high temperature and high doses. Therefore, the second group
of experiments has been developed in which the helium ions are pre-implanted in the material
following by heavy ion irradiation. The two following sections will be dedicated to the results of
microstructure evolution in X-750 alloy during both heavy ion irradiation and helium pre-implanted
followed by ion irradiation.

2.6.1 Heavy ion irradiation of Inconel X-750
2.6.1.1 Irradiation induced changes of γ׳-precipitates
The disordering of L12-ordered γ ׳precipitates at a very low dose of irradiation (0.06 dpa) is one of
the important changes during heavy ion irradiation. However, it was found that there is a critical
temperature for disordering process and the γ ׳phase stays ordered under irradiation at higher
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temperature than critical temperature [12]. During irradiation, it is believed that two mechanisms
operate, including ballistic mixing arising from irradiation to disorder the precipitates and the
thermal recovery results in dynamic reordering [23-25]. The ballistic mixing from collision cascade
predominates at low temperatures where the rate of thermal recovery is low, and the ordered phase
can be easily disordered. Conversely, upon increasing the irradiation temperature above a critical
point where the competition between cascade displacement and thermal recovery reaches a balance,
the aging effect would overwhelm, and the γ ׳precipitates will remain stable. The critical
temperature can be varied with respect to the chemical composition of materials and irradiation
dose rate [26, 27]. The results regarding irradiation induced disordering of γ׳-precipitates in X-750
alloy were summarized in Table 2.1. As is presented, the critical temperature for X-750 alloy is
400 ºC (Note: in this research Kr+2 ions with the rate of 10-3 dpa/s were used). Similarly, Nelson et
al. [28] systematically studied the stability of Ni3Al, γ׳-precipitates in Nimonic PE16 (Fe-rich FeCr-Ni-based alloy with Al and Ti additions) and Ni-Al model alloys. They observed that during
heavy ion bombardment at room temperature, γ׳-precipitate became disordered at about 0.1 dpa in
both aged Ni-Al alloys and PE16. However, above a critical temperature from 573 K to 598 K (300
°C to 325 °C), the γ׳-precipitate remained stable. In addition to disordering, irradiation to higher
doses (~5 dpa) can affect the distribution of main elements such as Ti and Al and cause the
dissolution of γ׳-precipitates into the matrix. Fig. 2-16 depicts the post-irradiation ChemiSTEM
mapping of X-750 alloy at different doses, and a trend toward the dissolution of γ ׳was noted.
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Table 2-1 Disordering kinetics of γ ׳precipitates [29]

Fig. 2-16 Post-irradiation ChemiSTEM mapping of γ ׳precipitates after irradiation at 300°C up to
0.06 and 5.4 dpa. [29].

2.6.1.2 Irradiation-induced lattice defects
As was mentioned, radiation by energetic particles like heavy ions can cause atomic displacements
to produce point defects (self-interstitial atoms and vacancies) in the structure of metallic materials.
These point defects may then recombine to annihilate, escape from cascade to become free
migrating defects, or accumulate to form clusters during cooling of the cascades. The generation
and accumulation of point defects can lead to the formation of either planar defects, such as
dislocation loops, or 3-dimensional agglomerations, such as voids and SFTs. In the next two
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sections, an introduction into both SFTs and dislocation loops produced during ion irradiation of
X-750 alloy will be presented.
2.6.1.2.1 Stacking Faults Tetrahedra (SFTs)
The SFTs with tetrahedron shape, described as six 1/6<110> type stair-rod partial dislocations
bounded by four triangular {111} stacking faults [30, 31]. The mechanism of formation of the SFTs
by the displacement cascades is still not clear. The widely used model of Silcox and Hirsch [32]
explains the formation of an SFT by the collapse of a triangular loop of vacancies.
Silcox and Hirsch proposed the following mechanism (see Fig. 2-17) for SFT formation; a vacancy
disc nucleates on a {1 1 1} plane and collapses to form a loop bounded by Frank partial dislocations
(a/3<111>). Each of the Frank partials to form a low energy stair-rod partial (a/6<101>) and a
Shockley partial (a/6<121>) dislocation. An SFT then forms as the Shockley partials glide towards
the apex of the tetrahedron formed by three intersecting {1 1 1} planes and the original loop {1 1
1} plane. The reaction of Shockley partials at each intersection of {1 1 1} planes produces stairrod partial dislocations. The resulting SFT has four triangular {1 1 1} planes bounded by six stairrod partial dislocations. Yao et al. [33] analyzed the nature of the SFTs in pure Ni and suggested
the best imaging condition in TEM to be weak beam dark field condition with g (5g) g=020 close
to zone axis <101> (Fig. 2-18).

Fig. 2-17 Dislocation viewpoint of SFT formation, as proposed by Silcox and Hirsch [32].

In the case of X-750 alloy, SFTs are created at the beginning of irradiation at very low doses and
then frequently decomposed with continuing irradiation. Fig. 2-19 shows irradiation induced SFTs
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in Inconel X-750 after irradiation to 0.27 dpa at 200 and 400 ˚C. The size of SFTs varies with
changing irradiation temperature; however, it is approximately constant with irradiation dose
changing [34].

Fig. 2-18 TEM dark field weak beam, g (5g), g = {020}, micrographs in irradiated Ni under two
different orientations showing SFT contrast. (a) Close to a zone axis <110>, (c) wire frame of a
tetrahedron oriented in the same way. (b) Close to a zone axis <001>, and (d) wire frame of a
tetrahedron oriented in the same way [35].

Fig. 2-19 Two-beam dynamical bright field TEM micrograph close to zone axis [011] and g = 200
showing formation of SFTs during irradiation with 1 MeV Kr +2. (a) 0.27 dpa at 60 ˚C and (b) 0.27
dpa at 400 ˚C [34].

2.6.1.2.2 Dislocation Loops
In addition to SFTs, the microstructure of heavy ion irradiated material shows the formation of
different types of dislocation loops. Perfect loops with a Burgers vector of 1/2<101> were
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characterized as the majority of irradiation-induced dislocation loops. Besides perfect loops, the
g.b analysis of irradiated microstructure demonstrates the evolution of faulted Frank loops with a
burgers vector of 1/3<111>. The TEM observations reveal that the size of dislocation loops is
strongly temperature dependent. All loops form at lower irradiation temperatures (< 400 ˚C) are
relatively small loops (1-5 nm); while, irradiation at higher temperatures (> 500 ˚C) leads to the
development of much larger ones of both Frank and perfect loops. Fig. 2-20 and Fig. 2-21 illustrate
the microstructure of irradiated X-750 alloy at low and high temperatures present the evolution of
perfect and Frank loops, respectively. It is worthwhile mentioning that the number density of
defects varies as a function of irradiation dose level. Indeed, continuous in-situ TEM observation
of irradiated X-750 spacer material shows that at all irradiation temperatures the number density of
defects increases rapidly in the first few steps of the irradiation [27]. At a low dose, the
accumulation of defects is mostly concerned with individual cascade events. At a dose greater than
or equal to 0.68 dpa, a saturation of defects is reached, which was the result of damage overlapping.
The defect density versus irradiation dose is plotted at Fig. 2-22.

Fig. 2-20 Evolution of 1/2<101> perfect loops after 1 MeV Kr ion irradiation at a) 200 ˚C/0.01
dpa [26] and b) 600 ˚C/0.27 dpa [36].
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Fig. 2-21 Large 1/3<111> Frank loops formed after irradiation with 1 MeV Kr ions at 500 ˚C to 0.06
dpa [36].

Fig. 2-22 Variation of defect density as a function of irradiation dose at different temperatures
[36].

2.6.2 Cavity production and helium pre-implantation
As was presented in the previous chapter, in contrast to neutron irradiated materials after service,
no visible cavities are detected in the microstructure of ion irradiated X-750 alloy. Even though,
estimation by adopting SPECTER code showed that the (n, a) transmutation in X-750 produced
helium at a high rate of approximate 300 appm/dpa during service [37]. In addition, fractography
was conducted on ex-service spacers after 9.4 effective full power years (23.5 dpa) and an entirely
intergranular fracture surface was observed [16]. A large number of cavities were detected by using
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transmission electron microscopy in ex-service Inconel X-750 spacers, which was purported to be
one of the main reasons for the loss of mechanical properties.
During irradiation, defects react to form clusters and the clusters either grow by absorption of
defects of the same nature, or shrink by absorption of defects of the opposite type. For a cluster of
vacancies to grow into a void, there must be a net increase in the number of vacancies absorbed
over the number of interstitials absorbed. The driving force for the formation of voids in solids is
the supersaturation of vacancies due to irradiation.
The absence of cavities under ion irradiation even at high temperature indicates that helium,
produced from the (n, a) and (p, a) reaction during neutron and proton irradiation, respectively, is
essential in nucleation of cavities in Inconel X-750.
Cavity nucleation, which is basically clustering of vacancies, requires three prerequisites [38, 39].
First, the temperature should be high enough for vacancies to be mobile. Second, supersaturation
of vacancies is necessary. Third, sufficient vacancies should survive from recombination and
annihilation, which requires the creation of interstitial-biased sinks such as interstitial loops. In
addition to all the factors, the existence of helium atoms to trap the vacancies and stabilize them is
crucial to form cavities.
The formation and growth of voids and bubbles is of intense interest for material performance in
radiation environments at elevated temperatures. The first observation of voids in irradiated metals
was published by Cauthorne and Fulton in 1967 [40]. Voids can have a profound influence on
material properties because solids undergo volumetric swelling once voids form and grow.
One of the effective way to examine the effect of helium atoms on microstructure evolution, and
particularly cavity formation in the irradiated material is pre-implantation of helium and subsequent
heavy ion irradiation [39, 41]. TEM observations of irradiation of helium pre-implanted X-750
alloy show that cavity morphology depends on the amount of helium, irradiation dose, and
irradiation temperature [29]. Helium concentration is believed to affect the size of cavities through
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influencing number of cavity nucleation site [42]. The more implanted helium, the more cavities
nucleated. In other words, the given number of irradiation induced vacancies are dispersed to more
nucleated cavities. Consequently, higher amount of helium results in smaller size of cavities.
Fig. 2.23 shows cavity development after Kr2+ ion irradiation in samples with different amount of
helium implantation.

Fig. 2-23 Underfocus bright field micrographs showing cavity microstructures after irradiation to
5.4 dpa at 300 ˚C with (a) 200 appm helium and (b) 5000 appm helium [29].

Increasing irradiation temperature can lead to increase of vacancy diffusion rate which enhances
the cavity growth. In addition, higher irradiation temperature results in lower density of cavity due
to the decrease of vacancy supersaturation [36]. Fig. 2-24 presents the effect of irradiation at
different temperatures on the cavity size and density, showing larger cavities at higher irradiation
temperature and higher cavity density at lower temperature.
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Fig. 2-24 Overfocus bright field micrographs showing the influence of irradiation temperatures on
cavity sizes in samples containing 1000 appm helium and irradiated at (a) 200 ˚C, (b) 300 ˚C, (c)
400 ˚C, (d) 500 ˚C to 5.4 dpa [29].

2.6.2.1 Void Nucleation and equilibrium size
The driving force for the formation of voids in solids is the supersaturation of vacancies due to
irradiation defined by:
𝑆𝑣 =

𝐶𝑣
𝐶𝑣0

(2.4)

where 𝐶𝑣 is the irradiation induced vacancy concentration and 𝐶𝑣0 is the equilibrium vacancy
concentration. The free energy change in the solid on forming a spherical void consisting of n
vacancies on some particular site is defined by:
∆𝐺𝑛0 = −𝑛𝑘𝑇𝑙𝑛𝑆𝑣 + (36𝜋Ω2 )1/3 𝛾𝑛2/3

(2.5)

where γ is the surface energy of the solid per unit area, Ω is the atomic volume, and the number of
vacancies in the cavity can be calculated by:
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𝑛=

4𝜋𝑅𝑣3
3Ω

(2.6)

A schematic of Eq. 2.5 is shown in Fig. 2.25 in which the free energy is plotted as a function of the
number of vacancies in a cavity. Accounting for the magnitude of the factors in each term, the
resulting sum is a curve with a maximum at a value of n∗. This is the critical size of a cavity embryo
which must be achieved in order for the embryo to grow into a stable cavity. At the critical point,
vacancy addition and removal both cause a reduction in the Gibbs free energy of the system, so this
is an unstable point. Above the critical size, addition of vacancies to the embryo causes a decrease
in the free energy, which means that void growth is favored, while loss of vacancies causes an
increase in the free energy, so this reaction is not favored.

Fig. 2-25 Schematic illustration of ΔG0n, the free energy of formation of a spherical void consisting
of n vacancies.

2.6.2.1.1 Effect of inert gas
It is well-known that inert gas atoms may act to stabilize a cavity embryo and assist in the nucleation
process. In fact, there is evidence to suggest that gas atoms are always involved in the cavity
nucleation process [43-45].
Helium is very immobile compared to vacancies or interstitials in the temperature range of cavity
formation. Once helium is trapped by a cavity embryo, its return to the matrix is very unlikely.
Therefore, nucleation in the presence of helium does not require us to consider the interaction
29

between helium atoms, vacancies and interstitials in the formation of a cavity embryo. Indeed, the
inert gas or helium atoms act as sites for the formation of cavity embryos, and this is a form of
heterogeneous void nucleation rather than the homogenous nucleation process.

2.7 Mechanical behavior of radiation damaged material
2.7.1 Irradiation hardening
Irradiation of a metal causes strengthening by source hardening and friction hardening. Source
hardening is the increase in stress required to start a dislocation moving on its glide plane. Source
hardening is found in irradiated FCC metals in which irradiation-produced defect clusters in the
vicinity of Frank–Read sources raise the stress required to expand the loops and to permit source
multiplication. Once the stress level is sufficient to release the source, the moving dislocations can
eliminate the small clusters and reduce the stress needed to continue the deformation.
Friction hardening refers to the stress required to sustain plastic deformation, which is often termed
the flow stress, or friction stress. The forces responsible for resisting dislocation motion through a
crystal lattice arise from the dislocation network and obstacles such as defect clusters, loops,
precipitates, voids, etc. The friction hardening consists of long-range and short-range hardening.
Long-range stresses are caused by dislocation-dislocation stress field interaction. Shorty-range
stresses have their origin in interaction between the moving dislocation and obstacles. Therefore,
the friction hardening can be described by:
𝜎𝐹 = 𝜎𝐿𝑅 + 𝜎𝑆𝑅

(2.7)

where σF is the friction stress and the subscripts LR and SR represent long and short-range
contributions, respectively, and σSR is given by:
𝜎𝑆𝑅 = 𝜎𝑙𝑜𝑜𝑝𝑠 + 𝜎𝑐𝑎𝑣𝑖𝑡𝑖𝑒𝑠 + 𝜎𝑃𝑟𝑒𝑐𝑖𝑝𝑖𝑡𝑎𝑡𝑒𝑠

(2.8)

The degradation of mechanical properties of materials in nuclear environments is a major issue in
the nuclear industry. Understanding material performance and the failure mechanisms of reactor
components in reactor environments is critical. Towards this purpose, it is crucial to understand the
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effect of irradiation induced microstructure changes on subsequent mechanical properties. So in the
following sections, it has been tried to explain the mechanical behavior of irradiated material by
emphasizing on the effect of γ׳-precipitates stability, irradiation induced cavities and defects on the
dislocation movements during deformation of Ni-based superalloys.
2.7.2 Effect of γ׳-stability
The γ׳-precipitates with L12 ordered arrangement of Ni and Al/Ti is the main factor for achieving
extreme strength of Inconel X-750 alloy. The dislocation movement during deformation within the
γ ׳phase is different from that in typical FCC structures. As is well known, the Burger’s vector for
a FCC lattice is (1/2) [110]; however, slip by one such vector in γ ׳structure brings a Ni atom on
Al/Ti site and vice versa. So (1/2) [110] dislocation movement in an L12 structure should trail an
antiphase boundary (APB). Since this is energetically unfavorable, only feasible Burger’s vector is
[110] which is a superdislocation in FCC structure. Because the superdislocations are energetically
unfavorable, they tend to dissociate into dislocations with smaller Burger’s vector. The work of
Yamaguchi et al. [46] and Paidar et al. [47] simulated the superdislocations behavior in L12 ordered
alloys. There are two ways in which the [101] superdislocation can dissociate: either into two
1/2[101] superpartials separated by APB, or into a 1/3[2̅11] and a 1/6[12̅1] superpartials separated
by superlattice intrinsic stacking fault (SISF). The former dissociation can occur on both the (111)
and the (010) planes while the latter only on the (111) plane. Which dissociation occurs on the
(111) plane is determined by the relative magnitudes of the APB and SISF energies. The
combination of a low APB and a high SISF energy favors the first dissociation and the opposite
combination favors the second. The cores of superpartials separated by APB on (111) are always
planar and can be described as dissociations into l/6<112> partials separated by complex stacking
fault (CSF) on this plane. They can, therefore, move easily on (111) planes, i.e. the Peierls stress
on these planes is low. On the other hand, the cores of superpartials separated by SISF are nonplanar and, therefore, show a high Peierls stress on (111) planes. The atomistic studies show,
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however, that when one of the superpartials separated by APB is placed on the (010) cross slip
plane, the superpartial core is not confined to the plane determined by the APB and thus the
dislocation is sessile with respect to glide on (010). This configuration is called Kear-Wilsdorf
(KW) lock [48]. In the materials like γ'- Ni3(Al/Ti) the superdislocations are dissociated into
1/2[101] superpartials, the cores of which are not planar on (010) plane and sessile. Indeed,
dislocations are initially formed in the glissile planar configuration; but, since the APB energy is
lower on (010) plane compared to (111) plane [49], to be more stable with the help of thermal
activation they switch to KW lock configuration. The mentioned strengthening mechanism operates
only when the γ׳-precipitate exists in ordered state in the structure of the alloy. As was explained
before, during irradiation, the thermodynamic state of precipitates are modified by ballistic effects
and can make them disordered or even dissolved. The γ׳-stability strongly depends on irradiation
temperature and dose rate. Nelson et al. [28] reported that γ ׳phase will be disordered below
approximately 300-325 ºC with a dose rate of 10-2 dpa/sec. Camus et al. [27] showed that at a dose
rate of 10-3 dpa/s and at temperatures below approximately 270°C, that the γ’ precipitates will be
disordered first and dissolved later. The impact of γ ׳disordering or dissolution on mechanical
properties of irradiated X-750 alloy has not been studied yet. But it is extensively investigated in
Inconel 718 which is precipitation hardened with both γ’ and γ’’. The results show that the
irradiation led to softening of material instead of hardening indicating the contribution of secondary
phases to mechanical properties overwhelms that of irradiation induced defects like loops or
cavities. Carsughi et al. [50] studied the effect of proton irradiation on mechanical properties of
Inconel 718. Fig. 2-26 presents the hardness values versus irradiation doses indicating a decrease
in hardness with increasing irradiation dose. Complementary work by Hashimoto et al. [51]
investigated the effect of 3.5 MeV Fe+, 370 keV He+ and 180 keV H+ either single or simultaneous
irradiation on Inconel 718 hardness behavior. The obtained results are indicated in Fig. 2-27,
showing the softening behavior of post-irradiation hardness tests with increasing dose. TEM
32

examination revealed that in the Fe-irradiated sample, the γ’ and γ’’ superlattice diffraction spots
vanished at 1 dpa, indicating the cause of softening is the loss of coherency of the γ’ and γ”
precipitates. Even though the Fe-ion irradiation also introduced radiation defects, the loss of the
precipitates outweighed the hardening contribution from these defects.

Fig. 2-26 Microhardness of irradiated Inconel 718 as a function of irradiation dose [50].

These observations prove the importance of second phase stability on mechanical properties of
irradiated material.

Fig. 2-27 Percent change in hardness at 150 nm contact depth, relative to the unirradiated
material, for Inconel 718 as a function of Fe-only and from triple-beam irradiation [51].

2.7.3 Effect of Cavity formation
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The way that the cavities affect the mechanical behavior depends on how they interact with
dislocation motion. Nanometer-size bubbles are at first considered to be shearable obstacles
through which dislocations can pass easily. However, it has been found later on that voids and gasfilled bubbles will retard dislocation motion in metals, leading to an increase in strength [52]. Some
numerical modeling [53, 54] indicate that voids impede dislocations by reducing their strain energy
when the core approaches and intersects the cavity. It has been suggested that matrix hardening
associated with bubbles can be estimated using a standard dispersed barrier model originally
proposed by Orowan [55]. Based on Orowan’s model, the most commonly used expression for the
change in shear stress, ∆τs, induced in the dislocation glide plane by a regular array of defects is
given in the Eq. 2.9:
∆𝜏𝑠 = 𝛼𝐺𝑏(𝑁𝑑)0.5

(2.9)

where G is the shear modulus of the matrix, b is the magnitude of the dislocation Burgers vector,
N is the defect number density, d is the defect diameter, and the square-root factor is the reciprocal
of the average distance between obstacles. Supporting work for this hypothesis is the study of
Knapp et al. [56] on the hardening effect of helium bubbles in pure Ni. They found that helium
bubble strengthening effect depends on helium concentration, bubble density, and bubble size. In
this study, Ni was implanted with helium up to 10 at. % at different temperatures to have different
size and density of bubbles. Fig. 2-28 shows the measured strengths for all the samples plotted
against helium concentration.
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Fig. 2-28 The yield strength of Ni implanted with helium at the indicated temperatures plotted
versus the cube root of helium concentration [56].

2.7.4 Effect of irradiation-induced defects
Defect clusters introduced by high-energy particle irradiation are strong obstacles for dislocation
glide, causing material hardening on a macroscopic scale. Concurrently, the hardened materials
often lose ductility, indicating that the ductility reduction is also related to the defect clusters. The
hardening and lose of ductility can be attributed to different deformation mechanism in the
irradiated material which depends on irradiation dose, and amount of imposed strain. Basically,
the deformation will be accommodated by the formation of dislocation cell structure at relatively
lower irradiation dose; however, localized deformation in the form of defect free bands or
dislocation channels is the deformation mechanism at higher doses. Yao et al. [57] systematically
studied the deformation mechanism of single crystal pure Ni irradiated with high energy proton
beam. They showed that the plastic deformation during tensile test is accommodated by different
mechanisms depending on the imposed radiation dose. Fig. 2-29 presents the transition of
deformation behavior of pure Ni from dislocation cell structures to the dislocation channeling with
increasing the radiation dose.
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Fig. 2-29 Deformation cells were in pure Ni (a) 0.002 dpa at 530 K specimens and deformation
channels in (b) 0.13 dpa at RT specimens [57].

As a supporting study, Okada et al. [58] presented a very clear transition of deformation mode from
uniform deformation to highly localized deformation by dislocation channeling in pure Ni with
increasing in irradiation fluence (Fig. 2-3030). They proposed a deformation mode diagram via
conducting several tensile tests on pure Ni, depicting different deformation mechanism as a
function of strain and irradiation fluence (Fig. 2-31). Local defect-free bands are frequently
observed in the deformation microstructure of irradiated specimens [59-61]. Once the defect-free
bands are created, the subsequent deformation will only take place in these bands because they are
favorable sites for dislocation glide due to the absence of defect cluster hardening barriers.
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Fig. 2-30 Dislocation structure of Ni deformed 2% in tension. Transition from cell structure to
dislocation channel is observed with increase in fluence [58].

Fig. 2-31 Deformation mode transition diagram for pure Ni [58].

2.8 Nano-Hardness Test
Nano-indentation testing is a fairly mature technique which uses the recorded depth of penetration
of an indenter into the specimen along with the measured applied load to determine the area of
contact and hence the hardness of the test specimen. Many other mechanical properties can also be
obtained from the experimental load–displacement curve, the most straight-forward being the
elastic modulus. Other properties such as the strain hardening index, fracture toughness, yield
strength and residual stress can also be obtained in some circumstances.
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2.8.1 Basic principles
The three-sided Berkovich indenter is the most popular geometry for nano-indentation testing. A
typical Berkovich indenter tip is shown in Fig. 2-32. A schematic representation of a typical data
set obtained with a Berkovich indenter is presented in Fig. 2-33, where the parameter P designates
the load and h the displacement relative to the initial un-deformed surface.

Fig. 2-32 High-magnification SEM scan of the tip of a Berkovich diamond indenter [62].

Fig. 2-33 Schematic illustration of indentation load–displacement data showing important
measured parameters [63].

There are three important quantities that must be measured from the P–h curves: the maximum
load, Pmax, the maximum displacement, hmax, and the elastic unloading stiffness, S = dP/dh, defined
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as the slope of the upper portion of the unloading curve during the initial stages of unloading (also
called the contact stiffness). Finally, another important parameter is the final depth, h f, the
permanent depth of penetration after the indenter is fully unloaded. The exact procedure used to
measure H and E is based on the unloading processes shown schematically in Fig. 2-34, in which
it is assumed that the behavior of the Berkovich indenter can be modeled by a conical indenter with
a half-included angle, φ, that gives the same depth-to-area relationship, φ = 70.3°.

Fig. 2-34 Schematic illustration of the unloading process showing parameters characterizing the
contact geometry [63].

Assuming that pile-up is negligible, the elastic models show that the amount of sink-in, hs, is given
by [64]:
ℎ𝑠 = 𝜀

𝑃𝑚𝑎𝑥
𝑆

(2.10)

where 𝜀 is a constant that depends on the geometry of the indenter which is 𝜀 = 0.72 for a conical
indenter, 𝜀 = 0.75 for a paraboloid of revolution (which approximates to sphere at small depths),
and 𝜀 = 1.00 for flat punch [64]. The depth along which contact is made between the indenter and
specimen is:
ℎ𝑐 = ℎmax − ℎ𝑠

(2.11)

There is an “area function” that describes the projected (cross section) area of the indenter at a
specific distance back from its tip, the contact area, A, is then:
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𝐴 = 𝐹(ℎ𝑐 )

(2.12)

The area function, also sometimes called the indenter shape function, must carefully be calibrated
by independent measurements so that deviations from non-ideal indenter geometry are taken into
account. These deviations can be quite severe near the tip of the Berkovich indenter, where some
rounding inevitably occurs during the grinding process.
Once the contact area is determined, the hardness is estimated from:
𝐻=

𝑃𝑚𝑎𝑥
𝐴

(2.13)

Measurement of the elastic modulus follows from its relationship to contact area and the measured
unloading stiffness through the relation.
𝑆= 𝛽

2
√𝜋

(2.14)

𝐸𝑒𝑓𝑓 √𝐴

where Eeff is the effective elastic modulus defined by:
1
𝐸𝑒𝑓𝑓

=

1 − 𝜈 2 1 − 𝜈𝑖2
+
𝐸
𝐸𝑖

(2.15)

The effective elastic modulus takes into account the fact that elastic displacements occur in both
the specimen, with Young’s modulus E and Poisson’s ratio 𝜈, and the indenter, with elastic
constants Ei and 𝜈i [65, 66]. In the original method for measuring hardness and modulus, the
dimensionless parameter 𝛽 was taken as unity (𝛽 =1).
One of the good examples of employing nano-indentation is Hosemann et al. study in which the
nano-indention hardness tests were carried out on the cross section of irradiated ferritic/martensitic
steels [67] (Fig. 2-35).
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Fig. 2-35 a) Dose rate depth profile calculated using SRIM. b) Schematic sketch of the nanoindentation measurements. [67].

Fig. 2-36 The nano-hardness vs. distance from the surface for T91 and HT9 stainless steels after
irradiation [67].

The results from the nano-indentation tests are presented in Fig. 2-36. They show typical irradiation
hardening effect and the amount of increase in hardness depends on the irradiation dose.

2.8.2 Nano-Indentation Test Issues
2.8.2.1 Dose profile
Maybe the most obvious and also the most effective issue is the inhomogeneous dose profile. It is
well demonstrated (e.g. SRIM) that low energy ion irradiation or heavy ion beam irradiation does
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not produce a homogeneous dose profile from the material surface downwards. When indenting
into the sample surface in the beam direction, a wide dose range is sampled. The fact that the plastic
zone is, in general, much larger than the indent itself [68, 69] leads to the conclusion that even
shallow indents can sample a wide range of dose. The effect is less striking in harder materials,
where a smaller plastic zone develops around the indent. Following the ratio of plastic zone to
indenter radius becomes smaller on materials with higher yield strength (YS). Mata et al. [70] with
using finite element method showed that the plastic zone beneath indent is reduced by materials
with higher YS.
2.8.2.2 Implantation and surface effects
While ion beam irradiation is performed in vacuum, most samples slightly discolor on the surface
in the beam spot if the vacuum control is poor or sputtering of beam monitor components occurs.
Although the layer might be very thin, nano-indents are very small and this can affect the hardness
measurement [71]. Furthermore, in non-self-ion irradiation, the ions stop in the material and have
the potential to change the local chemical composition. In addition, bubbles or voids can form if
insoluble gases are used in the ion stopping region. An indent performed through the stopping peak
region will also sample these areas and can give different results than what would be measured if
the irradiation depth is deeper and the chemical effects are not sampled. However, because the
stopping peak is rather narrow, these effects might not be as strong as the effect due to the dose
range and indentation size effects.
2.8.2.3 Indentation size effect (ISE)
Scale-dependent behavior is observed in indentation testing when the size of the hardness
impression is small, resulting in an indentation size effect. Over the past 60 years, there have been
numerous reports of significant variations of hardness with depth, especially at depths of less than
a few micrometers (1–10). In nano-indentation size effect the hardness values increase at small
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depths, giving rise to the expression “smaller is stronger”. Fig. 2-37 presents the typical ISE for
cold worked and single crystal copper.

Fig. 2-37 Hardness variation as a function of indentation depth, showing the ISE in copper [68].

In order to characterize and explain the ISE, many of research activities have tried to model the
phenomenon. Modeling efforts can be categorized roughly into two types, depending on whether
the model is mechanistically based [73-75], relying on dislocation descriptions of the hardening
mechanisms, or phenomenological, introducing material length-scale parameters into conventional
descriptions of continuum plasticity [76-78]. Because the latter often invokes the concept of a
plastic strain gradient, such approaches are commonly referred to as strain gradient plasticity
models.
The most widely used mechanistic model to explain experimental observations is that developed
by Nix & Gao [72]. The model is based on the concept of geometrically necessary dislocations
(GNDs), that is, dislocations that must be present near the indentation to accommodate the volume
of material displaced by the indenter at the surface. In the Nix-Gao model, the indenter is assumed
to be a rigid cone whose self-similar geometry is defined by the angle, θ, between the indenter and
the undeformed surface (Fig. 2-38).

43

Fig. 2-38 Schematic representation of the Nix-Gao model for conical indenters [79].

The basic principle underlying the model is that the GNDs exist in addition to the usual statistically
stored dislocations (SSDs) produced during uniform straining, giving rise to an extra hardening
component that becomes larger as the contact impression decreases in size. Mathematically, this is
implemented by assuming that the flow stress, σ, is related to the total dislocation density, ρ t,
through the Taylor relation (Eq. 2.16),
𝜎 = √3𝛼𝐺𝑏√𝜌𝑡

(2.16)

Where α is Taylor factor, G is shear modulus, and b is the Burger’s vector. This is then combined
with the Tabor relation (Eq. 2.17),
𝐻 = 3𝜎

(2.17)

To relate the hardness, H, to the flow stress, σ. In addition, two key assumptions are made: 1) the
total dislocation density is simple mathematical sum of the geometrically necessary part, ρG, and
the statistically stored part, ρs, that is, 𝜌𝑡 = 𝜌𝐺 + 𝜌𝑠 and 2) the GNDs are constrained to reside
within a hemispherical volume (see Fig. 33), where the radius of the volume is equal to the radius
of contact of the indenter in the surface (a). Simple geometric considerations then lead to Eq. 2.18.
𝜌𝐺 = (3𝑡𝑎𝑛2 𝜃)/(2𝑏ℎ)

(2.18)

This is a very important relation, as it contains the essential physics of the ISE; namely, the hardness
increases at small depths because the geometrically necessary component of the dislocation density
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is inversely proportional to the depth and rises dramatically and without bound when the contact is
small. Combining the above relations leads to famous Nix-Gao model for ISE (Eq. 2.19).
𝐻 2 = 𝐻02 (1 +

ℎ∗
)
ℎ

(2.19)

In which the 𝐻0 = 3√3𝛼𝐺𝑏√𝜌𝑠 represent the macroscopic hardness, and ℎ∗ = (3𝑡𝑎𝑛2 𝜃)/
(2𝑏𝜌𝑠 ) is the characteristic depth below which the extra hardening becomes appreciable. The
characteristic depth depends on both material parameters (b and ρS) and geometric parameters (θ)
and is thus not strictly a material constant. Fig. 2-39 shows the plots of H2 vs. 1/h for the Cu data
of McElhaney et al. [76] and the Ag data of Ma and Clarke [77], both obtained with Berkovich
indenter. The remarkable linearity of these data sets at all but the smallest depths (large 1/h) has
served as the primary evidence for the Nix-Gao model.

Fig. 2-39 A plot of H2 vs. 1/h for a) Cu [76] and b) Ag [77].
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Chapter 3
Investigation into the Microstructural Changes in Alloy X-750 Spacer
Material during Kr2+/He+ Dual Beam Irradiation Using In-situ TEM
Observation
Alloy X-750, an age-hardened nickel based super alloy, is used in the cores of water cooled
reactors. In CANada Deuterium Uranium (CANDU) reactors X-750 is used for fuel channel spacers
that maintain a gap between fuel channel pressure tubes and the surrounding calandria tubes. Exservice CANDU spacers have been found to be embrittled. The change in properties is attributed
to the neutron irradiation which leads to lattice defects and cavities in the structure of the alloy X750. This study deals with the simulation of in-service, irradiation-induced microstructural changes
in alloy X-750 employing the dual beam irradiation method with 1 MeV Kr2+ ions and 10 KeV He+
ions, in the temperature range of (200-500 °C). The results of the simulation study indicate that
various types of defects are created in the microstructure of X-750 spacer material, including
cavities, stacking fault tetrahedra and Frank loops. Additionally, the simultaneous He implantation
leads to the formation of cavities at all irradiation temperatures. Moreover, increases in doses level
at constant irradiation temperature results in significant growth of cavities. In addition, cavity
density decreases, and the cavity size increases, as the irradiation temperature increases from 200
to 500 °C. Weak-beam TEM micrographs showed very small (2-5 nm) SFTs as well as large (1220 nm) Frank loops generated during irradiation. Furthermore, the γ׳-Ni3 (Al, Ti) phase becomes
disordered at irradiation temperatures below 400 °C and at irradiation doses above 1.3 dpa but
remains ordered at higher temperatures and at lower dpa. The results of current study can be
extremely helpful to understand and predict the mechanical properties of X-750 spacer material as
a function of irradiation temperature and dose.
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3.1 Introduction
Alloy X-750 is a γ׳-Ni3 [Al, Ti] strengthened Ni based super alloy used in CANDU fuel channels
as the spacer material. Modern CANDU spacers are tight fitting springs that provide support to the
pressure tube, separating it from the cold calandria tube. There is a concern that the spacers made
of alloy X-750 become embrittled after long reactor exposure. Embrittlement is attributed to the
displacement damage caused by neutron irradiation and both neutron dose and irradiation
temperature are thought to be important variables influencing the degree of embrittlement. The
neutron irradiation can produce significant lattice defects, including dislocation loops and SFTs
(stacking faults tetrahedra) which affect the mechanical properties of spacer material [1]. In
addition, the absorption of thermal neutrons by Ni atoms causes (n, α) transmutation reactions
resulting in production of helium during neutron irradiation [2]. The combination of a nickel rich
alloy (X-750 is 70% min Ni) and the thermal-neutron rich spectrum of CANDU reactors can give
rise to high helium production rates. The helium from transmutation reactions can interact with the
irradiation induced vacancies, leading to the generation of cavities. In addition to examination and
analysis of ex-service irradiated material, research efforts have been directed towards the
simulation of neutron irradiated microstructural evolution in pure nickel and Ni-alloys. Within the
simulations, instead of neutron irradiation, heavy ion irradiation has been employed [3, 4].
However, because no helium is produced (no transmutations), the results obtained do not
completely re-produce the neutron irradiated (ex-service) microstructure. For instance, with only
heavy Kr+2 ion irradiation of alloy X-750, even at high irradiation temperature of 600 °C, no cavities
were detected [5,6]. In contrast, the presence of readily detectable cavities is a defining
characteristic of the ex-service irradiated X-750.
To address the shortcoming of employing only heavy ion irradiation, a more effective method is
dual beam irradiation, in which, heavy ion irradiation and He+ ion implantation are performed
simultaneously. This methodology has recently been employed to investigate the microstructure
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evolution of ODS (oxide dispersive steels) during irradiation [7]. The aim of the current study is to
investigate the microstructural changes in X-750 spacer material during dual beam irradiation at
different temperatures as a means to gain insights into the behaviour of X-750 subjected to inreactor neutron irradiation. For this purpose, the in-situ TEM irradiation method was used in which
the TEM foil samples were irradiated with 1 MeV Kr+2 ions simultaneous with 10 keV He+.
Irradiations were performed up to different doses and at different temperatures.

3.2 Experimental Procedure
The experiment material was X-750 Ni-based super alloy with the chemical composition which is
tabulated in Table 3.1. The as-received material was subjected to AMS 5698 standard heat
treatment (solution treatment at 1120 °C for 15 min, 15% cold work reduction and aging treatment
at 732 °C for 16 h). TEM sample preparation started with mechanically thinning the material to 50100 µm, followed by twin-jet electropolishing using a Tenopol-5 and an electrolyte of 10%
perchloric acid in methanol, at -40 °C. Samples irradiation and TEM characterization were carried
out at the JANNUS Orsay facility in Paris-Sorbonne University. Four samples were irradiated using
10 keV He ions implantation (rate of 200 appm/dpa) and 1 MeV Kr+2 ions (rate of 10-3 dpa/s) up to
5.4 dpa in the temperature range of 200-500°C. The helium generation rate in service condition is
about 300 appm/dpa, hence, the helium implantation rate used in current study can be representative
of service condition. In addition, the difference in irradiation damage rate between in-service
condition (in order of 10-7 dpa/s) and Kr ion irradiation in current study (10-3 dpa/s) causes a
temperature shift about 200 °C.

Table 3-1 Chemical composition of the Inconel X-750 (wt. %)

Ni

Cr

Fe

Ti

Al

Nb

Mn

C

Bal.

15

7.3

2.5

0.68

0.99

0.15

0.067
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The doses were calculated by applying SRIM 2012 code using the Kinchin-Pease approximation
and a threshold displacement energy of 40 eV. The results of SRIM calculation are presented in
Fig. 3-1. Most Kr+2 ions can pass through the 100 nm thick TEM sample; in contrast, approximately
90% of helium ions remained in the material (Fig. 3-1a and c). It should be noted that the estimated
dpa values only included the damage from Kr+2 since the damage produced by He implantation was
negligible (Fig. 3.1b and d). For TEM observation and characterization of cavities, underfocus and
overfocus Fresnel contrast conditions under two-beam kinematical bright ﬁeld were adopted. A
weak beam dark field condition was employed to image the irradiation induced dislocation loops
and SFTs.

Fig. 3-1 SRIM simulation indicating a)ion range of He+ b) collision events produced by He+
c) ion range of Kr2+ d) collision events produced by Kr2+.
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3.3 Results
3.3.1 Microstructure before Irradiation
The microstructure of alloy X-750 was precisely characterized by TEM in both dark field and bright
field conditions before irradiation (Fig. 3-2 a and b). The microstructure consists of a γ phase
matrix which is a solid solution of Ni and alloy elements, and within this matrix, spherical γ׳-Ni3
(Ti, Al) precipitates of 20-25 nm in size are distributed homogenously. The γ ׳precipitate is a L12
order phase and has a 0.5 % lattice misfit with the γ matrix which results in a small strain field
around the precipitates; therefore, the diffraction contrast can be observed in TEM. As is depicted
in Fig. 3-2 c, superlattice dot reflections are present in the diffraction pattern of the (110) pole due
to the ordering state of γ'- phase in which the Ni atoms are at the face centers and the aluminum or
titanium atoms at the cube corners. A line plot of intensity profile from the diffraction pattern
clearly reveals a peak related to the superlattice spot, which confirms the presence of γ' precipitates
prior to irradiation.

a

b
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c

Fig. 3-2 The microstructure of X-750 prior to irradiation a) Bright field, b) Dark field and c)
Diffraction pattern of [110] pole and intensity plot showing superlattice reflection.

3.3.2 Microstructure after Irradiation
3.3.2.1 Cavity Formation
3.3.2.1.1 Effect of Irradiation Temperature
Cavities developed during dual beam irradiation at all irradiation temperatures, but the irradiation
temperature has a strong effect on the nucleation and growth of cavities. Fig. 3-3 presents TEM
underfocus bright field micrographs that depict the cavity formation at different temperatures after
irradiation to 5.4 dpa and 1080 appm helium concentration. The size of cavities increases with
increasing irradiation temperature, and higher irradiation temperature leads to lower cavity density.

b

a
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d

c

Fig. 3-3 Kinematical under focus bright field TEM micrographs showing cavity development after
irradiation to 5.4 dpa at different temperatures of a) 200, b) 300 c) 400 and d) 500 °C.

3.3.2.1.2 Effect of irradiation dose
Fig. 3-4 shows the cavities developed during dual beam irradiation at 500 °C to different dose
levels up to 5.4 dpa. It should be mentioned that as the dose level increases, the helium
concentration implanted in the sample increases as well. Cavity formation is observed at the first
stage of irradiation even at a very low dose of 0.016 dpa and about 3 appm helium. Increasing the
irradiation dose results in steady growth of cavities and steady decrease of cavity density.
0.016 dpa

Un-irradiated
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0.067 dpa

0.67 dpa

2.7 dpa

5.4 dpa

Fig. 3-4 Kinematical underfocus bright field TEM micrographs showing cavity development after
irradiation at 500 °C to different doses.

3.3.2.1.3 Cavities Close to Grain Boundaries
Grain boundaries can be favorable sites for cavity agglomeration and cavity denuded zones might
form adjacent to grain boundaries. Agglomeration of cavities and cavity denuded zones at grain
boundaries might exert significant influence on mechanical properties. Therefore, areas close to
grain boundaries were examined carefully. Fig. 3-5a and b are underfocus and overfocus bright
field TEM micrographs, respectively, showing the cavities that formed near a grain boundary after
irradiation to 2.7 dpa (540 appm helium) at 400 °C. As is depicted, the cavities are distributed
homogeneously close to the grain boundary examined and no agglomerations, and no denuded
zone, were detected.
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a

b

Fig. 3-5 a) Underfocus and b) overfocus bright field TEM images presenting cavity formation
close to the grain boundary in sample irradiated to 2.7 dpa at 400 °C.

3.3.2.2 Irradiation Induced Defect Development
Fig. 3-6 shows weak beam dark field TEM micrographs illustrating the defects generated in the
microstructure of X-750 spacer material as a function of increasing dose level during irradiation at
500 °C.
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Un-irradiated

0.13 dpa

0.016 dpa

0.067 dpa

0.67 dpa

2.7 dpa

Fig. 3-6 Weak beam g (5g) dark field TEM micrographs presenting defects development after irradiation at 500 °C up to
different doses.

The defect density clearly increases with dose increment up to 0.67 dpa, however, density saturation
occurs after 0.67 dpa. For defect characterization, the g (5g) weak beam condition close to the (110)
pole with a diffraction vector of 002 was employed at different irradiation conditions, and the
results presented in Fig. 3-7 and Fig. 3-8. In the early stage of irradiation, the majority of defects
are SFTs and small dislocation loops. Fig. 3-7 a and b depict the formation of SFTs and dislocation
loops after irradiation to just 0.067 dpa at 300 °C. The size of the SFTs varied between 1 and 4 nm.
However, defects developed at higher irradiation temperatures and doses are mainly large 1/3
<111> Frank loops which are sessile and unfaulted 1/2 <110> perfect loops which are mobile loops.
Fig 3-8a and b illustrates large Frank loops in a sample irradiated to 2.7 dpa at 400 °C and large
perfect loops in a sample irradiated to 2.7 dpa at 500 °C, respectively.
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SFTs
Dislocation loops

Fig. 3-7 SFTs and small dislocation loops in sample irradiated to 0.067 dpa at 300 °C.
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a

b
Perfect loops

Fig. 3-8 Weak beam g (5g) dark field TEM micrographs depicting irradiation induced a) Frank
loops in sample irradiated to 2.7 dpa at 400 °C and b) perfect loops in sample irradiated to 2.7 dpa
at 500 °C.

3.3.2.3 Precipitates disordering
Irradiation also affected the γ׳-precipitates that are crucial for strengthening the X-750 spacer
material in the un-irradiated condition. Fig. 3-9 shows the diffraction patterns from a sample
irradiated at 300 °C to different doses, from 0.067 to 2.7 dpa. The superlattice reflection spots of
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γ' disappeared after irradiation to 1.3 dpa; this implies that irradiation induced disordering occurred
between 0.67 and 1.3 dpa at 300 °C. Diffraction patterns were obtained for all irradiation
temperatures and doses in order to define the boundary conditions for disordering of the γ ׳phase.
The results are tabulated in Table 3.2. For the sake of comparison, the results obtained by Zhang et
al. [8] regarding the disordering kinetics of γ'-precipitates during single beam (1 MeV Kr+2)
irradiation of X-750 have been included as well. The γ' phase disordering happens after dual beam
irradiation to 1.3 dpa at 200 °C and 300 °C, but γ ׳phase remains in an ordered state at 400 °C and
500 °C even after irradiation to 5.4 dpa.
0.067 dpa

0.13 dpa

0.67 dpa

1.3 dpa

2.7 dpa

Fig. 3-9 Diffraction patterns close to (110) pole in sample irradiated at 300 °C to different doses. Showing
disordering process of γ׳-precipitates with dose increment more than 0.67 dpa.

Table 3-2 Disordering kinetics of γ ׳precipitates during single and dual beam condition
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Indicates order state in both dual and single beam irradiation;
irradiation;

indicates order state in dual beam irradiation;

indicates disorder state in single beam

indicates disorder state in dual beam

irradiation

3.4 Discussion
Dual beam irradiation results clearly reveal that the size and density of cavities strongly depends
on the three parameters, irradiation temperature, irradiation dose, and helium concentration. Cavity
growth was detected when the irradiation temperature increased from 200 °C to 500 °C (Fig. 3-3).
This apparent temperature threshold for cavity formation is mainly influenced by the vacancy
diffusion rate which increases at higher irradiation temperatures [9]. However, the observed
decrease in cavity density with increasing temperature is attributed to the decrease in vacancy
supersaturation [10]. Indeed, at higher irradiation temperatures, the probability of interstitials and
vacancies recombination is much higher and this leads to lower concentration of point defects.
Fig. 3-4 illustrates the effect of irradiation dose and helium concentration simultaneously. In
contrast to the mono heavy ion irradiation results in which no cavity formation reported even at
high temperatures (500 and 600 °C) and at high doses (5.4 dpa) [6], formation of cavities at very
low dose of 0.016 dpa under dual beam irradiation shows that the presence of helium is essential
for cavity nucleation by stabilizing irradiation induced vacancies. Similar results were obtained by
Zhang et al. [11] after irradiation to 0.27 dpa at 400 °C of X-750 spacer material in which helium
was pre-injected. The effect of helium concentration on cavity size has been studied and reviewed
by Farrell [10], who noted that helium can affect cavity growth through its influence on cavity
nucleation. Helium increases cavity nucleation sites, and the available vacancies are therefore
distributed among more cavities, making the cavities smaller. However, the dual beam irradiation
depicts different results in which cavity growth happened as the helium concentration increased
continuously. This is attributed to the increase of irradiation induced vacancies with increasing
irradiation doses level.
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In Fig. 3-5 no agglomeration of cavities at the grain boundary and no denuded zone adjacent to the
grain boundary were observed. This is in contrast with results obtained from ex-service CANDU
alloy X-750 spacers [12], in which grain boundaries are strong sink for cavities. The main reason
for this discrepancy might be having different helium mobility during dual beam irradiation
compared to service condition. Although the helium atoms are mobile at the irradiation temperature
(400 °C), but the mutual trap effect of vacancies and helium interstitials prevents them migrating
to the sinks. In other words, during irradiation the implanted helium interstitials are captured by
irradiation induced nearby vacancies or nucleated cavities before migration to the grain boundaries
or other sinks.
Fig. 3-6 to Fig. 3-8 reveal that in addition to cavities, different types of irradiation induced defects
form, mostly SFTs at lower irradiation doses and dislocation loops at higher irradiation doses.
Development of large Frank loops (15-25 nm), which are basically interstitial loops, after
irradiation to 2.4 dpa at 400 °C is quite interesting, since similarly large Frank loops were reported
at higher irradiation temperatures (˃ 500 °C) in single beam heavy ion irradiation [13]. This
strongly implies that helium implantation has significant effect on the formation of dislocation loop
during dual beam irradiation. Indeed, implanted helium enhances the growth of interstitial loops
via trapping vacancies and consequently increasing the survival probability of free interstitial
atoms. Similar results were also reported during dual beam irradiation of ODS 316 austenitic
stainless steel [7]. Fig. 3-8 also show large unfaulted or perfect loops after irradiation to 2.4 dpa at
500 °C. The prefect loops result from the unfaulting of Frank loops in which two Shockley partial
dislocations nucleate inside the faulted loop and glide across the stacking faults to form an unfaulted
loop. The reaction is:
1/3[111] + 1/6[21̅1̅] + 1/6[1̅21̅]

1/2[110]

One of the most important issues regarding irradiation induced microstructural changes of alloy X750 is the stability of γ'-precipitates. This study shows that γ' disorders after dual beam irradiation
65

to 1.3 dpa at 200 °C and 300 °C, which is attributed to ballistic mixing caused by collision cascades
during irradiation. For the sake of comparison of dual beam irradiation and single beam one, the
results regarding the kinetic γ׳-precipitates disordering during single beam irradiation also included
in Table 2. It was found that a significant delay occurred in disordering dose level of γ' phase during
dual beam irradiation (1.3 dpa) compared to the single beam irradiation (0.067 dpa) at 200 and 300
°C. In addition, single beam irradiation resulted in disordered γ' after 0.067 dpa at 400 °C while γ׳
phase remained in order state even after 5.4 dpa after dual beam irradiation. This is strong
experimental evidence that helium influences γ' stability during dual beam irradiation. It is well
known that for γ' phase, two mechanisms operate competitively during irradiation, including
disordering and dynamic reordering. The implantation of helium may increase the reordering rate
of γ' precipitates during dual beam irradiation. Indeed, helium atoms may trap vacancies and
enhance the survival of vacancies from recombination with interstitials, by which consequently
more free interstitials are available for contributing to reorder irradiation induced disordered γ ׳and
can make significant delay of disordering. Analogously, Howe and Rainville [14] as well as
Takamura and Okuda [15] reported that interstitial migration via an interstitialcy mechanism
contribute to increase the degree of long-range order of Zr3Al and CuZn, during irradiation,
respectively.

3.5 Conclusion
In-situ irradiation TEM method was employed to characterize the microstructural changes of X750 spacer material during dual beam (He+/Kr+2) irradiation. The main results can be summarized
as follows:


Irradiation temperature, irradiation doses and helium concentration were the most crucial
parameters affecting cavity nucleation and growth.



Increasing temperature, from 200 to 500 °C, resulted in growth of cavities and decreasing
cavity density.
66



Continuous increasing of irradiation dose and implanted helium concentration led to larger
cavity size and lower cavity density.



In addition to cavities, other types of defects formed during dual beam irradiation; mostly
SFTs at lower irradiation doses and dislocation loops at higher doses.



At lower temperatures (200 and 300 °C), γ׳-precipitates disordered after irradiation to 1.3
dpa); in contrast, at higher irradiation temperatures (400 and 500 °C), γ׳-precipitates
remained ordered even at high doses (5.4 dpa)



It was interestingly found that helium has considerable influence on the γ׳-precipitates
stability during irradiation. It made significant delay in γ ׳disordering process during dual
beam irradiation compared to single beam one.



Having ex-service spacer microstructure and agglomeration of cavities along grain
boundaries, the dual beam irradiation may not produce a good simulation of CANDU
irradiation reactor. In this case the hot pre-injection helium irradiation results was shown
to be more similar to ex-service condition.
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Chapter 4
Effect of simultaneous helium implantation on the microstructure
evolution of Inconel X-750 superalloy during dual-beam irradiation
This study focuses on investigation into the effect of helium implantation on microstructure
evolution in Inconel X-750 superalloy during dual beam (Ni+/He+) irradiation. The 1 MeV Ni+ ions
with the damage rate of 10

-3

dpa/s as well as 15 keV He+ ions using rate of 200 appm/dpa were

simultaneously employed to irradiate specimens at 400 °C to different doses. Microstructure
characterization has been conducted using high resolution analytical transmission electron
microscopy (TEM). The TEM results show that simultaneous helium injection has significant
influence on irradiation induced microstructural changes. The disordering of γ ( ׳Ni3 (Al, Ti))
precipitates shows noticeable delay in dose level compared to mono heavy ion irradiation, which
is attributed to the effect of helium on promoting the dynamic reordering process. In contrast to
previous studies on single beam ion irradiation, in which no cavities were reported even at high
doses, very small (2-5nm) cavities were detected after irradiation to 5 dpa, which proved that
helium plays crucial role in cavity formation. TEM characterization also indicates that the helium
implantation affects the development of dislocation loops during irradiation. Large 1/3 ˂111˃
Frank loops in the size of 10-20 nm developed during irradiation at 400 °C, whereas, similar big
loops were detected at higher irradiation temperature (500 °C) during sole ion irradiation. This
implies that the effect of helium on trapping the vacancies can help to develop the interstitial Frank
loops at lower irradiation temperatures.

4.1 Introduction
Inconel X-750 is a precipitation hardened Ni-based superalloy which is widely used for fasteners
and centering pins in the core of pressurized water reactors and boiling water reactors, and
specifically as a spacer material in CANDU (CANada Deuterium Uranium) reactor fuel channels
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due to its high strength, good creep properties along with excellent corrosion resistance at high
temperatures [1, 2]. However, recent studies on ex-service spacers reported the significant loss of
ductility which were mainly attributed to the displacement damage caused by neutron irradiation
[3, 4]. Therefore, there is strong demand to understand the damage mechanism operating during
neutron irradiation. Towards this purpose, quite a few efforts have been directed to the simulation
of microstructural changes during neutron irradiation of pure Ni [5, 6] as well as Ni-based alloys
[7-10] in which instead of neutron irradiation, heavy ion irradiation has been employed. However,
it is well known that the absorption of thermal neutrons by alloy elements such as Ni atoms can
cause (n, α) transmutation reactions results in high production rate of helium in Ni alloys during
neutron irradiation [11]. In this regard, using single heavy ion irradiation may not be able to emulate
neutron irradiation properly; therefore, some studies tried to investigate the effect of helium
contribution in microstructural changes during irradiation with injection of helium before heavy
ion irradiation [12, 13]. The results reveal that the presence of helium can affect the development
of irradiation induced defects, significantly.
One of the most important effects of helium implantation is its contribution in cavity nucleation
during irradiation. No visible cavity was detected during mono heavy Kr+2 ion irradiation of Inconel
X-750 even at high irradiation temperature of 600 °C [14]. On the other hand, pre-injection of just
200 appm helium led to cavity nucleation after Kr+2 ion irradiation at temperatures above 200 °C
[12]. Wang et al. [15] irradiated 50 appm helium pre-injected pure Ni and Ni-Cu alloy with Ni+
ions to 3-5 dpa and their TEM results revealed substantial density of cavities. In addition,
Hashimoto et al. [16] reported high density of cavities after 1 dpa He + ion irradiation at 200 °C in
Inconel 718; in contrast, no cavity was found after 10 dpa Fe+ irradiation at the same temperature.
It was also found that presence of helium can influence the development of other defects such as
irradiation induced dislocation loops and stacking fault tetrahedra (SFT). Zhang et al. [12]
irradiated Inconel X-750 with 200 appm pre-injected helium and without helium using 1 Mev Kr+2
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ion at 400 °C. A great decrease of SFTs density was noticed as a result of pre-injecting of helium
after irradiation to 0.27 dpa. Yao et al. [6] also reported a lower density of SFTs in 590 MeV proton
irradiated pure Ni along with presence of cavities at high irradiation temperatures compared to the
low irradiation temperature in which no cavity was found. It should be noted that the proton
irradiation can also cause helium production through transmutation reaction. However, there is
limited information in literature about the effect of helium on formation of dislocation loops during
irradiation of Ni alloys. It is reported by Hashimoto et al. [16] that the He-injection induced a
slightly higher density of faulted loops compared to the single Fe+ ion irradiation of Inconel 718.
Systematic research on the in situ TEM observation of Inconel X-750 microstructure evolution
under irradiation of 1 MeV Kr+ ion in a wide range of temperatures (60-600 °C) clearly showed
that the strengthening γ ׳phase (Ni3 (Al, Ti)) was disordered at low temperatures (60-400 °C) after
irradiation to a low dose of 0.06 dpa and start to dissolve into the matrix at higher dose of 5.4 dpa
[14, 17, 18]. The disordering of γ ׳precipitates at low dose (0.1 dpa) at room temperature was also
reported by Nelson et al. [19] during heavy ion irradiation of Ni-Al and Nimonic PE16. But, there
is big lack of knowledge in literature on the effect of helium implantation on the disordering process
of γ ׳during irradiation.
As is described above, most of studies regarding the effect of helium on the irradiation induced
microstructure changes of Ni alloys have been restricted to the injection of helium before
irradiation. One of the most effective method recently employed for investigating the effect of
helium on microstructure evolutions of ODS (oxide dispersive steels) [20] as well as stainless steels
[21, 22] is dual beam irradiation in which during the heavy ion irradiation the He + ions are
implanted simultaneously. Therefore, the aim of this study is to examine the helium implantation
effect on the microstructure evolution of Inconel X-750 using Ni+ and He+ dual beam irradiation.
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4.2 Experimental procedure
The initial experimental material was cast Ni-based X-750 superalloy. The chemical composition
of the as-received material is tabulated in Table 4.1. The alloy was solution treated at 1150 °C for
1 hour, then cold rolled for 60% followed by annealing at 960 °C for 10 minutes. Finally, in order
to achieve precipitation hardening, aging treatment was conducted at 730 °C for 16 hours. TEM
sample preparation started with mechanically thinning the material to 50-100 µm, followed by
twin-jet electropolishing at -40 °C using Tenopol-5 with an electrolyte of 10% perchloric acid in
methanol. Irradiation process was carried out at the JANNUS Orsay facility employing dual ion
beams of 1 MeV Ni+ and 15 keV He+.
Table 4-1. Chemical composition of the Inconel X-750 (wt. %)

Ni

Cr

Fe

Ti

Al

Nb

Mn

C

Bal.

15

7.3

2.5

0.68

0.99

0.15

0.067

Three samples were irradiated up to different doses of 1, 5, and 10 dpa at 400 °C with helium
implantation rate of 200 appm/dpa. The dose levels were calculated by applying SRIM 2012 code
using Kinchin-Pease approximation and threshold displacement energy of 40 eV [23]. The results
of SRIM calculation are presented in Fig. 4-1. As is seen, most Ni+ ions can pass through the 100
nm thick TEM sample; in contrast, approximately 90% of helium ions remained in the material
(Fig. 4-1a and c). It should be noted that the estimated dpa values only included the damage from
Ni+ ions since the damage produced by He implantation was negligible compared to Ni ions
(Fig. 4-1b and d).
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b

a

Maximum TEM Sample Thickness

d

c

Fig. 4-1 SRIM simulation indicating a) Ion range of He+ b) Collision events produced by He+
c) Ion range of Ni+ d) Collision events produced by Ni+.

The TEM observations of irradiated and un-irradiated samples were performed using FEI Tecnai
Osiris scanning transmission electron microscope (STEM) at an operating voltage of 200 kV which
is below the threshold for electron knock-on damage in Ni-Fe-Cr alloys. Underfocus and overfocus
Fresnel contrast conditions under kinematical bright ﬁeld were adopted to characterize small
cavities. The g (4g) weak beam dark field close to (110) pole and also rel-rod condition were
employed to observe the irradiation induced defects. Energy dispersive X-ray (EDX) mapping
under STEM mode was used to study the local changes in the chemical composition after
irradiation. In order to estimate the local thickness of TEM foil, electron energy loss spectroscopy
(EELS) method was employed and the measurements were used to obtain the density of defects.
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4.3 Results
The microstructure of Inconel X-750 was carefully characterized by using TEM in both dark field
and bright field condition before irradiation (Fig. 4-2 a and b). The microstructure contains a γ
phase matrix which is a solid solution of Ni and alloy elements, and within the matrix, spherical γ׳Ni3 (Ti, Al) precipitates with the size of 20-25 nm. The γ ׳precipitate is L12 ordered phase and
possess 0.5 % lattice misfit with γ matrix which causes small strain field around the precipitates;
therefore, the diffraction contrast can be observed in TEM [24, 25]. As is depicted in Fig. 4-2 c,
superlattice reflection spots are present in the diffraction pattern of (110) pole due to the ordered
state of γ ׳phase. The γ׳-Ni3(Al-Ti) has face centered cubic (FCC) structure in which the Ni atoms
are placed at the face centers and the aluminum or titanium atoms at the cube corners. In addition,
the line plot of intensity profile from the diffraction pattern clearly reveals two peaks corresponding
to the superlattice spots, which confirms the presence of γ ׳precipitates in ordered state prior to
irradiation.
Fig. 4-3 represents the EDX analysis of X-750 before irradiation depicts distribution of main
elements (Ti, Al, Cr and Fe) into and at the vicinity of γ ׳precipitates. Ti and Al enrichment as well
as Cr and Fe depletion within γ ׳phases are clearly indicated.
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b

a

c

Fig. 4-2 The microstructure of X-750 prior to irradiation a) Bright field, b) Dark field and c)
Diffraction pattern of (110) pole and intensity plot showing supperlattice reflection.
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Fig. 4-3 ChemiSTEM mapping of X-750 prior to irradiation showing elements distribution within γ׳
precipitates.
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4.3.1 Microstructure after irradiation
4.3.1.1 Disordering and dissolution of γ'
Fig. 4-4 illustrates the (110) pole diffraction pattern along with line plot of intensity at different
dose levels of 1 to 10 dpa. For the sake of quantitative measurement of γ ׳disordering, the intensity
ratio (I precipitates/ I matrix) was calculated by using the intensity plot related to each irradiation dose.
As is seen in Fig. 4-4, superlattice reflections are still visible in samples irradiated up to 1 and 5
dpa. However, the intensity ratio decreases from 0.9 to 0.85 when the irradiation dose increases
from 1 to 5 dpa. Therefore, the partial disordering of γ׳-precipitates happened after irradiation to 5
dpa. The superlattice reflections have completely disappeared at 10 dpa and the intensity profile
depicts no peak at the superlattice position. Hence, it implies that the γ ׳precipitates have been
disordered completely while the dose increased to 10 dpa.

a

I matrix
I precipitate

b
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c

Fig. 4-4 (011) pole diffraction pattern, showing progress of γ ׳disordering at a) 1 dpa, b) 5dpa and c) 10 dpa.

The ChemiSTEM maps from EDX analysis are presented in Fig. 4-5 for irradiated samples. In 1
dpa sample (column 1) no noticeable chemical composition changes were detected and γ ׳
precipitates appeared in the same shape compared to the un-irradiated sample (see Fig. 4-3).
However, at the higher dose 5 dpa (column 2) diffusion of Ti and Al from γ  ׳precipitates to the
matrix as well as Cr and Fe from matrix to the γ ׳sites were noted. This is a strong evidence of the
start of γ ׳precipitates dissolution into the matrix. Finally, at the highest dose 10 dpa, the irradiation
caused significant changes in the shape of γ ׳precipitates depict notable dissolution of γ׳-Ni3(Ti, Al)
precipitates into the matrix . It is worthwhile to mention that the area thickness of each sample used
for above EDX measurement was comparable or very close.
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Fig. 4-5 ChemiSTEM mapping of X-750 after irradiation to different doses of 1, 5 and 10 dpa, showing
elements distribution after irradiation.
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4.3.1.2 Cavity formation
Under-focus and over-focus kinematical bright field condition were used to characterize the cavity
formation during irradiation. No visible cavities were detected in the sample irradiated to 1 dpa
which is corresponding to 200 appm helium implanted. On the other hand, cavity formation and
growth were clearly seen in the microstructure of samples irradiated to 5 and 10 dpa. Fig. 4-6 and
Fig. 4-7 present both under focus and over focus bright field TEM micrographs showing the
cavities formed in 5 and 10 dpa specimens contain 1000 and 2000 appm helium, respectively.
Additionally, the higher magnification TEM observation (Fig. 4-8) reveals that the cavity size as
well as cavity intensity increased with increasing doses from 5 to 10 dpa. Fig. 4-9 depicts the cavity
size distribution in the microstructure of specimens irradiated to 5 and 10 dpa, showing the higher
mean cavity size value of ~ 1.45 nm for 10 dpa compared to mean value of ~ 0.6 nm for 5 dpa
sample.

a

b

Fig. 4-6 a) Under focus and b) over focus TEM bright field micrographs showing cavities after irradiation to 5
dpa.
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a

b

Fig. 4-7 a) Under focus and b) over focus TEM bright field micrographs showing cavities after irradiation to 10
dpa.
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b

a

Fig. 4-8 Over focus bright field TEM micrographs presenting cavities after irradiation to a) 5 dpa and b) 10 dpa.

Fig. 4-9 Cavities size distribution in 5 and 10 dpa irradiated samples.

Areas close to grain boundaries and carbides/matrix interfaces were also checked for cavity
development in the sample irradiated to 10 dpa (Fig. 4-10 and Fig. 4-11). The distribution of
cavities is homogenous and no preferential growth of cavities or cavity denuded zone can be
detected.
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b

a

Fig. 4-10 a) Under focus and b) over focus TEM bright field micrographs showing cavities close to
the grain boundary after irradiation to 10 dpa.

a

b

Fig. 4-11 a) Under focus and b) over focus TEM bright field micrographs showing cavities close to
a carbide after irradiation to 10 dpa.

4.3.1.3 Dislocation loop development
Weak beam dark field g (4g) condition with diffraction vector of g = 002 close to the zone axis
[110] was adopted to characterize the irradiation induced dislocation loops. Fig. 4-12 presents the
dark field TEM micrographs, showing development of irradiation induced defects at different doses
of 1, 5 and 10 dpa. As is depicted, the density and size of loops don’t change significantly with
dose increment of 10 dpa. However, in order to characterize the defects more precisely, the ‘Relrod’ condition was applied to detect the 1/3 ˂111˃ Frank loops. Fig. 4-13 illustrates the evolution
of large Frank loops during irradiation to the different doses. The variation of density and size of
Frank loops as a function of doses have been plotted in Fig. 4-14. The greater size of Frank loops
83

was obtained at higher doses; moreover, the higher density of Frank loops was detected with
increasing irradiation dose.

a

b

c

Fig. 4-12 Weak beam dark field TEM micrographs, using g (4g) g = 200 close to zone axis [011] after irradiation
to a) 1 dpa, b) 5 dpa, and c) 10 dpa.

84

1 dpa

1 dpa

5 dpa

5 dpa

10 dpa

10 dpa

Fig. 4-13 Rel-rod images after irradiation to the different doses, showing the evolution of Frank loops.
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Fig. 4-14 Variation of density and mean size of Frank loops with respect to the irradiation dose
level.

4.4 Discussion
The results reveal that the microstructure evolutions of Inconel X-750 after dual beam irradiation
would be considerably different compared to irradiation induced microstructure under single beam
heavy ion irradiation [14, 17] and even with pre-injected helium implantation and heavy ion
irradiation followed [12, 13]. This shows that simultaneous helium implantation plays important
role in microstructural changes during heavy ion irradiation.
In the case of γ ׳precipitates, the previous studies on the same material using single Kr 2+ beam
reported the complete disordering of γ ׳phase at a low dose 0.06 dpa at the irradiation temperature
of 400 °C [18]. However, in the current research the γ ׳superlattice reflection was still visible at 5
dpa and complete disordering phase transformation was detected at 10 dpa, which means the
complete disordering of γ ׳happened at dose level approximately hundred times higher than single
beam irradiation. This confirms that helium implantation has significant effect on γ ׳stability during
irradiation and can delay the disordering process. Two mechanisms operate competitively during
irradiation, including ballistic mixing caused by collision cascades of atoms leads to disordering of
γ ׳phase [26] and dynamic reordering of γ ׳precipitates [18]. Therefore, the implantation of helium
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may increase the rate of γ ׳reordering during dual beam irradiation. The mechanism of this enhanced
reordering is still under debate because it is not well understood which species, vacancy or
interstitial, give rise to ordering [27]. Brinkman et al. [28] suggested the vacancy migration as the
main reason for ordering of Cu3Au during 1 MeV electron irradiation. Subsequently, experiments
on Cu3Au by Dugdale [29] provided additional evidence for the vacancy hypothesis, as did some
earlier studies by Dugdale and Green [30]. In contrast, Howe and Rainville [31] reported that
interstitial migration contributes to increase the degree of long-range order to offset the overriding
disordering process of Zr3Al under 0.5-2 MeV Ar+ ion irradiation. Similarly, Takamura and Okuda
[32] argued that in neutron-irradiated CuZn an interstitial mechanism operates at low temperatures,
in view of the large degree of electrical resistivity recovery of irradiated material at 100-200 K.
Having the current results with considering the effect of helium on migration of point defects
(vacancy and interstitial) it can be concluded that interstitial atoms play more important role in
reordering of γ ׳during irradiation. This can be explained as follows: helium atoms may trap
vacancies and enhance the survival of vacancies from recombination with interstitials, by which
consequently more free interstitials also survive and are available for contributing to reorder
irradiation induced disordered γ ׳and can make significant delay of disordering. In the case of single
beam irradiation there is no such preferred sink for vacancies; thereby, the probability of vacancy
and interstitial recombination is much higher which results in lower free interstitial concentration
to reorder the γ ׳phase.
The results of ChemiSTEM mapping depicted the occurrence of Al and Ti atoms diffusion from γ׳
precipitates into matrix as well as diffusion of Cr and Fe from matrix to γ ׳places at 10 dpa
(Fig. 4-5). This observation implies the start of dissolution of precipitates in disordered state, due
to irradiation induced ballistic mixing which leads to redistribute solute atoms to more homogenous
state [26]. Camus et al. [33] also reported dissolution of γ ׳at the disordered state during irradiation
of nimonic PE16.
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In previous studies [14, 17] using sole heavy ion (1 Mev Kr+ ion) irradiation on the same material
in the temperature range of 60-600 °C, no visible cavities were detected in the microstructures. In
contrast, the present results show visible cavities at 5 and 10 dpa, which is corresponding to the
1000 appm and 2000 appm helium implantation, respectively. The results strongly confirm that
helium is an essential element in nucleation and growth of irradiation induced cavities in Inconel
X-750. Indeed, the helium may trap vacancies and stabilize them to nucleation of cavities. The
absence of visible cavities at 1 dpa can be attributed to the insufficient number of vacancies which
has not reached to saturation level [34, 35].
As was shown in Fig. 4-10 and Fig. 4-11, the areas near grain boundaries and carbide particles
were carefully checked, along which no segregation of cavities was observed. This is in contrast
with results obtained from ex-service CANDU Inconel X-750 spacer [36] and also hot pre-injected
He irradiation [12, 13], in which grain boundaries play as a strong sink for cavities. The main reason
for this discrepancy might be attributed to different helium mobility in simultaneous helium
implantation and ion irradiation compared to previous cases. Although the helium atoms are mobile
at the elevated irradiation temperature (400 °C), the mutual trap effect of vacancies and helium
interstitials prevents them from migrating to the sinks. In other words, during irradiation the
implanted helium interstitials are captured by irradiation induced nearby vacancies or nucleated
cavities before migration to the grain boundaries or other sinks.
The obtained results interestingly reveal that helium can also significantly influence the
development of dislocation loops. Large interstitial Frank loops with the average size of 12-20 nm
were identified at irradiation temperature of 400 °C after all three doses (Fig. 4-13). In contrast,
in-situ single ion irradiation depicted that such big Frank loops are visible only at irradiation
temperatures above 500 °C, and at lower temperatures the dislocation loops are too tiny to
characterize [14]. This alternation likely originates from the presence of helium during dual beam
irradiation. Indeed, helium atoms increase the survival probabilities of free interstitial atoms via
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trapping vacancies and consequently enhance the growth of interstitial loops. [34]. The similar
results were also reported in dual beam ion irradiation of ODS 316 austenitic steels [20].

4.5 Conclusion
The influence of simultaneous helium implantation on the microstructure evolution of Inconel X750 during dual beam (Ni+/He+) irradiation was explored carefully using TEM characterization.
The obtained results can be summarized as follows:


In contrast to single ion irradiation in which γ ׳precipitates disordered at a low dose of 0.06
dpa, the disordering process of γ ׳precipitates occurred at 100 time higher dose during dual
beam irradiation, due to effect of helium on dynamic reordering of γ ׳phase.



The EDX analysis depicted commence of γ ׳precipitate dissolution after 5 dpa and
significant progress of the dissolution after irradiation to 10 dpa.



No visible cavities were observed after 1 dpa irradiation and implantation of 200 appm
helium; on the other hand, cavity nucleation and growth were detected after irradiation to
5 and 10 dpa corresponding to 1000 and 2000 appm helium concentration, respectively.



Helium implantation also had considerable effect on dislocation loop formation. Large
Frank loops developed after dual beam irradiation to all doses of 1, 5, and 10 dpa at 400
°C.
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Chapter 5
Indentation Behaviour of Ion-irradiated X-750 Ni-based Superalloy
The mechanical properties of an ion-irradiated Ni-based superalloy have been evaluated using
nano-indentation hardness tests. A high-energy Ni ion beam was employed for irradiation at room
temperature up to different doses. Nano-indentation tests were carried out in the range of 100-1000
nm to measure hardness changes of the experimental alloy. The results show softening of the
irradiated material compared to the un-irradiated material, with the softening being more
pronounced at the higher dose. Cross-sectional transmission electron microscopy characterization
reveals that γ׳-precipitate instability (disordering/dissolution) is the main reason for the softening
behavior and this outweighs the hardening effect of irradiation-induced defects.

5.1 Introduction
X-750 is an age-hardened Ni-based superalloy strengthened by precipitation of the γ׳-Ni3 (Ti, Al)
phase with an L12-ordered structure [1]. The alloy possesses excellent corrosion and oxidation
resistance [2] in addition to good tensile and creep properties [3] which make it a promising material
for use in the core of pressurized water reactors, particularly as a spacer material in the CANDU
reactor [4]. Microstructure instability and mechanical property degradation of materials in nuclear
environments are serious issues, making understanding the performance and failure mechanisms of
reactor components crucial. However, testing reactor-irradiated materials have some limitations,
including lengthy timescales and material activation. Recently, ion-beam irradiation has been
developed as a surrogate irradiation technique that allows materials evaluation under similar reactor
condition but with the advantages of full control of irradiation parameters and little or no activation
[5]. In this regard, heavy-ion irradiation has been employed extensively to mimic the
microstructural changes of ex-service X-750 CANDU reactor spacer material [6-9]. Ion irradiation
affects the microstructure in different ways, including the production of defects and a γ׳-precipitate
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instability. In-situ TEM observations during ion irradiation of X-750 show the production of defect
clusters such as stacking fault tetrahedral (SFT) and dislocation loops [6]. These defects clusters
are strong obstacles for dislocation glide, causing irradiation-induced hardening on a macroscopic
scale. The effect of irradiation-induced defects on the mechanical properties of X-750 alloy has
been scarcely studied [10]. However, the mechanical behavior of irradiated single-crystal pure Ni
has been investigated comprehensively [11-13]. The results of tensile tests on irradiated samples
display higher yield stress after irradiation, increasing with increasing dose level.
In addition to defect evolution, the disordering of the ordered γ ׳phase at very low doses of
irradiation (0.06 dpa) is another important change during heavy-ion irradiation. Zhang et al [14]
found that there is a critical temperature (~ 400 ºC) for the disordering process and the γ  ׳phase
stays ordered under irradiation at temperature higher than a critical point. It is believed that two
mechanisms operate during irradiation: ballistic mixing arising from collision cascade leads to
disordering of precipitates and also dynamic reordering of the γ ׳phase during thermal recovery
[15-20]. Ballistic dissolution will occur regardless of the temperature. However, higher
temperatures will allow for more easier diffusion and hence re-formation of the precipitate.
Furthermore, irradiation to higher doses can change the chemical composition of the γ ׳phase.
Indeed, diffusion of Ti and Al from the γ ׳structure to the matrix and also of Cr and Fe from the
matrix to the γ ׳phase occur at higher irradiation doses. EDX analysis of irradiated X-750 alloy
show that 1 MeV Kr+ ion up to about 5 dpa can cause dissolution of γ׳-precipitates into the matrix
[14]. The ordered γ׳-precipitate is the main reason for the high strength of X-750 alloy, particularly
at high temperatures; hence, γ ׳disordering/dissolution changes the deformation behavior and
concurrently alters the mechanical properties of the superalloy.
The aim of this study is to explore effects of irradiation on the mechanical behavior of X-750
superalloy.

93

5.2 Experimental
The experimental material was X-750 Ni-based superalloy with the chemical composition shown
in Table 5.1.
Table 5-1 Chemical composition of the Inconel X-750 (wt. %)

Ni

Cr

Fe

Ti

Al

Nb

Mn

C

Bal.

15

7.3

2.5

0.68

0.99

0.15

0.067

The alloy was solution-treated at 1150 ºC/1 hr/air cooling followed by 60 % rolling and then
recrystallization annealing at 960 ºC/10 min/water cooling. Finally, aging was carried out at 730
ºC/16 hr/air cooling. Samples with dimension of 1 cm x 1 cm and 1 mm thickness were irradiated
with 40 MeV Ni+ ions at room temperature up to damage levels of 0.1 and 0.7 dpa. The dpa
calculation was conducted by means of SRIM code 2012 employing a Kinchin-Pease
approximation and a threshold displacement energy of 40 eV [21]. The results illustrate around 5
μm irradiated depth and a variation of displacement damage versus target depth with maximum
damage levels of 1 dpa and 7 dpa for the 0.1 and 0.7 dpa samples, respectively (Fig. 5-1 a). The
mechanical properties of the irradiated material were investigated by nano-indentation hardness
tests using a Nano Test Vantage device equipped with a Berkovich indenter. A quasi-static method
was employed in a depth control mode using loading and unloading rate of 2 mN/s. For each depth,
at least 10 indents were performed to obtain good statistical data. The area function was estimated
by indentation on a fused silica standard sample. The geometry of the samples, with irradiation and
indentation direction as well as dpa variation as a function of depth, are schematically presented in
Fig. 5-1 b. Cross-sectional TEM foil was produced from the irradiated material using the focused
ion beam (FIB) lift-out procedure. The foil was thinned to electron transparency in the FIB by Ga+
ions with a final energy of 5 kV. TEM characterization was performed using a FEI Tecnai Osiris
scanning transmission electron microscope (STEM) at an operating voltage of 200 kV. The g (4g)
weak-beam dark-field close to the [110] pole and energy-dispersive X-ray (EDX) mapping under
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STEM mode were used to detect the irradiation-induced defects and the local chemical
composition, respectively.

5.3 Results
Fig. 5-1c shows a TEM dark-field micrograph of the X-750 alloy prior to irradiation including γphase matrix and spherical γ׳-Ni3 (Ti, Al) precipitates of size of 20-25 nm. The L12-ordered γ׳
precipitate has about 0.5% lattice misfit with the γ-matrix phase. The strain field around the γ׳
precipitate resulting from lattice mismatch makes it visible in TEM diffraction contrast [22, 23].
Diffraction patterns and related intensity profiles present superlattice reflections that come from
the ordered γ׳-precipitates. EDX analysis before irradiation on the experimental material reveals
enrichment of Ti and Al as well as depletion of Fe and Cr within the γ ׳phase (Fig. 5-1d).

Fig. 5-1 a) Displacement damage profile versus target depth for samples irradiated up to 0.1 and
0.7 dpa. (b) Schematic illustration of irradiation and indentation direction with SRIM profile for
0.7 dpa sample. (c) Dark-field TEM micrograph of un-irradiated material in conjunction with
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SADP and intensity profile. (d) EDX analysis of un-irradiated material showing chemical
composition and morphology of γ'-precipitates.

Nano-hardness profiles as a function of indentation depth for all three samples, un-irradiated,
irradiated-0.1dpa and irradiated-0.7dpa, are plotted in Fig. 5-2. The results show a decrease in
hardness level after irradiation which is in contrast to typical irradiation-induced hardening [2426]. The amount of decrease depends on the irradiation dose, with higher dpa resulting in a larger
decrease of hardness compared to the un-irradiated material.

c

Fig. 5-2 (a) Nano-hardness profile as a function of indentation depth for un-irradiated, irradiated0.1 dpa, and irradiated-0.7 dpa samples. (b) H2 versus 1/h curve for un-irradiated X-750 (c) H2
versus 1/h curve for 0.1 dpa irradiated X-750.
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The indentation size effect (ISE) was calculated according to the widely used model developed by
Nix and Gao (NG) [27]. The NG model is based on the concept of geometrically necessary
dislocations (GNDs) represented Equation 1:
𝐻 2 = 𝐻02 (1 +

ℎ∗
)
ℎ

(5.1)

where H0 represents the macroscopic hardness, h* is the characteristic depth and h is the indentation
depth. Fig. 5-2 b and c display curves of H2 versus 1/h for both un-irradiated and irradiated 0.1 dpa
materials (along with the calculated values for h* and H0), indicating bi-linear indentation size
behavior. In fact, a good linear relation was obtained for indentation depths larger than about 500
nm as predicted by the NG model. However, the linear behavior deviates significantly from the NG
model at small values of h.
Fig. 5-3 illustrates the TEM foil created from the irradiated-0.7 dpa sample with the damage profile
obtained from SRIM simulation. Selected-area diffraction pattern (SADP) and ChemiSTEM maps
were captured at three different locations, including the un-irradiated zone, the irradiated zone close
to the surface, and the zone around the beam stopping peak.

Fig. 5-3 FIB-TEM and SRIM damage profile versus depth, show three different SADPs and
ChemiSTEM maps corresponding to three different depths for 0.7 dpa sample.
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The SADP from un-irradiated depths shows sharp superlattice reflections; however, there is no
evidence of a γ ׳superlattice reflection from irradiated depths, strongly implying that γ ׳disordering
occurred during irradiation. The distribution of elements in the irradiated zone close to the surface
does not reveal considerable changes compared to the un-irradiated zone. However, the change in
shape of the γ ׳precipitates with significant ballistic mixing of Ti and Al atoms into the γ matrix is
evident at the beam stopping peak with maximum damage level, showing partial dissolution of γ׳precipitates in this region.
The weak-beam dark-field condition close to the [110] pole and g = 002 was adopted to detect the
irradiation-induced defects in the TEM foil. Fig. 5-4 presents a dark-field TEM micrograph of the
0.7 dpa sample in the irradiated zone. The high density of defects including dislocation loops
generated during irradiation which are strong obstacles for subsequent dislocation movement.
The correlation between mechanical behavior and microstructure of irradiated material strongly
implies that the softening effect of γ ׳precipitate disordering/dissolving outweighs the hardening
effect of irradiation-induced defects on the deformation behavior of irradiated X-750 alloy.

Fig. 5-4 g(4 g) TEM weak-beam dark-field micrographs depict irradiation-induced defects in 0.7
dpa irradiated specimen.
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5.4 Discussion
Irradiation up to 0.7 dpa disorders γ׳-precipitates as a result of ballistic mixing arising from
displacement cascades of heavy-ion irradiation. In-situ TEM observation of irradiation-induced γ׳
instability by Zhang et al. [14] showed that disordering happens after a low dose of 0.06 dpa at
irradiation temperature ≤ 400 ºC. Therefore, it can be strongly anticipated that disordering also
occurred in the irradiated 0.1 dpa sample. Although the Ni+ ions produce a significant amount of
defects in the microstructure, disordering of γ ׳precipitates overbalances the hardening effect of the
defects and is the main reason of irradiation-induced softening behavior during nano-indentation.
Similar softening behavior was reported after ion irradiation of precipitation-hardened Inconel 718
[28-30]. Interpretation of the reduced strength can be achieved by understanding the deformation
mechanism of the γ ׳phase in the ordered condition versus the disordered state.
The contribution of the γ ׳phase to the strength of the alloy, which is referred to as precipitation
strengthening, involves both interfacial strengthening and ordered strengthening [31]. The ordered
strengthening, which originates from the formation of antiphase boundaries (APBs) in the ordered
γ ׳phase, plays a dominant role in the strengthening.
Dislocation movement during deformation within the ordered γ ׳phase with the L12 structure is
different from what happens in typical FCC structures. The active Burgers vector in γ  ׳is a [1̅01]
superdislocation. The work of Yamaguchi et al [32] and Paidar et al [33] showed that the [1̅01]
1

superdislocation dissociates into two 2 [ 1̅01] superpartials according to the following reaction:
̅ 01] =
[1
In this case, the two superpartials

1
2

1
1
[ 1̅01] + [ 1̅01]
2
2

[ 1̅01] are separated by an APB. The dissociation primarily

occurs on {111} planes and the APB is also on {111} planes; however, after cross-slip of
superpartials dislocations, the APB tends to lie on the (010) plane because it has minimal energy
on this plane. Therefore, the superpartial core is not confined to the plane determined by the APB
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and thus the dislocation is sessile with respect to glide on (010). The contribution of an ordering
strengthening mechanism to the deformation behavior of superalloys strongly depends on the
degree of order of the γ׳-precipitates. Zhang et al [31] developed a model to express the antiphase
boundary strengthening in a nickel-based superalloy (Eq. 5.2).
𝜏=

𝐾𝑆 3 𝑇𝑐3 𝑓𝑟𝑠 1/2
(
)
𝑏 2 𝑎3
𝐺

(5.2)

where 𝜏 is the stress required for dissociating an γ ׳particle, 𝑇𝑐 is the order-to-disorder transition
temperature, f is volume fraction of γ׳, 𝑟𝑠 is radius of γ׳, b is the Burgers vector, a is the lattice
parameter, G is the shear modulus, K is a proportional constant, and finally S is the long-range
degree of order in the γ ׳precipitate. Therefore, irradiation-induced disordering of γ ׳reduces the Sparameter, which results in a reduction in the stress required to dissociate the precipitates and soften
the X-750 alloy. In other words, disordering of γ ׳during irradiation diminishes or eliminates the
impact of antiphase boundary strengthening in subsequent deformation and leads to a lower
hardness compared to the un-irradiated material.
In addition to disordering, partial dissolution of γ ׳at the peak of the irradiation damage is an extra
reason for the post-irradiation softening behavior of X-750. Hence, the higher hardness of the 0.1
dpa irradiated sample compared to the 0.7 dpa irradiated sample is attributed to having the γ ׳phase
both disordered and partially dissolved in the 0.7 dpa sample compared to being just disordered in
the 0.1 dpa sample.
As was already mentioned, γ ׳dissolution starts around 5 dpa during ion irradiation of the X-750
superalloy [14]. Therefore, having about 1 dpa maximum damage level (Fig. 6.1a) at the beam
stopping peak for the 0.1 dpa sample, confirms our speculation about the state of γ ׳precipitates for
this specimen.
Bi-linear ISE behavior and shortcomings of the NG model to predict the hardness for small
indentation depth have been found for X-750 alloy. Swadener et al [34] explain the reason for the
bi-linear ISE by invoking a basic assumption of the NG model that says all GNDs are contained in
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a hemispherical plastic zone with a radius equal to the contact radius. They suggested that the
overestimation of hardness for small h arises from a strong repulsive force between GNDs which
may drive them out of the hemisphere assumed by the model to occupy a larger volume. The larger
plastic zone then produces a lower hardness than that predicted by the NG model. Similar ISE
behavior has been reported for pure Ni and Au single crystals by Zong et al [35]. For the sake of
comparison, the NG constants have been computed for un-irradiated and irradiated X-750 by
considering the linear behavior of higher indentation depths. The lower characteristic depth for
irradiated X-750 (h* = 299 nm) versus un-irradiated material (h* = 704 nm) confirms a lower ISE
for the irradiated condition as expected because of the higher defect density.

5.5 Conclusions
The influence of room-temperature ion irradiation on the mechanical properties of X-750 alloy has
been investigated. The results can be summarized as follows:


Irradiation at room temperature resulted in softening of the alloy as revealed by nanoindentation hardness tests. The softening was more evident for the highest irradiation dose
of 0.7 dpa.



TEM examination revealed irradiation-induced instability (disordering/ dissolution around
the beam stopping area) of the γ ׳precipitates.



Irradiation also introduced a high density of defects in the microstructure of the X-750
alloy.



Irradiation-induced softening is attributed to γ׳-precipitate disordering/dissolving which
outweighs the hardening effect of irradiation-induced defects.



Bi-linear ISE was found for both un-irradiated and irradiated materials. Owing to the higher
defect density, a lower ISE occurred for the irradiated material.
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Chapter 6
Nano-scale Mechanical Properties and Microstructure of Irradiated
X-750 Ni-based Superalloy
This study investigates the effect of irradiation on the mechanical properties of a Ni-based
superalloy, X-750. 40 MeV Ni+ ions were used to irradiate the X-750 up to 1 dpa with and without
5000 appm helium pre-implantation at room temperature and 400 °C. Nano-indentation hardness
tests were carried out at room temperature in the depth range of 200-1400 nm before and after
irradiation. Cross-sectional TEM observations were performed on the irradiated materials to
correlate the mechanical results with the microstructural evolution. The results show that helium
pre-implantation enhances the irradiation-induced hardening due to generating a high density of
small cavities and promoting the formation of larger Frank loops. In addition, nano-scale
mechanical tests reveal that changing the subsequent Ni-ion irradiation temperature from room
temperature to 400 °C, leads to changing of the mechanical response from a softening behaviour to
an irradiation-induced hardening. The γ ׳precipitates became disordered after irradiation at room
temperature, whereas, the γ׳-phase remained ordered during irradiation at 400 °C. The softening
effect of the γ ׳instability outweighed the hardening impact of irradiation-induced defects such as
cavities and Frank loops, leading to a hardness reduction for the room temperature irradiated
material. Three different obstacle hardening models were employed to assess the individual impact
of each type of defect on the material’s overall strength enhancement. Furthermore, the
superposition principle was used for each model to estimate the overall irradiation-induced
strengthening, which is compared to the results from the nano-hardness measurements.
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6.1 Introduction
Radiation damage in materials is a crucial concern in advanced and conventional nuclear reactors,
spallation sources, isotope production facilities, and future fusion technology applications.
Mechanical properties degradation and environmental interactions are key issues during lifetime
extension or performance predictions for these types of systems. Thankfully, the effect of
irradiation on the mechanical properties of structural materials in nuclear reactors has been the
subject of intense studies over the past few decades [1-4]. Such investigations have been inaugural
to the worldwide effort to produce materials with greater resistance to the environmental effect of
nuclear reactors for future designs. For this purpose, a deep understanding of the failure
mechanisms through investigation of post-irradiation mechanical properties and microstructural
changes in structural materials is of importance. Of our particular interest is the influence of
radiation damage on Ni-based superalloys, such as Inconel X-750 which is used as a critical
component spacer material in the CANada Deuterium Uranium (CANDU) heavy water reactor [5].
Post-irradiation mechanical examinations on X-750 spacers removed from CANDU reactors have
revealed that they exhibit a reduction in ductility, which depends on operation temperature, as well
as lower load carrying capacity compared to the as-installed condition [6]. Although the underlying
mechanism leading to the mechanical properties degradation is not yet fully understood, some
studies have been carried out on the microstructural changes of ex-service (neutron-irradiated)
spacers [5, 7, 8]. Furthermore, some studies have tried to emulate the effect of neutron irradiation
on the microstructure of X-750 alloy by means of employing heavy ion irradiation under controlled
irradiation conditions [9-11]. The results show that irradiation may affect the microstructure in
different ways depending on irradiation temperature, irradiation dose, and dose rate.
X-750 is an age-hardened Ni-based superalloy strengthened by precipitation of the γ׳-Ni3 (Ti, Al)
phase with an L12-ordered structure [12]. However, the strengthening precipitate is susceptible to
phase instability under irradiation environments. Zhang et al. [10] investigated the stability of the
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γ׳-phase in X-750 via in-situ TEM irradiation at different temperatures using heavy ion irradiation.
Their results clearly reveal that under irradiation at lower temperatures, the ordered precipitates
become disordered at very low doses (~ 0.06 dpa), and also start to dissolve into the matrix at higher
doses (~ 5 dpa). However, above a critical temperature which was between 400 and 500 °C at the
dose rate used, the γ'-precipitate remain stable-ordered. Similarly, Nelson et al. [13] systematically
studied the stability of γ׳-phase in Nimonic PE16 alloy and they found that the precipitate
disordering occurred after room temperature irradiation up to 0.1 dpa; however, the γ׳-phase
remained ordered under irradiation at a temperature of 300 °C. The instability of the ordered phase
during irradiation is basically attributed to cascade-induced ballistic mixing, but at higher
irradiation temperature, a thermally-activated re-ordering process occurs simultaneously and
prevents phase instability [14]. The stability of γ'-precipitates in this material is of great concern in
nuclear applications, because its presence significantly impacts the strength, the ductility, and the
hardness of the material. In this regard, it has been reported that disordered Ni3Al thin films exhibit
nearly twice the strain to fracture, more than three times the fracture toughness, and about 20%
lower hardness compared to the ordered L12 state [15]. The influence of the irradiation-induced
instability of γ'-precipitate in Inconel X-750 on mechanical properties was investigated
systematically during our previous study in which the hardness of room temperature irradiated X750 was evaluated using the nano-indentation technique [16]. Softening indentation behaviour was
detected that was more pronounced at higher irradiation doses. Indeed, it was found that the γ'disordering softening effect outweighed the hardening impact of irradiation-induced defects, and
also γ' dissolution at higher doses causes more strength reduction to X-750 alloy.
It is well known that absorption of thermal neutrons by reactor components containing nickel leads
to the enhanced production of displaced atoms, as well as the formation of hydrogen and helium
[8]. In particular the (n,α) transmutation reaction, 59Ni + n → 56Fe + 4He, is the result of the high
neutron capture cross-section of

59

Ni over a wide range of neutron energies, leading to a high
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production rate of helium atoms (about 300 appm/dpa) in X-750 during service in the CANDU
reactor [7]. The helium generation is always considered as a serious issue since it can degrade the
mechanical properties, significantly. The most important impact of helium production is the
stabilizing of irradiation-induced vacancies and vacancy clusters with the resultant generation of a
high density of cavities in the microstructure [17]. The effect of irradiation-induced cavities on
mechanical properties of the X-750 alloy has not yet been investigated. However, Knapp et al. [18]
showed that implantation of 1-10 at. % helium into pure Ni results in a fine dispersion of helium
bubbles or cavities which are strong barriers to dislocation glide, and substantially strengthen the
material. They also reported that the hardening effect of cavities depends on helium concentration,
cavity size, and cavity density. In support of this, Molecular Dynamics (MD) simulations of
dislocation-void interactions in pure Ni showed that the detachment angle decreases with increasing
void size, which corresponds with an increase of the obstacle strength based on the line tension
model [19]. The obstacle strength increasing with void size is attributed to the increasing contact
length between the dislocation and the void associated with the local annihilation and re-nucleation
of a larger dislocation segment for a larger void. In addition to cavity generation, helium production
has a significant effect on the stability of γ'-precipitate as well as density and size of the other
irradiation-induced defects. Our previous study on microstructural evolutions in the X-750 alloy
during dual beam (He/Ni) irradiation clearly reveals that implanted helium atoms increase the
stability of the γ'-phase with the result that disordering occurs at much higher irradiation doses
compared to single heavy ion irradiation [9, 20]. Furthermore, the size and density of interstitialtype defects such as the Frank loops increase with helium implantation, which is attributed to the
hindering of vacancies and interstitial recombination by means of the consumption of irradiationinduced vacancies during cavity production and growth, with the consequent increase in the
survival probabilities of free interstitials [21]. Therefore, helium may have a significant impact on
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post-irradiation mechanical properties by not only promoting cavity generation, but also by
changing the precipitate stability and distribution of defects.
As discussed above, there are several factors with different impacts which can alter the deformation
behaviour and the mechanical properties of the irradiated X-750 superalloy. These include: γ'precipitate stability, helium production, and irradiation induced defect formation. Until now, there
have been just a few studies that explore the mechanical response of the irradiated X-750 alloy
when a combination of the microstructural changes happen simultaneously. In fact, to gain a good
understanding of mechanical property degradation mechanisms during service, it is crucial to study
the combined effect of irradiation-induced microstructure evolution on the deformation behaviour
of the X-750 alloy. For this purpose, Ni+ ion irradiation was carried out under different conditions,
including with and without helium pre-implantation as well as at different irradiation temperatures.
Then, the nano-indentation technique was employed to evaluate the nano-hardness of irradiated
material. Also, cross-sectional TEM observations were performed on the irradiated material to
correlate the microstructure and observed mechanical properties. Finally, three different obstacle
hardening models were used to distinguish the contribution of each type of defect to the postirradiation mechanical behaviour.

6.2 Experimental procedure
The chemical composition of the studied X-750 material is presented in Table 6-1. Before
irradiation, solution annealing was carried out at 1150 °C for 1 hour followed for 60% rolling and
recrystallization annealing at 960 °C for 10 minutes. The final heat treatment stage was age
hardening procedure performed at 730 °C for 16 hours. The microstructure of the X-750 alloy after
aging is shown in Fig. 6-1, indicating spherical γ'-precipitates with the size of 20-25 nm. Four
samples were prepared with dimension of 1 cm×1 cm ×1 mm thickness for irradiation and
indentation experiments.
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Table 6-1 Chemical composition of the Inconel X-750 (wt. %)

Ni

Cr

Fe

Ti

Al

Nb

Mn

C

Bal.

15

7.3

2.5

0.68

0.99

0.15

0.067

Fig. 6-1 The EDX-chemical map of X-750 alloy, showing γ'-precipitate distribution before
irradiation.

Different irradiation procedures including single self-ion irradiation and helium pre-implantation
followed by self-ion irradiation were employed. Single self-ion irradiation was conducted by using
40 MeV Ni+ ions at 400 °C up to a nominal damage level of 1 dpa. Seven different energies from
200 keV to 3 MeV (starting with higher energy) were used at 300 °C to implant 5000 appm helium
into other samples. These pre-implanted samples were subsequently irradiated by Ni+ ions up to 1
dpa at 400 °C and room temperature. In order to control and monitor the experiment temperature a
thermocouple was attached to the just behind the irradiation location. The error on the temperature
reading was ≈ 10 °C. The summary of irradiation procedures along with samples’ names are
tabulated in Table 6-2. The Ni+ ion irradiation damage and implanted helium concentration
calculations were conducted based on SRIM code 2012 using the Kinchin-Pease approximation
(Counting about 30000 ions until reaching to a steady state in the predictions) [22]. Fig. 6-2 a
depicts the helium concentration curves as a function of sample depth for different helium beam
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energies and Fig. 6-2b presents the damage level of Ni+ ions versus target depth by assuming
threshold displacement energy of 40 eV. Different helium beam energies were chosen to obtain a
more homogenous implanted helium distribution while also obtaining a maximum implanted depth
of around 5 μm, equal to the Ni+ ion irradiation stopping peak depth.
Table 6-2 Summary of irradiation conditions applied for each sample

Sample’s name
He-Ni at 400 °C

Irradiation condition
5000 appm He implanted at 300 °C – subsequent 1 dpa Ni+ at 400 °C

He-Ni at RT

5000 appm He implanted at 300 °C – subsequent 1 dpa Ni+ at RT

Ni at 400 °C

1 dpa Ni+ at 400 °C

Fig. 6-2 SRIM simulation for a) helium pre-implantation, showing helium concentration as a
function of target depth b) Ni+ ion irradiation, depicting displacement damage dose variation
versus target depth.
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It should be noted that the level of displacement damage caused by helium implantation (average
0.015 dpa) is negligible compared to Ni+ ion irradiation damage level. Nano-indentation hardness
experiments were performed on both un-irradiated and irradiated material using a Nano Test
Vantage device equipped with a Berkovich indenter. In order to obtain the hardness profile as a
function of sample depth, the quasi-static method in a depth control mode with loading and
unloading rate of 2 mN/s was employed at room temperature and at least 10 indents on each depth
were carried out to get good statistical data. It should be noted that indentations were performed on
the irradiated surface in the same direction as the ion-beam irradiation. The area function for
hardness measurements was estimated by means of indentation on a fused silica standard sample.
Cross-sectional TEM foils were fabricated by means of Focused Ion Beam (FIB) from irradiated
samples. The ion beam used was Ga+ with starting and finishing energy of 30 and 5 kV,
respectively. Microstructural examinations were carried out using FEI Tecnai Osiris scanning
transmission electron microscope (STEM) at an operating voltage of 200 kV. Underfocus Fresnel
contrast under two-beam kinematical bright field condition was adopted to observe the small
cavities. In addition, characterization of the Frank loops was conducted by employing the TEM relrod condition.

6.3 Results
6.3.1 Nano-indentation behaviour
6.3.1.1 Hardness profile
The measured nano-hardness profiles as a function of indentation depth are presented in Fig. 6-3.
The effect of helium pre-implantation on indentation behaviour of X-750 alloy is clear in Fig. 6-3a.
The results show irradiation-induced hardening for both He-Ni at 400 °C and Ni at 400 °C;
however, the level of hardness enhancement is more in the helium pre-implanted sample compared
to single Ni ion irradiated sample. Indeed, helium pre-implantation increased the hardening effect
of Ni+ ion irradiation during the deformation of X-750 alloy. Furthermore, the influence of
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subsequent self-ion irradiation temperature on nano-hardness of X-750 alloy is presented in
Fig. 6-3b. The hardness profiles depict that He implantation and subsequent self-ion irradiation at
400 °C made the material harder than the un-irradiated material. In contrast, changing the Ni+ ion
irradiation temperature to room temperature (26 °C) resulted in a softening behaviour of the
material.

Fig. 6-3 Nano-hardness variations as a function of indentation depth, showing the effect of a)
helium pre-implantation and b) Ni+ ion irradiation temperature.

6.3.1.2 Indentation size effect
As is illustrated in Fig. 6-3, the decreasing measured hardness with increasing indentation depth
can be found in the hardness profile of all conditions other than the He-Ni at RT sample. This is
called the indentation size effect (ISE), which is well explained by Nix & Gao [23] based on the
concept of geometrically necessary dislocations (GNDs), that is, dislocations that must be present
to accommodate the imposed strain by the indenter at the surface. To quantify the ISE in the
irradiated and un-irradiated X-750, the Nix-Gao (NG) model was employed which shows the
relation between the hardness and indentation depth according to Equation 6.1.

ℎ∗ 1/2
𝐻 = 𝐻0 (1 +
)
ℎ

(6.1)

where H is the indentation hardness at the depth of the h, H0 is the macroscopic hardness, i.e., the
hardness at a very large depth, and the h* is the characteristic depth, which characterizes the depthdependence of hardness. The results are presented as the curve of H2 versus 1/h for both un112

irradiated and irradiated samples in Fig. 6-4. Two different ISE trends were obtained, including
bi-linear behaviour, i.e., two different slopes for nano- and micro-indentation, for un-irradiated
material, as well as a very strongly linear trend for irradiated X-750 (He-Ni at 400 °C sample).

Fig. 6-4 H2 versus 1/h curve for a) un-irradiated X-750 and b) He-Ni at 400 °C irradiated X-750,
showing indentation size effect behavior.

In case of the bi-linear ISE behaviour, a good linear relation was found based on the NG model for
an indentation depth bigger than 600 nm; however, the NG model overestimates the hardness at
smaller indents which was observed as a deviation from the micro-indentation in Fig. 6-4 a.
Therefore, the ISE curve was divided into two different regimes (nano and micro-indentation) and
separate NG constants (H0 and h*) were calculated related to each regime; this terminology of
‘nano’ and ‘micro’ refers only to the lengthscale of indentation behaviour, the same indentor is
used in all cases. The results are presented in Table 6-3. Considering the micro-regime of ISE
curves, h* reduction after irradiation implies a lower size effect in irradiated material versus unirradiated X-750, which is in agreement with the observations of previous authors in other FCC
materials [24].
Table 6-3 ISE constants for un-irradiated, Ni at 400 °C and He-Ni at 400 °C samples based on
Nix-Gao model

Sample
Un-irradiated

h* (nm)

H0 (GPa)
Nano-regime

5.54 Nano-regime

76

Micro-regime

4.16 Micro-regime

650

4.98

377

He-Ni at 400 °C
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6.3.2 Cross-sectional TEM observations
6.3.2.1 Cavity development
Fig. 6-5 and Fig. 6-6 illustrate the underfocus kinematical bright field TEM micrographs of
samples with 5000 appm helium which were irradiated at 400 °C and room temperature,
respectively. The cavity development has been shown at seven locations, which correspond to the
stopping peak locations of the applied seven energies used for helium implantation (See Fig. 6-2).
Fig. 6-5 depicts the high density of homogenously distributed small cavities with an average size
of about 1.2 ±0.2 nm for all seven stopping peak locations. It should be mentioned that the much
lower amount of implanted helium at locations between the peak areas caused significant reduction
of cavity density, as is presented in Fig. 6-7.

Fig. 6-5 Cavity distribution at the stopping peak areas of helium beams with different energies in
the He-Ni at 400 °C irradiated X-750.
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Fig. 6-6 Cavity distribution at the stopping peak areas of helium beams with different energies in
the He-Ni at RT irradiated X-750.

Fig. 6-7 Cavity distribution at the areas between the stopping peak zones in the He-Ni at 400 °C
irradiated X-750.

In the sample irradiated at room temperature, the cavity density is lower than the sample irradiated
at 400 °C, and the cavities average size is bigger (2±0.2 nm). The cavity size distribution diagrams
in both helium pre-implanted samples are depicted in Fig. 6-8. The cavity size distribution for
irradiated material at 400 °C follows a normal distribution; however, after irradiation at room
temperature a wide range of sizes from <0.5 nm to 5 nm was measured. In the single-Ni ion
irradiated sample (Ni at 400 °C), no cavities were detected (Fig. 6-9), which is consistent with
previous results on microstructural observation of X-750 after single ion irradiation without He
pre-implantation [9]. It worth mentioning the cavity size measurements have been performed for
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each stopping peak location separately and the size distribution curve was plotted using the sum of
all of that data. In case of He-Ni at 400 °C the cavity size was about the same diameter at all seven
locations. But, in He-Ni at RT, a bigger cavity size was detected at locations correspond to the
higher energies. The cavity size distribution was shown in both samples at all stopping peak area
locations.

Fig. 6-8 Cavity size distribution in He-Ni at 400 °C and He-Ni at RT irradiated X-750.

Fig. 6-9 Under-focus bright field TEM micrograph from single Ni ion irradiated material.

The common method for estimation of cavity density is to directly count the number of cavities
inside of a particular sample volume. The very small cavity size, possible overlapping, and sparse
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distributions, make the procedure challenging for density calculation. Therefore, we used the
pressure-based method adopted by Knapp et al. [18] to estimate the cavity density:
𝑝=

2𝛾 + 𝜇𝑏
𝑟

(6.2)

where p is the cavity pressure, γ = 2.28 j/m2 is the surface energy for Ni [18], r is the cavity radius,
μ = 77.8 GPa is the shear modulus of Ni, b = 0.247 nm is the magnitude of Burgers vector of Ni.
Then, the atomic density of helium (ρHe) at the pressure of p was calculated by using the Equationof-Sate of helium [25, 26].
1

2

ρ𝐻𝑒 = (22.575 + 0.0064655𝑇 − 7.2645 𝑇 −0.5 )𝑃−3 + (−12.483 − 0.024549𝑇)𝑃−3

(6.3)

1

+ (1.0596 + 0.10604𝑇 − 19.641𝑇 −2 + 189.84𝑇 −1 )𝑃 −1

where T= 300 °C is the helium implantation temperature.
Assuming that all the helium atoms reside within the cavities [27], the number of helium atoms in
a single cavity can be estimated by:

𝑁𝐻𝑒

4 3
𝜋𝑟
𝑉𝑐𝑎𝑣𝑖𝑡𝑦
=
= 3
𝜌𝐻𝑒
𝜌𝐻𝑒

(6.4)

Finally, the cavity density can be computed according to equation (5).
𝑑𝑐𝑎𝑣𝑖𝑡𝑦 = 𝑅𝐻𝑒 ×

𝜌𝑁𝑖
𝑁𝐻𝑒

(6.5)

Where the dcavity is the cavity density, RHe is the atomic concentration of implanted helium in the
sample (0.25 atom. %), and the ρNi is the Ni atomic density. The corresponding values of the cavity
density in both samples of He-Ni at 400 °C and He-Ni at RT are tabulated in Table 6.4. For
comparison, the cavity density was also estimated using TEM micrographs, resulting in 2.85 × 10
23

m-3 and 2.1 × 10

23

m-3 for He-Ni at 400 °C and He-Ni at RT sample, respectively. The cavity

density obtained based on the Knapp method is about 5 and 1.6 times higher than that found with
TEM measurements for He-Ni at 400 °C and He-Ni at RT sample, respectively.
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Table 6-4. The results of cavity and Frank loop size and density measurements
Sample

Cavity Size

Cavity Density

Cavity Spacing

Frank Loop Size

Frank Loop density

(nm)

(m )

(nm)

(nm)

(m-3)

1.2 ± 0.2

1.34 × 10 24

25

20 ± 2

9.2 × 10 21

He-Ni at RT

2 ± 0.2

3.4 × 10 23

38

12 ± 2

7.2 × 10 21

Ni at 400 °C

-

-

13 ± 2

7.7 × 10 21

He-Ni at 400 °C

-3

-

Smaller size of cavities in He-Ni at 400 °C makes the counting of cavities and density
measurements more challenging; we believe that is the reason that the difference is more
pronounced for this sample compared to the He-Ni at RT sample.
Cavity morphology and distribution were observed close to grain boundaries in helium implanted
samples (Fig. 6-10). It is clear that the grain boundaries are perforated by an array of cavities in
both conditions, which is very similar to what was found in the microstructure of an ex-service
CANDU reactor X-750 annulus spacer [6]. Also, in the He-Ni at 400 °C sample, an area close to
the grain boundary was found to contain no cavities, which represents a denuded cavity zone
(Fig. 6-10a).
The width of the denuded zone (about 12 nm) is smaller than what was found in neutron irradiated
material (about 30 nm). In contrast, the He-Ni RT sample did not show a denuded zone. In addition,
grain boundary cavities in the He-Ni RT sample show a larger size compared to cavities in the
matrix, while in the He-Ni at 400 °C sample, the grain boundary cavities are approximately the
same size as the matrix cavities.
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Fig. 6-10 Cavity distribution close to grain boundaries in a) He-Ni at 400 °C and b) He-Ni at RT
samples.

6.3.2.2 γ'-precipitate stability
TEM characterization was carried out to explore the γ'-precipitate stability after irradiation. The γ'
phase has a FCC ordered L12 structure, which causes superlattice reflections in the TEM diffraction
pattern. Therefore, the diffraction patterns on the (110) pole at different depths were captured to
find any γ'-instability as a function of irradiation depth and the results are presented in Fig. 6.11.
As is shown in Fig. 6-11a and b, γ' superlattice reflections were found at different locations in the
irradiated region as well as the un-irradiated layer in the He-Ni at 400 °C and Ni at 400 °C samples.
In contrast, in the He-Ni at RT sample (Fig. 6-11c) superlattice reflections disappeared in the
irradiated region.
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Fig. 6-11 SADPs at different depths in a) He-Ni at 400 °C, b) Ni at 400 °C, and c) He-Ni at RT
samples.

Therefore, the γ' phase stayed ordered after helium implantation and subsequent Ni irradiation at
400 °C as well as single Ni ion irradiation at 400 °C; however, disordering of γ' happened under
the condition of He-Ni at RT. It is worthwhile mentioning that although the concentration of
implanted helium was much lower in areas between the stopping peak locations, no changes in
superlattice reflection were found at different depths of the samples.
6.3.2.3 Irradiation-induced Frank loops
The rel-rod condition was adapted to characterize the 1/3<111> Frank loops. The Frank loops were
detected in all the irradiation conditions, which are presented in Fig. 6-12 in two different
magnifications along with the dislocation loop size distribution. However, the size and the density
of the loops are changed by the implantation of helium, or by changing the Ni ion irradiation
temperature. The size and density calculations are shown in Table 6.4. The results show that a
larger size and a higher density of Frank loops were obtained for the pre-implanted helium sample
irradiated at 400 °C, compared to the sample irradiated at the same temperature by single Ni+ ions.
Also, increasing the self-ion irradiation temperature led to an increase in the size and the density of
120

the Frank loops. As noted above, in order to estimate the density of the Frank loops, the thickness
of the samples were measured using the EELS (electron energy loss spectroscopy) method. To
understand the effect of irradiation-induced microstructural changes on the mechanical behaviour
of X-750 Ni-based superalloy, it is essential to correlate the results of indentation hardness
measurements to the cross-sectional TEM observations.

Fig. 6-12 Irradiation-induced Frank loop distribution in a) He-Ni at 400 °C, b) Ni at 400 °C, and
c) He-Ni at RT samples.

6.4 Discussion
6.4.1 Effect of helium pre-implantation
In order to explore the effect of helium pre-injection on the mechanical behaviour of X-750, the
results of an indentation experiment for single Ni ion irradiation at 400 °C, and He-Ni at 400 °C
should be considered. Nano-scale mechanical tests revealed that prior helium implantation caused
a greater hardness increment compared to Ni ion irradiation alone, at the same temperature. As was
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depicted in TEM examinations of He-Ni at 400 °C, helium influences the post-irradiation
microstructural changes which impact the subsequent mechanical response of the X-750 alloy.
Cavity generation as a result of mutual trapping of vacancies and helium atoms, is one of the
important influences of helium implantation which was not detected in the single ion irradiated
sample. As was shown in Fig. 6-5, the high density of cavities at the stopping peak areas of helium
implantation causes significant hardening in He-Ni at 400 °C sample during indentation, compared
to the un-irradiated material. Reichardt et al. [28] studied the in-situ tensile deformation of helium
implanted single crystal Ni, and the results showed no slip traces in the helium stopping peak
region, and it ruptured under extremely high stresses. This suggests that the cavities do not allow
dislocations to move further on their slip systems; therefore, implying that cavities are strong
obstacles to dislocation movement. In supporting this, a work by Knapp et al. [18] on nanoindentation hardness measurement of helium injected pure Ni, showed that even 1 nm cavities can
hinder dislocations significantly and that the Ni can be strengthened to approximately seven times
higher hardness than in the un-irradiated state. In order to show physical evidence of cavitydislocation interaction, a bright field under-focus TEM micrograph is presented in Fig. 6-13. The
individual gliding dislocations along with small cavities are depicted in the indentation plastic zone
of He-Ni at 400 °C sample. It is known that the cavity strengthening effect is dependent on helium
concentration, cavity size and cavity density. However, recent atomistic modeling has shown that
the strength of cavities (with a constant size) on pinning of the dislocation glide is dependent on
the helium to vacancy ratio in a cavity, or the cavity pressure [19, 29, 30]. Indeed, the maximum
effective shear stress of a cavity arises from internal pressure, and increases with increasing cavity
pressure [26].
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Fig. 6-13 Bright field under-focus TEM micrograph, showing the interaction between individual
gliding dislocations and irradiation-induced cavities in the plastic zone of indented He-Ni at 400 °C
sample.

It was also found that helium can affect the size and density of irradiation-induced Frank loops
(Table 6.4). The bigger size and higher density of Frank loops in He-Ni at 400 °C sample versus
Ni at 400 °C specimen also promote hardness enhancement observed during indentation. The TEM
characterization on ex-service neutron irradiated X-750 alloy revealed that the Frank loops are
basically interstitial type defects [5]. The presence of helium atoms can provide more free
interstitials, by preferential trapping and hence absorption of vacancies with the eventual formation
of cavities; hence, injection of helium may lead to the generation of a higher density of larger Frank
(interstitial) loops. It is worthwhile to note, implantation of such a high amount of helium (5000
appm) before Ni ion irradiation, not only increased the size and density of interstitial defects like
Frank loops, but also decreased the size and density of vacancy type defects; i.e., stacking fault
tetrahedras (SFTs). In supporting this, Zhang et al. [31] reported that after pre-implantation of just
200 appm helium atoms the SFT fraction reduces from 55 % to 10 % after ion irradiation of X-750
at 400 °C. Zinkle et al. [32] proposed a model to elucidate the effect of helium on the stability of
vacancy clusters in irradiated copper, and they suggested that even a very low amount of helium
123

(0.001 appm) can stabilize vacancies, instead of allowing them to form SFTs at certain irradiation
temperatures. Therefore, we can strongly anticipate that the SFT fraction in the helium implanted
sample is dramatically lower; however, a significant fraction of defects (approximately 50%) in the
single ion irradiated sample are STFs.
In summary, helium may affect the mechanical behaviour of irradiated X-750 Ni-based superalloy
through stabilizing the irradiation-induced vacancies and generating a high density of cavities –
promoting formation of big interstitial defects such as Frank loops.

6.4.2 Effect of subsequent self-ion irradiation temperature
Mechanical property tests also showed that irradiation temperature has a significant effect on the
mechanical behaviour of X-750 (Fig. 6.3b). The reason for the hardness reduction in He-Ni at RT
sample, versus hardness enhancement in the He-Ni at 400 °C sample, should be traced to the postirradiation microstructure. The main difference found in the cross-sectional observations is the γ'precipitate state, which becomes disordered in the room temperature irradiated sample, whilst
remaining ordered in the higher temperature irradiation condition. (Fig. 6.11). Although, the HeNi at RT sample contains a high concentration of 5000 appm helium (which may postpone the γ'phase disordering [20]), a low irradiation temperature at which the γ' rate of thermal recovery
process is very slow leads to precipitate disordering. Indeed, ballistic mixing results from collision
cascade of Ni+ ions is predominant at low temperatures; however increasing the temperature to 400
°C causes a higher diffusion rate, resulting in domination of γ'-precipitate dynamic reordering over
ballistic mixing at the higher temperature [10]. The effect of instability of γ'-precipitate on the
plastic deformation mechanisms was explained in our last study on the indentation behaviour of
room temperature-irradiated X-750 alloy [16]. It can be briefly mentioned, that disordering of the
γ' phase reduces the required shear stress to cut the precipitate by means of diminishing the effect
of an antiphase boundary strengthening, which occurs during plastic deformation of the ordered γ'
phase [33].
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In addition to the γ' state, changing the irradiation temperature altered the morphology and
distribution of cavities (see Fig. 6.5-Fig. 6.8). To quantify the effect of changing cavity size and
density on mechanical properties, the parameter of cavity spacing was calculated according to Eq.
6 [34] and the results are presented in Table 6-4.
(6.6)

𝑙 = 1/√2𝑟𝑑𝑐𝑎𝑣𝑖𝑡𝑦

Based on a dispersed hardening model [35], the stress required to move a dislocation through a
field of obstacles increases with decreasing barrier spacing. Therefore, the smaller cavity spacing
in He-Ni at 400 °C leads to higher hardness, compared to the He-Ni at RT specimen, which is
consistent with the indentation results. It should be noted that the cavity spacing obtained for HeNi at 400 °C and He-Ni at RT samples (25 and 38 nm, respectively) are around 2-3 times larger
than what were reported for helium implanted V/Ag [34] and Cu/Nb [26] multi-layered structures.
This difference can be attributed to the dramatically higher helium concentrations (7-10 at. %) in
the multi-layered structures, versus 0.5 at. % in this study.
Although it is expected that a larger cavity size will be obtained at higher irradiation temperatures,
the size distribution curve shows (Fig. 6.8) smaller cavities detected in the 400 °C irradiated sample,
compared to room temperature irradiation. An in-situ study of helium bubble evolution in SiC thin
foil by Beaufort et al. [36] suggests an explanation for this phenomenon. They showed that the size
of helium bubbles formed during helium pre-implantation can be reduced as a consequence of
subsequent Au ion irradiation. They suggested that the helium atoms trapped in pre-formed cavities
would be ejected by displacement damage of subsequent ion irradiation, and if the temperature is
high enough for diffusion of helium atoms, they will then be re-trapped by irradiation-induced
vacancies (at least 50% of them), and create many small size cavities, which results in a global
reduction of cavity size. Therefore, in accordance with this mechanism, smaller cavity sizes after
irradiation at 400 °C are reasonable. In fact, although ejection of helium atoms from helium
implantation induced cavities happens during subsequent Ni ion irradiation at both irradiation
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temperatures, due to the limited helium atom diffusivity at room temperature the ejected atoms are
then re-trapped by the same cavities; consequently, the cavity size remains the same as the helium
implanted condition during room temperature irradiation. In contrast, at the higher irradiation
temperature of 400 °C, the ejected helium atoms can migrate and be trapped by other vacancies or
cavity nuclei and produce several smaller cavities.
The defect characterization by TEM showed that increasing subsequent self-ion irradiation resulted
in large size Frank loops (Table 6.4), which caused a noticeable hardening effect during the
mechanical tests. The growth of Frank loops (which are basically interstitial type defects), occurs
through absorption of free SIAs (self-interstitial atoms) [37]. At elevated irradiation temperatures,
the diffusion of SIAs is promoted by thermal long-distance diffusion [11].
In summarising the dependence of irradiation temperature, an increased ion irradiation temperature
after helium implantation can change the mechanical response during subsequent nano-scale
testing, from a softening to hardening behaviour by means of preventing γ'-precipitate disordering,
modifying the cavity distribution and morphology, and producing larger irradiation-induced
defects.
6.4.3 Analysis of irradiation-induced hardening

In the following two sections, we have performed nano-indentation results analysing and
correlating them to the bulk mechanical properties of irradiated X-750 alloy, quantifying
and distinguishing the impact of each irradiation-induced defect on post-irradiation
hardening of experimental material by using obstacle hardening models.
6.4.3.1 Nano-hardness and yield strength correlation
As originally described by Tabor [38], the indentation made during hardness measurement creates
a permanent impression in the material, hence the indentation can primarily measure the plastic and
elastic properties of the experimental material. It is seemingly difficult to correlate indentation
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hardness with bulk mechanical properties, such as uniaxial tensile properties, because of the
complicated stress states in the plastic zone of an indent. However, as developed by Busby et al.
[39] the nano-hardness measured by indentation test approximately correlates with tensile yield
strength according to the following relationship:
∆𝜎𝑦 ≅ 3∆𝐻

(6.7)

where Δσy is expressed in MPa, and ΔH is expressed in Kg/mm2. In order to estimate a changing
yield strength with irradiation, a hardness corresponding to a depth of 400 nm has been taken. The
reasons for considering the hardness at a 400 nm depth are as follows: to make sure that the hardness
measurement is carried out in the irradiated depth of sample. If we assume the plastic zone is 10
times bigger than the actual indent size [24], then for sampling just at the irradiated depth (5 μm)
the indentation size should be <500 nm. In addition, the bigger the indentation size, the smaller the
indentation size effect. Therefore, to avoid the effect of significant ISE on the yield strength
estimation, the hardness at the 400 nm depth was chosen. The variations in tensile yield strength
obtained after irradiation are presented in Table 6.5.
Table 6-5 Nano-hardness and yield strength correlation results

Sample

H irradiated - H Un-irradiated (GPa)

Δσy (MPa)

He-Ni at 400 °C

1.25

382

Ni at 400 °C

0.62

189

- 0.74

- 226

He-Ni at RT

The results show yield strength enhancement of around 382 and 189 MPa for the He-Ni at 400 °C
and Ni at 400 °C samples, respectively. This reveals the crucial impact of the irradiation-induced
defects on the mechanical properties of X-750. However, softening of yield stress in He-Ni at RT
sample strongly implies that the hardening effect of the defects may be negligible when the
strengthening phase, γ'-precipitate, is lost during irradiation. Similar results were found after proton
irradiation of Inconel 718, when the reduction in strength occurred due to irradiation-induced
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dissolution of γ' and γ'' precipitates [40]; a micro-hardness test on irradiated and un-irradiated
materials showed about 245 MPa variation in yield strength (∆𝐻 ≅ 0.8 𝐺𝑃𝑎), which is comparable
with our findings for the yield softening after irradiation.
6.4.3.2 Modelling of irradiation-induced hardening
Substantial hardening was observed in the post-irradiation mechanical test of He-Ni at 400 °C,
which was attributed to the effect of irradiation-induced defects on dislocation motion during the
mechanical test. In order to understand and quantify the contribution of each type of defect on the
irradiation hardening, three different obstacle hardening models are applied based on
microstructural data. In addition, a superposition principle is used to compare the obtained results
from each model to the experimental result, and explore the applicability of each model to predict
the hardening behaviour of X-750 alloy.
The dispersed barrier hardening (DBH) model (Eq. 6.8) predicts the yield strength increase caused
by arbitrary defects impeding dislocation motion with number defect density N, diameter d, and
glide dislocation Burgers vector magnitude b [41]. This model uses a dislocation line tension
approximation and considers all defects within a thin plate to interact with equal obstacle strength
with the dislocation.

∆𝜎 = 𝑀𝛼𝜇𝑏√𝑁𝑑

(6.8)

where M is the Taylor factor (3.06 for BCC (body centered cubic) and FCC metals), α is the defect
barrier strength, and μ is the shear modulus.
An alternative hardening model was proposed by Friedel–Kroupa–Hirsch (FKH) (Eq. 6.9) and
describes material hardening due to the presence of circular dislocation loops of Burgers vector
magnitude b, diameter d and number density N [42].

∆𝜎 =

2
1
𝑀𝜇𝑏𝑑𝑁 3
8

(6.9)
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It should be noted that the dislocation core interactions are not considered in this model even when
the dislocation loop lies in the glide path of a straight dislocation [43].
The third model is the Bacon-Kocks-Scattergood (BKS) model (Eq. 6.10) which describes the
increase in yield strength when there is an infinite array of impenetrable spherical obstacles. The
BKS approach develops an obstacle-hardening model, by using the line tension approximation and
considering dislocation self-interaction, as well as including the finite size of defects in its
formulation.

𝛼𝑀𝜇
𝐿
∆𝜎 =
[ ln ( ) ]
2𝜋𝐿
𝑏
𝐿=

1
√𝑁𝑑

,

−1
2

𝐷′ =

3
𝐷′
[ 𝑙𝑛 ( ) + 0.7 ] 2
𝑏

(6.10)

𝑑𝐿
𝑑+𝐿

where L is the mean spacing between obstacles and D' is the effective obstacle diameter. The
observed irradiation-induced defects in X750 were categorized into three different groups,
including: cavities, Frank loops, and small defect clusters. The hardening related to each group of
defects were calculated based on the three mentioned models, by using the microstructural data and
the constants listed in Table 6.6 [44]. The value of for cavities in Table 6.6, may appear low at
first sight, however, atomistic simulations of the interaction between gliding dislocations and
cavities show that the required stress to release an edge dislocation from a small cavity (~2-5 nm)
decreases significantly with increasing helium content within the cavity [19]. The cavity strength
at a constant size is dependent upon the number of helium atoms per vacancy (He/V), and the cavity
strength decreases with increasing the He/V ratio to He/V = 2 [30]. Our calculation shows that the
number of helium atoms per vacancy in a cavity for most of the samples is lower than 2. Therefore
the strength of the cavities in X-750 alloy is in fact lower than a void. The use of α = 0.2 was
suggested by Lucas [44] in irradiated FCC stainless steel for small helium bubbles.
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Table 6-6 Constant magnitudes used in obstacles hardening models
Parameter
Magnitude

μ (Pa)

b (nm)

α (cavity)

α (Frank loops)

α (Small defect clusters)

7.78 × 1010

0.249

0.2

0.4

0.2

Fig. 6-14a presents the hardening magnitude caused by each obstacle obtained from the DBH,
FKH, and BKS models. Then, the total increase in yield strength can be predicted using
superposition principle to combine the independent defect hardening contributions according to Eq.
8 [45].
𝑛
𝑛
𝑛
∆𝜎𝑇𝑛 = ∆𝜎𝐶𝑎𝑣𝑖𝑡𝑦
+ ∆𝜎𝐹𝑟𝑎𝑛𝑘
𝑙𝑜𝑜𝑝 + ∆𝜎𝑆𝑚𝑎𝑙𝑙 𝑑𝑒𝑓𝑒𝑐𝑡𝑠

(8)

where ΔσT is the total strength increase, Δσi the hardening due to presence of obstacle i, and n is a
constant, which varies depending on the defect strengths [43]. Assuming n = 2 [43], the total
variation in strength was calculated by computing contributions from each measured defect
population individually using DBH, FKH and BKS models. Finally, for the sake of comparison,
the modeling results and indentation data were plotted in Fig. 6-14b. The experimental irradiationinduced hardening was assessed using the NG model macroscopic hardness (ΔH = H0, irr– H0, unirr)
to eliminate the impact of ISE on hardness measurements. From Fig. 6-14b, it is immediately clear
that under the condition of a variety of defect sizes contributing to the hardening, the DBH model
cannot accurately predict the real strength variation. This significant discrepancy can be found
when one considers the derivation of the model. It assumes that any defect on the slip plane interacts
with equal strength with the dislocation; however, the strength of obstacles strongly depends on the
size of the defects. The FKH model is basically developed for weak obstacles to the dislocation
motion. According to the analysis from Kocks et al. [46], it is adequate for obstacles with a barrier
strength up to ¼ of the Orowan limit (α < 0.2). Therefore, the FKH underestimation of yield strength
increase compared to experimental results is reasonable. The best fit for the strength variation due
to irradiation was accomplished using a superposition of the BKS model. According to the obtained
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contribution of each defect type to the irradiation hardening based on the BKS model, the large
interstitial Frank loops have the most significant impact on the mechanical property changes,
followed by cavities, which play a relatively strong role inducing irradiation hardening. Finally, it
was found that smaller defects cause a minor hardening effect on the overall mechanical response
of the irradiated X-750. While the BKS model can thus be successfully applied to analysis of the
mechanical response of the sample irradiated at 400°C, it is not possible to apply the model to the
RT irradiated sample. This is because of the softening associated with the instability of the γ' phase
under low temperature irradiation, which is not captured by the model described.
b

a

Fig. 6-14 The results of obstacle hardening models showing a) individual contribution of each type
of defects to the irradiation-induced hardening and b) superposition of each model and comparing
to experimental result.

6.4.4 ISE in un-irradiated vs. irradiated material
In this section, we will discuss the potential reason for a bi-linear ISE behaviour of un-irradiated
X-750, and also describe the effect of irradiation-induced defects on changing the ISE trend in the
irradiated material. The bi-linear ISE behaviour was found for un-irradiated X-750, which shows a
shortcoming of the NG model to predict the indentation hardness for the smaller depths. Numerous
similar observations have been reported [47, 48] and two main reasons for the breakdown have
been suggested. These include: the spreading of the GNDs to a larger plastic zone volume than
what the NG model assumes [48, 49], as well as a change in the dominant deformation mechanism
at small depths [50, 51]. The latter basically proposed that the plastic deformation is controlled by
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previously established dislocation structures in the micro-regime of indentation; however, the
imposed strain is accommodated by source-limited dislocation structures when the deformation
volume is small (here less than 600 nm, see Fig. 6.4a). The source-limited deformation mechanism
has also been observed by Shan et al. [52], through in-situ nano-compression experiments inside a
TEM during deformation of pure nickel pillars of different sizes. They found a stepwise stress
increasing trend rather than continuous increasing, which was attributed to the progressive
exhaustion of dislocation sources. Indeed, they showed that if there are enough productive
dislocation sources to accommodate the deformation, a stress drop will occur; however, the stress
will increase when there are limited dislocation sources, or the pre-existing sources become
exhausted. In addition, Rester et al. [51] showed the discrepancy in deformation mechanism
between nano and micro-regime indentation in single crystal copper by means of electron
backscatter diffraction (EBSD) technique. Their EBSD results indicated that for small indents the
orientation changes are very small and no substructure is generated. In contrast, bigger indents
corresponding to the higher load, were characterized by substructures that exhibit a large
misorientation gradient beneath the indent.
Considering this reason for bi-linear ISE behaviour may help us to understand the ISE trend in
irradiated material, which was perfectly linear. In fact, irradiation generates dislocation sources by
introducing a high density of defects, such as dislocation loops and cavities. Therefore, we
speculate that the irradiation-induced defects may act as the productive dislocation sources during
indentation that can help to accommodate the indentation strain, particularly at small indentation
depths.
One of the strong assumptions in the NG model is that all the dislocations will be confined in a
plastic zone with radius equal to contact radius (a), which causes overestimation of the hardness
for small indents. It has been found by many other studies that a significant number of dislocations
spread out from the plastic zone, due to a strong repulsive force between the dislocations. Hence,
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in order to relax this assumption and modify the NG model, Feng and Nix [48] suggested that the
plastic zone has an effective radius (𝑎𝑝𝑧 = 𝑓𝑎𝑐 ), by introducing function (f) according to Eq. 6.11.
−ℎ

(6.11)

𝑓 = 1 + 𝑟𝑒 ℎ1

where apz is the plastic zone radius, ac is the contact radius, r and h1 are constants that can be
determined by fitting the experimental data. Thus, the NG model can be modified by using function
(f) as follows:
𝐻 = 𝐻0 (1 +

1 ℎ∗ 1/2
)
𝑓3 ℎ

(6.12)

For un-irradiated X-750, the indentation experiment data was fitted by this function which resulted
in determination of the r and h1 constants (Fig. 6-15a). The calculated function shows the effect of
dislocation spread-out on the size of plastic zone. Indeed, when h=200 nm, then f = 1.32; which
means that the plastic zone radius is 32% larger than contact radius. Also, it is clear that for indents
larger than 600 nm, the function (f) is close to 1, which is consistent with the point at which we see
a change in the linear trend in the NG model Fig. 6-4a). Therefore, Eq. 13 can be found to model
the hardness variation as a function of depth for un-irradiated material:
−ℎ

𝐻 = 𝐻0 (1 + (1 + 0.93𝑒 187.78 )−3

ℎ∗ 1/2
)
ℎ

(6.13)

Fig. 6-15b presents the curve obtained based on Eq. 11, which shows a good fit with the
experimental data.
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Fig. 6-15 a) Variation of f parameters as a function of indentation depth in un-irradiated material
and b) modeling of indentation size effect using f parameter for un-irradiated material.

6.5 Conclusion
Nano-indentation hardness measurements were carried out to evaluate the mechanical properties
of the irradiated X-750 Ni-based superalloy. Two different irradiation procedures were performed;
including single self-ion irradiation at 400 °C as well as self-ion irradiation of previously helium
implanted X-750 alloy at both room temperature and 400 °C. Microstructural evolution after
irradiation are also traced via cross-sectional TEM observations. The results obtained can be
summarized as follows:


Prior helium implantation enhanced the irradiation-induced strength increase due to
creating a high density of small cavities, promoting generation of larger interstitial defects
such as Frank loops.



Changing irradiation temperature led to a significant change of the indentation behaviour;
that is, softening behaviour after irradiation at room temperature versus significant
hardening after irradiation at 400 °C. The TEM observations showed that γ'-precipitate
disordering is the main reason for hardness reduction of the room temperature irradiated
sample.



Three obstacle hardening models were used, based on the observed microstructure data
from He-Ni at 400 °C to calculate the individual hardening effect of each type of defect.
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The results from DBH and FKH models introduced cavities as the strongest barrier;
however, the BKS model calculation showed that Frank loops are the main contributor to
irradiation-induced hardening, although cavities still provide a significant contribution.


The overall hardening based on the superposition principle of each model was also
calculated. The results from the DBH and FKH analysis displayed notable over and
underestimations respectively, compared to the experimental results. However, a good
relationship was obtained from the superposition of the BKS model.



The ISE calculations according to NG model showed a bi-linear trend for un-irradiated
material; however, a perfect linear behaviour was found for irradiated He-Ni at 400 °C.
This discrepancy was attributed to the effect of irradiation-induced defects, which act as
dislocation sources particularly for indents of smaller size.



A modified-NG model was used to find a fit to predict the ISE in the un-irradiated material.
The result agreed well with experiment, which overcomes the shortcoming of the NG
model to predict the hardness for small indentation sizes.
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Chapter 7
Nano-mechanical Analysis of Irradiation-induced Microstructural
Degradation in a Ni-based Superalloy X-750
Nano-indentation analysis was employed to investigate the mechanical response of heavy ion
irradiated X-750 Ni-based superalloy in both solution-treated (ST) and precipitation-hardened (PH)
conditions. Helium pre-implantation was carried out at 300 °C up to 5000 appm followed by Ni+ion irradiation up to 1 dpa at room temperature or 400 °C. Cross-sectional TEM examination was
used to characterize the microstructural evolution of the irradiated material and correlate this with
nano-scale mechanical test results. Nano-hardness measurements after irradiation at 400 °C showed
a similar trend of irradiation-induced hardening, for both ST and PH materials. In contrast, radiation
at room temperature resulted in different mechanical responses, with hardening in the ST condition
compared to softening in PH. The hardening behaviour was attributed to the creation of irradiationinduced defects including, cavities, Frank loops and small defect clusters; whereas, the γ'precipitate instability (disordering/dissolution) in PH material resulted in the observed softening.
The individual and combined contribution of each type of defects under irradiation hardening were
estimated by employing three different obstacle models; results were verified by nano-indentation
data for both ST and PH materials. In addition, the softening of the irradiated PH material which
results from disordering and dissolution was separately calculated, allowing an estimate of the total
yield strength change. TEM analysis of post-indentation microstructure revealed that un-irradiated
X-750 deformed by homogenous dislocation motion; however, localized deformation in the form
of nano-twins was the dominant deformation mechanism in irradiated X-750.
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7.1 Introduction
Nickel forms the basis of a large class of materials called superalloys that have superior mechanical
properties and are resistant to corrosion at high temperatures [1, 2]. Ni-based superalloys are
therefore widely used as structural materials in both present day and next generation nuclear
reactors both in solution-treated and precipitation-hardened conditions. For instance, a solid
solution strengthened Ni-based superalloy, alloy 617, is being used for heat exchanger applications
for next generation nuclear plant (NGNP) [2]. The precipitation-hardened Nimonic PE 16 alloy has
been tested as a cladding material for fast breeder reactor (FBR) fuel elements [3]. Also, agehardened Inconel 718 is a candidate material for the Spallation Neutron Source (SNS) accelerator
vacuum window and was considered as a back-up candidate for the mercury vessel [4].
Of our particular interest is the Ni-based superalloy X-750 which is used in the present generation
of CANada Deuterium Uranium (CANDU) heavy water reactor as the material for a critical
component, the spacer [5]. The main issue with Ni-base alloys when applied as structural
components of a reactor is mechanical property degradation due to the radiation embrittlement,
swelling and phase instability within the neutron radiation environment. Mechanical tests on spacer
material X-750 alloy removed from CANDU reactors have shown that the load carrying capacity
and ductility are significantly lower than in the as-installed condition [5, 6]. Transmission electron
microscopy (TEM) examinations on ex-service X-750 have shown formation of different kinds of
irradiation-induced defects, including cavities, stacking fault tetrahedra and dislocation loops
which are expected to change the mechanical properties [7]. The microstructural changes from
radiation damage and consequent changes in mechanical properties of X-750 alloy in the CANDU
reactor arise from two main factors. First, direct collision of high energy neutrons (E > 1 MeV) and
the second, transmutation reaction by the absorption of thermal neutrons [5, 7]. Indeed, under the
CANDU neutron spectra the displacement damage from fast neutrons is supplemented by more
than a factor of two by means of (n, α) reactions. In addition, the (n,α) transmutation reaction, 59Ni
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+ n → 56Fe + 4He, leads to a high production rate of helium atoms (about 300 appm/dpa) in X750 during service in the CANDU reactor [7-9]. Such helium generation is always considered as a
serious issue since it can stabilize irradiation-induced vacancies and vacancy clusters with the
resultant generation of a high density of cavities in both grain interiors and at grain boundaries
which can affect the mechanical properties significantly. Knapp et al. [10] reported strengthening
of pure nickel after implantation of 1-10 at. % helium, due to a fine dispersion of cavities which
are strong barriers to dislocation glide. Similarly, in-situ scanning electron microscopy (SEM)
tensile testing on helium implanted pure nickel by Reichardt et al. [11] suggested a hardening/dose
rate of 230-240 MPa/dpa, as well as a reduction of ductility from >50% for un-irradiated material
to 1.7 % for material with a peak damage of 10 dpa.
Radiation damage effects on microstructure of X-750 are not only limited to the production of
defects, but the stability of the strengthening phase, γ׳-Ni3 (Ti, Al)-precipitate with an L12-ordered
structure may also be affected. Investigation by Zhang et al. [12] during in-situ TEM heavy ion
irradiation of X-750 alloy revealed that the ordered structure of γ׳-precipitate becomes disordered
at very low doses (~ 0.06 dpa) at low irradiation temperatures (< 400 °C), and upon increasing dose
level up to 5 dpa leads, dissolution of γ ׳into the matrix started. It has been reported that disordered
Ni3Al thin films exhibit nearly twice the strain to fracture, more than three times the fracture
toughness, and about 20% lower hardness compared to the ordered state [13]. Therefore, the
stability of γ'-precipitates in this material is of great concern in nuclear applications. In our previous
study on nano-indentation properties of single-ion irradiated X-750 at room temperature, it was
shown that the softening due to γ'-precipitate instability (disordering/dissolution) is significant, and
that this can be more significant than the hardening arising due to irradiation-induced defects [14].
As presented above, radiation damage may result in mechanical property degradation of X-750 Nibased superalloy by introduction of several type of defects as well as due to the stability of the
strengthening phase. The number of studies focused on post-irradiation mechanical properties of
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X-750, especially considering the effect of helium is very limited [14-17]. Therefore, in order to
obtain a better understanding of the contribution of each microstructural change on the mechanical
response of X-750 alloy, ion beam irradiation has been carried out on both helium pre-implanted
solution-treated (ST) and precipitation-hardened (PH) X-750, with the nano-indentation method
subsequently used to evaluate the hardness of the irradiated material. Cross-sectional TEM
examination on the irradiated materials was employed to allow correlation of the mechanical
response with the microstructure evolution. Also, a quantitative study was conducted using
different obstacle models to estimate the hardening contribution of each kind of irradiation-induced
defect as well as the contribution of γ'-precipitate instability to softening. Finally, the postdeformation microstructure of irradiated material was compared with the un-irradiated condition to
understand the changes in deformation mechanism due to irradiation.

7.2 Experimental Procedure
The experimental material was a Ni-based superalloy (Inconel X-750) with the chemical
composition of Ni-15Cr-7.3Fe-2.5Ti-0.68Al-0.99Nb-0.15Mn-0.067C (all in wt. %). Before
irradiation, the material was solution treated at 1150 °C for 1 hour followed by 60% rolling and
recrystallization annealing at 960 °C for 10 minutes. Then, a sub-set of samples was age hardened
at 730 °C for 16 hours. Therefore, two different kind of X-750 alloy including precipitationhardened (PH) and solution-treated (ST) were prepared for subsequent irradiation. The
microstructure and EDX analysis of both PH and ST materials are presented in Fig. 7.1, indicating
spherical γ'-precipitates with a size of 20-25 nm in PH X-750 and no precipitates in the ST X-750
material. Four samples (two PH and two ST) were prepared with dimension of 1 cm × 1 cm × 1
mm thickness for irradiation and indentation experiments. Irradiations were carried out by preimplantation of 5000 appm helium followed by Ni+ ion irradiation. Seven different energies of
helium ions ranging from 200 keV to 3 MeV were used, with the sample at 300 °C to implant
helium into the samples. These pre-implanted samples were subsequently irradiated up to 1 dpa at
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400 °C or room temperature using 40 MeV Ni+ ions. The summary of the irradiation procedures
along with samples’ names are given in Table 7.1. The Ni-ion irradiation damage and implanted
helium concentration calculations were conducted based on SRIM code 2012 using the KinchinPease approximation [18]. Figure 7.2a depicts the helium concentration curves as a function of
sample depth for different helium beam energies, Fig. 7.2b presents the sum curve of the implanted
helium concentration, and Fig. 7.2c presents the damage level of Ni+ ions versus target depth by
assuming a threshold displacement energy of 40 eV.

Fig. 7-1 EDX analysis of un-irradiated a) ST-X-750 and b) PH-X-750

Table 7-1 Summary of irradiation conditions applied for each sample
Sample

Irradiation condition

ST-He-Ni at 400 °C

5000 appm He implanted at 300 °C – subsequent 1 dpa Ni+ at 400 °C

ST-He-Ni at RT

5000 appm He implanted at 300 °C – subsequent 1 dpa Ni+ at RT

PH-He-Ni at 400 °C

5000 appm He implanted at 300 °C – subsequent 1 dpa Ni+ at 400 °C

PH-He-Ni at RT

5000 appm He implanted at 300 °C – subsequent 1 dpa Ni+ at RT

143

The choice of multiple different helium beam energies was made to obtain a distribution of
implanted helium while also obtaining a maximum implanted depth of around 5 μm, equal to the
Ni+ ion irradiation stopping peak depth. It should be noted that the level of displacement damage
caused by helium implantation (average 0.015 dpa) is negligible compared to the Ni+ ion irradiation
damage level. Mechanical property evaluation was performed by means of nano-indentation
hardness testing at room temperature. The nano-scale mechanical tests were carried out using a
Nano Test Vantage device equipped with a Berkovich indenter. In order to obtain the hardness
profile as a function of sample depth, the quasi-static method in a depth control mode with a loading
and unloading rate of 2 mN/s was employed. In order to get improved statistical data, indentation
on each depth was repeated at least 10 times. The indentations were performed on the irradiated
surface in the same direction as the ion-beam irradiation. The area function for hardness
measurements was estimated by means of indentation on a fused silica standard sample. The
microstructure of irradiated samples was subsequently characterized using cross-sectional TEM
examinations on thin foils, which were fabricated by means of Focused Ion Beam (FIB). TEM
observations were performed by employing an FEI Tecnai Osiris scanning transmission electron
microscope (STEM) at an operating voltage of 200 kV. Underfocus Fresnel contrast under twobeam kinematical bright field condition was adopted to observe the small cavities. In addition,
characterization of the Frank loops was conducted by employing the TEM rel-rod condition.
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Fig. 7-2 SRIM simulation results for a, b) helium implantation c) Ni-ion irradiation.

7.3 Results
7.3.1 Mechanical Test
7.3.1.1 Nano-indentation hardness profiles
Figure 7.3a and b illustrate the hardness profiles as a function of target depth for both ST and PH
materials before and after irradiation. Similar mechanical responses were found for ST and PH X750 irradiated at 400 °C, i.e., significant irradiation-induced hardening when compared to unirradiated condition. However, two different indentation behaviours were detected for ST as
compared to PH when the Ni irradiation was carried out at room temperature (RT). The age
hardened (PH) material showed a reduction in hardness after irradiation at RT; while, solution
treated (ST) X-750 alloy became harder after irradiation at RT.
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Fig. 7-3 Nano-hardness profiles as a function of target depth for a) ST-X-750 and b) PH-X-750

7.3.1.2 Indentation size effect
A decreasing hardness with increasing indentation depth was observed in the indentation behavior
of both ST and PH materials, as expected based on the indentation size effect (ISE). In order to
calculate the level of ISE, the well-known Nix-Gao (NG) model [19] was employed which gives a
relation between the hardness and indentation depth according to Eq. 7.1.
𝐻 = 𝐻0 (1 +

ℎ∗ 1/2
)
ℎ

(7.1)

where H is the indentation hardness at a depth of h, H0 is the macroscopic hardness, i.e., the
hardness at a very large depth, and the h* is the characteristic depth which characterizes the depthdependence of hardness. The NG model explains the ISE based on the concept of geometrically
necessary dislocations (GNDs), that is, dislocations that must be present to accommodate the
imposed strain by the indenter at the surface. The results of ISE calculations are presented in Fig.
7.4 and 7.5.
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Fig. 7-4 H2 versus 1/h for un-irradiated a) ST-X-750 and b) PH-X-750 showing a bilinear ISE trend.

Fig. 7-5 H2 versus 1/h for irradiated materials a) ST-X-750 and b) PH-X-750 showing a single linear ISE trend.

A bi-linear ISE behaviour was obtained for un-irradiated ST and PH materials, i.e. H2 versus 1/h
curves for both materials show a linear-like regime at larger depths (micro-regime), but the linear
behaviour deviates significantly to a second linear regime at smaller depths (nano-regime) (Fig.
7.4). However, the ISE behaviour is changed to single linear trend after irradiation for both PH and
ST irradiated with Ni at 400 °C (Fig. 7.5). It is worthwhile mentioning this terminology of ‘nano’
and ‘micro’ refers only to the lengthscale of indentation behaviour, the same indentor is used in all
cases. The computed NG model constants (h* and H0) are given in Table 7.2. Considering the microregime of indentation, the characteristic depth (h*) decreased after irradiation in both PH and ST
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materials which implies that in both cases there is a reduction in the ISE for irradiated X-750 versus
the un-irradiated condition. Results for a Nix-Gao model for the samples which were irradiated
with Ni at RT are not shown in Table 7.2, since the PH material nano-hardness results showed
softening response which can’t be explained by NG model.
Table 7-2 ISE parameters for irradiated and un-irradiated samples based on NG model
Sample
PH-Un-irradiated
ST-Un-irradiated

h* (nm)

H0 (GPa)
Nano-regime

5.54

Nano-regime

76

Micro-regime

4.16

Micro-regime

650

Nano-regime

4.81

Nano-regime

86

Micro-regime

2.84

Micro-regime

1173

PH-He-Ni at 400 °C

4.98

377

ST-He-Ni at 400 °C

3.27

960

7.3.2 Microstructure Characterization
Cross-sectional TEM observation was carried out to characterize the microstructure of the
irradiated samples. In Fig. 7.6 and 7.7 the generation of different types of defects in both ST and
PH materials are presented. In addition, the γ' – precipitate stability in PH material under different
irradiation temperatures was examined and the results are presented in Fig. 7.8 and 7.9.
7.3.2.1 Irradiation-induced defects
The under-focus Fresnel condition was utilized to characterize the irradiation-induced cavities. As
was shown in Fig. 7.6, a high density of small cavities are produced in both ST and PH materials
at both irradiation temperatures. As the cavity size distribution curves show (Fig. 7.6), after
irradiation at 400 °C an approximately normal distribution was obtained for both ST and PH
material; however, a wider range of cavity size with non-normal distribution was detected in ST
and PH materials after irradiation at room temperature.
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Fig. 7-6 Under-focus kinematical bright field TEM micrographs showing cavity distribution in a) ST-He-Ni at 400 °C,
b) PH-He-Ni at 400 °, c) ST-He-Ni at RT, and d) PH-He-Ni at RT samples.

Atomistic modeling has shown that the strength of cavities in pinning of dislocation glide is
dependent on the helium to vacancy ratio in a cavity [20-22]. Therefore, in order to estimate the
pinning effect of cavities on dislocation movement, it is essential to calculate the cavity pressure,
as follows. The average cavity size in each irradiated sample was measured from TEM
micrographs, then the volume of one cavity is calculated as:
𝑉𝑐𝑎𝑣𝑖𝑡𝑦 =

4𝜋𝑟 3
3

(7.2)

where r is the cavity radius. Thus, the number of vacancies in each cavity can be estimated
according to Eq. 7.3.
𝑁𝑣𝑎𝑐𝑎𝑛𝑐𝑦 = 𝑉𝑐𝑎𝑣𝑖𝑡𝑦 × 𝑁𝑁𝑖

(7.3)

Where the NNi is the atomic density of Ni. If we assume that all the implanted helium atoms reside
in cavities; therefore, the number of helium atoms in each cavity can be calculated as:
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𝑁ℎ𝑒𝑙𝑖𝑢𝑚 =

𝐶ℎ𝑒𝑙𝑖𝑢𝑚
𝑁𝑐𝑎𝑣𝑖𝑡𝑦

(7.4)

where Chelium is the average concentration of implanted helium and Ncavity is the cavity density in
each irradiated sample which was estimated by means of TEM observations.
Finally, the cavity pressure can be estimated based on the equations-of-state (EOS) of helium [23].
1

(7.5)

𝑉𝑚𝑜𝑙𝑎𝑟𝐻𝑒 = (22.575 + 0.0064655𝑇 − 7.2645 𝑇 −0.5 )𝑃−3
2

1

+ (−12.483 − 0.024549𝑇)𝑃−3 + (1.0596 + 0.10604𝑇 − 19.641𝑇 −2
+ 189.84𝑇 −1 )𝑃−1
where T is the absolute temperature of helium implantation (573K), P is the pressure and V molarHe
is the molar volume of helium, which can be calculated as:
𝑉𝑚𝑜𝑙𝑎𝑟 𝐻𝑒 =

3
𝑎𝑁𝑖
× 𝑁0
𝑁
4 × ℎ𝑒𝑙𝑖𝑢𝑚
𝑁𝑣𝑎𝑐𝑎𝑛𝑐𝑦

(7.6)

where aNi is lattice parameter of Ni and N0 is Avogadro constant. The results of calculations
including cavity size, cavity density, helium to vacancy ratio in each cavity and cavity pressure for
both irradiated ST and PH samples are shown in Table 7.3.
In addition to cavities, a significant density of dislocation loops are produced after irradiation in
both ST and PH materials. The rel-rod TEM condition was employed to detect the Frank type
dislocation loop with the Burger’s vector of 1/3<111>; this is a sessile loop and can be a strong
obstacle for dislocation motion during subsequent indentation deformation. Figure 7 shows the
TEM micrographs illustrating the large Frank loops and their size distribution for each irradiated
sample.
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Fig. 7-7 Rel-rod condition TEM micrographs showing Frank loops distribution in a) ST-He-Ni at 400 °C,
b) PH-He-Ni at 400 °, c) ST-He-Ni at RT, and d) PH-He-Ni at RT samples.

The average size and density of the Frank loops are presented in Table 7.3. The results depict that
increasing irradiation temperature led to an increment in Frank loop size. Also, a larger average
size of Frank loops was detected in PH material versus ST material at a given irradiation
temperature.
7.3.2.2 Irradiation- induced γ'-precipitate instability
As was shown in Fig. 7.1, after ageing of solution treated X-750, a considerable volume fraction
of spherical second phase, gamma-prime, is produced which gives rise to significant strengthening
of the PH material. However, the TEM examinations of cross-section FIB thin foils (Fig. 7.8)
reveals that the stability of the precipitates can be altered due to radiation damage, depending on
irradiation temperature. Figure 7.8a and b represents the FIB thin foils showing the cross-section
of PH material irradiated with Ni at 400 °C and RT respectively, with samples shown along the
SRIM damage curve. Selected area diffraction patterns (SADPs) at 4 different spots on the TEM
foil were captured to explore the stability of the γ'-phase.
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Fig. 7-8 Selected area diffraction pattern (SADP) for a) PH-He-Ni at 400 °, b) PH-He-Ni at RT samples, showing the
stability state of γ'-precipitate after irradiation.

The results clearly show that superlattice reflections are visible at all four spots in in the PH material
irradiated with Ni at 400 °C sample; while, the sample irradiated at room temperature shows no
detectable superlattice reflections in the irradiated part of the sample (spots number 1-3). This
observation reveals that the γ'-phase stays ordered at high irradiation temperature; however, it
becomes disordered after irradiation at low temperature. Furthermore, any local chemical
composition changes were checked by means of high resolution STEM-EDX method at three spots
of the RT irradiated sample (Fig. 7.9). The ChemiSTEM results at the irradiated part close to the
surface (spot number 1) do not show any changes in the shape of γ'-precipitate compared to unirradiated part (spot number 3). However, diffusion of Ti and Cr has occurred which results in the
observed shape change of the precipitates at the stopping peak area which corresponds to the
highest damage level (about 10 dpa); this implies partial dissolution of the γ'-phase. Regarding the
irradiated ST material, local chemical composition was also determined to see if any possible
irradiation-induced precipitation phenomenon had occurred, but no precipitates were detected. Fig.
7.10 illustrates the result of EDX analysis showed the main element distribution at the irradiated
part of the ST sample irradiated at 400 °C.
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Fig. 7-9 EDX analysis for PH-He-Ni at RT sample, showing partial dissolution of γ'-precipitate at
the stopping peak area.
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Fig. 7-10 EDX analysis for ST-He-Ni at 400 °C sample, showing no irradiation-induced
precipitation.

7.4 Discussion
7.4.1 Mechanical property and microstructure correlation
In the case of ST X-750, nano-hardness measurements demonstrate that increasing Ni-ion
irradiation temperature increases the irradiation-induced hardening. The hardness increment arises
from irradiation-induced defects which are strong obstacles for dislocation movement during
indentation. The cross-sectional TEM examinations showed that changing the Ni-ion irradiation
temperature alters the size and density of the resultant defects. Larger Frank loops were obtained
at higher irradiation temperature (average of 14 nm for 400 °C versus 8 nm for room temperature).
Also, increasing irradiation temperature from room temperature to 400 °C leads to a change in the
average size and density of cavities and consequently the cavity internal pressure. Li et al. [20]
estimated the maximum effective shear stress of a cavity arises from volume expansion due to
internal pressure by applying von Mises’ criterion as follows:
𝜎𝑒𝑓𝑓𝑒𝑐𝑡𝑖𝑣𝑒 =

3
𝑃
2

(7.7)

154

The corresponding cavity effective shear stress for each sample was calculated and is shown in
Table 7.3. As the results show, maximum effective shear stress of cavities is around 10 times higher
in the sample irradiated at higher temperature than at RT, which implies that the cavities are
stronger obstacles for dislocation movement in samples irradiated at 400 °C compared to RT.
Although a high density of irradiation-induced defects including cavities and dislocation loops are
generated at room temperature (Fig. 7.6 and 7.7), the hardness of PH sample irradiated at RT was
decreased compared to the un-irradiated material due to γ'-precipitate instability; i.e. disordering
and dissolution of precipitates. In other words, softening from strengthening phase disordering and
dissolution outweighed the hardening effect of irradiation-induced defects. Similar results were
obtained in our previous study on nano-hardness mechanical testing of room temperature singleion irradiated age hardened X-750 alloy [14]. Zhang et al. [12, 24] have showed during in-situ Kr
ion irradiation TEM observation of X-750 alloy that the γ'-precipitates become disordered at a low
dose of 0.06 dpa at temperatures below 400 °C, and started to dissolve into the matrix at higher
doses (>5 dpa). Also, they found that γ'-precipitates remained ordered under irradiation at a
temperature higher than 400 °C. Similarly, it was reported by Nelson et al. [25] that the γ׳-phase in
Nimonic PE16 alloy become disordered after room temperature irradiation up to 0.1 dpa; however,
the γ'-precipitate remain ordered during irradiation at higher temperature (> 300 °C). In addition,
they reported complete dissolution of the γ׳-phase in Nimonic PE16 under irradiation at room
temperature at a high dose of 10 dpa. Two competitive mechanisms operate during irradiation,
including precipitation disordering due to collision cascades which leads to ballistic mixing of
atoms [26] and dynamic reordering of precipitates because of thermal recovery [12]. At lower
irradiation temperature (room temperature here) the predominant mechanism is cascade-induced
ballistic mixing which results in disordering of γ'-precipitate; while, due to higher diffusion rate at
the higher irradiation temperature (400 °C here) thermal recovery is dominant and helps precipitates
to be stable. The softening from precipitate instability can be understood by looking at the
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deformation mechanism of the γ'-phase carefully. The strengthening contribution of γ'-phase arises
from two mechanisms which are ordered strengthening resulting from anti phase boundaries (APB)
in the ordered phase [27] and interfacial strengthening originating from mismatch strain between
precipitate and matrix [27]. Indeed, in the case of the PH sample irradiated at RT the γ' disordering
eliminates the APB strengthening and the partial dissolution of γ'-phase at the stopping peak area
reduces the mismatch strain; both result in softening of the material.
The nano-hardness measurements of PH material irradiated at 400 °C reveals that when the γ'precipitate stays stable, irradiation-induced defects including cavities and dislocation loops may
increase the age-hardened material’s strength, significantly. As was depicted in Table 7.3, the
cavity helium to vacancy ratio and consequently the cavity pressure increased with increasing Niion irradiation temperature, which resulted in an increase in the effective shear stress of cavities by
about 15 times. This implies that cavities are stronger obstacles in PH material irradiated at 400 °C
versus in PH material irradiated at RT. In addition, larger (sessile) Frank loops were seen at the
higher irradiation temperature, which may also contribute to the higher hardness in PH material
irradiated at 400 °C versus at RT.

Table 7-3 the results of cavity and Frank loop size and density measurements
Sample

Cavity
Size (nm)

Cavity
Density
(m-3)

𝑵𝒉𝒆𝒍𝒊𝒖𝒎
𝑵𝒗𝒂𝒄𝒂𝒏𝒚

Cavity
Pressure
(GPa)

Cavity
Effective Shear
Stress (GPa)

Frank
Loop Size
(nm)

Frank Loop
density (m-3)

PH-He-Ni at 400 °C

1.2 ± 0.2

2.85 × 10 23

0.96

3.75

5.62

20 ± 2

9.2 × 10 21

ST-He-Ni at 400 °C

1.1 ± 0.2

4.2 × 10 23

1.06

4.85

7.27

14 ± 2

8.8 × 10 21

PH-He-Ni at RT

2 ± 0.2

2.1 × 10 23

0.35

0.43

0.64

12 ± 2

7.2 × 10 21

ST-He-Ni at RT

1.6 ± 0.2

2.66 × 10 23

0.54

0.96

1.44

8±2

8.7 × 10 21
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7.4.2 Mechanical response modelling
7.4.2.1 Hardening response
As was described in the section 7.4.1, different type of defects contribute to hardening of both ST
and PH material after irradiation at 400 °C. In order to quantify the individual contribution of each
type of defect to strengthening of the irradiated material, three different groups of defect were
considered including cavities, Frank loops and small defect clusters. Three different obstacle
hardening models from the literature were used to calculate the hardening effect of each of these
defect groups, with quantification provided from microstructural data. The first model employed is
the well-known dispersed barrier hardening (DBH) model which predicts the yield strength
increase caused by arbitrary defects impeding dislocation motion with number defect density N,
diameter d, and glide dislocation Burgers vector magnitude (b = 0.249 nm) according to Eq. 7.8.
[28].
∆𝜎 = 𝑀𝛼𝜇𝑏√𝑁𝑑

(7.8)

where M is the Taylor factor (3.06 for BCC and FCC metals), α is the defect barrier strength, and
μ = 77800 MPa is the shear modulus.
The second model used is Friedel-Kroup-Hirsch (FKH) which describes material hardening due to
the presence of circular dislocation loops of Burgers vector magnitude b, diameter d and number
density N (Eq. 7.9) [29].
2
1
∆𝜎 = 𝑀𝜇𝑏𝑑𝑁 3
8

(7.9)

The third model is the Bacon-Kocks-Scattergood (BKS) model which explains the yield strength
increment due to an infinite array of impenetrable spherical obstacles according to Eq. 7.10.
𝛼𝑀𝜇
𝐿
∆𝜎 =
[ ln ( ) ]
2𝜋𝐿
𝑏
𝐿=

1
√𝑁𝑑

,

𝐷′ =

−1
2

[ 𝑙𝑛 (

3
𝐷′
) + 0.7 ] 2
𝑏

(7.10)

𝑑𝐿
𝑑+𝐿
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where L is the mean spacing between obstacles and D' is the effective obstacle diameter. By
considering α = 0.2 for cavities [30], α = 0.4 for Frank loops [30], and α = 0.2 for small defect
clusters [30], the hardening that arises from each type of defect was calculated for both ST/PH
irradiated with Ni at 400 °C and the results are plotted in Fig. 7.11.

a

b

Fig. 7-11 The result of individual contribution estimation of each type of defects in irradiation hardening for
a) ST-He-Ni at 400 °C, and b) PH-He-Ni at 400 °C samples.

It is immediately clear from the results that based on all three models the large Frank loops have
the most significant contribution in yield strength change in both ST and PH materials, followed
by cavities which have a relatively strong impact on irradiation induced hardening. Finally, it was
found that the small defect clusters lead to a minor hardening contribution of the irradiated X-750
alloy.
The total increase in yield strength can be assessed by employing superposition principle of each
model to combine the effect of each kind of defect on mechanical response of X-750 alloy
according to Eq. 7.11.
𝑛
𝑛
𝑛
∆𝜎𝑇𝑛 = ∆𝜎𝐶𝑎𝑣𝑖𝑡𝑦
+ ∆𝜎𝐹𝑟𝑎𝑛𝑘
𝑙𝑜𝑜𝑝 + ∆𝜎𝑆𝑚𝑎𝑙𝑙 𝑑𝑒𝑓𝑒𝑐𝑡

(7.11)

where ΔσT is the total strength increase, Δσi the hardening due to presence of obstacle i, and n is a
constant. The combined effect of irradiation-induced defects on total strength change of X-750 was
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calculated by assuming n=2 [29]. To verify the results obtained, it is necessary to calculate the yield
strength changes for ST and PH material based on experimental data as well. For this purpose, the
nano-hardness variation was assessed by using the NG model macroscopic hardness, to eliminate
the effect of ISE on hardness measurements; i.e., ΔH = H0,irr – H0,unirr (it should be noted that H0,unirr
is related to the microscopic regime). As developed by Busby et al. [31] the nano-hardness
measured by indentation test approximately correlates with tensile yield strength according to the
following relationship:
∆𝜎𝑦 ≅ 3∆𝐻

(7.12)

where Δσy is expressed in MPa, and ΔH is expressed in Kg/mm2. The total yield strength change
based on both modeling and experimental results are presented in Fig. 7.12.

a

b

Fig. 7-12 The result of individual contribution estimation of each type of defects in irradiation hardening for
a) ST-He-Ni at 400 °C, and b) PH-He-Ni at 400 °C samples.

The DBH model overestimates the strength change and is poor at predicting the experimentally
observed variation. This discrepancy likely arises from a key assumption during derivation of the
DBH model; it considers that any defect on the slip plane interacts with equal strength with the
dislocation; however, in reality the strength of obstacles strongly depends on the size of the defects
[28]. In the case of FKH model, a significant underestimation is made compared to experimental
results. The FKH model was proposed primarily to describe the effect of weak obstacles (α < 0.2)
[32], therefore this divergence is again predictable. The superposition of the BKS model found to
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provide the best fit with nano-indentation results for strength variation due to irradiation for both
ST/PH irradiated at 400 °C.
7.4.2.2 Softening response
In the case of PH irradiated with Ni at RT, the softening due to instability of the strengthening
phase (γ'-precipitate) outweighed the hardening arising from irradiation-induced defects, with a
resultant reduction in nano-hardness after irradiation. To calculate the strength reduction from the
γ'-precipitate instability, we need to estimate the original precipitation hardening of γ'-phase,
considering both ordering and coherent interface strengthening mechanisms.
Equation 7.13 describes the yield strength change due to disordering of γ'-precipitate, assuming
that during shear of the precipitates, the leading dislocation bows out between precipitates and the
trailing dislocation remains straight [27].
∆𝜎𝑂 =

𝑀𝛾𝐴𝑃𝐵 3𝜋 2 𝛾𝐴𝑃𝐵 𝑓𝑟 1
[(
)2 − 𝑓]
2𝑏
32𝑇

(7.13)

where M=3.06 is the Taylor factor, γAPB = 210 mJ/m2 [35] is the antiphase boundary energy, r = 10
nm the mean radius of precipitates, f is the volume fraction (3-5%) and T is the line tension of a
dislocation which is T = μb2/2 [36]. Using this model the order strengthening (Δσyo) using the
above mentioned parameters is determined to be ~ 180 ± 10 MPa. This is very close to the value
obtained using equations derived by Raynor and Silcock [37] as well as Glieter and Hornbogen
[38] which is ~ 190 and 165 MPa, respectively.
The other contribution to γ'-phase strengthening comes from the stress field at the
precipitates/matrix interface which arises due to misfitting of coherent precipitates. Dissolution of
γ'-phase will reduce the coherency strengthening which can be estimated by means of Eq. 7.14.
𝑟𝑓𝑏 1/2
∆𝜎𝑐 = 2 𝑀(𝜀𝜇)3/2 (
)
𝑇

(7.14)

where ɛ ~ 0.6% is the mismatch strain for X-750 (calculated based on equation given in [27] ).
Considering complete dissolution of γ'-phase, the strength drop is calculated to be 400 ± 30 MPa.
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Finally, in order to estimate the total strength change in the PH material irradiated at RT the
following equation was used. It is noted that, as the EDX analysis presented (Fig. 7.9), after
irradiation at room temperature the dissolution of γ'-phase was just starting and had not fully
developed. Based on the data presented we estimate that around 20% dissolution has occurred,
hence a correction coefficient of 20 % is considered for Δσc in Eq. 7.15. Hence
∆𝜎𝑇 = ∆𝜎𝑑 − ∆𝜎𝑜 − 0.2 ∆𝜎𝑐

(7.15)

where Δσd is the hardening due to irradiation-induced defects. Since the BKS model resulted in the
best fit with experimental nano-indentation hardness measurements for materials irradiated at high
temperature, the estimation of Δσd in PH irradiated at RT sample was carried out by using the BKS
model which is assessed to be ~ 173 MPa. Therefore, the total softening of PH X-750 after
irradiation at room temperature is estimated to be ~ 90 MPa.

7.4.3 Deformation mechanism of irradiated vs. un-irradiated material
The general features of cross-sectional TEM observations on post-deformation microstructure of
un-irradiated and irradiated X-750 alloy are shown in Fig. 7.13-15.
The deformation in un-irradiated material is homogenous and occurred by interaction and tangling
of dislocation as well as cell structure formation. However, in irradiated X-750 the deformation
mechanism is a mixture of homogenous dislocation motion and strain localization in some
restricted regions. As can be seen in Fig. 7.14 and 7.15 nano-twin lamellae were detected in
deformation zones of both PH and ST materials. The SADPs captured from the twinned area
confirm that these patterns are (111) nano-twins. Also, the high resolution TEM micrograph shows
the twins present the (111) planes as a habit plane and the width of twins is equal to 5-10 atomic
layers (Fig. 7.15).
The changing of deformation mechanism from dislocation-tangle dominant in un-irradiated
material to the localized deformation dominant microstructure after irradiation has previously been
reported in many FCC structure materials [37-39].
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Fig. 7-13 Post-deformation microstructure of un-irradiated PH-X750, showing dislocation cell
structures.

However, mechanical twinning is not usually observed in post-deformation studies of irradiated Ni
and Ni alloys. In the case of pure Ni, the formation of dislocation channels which are free from
irradiation-induced defects was shown to be the main deformation mechanism after irradiation.
Okada et al. [40] showed that increasing irradiation dose in neutron irradiated pure Ni leads to a
change of deformation mode from cell structure formation to dislocation channeling.
Defect free channels have also been reported in the post-deformation microstructure of protonirradiated single crystal Ni after tensile tests at room temperature [41]. The width of the channels
was about 100 nm, with around 1 μm spacing which is wider and more spaced than the nano-twins
created at the nano-indentation plastic zone of irradiated X-750 alloy reported here. Micro/Nanotwinning is extensively reported during creep deformation of Ni-based superalloys at intermediate
temperatures (650 °C-800 °C), and has been attributed to the strength variation of γ'-precipitate
with temperature [42, 43]. Indeed, the yield stress of γ'-precipitates increases with increasing
temperature of deformation up to some peak temperature; this results in an increase in the critical
resolved shear stress (CRSS) for slip with increasing temperature. Therefore, since the CRSS for
twinning is relatively insensitive to temperatures is becomes lower than that of slip at some
temperature and hence deformation is accommodated by means of micro/nano-twinning [44, 45].
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Fig. 7-14 Post-indentation microstructure of irradiated PH-He-Ni at 400 °C sample, showing
localized deformation.

However, operation of nano-twinning in irradiated X-750 alloy cannot be related to the γ'-phase,
since the twins were observed in the deformation microstructures of both ST and PH materials. The
production of deformation twins is also very common in the deformed microstructure of FCC
stainless steels with low stacking fault energy (SFE). Concerning the SFE of pure Ni, it seems that
the value of 130 mJm-2 is accepted as a good estimate [46]. It is well known that the presence of
elements such as Cr reduces the SFE of nickel [47]. In binary Ni-Cr alloys the SFE decreases
rapidly to 85 mJm-2 for 10 wt. % Cr and to 75 mJm-2 for 15-38 wt. % Cr [47]. Therefore, a low SFE
also in combination with the pinning effect of radiation-defects on dislocation motion likely both
contribute to micro/nano-twinning being operative during deformation of irradiated X-750. It is
163

worthwhile mentioning that the dominant deformation mechanism may vary with different
parameters, including amount of imposed strain, strain rate, deformation temperature and the level
of radiation dose, however understanding such dependencies will require more investigation.

Twins DP

Matrix DP

Fig. 7-15 Post-indentation microstructure of irradiated ST-He-Ni at 400 °C sample, showing nanotwins.
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7.4.4 Effect of irradiation on ISE
Using the NG model to explore ISE behavior in un-irradiated and irradiated material we saw a bilinear trend in un-irradiated X-750 (both ST and PH) compared to a single linear behavior for
irradiated material (both ST and PH), see Section 7.3.1.2. The bi-linear ISE in un-irradiated X-750
implies a shortcoming of the NG model in predicting the hardness of un-irradiated material in the
nano-regime. Similar observations have been previously reported in literature [48, 49] and two
main reasons for this breakdown have been suggested.
One of the strong assumptions in the NG model is that all dislocations will be confined in a plastic
zone with radius equal to the contact radius which causes overestimation of the hardness for small
indents. However, it has been found by many studies that a significant number of dislocations
spread out from the plastic zone, due to a strong repulsive force between the dislocations [50]. The
second explanation for the deviation from the NG model is a change in the dominant deformation
mechanism at nano-regime versus micro-regime [51]. It was proposed that deformation is
controlled by previously established dislocation structures in the micro-regime of indentation;
whereas, the dominant deformation mechanism is source-limited dislocation structures when the
strain is imposed in a very small volume (here less than 600 nm depth). The source-limited
deformation was also observed during nano-compression of pure nickel [52] and nano-indentation
of single crystal copper [53]. Considering this reason for the bi-linear ISE behaviour may help us
to understand the ISE trend in irradiated material, which was perfectly linear. Irradiation by heavy
ions is expected to introduce a high density of defects, including dislocation loops and cavities in
the material which can act as dislocation sources during nano-indentation deformation. Therefore,
adding more potential dislocation sources to the material by irradiation results in the nano-regime
(due to starvation of dislocation sources) being eliminated or perhaps better to say that it is limited
to shallower indentation depths.
It is worthwhile mentioning that the grain orientation or anisotropy can have an effect on ISE
behavior, especially for materials with HCP crystal structure. In order to exclude this effect on our
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ISE calculation, indentations for each depth were carried out on several grains with a random
distribution of orientations. In the case of un-irradiated material with bi-linear ISE behavior, we
have repeated the hardness measurements up to 25 times at each depth on different grains to ensure
we obtain statistically reasonable hardness results. Therefore, due to the lower plastic anisotropy
of the FCC structure of Ni and due to repeating the indentation on different grains with different
orientations, we expect that the effect of anisotropy on the hardness results should be very minor.
In addition, comparing the h*-value in un-irradiated material for PH versus ST shows that the γ'precipitate may impact the ISE in the X-750 alloy (see Table 7.2). Indeed, the lower characteristic
depth in age-hardened (PH) material compared to solution treated (ST) condition implies that the
existence of γ'-phase resulted in lower ISE in X-750 alloy. This is in a good agreement with the
results by Nix and Gao when they found a lower ISE in cold worked material compared to the
annealed condition [19]. Their model basically suggests that the hardness of a material is less
sensitive to the size of the indentation when the material in intrinsically harder.

7.5 Conclusion
The mechanical properties of X-750 Ni-based superalloy in both ST and PH conditions were
evaluated after helium pre-implantation at 300 °C followed by Ni-ion irradiation up to 1 dpa at two
different temperatures of 400 °C and room temperature. To make a precise correlation between
microstructure and mechanical property, cross-sectional TEM examinations were carried out on
irradiated X-750 alloy. The conclusions can be summerized as follows:


Radiation-induced hardening was found for ST samples irradiated at both room
temperature and 400 °C as well as the PH sample irradiated at 400 °C, which was attributed
to formation a high density of defects, including cavities, Frank loops and small clusters of
defects.
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A softened mechanical response was measured for PH irradiated at room temperature
which was correlated to instability of the strengthening phase (γ'-precipitate), with
disordering occurring as well as partial dissolution at the Ni ion stopping peak area.



Individual hardening effects of each type of defect was estimated based on three obstacle
hardening models. The results showed that large Frank loops have the major contribution
to radiation hardening of X-750 alloy, although cavities still have a significant impact on
the hardening response.



The total strength change resulting from the combined effect of defects was calculated
based on the superposition principle of each obstacle and the results were compared to
nano-indentation data. The results from the DBH and FKH analysis displayed notable over
and underestimations respectively, compared to the experimental results. However, a good
agreement was obtained from the defect superposition within the BKS model.



Post-indentation TEM analysis showed that the dominant deformation mechanism was
changed from homogenous dislocation motion in un-irradiated X-750 to localized
deformation (nano-twinning) in irradiated material.



The ISE calculations according to the NG model showed a bi-linear trend for both ST and
PH un-irradiated material; however, a single linear regime was found for both materials
after irradiation at 400 °C. This discrepancy was explained by the effect of irradiationinduced defects, which act as dislocation sources particularly for indents of smaller size.
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Chapter 8
Conclusions and Future Work
8.1 Thesis Overview
The research presented in this dissertation aims to understand the degradation mechanism of
mechanical properties of CANDU spacers made of Inconel X-750. This has been fulfilled through
making a correlation between microstructural evolution and nano-hardness results of irradiated X750. In Chapter 1, the background, objectives and guide to the thesis of this project were elucidated.
Chapter 2 reviewed the literatures concerning radiation damage theories, research techniques, and
relevant studies on irradiation induced mechanical property alteration in Ni-based superalloys. The
experimental investigations are presented in a manuscript format, with five chapters, each as an
independent manuscript but closely related component.
In-situ TEM observation with dual beam (He+/Kr2+) irradiation method was employed in a wide
radiation temperature range of 200-500 °C (Chapter 3), to investigate the microstructure evolution
including cavity generation and other defect production as well as γ'-precipitate stability. In order
to more precisely explore the effect of helium on microstructure degradation in X-750 alloy, the
dual beam irradiation (He+/Ni+) was conducted at 400 °C up to three different doses (chapter 4),
following by ex-situ TEM examination to trace the γ'-precipitate stability and also dislocation loops
(e.g. Frank loops) formation. Chapter 5 focused on the effect of γ'-precipitate instability (both
disordering and dissolution) on post-irradiation mechanical properties of X-750 alloy. In chapter 6,
both single heavy ion irradiation and also helium pre-implantation following by heavy ion
irradiation were conducted on Inconel X-750 to examine the effect of helium presence on the
mechanical response. Also, in this chapter the effect of low temperature irradiation vs. high
temperature irradiation was explored. Furthermore, irradiation-induced hardening was evaluated
by employing different obstacle-hardening models to estimate the hardening contribution from each
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kind of defects. In chapter 7 the same irradiation method was used on both solution treated (ST)
and precipitation hardened (PH) X-750 alloy to examine any potential difference in final
mechanical properties. In addition, the mechanical softening found in PH material due to γ'precipitate instability was modeled by using two separate strengthening mechanisms of γ'-phase,
including anti-phase boundary strengthening and coherency mechanism. Furthermore, cross
sectional TEM observation on indentation plastic zone in both ST and PH materials helped to
explore the difference in deformation mechanisms for un-irradiated material vs. irradiated X-750.
In many ways, these manuscript chapters can stand alone and therefore lend themselves towards
individual discussions and conclusions.

8.2 General Discussion
The objective of this thesis is to study the mechanical property degradation mechanism of spacer
material X-750 alloy during service into the CANDU reactor. Although few researches have been
carried out on this topic [1-4], the employed approach in this thesis is very novel to the effect of
radiation damage in the literature of Ni-based superalloys. Several state-of-the-art techniques have
been employed to provide new insights into understanding the mechanisms led to mechanical
property degradation of Inconel X-750 due to irradiation damage. The results presented in this
thesis can be categorized into two separate groups including, using in-situ and ex-situ TEM
observation dual beam irradiation (He+/Ni+ or Kr2+) at different temperatures and up to different
doses to emulate the microstructural changes in X-750 alloy due to neutron irradiating during
service into the CANDU reactor (chapter 3 and 4), and employing heavy-ion irradiation with and
without helium pre-implantation at different temperature to evaluate the nano-hardness of irradiated
X-750 and find the mechanical property degradation mechanism through TEM examination on
cross section of irradiated samples (chapter 5-7). Despite each study has been presented with a
different focus, they closely relate to each other; and in total provide a significant improvement in
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understanding of the microstructural evolution and consequent mechanical property alternation in
Inconel X-750 during service into CANDU reactors.
Many efforts have been directed towards emulation the microstructural evolution in X-750 alloy
during neutron irradiation by means of employing heavy-ion irradiation. For instance, Zhang et al.
[5] have carried out a comprehensive study on TEM observation of microstructure evolution in X750 spacer material using sing-ion (Kr2+) irradiation [6, 7] and also helium pre-implantation
followed by heavy-ion irradiation [8, 9]. However, our method in which we used the helium ions
and the Kr2+/Ni+ ions simultaneously to irradiate the X-750 is a new approach and may be closer to
the real condition in the CANDU reactors. The results showed that simultaneous helium
implantation can play a crucial role in microstructure changes during heavy-ion irradiation. First
of all, helium injection led to the production of a high density of small cavities, their size and
density varied with irradiation temperature and dose. Second of all, it was found that the density of
interstitial defects such as Frank loops is increased compared to solo heavy-ion irradiation via
stabilizing vacancies by helium atoms. Similar results were obtained after helium pre-implantation
and heavy-ion irradiation in X-750 alloy which confirms the effect of helium on precipitate stability
[5]. Furthermore, γ'-precipitates stayed ordered up to higher radiation dose compared to single-ion
irradiation which is the direct effect of helium presence. However, the ex-situ TEM analysis in
chapter 4 showed that Ni-ion irradiation up to 5 dpa can make the γ'-precipitates disordered and
increasing the dose to 10 dpa would even lead to dissolution of γ'-phase.
In chapter 5, it was clearly shown that instability in strengthening phase would result in decreasing
the nano-hardness of irradiated X-750 Ni-based superalloy. Indeed, it was found that softening due
to disordering of γ'-precipitates overbalanced the hardening effect of irradiation-induced defects
after Ni-ion irradiation at room temperature up to 0.1 dpa nominal dose. In addition, increasing
damage level to 0.7 dpa resulted in dissolution of γ'-precipitate at the stopping peak area which led
to extra softening.
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However, the effect of helium generation results from transmutation reactions on mechanical
strength variation in X-750 alloy was not addressed in chapter 5. Therefore, in chapter 6 the nanohardness tests were conducted on heavy-ion irradiated samples both with helium pre-implantation
and no helium pre-implantation. It was found that the helium implantation enhances the radiationinduced hardening through formation cavities and also promoting generation of sessile Frank loops.
In addition, through using three obstacle-hardening models the individual hardening contribution
of cavities, Frank loops and other small defect clusters was calculated. Based on the well-fitted
model with experimental results (BKS model), the Frank loops are the strongest barriers for
dislocation motion, following by cavities and small defect clusters. In chapter 7, the importance of
γ'-precipitate existence in microstructure of X-750 alloy was clearly shown through nano-scale
mechanical property evaluation of heavy-ion irradiated ST and PH X-750 materials. The softening
arises from γ'-precipitate instability outweighed the hardening due to strong obstacles such as Frank
loops and cavities in PH material. However, no hardness reduction was detected after irradiation
of ST X-750 material which confirms the role of γ'-precipitate instability in mechanical response
of PH material. In order to estimate the effect of γ'-phase instability on total mechanical properties
of X-750 alloy, the softening from removing anti-phase boundary (due to disordering) and
coherency strengthening (due to dissolution) were calculated separately. These results may help us
to explain the strength variation happens for real spacer during the crush test [10]. The increase in
carry load capacity after 3 effective full power years (EFPY) can be the result of hardening due to
radiation-induced defects. However, the significant reduction in strength of spacer material at 6
o’clock after 19 EFPY can be attributed to the softening effect of γ'-precipitate instability. Strength
changes of X-750 alloy at 12 o’clock needs more investigation, since the effect of cavity
segregation on grain boundaries is remarkable and should be considered.
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8.3 Conclusions
8.3.1 Chapter 3
In-situ TEM observations dual beam (He+/Kr2+) irradiation in the temperature range of 200-500
°C up to 5.4 dpa were conducted to examine the microstructure evolution and defect development
in X-750 spacer material. The conclusions are summarized as follows:
Simultaneous helium implantation led to production of cavities, the density and size of cavities
changed with irradiation temperature, irradiation doses and implanted helium concentration.
Increasing irradiation temperature and dose resulted in bigger cavity size and lower cavity density.
In addition, different types of both vacancy and interstitial type defects were observed; mostly SFTs
at lower irradiation doses and large dislocation loops such as Frank loops and perfect loops at higher
doses. Furthermore, the strengthening precipitate, γ'-phase, remained stable at higher radiation
temperature (400 and 500 °C); while, irradiation at lower temperature (200 and 300 °C) led to
disordering of γ׳-precipitates. Also, it was found that helium can affect the γ'-phase stability; indeed,
It made significant delay in γ ׳disordering process during dual beam irradiation compared to single
beam one.

8.3.2 Chapter 4
To trace more precisely the effect of simultaneous helium implantation during heavy ion irradiation
of Inconel X-750 on defect production as well as γ׳-precipitates stability, the ex-situ TEM
examinations were carried out on dual beam (He+/Ni+) irradiated material. The irradiation was
performed at 400 °C up to 1, 5 and 10 dpa. The effect of helium existence on delaying the instability
of γ'-precipitates was confirmed in this study. The disordering of γ׳-precipitates was detected at 5
dpa and increasing damage level to 10 dpa resulted in partial dissolution of the strengthening phase.
Furthermore, the effect of helium implantation on dislocation loop production was shown. The high
density of interstitial type Frank loops were detected after irradiation up to all doses.
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8.3.3 Chapter 5
The effect of γ'-precipitate instability on mechanical response of Inconel X-750 was explored
through nano-hardness measurements on the material irradiated at room temperature up to 0.1 and
0.7 dpa. The results clearly showed that the disordering of γ'-precipitate resulted in significant
reduction in hardness of X-70 alloy. The softening was attributed to elimination the effect of antiphase boundary mechanism which operates during deformation of ordered precipitates.
Furthermore, extra softening was found for irradiated material to higher dose (0.7 dpa). The crosssectional EDX analysis on irradiated material showed that the partial dissolution of γ'-phase at the
stopping peak area induced more hardness reduction in X-750 alloy.

8.3.4 Chapter 6
This chapter was dedicated to investigate the effect of helium existence as well as the radiation
temperature on the nano-scale mechanical properties of Inconel X-750. For this purpose, two
different irradiation procedures were performed; including single self-ion irradiation at 400 °C as
well as self-ion irradiation of previously helium implanted X-750 alloy at both room temperature
and 400 °C. The nano-hardness test results showed that helium-implantation leads to enhancement
the radiation-induced hardening through cavity generation and promoting the production of Frank
loops. In addition, it was found that changing the radiation temperature from room temperature to
400 °C would alter the mechanical response from softening behavior to hardening response. This
discrepancy was attributed to the instability occurred for γ'-phase at room temperature vs. staying
stable

at

higher

irradiation

temperature.

Indeed,

the

strength

reduction

due

to

disordering/dissolution of γ'-precipitates overcame the defect-induced hardening. Thanks to three
different obstacle-hardening models, the individual hardening contribution of radiation-induced
defects was estimated. Based on BKS model, the sessile Frank loops are the strongest barriers
following by cavities and the smaller defects. In addition, the ISE behavior of irradiated X-750
alloy at 400 °C compared to un-irradiated material. The results from employing NG model revealed
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that radiation-induced defects reduce the effect of ISE and even change the ISE behavior from
bilinear trend in un-irradiated to single-linear response in irradiated X-750 alloy.

8.3.5 Chapter 7
In this chapter two different materials, including ST X-750 without γ'-precipitate and PH X-750
with γ'-phase were prepared to examine the effect of precipitate existence on post-irradiation
mechanical behavior in Inconel X-750. The helium pre-implanted ST and PH materials were
irradiated by Ni-ions at room temperature and 400 °C. The results of nano-hardness measurements
showed that the mechanical response of the irradiated ST and PH at 400 °C materials are the same
and is irradiation-induced hardening. However, after irradiation at room temperature the PH X-750
showed softening behavior in contrast to ST X-750 material that depicted hardening response. This
difference was attributed to the γ'-precipitate instability occurred in PH material. The strength
reduction due to γ'-precipitate disordering and dissolution were calculated by considering the antiphase boundary and coherency strengthening mechanisms, respectively. Furthermore, the crosssectional TEM observation on post-indentation microstructure of irradiated and un-irradiated
material revealed that nano-twinning operates as the deformation mechanism in irradiated X-750;
while, in un-irradiated the deformation is accommodated by homogenous dislocation motion and
cell structure formation.

8.4 Future Works
This was the first time that the mechanical properties and microstructure of Inconel X-750
irradiated by heavy ion with and without helium pre-implantation have been investigated, and
as a result, there are many outstanding, open ended questions, which warrant continued
research to help explain. The work presented in this dissertation is only a small part of a large,
ongoing, industrial research program. There are some recommendations from this work have
been shared with related industry, which are introduced here as future works:
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1) The effect of helium on cavity nucleation and the mechanical properties in Inconel X-750
have been shown. However, in addition to helium, significant amount of hydrogen is
formed as a result of transmutation reaction within the X-750 alloy during service into the
CANDU reactor. Therefore, investigating the effect of hydrogen on mechanical response
and also cavity distribution may be valuable.

2) It was proved that the gamma-prime instability results in significant reduction in spacer
material strength. Hence, understanding the precipitate strengthening mechanisms through
observation the dislocation movement interaction with gamma-prime precipitate is crucial
in interpretation of the precipitate instability induced softening.

3) We used three different obstacle models as well as two models for ordering and coherency
gamma-prime strengthening to anticipate the radiation-induced strength changes in X-750
spacer material. The future work will be employing the same models for predicting the
yield strength variation in real spacer after neutron irradiation in the CANDU reactor based
on the microstructural observations after different time of service.

4) It was clearly shown that the irradiation-induced defects results in changing the
deformation mechanism during nano-indentation at room temperature from homogenous
dislocation movement to nano-twinning or localized deformation. However, to investigate
the step-by-step nano-twinning development as a function of imposed strain and irradiation
dose, the interruption tensile test on proton irradiated X-750 in future will be so helpful.
Also the interaction between nano-twins and radiation defects, particularly cavities may
help us to understand the failure mechanism much deeper.
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Appendix A
On the Room Temperature Deformation Mechanism in an Agehardened Ni-based Superalloy X-750

Transmission electron microscopy observation was carried out on deformed X-750 Ni-based
superalloy with spherical small γ'-precipitate at room temperature. The results showed that the
deformation is accommodated by the three different mechanisms. Anti-phase boundary (APB)
shearing of γ'-precipitates was detected by presenting the interaction of super-partial dislocation
pairs with the precipitates. In addition, significant number of isolated super-lattice stacking faults
(SSF) were observed within γ'-precipitates which revealed the operation of stacking fault (SF)
shearing mechanism. Furthermore, extended SFs which shear the both γ'-precipitate and γ-matrix
phase were presented which was attributed to the interaction of matrix Shockley partials to the γ'precipitate. Finally, as a quantitative analysis, the contribution of the γ'-phase on the strengthening
of X-750 alloy was estimated by considering the order and coherency strengthening mechanisms.

A.1 Introduction
Ni-based superalloys are structural materials with an excellent mechanical properties particularly
at elevated temperatures. Their high strength originates from nano-size coherent γ'-precipitates with
L12 long-range ordered structure [1, 2]. Quite a few studies showed that the size, volume fraction
and the shape of the γ'-precipitates significantly affect the mechanical properties of the superalloys
[3-5]. Therefore, the deep understanding of the precipitate deformation mechanism and the
interaction of deformation dislocations with the γ'-phase is essential. In this regard, FellerKniepmeier et al. [6] investigated the temperature dependence of deformation mechanism of γ'precipitates in a single crystal superalloy. They reported that APB shearing is dominant at low
deformation temperature (< 600 °C), stacking fault and APB shearing operate simultaneously at
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higher temperature (600-800 °C). Also, Fu et al. [7] studied the effect of precipitate size on
deformation mechanism in a Co-rich Ni-based superalloy at 500 °C. They showed that the increase
of precipitate size results in changing the deformation mechanism from APB shearing to stacking
fault and finally to Orowan bypassing mechanism. However, the major number of the studies
focused on deformation mechanism at intermediate/high temperatures in superalloys with a high
volume fraction of large size (> 50 nm) cuboidal γ'-precipitates. Of our particular interest is an agehardenable Ni-based superalloy X-750 with excellent corrosion properties and good mechanical
strength and ductility, making it suitable for use in nuclear reactors [8-10]. In this study, the γ'precipitate in age-hardened X-750 alloy has spherical shape with average size of 20 nm. Also,
considering the relatively lower volume fraction of γ'-phase in the experimental material of this
study, it is predicted that in addition to γ'-precipitate the matrix deformation mechanism play an
important role in mechanical behavior of X-750 alloy. Based on the discussions above, the aim of
this study is investigation the deformation mechanism in X-750 alloy at room temperature.

A2. Experimental
The experimental material was a Ni-based superalloy (Inconel X-750) with the chemical
composition of Ni-15Cr-7.3Fe-2.5Ti-0.68Al-0.99Nb-0.15Mn-0.067C (all in wt. %). The material
was solution treated at 1150 °C for 1 hour and then air cooled. The solution treated material was
60% cold rolled followed by recrystallization annealing at 960 °C for 10 minutes. Then,
precipitation hardening heat treatment was carried out at 730 °C for 16 hours. Dog bone samples
were prepared from the age hardened X-750 sheet. The sample geometry is 11.5 × 2.5 mm and the
thickness was mechanically ground to approximately 100 μm. Final thinning on the central part of
gage length to get electron transparency was achieved using a Tenupol-5 twin jet polisher with 10%
perchloric acid in methanol at a temperature of – 40 °C. In-situ TEM straining tests were conducted
at room temperature using straining holder in FEI Tecnai Osiris scanning transmission electron
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microscope (STEM) at an operating voltage of 200 kV. Post-mortem characterization with g.b
invisibility criteria was carried out to give detailed dislocation characterization. Towards this end,
3mm long strips containing the central section were cut out from the deformed samples so that they
could be fit into a double tilt holder.

A3. Results
The EDX analysis results show the microstructure of age hardened X-750 alloy is presented in Fig.
A-1. Strengthening phase γ'-precipitates with average size of 20 nm are distributed uniformly
within the γ-matrix phase. Fig. A-2a (multimedia view) shows the video captured during in-situ
straining which was recorded under weak beam condition. It is clear that dislocations movement
happens in pairs which indicates the APB shearing mechanism operates during room temperature
plastic deformation of X-750 alloy.

Figure A-1 EDX analysis of X-750 alloy before deformation
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In order to characterize the dislocation pairs and verify the APB shearing mechanism of γ'precipitates, g.b analysis was carried out on deformed sample (Fig. A-2b). Both dark field and
bright field weak beam condition were adopted close to [100] and [1 1̅0] poles using three different
g vectors due to have sufficient invisible conditions. The dislocation pair called A in Fig. A-2d is
̅ . Also the
visible under both [02̅0] and [2̅00] g vectors; however, it is invisible under [111]
dislocation pair named B is visible under [2̅00] and [111̅] g vectors and invisible under [02̅0].
Therefore, based on g.b table for FCC materials the A dislocation pair has
and the B dislocation pair has

1
2

1
2

[101] Burgers vector

[101̅] Burgers vector. The characterization reveals that the

following dissociation mechanism operates during APB shearing of γ'-precipitates in which a
superlattice dislocation is dissociated to two superpartials with APB in between.

̅𝟎𝟏] →
𝒂[𝟏

𝒂
𝟐

̅𝟎𝟏] + APB + 𝒂 [𝟏
̅𝟎𝟏]
[𝟏
𝟐

(A-1)

Post-deformation TEM observation revealed that aside from APB shearing mechanism the
deformation dislocation pass the γ'-phase through another mechanism.
Figure A-3 presents weak beam dark field and bright field micrographs using (200) reflection close
to [100] pole. The leading dislocation is passing the γ'-precipitates and leaving an isolated stacking
fault within the precipitates and a dislocation loop at the interface of γ'-phase and matrix. This
configuration is well consistent with Caron et al. [11] microstructural observation during creep
deformation of CMSX-2 superalloy at 760 °C. In this mechanism when one matrix perfect
dislocation encounters a γ'-precipitate, it is dissociated into two partials and leaving a superlattice
intrinsic stacking fault (SISF) based on the following reaction:
𝒂

𝒂

𝟐

𝟑

̅𝟎𝟏] →
[𝟏

̅𝟏
̅𝟐] + SISF + 𝒂 [𝟐
̅𝟏𝟏]
[𝟏
𝟔

(A-2)
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Figure A-2 Bright field and dark field TEM micrographs captured a,b,d,e) close to [100] pole and c,f) close to [1-10] pole,
showing dislocation pairs.
𝑎
The3 [1̅1̅2] is shearing the γ'-phase and the

𝑎
6

[2̅11] partial is forming a dislocation loop at the

interface of γ'-γ phases. Similar shearing mechanism was reported during room temperature tensile
deformation in M4706 with 240 nm size cuboidal γ'-precipitates [12].
In addition to APB and SISF mechanisms, TEM observations on deformed X-750 presents some
features related to other mechanisms including, some SFs within the γ-phase matrix and also some
extended SF passing both the γ-phase matrix and γ'-precipitates (Fig. A-4a and b). The individual
SFs marked with triangles in Fig. A-4a are forming due to matrix deformation. The similar
configuration was observed by Ma et al. [13] after creep deformation in a Ru-containing single
crystal superalloy at 950 °C. They proved that the matrix SFs is creating as a result of matrix perfect
dislocation dissociation. According to Fig. A-4a, the marked SFs are formed due to dissociation of
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a perfect dislocation on (1̅1̅1) plane into two Shockley partials with one SF in between based on
the following reaction:
𝒂

𝒂

𝟐

𝟔

[𝟎𝟏𝟏] →

̅𝟐𝟏] + SF + 𝒂 [𝟏𝟏𝟐]
[𝟏
𝟔

(A-3)

However, the extended SFs presents in Fig. 4b is not just due to matrix deformation. They created
as a result of shearing of both matrix and precipitates. This mechanism was observed and
characterized for the first time by Decamps et al. [14]. The shearing mechanism is originated from
the dissociation reaction showed in equation 3 in which the extension of SF is due to movement of
the

𝒂
𝟔

[112] Shockley partials of matrix. Indeed, after dissociation of a prefect loop to Shockley

partials, only one of the partials crosses the interface of γ-matrix and γ'-precipitate and forming a
complex stacking fault (CF). Then a new Shockley partial nucleates at the interface and reacts by
leading partial dislocation and as a result a SSF is formed within the γ'-precipitate.

Figure A-3 g/4g TEM micrographs showing a leading dislocation and isolated stacking faults with γ'precipitates.
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Figure A-4 Weak beam g/4g dark field TEM micrographs captured close to [110] pole, showing a)
matrix stacking faults and b) extended stacking faults shear both matrix and precipitates.

A4. Discussion
Although several mechanisms operate during deformation of X-750 alloy, the strengthening
contribution of γ'-precipitate comes from two main mechanisms.

The order strengthening

mechanism which originates from L12 ordered structure of γ'-precipitate and associates with
formation of APB on the slip plane on the precipitate. Shearing of γ'-phase via dislocation pairs as
is the microstructure feature for operating of order strengthening was presented in the results
section. The second mechanism is coherency strengthening which is due to interaction between the
stress fields of the coherent γ'-precipitate and the deformation dislocations. The following analysis
of the strengthening mechanisms was performed to determine the role of γ'-precipitate in
strengthening of X-750 Ni-based superalloy.
The quantitative theory of order strengthening was derived by Ardell [15] based on antiphase
boundary energy (γAPB) on the slip plane of the precipitate (Eq. A-4).
∆𝜎𝑂 =

𝑀𝛾𝐴𝑃𝐵 3𝜋 2 𝛾𝐴𝑃𝐵 𝑓𝑟 1
[(
)2 − 𝑓]
2𝑏
32𝑇

(A-4)
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where M=3.06 is the Taylor factor, b is Burgers vector, r = 10 nm the mean radius of precipitates,
f is the precipitate volume fraction (3-5%) and T is the line tension of a dislocation which is T =
μb2/2 [36].
Therefore, in order to measure the order strengthening contribution of the γ'-precipitate, it is needed
to determine the APB energy. The TEM observations on pair dislocation shearing the γ'-phase can
be used to calculate the APB energy according to the following equation.
𝛾𝐴𝑃𝐵 = √6

𝑇
𝑥

(A-5)

where x is the spacing between super-partial dislocations in a dislocation pair. Based on TEM
micrographs presented in Fig. A-2, the average spacing is 28 nm. Hence, the APB energy is then
approximately 210 mJ/m2 which is consistent with the results from Brown and Ham [16]. Using
constants and APB energy developed above, the increase in yield strength due to order
strengthening was estimated to be 180 ± 10 MPa.
The model for the estimation of coherency strengthening was proposed considering the misfit strain
(ɛ) at the interface of matrix and coherent precipitate [15] (Eq. A-6).
𝑟𝑓𝑏 1/2
∆𝜎𝑐 = 2 𝑀(𝜀𝜇)3/2 (
)
𝑇

(A-6)

where μ is the shear modulus. The γ'-phase misfit strain was accurately measured by Tiley et al.
[17] using X-ray diffraction techniques after similar solution treatment and ageing temperature and
time in Rene88DT Ni-based superalloy. Based on their estimation, the coherency strain after aging
at 760 °C and slow cooling is around 0.6%. Hence, the coherency strengthening contribution in
yield strength of X-750 alloy is calculated to be 400 ± 30 MPa.

A5. Conclusion
The room temperature deformation mechanism in X-750 Ni-based superalloy was investigated by
using TEM observations and the results can be wrapped up as follows:
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The APB shearing of γ'-precipitate operates during deformation through the movement of superlattice dislocation pairs with one SSF between them.
The stacking fault shearing mechanism in γ'-precipitate was detected by presenting isolated SF
within the precipitates. This mechanism explained by the dissociation of a perfect matrix
dislocation to the two partial dislocations, one of the shears the precipitate and the other one remains
at the interface.
The extended SFs showed that matrix Shockley partials with SF in between can cross the γ'-phase
with forming complex and super-lattice stacking fault within the precipitate.
The quantitative estimation revealed that the coherency and order strengthening of γ'-precipitate
have 400 and 180 MPa contribution in total strength of X-750 alloy, respectively.
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