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Abstract 

Inconel alloys are commonly used as structural materials in nuclear reactors. One of these 

alloys, the Inconel X-750, is a γ’ Ni3(Al, Ti) strengthened superalloy extensively used in 

the cores of reactors, such as spacers in CANada Deuterium Uranium (CANDU) fuel 

channels. Prior to their application in commercial reactors, accelerated irradiation tests 

had been conducted in liquid metal fast reactors. Results did not indicate any problem 

stemming from significant fast neutron irradiation. However, recently it has been found 

that the ex-service CANDU Inconel X-750 spacers became severely brittle after a lengthy 

exposure to reactor environment. The underlying mechanism remains unclear and thus 

forms the focus of this current investigation, predominantly through transmission electron 

microscopy (TEM). This dissertation unfolds with the literature review in Chapter 2, 

followed by presentation of novel techniques in Chapter 3 on the preparation of TEM 

samples from small reactor components, namely the spacers. Chapter 4 presents TEM 

characterizations of ex-service spacers removed from the reactors. To simulate neutron 

irradiation over wide temperature range in an effort to understand the damage 

mechanisms, heavy ion irradiations were conducted and reported in Chapter 5 and 6. 

Irradiations are found to significantly alter the stability of the primary strengthening 

phase γ’, a systematic experimental study of which is presented in Chapter 7. To fully 

understand the effects of transmutation produced helium on irradiation induced cavity 

and dislocation microstructures, TEM in-situ heavy ion irradiations with hot/cold pre-

injected helium were conducted and reported in Chapter 8 and 9. Helium was found to 

play an important role in the irradiation-induced instability of γ’ in nickel-based 
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superalloys, the discussion of which is presented in Chapter 10. As one of the most 

important defect structures induced from irradiation, the stacking-fault-tetrahedra, were 

dynamically observed and are described in a journal manuscript in Appendix A. In 

addition to broadening current understanding of material degradation mechanism for in-

service CANDU spacer, this study also provides comprehensive information on 

irradiation damage in nickel based superalloys, irradiation induced lattice defects and 

phase instability in face centered cubic alloys, as well as helium’s effects on cavity 

formation, dislocation evolution, and phase transformation.  
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Chapter 1 

General Introduction 

1.1 Nickel-based Superalloys in the Nuclear Industry 

Ni-based superalloys possess excellent mechanical strength and good creep properties in 

addition to oxide and corrosion resistance at high temperatures. In Ni-based superalloys, 

the main alloying elements include chromium, iron, molybdenum, cobalt, aluminum, 

titanium, boron, zirconium, niobium, etc., in which chromium has the effect on anti-

corrosion and anti-oxidation, while other elements have strengthening effect. In most 

cases, these superalloys indicate their remarkable high temperature strength due to the 

presence of γ’ (Ni3[Al, Ti]) and γ” (Ni3[Ti, Nb]) precipitates in their structure.  As such, 

Ni-based superalloys are used extensively in cores of nuclear reactors [1–4]. For instance, 

1
Inconel

®
 718 was successfully employed as bolts, grid spacers of fuel elements and 

springs in fission reactors [5]. Inconel 600 is used in 
2
CANDU

®
 reactors as a part of flux 

detectors [6]. Inconel X-750 is used for fasteners and centering pins in the cores of 

pressurized water reactors and boiling water reactors, and in CANDU fuel channels as 

spacers and also tensioning springs at the periphery of reactors [7].  

It is well known that in-reactor fast neutron irradiation causes damages through atomic 

displacement cascades, which results in formation of dislocation loops, cavities and other 

defects [8–12]. Evolution of the lattice defects, such as dislocation loops, can greatly alter 

                                                      

1  Inconel® is a registered trademark of Special Metals Corporation that refers to a family of austenitic nickel-

chromium-based superalloys. 
2 CANDU® is a registered trademark of Atomic Energy of Canada Limited standing for "CANada Deuterium Uranium". 
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the mechanical properties through hardening of the material and reduce ductility and 

fracture toughness [13–15]. The irradiation can also cause the material dimensional 

change due to formation of cavities [16–18]. Fast neutron irradiation can affect the 

stability of existing phases [19,20]. Equilibrium phases may dissolve via recoil 

dissolution and disordering during irradiation [21–26]. In Ni-based superalloys, 

irradiation may induce changes of the principal strengthening phase γ’, which can be 

significant to degrade the mechanical properties. Changes in other incoherent 

precipitates, such as MC and M23C6 type carbides that normally exist in austenitic nickel-

chromium-based superalloys, may also influence the material properties [27].  

Apart from fast neutron induced displacements, Ni-based superalloys are subjected to 

thermal neutron irradiation in thermal reactors such as the CANDU
 
reactor through (n, α) 

or (n, p) nuclear transmutations [28,29]. These nuclear reactions result in considerable 

concentrations of helium and hydrogen, which will additionally affect nucleation of 

cavities.  

Owing to the relevance to nuclear industry and engineering materials, the irradiation 

damage effects on structure and properties of pure face centered cubic (fcc) metals are of 

great interest and have been the subject of study for many years. However, there is still a 

lack of understanding of the basic mechanisms underlying irradiation induced damages in 

some commercial Ni-based superalloys such as Inconel X-750.  

1.2 Spacers in CANDU Fuel Channels 

The core of a CANDU reactor typically consists of a large, thin wall horizontally-laid 

calandria vessel that contains a few hundred horizontal fuel channels [30]. All channels 
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have the same design basically, including a pressure tube, a calandria tube, two end 

fittings and four spacers [30].  

 

Fig.  1-1 Schematic illustration of a CANDU fuel channel design [30]. 

As illustrated in fig. 1-1, a pressure tube is located inside each calandria tube. The Zr–2.5 

wt% Nb pressure tubes function to support and contain fuel bundles, and allow 

pressurized heavy water coolant to pump through the fuel bundles and take their heat. 

Their operational temperature is in the range of 170 ~ 250°C at the inlet, to 280 ~ 315°C 

at the outlet [30]. The calandria tubes made of annealed Zircaloy-2 are employed to 

insulate the pressure tube from the cold moderator (~ 80°C) [30]. The annular gap 

between the calandria tube and the pressure tube is filled with flowing CO2 for the 

purpose of detecting the presence of moisture if leaks develop [30]. Modern CANDU 

spacers are garter springs tight fitted onto the pressure tube. They provide support to the 
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hot pressure tube, separate it from the cold calandria tube and withstand the pressure tube 

from creep deformation.  

Fig. 1-2 presents servicing temperature range of the spacers, which is between 200°C and 

315°C [31]. The 40 coils at the bottom which are in contact with the calandria tube 

service at lower temperature. If the spacers do not function properly, contact of pressure 

tube and calandria tube would result and likely cause a pressure tube fracture due to 

thermal shock. Inconel X-750 is a γ’ precipitate strengthened Ni-based superalloy and is 

currently the preferred spacer material. The composition and heat treatment is listed in 

Table 1-1. 

 

Fig.  1-2 Schematic of spacer temperature range in service in the CANDU fuel channel 

(°C) [31].  
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Table 1-1 Chemical composition (wt.%) and heat treatments of Inconel X-750 spacer. 

Ni Cr Fe Ti Al Nb Mn C 

Bal. 15.0 7.3 2.5 0.68 0.99 0.15 0.067 

Heat treatments (AMS 5698): Solutionizing at 1093-1204°C for 15 mins, aging at 732±14°C for 16 hrs 

 

1.3 Motivations 

It has been found that the ex-service CANDU Inconel X-750 spacers became severely 

brittle and no longer function properly as planned over a long time reactor exposure [32]. 

The CANDU industry has initiated research to address the aging of Inconel X-750 

spacers in order to determine service conditions for risk assessment, to understand the 

conditions responsible for material degradation and to demonstrate fitness-for-service. To 

date, it is not well known what exact structures caused such embrittlement behavior after 

neutron irradiation. Preliminary investigations have indicated that he-induced cavities on 

grain boundaries may be important [33]. Thus it is urgent to investigate the irradiation 

induced phase transformation, lattice defect evolution, and cavity formation under the 

influence of transmutation productions, such as helium in the Inconel X-750 spacers. 

Understanding the problems is also significant for the modification and optimization of 

spacer materials in the current and next generation CANDU reactors.  

In order to simulate the neutron irradiation induced damage over a wide temperature 

range, heavy ion irradiation is employed instead of using reactor neutrons. The benefits 

of using heavy ion irradiation are obvious since no radioactive production is generated, 
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and it enables high dose rate, accurate control of experimental parameters and low cost. 

In-situ heavy ion irradiation coupled with transmission electron microscopy (TEM) is 

performed in our experiments, which allows dynamical observation of microstructure 

evolution under irradiation. Results of heavy ion irradiation are often comparable with 

fast neutron irradiation in reactor in terms of the accumulated displacement damage as 

represented by dpa (displacement per atom) [34,35]. On the other hand, in order to 

investigate effects of thermal neutron irradiation which causes transmutation reactions 

with products such as helium, helium
 
pre-injection and co-injection with heavy ions are 

performed. 

1.4 Objectives 

The current research aims to study irradiation damage of the Inconel X-750 spacers in 

CANDU reactor environment, to understand the material degradation mechanisms, and to 

make suggestions for future modification of spacer material. Specifically, the objectives 

are: 

1. To examine spacers removed from CANDU reactor cores using TEM and 

characterize irradiation induced microstructural changes. 

2. To develop methods of preparing TEM samples from small and highly radioactive 

reactor components. 

3. To simulate and study fast neutron irradiation induced damage with TEM in-situ 

heavy ion irradiation. 
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4. To understand the effects of temperature, dose, and dose rate on irradiation 

damage in Inconel X-750. 

5. To address the effects of impurity interstitials (helium) on irradiation induced 

phase changes, lattice defects and cavities by using helium pre-injection and co-

injection with heavy ions. 

6. To compare neutron irradiation with heavy ion irradiation, and also compare 

various helium injection methods, then propose the most effective method of 

simulating and studying irradiation damage in Ni containing components in 

nuclear reactors. 

1.5 Guide to Thesis 

The research in this dissertation will be presented in manuscript format. The nine 

individually published, submitted or will be submitted journal papers are included. 

Subsequently, the general introduction to this dissertation (Chapter 1) is intentionally 

kept brief. Each part of the work will be introduced individually in the following chapters.  

Chapter 2 comprehensively reviews radiation damage theories, research techniques, and 

relevant studies on irradiation induced defects, cavities and phase changes in fcc metals 

and alloys. 

Chapter 3 presents a novel method of preparing TEM samples from small reactor 

components (primarily used in current investigation) and a modified technique of 

preparing cross-section samples from heavy ion irradiated bulk metals.  
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Chapter 4 reports TEM characterization of microstructural evolution in Inconel X-750 

spacers removed from reactors after 14 effective full power years. Focus is given to 

analyses of irradiation induced defects. 

Chapter 5 presents simulation of fast neutron induced damage in Inconel X-750 spacers 

through application of TEM in-situ heavy ion irradiation. Systematic studies of 

irradiation induced phase change, lattice defects and cavities in temperature range from 

60°C to 400°C are reported. Effects of irradiation temperature, dose and dose rate are 

discussed. 

Chapter 6 provides a review of heavy ion irradiation induced damage in Inconel X-750 at 

elevated temperatures. This comprehensive study covers defect analyses, phase stability 

and cavity evolution. Comparison with neutron irradiation induced microstructures is 

made and discussed. 

Chapter 7 focuses on stability of γ’ precipitates in Inconel X-750 under heavy ion 

irradiation. Disordering and dissolution of the precipitates are characterized by applying 

TEM and scanning transmission electron microscopy (STEM) with energy-dispersive X-

ray spectroscopy (EDX) mapping. 

Chapter 8 reports simulation of fast and thermal neutron irradiation induced damage in 

reactors, first by applying helium pre-injection at room temperature, followed by TEM 

in-situ heavy ion irradiation at various temperatures. Effects of helium on microstructural 

evolution including cavities, defects, and phase stability are studied. 
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Chapter 9 studies effects of helium pre-injection temperature on cavity evolution in 

Inconel X-750. In this study, helium is pre-injected at elevated temperature (400°C) 

followed by heavy ion irradiation at various temperatures. Diffusion and sinks of helium 

of grain boundaries and phase boundaries are identified and discussed. Boundary changes 

under heavy ion irradiations are studied. 

Chapter 10 deals with the effects of helium on radiation induced instability of Ni3(Al, Ti) 

gamma prime precipitates in Inconel X-750 using TEM in-situ heavy ion irradiations 

with pre-injected helium as well as the ‘ChemiSTEM’ analysis. 

Chapter 11 generally discusses the work, emphasizes the main contributions of the 

research, draws conclusions from across the chapters and suggests further direction of 

exploration.  

Appendix A studies evolution of stacking fault tetrahedra (SFT) in Inconel X-750 under 

displacement cascade damage. The atomic displacement cascades induced SFTs are 

observed dynamically and video captured for the first time. Mechanisms for SFT 

evolution and annihilation are studied, which are crucial for understanding irradiation 

hardening. Temperature and dose effects are also discussed.   
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Chapter 2 

Literature Review 

The experimental work discussed in this dissertation employs heavy ion irradiation to 

study the irradiation response of CANDU spacer material Inconel X-750. This chapter 

reviews the fundamental theories of irradiation damage in metals in CANDU reactors, as 

well as ion irradiation methods to simulate neutron irradiation. The relevant research 

techniques, in-situ irradiation facility and electron microscopy are also reviewed. 

Pertinent studies on irradiation induced phase changes, lattice defects and cavities in face 

center cubic metals as well as helium effects on irradiation damage are summarized and 

discussed. 

2.1 Irradiation damage in metals 

Irradiation induced damage in metals can lead to material degradation in reactors and is 

thus not only of research interest but also of great practical importance. The radiation 

damage event is defined as the transfer of energy from an incident particle to target 

metals and the subsequent redistribution of metal atoms after completion of the event [1]. 

In this section, fundamental theories of irradiation damage, methods of calculation and 

quantification of damage, radiation enhanced diffusion and irradiation hardening effects 

in metals are reviewed. 

 Fundamental theories of irradiation damage in metals 2.1.1

Bombardments by energetic particles, such as neutron, electron and heavy ion irradiation, 

can cause displacement of atoms from their normal lattice sites within metals, resulting in 
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formation of vacancies and interstitials [1,2]. The displacements involve elastic and 

inelastic interactions between the incident particles and the target material atoms [1,3]. 

The number and distribution of defects strongly depend on the particle species as well as 

the energy of the projectile particles [4]. 

High energy electron (a few 100 keV) irradiation can generate individual point defects in 

metals, while irradiation of neutrons and heavy ions can generate displacement cascades 

[4]. Thus, rather than using high energy electron irradiations, heavy ion is preferred to 

emulate neutron irradiation [1]. Neutron or heavy ion irradiation induced displacement 

cascades are initiated by a primary knocked-on lattice atom (PKA), to which an amount 

of energy from the projectile particles much greater than the threshold of displacement is 

transferred [1]. The PKA becomes immediately ionized and dissipates its energy by 

excitation of electrons [1,3,4]. Energetic PKA can thus displace surrounding lattice atoms 

and produce a cascade through series of intensive collisions. After the collision stage, the 

cascades experience a high temperature status for hundreds of femtosecond. This high 

temperature localized zone is termed thermal spike. As collision energy will dissipate 

rapidly and the cascade eventually cools down, the debris of cascades leaves 

supersaturated vacancies and interstitials in the  localized zone [1].  

For a better understanding, a schematic two-dimensional illustration of a cascade in Cu 

created by a fast neutron is shown in fig. 2-1. A diluted zone with high density of 

vacancies is evident in the center. Frenkel pairs (self-interstitial atom and vacancy pair), 

Crowdion (elongated interstitials in the close packed direction), and focusing collision (a 

sequence of collisions in the close packed direction), are all present in the diagram. 



 

14 

 

Usually, the self-interstitial atoms do not occupy the specific interstitial positions which 

are octahedral or tetrahedral in the lattice. 

 

Fig.  2-1 A schematic two-dimensional diagram of a cascade in Cu created by a fast 

neutron [5]. 

The mass of the incident particles is immensely important for determining the amount of 

energy imparted to the PKA. As noted in  previous work, the energy transferred from the 

projectile particle to PKA in a binary collision (T) is given by [4]: 

max
1

(1 cos )
2

T T  
                                                       (2.1) 
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where θ is the scattering angle in a collision system. The maximum recoil energy (Tmax) is 

given as [4]: 

                                                

max
2

4( )

( )

mM
T E

m M


                                                (2.2)

 

where m and M are the mass of incident particle and the mass of PKA respectively, and E 

is the kinetic energy of the incident particle. Kinetic energy of neutrons from fission 

reaction range from 0.025eV (thermal neutron) to the order of MeV (fast neutron). For 

ion irradiations in the current study, incident particles include He
+
, Ni

+
 and Kr

++
 etc. Ions 

range and displacement per atom can be calculated using SRIM (Stopping and Range of 

Ions in Matter) code 2011. SRIM is an application package that can calculate ion stopping 

power, distribution, damage etc. [6]. 

 Stopping range calculation 2.1.2

Displacements produced by ions are different from those due to neutron irradiation. In 

addition to elastic collisions, ions lose energy through electronic excitations while 

traveling through lattice. The calculation of ion stopping range during irradiation 

basically determines the energy losses due to nuclear collision and electronic interaction, 

as a function of depth from incident surface [7–10]. Lindhard, Scharff and Schoitt (LSS) 

[8] and some others [9–13] studied the stopping cross section of energetic PKA from the 

Thomas-Fermi atomic model. The LSS theory introduces the following dimensionless 

groups for the case of ions colliding. The reduced energy (ε) is given by [8]: 
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                                                       (2.3)

 

where E is the kinetic energy of the incident particle; Z1, Z2 are the atomic numbers of the 

incident ion and the target atom; and a is the screening parameter utilized by LSS for 

scattering interaction given in Eq. (2.4) [8]. 

2 2 1

3 3 2
0 1 20.8853 ( )a a Z Z



 
                                                 (2.4)

 

where a0 is the Bohr radius. The reduced range (ρ) is given in Eq. (2.5) [8]. 

2

2
4

( )

m
a RNM

m M
  

                                                   (2.5)

 

where R is the range of incident particles, N is the atomic density.  

The electronic stopping power can be described by LSS as well if the ion velocity

' 2 2/3 10 1/2 3/2 1 27 2 1

1 1 1( / ) ( 4.8 10 , 1.05 10 )v v e h Z e g cm s h g cm s          . If the ion 

velocity is larger than 
'

1v , the Bethe-Bloch formula has to be applied to the electronic 

stopping [8,14]. SRIM 2011 package integrates all these atomic scale nuclear stopping 

calculations into a Monte Carlo simulation, which allows determination of ion 

distribution, penetration depth, ionization etc. [6].  

 Displacement damage calculation 2.1.3

The damage determination is to calculate the total number density of displacements in the 

material [7–10]. Norgett, Robinson and Torrens (NRT) [15] developed the most widely 
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used model, through modification of the earlier Kinchin-Pease model [16] and taking 

both the elastic collision and electronic stopping power into account. The number of 

displaced atoms dN  produced by a PKA with an energy T is given in Eq. (2.6) [15]. 

0

1 2

0.8 / (2 ) 2

d

d d d

d d

for T T

N for T T T

T T for T T




  
                                           (2.6)

 

where Td is defined as displacement threshold energy, meaning that lattice atoms can only 

be displaced by a PKA with energy greater than Td. By inputting the Td, SRIM 2011 can 

calculate the average number of displacements produced by a single incident ion, which 

can be used to calculate displacement damage by displacement per atom (dpa) in unit 

area with a given thickness. For heavy ion irradiation on pure Ni, Td = 40eV  is normally 

adopted [17–19]. 

Apart from the calculation error in the model, SRIM 2011 also has another disadvantage 

in that it cannot take into account the physical and chemical structure of the target, 

surface topography and target temperature. An additional drawback is the inability to take 

both the elastic and inelastic collision theories in the same run. However, it remains to be 

the most accurate and efficient method of evaluating ion behavior in solid matter.  

An illustration of SRIM calculation is shown in fig. 2-2 [20]. The damage profile is 

produced by 1 MeV Kr
2+

 ions injected into zirconium. Range of Kr ion with the given 

energy is ~352 nm. Damage in terms of dpa can be estimated using the following formula 

[30]: 
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810 D
dpa

N

  


                                                     (2.7)
 

where  is the fluence in ions·cm
-2

; D is the damage rate in vacancies/ion/Ǻ as obtained  

from SRIM; and N is the atomic number density in atoms/cm
3
. 

 

Fig.  2-2 (a) Damage profile of 1 MeV Kr
2+

 ions in Zr as calculated by SRIM. (b) Plot 

showing the range of ions in target [20].  

 Radiation enhanced diffusion 2.1.4

So far, we have discussed how the cascade can produce point defects, vacancies and self-

interstitial atoms. Fig. 2-3 presents a history of totally produced point defects [21]. If the 

irradiation is continuous, the supersaturation of vacancies and interstitials will continually 

replenish [1]. Apart from those lost inside cascades and mutually recombined outside of 

cascade, the replenishment of point defect results in their own continuous net flux to 

sinks such as grain boundaries and dislocations [22]. This net flux can lead to 
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segregation, disorder/ordering of ordered phase, and dimensional instabilities such as 

evolution of cavities [1].  

 

Fig.  2-3 History of point defects following creation in the displacement cascade [21]. 

Radiation enhanced diffusion has been well studied for a long time using chemical rate 

equations [22–24]. For the concentration of interstitials and vacancies, the equation is 

given in Eq. (2.8) and (2.9) [22]. 
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where is the cross section for producing Frenkel pairs,   is the ion flux, 0  is the 

capture radius for Frenkel pairs recombination, r is the atomic volume, ,v iD are the 

diffusivities of vacancies and interstitials, and ,j kK are the strengths of the various sinks 

for interstitials and vacancies. The atomic diffusion coefficient is thus given as Eq. (2.10) 

[22]. 

i i i j v vD f c D f c D 
                                                       (2.10)

 

where ,i jf are correlation factors of order unity. Comparing to quench induced point 

defects, the concentration of vacancies and interstitials under irradiation is much greater, 

and the radiation enhanced diffusion coefficients are much larger than the thermal one. 

During ion irradiations at low temperature, the migration of the defects is negligible and 

diffusion is controlled by irradiation [23]. With a temperature increase, diffusivity of 

point defects increases. The concentrations of vacancies and interstitials now depend on 

both production rate and recombination [1]. The point defects prefer to migrate to sinks 

rather than recombine at high temperature, so the defect concentration also increases. At 

even higher temperature, the defect diffusivity is higher but the number of sinks is 

limited. Thus, the diffusion coefficient is dominated by the sink density. For irradiation in 

the current X-750 alloy, many more complexities arise due to its inhomogeneity of 

structures, where the vacancy and interstitial mobility also depend on the local 

environment.  
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 Irradiation hardening 2.1.5

Energetic particles bombard the metals, usually leading to an increase in the yield 

strength as well as a reduction in ductility [25–31]. This is mainly  caused by production 

of various types of defects including dislocation loops, dislocation networks, small defect 

clusters, cavities and precipitates [25,27,29–32]. During the past years, two strengthening 

mechanisms, source hardening and friction hardening, have been extensively quoted. The 

former, which has been found in irradiated fcc and bcc metals, as well as unirradiated bcc 

metals, is required for the increase in stress to release a dislocation into its slip plane [33]. 

This stress is also called unpinning or unlocking stress. In irradiated fcc metals, 

irradiation-induced defect clusters in the area surrounding Frank–Read sources increase 

the stress required to permit source multiplication and to expand the loops [34]. Once the 

applied stress is sufficient to release the source, the moving dislocations can reduce the 

stress needed to continue the deformation and destruct the small clusters [33].  

Once dislocations are moving, the friction hardening dominates [34,35]. The stress 

required to maintain plastic deformation is usually termed friction stress or flow stress. 

Friction hardening is due to the impediment of dislocation motion by presence of 

radiation induced obstacles such as lattice defects and precipitates [35]. There are two 

types of stresses: short range, and long range stresses [34]. The former is caused by the 

interaction between moving dislocations and separate obstacles in the slip plane. The 

long range stresses have their origin of dislocation-dislocation interaction due to their 

local stress fields. In order to move the dislocation, the total applied stress required is 

given as [34]: 
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f LR SR
                                                                 (2.11) 

where 
f

 is the total applied friction stress and 
LR

 , 
SR

 are long range and short range 

stresses respectively. The short range stress 
SR

  is given by [34]: 

precipitates cavitiesSR loops     
                                        

 (2.12) 

where the terms on the right hand side corresponds to the short range contribution from 

the precipitates, cavities and loops respectively. 

It should be noted that the source itself cannot cause an effect without interacting with the 

lattice, due to the source length that would produce the recognizable critical shear stress 

being greater than the distance between defect clusters [34]. Consequently, there is no 

clear distinction between  source hardening and friction hardening [34].  

2.2 Neutron irradiation in CANDU reactors  

The CANDU reactor is one of the three major designs of commercial power reactor now 

used worldwide. It is a pressurized-heavy-water reactor, consuming natural uranium fuel 

and using heavy water (D2O) as both the moderator and coolant [36]. As the current study 

focuses on the irradiation damage of Inconel X-750 spacers in the reactor, it is necessary 

to state the profile of neutron irradiation in the reactor core. The maximum flux of fast 

neutrons emitted by fission from the CANDU fuel cluster is about 4x10
17 

n·m
-2

·s
-1

, E > 1 

MeV [36]. Post emission, the fast neutrons encounter collisions in the following order: 

first with nuclei in the fuel and cladding, then in the heavy water coolant, followed by the 
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pressure tube containing the coolant, the spacer, caladria tube and finally to the 

moderator [36].  

A given neutron on average collides only once with structure materials in a fuel channel 

before undergoing repeated collisions in the heavy water moderator. Prior to the first 

collision, a fast neutron is energized in the keV or MeV range [36]. By the time it 

impinges on a spacer, the neutron’s energy would have been reduced to thermal energy 

levels (E < 0.5eV) [37]. In the reactor core, radiation damage is primarily caused by fast 

neutrons [17,36]. However, displacement damage can also result from the thermal 

neutrons through interaction with structural elements, in particular Ni (~70 at% Ni in 

Inconel X-750) [36,38–40]. Thermal neutrons lead to damage predominantly through 

neutron absorption, causing nucleus transmutation and particle emission which produces 

displacement damage [38–40]. 

 Fast neutron irradiation induced damage 2.2.1

As aforementioned, atomic displacement damage in reactor core is largely caused by 

direct collisions between neutrons and component atoms, occurring in several stages. In 

Ni, the energy of an incoming neutron required to displace the Ni atom from its lattice 

site is the threshold energy, which is approximately 580 eV [19].  

While the energy of the incoming neutron is adequate (>>580 eV), the recoil energy of 

the PKA is transferred to nearby nuclei to produce further displacements (minus some 

lost as heat) [5]. The accumulated irradiation induced displacements is highly dependent 

upon the incident energies of the neutrons, which may span ten orders of magnitude in a 
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thermal reactor: from 0.0001eV to 10 MeV [36]. The neutron irradiation is varied with 

the location of material components in the reactor. On average in CANDU fuel channel, 

each Ni atom in the spacers will be displaced approximately once per year by fast 

neutrons, equivalent to a total contribution of approximately 25 dpa in a CANDU spacer 

by end of its service life [36].  The damage is augmented with a presence of thermal 

neutron irradiation.  

A collision cascade develops rapidly which can involve up to thousands of displacement 

events, depending on recoil energy of the initial PKA [5]. Recombination of displaced 

atoms with vacancies then occur right after, which depends on the irradiation 

temperature. Two regimes with respect to temperature are normally considered, 

recombination-dominated regime and sink-dominated regime [24,41]. The former refers 

to the possibility of total recombination at low temperatures, or with very high point 

defect sink densities. However, most engineering alloys assume a regime at typical 

reactor operating temperatures, where the two types of point defects can migrate to 

separate sinks (sink-dominated regime) [24,41]. As a result, irradiation falling in different 

regimes cause different defect morphologies. 

 Irradiation effects from thermal neutrons 2.2.2

Comparing to fast neutron irradiation induced damages, displacements caused by thermal 

neutrons are usually of negligible importance. However, for components containing Ni, 

absorption of thermal neutrons will cause transmutation and must be noted [17,42–44]. 

Absorption of a thermal neutron by 
58

Ni leads to transmutation into 
59

Ni, as shown below 

[36,39,40,43]: 
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58
Ni + n → 

59
Ni + γ                                                (2.13) 

Because  the 
59

Ni cross-sections  for  absorption  of  thermal neutrons are very high, the 

damage caused by particle emission and recoil due to the (n, α), (n, p) and (n, γ) reactions 

becomes much more significant once 
59

Ni has been accumulated close to “steady-state” 

levels (~4% 59Ni) after 3 to 4 effective full power years. The subsequent (n, γ), (n, p) and 

(n, α) reactions are shown below [36,39,40,43]:
 

 

59
Ni + n → 

56
Fe + 

4
He                                          (2.14) 

59
Ni + n → 

59
Co + H                                            (2.15) 

59
Ni + n → 

60
Ni + γ                                             (2.16) 

These reactions produce both charged particles and heavy atomic recoils, leading to 

radiation damage. For instance, the (n, α) reaction with 
59

Ni produce a total damage 

energy of 176.2 keV per neutron captured, and subsequently a total number of 1762 

displacements per neutron captured [45]. The hydrogen and gamma reactions can 

produce 222 and 4.9 displacements respectively [37]. The damage caused  by  (n, α) 

transmutation is an insignificant  contribution  to  the  total  dpa (~35 dpa compared to 

~60  dpa  total  at  the end  of  spacer  life). There is also a high production rate of helium 

by 
59

Ni (n, α) transmutations (approximately 300 appm He/dpa) [36]. There is a total of 

18,000 appm helium accumulated by the end of life of the CANDU spacer, which greatly 

affects the defect morphology, phase segregation and therefore its mechanical properties 

[36]. 
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 Simulation of neutron irradiation damage with charged particles 2.2.3

Since the 1960s, irradiation with charged ions has been utilized to simulate in-reactor 

neutron irradiation damage [27,46–53], due to several advantages: 1. no radioactivity, 2. 

high dose rate (saving irradiation time and achieving high dose), 3. more accurate 

control/monitoring of parameters, and 4. cost effective. Ion irradiation was initially 

developed for the purpose of addressing issues such as irradiation induced microstructure 

change in pressurized water reactor (PWR) vessel steels and Zircaloy fuel cladding, as 

well as other problems such as irradiation assisted stress corrosion cracking [21,54,55]. 

Not only emulating the effect of neutrons, ion irradiation is also employed to understand 

basic radiation damage processes in a controlled way, for which neutron irradiation is 

hard to approach [54]. 

Control/monitoring of temperature, dose rate and total dose level is easier with ion 

irradiation, while it is a challenge in reactor irradiations. During reactor irradiation 

experiments, neutronic models are usually applied to determine doses and dose rates, 

most of which are not verified [55]. Furthermore, design and operation of experimental 

instrument with accurate temperature control in a reactor environment is always a 

challenge. In addition, the γ-ray heating effects cause local temperature change with  flux, 

adding to the difficulty in identifying the precise irradiation conditions [54]. Ion 

irradiations can overcome these drawbacks of neutron irradiation, and hence possess the 

advantages of better control and verification of irradiation conditions [54,55]. There have 

been numerous experiments on ion irradiation conducted in the last few decades. Fig. 2-4 

and 2-5 present a direct comparison of the same material under proton and neutron 
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irradiation respectively at similar temperature and dose [56]. Fig. 2-4 (a) shows the 

comparison in dislocation loop size distribution and fig. 2-5 shows the size and number 

density of dislocation loops, for 304 and 316 type stainless steel. To some extent, 

measurements of proton irradiation induced defects show good consistency with neutron 

irradiated material, with only slight differences observed. The noticed difference in loop 

density, which is driven by in-cascade clustering, is probably due to the temperature 

effect. Also, sizes of cascades from proton irradiation are much smaller than those from 

neutron irradiation, which may be another reason. Fig. 2-5 compares irradiation 

hardening in term of yield strength change between the two types of irradiation. The ion 

irradiation also shows good agreement with neutron irradiation.  
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Fig.  2-4 Comparison of dislocation microstructures under proton and neutron irradiation 

in 304 and 316 stainless steel. (a) loop size distribution, (b) loop diameter and number 

density [56]. 



 

29 

 

 

Fig.  2-5 Comparison of irradiation hardening in (a) 304, (b) 316 stainless steel, under 

proton and neutron irradiation [56]. 
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 Comparison of electrons, protons and heavy ions 2.2.4

When attempting to emulate neutron irradiation effects, bombardment with different 

species of charged particles are usually considered. The different particle species present  

their own advantages and disadvantages [34,55–57]. Comparison of different damage 

morphologies with various bombarding particles at the same energy level is illustrated in 

fig. 2-6 [1]. In electron irradiation, particle energies are normally limited to 1 MeV [58–

61]; while being sufficient for producing isolated Frenkel pairs in transition metals, it will 

not produce atomic displacement cascades [57]. For proton irradiation, due to the small 

mass of proton compared to heavy ions, its recoil energy is low [56]. Thus, the resulting 

damage morphology is defined by smaller, more widely spaced cascades compared to 

heavy ions or neutrons [56]. However, since the Coulomb barrier for light elements is 

only a few MeV , in order to avoid radioactive production then there is a limitation of 

proton energy that can be applied [34]. In heavy ion irradiation, because mass of the ions 

is large and energy is in the few MeV range, dense cascades can be produced efficiently, 

similar to those produced by neutrons [55].  

Table 2-1 delivers a more comprehensive comparison of advantages and disadvantages 

for each of the three commonly considered particle species: electrons, heavy ions and 

protons [34]. Electron irradiation can be easily conducted in a high voltage transmission 

electron microscope, using either a thermal filament or a field emission gun as ion source 

[53,60,61]. This confers an immense advantage, that being the same instrument used for 

irradiation damage can also be used to image the damage structures simultaneously [61]. 

Another advantage is that a very short irradiation time is required due to the high dose 
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rate which can be achieved [53,60–63]. On the other hand, several disadvantages to 

electron irradiation should also be noted. The most serious drawback is perhaps the 

Gaussian shape of the electron beam, which can result in large dose rate gradients across 

the irradiated region [34]. Another artifact is that electron irradiation can exaggerate 

enrichment and depletion of alloying elements along grain boundaries [33]. 

Heavy ion irradiation presents the benefit of high dose rates, resulting in accumulation of 

high doses in short durations [47,52]. A major disadvantage is the shallow depth of 

penetration, and the presence of a dose rate gradient over the penetration depth 

[49,64,65]. As such, errors (as small as 500nm) made in the observation region can result 

in a dose that varies by a factor of two from the target value [34,66]. In addition to the 

defects they produce, each injected particle (except self-ions) constitutes an interstitial, 

which will cause local chemical composition change while the material is irradiated to 

high dose [34,66]. Another drawback is, the dose rate effect, which is also present with 

electron irradiation [44,50,67,68]. The high dose rates means large temperature shifts are 

possible. For example, irradiations must be conducted at temperatures ∼650°C, in order 

to create similar effects as neutron irradiation occurring at ∼400°C [50]. However, 

irradiation at 650°C will result in unexpected annealing effects in materials. Furthermore, 

the interstitials constituted from implanted ions near damage peak lead to a reduction of 

the void growth rate [66]. One example is illustrated in fig. 2-7, which shows the 

transmission electron microscopy (TEM) observed cross-section microstructure of nickel 

irradiated at 450°C with 14 MeV Ni ions to a fluence of 5×10
19

 m
-2 

[66]. Noticeable 

suppression of void nucleation and growth can be observed at the injected ion region. Fig. 

2-8 presents measurement of void number density against implantation depth in nickel 
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irradiated at 425 and 450°C with 14 MeV Ni ions to a fluence of 5×10
19 

m
-2 

[66]. 

Observable reduction of visible voids is noticed in both temperatures close to the damage 

peak. The main reason is the recombination of irradiation induced vacancies which could 

sink to form voids with the injected Ni interstitials [66].  

 

Fig.  2-6 Difference in damage morphology, displacement efficiency and average recoil 

energy for 1 MeV particles of different type incident on nickel [1].  

Proton irradiation overcomes some drawbacks of electron and heavy ion irradiation [56]. 

At only a few MeV, the penetration depth can exceed 40μm, and since the damage profile 

is relatively flat the dose rate stays comparatively constant, varying by less than a factor 

of 2 throughout the depth [56]. Furthermore, the depth of penetration is sufficient for 

assessments of certain properties, such as stress corrosion cracking through crack 
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initiation tests (eg. slow strain rate test), and irradiation hardening through microhardness 

measurements [56,57]. The dose rate for proton irradiations is 2 to 3 orders of magnitude 

lower than that for electrons or ions but still 10
2
 to 10

3
 times higher than neutron 

irradiation [56,57]. Thus, modest doses are achievable in a reasonably short irradiation 

time. 

Table 2-1 Pros and Cons of irradiation with various particle types [34]. 
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Fig.  2-7 Cross-section TEM microstructure of nickel irradiated at 450°C with 14 MeV 

Ni ions to a fluence of 5×10
19

 m
-2

, showing void nucleation and growth suppressed in the 

implanted ion region [66].  

 

Fig.  2-8 Measurement of void number density against implantation depth in nickel 

irradiated at 425 and 450°C with 14 MeV Ni ions to a fluence of 5×10
19

 m
-2 

[66].  
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Simulation of neutron irradiation with charged particle bombardment has another 

disadvantage, which is the lack of simulation of possible transmutation reactions during 

neutron irradiation [54–57]. As discussed in section 2.2.2, one of the most important 

reactions is the production of helium from Ni transmutation in a thermal reactor. The 

helium can largely affect the microstructural evolution and phase stability, but it cannot 

be simulated by ion irradiation directly. Irradiation with very high energy protons such as 

by 590 MeV proton in cyclotron of Paul Scherrer Institute (PSI), can produce this 

transmutation [19,54]. However, the reaction rate is much lower than in the thermal 

reactor [19,54] More importantly, the high energy proton irradiated samples is highly 

radioactive, causing difficulty in handling and characterization [19]. 

 TEM In-situ irradiation with heavy ions 2.2.5

As aforementioned, it is difficult to produce neutron beams with sufficiently high flux 

and under controllable experimental parameters; as well, each of the three different 

charged particles (electrons, protons and heavy ions) possesses recognizable 

disadvantages. For example, electron and proton irradiation may not produce cascades 

with size similar to those produced by fast neutron. Heavy ions can produce large cascade 

but the penetration is rather shallow and the injected ion interstitials may affect 

structures. Consequently, modified irradiation technique is necessary to be considered.   

TEM with in-situ heavy ion irradiation has been developed as a unique method to observe 

the nanoscale microstructural change of materials simultaneously with irradiation 

[46,47]. Presently, TEM with in-situ heavy ion irradiation is primarily utilized for 

investigation and development of material for the nuclear industry [46,47]. The facility 



 

36 

 

consists of a transmission electron microscope interfaced to one or more accelerators. 

One example of the structure of the interface inside a TEM is illustrated  in fig. 2-9 [46]. 

Electrostatic deflection of the ion beam is applied to guarantee an appropriate injection 

angle. The typical sample used in TEM in-situ heavy ion irradiation is prepared as a 3 

mm thick disc. Thickness of the observable area is approximate 100 nm [20,49,69,70]. 

Energy of heavy ion beams used in the experiment is commonly 1 MeV or above [46]. 

Thus, most ions can produce cascade damage and penetrate the electron-transparent area, 

which overcomes the drawback of small penetration depth and the effect of injected ion 

interstitials. In order to simulate the transmutation-produced helium or hydrogen, 

implantation of helium or hydrogen using low energy ions prior to the in-situ heavy ion 

irradiation can be utilized [46,71,72]. Another method is to carry out TEM in-situ 

irradiation with dual ion beams (heavy ion and helium/hydrogen beams) [73,74]. As the 

irradiation occurs within the column of the TEM, the experimental parameters such as 

temperature and mechanical loading are controllable by using specially designed sample 

holders [46]. The dose rate can also be controlled by monitoring beam current. More 

importantly, TEM with in-situ heavy ion irradiation has the same advantage  as 

conventional electron irradiation, which is the dynamical observation [46,47,53]. This is 

very conducive to studying irradiation induced microstructures and understanding the 

atomic displacement process. 

Although this technique has been reported as early as the 1960s, there are only a limited 

number of operational TEMs with in-situ ion irradiation presently operational, due to the 

technical challenges and high expenses associated with developing and maintaining the 

facilities [46]. Table 2-2 lists all operational facilities at the moment [46]. In this study, 
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TEM with in-situ ion irradiation instead of traditional ion irradiation is primarily 

employed in bulk materials. The investigation was mainly carried out at IVEM-Tandem 

facility at Argonne National Laboratory Complementary  investigations were carried out 

at JANNuS facility of Centre de Spectrométrie Nucléaire et de Spectrométrie de Masse 

(CSNSM), France.  

The IVEM-Tandem facility at Argonne National Laboratory consists of a 300 kV Hitachi 

9000 NAR TEM interfaced to Tandem ion accelerators with the ion beam entering at 30° 

to the electron beam (Fig. 2-10 Left) [47,53,61]. The JANNuS facility at CSNSM 

includes a 200 kV FEI Tecnai-200 with two ion beam lines (the IRMA and the ARAMIS) 

interfaced to the electron beam at 68° (Fig. 2-10 Right) [73,74]. 

 

Fig.  2-9 An illustration of the ion beam interfaced to TEM, as implemented at the 

University of Salford, UK [46]. 
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Table 2-2 TEMs with in-situ ion irradiation operational in 2009 [46]. 

 

       

Fig.  2-10 TEM with in-situ ion beam facilities. Left: Single beam IVEM-Tandem at 

Argonne National Laboratory; Right: Dual beam JANNuS facility at CSNSM [46]. 
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2.3 Electron microscopy 

TEM is widely used to investigate irradiation induced microstructural changes. Special 

techniques to accommodate irradiation induced structures are introduced in this section. 

 TEM sample preparation 2.3.1

Quality of TEM samples can essentially affect the characterization of irradiation damage. 

In the current study, TEM with in-situ ion irradiation is employed to study the irradiation 

damage in Inconel X-750 spacers. Therefore, preparing high quality TEM samples free of 

specimen artifact is crucial, but is also one of the most difficult steps in electron 

microscopy. Amongst all possible sample preparation methods, electrolytic polishing is 

generally preferred  to others, such as ion milling and focused ion beam (FIB) milling, 

with respect to minimizing the possibility of artifacts [75–77]. It has been reported that 

the ion beam milling may introduce unpredictable damage to the material, such as an 

amorphous surface layers, which can affect characterization of irradiation induced 

damage [78]. Although electropolishing can avoid unexpected irradiation damage, the 

technique can also introduce other artifacts, to which attention needs to be paid. Typical 

electropolishing technique includes sample cutting, mechanical thinning, 3 mm disc 

punching, electro-chemical polishing, and washing [77]. The objective of the polishing 

process is to finally produce a flat, thin, clean foil with a thickness of approximate 100 

nm around the observable area. Even when this can be achieved, other artifacts such as 

sample bending, surface oxidation and hydrogen pick-up may also occur. Sample 

bending can be avoided by slightly increasing polishing time, which removes very thin 

and bent part but produces a larger hole with thicker observable area [77]. Samples with 
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surface oxidation typically present narrow fringes in TEM, which cover most of the 

irradiation induced features. An example is shown in fig. 2-11 [77].  For materials that 

can be easily oxidized, handling of materials in a plastic bag with Ar gas protection has 

proven helpful [77]. For materials with problems of hydrogen pick-up, such as zirconium 

and its alloys, electropolishing at very low temperature with low voltage might be useful 

[79]. 

 

Fig.  2-11 Ion-irradiated pure Fe specimens polished under the same conditions. (Left) 

shows a well-polished specimen with a high-quality surface and (Right) shows a poorly 

polished specimen with surface oxide [77]. 

It should be noted that all in-situ irradiations are performed on TEM thin foils, where the 

foil surface may act as a sink for vacancies, vacancy clusters and mobile vacancy type 
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defects [1,19]. Thus, characterization of irradiated bulk materials is necessary to verify 

the in-situ irradiation results. Electropolishing bulk materials irradiated with heavy ions 

(with an ion penetration depth only a few μm) is always a challenge. Apart from back 

polishing (detailed by Yao et al [77]), the cross section preparation technique described in 

fig. 2-12 can best meet the requirements [80]. 

 

Fig.  2-12 A schematic representation of the cross section sample preparation procedure 

[80]. 

In this technique, Ni is electroplated from both side of the irradiated foil (100μm) to a 

total thickness of 3mm. Wood’s strike is used for material surface activation. Watts Ni 

solution is used for electroplating. After that, the cross section is sliced with low speed 
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diamond saw in a direction normal to the foil surface and then electropolished using a 

twin jet electropolisher. Fig. 2-13 shows an example TEM micrograph taken from cross 

section samples prepared using this technique [80]. The damage profile from the 

irradiated surface can be imaged. 

 

Fig.  2-13 A micrograph of a nickel sample irradiated at 525°C with 19 MeV copper ions 

to a fluence of 5×10
15

 ions/cm
2
 and prepared in cross section [80]. 
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 TEM observation methods 2.3.2

In TEM, there are a few contrast techniques available for imaging, such as phase contrast, 

structure-factor contrast and diffraction contrast [81–83]. 

Phase contrast 

The specimen introduces local variations in the phase of the electron wave, which are 

converted into amplitude variations produced by the microscope. By changing the 

focusing condition, phase contrast is under control. An example is the imaging of cavities 

in out-of-focus conditions (Fresnel contrast) [82,83]. 

Structure-factor contrast 

The local damaged regions, such as cavities, disordered zones and amorphous zones, 

have different structure factors (and also different extinction distances) with the 

surrounding matrix (perfect crystal), and thus can give structure factor contrast. This 

technique can be utilized to image cavities and amorphous zones under in-focus condition 

due to the existence of localized thickness variation to matrix [82,83]. 

Diffraction contrast 

Diffraction (or strain) contrast is the most commonly used mechanism for 

characterization of irradiation induced defects [82,83]. Well-defined diffraction condition 

can be achieved by setting the objective aperture to form an image using one of the 

transmitted or diffracted beams. In diffraction contrast, defects are imaged due to the 

existence of elastic strain field around them which leads to local changes in diffraction 
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conditions [82,83]. There are three commonly used diffraction conditions in radiation 

damage study: two-beam dynamical bright field, two-beam kinematical bright field, and 

weak beam dark field diffraction conditions [82,83]. Schematic illustration with Ewald 

sphere construction is presented in fig. 2-14 [81]. The reciprocal lattice vector g is 

equivalent to the diffraction vector in the diffraction pattern joining (000) to (hkl). The 

deviation parameter sg is the distance from diffraction vector g to the Ewald sphere in the 

direction of the normal of the foil.  

Two-beam dynamical bright field can be attained by tilting the foil to diffracting plane 

(hkl) at or close to the Bragg condition. In diffraction pattern, brightness of spot g 

typically has intensity close to the transmitted spot, and is thus called two-beam condition 

[81,82]. Under this condition, the contrast is relatively sensitive to weak strain contrast. 

Consequently, two-beam dynamical bright field condition is beneficial to characterize 

long range elastic strain field of some clusters such as dislocation loops and some 

precipitates [81,82]. An illustration of two-beam dynamical bright and dark field 

condition is shown in fig. 2-15 (a) and (c). 

Two-beam kinematical bright field is employed when there is a desire to avoid the strong 

dynamical background contrast as shown in two-beam dynamical conditions. This 

condition can be set up by tilting the foil to make a small positive deviation parameter sg 

[81,82]. As such diffracting plane (hkl) is far away from the Bragg condition and the 

image loses its dynamical features. Due to the suppression of background contrast, small 

lattice defect is much more visible. This condition is usually used to image small loops as 

well as small cavities, as in dynamical condition, and their contrast may be hidden by 
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strong background contrast [81,82]. An illustration of two-beam kinematical bright field 

condition is shown in fig. 2-15 (b).  

Weak beam dark field are dark-field images obtained using a weakly-excited g. The sg is 

large and diffraction plane is well away from the Bragg condition. Under weak beam 

condition, the contrast of defects arises from regions of strong lattice strain close to the 

their cores[81,82]. Because it is far away from the Bragg condition, the matrix contrast is 

very low but the strain field close to the cores of defects may bend the reflection planes 

toward Bragg condition and make them show bright contrast. If the foil is tilted to a 

condition such that the ng cut the Ewald sphere, the condition is called g/ng weak beam 

dark field [81,82]. Larger number of n implies weaker excited beam. An example of g/3g 

weak beam dark field condition is shown in fig. 2-15 (d). Weak beam dark field condition 

shows more details and better contrast for observations. Thickness contours arising from 

the elastic strain fields around the edge of the hole under weak beam dark field condition 

can be used to measure the thickness of the area, which is used to quantify the damage 

data [19]. 
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Fig.  2-14 Schematic representation of conditions used in diffraction contrast of the 

different diffraction imaging: (a) 2-beam dynamical, (b) 2-beam kinematical, (c) weak-

beam. In each case the Ewald sphere is sketched on the left-hand side, and a schematic 

diffraction pattern (DP) showing the position of the relevant Kikuchi lines on the right. 

The curvature of the Ewald sphere is exaggerated for clarity. The open circle represents 

the objective aperture [81]. 
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Fig.  2-15 Images taken by using different diffraction conditions in precipitation 

hardened Inconel X-750. a) Two-beam dynamical condition, the small circular features 

are γ Ni3(Al, Ti) precipitates, b) two-beam kinematical condition, c) center dark field 

condition, d) g/3g weak beam dark field condition. 
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 Determination of defect nature 2.3.3

After capturing the defects in TEM, determination of whether the clusters consist of 

interstitials or vacancies is of great interest and is important for understanding the 

damage mechanism. Inside-outside determination of loops nature is considered to be a 

reliable and established technique [82]. The application of inside-outside technique in 

determination of edge-on loops nature is schematically illustrated in fig. 2-16 [82]. 

Practically in TEM, Burger vector b of a loop can be determined by conventional g·b 

analysis, two g vectors (+g and -g) are then chosen for imaging. If inside contrast arises 

when (g·b)sg<0, outside contrast when (g·b)sg>0, then the loop is interstitial type in 

nature. Opposite result implies the loop is of the vacancy type. It is believed only loops ≥ 

30 nm can be characterized by the inside-outside method while using conventional bright 

field kinematical condition, however small loops down to 5 nm can be examined under 

weak beam dark field condition [82]. 
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Fig.  2-16 Schematic diagrams showing the principle of the inside–outside technique for 

loop nature determination. An inclined interstitial loop with diffracting planes (faint 

lines) is shown in (A) with the sense of plane rotations indicated in (B). The same is 

shown for an oppositely-inclined vacancy loop in (C) and (D). The position of the image 

contrast with respect to the projection of the loop dislocations is shown in (E) and (F) for 

the diffraction conditions shown in (G) and (H), respectively. In (H) the sign of g is 

reversed, but in both (G) and (H) sg is positive. Inside contrast results when clockwise 

rotation of the diffracting planes brings them into the Bragg condition (G). Outside 

contrast results for counterclockwise rotation (H). Everything is reversed if the loops are 

oppositely inclined with respect to the electron beam, or if sg is negative [82].  
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2.4    Irradiation induced phase transformation 

During the past decades, a great deal of experimental and theoretical research has been 

directed towards a basic understanding of irradiation induced phase transformation 

[58,84–92]. Irradiation up to normal reactor fluences generally alters the stable or 

metastable phases and thus the mechanical properties. In alloys, the strain fields around 

coherent precipitates are known as variable bias sinks, which can trap vacancies and 

interstitials. For age hardened Inconel X-750 alloy, the γ’ Ni3[Al, Ti] precipitates are 

coherent with the γ matrix with an approximately 0.5% lattice misfit [93]. Since γ’ is the 

principal strengthening phase, any change due to irradiation will not only alter the 

mechanical properties but also change other kinetic processes by affecting diffusivity of 

the point defects and solutes [1]. During neutron or heavy ion irradiations, both enhanced 

diffusion owing to supersaturated point defects and ballistic mixing  can cause a phase 

change [94]. In some cases, the ballistic mixing alone can result in precipitate dissolution 

and disordering. However, at high temperatures, competition may arise from thermally 

activated diffusion which may lead to recovery of precipitates to an equilibrium state 

[85]. The competition may depend on the dose rate, relative intensity, and sizes of the 

precipitates [85,88]. Previous experimental work and theoretical models were limited to 

model alloys such as Cu3Au and Ni-Al [95–97], and no published work was found on 

phase changes in commercial Ni based Inconel alloys so far. 

 Previous experimental results 2.4.1

Although only limited experimental results in commercially available X-750 superalloys 

have been reported, irradiation induced phase change for L12 ordered precipitates in other 



 

51 

 

alloy systems have been extensively studied [85,89,91,98,99]. English and Jenkins [99] 

observed fast neutron irradiation induced disordering zones in L12 ordered Cu3Au at 

liquid helium temperature, with similar results noted under 3.5 MeV proton irradiation at 

room temperature [99]. Kirk et al. [98] reported disordering of L12 ordered Ni3Mn under 

thermal neutron irradiation at 5 K. Effect of the irradiation temperature on the stability of 

L12 ordered precipitates in Ni-Al model alloy has been systematically studied 

[84,85,88,89,91,100–103]. These γ’ Ni3Al precipitates are formed by ageing prior to 

irradiation and thus are thermodynamically stable. Nelson et al. [85] found that during 46 

MeV Ni+ irradiation on both Ni-Al alloy and nimonic PE16 (Fe rich Fe-Cr-Ni based 

alloy with Al and Ti addition) at relatively low temperature, the γ’ precipitates became 

disordered and then dissolved. Bourdeau et al. [30,63] then reported similar findings on 

heavy ion irradiated PE16. They believed that this was because at low temperatures the 

ballistic mixing dominated and overwhelmed. They proposed further that, with 

temperature increasing above a “critical irradiation temperature”, precipitates might 

remain stable or even grow, contributing to radiation enhanced thermal diffusion. It is 

also reported that at intermediate temperatures, the initial precipitates shrink while 

keeping a homogenous distribution [91]. In order to approach a stable equilibrium state, 

the sizes of precipitates should either coarsen by Oswald ripening or dissolve entirely 

[104]; thus that the precipitates shrinking  in size is apparently indicative of a metastable 

equilibrium. Some models have been applied to study this phenomenon, but are not well 

validated [84,85,88,101]. For determination of the “critical irradiation temperature”, as 

shown in Fig. 2-17, Camus and coworkers reported in PE16, using field ion microscopy 

(FIM) with atom probe and TEM diffraction pattern analysis, that at temperatures below 
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/o d

cT = 540K, the precipitates became disordered within 0.1 dpa and dissolved in the 

disordered state, while at a temperature above 
/o d

cT but below 
diss

cT
,
dissolution and 

disordering occurred simultaneously [89]. 

 

Fig.  2-17 Disordering and dissolution kinetics of the γ’ precipitates under 300 keV Ni+ 

irradiation at a displacement rate of 10
-3

 dpa·s
-1

. The diagram shows the combined results 

obtained on disordering by means of TEM and by FIM [89]. 
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 Early models with uni-directional ballistic mixing 2.4.2

Nelson, Hudson, and Mazey (NHM), proposed a model to compare their experimental 

findings in irradiated two phase Ni-Al alloys [85].  The model explains the competition 

between ballistic mixing caused by atomic collision resulting in so-called recoil 

dissolution, and thermally activated chemical diffusion. The diffusion is enhanced by 

irradiation and is proportional to the concentration of point defects created from 

cascades. Two different conditions, direct dissolution and dissolution under the 

disordered state, were considered in their model  [85]. 

The NHM model assumed that the average matrix solute concentration c is small; all 

precipitates are present with the same radius rp; density of precipitates is low so they do 

not interact with other; total volume fraction of the precipitates fp is small; and the local 

equilibrium solute concentration at the matrix/precipitate interface is negligible 

compared to c. They described the conservation of the total solute concentration 0c in 

Eq. (2.17). 

3

0
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3
P Pc f f c r pN c    

                                         (2.17)
 

where p is the atomic fraction of solute atoms constituting the precipitate phase, N is the 

number of precipitates per unit volume. The thermally activated diffusion is defined as: 
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where 
irr

sD is the irradiation enhanced solute diffusion coefficient in the matrix.  

With respect to ballistic mixing, NHM assumed that any solute atom originally in the 

precipitate, redistributed instantaneously into the matrix when ballistic mixing (nuclear 

collisions) occur, without considering the moving time. This means the solute relocation 

distance is infinite. Another assumption is that precipitates only export solute atoms 

during ballistic mixing, without considering those transported from matrix to 

precipitates. Thus, the precipitation size change owing to ballistic mixing is given as: 

Pdr

dt
 

                                                           (2.19)
 

where   is the atomic volume,  is the flux of solute atoms transport into the matrix 

and is proportional to the displacement rate. Combining Eq. (2.18) and (2.19): 

203 irr
irrsP
s P
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D cdr
D r N

dt pr
   

                                          (2.20)

 

The extra term on the right side of Eq. (2.20) is to guarantee the precipitate size under 

the condition without irradiation. From the above equations, for a given radiation flux , 

there is a critical size for the precipitates, those larger than it shrink and those smaller 

grow. They then predicted that after certain irradiation, all precipitates would reach this 

critical size; and the lower the irradiation temperature, or the higher the irradiation flux, 

the smaller the critical size is [85]. 
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The NHM is the earliest model to address this problem. However, its abundant 

assumptions undermine the realism and practicality of the model. Brailsford modified 

the NHM model by taking a finite relocation distance into account, however they did not 

fix the ballistic mixing taking place between neighbor atomic sites which means the 

relocation distance 0R [105]. Frost and Russell then developed a next generation 

model based on NHM [88]. They assumed that atoms constituting the precipitate can be 

displaced by ballistic mixing with a vector of random magnitude and direction in a 

sphere with a radius R. They then derived an expression of the maximum steady state 

solute concentration by considering boundary condition eqc c at pr r , and included 

coarsening by using the Gibbs-Thomson equation (1 / )eq cap pc c r r  , where c is the 

equilibrium interface solute concentration for a planar interface and capr is the capillary 

length [88]. The expression is given as: 
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where FR is the creation rate of solute recoil per atom, and is thus proportional to the 

irradiation flux. [88] The critical irradiation flux for triggering inverse coarsening is 

given as Eq. (2.22). 
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                                                   (2.22)
 

Frost and Russell’s improvement on NHM indicates that the precipitates would coarsen 

continuously if there are no irradiation effects, but there is a critical irradiation flux or 
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temperature if flux is stable, at which the thermal coarsening and irradiation dissolving 

reach the equilibrium point. Some of the latest computer based models using a similar 

theory have also been published where the Monte Carlo method was applied. 

 Modified models 2.4.3

All models deriving from NHM discussed above share one crucial assumption, by which 

only precipitates export atoms to the matrix, but not the other way around. This is 

apparently not true. Thus the calculation yields a much greater dissolving rate of 

precipitates due to the ballistic mixing. Martin developed a model that for the first time 

defined the ballistic diffusion coefficient as
2 / 6b bD R  , where b r   is the 

frequency of ballistic replacements per atom; r is the replacement cross section [103]. 

Martin’s model eliminated the vital error of NHM and treated the competition between 

ballistic mixing and thermal activated diffusion in a reasonable manner  [103]. He also 

introduced the concept of effective temperature (Eq. (2.23)), which means during 

irradiation at temperature T, the alloy reaches a steady state equivalent to the equilibrium 

state it should be at higher temperature Teff, where irrD is the irradiation enhanced inter-

diffusion coefficient. 

(1 )b
eff

irr

D
T T

D
 

                                               (2.23)

 

None of these models are perfect in simulating the real condition but they are effective 

for understanding the experimentally observed phase change of γ’ during irradiation. 

Nevertheless, no such experimental results and theoretical models have been reported on 
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Ni based alloy, and also there is a lack of theory addressing the impurity interstitial effect 

on radiation enhanced diffusivity. 

 Order-disorder transformation 2.4.4

After some equations were derived from low temperature study on model alloy Cu3Au 

[92], the effective temperature model was first introduced by Martin (described in section 

2.4.3), and it somewhat succeeds in explaining the order-disorder transformation [103]. 

Qualitatively, it can very well describe experimentally observed order-disorder 

transformation. By extension, it can also explain irradiation induced amorphisation. For 

example, for an ordered phase that will remain ordered up to melting temperature Tm, , if 

Teff (Eq. 2.23) >Tm, irradiation induced amorphisation would happen [103]. However, 

exceptions such as Ni3Al still exits, which is totally disordered at low temperature and 

does not transform into the amorphous phase even if Teff >Tm [90]. This is because the 

effective temperature model only considers the diffusion and chemical compositions, and 

does not take free energies of competing structures into account. 

Transmutation produced helium or hydrogen interstitials may affect this order/disorder 

transformation as well as the precipitation dissolution. The presence of helium or 

hydrogen may change microstructural sink strength and markedly slow down point defect 

transport as well as solute transport [72,80,106]. That means it may require a higher dose 

for the γ’ to disorder or dissolve. These effects of helium or hydrogen likely could be 

combined with the models that were discussed above to better simulate reactor neutron 

irradiation; however no such work has been published yet.  
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 Effect of order/disorder on mechanical properties 2.4.5

There is only limited information reported on effects of precipitate disordering on 

mechanical properties. Nevertheless, Huang et al. [107] produced tests for mechanical 

properties of Ni3Al thin film in disordered fcc and ordered L12 phases. As shown in fig. 

2-18, the disordered Ni3Al is not as hard as  the ordered ones, as observed through 

nanoindentation tests [107]. The Young’s modulus measurement in fig. 2-19 shows no 

obvious change between ordered and disordered phase. However, for tests on thin film, 

the influence of the substrate is more significant in the measurement of Young’s modulus 

than that of hardness test. The measured fracture strain and calculated critical fracture 

strain are shown in fig. 2-20 (a) and (b) respectively. It indicates clearly that the 

disordered Ni3Al is more ductile than ordered Ni3Al.  

 

Fig.  2-18 Hardness calculated from nano-indentation data of Ni3Al thin films with 

thickness of 170 nm and 300 nm. The ordered films present higher hardness than their 

disordered counterparts [107]. 
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Fig.  2-19 Young's moduli calculated from nano-indentation data of Ni3Al thin films with 

thickness of 170 nm and 300 nm. Within experimental error, there is no observable 

difference in Young's modulus between the ordered and disordered films [107]. 

 

Fig.  2-20 Fracture strain for disordered (circles) and ordered (triangles) Ni3Al. (a) 

Applied strain εfract. (b) Critical fracture [107]. 
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It is believed that in some alloy systems, such as ODS steel, small length scale 

precipitates can suppress cavity formation [108–110]. However, the mechanism is still 

unclear and there is no evidence shown in Ni based superalloy. Thus, it is worthwhile to 

perform irradiation experiments with pre-implanted helium in samples with different 

volume fraction of γ’. The experiments will not only validate the mentioned predictions 

but also provide suggestions for future Inconel spacer manufacturing. Size and volume 

fraction of γ’ can be easily controlled by heat treatment. It is generally accepted that the 

nucleation of γ’ precipitates is controlled by the cooling rate when cooling down from the 

solutionizing temperature [111]. The growth of the γ’ precipitates is dominated by 

Oswald Ripening at aging temperature relating to aging time [111]. 

2.5    Irradiation induced lattice defects in fcc metals 

Irradiation induced microstructures in pure Ni have been well studied, as well as  in other 

typical fcc pure metals such as Cu, Au and Pd [18,19,112–115]. It is well known that 

irradiation induced defects in pure fcc metals consist of stacking fault tetrahedra (SFTs) 

(except Al) and dislocation loops.  

 Irradiation induced defects 2.5.1

It is believed that SFTs can be formed by collapse of a vacancy enriched core due to 

cascades, although there is no direct observation presented yet. Kirk et al. [116] reported 

a high production rate of vacancy type defects during heavy ion irradiation. Kojima et al. 

[60] reported the irradiation induced SFTs in fcc material are of vacancy type in nature. 

Roberson et al. [117] reported that 40% of defects induced by 50 keV Ni
+
 ion irradiation 

were identified as SFTs with TEM observation under in situ irradiation. Zinkle and Snead 
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[113] reported that from low doses to high doses, there was a transition from an SFT 

dominated regime to one dominated by dislocation loops. More systematic experiments 

have been later performed from 0.001 dpa to 0.3 dpa and reported by Yao et al. [18]. As 

shown in fig. 2-21, they revealed that in proton irradiated pure Ni, defects consist of 

about 50% SFTs, 30-40% dislocation loops, and 10% unidentified features at low doses. 

In addition, they also found that the fraction of SFTs and dislocation loops did not 

remarkably change with increasing irradiation temperature below 300°C, and the ratio is 

independent of the irradiation dose. However, there is not many data reported from 

irradiated Ni alloys, and SFT has never been reported in irradiated Ni based superalloys. 

As well, there is no dynamical observation of SFTs formed directly from cascades. The 

SFTs have already been proved to be vacancy type defects [29,114,118,119]. It is said 

that small vacancy platelets can be formed from cascade events, and can consequently 

transform to small Frank loops [120]. The ⅓<111> Frank loop likely dissociate to one 

1/6<110> stair rod dislocation and one 1/6<112> Shockley partial. Six 1/6<110> stair rod 

dislocations would bind  a 3 dimensional SFT [121]. This process is energetically 

preferred and has been cited especially for metals with low stacking fault energy such as 

Au and Cu [122,123]. 
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Fig.  2-21 590 MeV proton irradiation induced defects in pure Ni at 333K and their size 

distribution. Images were taken under g = (200), weak beam g/5g. (A) 3.5 x 10
-3

 dpa, (B) 

8.3 x 10
-3 

dpa, (C) 1.0 x 10
-1

 dpa. The unidentified defects are those too small to be 

determined [29]. 
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 Characterization of SFTs 2.5.2

During the past decades, the characteristics of SFTs has been very well studied since they 

were first introduced by Silcox and Hirsch [124]. TEM is often used to observe small 

SFTs, and TEM diffraction condition is a crucial factor to image SFTs. Based on 

previous work, Yao et al. analyzed the nature of the SFTs in pure Ni and suggested the 

best imaging condition to be weak beam dark field condition with g(5g) g=020 close to 

zone axis <101> [19]. Their method is illustrated in fig. 2-22.  

 

Fig.  2-22 TEM dark field weak beam, g(5g), g={020}, micrographs in irradiated Ni 

under two different orientations showing SFT contrast. (a) Close to a zone axis <110>, 

(c) wire frame of a tetrahedron oriented in the same way. (b) Close to a zone axis <001>, 

and (d) wire frame of a tetrahedron oriented in the same way [19]. 



 

64 

 

 Defect density 2.5.3

Neutron irradiation studies on fcc metals have shown that, at low dose, defect density is 

proportional to the neutron fluence, which is an indication that the defects are produced 

directly from displacement cascades [125]. In some pure fcc alloys such as Cu and Ni, 

several studies have shown that defect accumulation is proportional to dose up to damage 

levels of approximate 10
-2

 dpa [126–128]. At high dose, the adjoining of cascades slows 

down the increase of defect density and produce a square root dose dependence on dose 

for defect accumulation [129–131]. Finally the defect density saturated within 0.1 dpa in 

pure Cu and Ni [128,132,133]. Density of irradiation induced defects depends on 

temperature. At low temperatures (< 363K in Cu and < 473K in Ni), vacancy clusters are 

stable and the defect density is independent of temperature [125]. At temperature above 

this stage, due to thermal evaporation of vacancy clusters, the saturation defect density 

decreases with increasing temperature [132–134]. Yoshida et al. [134] have studied the 

effects of alloying elements on defect accumulation in Ni and found that the defect 

density is higher in impure Ni compared to pure Ni. However, information concerning 

the effects of impurities and alloying elements in Ni on defect density is limited and not 

well established. 

2.6  Irradiation induced cavities 

There is however a significant difference in irradiated microstructures at elevated 

temperatures in the range of 0.25 to 0.5 Tm, such as the evolution of cavities. Cavity is a 

general term for both voids (without gas) and bubbles (with gas). The nucleation of 

cavities is usually difficult because clusters of vacancies may collapse into two-
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dimensional loops which are energetically more favorable than forming a three-

dimensional void embryo [135]. Therefore, during irradiation, cavities are normally 

produced at elevated temperature and higher dose. In order to understand and reliably 

predict irradiation induced embrittlement and swelling, it is important to study cavity 

microstructures and developing routine of them.  

Normally the cavity evolution is treated by the sequential kinetic process, nucleation and 

growth, although they can occur simultaneously during irradiation. In the following 

paragraphs a classical nucleation theory is applied to simplify the modeling of cavities 

nucleation, and the rate equation is widely used for modeling the irradiation induced 

cavities growth. 

 Cavities in Ni and its alloys 2.6.1

Sprague et al. [136] reported heavy ion (2.8 MeV 
58

Ni
+
, dose rate 7×10

-2
 dpa·s

-1
) 

irradiation on pure Ni and found cavities with sizes over 10 nm at 525°C and above, but 

no cavities at 475°C and below. High energy proton irradiation on pure Ni at 350°C 

showed that defects comprise only 14% SFTs and 36% loops but 50% cavities [19]. The 

cavity production in materials can result in severe swelling which is regarded as one of 

the major degradations of nuclear materials. Kenik [137] reported that both fault 

dislocation loops and cavities were present in X-750 alloy after neutron irradiation to 0.4 

dpa at 360°C. The distribution of cavities showed no significant segregation along grain 

boundaries and interphase boundaries. Kato et al. [32] reported that in aged Inconel X-

750 after high energy electron irradiation at 500°C, dislocation loops were observed to 

grow rapidly in the matrix rather than in the precipitate. Voids were found in 900°C-aged 
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samples but not in 750°C-aged samples, indicating that size and density of precipitates 

have an influence on cavity formation. They speculated that the precipitate-matrix 

interface might play a role to enhance recombination of point defects. Nevertheless, there 

is limited data showing cascade induced microstructure changes in Ni based superalloys, 

which are more comparable to neutron irradiation.  

 Role of gas atoms on development of cavities 2.6.2

Evolution of cavities during irradiations usually occurs in conjunction with development 

of dislocations and is a complicated process involving cascade events, point defects 

migration and precipitation. Gases and other impurities are commonly involved in this 

process. Gas bubbles, particularly of inert gases, can nucleate in metal and alloys due to 

solubility of the gas atoms in metals. Both experimental observation and theoretical 

calculation have shown that the presence of gas atoms is crucial in cavity nucleation 

[33,138,139]. As early as 1969, Bullough and Perrin [140] indicated gas atoms may 

likely prevent vacancy clusters from collapsing to dislocation loops; instead, they could 

be stabilized to form 3-dimensional cavities. Later, by theoretical calculation, amount of 

gas atoms that is required to prevent the collapse of vacancy clusters to faulted loops and 

SFTs has been calculated [135,141,142]. In experiments of irradiation with charged 

particles, pre-injection of gas atoms into materials usually increases cavity density. Some 

common gas atoms such as helium [143–146], hydrogen [145], oxygen [144,147], 

nitrogen [148] and argon [149], have been identified  to be able to enhance cavity 

development. The role of gas is predicted as a cavity nucleus and enhancing cavity 
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growth by reducing surface energy of the cavity, which will be discussed in the following 

sections. 

 Cavity nucleation 2.6.3

As discussed in section 2.1.4, during neutron or heavy ion irradiation at elevated 

temperatures, point defects can escape from recombination and diffuse throughout the 

matrix. The point defects diffuse across matrix and eventually reach equilibrium if the 

production rate (dose rate dependent) equals to the total loss, including recombination 

and absorption by sinks such as dislocations, free surface, defects clusters, and grain 

boundaries [1]. The concentration of point defects in the matrix is normally orders higher 

than the thermal equilibrium concentration, and thus the point defects are supersaturated. 

These supersaturated point defects may agglomerate into large defects such as vacancy or 

interstitial type loops and SFTs in fcc materials [19,118]. Moreover, excess vacancies can 

condense into cavities [150,151]. Katz [139] and Russell [138] reported the following 

conditions should be met for stable cavity nucleation to occur:  

 vacancy supersaturation (determined by temperature),  

 highly mobile vacancy (determined by temperature),  

 a net flux of vacancies flowing to the cluster (determined by nature of the 

material). 

Russell [152] then proposed some possible mechanisms by which nucleation may occur:  

 Homogeneous nucleation 
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 Heterogeneous nucleation on immobile impurity atoms (e.g. He or H) or impurity  

atom clusters 

 Nucleation with simultaneous mobile impurity atoms, vacancy and interstitial 

clusters 

 Collapse of vacancy rich displacement cascade cores into vacancy clusters 

 Nucleation in the presence of surface active impurities 

In previous works the classical nucleation theory has been applied to model irradiation 

induced cavity nucleation [24,152]. Wolfer and Mansur [153] obtained the absorption 

rate in the form:  

1/3 0( ) 4 ( )k k k kn bn Z n D C 
                                         (2.24)

 

where kC and kD are the concentration and diffusivity of the defects. b is the Burgers 

vector and 
0

kZ  is a bias factor. 
0

kZ has two contributions [153] : 

0 im s

k kZ Z Z
                                                      (2.25)

 

First contribution is image interaction without considering surface tension and gas 

pressure. It is calculated as [153] : 

1/3 2/3(1 )
1 [ ] ( )

36 (1 )

im

k

G V b
Z

kT r



 

 
 

                                  (2.26)
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where r is the cavity radius,  is the Poisson’s ratio, V is the relaxation volume of the 

point defect,  is the atomic volume and G is the shear modulus. Second contribution is 

shear strain interaction, which is obtained when applying the surface tension and gas 

pressure p into consideration. The surface tension and gas pressure contribute to a radial 

stress component on the cavities surface in the form: [153] 

2
p

r




                                                        (2.27)
 

So interaction between the shear strain field of the cavity and the point defect is 

calculated as [153] : 

23 2 /
1 ( )

56

s r p
Z

kT G

  
 

                                               (2.28)
 

where  is the polarizability for point defects. Russell et al. reported a simple absorption 

model which assigned a lower energy bE to calculate surface energy by absorbing atoms 

[138,152]. 

( ) (0) ln[1 exp( )]b
x s x

E
C n kT C

kT
    

                                     (2.29)
 

where ( )xC and (0) are the surface energies with and without absorption, sn is the 

number of available sites and xC is the matrix solute concentration. As seen from Eq. 

2.29, there exists a reduction of surface energy by absorbing interstitial atoms such as 

helium and hydrogen. This increases sZ and thus enhances the point defect absorbing rate
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( )k n . Consequently, the existence of gas interstitials can likely enhance the cavity 

nucleation. In addition, gas atoms such as helium can enhance cavity nucleation because 

the strain field of the interstitial helium can be lessened by trapping vacancies, and thus 

energetically favorable [138]. 

 Cavity growth and rate theory 2.6.4

The high dose rate may shift the nucleation and growth peak of the voids towards a 

higher temperature. Also, it has been reported that dose rate affects growth of interstitial 

loops [154]. 

The most widely used model of cavities growth is based on chemical rate theory. The 

steady state concentrations of point defects are derived from the following rate equations 

[155] : 

0v v i v vG RC C K C  
                                                       (2.30)

 

0i v i i iG RC C K C  
                                                       (2.31)

 

which are different expressions of Eq. (2.8) and (2.9), where G is the production rate, 

,i vK is the overall loss rate of point defects to sinks given as [155] : 

0,

, , , ,

j j

i v i v i v i v

j

K D Z S 
                                                         

(2.32) 
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where ,i vD is the diffusion coefficient, 
0,

,

j

i vS is the ideal diffusional sink strength of sink 

type j, ,

j

i vZ is the capture efficiency of sink type j for interstitials and vacancies 

respectively. Coefficient of recombination R is given as [155] : 

      
4 ( )r i vR r D D 

                                                         (2.33)
 

where rr is the radius of recombination. Then the physical concentration iC , vC can be 

calculated from Eq. (2.30) and (2.31), as [155] : 

1/2

2

[ ( )] 4
{[1 ] 1}

2 [ ( )]

i v i v v i v
v

v i v i v

K K R G G RG K K
C
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                      (2.34)
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                       (2.35)

 

These steady-state concentrations are used to calculate the growth rates of defect clusters. 

The growth rate of a void of radius r is calculated by the net flux of vacancies per unit 

void area per unit time, as: [156] 

{ ( ) [ ( )] ( ) }v e vv
v v v v v v i v i i

v

dr
Z r D C C r Z r DC

dt r


  

                               (2.36)

 

where vr is the radius of cavity and ( )e

v vC r is the thermal vacancy concentration at radius vr

. ( )e

v vC r is given as: [156] 

2
( ) exp[ ( ) ]e e

v v v g

v

C r C P
r kT

 
  

                                            (2.37)
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where 
e

vC  is the bulk thermal vacancy concentration,   is the cavity surface tension,   

is the atomic volume, and gP  is the gas pressure inside the cavities. Same as discussed in 

section 2.4.1, gas interstitials will reduce the surface tension   and increase gas pressure

gP , thus they will decrease ( )e

v vC r  and then enhance the cavities growth rate vdr

dt
(Eq. 

2.37). 

2.7 The effects of helium on irradiation induced damage 

It has been discussed that gas atoms such as helium can enhance cavity nucleation and 

growth. Apparently, this is because helium can affect migration of vacancies and vacancy 

flux to sinks. Apart from the influence on cavity evolution, helium is also expected to 

affect the formation of dislocation loops and phase stability. 

 Effects of helium on irradiation induced dislocation loops 2.7.1

Experimental surveys on various metals and alloys have indicated that helium can 

increase density of dislocation loops [144,146,157]. Comprehensive examination on 304 

type stainless steel showed that fraction of interstitial loops increases with helium level 

[158]. Observation in pure aluminum also showed the increase of unfaulted interstitial 

loops with helium [159]. Increase of interstitial type defects is generally believed to 

correspond to the trapping effect of vacancies by helium which reduced inter-cascade 

recombination [72,159–162]. The effects of helium on increase of interstitial type 

dislocation loops minimize at high dose where the cavities saturate [159]. Thus, the 

helium effects on dislocation loops are usually ignored and efforts are focused on its 
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effect on cavities. On the other hand, very high helium levels may suppress loop 

evolution by stabilizing cavities so that the neutral sink strength increases[159]. 

 Effects of helium on phase stability 2.7.2

It is known that during irradiation in some alloys, phase segregation, decomposition and 

precipitation may occur [1]. This is due to irradiation enhanced diffusion of solutes, 

which then causes either enrichment or depletion of the solutes [1,163–166]. Helium can 

slow down the normal thermal diffusion processes because large amount of vacancies are 

trapped by helium [72,160,161,166,167]. Helium may also play a role as point defect 

sinks to enhance new radiation induced precipitation [159]. Uniformly distributed helium 

in materials can refine distributions of sinks and thus the precipitate structure [159]. Very 

limited information concerning helium effect on phase stability is available particularly 

for commercial Ni-based superalloys. 
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Chapter 3 

Novel techniques of preparing TEM samples for characterization of 

irradiation damage 

Focus Ion Beam (FIB) preparation of transmission electron microscopy (TEM) samples 

has become increasingly popular due to the relative ease of extraction of TEM foils from 

specific locations within a larger sample.  However the sputtering damage induced by Ga 

ion bombardment in FIB means that traditional electropolishing may be a preferable 

method. Firstly, we describe a special electropolishing method for the preparation of 

irregular TEM samples from ex-service nuclear reactor components, spring-shaped 

spacers. This method has also been used to prepare samples from a non-irradiated 

component for a TEM in-situ heavy ion irradiation study. Since the specimen size is 

small (0.7 mm × 0.7 mm × 3 mm), a sandwich installation is adopted in order to obtain 

high quality polishing. Secondly, we describe some modifications to a conventional TEM 

cross-section sample preparation method that employs Ni electroplating. There are 

limitations to this method when preparing cross-section samples from either 1) metals 

which are difficult to activate for electroplating, or 2) a heavy ion irradiated foil with a 

very shallow damage layer close to the surface, which may be affected by the 

electroplating process. As a consequence, a novel technique for preparing cross-section 

samples was developed and is described. 

3.1 Introduction 

The recent resurgence of the nuclear industry has created significant new interest in 

investigating irradiation induced defects in reactor materials [1–3]. These nanoscale 
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defects cause significant changes of material properties, particularly for those 

components close to the core of nuclear reactors. In order to provide a basic 

understanding of the evolution of this nanoscale damage, heavy ion irradiation is 

frequently applied to emulate the neutron damage structures. The microstructures of 

irradiated samples are often characterized using transmission electron microscopy 

(TEM). Under TEM, the defect structures are observed to generally consist of many tiny 

features around ~1 nm in size or even smaller, which can only be resolved using weak 

beam dark field imaging conditions [4,5]. Therefore the TEM sample quality is vital in 

obtaining high quality micrographs, especially for those samples examined at elevated 

temperatures, which require long periods of observation and with potential surface 

oxidation.  

Preparing TEM samples from small nuclear components is a special challenge. Ex-

service components removed from a nuclear reactor are highly radioactive, thus a fast and 

reliable TEM sample preparation is required, and the ability to handle small samples is 

desirable. In the first part of this paper we describe a new installation to allow 

electropolishing of small samples from one of the core components in the CANDU
 
fuel 

channel, termed the garter-spring spacer. Electropolishing with this installation will also 

work for many similar components of relatively small size, such as center pins, washers 

and bolts. Understanding of irradiation damage in these components is required for life 

estimation and for assessment of safety issues within reactors. However, due to the 

components’ irregular shapes and small dimensions, it is hard to prepare samples for 

electropolishing as conventional 3 mm TEM discs. In recent years, focus ion beam (FIB) 

has been widely used to prepare TEM samples from small and irregular components, due 
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to the relative ease of extraction of TEM foils. Although using FIB preparation has great 

advantages, drawbacks are also apparent. It has been comprehensively shown that Ga ion 

bombardment during FIB milling causes damage to the samples, including defect 

production, surface layer amorphisation, and phase transformation due to mixing of 

materials [6–8].  It has also been proposed that FIB defects act to encourage dislocation 

motion to the sample surface [9]. These sample preparation artefacts will then bring 

significant difficulty in identifying the true microstructures of irradiated metals. In 

addition, FIB sample preparation normally consumes much more time than 

electropolishing, and the cost is also higher.  

In the study of nuclear materials, proton or heavy ion irradiation are extensively utilized 

to understand the mechanisms of in-reactor neutron irradiation induced damage.  This is 

because ion irradiation allows for controllable experimental conditions, i.e. dose, dose 

rate, and temperature [10]. The target metals in ion irradiation experiments are often 

fabricated as thin foils with thickness of approximately 100 μm.  However, the 

penetration depth of the bombarding ions is usually shallower than the thickness of the 

samples, particularly where heavy ions are used. For instance, by SRIM calculation [11], 

a 1 MeV proton can penetrate 25 μm in metals such as Ni and Zr, whereas heavy ions of 

a few MeV commonly stop within only a few μm depth. The morphology of irradiation 

induced damage shown in the TEM will strongly depend on the depth from the surface at 

which the TEM sample is taken. In ion irradiation, the damage maximum is typically 

located a few μm under the irradiated surface, with lesser damage near the surface. A 

‘back-polishing’ method described by Yao et al.[4] is widely used for preparation of 

TEM samples from ion irradiated foils, providing a plan-view at the radiation damage 
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peak location. However, the polishing parameters are difficult to control to ensure that 

the correct position is obtained, and the desired position is also determined based on a 

calculation which is perhaps not ideal. Compared to the back-polishing method, TEM 

characterization of cross-section samples possesses significant advantages, since it can 

provide the depth profile of the irradiation induced defects.  In addition, in some studies 

concerning the effects of stress/strain on irradiation damage, stress is applied in-situ 

simultaneously with ion irradiation.  A cross-section sample can readily provide 

information such as the direction of stress in the sample which might be lost in the ‘back 

polishing’ preparation. During the past decades, FIB and ion milling have been 

extensively used to prepare cross-section samples from a wide range of materials. 

However, as we have already noted, these techniques may not be ideal for studying 

irradiation induced defects, due to the production of artificial defects. Preparation of 

cross-section samples by electropolishing may thus be favourable in the study of 

irradiation damage. In the second part of this paper, a novel technique for preparing 

cross-section samples by electropolishing is described. 

3.2 Preparation of TEM samples from ex-service nuclear reactor components with 

irregular shape 

In the following section, we describe an improved twin-jet electropolishing method to 

prepare tiny TEM samples with irregular shape, which also offers short preparation times. 

Fig. 3-1 shows the schematic of the apparatus for twin-jet electropolishing. The sample 

holder is linked to the anode. Since the sample is smaller than the hole on the sample 

holder, which was designed for a standard 3mm disc sample, it has to be clipped by two 

standard 3 mm copper rings. To prevent the copper rings from being electropolished by 
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the electrolyte, they were first painted with non-conductive lacomit. Since the 

electropolishing time is controlled by a light sensor inside the two nozzles, it is required 

that there is no light transparency for the sandwiched sample and the copper rings. It 

should be noted that the sample is not in contact with the Pt anode directly, because the 

lacomit paint performs as an insulator. Thus electropolishing might seem to be 

impossible, however, our samples were well polished. It is believed that once the 

electropolishing starts, the electrolyte follows the jet flow and quickly permeates the 

space between sample and Pt anode, as shown in fig. 3-2. This allows the current circuit 

to be formed and the electropolishing to take place. 

 

Fig.  3-1 Schematic of twin-jet electropolishing apparatus for small samples. Sample is 

clipped by two locomit painted 3 mm copper rings. 
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Preparation of TEM samples from an Inconel X-750 CANDU garter-spring spacer is used 

to illustrate the this method. The garter-spring is used in the fuel channel of CANDU 

reactors to separate the pressure tube and the calandria tube, and prevent contact of the 

pressure tube from the calandria due to creep deformation in-service [12].  

The material Inconel X-750 is a Ni based superalloy (Ni ~73 wt%, Cr ~14 wt%, Fe ~7 

wt%, Ti ~2.5 wt%, Al ~0.7 wt%, others bal.). The illustration of the electropolishing 

procedure is shown in fig. 3-3.  The coil diameter of this spring is approximately 5 mm. 

The cross-section of the wire is 0.7 mm × 0.7 mm. Small pieces with lengths ~3mm were 

first cut from the spring (fig. 3-3 (2)). The samples were then mechanically thinned to a 

thickness of about 100 μm. This can be achieved easily by sticking the small samples on 

a thick tape or mounting the samples on a piece of glass with glue. Finally, the samples 

were ground with 1200 grit sandpaper. The 3mm copper rings with 0.5mm hole were 

then painted with lacomit on both sides. The lacomit currently used is Microshield 

Masking Aid supplied by Spi-Chem
TM

. The painted copper rings and the sample were 

stacked one on one into the sample holder to make a sandwich installation. A careful 

check was carried out to assure there is no gap for light to go through. Then the sample 

was installed in a standard Struers Tenupol-5 apparatus for twin-jet electropolishing.  

The electrolyte used is a solution of 5% perchloric acid and 95% methanol, which was 

cooled to -40°C.  An appropriate flow rate was adjusted to make sure the two jet flows 

can meet and form a small water disc in the middle. The correct voltage must be set and 

the proper value for the current material was 22.5V. Due to the fact that samples are not 

standard 3mm discs, the voltage scanning of the Tenupol was not applicable to find the 
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optimized value. To make sure neither pitting nor etching occurred, we did carefully 

check the polished surface with different voltage-times under an optical microscope, and 

hence determined the proper voltage.  When the same parameters were used for polishing 

standard X-750 3 mm discs with thickness about 100 μm, the circuit current was 

approximately 100 mA. However in our polishing setup in fig. 3-2, the contact between 

the anode and the sample is indirect, i.e., weaker than with a standard setup; the reduced 

conductivity results in a lower current. Despite a low current of ~20-30 mA, a reasonable 

sample quality was obtained using the setup. After polishing, samples were washed for 2 

mins in cold methanol and then washed alternately in methanol and ethanol for 15 mins. 

Long washing times were required for flushing off the lacomit completely and mitigating 

surface contamination. It should be noted that this electrolyte recipe and polishing 

parameters may be only suitable for polishing Ni and Ni-Cr-Fe alloys. Modification will 

be required for polishing other metals. 

 

Fig.  3-2 Schematic of electric circuit in anode during the electropolishing. 
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Fig.  3-3 Illustration of the thinning technique by electropolishing samples from a garter 

spring (1) made of Inconel X-750, (2) slices from spring, (3) ground slices, (4) 3 mm 

copper rings painted with lacomit, (5 and 6) copper rings were centered on sample 

holders, (7) a polished sample and copper rings. 
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With the described electropolishing procedures, great success has been achieved in 

polishing hundreds of samples. TEM taken from as-polished unirradiated samples are 

shown fig. 3-4 (a) and (b) respectively for illustration. Fig. 3-4 (a) is a bright field 

micrograph showing the solutionized Inconel X-750. The surface is clean and 

dislocations are well imaged. Fig. 3-4 (b) is a TEM micrograph taken under g(5g) weak 

beam dark field condition showing microstructures of an age-hardened Inconel X-750. 

Line dislocations and circular γ’ precipitates are well exposed. Fig. 3-4 (c) and (d) show 

TEM micrographs of an electropolished sample prepared from an ex-service Inconel X-

750 spacer. Fig. 3-4 (c) is a bright field micrograph taken under underfocus Fresnel 

contrast condition showing small cavities with a size < 5 nm. Fig. 3-4 (d) presents a dark 

field image showing small irradiation induced defects. A large number of samples can be 

prepared using this technique quickly with a decent quality. The technique is especially 

favorable to prepare radioactive ex-service samples from operating reactors.  
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Fig.  3-4 TEM micrographs showing microstructures of as-polished Inconel X-750 

samples. a) bright field image of solutionized sample, b) dark field image of age-

hardened sample, c) bright field image of neutron irradiated sample indicating small 

cavities, d) dark field image of neutron irradiated sample showing irradiation induced 

defects. 
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We emphasize that proper washing is always required immediately after the 

electropolishing, in particular for those samples used for TEM in-situ high temperature 

annealing or irradiation [4]. Any surface residuals will cause serious beam contamination 

during TEM operation. In addition, surface oxidation may occur more easily during doing 

post-irradiation annealing experiments inside the TEM at elevated temperatures. These 

surface artifacts will seriously interfere with the desired microstructures produced by 

irradiation. Comparison is made between a short time (~5 mins) washed sample and the 

well-washed one in fig. 3-5. Both samples showed a clear surface and decent 

micrographs at the beginning of the observation.  They were then annealed inside the 

TEM at 600°C for 20 mins. The defect structures including stacking fault tetrahedra and 

⅓<111> type edge loops with the size down to 1 nm can be distinguished in the well-

polished sample fig. 3-5 (b), while in the short time washed sample (fig. 3-5 (a)), the 

surface was full of oxidation fringes, and therefore it is difficult to distinguish the 

irradiation defects from surface artifacts.  
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Fig.  3-5 Micrographs taken under g(5g) weak beam dark field condition, showing the 

defect structures after TEM in-situ annealing for 20 mins at 600°C. a) A polished/poorly-

washed sample with accumulation of surface oxide. b) A polished/well-washed sample 

showing irradiation induced tiny defects. 

3.3 Preparation of cross-section samples 

Cross-section imaging is valuable in the investigation of irradiation induced 

microstructures, observing changes with depth along the path of the incident particles. 

However it is difficult to practically manage the polishing of a thin sample to show the 

damage profile. In the 1970s, a technique to prepare a cross-section from a thin sample 

via electropolishing was introduced by Spurling and Rhodes [13] and well-illustrated by 

Whitley et al. [14] using Ni electroplating on an irradiated pure Ni foil.  The ~100 µm 

thick foil was irradiated from one surface with the damage profile occurring to a depth of 

several microns. The aim of this method is to embed the thin cross-section slice within 

other materials, allowing the subsequent section of a 3mm standard disc for normal 
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electro-polishing. The irradiated Ni foil was first activated by the Wood’s strike, which 

made the foil anodic for 20s at a current of 25 mA·cm
-2

. This activation process removed 

the surface oxide layer and achieved a good adhesion between the sample and the Ni 

coating. The activated sample was then switched to be cathodic and electroplated for 24 

hours by using a high chlorine nickel plating solution (150 g NiSO4, 150 g NiCl2 and 50 g 

boric acid in 1000 ml H2O), until a final thickness of 3mm was reached. Then the cross-

sections were sliced and twin-jet electropolished. 

 

Fig.  3-6 The schematic illustration showing TEM cross-section sample preparation from 

an Inconel X-750 foil. 
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In the current study, as shown in fig. 3-6, some modifications were made to Spurling and 

Rhodes’s method, in order to prepare cross-section samples of Inconel X-750 superalloy. 

The Wood’s strike was found to be insufficient to activate the surface of Inconel X-750. 

Immersing the foil into concentrated acid (60 ml HCL, 20 ml HNO3, 20 ml H2O) for 20 

second prior to the Wood’s strike did allow successful activation of the surface of Inconel 

X-750. Electroplating was done at 60°C for 24 hours by using a Watts Ni solution (270 g 

NiSO4, 30 g NiCl2 and 50 g boric acid in 1000 ml H2O), which produces less brittle Ni 

deposits for the sake of easy slicing. A magnetic stir bar was used during the 

electroplating in order to obtain a uniform thickness of electroplated layer and to remove 

gas bubbles generated on the sample. 0.1 g/L sodium dodecyl sulfate (SDS) was added to 

enhance wettability of the sample surface and thus improved the adhesion. The 

electroplated sample was then sliced to 150 μm thick foils by using a diamond saw; 

punched to 3 mm disc; the pure Ni area was lacomit protected; and finally the sample was 

twin-jet electropolished. Cross-section samples of Inconel X-750 were successfully 

produced by the modified Spurling and Rhodes’s method. An optical micrograph 

presenting the as-polished cross-section sample is shown in fig. 3-7 (a). 

There is however an obvious limitation to applying this method for an ion irradiation 

damage study. For example, the electroplating of metal layers onto some metals with 

inactive surfaces such as Zr and Zr alloys, which are widely used in nuclear reactors as 

structural component materials, has been proven with only limited success. Further the 

acid etching and Wood’s strike remove not only the surface oxide layer but also a few 

μms of the metal itself. This is not a significant concern for preparation of some proton 

irradiated metals where penetration depths of a few tens of μms occur. However in the 
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case of heavy ion irradiation, the surface activation process may well remove the area of 

interest since the damage layer extends to only a few μms below the surface. Thus an 

alternative ‘non-destructive’ method is necessary. 

Instead of the use of Ni electroplating, a dental amalgam alloy is an ideal matrix material 

to embed a thin cross-section sample, due to its advantages of good conductivity, good 

compressive strength, solidifying at room temperature and, most importantly in this case, 

no requirement for surface activation of the sample. Cross-section sample preparation 

from an Inconel X-750 foil with an original size of 3 mm × 10 mm × 100 μm was 

performed as an illustration. We used a commercially available Dispersalloy (70 wt% Ag, 

16 wt% Sn, and 12 wt% Cu) which was manufactured by DENTSPLY Caulk. The as-

received material is in the form of alloy powders and equal amount of liquid mercury, 

contained in an amalgam capsule.  This is then processed by shaking for around 15 

seconds. After this amalgamation, the alloy powders dissolve into the liquid mercury and 

form a mass of semi-solid with a texture similar to warm plasticine. The mixed material 

was filled into a hard-plastic mold, a cylinder with inner diameter of 5mm and 10mm 

height. Once the mold was completely filled, a thin groove was carved in the center of the 

cylindrical mold, where the Inconel X-750 thin foil was carefully placed. Finally, it is 

important to then gently tamp the amalgam to the thin foil to obtain a good contact. The 

dental amalgam alloy was solidified after 12 hours and ready for cutting.  
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Fig.  3-7 Optical micrographs showing electropolished cross-section samples. a) a cross-

section sample of Inconel X-750 prepared by employing electroplating, b) a cross-section 

sample of annealed Inconel X-750 prepared by using Dispersalloy embedding. 

A 0.5 mm thick disc was cut from the solidified amalgam cylinder by using a 200 μm 

thick wafer diamond blade and mechanical ground. Prior to the mechanical grinding, the 

edge of this cross-section disc was trimmed to fit the 3 mm sample holder for twin-jet 

electropolishing. The amalgam alloy is of high compressive strength but low ductility; 

therefore the grinding was done by gentle finger pressure with a plastic foil to attach the 

disc sample onto 1200 grid sandpaper. A final thickness of 100-200 μm was reached by 

mechanical grinding.  
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Fig.  3-8 TEM observation of cross-section sample of Inconel X-750 prepared by using 

Dispersalloy embedding. 

Twin-jet electropolishing was done in two steps in order to polish the correct location 

where the Inconel X-750 was located. Firstly, the disc was bath electropolished for a few 

seconds in a conventional electrolyte (5% perchloric acid in methanol) with 20V voltage 

at a temperature <-40˚C, and then moved to methanol and cleaned by an ultrasonic 

cleaner. Two shallow dimples had been formed on both sides of the disc and the Inconel 

X-750 part was exposed (raised). This was due to the fact that the etching of the 
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surrounding amalgam alloy was faster than that of the Inconel X-750 during 

electropolishing. A protective lacomit painting was then carefully applied on the 

amalgam material around the Inconel X-750 area. Secondly, the lacomit painted sample 

was placed in the Tenupol-5 apparatus for twin-jet electropolishing. The same setting of 

electropolishing parameters and washing was used as described in the first part of the 

paper. A hole appeared in the unpainted area and the surrounding area was thinned to an 

observable thickness. One example of as-polished cross-section sample is shown in Fig. 

3-7 (b). The circled area is the dimpled area by the first step bath polishing. Fig. 3-8 

presents a bright field TEM micrograph showing the cross-section microstructure.  The 

interface of the Inconel X-750 and amalgam alloy can be clearly observed. This method 

can be adopted to prepare electropolished cross-section samples for most metals and 

alloys with no strict requirement for their surface conditions.  
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Chapter 4 

TEM characterization of in-reactor neutron irradiated CANDU spacer 

material Inconel X-750 

The irradiation induced defects in CANDU Inconel X-750 spacers, which were removed 

from reactors after about 14 effective full power years, were examined by transmission 

electron microscopy (TEM). The spacers in the form of garter springs were reported to 

operate at various temperatures depending on locations. Two samples from different 

locations with different estimated irradiation temperatures were tested: 1) ~180°C at 6 

o’clock position; and 2) >300°C at 12 o’clock position. Obvious temperature effects were 

observed. In the ~180°C irradiated sample, a high density of small lattice defects (1-3 

nm) developed during irradiation, including stacking fault tetrahedra and both ⅓<111> 

and ½<110> type dislocation loops. A uniform distribution of small cavities (~1-3nm) 

was observed. In >300°C irradiated sample, apart from small point defect clusters, large 

Frank type interstitial loops presented. The sizes of the cavities were also greater than 

those in the ~180°C irradiated sample. The distribution of cavities was more 

heterogeneous and an obvious agglomeration of cavities to grain boundaries and phase 

boundaries were observed. In both samples, dissolution of the primary strengthening 

phase γ’ was noted. 

4.1 Introduction 

Ni-based superalloys are widely used in CANDU reactors as fuel channel spacers, 

tensioning springs and as cable sheathing and core wires in flux detector assemblies. 
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Recently it has been found that the CANDU Inconel X-750 spacers became embrittled 

after long reactor exposure and the underlying mechanism that leads to the embrittlement 

is not yet fully understood [1]. Irradiation damage is considered as one of the most 

imperative aspects causing the aging of the spacers. Over the past decades, although 

limited information concerning neutron irradiation effects in Inconel X-750 was reported, 

there have been a considerable number of studies on irradiation damage in components 

made of other Ni-based superalloys such as Inconel 718 [2–5]. In these Ni-based 

superalloys, it has been reported that the material degradation is chiefly caused by 

irradiation induced dislocation loops [2,3,5], cavities [3,6], and loss of the primary 

strengthening phase γ’ [3–5]. The nuclear events that affect the microstructural change 

and phase transformation and therefore the performance of components are reasonably 

well studied. However, the effect of irradiation temperature is less understood, which is a 

substantial issue for some components such as the CANDU Inconel X-750 spacer.  

Modern CANDU spacers made of Inconel X-750 are in the form of garter springs to 

separate hot pressure tube (~250°C to 310°C) and cold calandria tube (~60°C to 80°C) 

[1,7]. The spacers operate at various temperatures. Fig. 4-1 shows a representative 

temperature distribution of an X-750 spacer. At 6 o’clock location, where the spacer is 

‘pinched’ to both pressure tube and calandria tube, the operating temperature lies 

somewhere between the pressure tube and calandria tube temperatures, approximately 

180°C. In other locations, where the spacer is ‘non-pinched’ to the calandria tube, it 

operates at temperatures similar to, but likely higher than (due to nuclear heating), the 

pressure tube. The non-pinched sections of spacer in this study are assumed to be 

operating >300°C. Recently, specimens of neutron irradiated material have become 
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available for which there is accurate information about temperature. In the current 

investigation, in order to address the material degradation mechanisms of Inconel X-750 

spacers and to understand the temperature effects on irradiation damage, transmission 

electron microscopy (TEM) is employed to reveal the microstructural change in ex-

service spacers which are removed from both hot (12 o’clock position) and cold (6 

o’clock position) locations. 

 

Fig.  4-1 Schematic of spacer temperature range while servicing in a CANDU fuel 

channel.  

4.2 Experimental procedures 

The nominal composition of the current Inconel X-750 alloy was, in wt%, 53.58 Ni, 15.0 

Cr, 7.3 Fe, 2.5 Ti, 0.99 Nb, 0.7 Al, 0.15 Mn. TEM samples were prepared from an ex-

service garter spring spacer. The maximum flux of fast neutrons emitted by fission from 
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the CANDU fuel bundles is about 3.5 x 10
17 

n·m
-2

·s
-1

, E > 1 MeV [1]. For an average 

CANDU fuel channel power profile, each Ni atom will be displaced approximately once 

per year by fast neutrons [1].  This damage is augmented in the presence of thermal 

neutrons. The current investigated spacer was irradiated in reactor after ~14 effective full 

power years to a fluence of ~30 dpa. Cross-section of the spring wire was 0.7 mm × 0.7 

mm. Two samples were cut from different locations, 12 o’clock (~>300°C) and 6 o’clock 

(~180°C) respectively along the cross-section, mechanically thinned to 100 μm and twin-

jet electropolished using a Tenupol-5 apparatus with a solution of 5% perchloric acid in 

methanol at -40°C. Details of this method of TEM sample preparation from small reactor 

components (i.e. the garter spring) by electropolishing were described elsewhere [8]. An 

unirradiated sample was also checked for comparison. 

All TEM observations were performed using a Phillips CM20 microscope at an operating 

voltage of 200 kV on a double tilt sample holder. Two-beam dynamical bright field, 

kinematical bright field, and weak beam dark field conditions were applied for imaging 

irradiation induced microstructural changes. Defect sizes and densities were measured in 

the weak beam dark field condition under g = 200. Measurements of image size of 

defects were done to estimate their mean size. Out-of-focus Fresnel contrast condition 

under two-beam kinematical bright field condition was conducted to characterize small 

cavities. The g•b analyses were carried out to determine Burgers vectors of irradiation 

induced dislocation loops. The nature of large loops was determined using the ‘inside-

outside’ contrast technique [9]. The {110} superlattice reflections in diffraction patterns 

were checked to determine phase stability of γ’ precipitates. 
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4.3 Results 

 Characterization of unirradiated Inconel X-750 4.3.1

TEM characterization has shown that unirradiated Inconel X-750 contains γ’ precipitates. 

As shown in fig. 4-2 (a), the spheroidal γ’ precipitates were distributed uniformly within 

the matrix, with sizes about 15-25 nm. The measured number density of the precipitates 

is 1.4 (±0.2) × 10
22

 m
-3

. The γ’ precipitates are well known as L12 ordered phase based on 

Ni3(Al, Ti). The γ’ precipitates possess a 0.5% lattice misfit from γ matrix, which 

effectively gives superlattice reflections in selected-area diffraction patterns.  However, 

the satellite diffraction spots caused by the misfit are not easily detected. Another 

superlattice is present because of the ordering of the γ’ phase; the Al atoms in the fully 

ordered structure form a simple cubic lattice that is readily distinguished from the parent 

face-centred-cubic (fcc) γ matrix by the presence of the {110} reflection, which is absent 

for the fcc structure. A line plot of intensity profile from the diffraction pattern clearly 

shows the existence of the superlattice spots (fig. 4-2), which indicates the presence of 

ordered γ’ prior to irradiation.  

Dark field micrographs taken in g(5g) weak beam condition clearly shows the dislocation 

microstructure in unirradiated Inconel X-750 (fig. 4-2 (b)). Prior to the irradiation, line 

dislocations from processing deformation were distributed homogenously over the whole 

observable area. A negligible number of small lattice defects were visible, which was 

believed to be vacancy type defects from the quenching process. 
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Fig.  4-2 Microstructure of unirradiated Inconel X-750. a) bright field micrographs and 

superlattice spots in diffraction pattern showing the existence of L12 ordered precipitates, 

b) weak beam dark field micrographs showing dislocation microstructures. 

 Irradiation induced lattice defects 4.3.2

4.3.2.1 Defects in ex-service spacer at 12 o’clock position.  

A detailed view of the defects in 12 o’clock position specimen is shown in fig. 4-3. The 

micrograph in fig. 4-3 was taken under g(5g) weak beam dark field condition using g = 
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020 close to zone axis [101]. Stacking fault tetrahedra (SFTs), small (< 5 nm) and large 

(~20 nm) dislocation loops were visible in the micrograph.  

 

Fig.  4-3 Weak beam dark field micrograph taken in g/5g, g = 020 close to zone axis 

[101] showing irradiation induced lattice defects in 12 o’clock specimen. 

In order to determine the type of large dislocation loops, g•b analyses were conducted. 

As shown in fig. 4-4, the arrowed two large loops show contrast under operative g 

vectors [   ̅], [020], [ ̅  ], and [220]. One extinction occurred at g =   ̅   . Thus the 
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two loops were determined as ⅓<111> type Frank loops. Also the two loops showed 

typical morphology of Frank loops with stacking faults inside them. Apart from these 

Frank loops, large unfaulted loops were also observed. Loop A shown in fig. 4-5 was a 

Frank loop lying on (   ̅̅̅̅ ) plane which shows edge-on characteristic under operative g 

vector [020], while B is a ½[101] unfaulted loop with contrast extinction occurring at g 

vectors [   ̅] and [020].  

 

Fig.  4-4 Full g•b analyses under weak beam dark field condition showing evolution of 

large ⅓<111> Frank loops in 12 o’clock specimen. 
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Fig.  4-5 Weak beam dark field micrograph taken in g/5g with various g vectors showing 

evolution of large ⅓<111> Frank loops and ½<110>perfect loops in 12 o’clock 

specimen. 

The ‘inside-outside contrast’ technique was conducted in order to determine the nature of 

large edge-on Frank loops. Nature determination of two Frank loops, one ⅓    ̅̅̅̅ ] loop 

and one ⅓   ̅̅̅̅  ] loop is illustrated in fig. 4-6. The micrographs were taken under strict 

two beam bright field kinematical conditions keeping the deviation parameter Sg positive 

and Sg was kept the same for +g and -g. The loops show inside contrast under observation 

of g = 020 ((b·g)Sg < 0), which means the loop contrast is inside the true loop projected 

position. On the other hand, outside contrast was obtained at g = 0 ̅0 ((b·g)Sg > 0). 

Consequently, the loops were determined as interstitial type in nature.  
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Fig.  4-6 Determination of the nature of the large [  ̅̅̅̅  ] and [     ̅̅̅̅ ] Frank loops 

(arrowed) formed in 12 o’clock specimen. Orientation close to [101], (a) Operative 

reflection g = 020 ((b·g)Sg < 0), showing inside contrast, (b) g = 0 ̅0 ((b·g)Sg > 0), 

showing outside contrast. 

In addition to the large dislocation loops, small loops were also found consisting of both 

⅓<111> and ½<101> types. Fig. 4-7 shows weak beam dark field micrographs taken in 

g(5g) with 3 g vectors close to zone axis [101]. Orange color arrows indicate the presence 

of small Frank loops, and green color arrows show perfect loops. Small ⅓<111> Frank 

loop ought to show contrast under observation of all 3 g vectors, whereas the contrast of 

½<101> type loops are extinct under observation of at least one of the 3 g vectors. 
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Fig.  4-7 Weak beam dark field micrographs taken in g/5g with various g vectors 

showing evolution of small ⅓<111> Frank loops and ½<110>perfect loops in 12 o’clock 

specimen. 

4.3.2.2 Defects in ex-service spacer at 6 o’clock position. 

The defect microstructures in the 6 o’clock samples are distinctly different from the 12 

o’clock one. Weak beam dark field micrographs in fig. 4-8 (a) show a low magnification 
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view of the defects. The number density of defects is visibly higher than those in 12 

o’clock sample. The sizes of irradiation induced defects are small, most of which were 

approximate 1-2 nm and no defects larger than 5 nm were observed. A high 

magnification micrograph (fig. 4-8 (b)), showing more details, indicates that the defects 

consisted of small SFTs and loops, similar to the smaller defects observed in 12 o’clock 

sample. Due to the resolution limit of TEM, no detailed burgers vector and loop nature 

determinations were conducted. A comparison of defect size distribution between 6 and 

12 o’clock irradiated samples is shown in fig. 4-9.  

 

Fig.  4-8 Micrographs were taken under g/5g weak beam dark field condition using 

operative reflection g = 020, close to zone axis [101] showing evolution of small loops 

and SFTs in 6 o’clock specimen. 
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Fig.  4-9 Defect size distribution in both 6 o’clock and 12 o’clock specimens. 

 Irradiation induced cavities 4.3.3

4.3.3.1 Cavities in ex-service spacer at 12 o’clock position. 

As shown in Fig. 4-10, bright field micrographs taken in out-of-focus Fresnel contrast 

condition clearly show cavities in the 12 o’clock sample. The cavities are not distributed 

homogeneously throughout the sample (Fig. 4-11). Cavities cluster preferentially at grain 

boundaries. A large cavity size variation from less than 1 nm to 8-9 nm was observed. In 

addition to grain boundaries, cavities were also found to preferentially nucleate along 

second phase boundaries, i.e. the carbide/matrix boundary shown in fig. 4-12.  
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Fig.  4-10 Bright field micrographs in an underfocused Fresnel contrast condition 

showing cavity evolution in 12 o’clock specimen. 
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Fig.  4-11 Bright field micrographs in underfocused Fresnel contrast condition showing 

cavity enrichment along a grain boundary in 12 o’clock specimen. 

 

Fig.  4-12 Bright field micrographs in an overfocused and underfocused Fresnel contrast 

condition showing cavity enrichment along a carbide boundary in 12 o’clock specimen. 
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4.3.3.2 Cavities in ex-service spacer at 6 o’clock position 

Irradiation induced cavities in the 6 o’clock sample are much smaller (~1-2 nm) than 

those in the 12 o’clock sample. The distribution in the matrix at the lower temperature 

tends to be more uniform. A slightly higher density of cavities was observed along grain 

boundaries but is barely discernible (fig. 4-13). A comparison of the cavity 

microstructures for the two 6 o’clock compared with the 12 o’clock samples are shown in 

fig. 4-14 together with the size distribution. 

 

Fig.  4-13 Bright field micrographs in an overfocused and underfocused Fresnel contrast 

condition showing cavity formation in 6 o’clock specimen. 
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Fig.  4-14 Bright field micrographs in an underfocused Fresnel contrast condition 

showing cavity formation in both 6 o’clock and 12 o’clock specimens. Statistical analysis 

showing cavity size distribution in both samples. 

 Irradiation induced instability of γ’ precipitates 4.3.4

The microstructures and diffraction patterns for both 6 and 12 o’clock samples are shown 

in fig. 4-15. The {220} γ reflections are demarcated in the diffraction patterns by the 
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rectangular box.  It is evident that the γ’{110} reflections are absent between the {220} γ 

reflections. This absence of γ’ precipitates in this area could indicate that those present in 

the unirradiated material could have become disordered, or that the distribution of γ’ 

precipitates is not uniform within the springs and there were none present in these 

samples. If γ’ precipitates were present and uniformly distributed in the unirradiated 

material the fact that they are no longer visible with diffraction contrast indicates that 

they have been dispersed sufficiently that they are no longer coherent precipitates and the 

0.5% misfit strain no longer exists.  

 

Fig.  4-15 Diffraction pattern taken in both 6 o’clock and 12 o’clock specimens showing 

disappearances of superlattice spots after irradiation. 



 

120 

 

4.4 Discussion  

A very significant observation is the presence of large amount of cavities in neutron 

irradiated Inconel X-750.  The presence of these cavities, segregated at grain boundaries 

in particular, is one possible explanation for the decreased strength and ductility observed 

in CANDU reactor spacers after high neutron exposures [10]. 

From previous examinations of irradiated Inconel X-750 it is clear that the type of 

irradiation (charged particle or neutron) and the neutron flux have a profound effect on 

the type of microstructures produced.  Kato et al. [11] reported an absence of voids in 

age-hardened Inconel X-750 after high energy electron irradiation at 500°C to 20 dpa. 

Zhang et al. [8,12] also reported a lack of cavities in irradiated Inconel X-750 after 

irradiation with 1 MeV Kr
2+

 to 5.4 dpa over a wide temperature range, from 60°C to 

600°C. Kenik [13] found the presence of individual cavities in X-750 alloy after fast 

neutron irradiation at 360°C to 0.4 dpa and the distribution of cavities showed no 

significant variation along grain boundary and interphase boundaries. 

However, it has long been known that neutron spectrum effects can have a large effect on 

the irradiation induced microstructure during neutron irradiation, for references see [10]. 

The current investigation re-affirms that the microstructure developed after neutron 

irradiation is very different from that developed by charged particles or fast neutrons. The 

results show conclusively that, all else being equal (neutron flux, dose and spectrum), 

there is a marked temperature effect on the microstructure.  Although the temperature 

difference for the 12 and 6 o’clock samples has to be deduced there is no other 

explanation for the differences in microstructure that are observed. The differences in 
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microstructure developed after neutron irradiation in a thermal power reactor such as the 

CANDU reactor is the abundance of inert gas atoms, such as helium and hydrogen that 

are generated coincidentally with the point defects produced due to atomic displacement 

damage. In a thermal reactor such as CANDU, components containing nickel are 

subjected to the following transmutations by absorption of neutrons at thermal energies 

[14–16]. 

     58
Ni + n → 

59
Ni + γ         (4.1) 

     
59

Ni + n → 
56

Fe + 
4
He        (4.2) 

     
59

Ni + n → 
59

Co + H        (4.3) 

It has been reported production rates of helium and hydrogen by transmutations are as 

high as approximate ~300 appm He/dpa and ~50 appm H/dpa respectively [1]. Therefore, 

the ex-service spacer irradiated after 14.26 effective full power years which was 

characterized in the current study contains 20000 appm He and  appm H. Helium or 

hydrogen are supposed to be essential in cavity nucleation and growth. 

The effects of helium and hydrogen on cavity formation have been the subject of 

previous work.  Hashimoto et al. [3] irradiated Inconel 718 at 200°C with 3.5 MeV Fe
+
, 

370 keV He
+
 and 180 keV H

+
 triple beams; they also irradiated using a 370 keV He

+
 

single beam and 3.5 MeV Fe
+
 single beam. No cavities were observed after irradiation 

using the Fe
+
 single beam up to 10 dpa, whereas a high density of 1 nm cavities were 

observed after both triple beam and He
+
 single beam irradiations up to ~1 dpa. The 

effects of helium on cavity evolution in Ni and Ni-based alloys have also been studied 
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using high energy proton irradiation, which could also lead to the Ni transmutation. 

Sencer et al. [2] reported an absence of cavities in Inconel 718 irradiated by 600-800 

MeV protons to 13.4 dpa.  In this case the protons are expected to create by transmutation 

~1830 appm helium and ~5000 appm hydrogen. However, their irradiation temperature 

was low (32-55°C), and both He and vacancies are in effect immobile. Yao [17] reported 

that cavities were observed after energy proton irradiation of pure nickel, at 350°C for 

doses up to 0.1 dpa.  Cavities were not observed at a lower temperature (300°C). Not 

only are cavities stabilised by the presence of gas atoms but also a moderate irradiation 

temperature is necessary for cavity evolution.  

The temperature effect is illustrated in the current investigation by comparing samples 

taken from 6 o’clock (180°C) and 12 o’clock (>300°C). Mobility of free migrating 

vacancies is higher at >300°C than 180°C. Those freely-migrating vacancies that escape 

in-cascade recombination with self-interstitial atoms, are mobile enough at both 

temperatures to combine with helium, creating helium bubble embryos.  The higher 

mobility of both the helium and the vacancies gives rise to an increase in the cavity size 

at the high temperature [16,17,18]. Diffusion of helium to grain boundaries and phase 

boundaries is more evident at higher temperatures in the 12 o’clock sample and is 

consistent with expectations [20]. An increase of helium along the boundaries provides 

more nucleation sites for cavities. Segregation of helium at the boundaries naturally leads 

to less helium in areas close to grain boundaries, and therefore the formation of cavity 

denuded zones [1,7].The cavity size in the low temperature irradiated sample (6 o’clock) 

is smaller, and the increase of cavity density along boundaries is not very clear, although 
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the expectation is that some additional segregation will be present even at the lower 

temperature [1].  

The irradiation temperature not only affected the cavity evolution but affected the size 

and morphology of irradiation induced lattice defects. In the current investigation, large 

Frank loops and unfaulted loops were observed only in >300°C (12 o’clock) irradiated 

sample but not in sample from 6 o’clock (180°C) location. This is reflected in the defect 

size distribution analysis shown in fig. 4-9. It is well accepted the small (a few nm) 

defects, i.e. SFTs and small loops, are formed directly by collapse of cascades [21–23]. 

Thus, it is expected that the size of the cascade-produced defects are independent of the 

irradiation temperature. The formation of a high density of SFTs and dislocation loops is 

likely to cause initial hardening of the material, regardless of irradiation temperatures. 

After high does irradiation, when development of small defects reaches a saturation due 

to cascade overlapping, the development of large interstitial loops in 12 o’clock sample is 

likely to be an additional factor when considering differences in irradiation hardening 

between the two clock positions. A higher flux of vacancies to neutral sinks (such as 

cavities and grain boundaries) at higher temperature will result in an increasing number 

of free migrating self-interstitial atoms being available to migrate to network dislocations 

and interstitial dislocation  loops [24]. 

The irradiation induced instability of γ’ precipitates were observed in both 180°C and 

>300°C irradiated samples. Previous work in various alloy systems containing γ’ 

precipitates have shown similar results. Sencer et al. [2] reported a disappearance of γ’ 

superlattice spots at low dose 0.6 dpa in 600-800 MeV proton irradiated Inconel 718 at 
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32-55°C. It was postulated that the γ’ precipitates were initially disordered at low dose 

and followed by a full dissolution. Hashimoto et al. [3] reported instability of γ’ in 

Inconel 718 under ion irradiation at 200°C to 1 dpa. Hunn et al. [5] reported similar 

disappearance of γ’ precipitates in Inconel 718, and material softening was also 

recognizable at the same time. A temperature dependence of γ’ disordering and 

dissolution has also been well studied in Ni-Al model alloys and Nimonic PE16. Nelson 

et al. [25] reported that the γ’ superlattice spots disappeared at about 0.1 dpa in both aged 

Ni-Al alloys and PE16 under heavy ion irradiation at room temperature, but they 

remained stable above a ‘critical irradiation temperature’ 300-325°C. Camus et al. [26] 

reported similar results in heavy ion irradiated PE16, but they reported a ‘critical 

temperature’ at 267°C. This ‘critical temperature’ can be affected by many variations 

such as, alloying elements, bombardment particle type, and dose rate etc. In the current 

study, γ’ precipitates in both samples disappeared, indicating that the temperature at the 

12 o’clock location is also below the ‘critical temperature’. However, it should be noted 

that at low temperatures, thermal diffusion is very limited and radiation-induced mixing 

[24] dominates the short range mass transport. In Nelson et al.’s work [25] it was shown 

that at high irradiation temperature, an aging effect arises which tends to recover the γ’ 

precipitates. Although a complete study has yet to be completed, and one could anticipate 

some precipitation phenomena, the absence of both ordering and localised strain due to γ’ 

precipitates in both the 12 and 6 o’clock samples indicates that any differences in 

properties at these two locations are unlikely to be the result of differences in the 

evolution of the γ’ structure.   The production of large interstitial loops, and larger 

cavities that are segregated at grain boundaries and precipitate interfaces in the 12 
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o’clock compared with the 6 o’clock sample are more likely to be important vis-à-vis 

mechanical properties. 
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Chapter 5 

Microstructural evolution of CANDU Spacer Material Inconel X-750 

under in-situ ion irradiation 

Work on Inconel
 
X-750 spacers removed from CANDU

 
reactors has shown that they 

become embrittled and there is development of many small cavities within the metal 

matrix and along grain boundaries.  In order to emulate the neutron irradiation induced 

microstructural changes, heavy ion irradiations (1 MeV Kr
2+

 ions) were performed while 

observing the damage evolution using an intermediate voltage electron microscope 

(IVEM) operating at 200 kV.  The irradiations were carried out at various temperatures 

60-400°C.  The principal strengthening phase, γ’, was disordered at low doses 

(~0.06 dpa) during the irradiation.  M23C6 carbides were found to be stable up to 5.4 dpa.  

Lattice defects consisted mostly of stacking fault tetrahedras (SFTs), ½<110> perfect 

loops and small ⅓<111> faulted Frank loops.  The ratio of SFT number density to loop 

number density for each irradiation condition was found to be neither temperature nor 

dose dependent.  Under the operation of the ion beam the SFT production was very rapid, 

with no evidence for further growth once formed, indicating that they probably formed as 

a result of cascade collapse in a single cascade.  The number density of the defects was 

found to saturate at low dose (~0.68 dpa).  No cavities were observed regardless of the 

irradiation temperature between 60°C and 400°C for doses up to 5.4 dpa.  In contrast, 

cavities have been observed after neutron irradiation in the same material at similar doses 

and temperatures indicating that helium, produced during neutron irradiation, may be 

essential for the nucleation and growth of cavities. 



 

128 

 

5.1 Introduction 

The irradiation induced damage on microstructures and properties of face centered cubic 

(fcc) metals are of great interest because of their use as structural materials in nuclear 

reactors.  Ni-based superalloys possess excellent mechanical strength and good creep 

properties in addition to oxide and corrosion resistance at high temperatures [1-5].  

Inconel X-750 is a γ’ Ni3[Al, Ti] strengthened Ni based superalloy used for fasteners and 

centering pins in the cores of pressurized water reactors and boiling water reactors, and in 

CANDU fuel channels as a spacer material [1],[4],[6].  Modern CANDU spacers are tight 

fitting springs that provide support to the pressure tube, separating it from the cold 

calandria tube.  If the spacers do not function properly, consequently, contact of the 

pressure tube and the calandria tube would likely cause a pressure tube fracture.  The 

spacers are reported to operate at temperatures between 200°C and 315°C [5].  The 40 

coils at the bottom in contact with the calandria tube serving at a lower temperature. The 

maximum flux of fast neutrons emitted from fission in the CANDU fuel cluster is about 

4x10
17 

n·m
-2

·s
-1

, E > 1 MeV [5]. For an average power profile of CANDU fuel channel, 

each Ni atom will be displaced approximately once per year by fast neutrons, translating 

to a total contribution of approximately 25 dpa in a CANDU spacer by end of its life [5].  

This damage will be augmented with the presence of thermal neutrons. 

Recently, it has been found that ex-service CANDU X-750 spacers become embrittled 

after irradiation in CANDU environments [4],[5].  The underlying mechanism that leads 

to the embrittlement is not yet fully understood.  Some studies have been carried out on 

ex-service spacer material but, as with any post irradiation examination, uncertainties 
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remain concerning variability in operating conditions that make it difficult to draw solid 

conclusions about what factors affect the microstructural changes observed in the 

neutron-irradiated material.   

It is well known that fast neutron irradiation causes atomic displacement damage, which 

results in formation of dislocation loops and cavities [7-9].  Evolution of these defects 

can greatly alter the mechanical properties such as hardening of the materials and 

reduction of ductility and fracture toughness.  Similar to Inconel X-750, in proton 

irradiated Inconel 718, ⅓<111> type faulted Frank loops were observed in a wide dose 

range from 0.6 to 13.4 dpa [7]. Hashimoto et al. [8] reported in both Fe
+ 

and He
+
 

irradiated Inconel 718 (precipitation hardened), a great number of Frank loops and 

perfect loops were observed at ≥ 1 dpa. 

Many other changes occur within the material which can also impact the mechanical 

properties, such as  formation of cavities [10],[11].  Kato et al. [12] reported an absence 

of cavities in Inconel X-750 irradiated at 500°C to 20 dpa by 1 MeV electrons. They 

believed this was due to the void suppression effect of fine γ’ precipitates.  Sencer et al. 

[7] also reported a lack of voids in Inconel 718 irradiated with 600-800 MeV proton to 

13.4 dpa, but temperatures were low (32-55°C).  Kenik [13] found both faulted 

dislocation loops and cavities were present in Inconel X-750 after fast neutron irradiation 

at 360°C to 0.4 dpa.  Kai et al. [14] observed voids in solution annealed Inconel 600 

irradiated with 1 MeV protons at 450°C to 0.5 dpa.  Irradiation induced cavity evolution 

in Ni-based alloys greatly depends on the species of incident particles and irradiation 

temperature. 
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In addition to the creation of defects such as dislocation loops and cavities, fast neutron 

irradiation can also affect the stability of existing phases.  Ni-based alloys such as Inconel 

X-750 and 718 obtain their excellent mechanical properties against high temperature 

through heat treatments designed to produce precipitates, such as γ’.  This equilibrium 

phase may dissolve via recoil dissolution and disordering during irradiation [15-17].  

Although there lacks a phase stability study in Inconel X-750 under cascade damage, 

Carsughi et al. [18] have reported in Inconel 718, γ’ precipitates were disordered, leading 

to a material softening.  Sencer et al. also reported the material softening caused by γ’ 

disordering in Inconel 718, but they suggested that the softening is not only attributed to 

disordering but also the precipitate dissolution.  

In Ni-Cr-Fe alloys, irradiation may also result in the segregation or depletion of different 

alloying elements in the vicinity of sinks such as grain boundaries [19].  Changes of other 

incoherent precipitates, such as MC and M23C6 type carbides, normally existing in 

austenitic nickel-chromium-based superalloys may also cause an impact on the material 

properties [20]. 

Therefore, it is important to investigate mechanisms of lattice defect evolution, cavity 

formation and irradiation induced phase transformation under various irradiation 

conditions.  To gain a better understanding of irradiation behavior of the Inconel X-750 

spacers, an overview of the radiation-induced microstructure evolution as a function of 

dose and temperature is desirable.  Irradiation under controlled conditions, achievable 

through in-situ heavy ion irradiations, can help.  In this study, heavy ion irradiation is 

utilized to emulate fast neutron irradiation damage, giving obvious research benefits by 
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accurately controlling experimental parameters such as material selection, dose control, 

temperature control, etc.  However, there is always a concern about the validity of the 

emulation in the absence of transmutation reactions that produce impurities such as 

helium in X-750. 

In-situ heavy ion irradiation coupled with transmission electron microscope (TEM), is 

performed in our experiments, enabling dynamical observation of microstructure 

evolution under irradiation. The results outlined in this paper cover samples irradiated 

with heavy ions at temperatures of 60°C, 200°C, 300°C and 400°C at doses of 

0.01, 0.06, 0.27, 0.68, 2.7 and 5.4 dpa.  Results of heavy ion irradiation are often 

comparable with that of fast neutron irradiation in reactor in terms of the accumulated 

displacement damage. 

5.2 Experimental 

 Specimen preparation 5.2.1

Inconel X-750 spacers with a cross section of 0.7 mm by 0.7 mm were tested.  The 

chemical composition is listed in Table 5-1.  The received material was subjected to 

AMS 5698 standard heat treatment (solution treatment at 1120°C for 15 minutes, 15% 

cold work reduction and aging treatment at 732°C for 16 h).  Specimens of 3 mm in 

length were cut from the spacer in order to fit the TEM sample holder, and were thinned 

to 50~100 µm by mechanical polishing.  The specimens were then electropolished into 

TEM thin foils by using a Tenopol-5 twin-jet apparatus with 5% perchloric acid in 

methanol electrolyte at -40°C.  To fit the narrow specimen into the electropolishing 

sample holder, two standard 3 mm diameter, single hole (0.5 mm) copper grids were used 
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to clip the sample and make a sandwich.  The copper grids were painted with lacomet on 

both sides in order to avoid electro-polishing/etching by chemical solution.  The 

microstructural evolution after heat treatment was characterized in optical microscopy 

and TEM combined with energy dispersive X-Ray analysis (EDX).   

 In-situ irradiation 5.2.2

TEM in-situ experiments were carried out at the IVEM-Tandem facility at Argonne 

National Laboratory.  The facility consists of a Hitachi 9000 NAR TEM interfaced to 

either one or two Tandem ion accelerators.  The facility can offer a video capture during 

the irradiation and taking micrographs by stopping at different doses [21].  Different 

specimens were mounted in a double tilt holder and irradiated at 60°C, 200°C, 300°C and 

400°C, respectively, with double charged Kr
2+

 ions to a maximum dose 2×10
19

 ions·m
-2 

in several dose steps. 

It was indicated, by calculation of the stopping and range of ions in matter (SRIM), that 

approximately 90% of the ions could pass through the 100 nm thick TEM foil and 10% 

might recoil back or remain in the specimen.  1 MeV ion energy with a flux 4×10
15

 

ions·m
-2

·s
-1

 was applied.  According to SRIM simulations [22], this corresponds to a 

displacement rate of 10
-3 

dpa·s
-1

 for threshold displacement energy in Ni-Cr-Fe of 40 eV 

and the final damage level was 5.4 dpa at 2×10
19

 ions·m
-2

.  The dpa data correspond to 

the total amount of ions bombarding the TEM sample.  For each specimen, microscopy 

was carried out after every dose step at 0.01, 0.06, 0.27, 0.68, 2.7 and 5.4 dpa. 
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All TEM observations were performed at an operating voltage of 200 kV which is well 

below the threshold for electron knock-on damage in Ni-Fe-Cr, but not Al, which could 

result in some additional damage in the γ’ precipitates.  Two-beam dynamical bright 

field, kinematical bright field, and weak beam dark field were used for imaging.  

Irradiation processes were recorded using a dynamical video.  Extra care was taken 

during the investigation to ensure the same area was characterized and imaged with 

similar diffraction conditions between each dose increment.  Defects sizes and densities 

were measured in the weak beam dark field images. There were a large number of 

unidentified sub-nanometre irradiation induced defects. 

The g·b analyses were carried out to characterize the irradiation induced dislocation 

loops.  The g·b table for characterization is given in table 5-2.  As shown in the table, 

⅓<111> type dislocations are visible in all three g vectors close to zone axis [110].  Thus, 

loops invisible in any of the three g vectors close to the zone axis [110] are determined as 

½<110> type perfect loops.  To count the number density of defects, measurements were 

carried out in the same area as a function of dose, so we used the area density rather than 

the volume density.  The g(5g) weak beam dark field condition with g = 200, close to 

zone axis [011] was used for the measurement of defects number density.  As shown in 

table 5-2, g = 200, close to zone axis [011] we missed two burgers vectors ½    ] and 

½[  ̅ ], but all other g vectors miss three groups of defects, thus this condition is 

adopted.  Measurements of image size of defects were applied to obtain their mean size. 

The standard error bars representing the statistical error of each measure are shown.  
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Table 5-1Chemical composition of the Inconel X-750 (wt%) 

Ni Cr Fe Ti Al Nb Mn C 

Bal. 15.0 7.3 2.5 0.68 0.99 0.15 0.067 

 

Table 5-2│ g·b │table. 

b \ g Zone       Zone       

       ̅   ̅   ̅    ̅     ̅  

    v v v i i i 
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    v v i i v v 

    v i v v i v 

    i i i v v i 

 ̅   v i v v v v 

   ̅ v v i v v v 

  ̅  i v v v v v 
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5.3 Results and Discussion 

Microstructure of the materials prior to irradiation was examined by optical microscopy, 

showing the grain size of 12±8 μm in diameter.  Carbide particles were observed both in 

the grain and along the grain boundary with a preferential alignment along the rolling 

direction. TEM examination showed that size of the carbides varies from ~100 nm to 

~1 μm.  Energy dispersive X-ray spectroscopy (EDX) characterizations indicated the 

carbides are titanium, niobium rich MC (TiC, NbC) or chromium rich M23C6 (Cr23C6).  

As shown in Fig. 5-1, spherical γ’ precipitates were distributed homogenously within the 

matrix, with sizes about 15-25 nm.  The measured number density of the precipitates is 

1.4 (±0.2) × 10
22

 m
-3

.  The γ’ precipitates are well known as L12 ordered phase.  In a 

cubic unit cell, the Ni atoms are located at the face center and the Al/Ti at the corners 

(Fig. 5-1).  A line plot of intensity profile from the diffraction pattern clearly shows 

superlattice spots which present the existence of γ’ (Fig. 5-1). The γ’ precipitates possess 

a 0.5% lattice misfit from γ matrix, which causes a small scale strain field around them.  

The diffraction contrast can thus be observed in TEM due to this strain field around the 

γ’.   
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Fig.  5-1 TEM dark field micrograph and diffraction pattern shows microstructure prior 

to irradiation.  Intensity scanning of diffraction pattern shows superlattice reflection of γ’. 

 Irradiation induced phase change 5.3.1

5.3.1.1 Disordering of γ’ 

During the irradiation, the superlattice spots disappear at very low dose.  Diffraction 

pattern and bright field imaging shows that γ’ precipitates undergo disordering during 

irradiation at 60°C (Fig. 5-2).  Surface morphology change following irradiation to 

0.06 dpa can be observed by comparison before (Fig. 5-2 (a)) and after irradiation (Fig. 5-

2 (b)). Contrast from the γ’ can still be observed at 0.06 dpa, but the intensity of the 

diffraction pattern clearly shows the disappearance of the superlattice spots, which 

indicates that γ’ has been totally disordered.  As shown in Fig. 5-3, irradiation at 400°C 
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also resulted in a disordering of γ’ at the same dose level. For samples irradiated at all 

temperatures (60°C ~ 400°C), an irradiation to 0.06 dpa caused the superlattice spots to 

disappear.  

 

Fig.  5-2 Two-beam bright field TEM micrograph close to zone axis [011] and g = 200 

showing the disordered state of γ’ precipitates at 60°C. a) before irradiation, b) after 

irradiation to 0.06 dpa. Intensity scanning of diffraction pattern shows the change of 

superlattice reflection. 
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Fig.  5-3 Two-beam dark field TEM micrograph close to zone axis [011] and g = 200 

showing the disordered state of γ’ precipitates at 400°C. a) before irradiation, b) after 

irradiation to 0.06 dpa. 

Ion irradiation induced phase change for L12 γ’ precipitates has been studied through both 

experimental survey and theoretical model [17],[23]–[25]; however limited experimental 

results in commercially available X-750 superalloys have been reported.  Disordering of 

phases and dissolution of precipitates by ballistic mixing is often considered for the 

irradiation change of an ordered phase.  Nelson et al. [23] reported that stability of γ’ 

precipitates in Nimonic PE16 and Ni-Al model alloys depends on a balance between 

radiation dissolution and radiation enhanced diffusion. During heavy ion bombardment at 

room temperature they observed that the γ’ disordered at about 0.1 dpa in both aged Ni-

Al alloys and PE16.  But above a critical temperature, 300-325°C, the γ’ remained stable.  

Camus et al. [26] reported the γ’ in PE16 disordered at a dose of 0.1 dpa when irradiated 

below a critical temperature of about 270°C but the dissolution process is slowed down 
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and reordering is increased.  It is believed that below a critical temperature the 

disordering rate resulting from ballistic mixing is higher than the ordering rate assisted by 

radiation enhanced diffusion.  Nelson et al. [23] also reported that there was a dose-rate 

dependent critical temperature above which the precipitates remain stable during 

irradiation. Models have been developed by several researchers in terms of experimental 

results of cascade- produced disordering and dissolution of γ’ precipitates [15],[16],[23]. 

With respect to γ’ precipitates disordering at low temperature; our observations on alloy 

X-750 are entirely consistent with previous results from PE16 and Ni-Al model alloys. 

There exists a critical condition based on temperature and dose-rate above which the 

ordered phases remain stable.  However, for the conditions explored in this study 

disordering always occurred. During long time service in the reactor, this phase change 

not only affects the strength of the material directly but could also affect the creep 

resistance.  

It has been reported that the intensity of the superlattice reflections can be related to the 

degree of phase order [26]. However, in the current work, superlattice reflections 

disappear at low damage levels (<0.06 dpa).  Disordering rates were not determined.  

5.3.1.2 Carbides 

Fig. 5-4 shows the change of M23C6 carbide during irradiation at 60°C.  The carbide is 

approximately 300 nm and located along a grain boundary.  During the irradiation, the 

carbide/matrix boundary was stable and exhibited no visible change for doses up to 

5.4 dpa.  The M23C6 carbides were visibly unaffected by irradiation at temperatures up to 

400°C, for doses up to 5.4 dpa. 
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Fig.  5-4 Bright field TEM micrograph shows morphology of M23C6 at 60°C;  

a) 0.27 dpa, b) 0.68 dpa, c) 5.4 dpa. 

 Irradiation induced lattice defects 5.3.2

In the current study, during 1 MeV Kr
2+

 heavy ions irradiation, TEM examination at all 

temperatures revealed defect microstructures comprised of SFTs, loops and other tiny 

defects that were too small to be identified. 

5.3.2.1 SFTs 

In the present experiments, SFTs and small loops started accumulating at the beginning 

of the irradiation.  Fig. 5-5 (a) shows the sample irradiated to 0.27 dpa at 60°C with a 

homogenous distribution of SFTs.  The size of the SFTs varied at different irradiation 

temperatures.  The SFTs are mainly 1-2 nm at low temperature but larger SFTs were 

found at higher temperatures. Fig. 5-5 (b) shows the X-750 after 0.27 dpa at 400°C where 

larger SFTs were observed. 
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Fig.  5-5 Two-beam dynamical bright field TEM micrograph close to zone axis [011] and 

g = 200 showing formation of SFTs. a) 0.27 dpa at 60 °C, b) 0.27 dpa at 400°C. 

At the onset of the irradiation, perfect SFTs formed instantly, probably due to collapse of 

collision cascades, and then frequently decomposed with continued irradiation, probably 

as a result of the disordering effect of newly created collision cascades.  Once formed, 

these SFTs were found to be sessile, which is consistent with previous work [27]–[30]. 

An SFT is a tetrahedron described as six ½<110> type stair-rod partial dislocations 

bounded by four triangular {111} stacking faults [31].  It has been reported if the 

tetrahedron is viewed along one of the six <110> directions, the structure will project to 

2D image as a triangular shape, rather than a trapezoidal shape given by viewing along 

the <001> direction [32].  Thus two-beam bright field and weak beam dark field using g 

vector close to the <110> zone axis were mainly used for characterization.  Size 

measurements of SFTs were carried out by using g(5g) weak beam condition with g = 
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200, close to zone axis <110>.  Edge lengths of the SFTs’ 2 dimensional triangular 

shapes were measured to determine the size of the 3 dimensional shapes.  

SFTs could form by collapse of vacancy enriched core of cascades although there is no 

direct observation being presented here or elsewhere.  Irradiation induced defects in Ni-

based superalloys have not been studied extensively, but abundant data from irradiation 

of pure Ni were reported which can provide information on what to expect for Ni-based 

alloy systems.  Kirk et al. [33] reported a high production rate of vacancy type defects 

during heavy ions irradiation on pure Ni.  Kojima [34] reported the irradiation induced 

SFTs in fcc material are of vacancy type in nature.  Robertson et al. [35] reported that 

40% of defects induced by 50 keV Ni
+
 ion irradiation were identified as SFTs with TEM 

observations under in situ irradiation.  More systematic experiments have been performed 

from 0.001 dpa to 0.3 dpa and reported later by Yao et al. [27].  They revealed that in 

high energy proton irradiated pure Ni, defects consisted of about 50% SFTs, 30-40% 

dislocation loops, and 10% unidentified features at low doses.  A size increase of SFT 

with increase of irradiation temperature was also reported. 

In the present work on X-750 alloy at temperatures below 400°C observations were 

similar to those reported by Yao et al. [32] on high energy proton irradiated pure Ni. As 

shown in Fig. 5-6, the sizes of the SFTs show no obvious change with irradiation dose 

but increase with the irradiation temperature.  The SFTs are likely to have formed from 

the high density of vacancies remaining after the displacement cascades cool down once 

created.  Besides those that have recombined with interstitials, others may evolve into 

cavities, vacancy type loops or SFTs in fcc materials [36].  Irradiation at elevated 
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temperatures induced larger SFTs, and is probably because of the increased mobility of 

vacancies with increasing temperature.  SFTs can grow via absorbing free vacancies [32].  

The absorbing rate greatly depends on the vacancy mobility and diffusion distance, both 

of which increase while increasing irradiation temperature. 

At similar irradiation temperatures, the mean sizes of SFTs showed no obvious change as 

a function of dose.  This confirms that during heavy ion irradiation, the SFTs are formed 

directly from collision cascades, because the sizes of SFTs only depend on the size of the 

cascade. As shown in Fig. 5-6, the statistical analysis shows the mean sizes of the SFTs 

are related to irradiation temperature but do not change with dose.  This is consistent in 

all samples examined as part of this investigation. 

 

Fig.  5-6 Temperature and irradiation dose dependence of SFTs’ mean sizes. The 0.1 dpa 

corresponds to 3.7×10
17

 ions·m
-2

; 5.4 dpa corresponds to 2×10
19

 ions·m
-2

. 
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To see the difference of SFTs formed by heavy ion irradiation on X-750 and high energy 

proton irradiation on pure Ni, SFTs mean sizes vs. irradiation temperature is plotted in 

Fig. 5-7. The dose at which sizes of the SFTs were measured is 0.1 dpa for high energy 

proton irradiated pure Ni, and 0.07 dpa for heavy ion irradiated X-750.  In both 

experiments, when irradiated at the same temperature, the sizes of SFTs did not change as 

a function of dose although there is a 30% dose difference.  As shown in Fig. 5-7, the 

mean size of SFTs in heavy ion irradiated X-750 is smaller comparing to those in pure Ni 

at corresponding irradiation temperatures.  The size difference of SFTs may be attributed 

to the size difference of cascades produced by different incident ions.  The high energy 

proton (590 MeV) can generate larger cascades than the current heavy ion (1 MeV) and 

therefore can produce larger vacancy clusters.  We also noted during the comparison that 

the mean size of the SFTs in pure Ni increased more obviously with an increase of 

temperature compared to X-750.  At temperature < 90°C, where the vacancies are not 

mobile, the sizes of SFTs only depend on the size of vacancy clusters from the cascade.  

At higher temperatures, where vacancies are mobile, the migration of vacancies is 

severely retarded by alloying elements and intermetallic phases in the current X-750 alloy 

system but not in the pure Ni, and this would result in a greater size difference of SFTs. 
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Fig.  5-7 The comparison between SFTs formed by heavy ion irradiation on X-750 and 

high energy proton irradiation on pure Ni. 

5.3.2.2 Loops 

Fig. 5-8 (a) and (b) show microstructures of X-750 irradiated to 0.01 dpa at 200°C.  Two 

g vectors, g = 200 and g =    ̅ close to zone axis [011] were used to compare the 

micrographs.  Clearly, we can observe the existence of ½<110> type perfect loops.  g·b 

analyses show that the majority of irradiation induced loops are ½<110> type perfect 

loops.  

Apart from the ½<110> loops, g·b analyses also show that there is evolution of small 

⅓<111> faulted Frank loops with a diameter of a few nms.  As discussed in 3.2.1, it is 
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believed that perfect SFTs (Fig. 5-9 (a)) likely formed directly from cascade 

intermediated by collapse of vacancy type Frank loops, which is energetically favorable.  

However, this collapsing process may not completely result in perfect SFTs.  This 

collapsing process can likely be affected by several factors such as the size of original 

vacancy cluster and stacking fault energy of the material.  Instead of perfect triangles, 

some SFTs show a truncated shape and are therefore categorised as non-perfect SFTs 

(Fig. 5-9 (b)).  Also, some defects only show a contrast of loops and they are 

characterized as ⅓<111> type by g·b analyses (Fig. 5-9 (c)).  These ⅓<111> type Frank 

loops could be either interstitial or vacancy type.  In terms of their tiny size, it is hard to 

determine their nature. 

 

Fig.  5-8 g(5g) weak beam dark field micrograph, showing the irradiation induced defects 

in the same area at 200°C. a) 0.01 dpa close to zone axis [011] and g = 200, b) 0.01 dpa 

close to zone axis [011] and g =    ̅. 
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Fig.  5-9 Weak beam dark field micrographs showing defects yield from the irradiation 

(300°C). a) a perfect SFT, b) a non-perfect SFT, c) a Frank loop. 

Zinkle and Snead reported that there was a transition from the SFT-predominated regime 

to dislocation-loops-predominated from low doses to high doses [37].  Yao [32] found 

that the fraction of SFTs and dislocation loops were not remarkably changed with 

increasing irradiation temperatures below 300°C and the ratio is independent of the 

irradiation dose.  There are not many publications reporting data for irradiated Ni-based 

alloys. 

As shown in Fig. 5-10, in the current investigation on heavy ion irradiated X-750, no 

obvious relationship between the size of the loops and the irradiation dose or temperature 

was found.  The fractions of SFTs and loops were statistically characterized.  No dose 

dependant transition from an SFT-dominated to dislocation-loop-dominated regime was 

observed up to 5.4 dpa at temperatures up to 400°C.  
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Fig.  5-10 The mean sizes of dislocation loops change with temperatures and irradiation 

doses.  The 0.1 dpa corresponds to 3.7×10
17

 ions·m
-2

; 5.4 dpa corresponds to 2×10
19

 

ions·m
-2

. 

5.3.2.3 Number density of defects 

Fig. 5-11 shows irradiation induced changes in microstructure with increasing doses, in 

the samples irradiated at 300°C.  To quantify the irradiation induced damage including 

SFTs and dislocation loops, as a function of dose, measurements were carried out in the 

same area.  At 300°C, as shown in Fig. 5-11, the density of defects increases rapidly at 

the first four doses < 0.68 dpa.  After 0.68 dpa, the defects start to saturate.  

For all temperatures, the measured areal densities as a function of dose are plotted in Fig. 

5-12.  At all temperatures, the density of defects shows a dramatic increase at the first 

four doses < 0.68 dpa.  The saturation starts to occur due to the defects overlapping where 

the balance between formation and deconstruction of defects was approached.  However, 
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the defect density at different temperatures may not be comparable due to sampling 

differences.  

In the current study, thin foil irradiations were conducted which indicates free surfaces of 

the sample may play an important role in microstructural evolution because these free 

surfaces can act as sinks to point defect clusters. Subsequently, this surface sink effect 

can reduce the number density of visible defects, and make the current thin foil 

irradiations different from bulk material irradiations. Future comparisons between current 

experiments and bulk irradiated samples are desirable to determine the sink effect of free 

surfaces in this material. 
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Fig.  5-11 g(5g) weak beam dark field micrograph close to zone axis [011] and g = 200 

showing the irradiation induced defects in the same area at 300°C a) Before irradiation, 

b) 0.01 dpa, c) 0.06 dpa, d) 0.27 dpa, e) 0.68 dpa, f) 5.4 dpa. 
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Fig.  5-12 Measurement of defects areal density.  The 0.1 dpa corresponds to 3.7×10
17

 

ions·m
-2

; 5.4 dpa corresponds to 2×10
19

 ions·m
-2

. 

 Irradiation induced cavities 5.3.3

5.3.3.1 Current experiments 

Inconel X-750 irradiated with 1 MeV Kr
2+

 ions was examined using kinematical two 

beam bright field imaging condition in focus, under-focus and over-focus mode.  No 

cavities were found in the matrix in all samples at irradiation temperatures up to 400°C 

and doses up to 5.4 dpa.  Areas close to the grain boundaries as well as carbides and 

intermetallic second phases were examined in greater detail but no cavities were 

observed.  
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Irradiation induced cavities can result in significant swelling which is regarded as a major 

degradation mechanism in nuclear materials.  Kenik [13] reported both fault dislocation 

loops and cavities were present in X-750 alloy after fast neutron irradiation at 360°C to 

0.4 dpa.  The distribution of cavities showed no significant variation along grain 

boundary and interphase boundaries.  Kato et al. [12] reported that after high energy 

electron irradiation of Inconel X-750 at 450°C, voids were found in samples that had 

been aged at 900°C but not those that had been aged at 750°C, indicating that the size and 

density of precipitates have an influence on void formation.  They speculated that the 

precipitate-matrix interface might play a role in enhancing recombination of point 

defects, thus reducing the vacancy flux to the cavities.  Nevertheless, there are still very 

limited systematic studies showing the effect of thermo-mechanical treatments on the 

cascade-induced cavities in alloy X-750.  To understand this degradation mechanism, we 

compared the current heavy ion irradiation on X-750 with high energy proton irradiation 

of pure Ni and in-reactor neutron irradiated X-750. 

5.3.3.2 Comparison with high energy proton irradiated pure Ni 

A comparison of the fraction of vacancy type SFTs in proton irradiated pure Ni and 

heavy ion irradiated X-750 is plotted in Fig. 5-13.  Previous work by Yao et al. [32] on 

proton irradiation of pure nickel at temperature up to 350°C showed a result with a 

noticeable decrease of SFT fraction of the total defects (SFTs and loops) after 0.1dpa.  

Cavities with a mean size of 3.9 nm were observed coincidentally with the decrease in 

number of SFTs, indicating that some of the vacancies went to cavities instead of SFTs.   

This implies that SFTs are the main vacancy-type defect when other vacancy clusters are 
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absent. In X-750 alloy irradiated in the current study the fraction of SFTs is independent 

of the irradiation dose and temperature up to 400°C.  This indicates that for the 

temperature and dose conditions in this study SFTs were the primary vacancy defect.  

 

Fig.  5-13 A comparison of the fraction of SFTs between high energy proton irradiated 

pure Ni and heavy ion irradiated X-750. 

It must be noted that during high energy proton irradiation, materials will experience a (p, 

α) transmutation reaction, which can produce approximately 200 appm helium per dpa 

[32],[38].  It is believed that helium interstitials may trap nearby vacancies and thus 

enhance the nucleation of cavities and this is the reason why cavities were observed after 

high energy proton irradiation [32] but not, as in the current study, after heavy ion 

irradiation.  It is also possible that, for alloy X-750, the boundaries of the intermetallic γ’ 

precipitates may suppress the cavity formation.  Kato et al. [12] reported that, after high 
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energy electron irradiation of Inconel X-750 alloy, void formation could be suppressed 

by a high density γ’ precipitates.  Although the γ’ precipitates are disordered at low dose 

(as discussed in 5.3.1.1), the local chemical composition does not change significantly at 

the same low doses, requiring substantially higher doses for the necessary mass transport 

to disperse Al and Ti concentrated in these zone.  It remains to be seen whether the 

chemical inhomogeneity has any effect on the evolving microstructure.  

5.3.3.3 Comparison with ex-service CANDU spacers  

TEM observations of ex-service CANDU X-750 spacers irradiated to 23.5 dpa show that 

there is a high density of bubbles and cavities throughout the matrix and aligned along 

grain boundaries [5].  In order to compare with the current heavy ion irradiated Inconel 

X-750, we performed TEM characterization in the spacer irradiated to 6 dpa in the 

reactor. Fig. 5-14 shows the irradiation induced cavities in the material at the temperature 

in the range of 200°C to 300°C.  The size and density of these bubbles are largely 

controlled by the local operating temperature of the spacer in reactor (i.e. during 

irradiation), the exact temperature being unknown in this case.  

Irradiation temperature also shows effects on cavity development.  Fig. 5-15 shows the 

cavity structure of material irradiated to 20 dpa at 200 °C (Fig. 5-15 (a)) and 300°C (Fig. 

5-15 (b)).  The material irradiated at 200°C has a high density of small 1-2 nm cavities 

and the material irradiated at 300°C has a lower density of larger cavities between 

1-5 nm.  This is consistent with theoretical calculations showing the effect of temperature 

on cavity densities [39].  Apart from the effect on nucleation, temperature and dose rate 
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affect the number of point defects available for microstructure evolution in this 

temperature range. 

As shown in Fig. 5-16, rate-theory calculations indicate that recombination is dominant at 

temperatures below 300°C for the ion irradiations but that cavity formation is feasible at 

the higher temperatures (400°C).  Given that a sufficient vacancy concentration exists to 

give rise to swelling, the absence of cavities after the heavy ion irradiation at 400°C 

indicates that helium, produced during from the (n, α) and (p, α) reaction during neutron 

and proton irradiation respectively, is likely to be important for the nucleation and 

stabilization of cavities. 

 

Fig.  5-14 Bright field transmission electron micrograph in an over-focused Fresnel 

contrast condition for an ex-service X-750 spacer with 6 dpa and 1500 appm He. 
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Fig.  5-15 Bright field transmission electron micrograph in an over-focused Fresnel 

contrast condition for an ex-service X-750 spacer with 20 dpa and 6000 appm He, 

operating at temperatures of approximately a) 200°C and b) 300°C. 

In Ni-rich alloys, such as Inconel X-750 spacers, the neutron absorption at thermal 

energies will cause the following transmutations [5],[40-42]: 

     58
Ni + n → 

59
Ni + γ         (5.1) 

     
59

Ni + n → 
56

Fe + 
4
He        (5.2) 

     
59

Ni + n → 
59

Co + H        (5.3) 

     
59

Ni + n → 
60

Ni + γ        (5.4) 

There is a high production rate of helium by Ni
58

 transmutations (approximately 

300 appm He/dpa).  The ex-service spacer shown in Fig. 5-14 has a He concentration of 

1500 appm (or 0.15 at. %). The sample shown in Fig. 5-14 was irradiated to a comparable 

dose (6 dpa) with the heavy ion irradiations of the present work.  The implication is that 

helium plays a key role in the nucleation and stabilization of cavity formation; therefore, 

(a) (b) 
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a closer representation of CANDU irradiated material can be achieved if the material is 

pre-implanted with helium prior to irradiation. 

 

Fig.  5-16 Comparison of hypothetical swelling calculations for neutron (dotted curve) 

and ion (solid curve) irradiation.  The swelling rate is calculated as a function of 

temperature for neutron damage (dpa·s
-1

) and Kr-ion damage (dpa·s
-1

) with a 3% cascade 

efficiency for freely migrating point defects and a 30% interstitial bias [43].  The vacancy 

migration energy is 1.38 eV, interstitial sink density = 10×10
14

 m
-2

, vacancy (cavity) sink 

density = 2×10
14

 m
-2

. 
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5.4 Conclusions 

In-situ heavy ion irradiation is a powerful tool to emulate fast neutron irradiation induced 

damage in X-750.  The conditions of heavy ion irradiation and their relevance to the 

embrittlement of ex-service garter springs have been discussed and the following 

conclusion are drawn. 

The principal strengthening phase γ’ is disordered at low dose 0.06 dpa during irradiation 

at 60-400°C, which can alter the mechanical strength and creep resistance on a long time 

basis.  In contrast to the γ’, M23C6 carbides were found to be relatively stable during 

irradiation up to 5.4 dpa. Irradiation induced lattice defects consisted mainly of SFTs and 

loops. SFTs were observed to form directly from atomic displacement cascades.  Thus 

the sizes of SFTs were found to be independent of irradiation dose but were dependent on 

temperature.  Loops are mainly of ½<110> type and ⅓<111> type.  The fraction of SFTs 

and loops were independent of irradiation dose in contrast to earlier work on pure Ni.  

The evolution of the microstructure saturated at low dose 0.68 dpa for all temperatures 

from 60°C up to 400°C.  No cavities were observed at all temperature up to 5.4 dpa in 

contrast to observations of neutron irradiated material.  Rate-theory calculations indicate 

that cavity formation is feasible at the higher temperatures of the ion irradiations.  Their 

absence indicates that helium, produced by the (n, α) or (p, α) reaction during neutron and 

proton irradiation, is likely to be important for the nucleation and stabilization of cavities.  

Pre-implantation of helium followed by heavy ion irradiation is therefore likely required 

to better emulate the conditions in the nuclear reactor. 
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Chapter 6 

Elevated Temperature Irradiation Damage in CANDU spacer Material 

Inconel X-750 

Heavy ion irradiation induced damage in Inconel X-750 at low temperatures (60°C ~ 

400°C) has been reported in our previous study. In the current investigation, the 

microstructure evolution and phase change during heavy (1 MeV Kr
2+

) irradiation at 

elevated temperatures (500°C and 600°C) were characterized under in-situ observation of 

intermediate voltage electron microscope (IVEM) at Argonne National Laboratory. For 

each temperature, defect analyses using the weak beam dark field method were carried 

out at several doses, up to 5.4 dpa. Small defects (< 5 nm) yielded from high temperature 

irradiation comprise mainly stacking fault tetrahedra (SFTs), small ⅓<111> and ½<110> 

type dislocation loops. Large interstitial Frank loops were observed and a clear 

characteristic for growth of loops was video-captured. Unfaulting of interstitial Frank 

loops was observed. The number density of the defects saturated at a relatively low dose 

of 0.68 dpa. No obvious change of defect fraction was found with increasing dose, but 

more complex dislocation structures formed at higher doses. In contrast to low 

temperature irradiation, the primary strengthening phase γ’ was found to be stable during 

irradiation at temperatures >500°C and was not disordered up to 5.4 dpa. No cavities 

were observed after the irradiation even at 600°C.  
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6.1 Introduction 

Inconel X-750 is a precipitation-hardening Ni based superalloy which is widely used in 

the core of pressurized water reactors and boiling water reactors. It is also used in 

CANDU reactors as spacer material to separate the hot pressure tube and the cold 

calandria tube [1–5]. Recent examinations of the ex-service spacers have shown this 

material exhibiting significant loss of strength and ductility [4,5]. Thus, there is a strong 

drive to understand the damage mechanism occurring by neutron irradiation. In this 

study, heavy ion irradiation of X-750 alloy performed in-situ in the TEM has been 

utilized to simulate fast neutron irradiation.  

Previously we reported the in-situ heavy ion irradiation carried out at the IVEM-tandem 

facility at relatively low temperatures from 60°C to 400°C, up to a final dose of 5.4 dpa 

(displacement per atom) [6]. Low temperature irradiation induced defects comprised 

mostly of stacking fault tetrahedra (SFTs), small ½<110> and ⅓<111> type loops. SFTs 

were observed forming directly from a single cascade and experience a rapid formation-

destruction-reconstruction process during the irradiation. The number density of the 

defects saturated at a relatively low dose of 0.68 dpa. The principal strengthening phase 

γ’ was disordered during the low temperature irradiation at a dose <0.06 dpa. According 

to the literature [7,8] in both Nimonic PE16 and a Ni-Al model alloy, the stability of γ’ 

greatly depends on the irradiation temperature. Both experimental studies and theoretical 

modeling have shown that γ’ is stable above some critical temperature and can then 

remain ordered [7,9–11]. Most of these critical temperatures that have been reported are 

around 300°C, but the value varies with material and irradiation conditions such as dose 
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rate. However, in our previous heavy ion irradiation of X-750, this order/disorder 

transition was not observed up to 400°C [6]. 

With the heavy ion irradiation at 60 ~ 400°C, no cavities were observed up to 5.4 dpa, as 

discussed in [6]. A high dose rate (10
-3

 dpa/s) was adopted in our heavy ion irradiation 

compared to the in-reactor neutron irradiation (10
-7

 dpa/s) [5]. The high dose rate may 

shift the nucleation and growth peak of the voids towards a higher temperature. Also, it 

has been reported that dose rate affected growth of interstitial loops [12]. 

In the current experiments, dynamical observation in TEM was used to record defect 

formation, growth, as well as phase changes at elevated temperatures (≥ 500°C). We also 

compared the irradiation structures obtained at high and low irradiation temperatures. 

Particular attention has been paid to the irradiation induced dislocation structures, which 

are usually regarded as a major cause of irradiation hardening. 

6.2 Experimental 

Chemical composition of the current X-750 alloy is listed in table 6-1. The received 

material was subjected to AMS 5698 standard heat treatment (solution treatment at 1120 

°C for 15 mins, 15% cold work reduction and aging treatment at 732 °C for 16 h). The 

specimens were cut from a ready-for-service spacer with a cross section of 0.7 mm by 0.7 

mm square and electropolished. Full details of specimen preparation and the IVEM-

Tandem in-situ irradiation facility at Argonne National Laboratory have been described 

in the previous report [6]. Samples were irradiated with 1MeV Kr
2+

 at 500°C and 600°C 

respectively to a maximum dose of 2×10
19

 ions·m
-2

. Dpa representing the accumulated 
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displacement damage was calculated by stopping and range of ions in matter (SRIM) 

[13]. Threshold displacement energy was chosen as 40eV [14]. For each specimen, the 

irradiation was stopped to allow imaging at 0.01, 0.06, 0.27, 0.68, 2.7 and 5.4 dpa. The 

Kr
2+

 beam flux is 4×10
15

 ions·m
-2

·s
-1

, which corresponds to a dose rate of 10
-3 

dpa·s
-1

. 

The dpa values correspond to the total amount of ions bombarding the TEM sample. All 

TEM observations were performed at an operating voltage of 200 kV which is below the 

threshold for electron knock-on damage in Ni-Fe-Cr alloys. Weak beam dark field 

technique was the main mode of TEM observation. Image sizes of defects were measured 

to estimate their mean sizes. The accuracy of size measurement was estimated to be 

±15%. The standard error bars represent the statistical error of each measurement. The 

g(5g) weak beam dark field condition with g = 200, was applied to measure number 

density of defects. Due to the presence of small black dots (defects < ~1 nm), statistical 

counting error was estimated to be ±10%. It should be noted that the irradiations were 

carried out on TEM foils. The surface performed as defect sink during the irradiation 

which could result in an underestimation of loop number density.  

Table 6-1 Chemical composition of the Inconel X-750 (wt%) 

Ni Cr Fe Ti Al Nb Mn C 

Bal. 15.0 7.3 2.5 0.68 0.99 0.15 0.067 
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6.3 Results 

 X-750 Irradiated at 500°C 6.3.1

TEM observations have shown that our as-received X-750 contains a uniform distribution 

of γ’ precipitates (Ni3[Al, Ti]) with sizes around 15-20 nm. Carbide particles were 

observed in grains and along grain boundaries. More details can be found in the previous 

report [6]. Fig. 6-1 shows the damage development in one particular area of the sample 

during the irradiation at 500°C. Defects were imaged with diffraction g = 200 close to 

zone axis [011]. The weak beam dark field condition of g(4g/5g) about 8°~10° off [011] 

was employed in order to obtain a good diffraction contrast of defects. Care was taken 

during the irradiation to maintain the diffraction condition. Fig. 6-1 (a) shows the 

microstructure prior to the irradiation where random line dislocations from processing 

deformation are observable. The dash circled dislocation survived the irradiation up to 

0.68 dpa, and was used as a marker. At 0.01 dpa (fig. 6-1 (b)), a low density of SFTs and 

small loops are clearly present. Full analyses of their Burger’s vector indicate most of the 

small loops are ½<110> type perfect loops, and a few of them are small ⅓<111> Frank 

loops. This is consistent with the results from low temperature irradiation we reported 

previously [6]. The bright SFTs, recognized by their triangular shape, show a faint 

contrast aligning along the diffraction vector g = 200 with the bottom edge of the 

triangles perpendicular to the [200] direction. The mean size of the SFT is measured in 

terms of edge length which is approximately 2.8 nm. It should be noticed that the 

measured size under this diffraction condition is about 20% smaller than the real size 

[15]. For each SFT, the bottom edge of the triangle shows weak contrast and is unclear, 
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while the other two edges are strongly contrasting and sharp. As shown in fig. 6-1 (c), at 

0.06 dpa, many SFTs that formed at lower dose have disappeared and new defects formed 

with a higher density (~ 1×10
15

 m
-2

). At 0.68 dpa (fig. 6-1 (d)), in addition to SFTs and 

small loops, the evolution of large loops started, appearing with a size of ~15 nm. After 

irradiation, the full g·b analyses were carried out using the available reflections at both 

[011] and [111] poles, and results have shown that most of these large loops are of 

⅓<111> type Frank loops. The large loop labelled with an arrow in fig. 6-1 (d) is 

identified as Frank loop with habit plane of ( ̅1 ̅). The loops are in edge-on shape and 

aligned along the <110> direction. Prior to the formation of large loops (> ~15 nm), 

smaller edge-on loops lying on the {111} planes were observed through the foil. This can 

be seen in fig. 6-2 (0.06 dpa) which shows the evolution of a large amount of edge-on 

defects (arrowed) with sizes about 5 – 10 nm lying on {111} planes and parallel to <110> 

directions. It should be noted that defect #1 (fig. 6-2) was developed during the material 

processing while others appeared during the irradiation. The irradiation induced large 

edge-on loops started to show up at 0.06 dpa and developed with increasing dose. During 

the irradiation, the Frank type loops were found to undergo continuous growth. Clear 

growth characteristics of these loops were video captured. Fig. 6-3 shows several 

snapshots from the video. The time showing below the snapshots is a true scale during 

the irradiation. The ion flux is 4×10
11

 ions·cm
-2

·s
-1

, which means there are approximate 8 

ions passing through the area per second. The loop ‘A’ started nucleation at 8s, then grew 

gradually and almost linearly with irradiation dose and reached a size about 20 nm at 

120s. The loop ‘B’ started nucleation between the 72s and the 80s images, then showed 
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rapid growth to about 20 nm at the 80s. This loop becomes sessile at 104s, and was 

eventually annihilated by 120s. 

Moreover, once formed, an unfaulting process was also observed for some of these 

⅓<111> Frank loops; stacking faults inside the loops disappeared. It is known that both 

extrinsic and intrinsic stacking faults show fringe contrast by using g = 200 according to 

g·b ≠ 0. However, after tilting by an angle (ωg) off the Bragg condition of g = 200 close 

to zone axis [011], no fringes were observable inside the loops. At doses > 0.68 dpa, 

although the density of the defects saturated (as will be discussed in 3.3), there are still 

some significant changes occurring to the damage morphology at a larger scale. Fig. 6-4 

(a) and (b) show a comparison of the same sample area at 0.68 dpa and 5.4 dpa. We 

found that most of the early generated small SFTs and loops vanished, but new defects 

had been formed with comparable size and number density to the vanished defects. 

However, at 5.4 dpa, a more complicated dislocation network had formed. This can be 

regarded as a result of elastic interaction of the large dislocation loops, both ⅓<111> and 

unfaulted ½<110> types, during the coarsening and annihilating process or due to 

conservative climb at elevated temperatures. 

Earlier we reported that the heavy ion irradiation at low temperature (60 ~ 400°C) [6] 

could cause vanishing of superlattice spots from the principal strengthening phase γ’ at a 

dose < 0.06 dpa. However, as can be seen in fig. 6-1, the line scan of the diffraction 

patterns clearly shows that the superlattice spots are stable during the irradiation. They 

did not disappear even at the highest dose of 5.4 dpa. This indicates that γ’ is very stable 

at this temperature and not disordered by the irradiation.  
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Fig.  6-1 g(5g) weak beam dark field micrograph, g = 200, close to zone axis [011] 

showing the irradiation induced defects in the same area at 500°C. a) Before irradiation, 

b) 0.01 dpa, c) 0.06 dpa, d) 0.68 dpa. Circled dislocation survived in the irradiation to 

0.68 dpa. Diffraction pattern intensity scan shows the existence of superlattice reflections. 
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Fig.  6-2 g(5g) weak beam dark field micrograph, g = 200, close to zone axis [011] 

showing Frank type edge on loops lying on {111} planes induced by the 500°C 

irradiation at 0.06 dpa. 

 

Fig.  6-3 Video snapshots shows the growth of large loops during the irradiation at 

500°C. Ion flux is 4×10
15

 ions·m
-2

·s
-1

. Observation was made under weak beam dark field 

condition, g(5g)  = 200, close to zone axis [011]. 
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Fig.  6-4 Comparison of microstructure at a) 0.68 dpa at 500°C, b) 5.4 dpa at 500°C. 

Observation was made under weak beam dark field condition, g(5g)  = 200, close to zone 

axis [011]. 

 X-750 irradiated at 600°C 6.3.2

The development of defects during early stage irradiation at 600°C was similar to those 

observed in 500°C irradiation. SFTs with a mean size about 3 nm were observed as well 

as small ½<110> type perfect loops. The sizes of the SFTs varied from less than 1 nm up 

to 7 nm. Fig. 6-5 shows a detailed view of SFTs formed by irradiation at 600°C. The size 
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of the smallest SFT which can be recognized in fig. 6-5 is 0.8 nm. An SFT of this size 

contains approximately 50 vacancies, and is assumed to be produced by collapse from a 

vacancy loop formed after a sub-cascade. The largest SFT observed is approximately 7 

nm. The structures of SFTs and small loops induced by irradiation at high temperature 

600°C and low temperature 300°C were compared in fig. 6-6. The SFTs that were 

amongst the largest observed under the particular irradiation conditions are indicated by 

dash circles. The measurement of mean size versus dose at elevated temperature (500 and 

600°C) was plotted in fig. 6-7. At a given dose, larger SFTs were generated in elevated 

temperature irradiation than was previously reported for low temperature irradiation (60 ~ 

400°C) [6]. A relative large increase in of the size of observed SFTs is noted between 400 

and 500°C. Taking account of measurement error, no obvious trend in size is observed as 

a function of irradiation dose; this is true at all temperatures. However, the data may 

suggest a slight size increase in the size of the SFTs at the early stage of the irradiation 

from 0.01 dpa to 0.06 dpa for irradiation at 500°C and 600°C.  

Fig. 6-8 shows an overview of the irradiation induced microstructure at 0.27 dpa, 600°C. 

The weak beam dark field condition, g(4g/5g), g = 200 close to zone axis [011], was used 

for observations. SFTs and small loops are clearly present in the irradiated foil. At 0.27 

dpa, there is also evolution of large loops similar to those observed in samples irradiated 

at 500°C. The large loops consist of both ⅓<111> type Frank loops with stacking faults 

fringes inside (marked as ‘a’ in fig. 6-8) and unfaulted ½<110> type perfect loops 

(marked as ‘b’ in fig. 6-8). Stacking fault fringes inside those Frank loops are 

perpendicular to the [200] direction, indicating they have b = 1/6[112] and are lying on 

the (  ̅ ̅) plane facing to the observation direction z. The enlarged part in fig. 6-8 shows 
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the detailed morphology of the two large unfaulted loops with no stacking faults fringes. 

They are of a similar size to the faulted loops. 

 

Fig.  6-5 Detailed micrograph of defects induced by irradiation at 500°C. Observation 

was made under weak beam dark field condition, g(5g) = 200, close to zone axis [011]. a) 

an example of the smallest SFT which could be recognized under the current technique, 

b) Frank type edge loops lying on {111} planes. 
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Fig.  6-6 Weak beam dark field micrograph close to zone axis [011], g(5g) g = 200 

showing the irradiation induced defects. a) 0.06 dpa at 300°C, b) 0.27 dpa at 300°C, c) 

0.06 dpa at 600°C, d) 0.27 dpa at 600°C. Solid circles showing loops, dashed circles 

showing SFTs. 
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Fig.  6-7 Measurement of sizes of SFTs versus irradiation dose. 0.1 dpa is at 4×10
17

 

ions·m
-2

; 5.4 dpa corresponds to 2×10
19

 ions·m
-2

 

 

Fig.  6-8 Microstructure induced by irradiation at 600°C to 0.27 dpa. Observation was 

made under weak beam dark field condition, g(5g)  = 200, close to zone axis [011]. a) 

⅓<111> type faulted Frank loops, b) unfaulted ½<110> perfect loops. 
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A remarkable difference in the loop sizes was found between irradiation at 500°C and 

irradiation at 600°C. In addition, those very large loops (> ~ 15 nm) showed up at a low 

dose of only 0.06 dpa at 600°C. A statistical analysis of loop sizes was plotted as a 

function of dose for both temperatures in fig. 6-9. The size shown in fig. 6-9 is the mean 

size over all defects identified as loops with size from ~1 nm to ~ 50 nm. The sizes of 

loops formed during the low temperature irradiations are also plotted for comparison. All 

loops formed at temperatures below 400°C are identified as ‘small’ loops (< 5 nm), and 

the sizes are the same within error for all these low temperatures.  Further, there was no 

size change with increasing dose. In the higher temperature measurements however, there 

is an increase of the mean loop size at 500°C due to the evolution of ‘large’ ⅓<111> and 

unfaulted ½<110> type loops. The mean loop size is even larger at 600°C. The size 

increase of loops on going from low temperature to high temperature, either Frank type 

or perfect loops were already shown in fig. 6-6 (solid circled). There is a continuous 

coarsening of loops over the first few dose steps for both 500°C and 600°C irradiation 

conditions. The maximum mean loop size is reached at 0.06 ~ 0.27 dpa at 600°C, but not 

until 0.68 dpa at 500°C.  This indicates that the coarsening rate that produces large loops 

increases with the increase of irradiation temperatures. 

A more detailed defect morphology was obtained from another grain at 0.27 dpa at 

600°C, as shown in fig. 6-10. Typical ½<110> type perfect loops (labelled as ‘a’ in fig. 6-

10) and SFTs (labelled as ‘d’ in fig. 6-10) were clearly seen. The SFTs take a great 

number fraction (50% ~ 60%) of the total defect population (including SFTs, loops, and 

small defects being too tiny to be identified). Moreover, a large perfect loop with 18 nm 

diameter was recorded (labelled as ‘b’ in fig. 6-10). A ⅓<111> Frank loop lying on the 
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{111} plane with a size of approximate 5 nm, which continues to grow during irradiation, 

was also recorded (labelled as ‘c’ in fig. 6-10).  

 

Fig.  6-9 Measurement of loops sizes versus irradiation dose. 0.1 dpa is at 4×10
17

 ions·m
-

2
; 5.4 dpa corresponds to 2×10

19
 ions·m

-2
. 

Most of the perfect loops were observed at doses ≥ 0.27 dpa. At a dose ≥ 0.06 dpa but ≤ 

0.27 dpa, faulted loops dominated. The large Frank loops were characterized by changing 

angles away from the Bragg condition as well as a complete g·b analyses. As shown in 

fig. 6-11, at 0.06 dpa, larger defects with sizes of tens of nm appeared. The condition g = 

200 close to pole [011] was used for observation. Under two beam bright field (also dark 

field) condition (fig. 6-11 (a)), the defects show a strong contrast but this is mixed with 

the thickness contour as well as the contrast from the strain field around the γ’ 

precipitates. While being tilted in one degree steps off the Bragg condition, those strong 

contrasts were suppressed and stacking fault fringes inside the large loops increased in 

number and became thinner, showing a typical contrast of faulted loops. Moreover, the 
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complete g·b analyses were carried out and confirmed that they are ⅓<111> type Frank 

loops. Fig. 6-12 shows an illustration of the Burgers vector determination of these loops. 

The analyses were carried out by using available reflections close to zone axis [011] and 

[111]. The defects show contrast by using all three g vector close to zone axis [011]. 

They also show contrast at g =   ̅  close to [111]. Extinction was approached by tilting 

to g = ±    ̅. These confirmed the b of the faulted loops is ±⅓[  ̅ ̅].  

 

Fig.  6-10 Irradiation induced microstructure at 600°C to 0.27 dpa. Observation was 

made under weak beam dark field condition, g(5g), g = 200, close to zone axis [011], 

showing ‘a’  small ½[110] perfect loops, ‘b’ large ½[110] perfect loops, ‘c’ ⅓[111] 

faulted loop under growth and ‘d’ SFTs. 
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Fig.  6-11 Dark field observation showing Frank loops at 600°C to 0.06 dpa. a-f showing 

every one degree tilt from Bragg condition g = 200 off the pole [011]. 

 

Fig.  6-12 g·b analyses showing the evolution of Frank loops.     ̅         ̅ were 

obtained close to pole [011]. Defects was out of contrast under g =    ̅ , close to pole 

[111]. Thus, b = ±⅓[   ̅̅̅̅ ]. 
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Similar to the irradiation at 500°C, as seen from the diffraction pattern of the [110] pole 

(fig. 6-13), superlattice spots are bright and clear at 0.06 dpa at 600°C. They also did not 

disappear even at the highest dose of 5.4 dpa, indicating the γ’ precipitates are stable 

during irradiation at or above 500°C at least to 5.4 dpa. As shown in fig. 6-13, there was 

no obvious change of the morphology of the γ’ precipitates observed under dark field 

imaging condition during the irradiation. The γ’ precipitates have a circular shape with a 

size 15-20 nm, the same as those observed prior to the irradiation. 

 

Fig.  6-13 Dark field micrograph that was taken close to zone axis [011] showing the 

stability of γ’ precipitates at 0.06 dpa, 600°C. 

For samples irradiated at both temperature (500°C and 600°C), careful searching for 

cavities was carried out by utilizing a bright field kinematical condition. The method of 

over-focus and under-focus was tried in order to reveal the Fresnel contrast present from 
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cavities. However, no cavities in the visible size (> ~ 1 nm) were observed for either 

temperature up to the final dose 5.4 dpa. 

 Number density of defects 6.3.3

The number densities of small defects per unit area (areal density) were measured versus 

dose while maintaining observation at a given location during the irradiation. In order to 

obtain the information of true accumulation rate and saturation dose of defects, the 

measurement of areal density in a fixed location is adopted rather than using volume 

density measurements in various locations via estimating the foil thickness. The condition 

g = 200 close to zone axis [011] misses two sets of loops with Burgers vectors, ½    ] 

and ½   ̅ ], but this is still better than other g vectors which would miss three sets of 

loops, thus this condition is mostly the one used in the current experiment for defect 

density measurement. The measured number density versus dose was plotted in fig. 6-14 

for 500°C and 600°C irradiations. The results from the previous low temperature 

irradiation are also plotted in the same diagram as a comparison. As shown in fig. 6-14, 

for all temperatures, the number density of defects increases rapidly in the first few steps 

of the irradiation. At low dose, the accumulation of defects is mostly concerned with 

individual cascade events. At a dose greater than or equal to 0.68 dpa, a saturation of 

defects is reached, which was result of damage overlapping.  
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Fig.  6-14 Measurement of defect number density versus with dose. 0.1 dpa is at 4×10
17

 

ions·m
-2

; 5.4 dpa corresponds to 2×10
19

 ions·m
-2

. 

In all samples observations were made in the thin areas close to the hole, where the 

thickness is estimated to be roughly 80 nm by use of thickness fringes. Given the same 

thickness, a comparison of number density of defects at different temperatures can be 

made this way. A remarkable decrease of the number density of small defects was spotted 

in fig. 6-6 for 600°C irradiation compared to 300°C irradiation at the same dose. At 

300°C, the defect density is 1.63×10
15

 m
-2

 at 0.06 dpa and 2.40×10
15

 m
-2

 at 0.27 dpa. At 

600°C, the densities are measured as 5.4×10
14

 m
-2

 at 0.06 dpa and 1.19×10
15

 m
-2

 at 0.27 

dpa. As shown in fig. 6-14, at a given dose, statistical analyses indicate that the 

irradiations ≥ 500°C cause a strong decrease of the number density of small defects in 

comparison to low temperatures (60 ~ 400°C).  
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 Determination of the nature of defects  6.3.4

To further the fundamental understanding of the defect mechanism, it is of great interest 

to investigate what nature of dislocation loops exhibit, i.e., vacancy or interstitial type.  

In order to determine the nature of dislocation loops for size > 10 nm, the inside-outside 

technique is employed as it is known to be one of the most reliable methods [16]. It is 

believed only loops ≥ 30 nm can be characterized by the inside-outside method while 

using conventional bright field kinematical condition, however the small loops down to 5 

nm can be examined under weak beam dark field condition (Sg ≈ 2×10
-1

 nm
-1

) [16]. The 

nature of the large loops was characterized firstly through determining their habit plane 

and the Burgers vector b. As shown in fig. 6-12, the large loops with stacking faults were 

Frank loops lying on the {111} planes. It is thus straightforward to find b since the 

determination of the Burgers vectors for Frank loops is equivalent to the determination of 

their habit planes.  

Fig. 6-15 shows an illustration of the determination of the nature of large Frank loops in 

the sample irradiated to 0.06 dpa at 600°C. Diffraction vectors g, ± [   ] and ± [ ̅ ̅ ], 

were assigned close to zone axis [011]. All the micrographs were taken under strict weak 

beam dark field conditions keeping the deviation parameter Sg positive and Sg was kept 

the same for +g and -g. The upward drawn loop normal n is [ ̅  ]. Similar to the Burgers 

vector determination shown in fig. 6-12, the two loops arrowed in fig. 6-15 with stacking 

faults inside perpendicular to [200] were determined as ±⅓[  ̅ ̅]. As shown in fig. 6-15, 

the loops show inside contrast ((b·g)Sg < 0), which means the loop contrast is inside the 

true loop projected position, under observation of g = 200 and [   ̅]. On the other hand, 
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outside contrast ((b·g)Sg > 0) was obtained at g =  ̅00 and [ ̅ ̅ ]. Thus, the b is ⅓[ ̅  ] 

rather than ⅓[  ̅ ̅]. The b is thus parallel to the loop normal n, and b·n > 0. The large 

loops are therefore interstitial type [17]. In other areas a few more ⅓<111> loops were 

also recognized as interstitial type. 

 

Fig.  6-15 Determination of the nature of the large Frank loops (arrowed) formed at 0.06 

dpa during 600°C irradiation. Orientation close to [011], (a) Operative reflection g = 200, 

showing inside contrast, (b) g =  ̅  , showing outside contrast, (c) g =    ̅, showing 

inside contrast, (d) g =   ̅̅̅̅  , showing outside contrast. 
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6.4 Discussion 

 Temperature dependence of the irradiation induced defects 6.4.1

The current results demonstrate a temperature dependence of the defect evolution. At all 

temperatures (60 ~ 600°C), the initial damage appears in the form of small SFTs and 

loops, which appear immediately at the onset of the irradiation. It is believed that these 

small defects form directly from the cascade collapse, regardless of irradiation 

temperature. The SFTs have already been proved to be vacancy type defects [18–21]. It is 

said that small vacancy platelets can be formed from cascade events, and can 

consequently transform to small Frank loops [22]. The ⅓<111> Frank loop likely 

dissociated to one 1/6<110> stair rod dislocation and one 1/6<112> Shockley partial. Six 

1/6<110> stair rod dislocations would bound a 3 dimensional SFT [23]. This process is 

energetically preferential and has been cited by many articles especially in metals with 

low stacking fault energy such as Au and Cu [24,25].  

As shown in fig. 6-7, no obvious change of SFT size was observed with increasing dose, 

especially at low temperatures. As we reported, the SFTs underwent a rapid formation-

destruction-reconstruction process during the irradiation. Therefore, the measurement of 

SFTs at each dose level is mostly based on newly formed SFTs. Results from molecular 

dynamic (MD) simulations [24] suggest that the size of SFTs is greatly affected by the 

initial size of the vacancy platelets formed from the cascade events; these are mainly 

dominated by the energy of primary knock-on atom (PKA). Thus, the sizes of SFTs show 

no obvious change with irradiation dose. 
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However, an obvious size variation of the SFTs depending on the irradiation temperature 

was observed in the current experiments (fig. 6-7). It is believed, that after formation, 

SFTs could also act as vacancy sinks and absorb free migrating vacancies and hence 

grow [26,27]. This effect is more evident at elevated temperatures since migration of 

vacancies is much easier than at low temperatures. Much larger SFTs (6~8 nm) were 

observed under irradiation at the higher temperatures studied, because some SFTs may 

survive destruction by subsequent cascades and remain long enough to grow to a large 

size by this vacancy absorption. 

Interstitial type Frank loops were also observed at elevated temperatures. We did not 

report this type of loops being formed during the low temperature irradiations, simply 

because their sizes were too small for determination of their nature [6]. MD analyses 

have shown that the size of SIA clusters increases with increasing temperature [28]. This 

is consistent with our experimental results. Upon increasing the irradiation temperature to 

600°C, these Frank loops become large enough to be examined by the inside-outside 

technique and hence can be classified as interstitial nature (fig. 6-16). The size increase of 

these Frank loops also leads to the increase of the loop mean size, as shown in fig. 6-9. 

Once formed, some of these loops would grow to large loops as shown in fig. 6-8. The 

growing process is clearly recorded in the serial snapshots shown in fig. 6-3. We propose 

that the growing is simply completed by absorbing free migrating SIAs, and thus leads to 

a positive climb. At elevated temperatures, the growth is enhanced by the thermal and 

irradiation assisted long-distance diffusion. This is the reason why no such large 

interstitial loops were observed at temperatures below 400°C. In fig. 6-9, no obvious 

change of loops’ size was noticed at low temperatures but we can observe an obvious gap 
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in between the 400°C and 500°C results, indicating a jump in the loop size; this implies 

the activation temperature for SIAs to sink to form larger loops is between 400°C and 

500°C. 

Irradiation temperature also shows an effect on the total number density of the defects. 

The noticeable decrease of number density at elevated temperature (shown in fig. 6-6 and 

fig. 6-14) could be interpreted as the enhanced recombination of SIAs and vacancies. 

Fewer clusters would form as a result of easier recombination. From another point of 

view, the higher mobility of free migrating SIAs and vacancies at elevated temperatures 

would likely make it easier for them to travel a longer distance, and hence to eventually 

form larger defects rather than agglomerate locally to form smaller defects. 

 Cavities 6.4.2

No cavities were observed during our previous low temperature irradiations. The most 

surprising result is that cavities were not observed even at the highest temperature of 

600°C. Kenik [29] reported both faulted dislocation loops and cavities were present in X-

750 alloy after neutron irradiation at 360 °C to 0.4 dpa. Kato et al.[30] observed cavities 

during high energy electron irradiation in aged Inconel X-750 and found that the size and 

density of precipitates influenced the cavity formation. It is known that neutron 

irradiation will likely produce transmutation products which may affect cavity formation, 

but cavities formed during the electron irradiation can only be considered as 

agglomeration of single vacancies. Thus, heavy ion or high energy light ion irradiations 

are considered as better ways than electron irradiation to investigate the mechanism of 
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cavity formation after cascade damage. But there are very limited results reported on 

heavy ion or high energy light ion irradiation of X-750.  

However cascade damage in pure Ni has been well studied, and can be compared to the 

current Ni-based alloy. Sprague et al. [31] reported heavy ion (2.8 MeV 
58

Ni
+
, dose rate 

7×10
-2

 dpa·s
-1

) irradiation on pure Ni and found cavities with sizes over 10 nm at 525°C 

above, but no cavities at 475°C and below. Yao et al. [32] reported cavity formation at 

350°C at a low dose of 0.1 dpa after high energy (590 MeV) proton irradiation; at the 

same time they observed a significant drop in the number of SFTs. For the current heavy 

ion irradiation on X-750, as shown in fig. 6-10, at 600°C to 0.27 dpa, there are still a 

large amount of SFTs (50% ~ 60%) and no cavities were observed at all. The difference 

between the current irradiation on X-750 and Sprague et al.’s results [31] on pure Ni is 

probably caused by the fact that the intermetallic phase (γ’) boundaries and alloying 

atoms in the alloy would retard the migration of vacancies and thus suppress cavity 

formation. Moreover, the high energy proton irradiation [32] could generate cavities at 

lower temperature regime and at lower doses, presumably due to the stabilizing effect of 

cavities from small amounts of helium (20 appm at 0.1 dpa) produced by p-α 

transmutation.  

It was predicted in our previous report that based on a conventional void growth model 

and rate theory that for irradiation at 600°C with a dose rate 10
-3

 dpa·s
-1

, formation of the 

cavities is feasible, since the sink of the vacancies dominates rather than recombination 

with self-interstitial atoms [6]. During the current irradiation at high temperatures, we 

found a large amount of vacancies involved in the fast formation-destruction-
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reconstruction process of the SFTs, which implies the vacancies undergo a rapid 

redistribution rather than being stabilized into cavities. We then assume that cavities were 

never nucleated from vacancy clusters during the irradiation. Some extra trapping sites 

for vacancies such as helium would be essential to assist the nucleation process and 

stabilize the cavities. This confirms the alloy X-750 is a high swelling resistant material 

under cascade damage even at elevated temperature. 

 The development of large interstitial loops 6.4.3

The development of large interstitial loops is of great interest when considering 

irradiation hardening of the material. As we discussed in 4.1, the small interstitial type 

Frank loops (as shown in fig. 6-16) grew after formation (as shown in fig. 6-3) and 

became large interstitial Frank loops eventually (as shown in fig. 6-15). The size of the 

loops at 600°C (~50 nm) is comparable to those found in the previous work in pure Ni at 

the same temperature [31]. As shown in fig. 6-9, at 600°C, a higher growth rate was 

obtained as well as a larger size at higher dose. The growth of a single loop could be 

predicted by Woo et al.’s model [12] based on rate theory, where individual loops would 

grow through absorption of  free SIAs. This indicates the growth of the interstitial loops 

also depends on the irradiation temperature and dose rate, in a similar manner to the 

cavity development. Another mechanism of loop growth is thought to be through loop 

coalescence at high dose. 

Unfaulting of interstitial Frank loops was observed at both 500°C and 600°C. Fig. 6-8 

clearly shows a comparison of faulted and unfaulted loops. The unfaulting of the extrinsic 

interstitial Frank loops requires two Shockley partial dislocations to be nucleated inside 
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the faulted loop and glide of these dislocations across the stacking faults to form a perfect 

dislocation loop. The reaction is given by 

 

 
[111] +  

 

 
[2  ̅̅̅̅ ] + 

 

 
[ ̅2 ̅]→ 

 

 
 [110] 

It has been reported that unfaulted perfect loops can glide on the prismatic plane with 

applied stresses, and then finally escape to the surface [33,34]. This provides another 

possible interpretation of Frank loop loss other than negative climb. As we can see from 

the above unfaulting reaction equation, it is relatively difficult for interstitial type Frank 

loops to unfault compared to the process for vacancy loops (
 

 
[111] +  

 

 
[11 ̅] → 

 

 
 [110], 

which needs one Shockley partial), since two Shockley partials are needed. We noted in 

the current experiments, that most of the Frank loops can grow to a very large size 

without becoming unfaulted. Due to the difficulty of the unfaulting of interstitial loops, 

most such loops were only observed at higher doses ≥ 0.27 dpa. At dose ≥ 0.06 dpa but ≤ 

0.27 dpa, faulted loops dominated.  

Although the defect number density reaches saturation at 0.68 dpa (fig. 6-14), elastic 

interactions occurred among growing larger loops at high dose and form more complex 

dislocation structures (fig. 6-4). 

 Stability of the γ’ precipitates 6.4.4

Superalloys with Al and Ti additions usually are designed to obtain high strength and 

creep resistance by thermal aging that produces γ’ precipitates. In our previous results, 

during low temperature irradiation (60 ~ 400°C), the γ’ precipitates Ni3(Al, Ti) 
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disordered at 0.06 dpa, with no temperature dependence observed [6]. However, they 

became stable in the elevated temperature irradiation reported here and were not 

disordered up to the final dose of 5.4 dpa. The stability of γ’ precipitates in this materials 

are of great concern for nuclear applications, because their presence or loss may severely 

affect the strength, ductility and hardness of the material, and may also change the creep 

property and stability of the grain boundaries [7,35–39]. 

Effect of the irradiation temperature on the stability of γ’, L12 ordered precipitates in 

Nimonic PE16 (Fe rich Fe-Cr-Ni based alloy with Al and Ti addition) and a Ni-Al model 

alloy have been systematically studied [7–9,40–45]. The γ’ Ni3Al precipitates are formed 

via aging prior to irradiation and thus are thermodynamically stable. Nelson et al. [7] 

found that during 46 MeV Ni+ irradiation on both a Ni-Al alloy and PE16 at relatively 

low temperatures, the γ’ precipitates were disordered and then dissolved. Bourdeau et al. 

[9] then reported similar findings on heavy ion irradiated PE16. They believed that this 

was due the domination of ballistic mixing. With increase of irradiation temperature 

beyond some “critical temperature”, precipitates might remain stable or even grow as 

diffusion processes overcome the redistribution effects of ballistic mixing. In searching 

for this “critical irradiation temperature”, Camus and coworkers reported measurement 

on PE16 [8], using field ion microscopy with atom probe and TEM diffraction pattern 

analysis, that at an irradiation temperature < 267°C, the precipitates disorder within 0.1 

dpa and dissolve in the disordered state, but that they are stable at temperatures > 267°C 

[8]. Our current irradiations of X-750 alloy hence show good consistence with previous 

results from other alloy systems. The critical temperature of disordering and ordering of 

γ’ precipitates in X-750 under heavy ion irradiation is between 400°C and 500°C. The 
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ballistic mixing effect greatly depends on irradiation flux but is not much affected by 

temperature. At elevated temperatures, the aging effect becomes stronger which tends to 

recover the precipitates. During the irradiation, diffusion in the solid would be enhanced 

due to the existence of large amounts of free migration point defects and thus enhance the 

aging. The current determined temperature is between 400°C and 500°C, which is higher 

than Camus et al.’s results on PE16 [8]. The plausible reason is the differences of 

chemical composition between these materials. Various alloying atoms in the materials 

may have different effects on the diffusion length and rate, and thus the mass 

transportation. The different sizes and fractions of the γ’ precipitates would also affect 

this order/disorder transformation and this could provide a chance to modify current 

materials for nuclear applications, but details of these effects are presently unknown.  

 Comparison to in-reactor neutron irradiation 6.4.5

Judge et al. [5] and some others [1,4] reported that a large amount of cavities were 

observed in ex-service CANDU X-750 spacer material. They found that some cavities 

preferentially located along grain boundaries, which might drastically weaken the grain 

boundaries and lead to the material being embrittled directly. Griffiths et al. [2] also 

reported such cavity embrittlement in Inconel 600 alloy. The true working temperature of 

the X-750 spacer varies depending on location, exhibiting the lowest value of ~200°C at 

the 6 o’clock position and the highest ~ 310°C at the 12 o’clock position [5]. The reactor 

dose rate was approximate 10
-7 

dpa/s. Thus, it is essential to investigate the temperature 

and dose rate dependence of the irradiation damage.  
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As we discussed in section 4.2, cavity development is feasible at elevated temperature but 

extra trapping sites for vacancies in the matrix may be essential for the formation and 

growth of cavities, since the vacancies will readily sink into SFTs instead of cavities. As 

indicated from Yao et al.’s [32] work on high energy proton irradiated pure Ni, helium 

would perform as trapping sites for free migrating vacancies and thus help the nucleation 

of cavities. In thermal reactors such as CANDU, Ni atoms will absorb thermal neutrons 

resulting in a transmutation reaction to produce helium and hydrogen. The reaction is 

given by [46] 

                                                             59
Ni + n → 

56
Fe + 

4
He         (6.1) 

59
Ni + n → 

59
Co + H                                                  (6.2) 

The 10 years’ service of the materials in reactor could accumulate about 15,000 appm 

helium [5,46]. This transmutation produced helium is considered the main reason why 

different cavity structures were observed in ex-service spacers and the heavy ion 

irradiated X-750. 

The growth of large interstitial Frank loops is also affected by temperature and dose rate. 

Although during heavy ion irradiations these large loops can only be observed at 

temperatures ≥ 500°C, taking dose rate into account, the temperature to develop such a 

microstructure would likely be shifted to a lower regime, and may well be located within 

the service temperature range 200°C to 310°C.  

From another point of view, the development of the faulted loops may partially depend 

on the stacking fault energy. Although the effects of soluble helium and hydrogen on 
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stacking fault energy are unknown, we speculate that these impurities from nuclear 

transmutation reactions would greatly decrease the stacking fault energy, especially the 

presence of a large amount of helium. Experimental work has showed that Ni exhibits a 

relatively high stacking fault energy 125 mj·m
-2

. In X-750 alloy, although the SFE may 

be lowered by the alloying atoms, there were still no large faulted loops observed at 60 ~ 

400°C under the heavy ion irradiation. However, formation of faulted loops in the in-

reactor component would likely be easier due to the decrease of stacking fault energy 

(due to He) and we will hence see the large loops at lower temperatures. Evolution of 

these large loops would presumably cause an irradiation hardening in the in-service 

spacer, with variations in loop density depending on their location, due to the spatial 

temperature variation. 

The dose rate, which affects the rate of ballistic mixing, would have an effect on the 

disordering/dissolution process of γ’ precipitates. This implies that under reactor neutron 

irradiation which gives a much lower dose rate (10
-7

 dpa/s), the aging effect could 

overwhelm the ballistic mixing at a relatively low temperature compared to the transition 

seen for heavy ion irradiation, with a dose rate 10
-3

 dpa/s. This indicates the critical 

temperature of disordering/dissolution of γ’, which is in between 400°C and 500°C 

during heavy ion irradiation, would likely drop and may lie within the service 

temperature 200°C to 310°C for in-reactor neutron irradiation. Thus, the strength and 

hardness of the spacer after service could vary with location because of different forms of 

γ’ after irradiation, at different temperatures. Details of dose rate effect on mass 

transportation and the shift of the critical temperature will be reported in a future 

publication.  
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It should be noted that, transmutation produced helium or hydrogen interstitials may also 

affect the order/disorder transformation of γ’ precipitates, as well as precipitation 

dissolution. The presence of helium or hydrogen may change the microstructural sink 

strength and markedly slow down point defect migration as well as solute movement 

[47–49]. That implies it may require a higher dose for the γ’ to disorder or dissolve, and 

also likely change the critical temperature of γ’ ordering /disordering.  

6.5 Conclusions 

In this investigation, heavy ion (1 MeV Kr
2+

) irradiation induced damage in Inconel X-

750 at elevated temperatures, including lattice defects, cavities and stability of 

precipitates, as well as effects on the damage from the temperature, dose, and dose rate, 

were systematically studied. Taking dose rate effects into account, irradiation behaviors 

at elevated temperatures and their implications to the embrittlement of ex-service spacers 

were also discussed and the following conclusion were drawn. 

i) The size of irradiation induced SFTs is temperature dependent, but no dependence on 

dose was observed. This indicated that they formed directly from individual cascades. 

ii) Large loops formed only at temperature ≥ 500°C. A successful inside-outside 

examination could be made of the large loops, and they were identified as interstitial 

loops. The sizes of small SIA Frank loops increased with increasing irradiation 

temperature due to the increase of SIA clustering.  

iii) Small interstitial Frank loops can grow eventually to a large size ~ 50 nm. Unfaulting 

of these loops was observed. 
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v) Similar to the low temperature irradiation, the number density of the defects presents 

at elevated temperatures starts to saturate at 0.68 dpa. More complex dislocation 

networks formed at higher dose through the elastic interaction of loops. The number 

density of the defects decreases with increase of irradiation temperatures. 

vi) No cavities were observed even at the highest temperature 600°C. Additional vacancy 

trapping sites are believed to be essential in the nucleation of cavities. 

vii) γ’ precipitates were stable at ≥ 500°C due to thermal aging overwhelming the 

ballistic mixing. A critical temperature for γ’ under these irradiation conditions was noted 

to lie between 400°C and 500°C. 
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Chapter 7 

Stability of Ni3(Al, Ti) gamma prime precipitates in a nickel based 

superalloy Inconel X-750 under heavy ion irradiation 

Phase stability of Ni3(Al, Ti) precipitates in Inconel X-750 under cascade damage was 

studied using heavy ion irradiations with transmission electron microscope (TEM) in-situ 

observations. From 60°C to 400°C, ordered Ni3(Al, Ti) precipitates became completely 

disordered at low irradiation dose of 0.06 displacement per atom (dpa). At higher dose, 

precipitate dissolution under disordered state was observed, which is due to the ballistic 

mixing effect by irradiation. However, at temperatures greater than 500°C, the 

precipitates stayed ordered up to 5.4 dpa, supporting the view that irradiation induced 

disordering/dissolution and thermal recovery reach a balance between 400°C and 500°C. 

Effects of Ti/Al ratio and irradiation dose rate are also discussed. 

7.1 Introduction 

Face centered cubic (fcc) nickel-based superalloys, including Inconel X-750, are widely 

used in the nuclear industry due to their high strength and good creep properties, in 

addition to corrosion resistance at high temperatures [1,2]. Ni-based superalloys with Al 

and Ti additions usually are designed to obtain high strength and creep resistance by 

aging to produce fine particles of the γ’ secondary phase Ni3(Al, Ti). It has been well 

noted that at temperatures below the critical temperature for order/disorder 

transformation, the ordered alloy phase can be disordered or amorphized by external 

forces such as mechanical milling [3], rapid quenching [4], cold work [5] and 
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bombardment by energetic particles [6–8]. Inconel X-750 has been used extensively as  

fasteners and centering pins in pressurized and boiling water reactor cores, and in the 

CANDU (CANada Deuterium Uranium) fuel channels as a spacer material [9,10]. The 

stability of γ’ precipitates in this material is of great concern in nuclear applications, 

because it significantly affects the strength, ductility and hardness of the material, and 

may also change the creep property and stability of the grain boundaries [9,11,12]. Thus, 

studying the stability of Inconel X-750’s primary strengthening phase γ’ during service in 

the reactor environment is of paramount practical importance. To simulate the cascade 

damage induced by in-reactor neutron irradiation, heavy ion irradiation is employed in 

this work due to its benefits of accurate control of experimental parameters, absence of 

radioactive production, efficiency and lower cost.  

Although there are only limited experimental results in commercially available X-750 

superalloys , irradiation induced phase change for L12 ordered precipitates in other alloy 

systems have been comprehensively reported [13–17]. English and Jenkins [16] observed 

fast neutron irradiation induced disordering zones in L12 ordered Cu3Au at liquid helium 

temperature. Similar results were noted at room temperature under 3.5MeV proton 

irradiation [16]. Kirk et al. [15] reported disordering of L12 ordered Ni3Mn under thermal 

neutron irradiation at 5 K. Nelson et al. [17] systematically studied the stability of Ni3Al 

γ’ precipitates in Nimonic PE16 (Fe-rich Fe-Cr-Ni-based alloy with Al and Ti addition) 

and Ni-Al model alloys. They observed that during heavy ion bombardment at room 

temperature, γ’ precipitates became disordered at about 0.1 dpa in both aged Ni-Al alloys 

and PE16. However, above a critical temperature of 300-325°C, the γ’ precipitates 

remained stable. Camus et al. [13] reported that the γ’ in PE16 were disordered at a dose 
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of 0.1 dpa when irradiated with heavy ion below a critical temperature of around 270°C. 

Potter and Ryding [18] observed a radiation enhanced coarsening of γ’ precipitates in Ni–

6.35 wt.%Al at 650°C when irradiated by 3.2 MeV Ni
+
 ions. Nelson et al. [17] also 

reported a dose-rate dependent critical temperature, above which the precipitates remain 

stable during irradiation. Theoretical models have been developed to understand cascade 

induced disordering and dissolution of γ’ precipitates [19,20]. Recent Monte Carlo (MC) 

[21] and molecular dynamic (MD) simulation [21,22] have also been applied to study the 

phase change of γ’ precipitates. In the current investigation, heavy ion irradiations 

coupling with TEM in-situ dynamic observations were performed with the aim to gain a 

systematic study of the phase change of the γ’ precipitate in Inconel X-750.  

7.2 Experimental procedures 

Inconel X-750 with a chemical composition of Ni with 15.0 wt.% Cr, 7.3 wt.% Fe, 1 

wt.% Nb, 2.5 wt.% Ti and 0.68 wt% Al was used in the current investigation.  The as-

received material was subjected to AMS 5698 standard heat treatment (solution treatment 

at 1120°C for 15 minutes, followed by 15% cold work reduction and aging treatment at 

732°C for 16 hours) to produce γ’ precipitates. TEM samples were prepared with 

electropolishing using a Tenopol-5 twin-jet apparatus with 5% perchloric acid in 

methanol electrolyte at -40°C. TEM in-situ experiments were performed at the IVEM-

Tandem facility at Argonne National Laboratory. The facility houses a Hitachi 9000 

NAR TEM interfaced to either one or two Tandem ion accelerators, which offers video 

recording during irradiation and micrograph capture at different dose levels. Specimens 

were mounted on a double tilt holder and irradiated at 60°C, 200°C, 300°C, 400°C, 
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500°C and 600°C respectively with 1 MeV double charged Kr
2+

 ions with a flux of 

4×10
11

 ions·cm
-2

·s
-1

, to a maximum dose of 2×10
15

 ions·cm
-2 

in several dose steps. As 

indicated by calculation of the stopping and range of ions in matter (SRIM), the 

displacement rate is 10
-3 

dpa·s
-1

 for threshold displacement energy in Ni-Cr-Fe of 40 eV 

[23], and the final damage level was 5.4 dpa at 2×10
15

 ions·cm
-2

. For each specimen, 

microscopy was performed after each dose step at 0.01, 0.06, 0.27, 0.68, 2.7 and 5.4 dpa. 

All TEM observations were performed at an operating voltage of 200 kV, well below the 

threshold for electron knock-on damage in Ni-Fe-Cr. The exception is Al, and even 

though this can potentially result in some additional damage in the γ’ precipitates; it is 

nearly negligible compared to that caused by heavy ion bombardment. Two-beam 

dynamical and kinematical bright field conditions were applied for imaging the 

morphological changes of γ’ precipitates. Post-irradiation energy dispersive X-Ray 

(EDX) mapping under scanning transmission electron microscopy (STEM) mode was 

used to study the local chemical composition change of the γ’ precipitates. 

7.3 Results 

Fig. 7.1 shows the microstructures of X-750 after aging but prior to irradiation. The 

crystal unit cell shows the typical structure of fcc L12 ordered γ’ precipitates, where the 

Ni atoms are located at the face center with Ti, Al atoms at the cubic vertex. The 

precipitates become disordered if this particular arrangement is disturbed. This specific 

atomic arrangement gives superlattice reflections in the diffraction pattern. Intensity 

scanning of the diffraction pattern clearly shows the presence of superlattice reflections. 

It is known that ordered γ’ precipitates present a 0.5% lattice misfit with the γ matrix, 
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which allows the observation of weak contrast of strain field around them under bright 

field condition.  

 

Fig.  7-1 TEM micrographs showing the presence of L12 ordered γ’ precipitates. The 

crystal unit showing the structure of fcc L12 ordered γ’ precipitates. Intensity scanning of 

the diffraction pattern showing the existence of the superlattice reflections representing 

the γ’. a) homogenously distributed γ’ with sizes 15-20 nm. b) precipitate free zone 

formed along the grain boundary. 

Fig. 7-1 (a) shows bright field micrographs of the area where the diffraction pattern was 

taken. The circular γ’ precipitates are distributed homogenously with sizes ranging from 

15 to 20 nm. In some areas close to the grain boundaries, as shown in fig. 7-1 (b), 
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precipitate-free zone (PFZ) formed. It is known that the formation of PFZ is due to grain 

boundaries performing as vacancy sinks, which are precipitate nucleation sites during 

heat treatment [24]. Another possible reason is that the solute atoms (Ti, Al) sink to the 

grain boundaries, thereby removing sufficient solute in the adjacent matrix [24]. 

Fig. 7-2 shows changes in γ’ precipitates during in-situ irradiation at 60°C. The same area 

before and after irradiation to 0.06 dpa is shown in fig. 7-2 (a) and (b) respectively. 

Intensity scanning of the diffraction pattern shows that the superlattice disappeared at 

0.06 dpa, indicating alternation of atoms occurred in the ordered structure of γ’ 

precipitates. In addition, distinct contrast change of γ’ was observed at low dose 0.06 dpa. 

Shape change of a single γ’ precipitate was tracked and shown in fig. 7-3 (a) - (c).  The 

circular γ’ morphed into a rounded square at 0.27 dpa and a sharp cornered square at 0.68 

dpa. At a higher dose of 2.7 dpa, the ordered γ’ completely lost its misfit to the γ matrix 

and the contrast of strain field around it disappeared. At the irradiation temperature range 

60°C – 400°C, the superlattice reflections all disappeared at low dose 0.06 dpa, 

signifying that  the γ’ precipitates were easily disordered. 
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Fig.  7-2 TEM micrographs showing the disordering of γ’ precipitates during 1 MeV Kr
2+

 

irradiation at 60°C. a) before irradiation, b) 0.06 dpa. Intensity scanning of the diffraction 

pattern showing the superlattice reflections disappeared at early step 0.06 dpa.  

 

Fig.  7-3 TEM micrographs showing the change of γ’ precipitate morphology during 1 

MeV Kr
2+

 irradiation at 60°C. a) 0.27 dpa, b) 0.68 dpa, c) 2.7 dpa.  
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In order to check changes in local chemical composition during the disordering process, 

the irradiated samples were characterized using STEM and EDX elemental mapping, 

called ‘ChemiSTEM’. Fig. 7-4 shows post-irradiation STEM and EDX mappings of γ’ 

precipitates in samples without irradiation, irradiated to 0.06 dpa and 5.4 dpa. In the 

sample without irradiation (row 1), agglomeration of Ti and Al was observed. At 

disordering dose 0.06 dpa (row 2), no obvious local chemical composition change was 

noted, indicating that the γ’ precipitates were only disordered but not yet dissolved at this 

dose. However, at high dose 5.4 dpa (row 3), the edges of the γ’ precipitates became 

blurred and indistinct, and diffusion of Ti and Al into the matrix was also noted. This is 

strong evidence for the early dissolution of the γ’ precipitates. It is plausible that the 

complete dissolution will evidently occur at much higher doses. 

At high temperatures (≥ 500°C), superlattice reflections are stable during irradiation, 

even at the final dose of 5.4 dpa. This indicates that γ’ is very stable at this temperature 

and not disordered by irradiation. There was also no obvious change in morphology of 

the γ’ precipitates observed during irradiation, except being messed with contrasts of the 

lattice defects at high dose. Similar to those prior to irradiation, the γ’ precipitates take on 

a circular shape with a size 15-20 nm. Diffraction patterns in samples irradiated at all 

temperatures were taken at each dose step and summarized in table 7-1. A critical 

temperature between 400°C and 500°C was noted, above which the γ’ precipitates were 

stable, while below that the γ’ became disordered at very low dose 0.06 dpa.  
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Fig.  7-4 Post-irradiation ChemiSTEM mapping of γ’ precipitates. The first column 

showing the high angle annular dark field STEM micrographs. The right side color 

images showing the chemical distribution of same area as shown in the STEM 

micrographs. Samples were irradiated at 300°C to 0.06 dpa and 5.4 dpa respectively. At 

the disordering dose of γ’, 0.06 dpa, no local chemical composition was observed. At 5.4 

dpa, a trend to dissolution of γ’ was noted. 
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Table 7-1 Disordering kinetics of γ’ precipitates. • indicates the superlattice reflections 

observed. o indicates no superlattice reflection observed. γ’ were disordered at dose < 

0.06 dpa when the material was irradiated at temperature 60°C - 400°C, but they stayed 

ordered at ≥ 500°C. 

 

7.4 Discussion  

These γ’ were precipitated during aging and are thermodynamically stable, thus this 

phase change is caused by irradiation. In this current investigation on Inconel X-750, we 

noticed that the stability of γ’ largely depends on irradiation temperature. During the 

experiments, two effects are believed to contribute the change. One is the cascade 

displacement arising from irradiation to disorder the precipitates, and the other is thermal 

recovery of γ’ by aging. It is believed that the rate of cascade displacement primarily 

depends on the energy of the primary knock-on atom (PKA) and the ion flux (dose rate) 

[25]; thus variation with irradiation temperature is negligible. Thermal recovery by aging, 

however, apparently increases with elevating irradiation temperature. Therefore, the 
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cascade displacement predominates at low temperature where rate of thermal recovery is 

low or absent; and the ordered phase can be easily disordered. Conversely, increasing the 

irradiation temperature above a critical point where the competition between cascade 

displacement and thermal recovery reaches balance, the aging effect would overwhelm 

and the γ’ precipitates will remain stable or even grow. 

With respect to dependence of γ’ disordering on irradiation temperature; our observations 

on alloy X-750 are partially consistent with previous results on PE16 and Ni-Al model 

alloys. Camus et al. determined the critical temperature of ordering/disordering of γ’ in 

PE16 [13] using field ion microscopy with atom probe and TEM diffraction pattern 

analysis. They found that at temperatures < 267°C, the precipitates became disordered 

within 0.1 dpa, but are stable at  temperatures > 267°C [13]. Nelson et al. [17] found that 

during 46 MeV Ni
+
 irradiation on both Ni-Al alloy and PE16 at relatively low 

temperatures (< 300-325°C), the γ’ precipitates were disordered at 0.1 dpa, but remained 

stable at higher temperature. Bourdeau et al. [14] also  reported similar findings on heavy 

ion irradiated PE16. The disordering dose for the X-750 under investigation is 0.06 dpa, 

which is comparable to results on PE16 and Ni-Al. It should be noted that its  critical 

temperature of disordering/ordering  when subject to heavy ion irradiation was certainly 

between 400°C and 500°C, much higher than that of the PE16 and Ni-Al model alloys. 

The dose rates applied for experiments of Camus et al. (10
-3 

dpa·s
-1

) [13], Nelson et al. 

(10
-2 

dpa·s
-1

) [17], and the current investigation (10
-3 

dpa·s
-1

) are on similar levels; 

therefore, the most plausible reason causing the variation of critical temperature is the 

differences in chemical composition amongst these materials. The Ti/Al ratio (2.5 wt.% 

Ti, 0.68 wt.% Al) in X-750 is higher than in Ni-Al (no Ti, 6.35wt.% Al), and PE16 (1.2 
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wt.% Ti, 1.2 wt.% Al). We speculate that in the thermally reordering process after 

massive cascade displacement, with a much larger mass, diffusivity of Ti is rather lower 

than Al, resulting in that Ti is harder to be reordered than Al atoms. Likely this leads to a 

higher critical disordering/ordering temperature in X-750 compared to Ni-Al and PE16. 

In addition, other alloying atoms in the materials may also have different effects on the 

rate of mass transportation. Furthermore, intermetallic phase boundaries depending on the 

size and fraction of γ’ precipitates may also affect mass transportation. Altering Ti/Al 

ratio as well as the size and fraction variation of γ’ precipitates after different heat 

treatments can provide an opportunity to modify current materials for nuclear 

applications, but detailed effects are currently unknown. 

It should be noted that in the current investigation, diffusion of Al and Ti into the matrix 

was observed at 5.4 dpa (fig. 7-4). This implies dissolution of the precipitate under 

disordered state. This is likely due to a ballistic mixing effect from the irradiation, which 

tends to redistribute solute to a more homogenous state [26]. The redistribution of solute 

atoms (Ti and Al) of γ’ at 5.4 dpa is in much localized area (~20 nm), which would not 

likely impact the stability of the PFZ (approximate 50 nm wide) close to grain 

boundaries.  

The dose rate, which not only affects the cascade displacements but also the rate of 

ballistic mixing, would impact the disordering/dissolution process of γ’ precipitates. This 

implies that under neutron irradiation in the  real reactor environment, which presents a 

much lower dose rate (10
-7

 dpa/s) [12], the aging effect could overwhelm the ballistic 

mixing at a relatively low temperature compared to heavy ion irradiation which gives a 
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dose rate of 10
-3

 dpa/s. This would result in a decrease in the critical temperature. 

Another fact worth noting is that, in the real thermal reactor environment, Ni atoms can 

absorb thermal neutrons and generate impure interstitials such as helium and hydrogen 

atoms through transmutation reactions [9,27–29]. It is well known that these interstitial 

atoms can trap vacancies and thus make mass transportation difficult [30]. Likely, 

difficulty in transporting Ti and Al atoms would also cause the shift of critical 

temperature to a lower regime. 

7.5 Conclusions 

Phase stability of γ’ precipitates in Inconel X-750 under cascade damage was studied 

using heavy ion irradiations with TEM in-situ observations and post-irradiation 

‘ChemiSTEM’ analyses. From 60°C to 400°C, γ’ precipitates became completely 

disordered at low irradiation dose of 0.06 dpa. Ballistic mixing induced dissolution of the 

disordered γ’ precipitates occurred at high dose. At ≥ 500°C, γ’ precipitates were stable 

and not disordered to 5.4 dpa. The critical temperature (400-500°C) of 

disordering/ordering in Inconel X-750 is much than that of the PE16 and Ni-Al model 

alloys, indicating a higher Ti/Al ratio might increase the stability of γ’ precipitates under 

irradiation at elevated temperature. 
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Chapter 8 

Cavity formation in a Ni based superalloy under heavy ion irradiation 

with pre-injected helium 

In order to understand radiation damages in the nickel based superalloy Inconel X-750 in 

thermal reactors where (n, α) transmutation reaction also occurred apart from fast neutron 

caused atomic displacement, the heavy ion (1 MeV Kr
2+

) irradiation with pre-injected 

helium were performed under in-situ observations of an intermediate voltage electron 

microscope (IVEM) at Argonne National Laboratory. By comparing to our previous 

studies using 1 MeV Kr
2+ 

irradiation solely, the pre-injected helium was found to be 

essential in cavity nucleation. Cavities started to be visible after Kr
2+

 irradiation to 2.7 

dpa at ≥ 200 °C in samples containing 200 appm, 1000 appm and 5000 appm helium, 

respectively, but not at lower temperatures. The cavity growth was observed during the 

continuous irradiation. Cavity formation appeared along with a reduced number density 

of stacking fault tetrahedra (SFTs), vacancy type defects. With higher pre-injected helium 

amount, a higher density of smaller cavities was observed. This is considered to be the 

result of local trapping effect of helium which disperses vacancies. The average cavity 

size increases with increasing irradiation temperatures; the density reduced; and the 

distribution of cavities became heterogeneous at elevated temperatures. In contrast to 

previous characterization of in-reactor neutron irradiated Inconel X-750, no obvious 

cavity sink to grain boundaries and phase boundaries was found even at high doses and 

elevated temperatures. MC carbides were observed as strong sources for agglomeration 

of cavities due to their enhanced trapping strength of helium and vacancies.  
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8.1 Introduction 

Inconel alloys are extensively used in structural components of nuclear reactors. One of 

these alloys, Inconel X-750, is a γ’ Ni3(Al, Ti) strengthened superalloy used in the core of 

CANDU reactors [1,2]. Recently, it has been found that CANDU Inconel X-750 spacers, 

which are used to separate pressure tubes and calandria tubes with a working temperature 

range from 200°C to 315°C, became very brittle after long exposure in reactors [1,2]. 

TEM observations of ex-service CANDU X-750 spacers showed that there was a high 

density of cavities present in grains and along grain boundaries and the cavity size and 

morphology are temperature dependent [3]. Prior to their application into commercial 

CANDU reactors, accelerated tests were conducted in the liquid metal fast breeder 

reactor (LMFBR) having a radiation damage rate an order of magnitude higher than 

commercial power reactors [2]. Results did not indicate any significant degradation from 

fast neutron irradiation. In addition, a comprehensive study of fast neutron irradiation 

induced damage in Inconel X-750 was reported in our previous work by conducting TEM 

in-situ heavy ion (1 MeV Kr
2+

) irradiation in a wide temperature range from 60°C to 

600°C [4,5]. In contrast to neutron irradiation, cavities were not observed after heavy ion 

irradiation to 5.4 dpa even at elevated temperatures 600°C. 

The great interest is then drawn by what in fact causes the discrepancy between 

accelerated tests and real exposure in commercial CANDU reactors. In commercial 

CANDU reactors, the alloy elements such as Ni atoms will absorb thermal neutrons and 

cause (n, α) transmutation reactions, 
59

Ni + n → 
56

Fe + 
4
He, leading to a high production 

rate of helium [6]. Under the exposure in CANDU reactors, the production rate of helium 
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in Inconel X-750 spacers reaches approximate 300 appm He/dpa [2,6]. In many metals, 

the helium production is always considered as a serious issue since its presence degrades 

the mechanical properties such as causing brittle fracture. This behaviour is presumably 

correlated with the formation of cavities or bubbles in the microstructures.  

The helium induced effect on cavity formation in Inconel X-750 has not been well 

studied. However, pure Ni and as well as some other Ni alloys, for example Ni-Cu model 

alloy and Inconel 718 have been extensively studied. Wang et al. [7] irradiated pure Ni 

and Ni-Cu alloy (Ni-10at%Cu) with 14 MeV Ni
+
 to 3-5 dpa at around 500°C with 50 

appm pre-injected helium, and they reported a little effect on promoting cavity formation 

by helium. Hashimoto et al. [8] irradiated Inconel 718 at 200°C with both 3.5 MeV Fe
+ 

and 370 keV He
+
. They observed no cavity formed after irradiation to 10 dpa, whereas a 

high density of ~1 nm cavities were observed after He
+
 irradiation to ~1 dpa. Helium 

effects on irradiation damage in pure Ni and Inconel were also investigated in high 

energy proton irradiation, which can generate helium too via transmutation. Sencer et al. 

[9] reported absence of cavities in Inconel 718 irradiated with 600-800 MeV protons to 

13.4 dpa at 32-55°C, even with  ~1830 appm helium production. Compared with 

Hashimoto et al.’s results [8], it can be deduced that the cavity formation not only 

depends on the presence of helium but also on the irradiation temperature. Furthermore, 

Yao [10] observed cavities in 590 MeV proton irradiated pure Ni at 350°C after only 0.1 

dpa but not at lower temperatures. In addition, Yao noted a relatively low density of 

irradiation induced vacancy type stacking fault tetrahedra (SFTs) along with the presence 

of cavities at 350°C compared with lower temperatures. 
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In this study, in order to further understand helium effects on the irradiation induced 

cavities in CANDU Inconel X-750 spacers, in-situ heavy ion irradiation (1 MeV Kr
2+

) up 

to 10 dpa with various amount of helium pre-injected at room temperature, were carried 

out at IVEM in Argonne National Laboratory. To address  temperature effects, the ion 

irradiation was set over wide temperatures from 60°C to 500°C . 

8.2 Experimental procedures 

The chemical composition of our Inconel X-750 alloy is, in wt%, 73 Ni, 15.0 Cr, 7.3 Fe, 

2.5 Ti, 0.99 Nb, 0.7 Al, 0.15 Mn. The TEM specimens were prepared from a prior-to-

service CANDU spacer in the form of garter spring with a cross-section 0.7 mm × 0.7 

mm by twin-jet electropolishing. The materials of spacers was precipitation hardened by 

subjecting to AMS 5698 standard (solution treatment at 1120 °C for 15 mins, 15% cold 

work reduction and aging treatment at 732 °C for 16 h). Details of the electropolishing 

technique for such small irregular component were described elsewhere [11].  

Helium ions were injected directly into the TEM samples with energy of 10 keV using 

the Université de Montréal implanter. A different amount of helium, 200 appm, 1000 

appm, and 5000 appm, were injected to different samples at room temperature. It was 

indicated that, by calculation of the stopping and range of ions in matter (SRIM) [12], 

approximately 90% of the helium ions remained inside the TEM foil after implantation 

(fig. 8-1 (a)).  

 

 



 

219 

 

 

Fig.  8-1 SRIM calculation showing a) ion range of He
+
, b) ion range of Kr

2+
, c) damage 

produced by He
+
, d) damage produced by Kr

2+
.  

The TEM samples containing pre-injected helium were then sent to IVEM-Tandem 

facility in Argonne National Laboratory for in-situ heavy ion irradiation. This facility 

consists of a Hitachi 9000 NAR TEM interfaced to one Tandem ion accelerators, which 

enables dynamical observation during irradiation. For samples containing 200 appm and 
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5000 appm helium, each of them was irradiated with 1 MeV Kr
2+

 to a maximum dose of 

4×10
19

 ions·m
-2 

at 300°C and 400°C, respectively. Samples containing 1000 appm helium 

were irradiated at 5 different temperatures 60°C, 200°C, 300°C, 400°C and 500°C to 

study the effect of irradiation temperature. The SRIM calculations indicate that most 1 

MeV Kr
2+

 ions can penetrate through the 100 nm thick area of TEM foil easily (fig. 8-1 

(b)). The irradiation dose represented in dpa were calculated by Monte Carlo calculation 

using SRIM 2008 code [12]. The displacement energy was estimated as Ed = 40 eV. The 

final dose 4×10
19

 ions·m
-2

 corresponds to 10.8 dpa. Observation was taken at several dose 

steps, 0.01 dpa, 0.06 dpa, 0.27 dpa, 0.68 dpa, 2.7 dpa, 5.4 dpa and 10.8 dpa. The 

calculated dpa values only counted the damages from heavy ions since the damages 

produced from helium implantation was negligible. As shown in fig. 8-1 (c) and (d), 

within the 100 nm thick TEM foil, the damage produced from helium ion implantation 

was only about 1% of that produced from heavy ions. 

TEM observations were conducted under 200 kV electron voltage with attention 

particularly paid to irradiation induced cavities. Underfocus and overfocus Fresnel 

contrast under two-beam kinematical bright field condition was adopted to characterize 

small cavities. Measurement of image size of cavities under -500 nm underfocus 

condition was done. The accuracy of size measurement was estimated to be ±15%. 

Sufficient quantity of cavities and defects were chosen so that the measurement errors 

were minimized. Fractions of SFTs in all defects (SFTs and dislocation loops) was 

measured under weak beam dark field condition with g = 200. Due to the presence of 

large amount of small black dots (defects < ~1 nm), statistical counting error was 

estimated to be ±10%. 
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8.3 Results 

 Microstructural evolution after room temperature helium pre-injection  8.3.1

Helium pre-injection at room temperature produced minor irradiation damages in the 

material. Fig. 8-2 (a) is a TEM dark field micrograph showing the microstructures of 

sample after 200 appm helium injection. Line dislocations, uniformly distributed tiny 

defect clusters (< 0.5 nm) and sporadic irradiation induced SFTs are found. Fig. 8-2 (b) is 

a bright field micrograph showing damages after 1000 appm helium injection. Only tiny 

defect clusters are observed again, and no obvious cavities form. 

 

Fig.  8-2 TEM micrographs showing microstructures after helium injection but prior to 

heavy ion irradiation. a) dark field image of sample with 200 appm helium. b) bright field 

image of sample with 1000 appm helium. 
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 Dose effects 8.3.2

Cavities formed and developed during the following heavy ion irradiation at temperatures 

≥200°C in all samples with different helium content, 200 appm, 1000 appm and 5000 

appm. At these temperatures, visible cavities in size of approximate 1 nm yielded after 

heavy ion irradiation above 2.7 dpa. Steady growth of cavities was observed with 

increasing irradiation dose. Fig. 8-3 (a) and (b) are underfocus bright field micrographs 

presenting cavity growth in sample containing 1000 appm helium, irradiated from 2.7 dpa 

to 5.4 dpa at 300°C. The significant cavity growth is observed in the sample containing 

5000 appm helium. A high density of small cavities (~1 nm) presented after Kr
2+

 

irradiation at 300°C to 2.7 dpa, whereas they grew to 2-3 nm at 5.4 dpa. 
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Fig.  8-3 Underfocus bright field micrographs showing growth of cavities with increasing 

dose. a) and b) showing sample containing 1000 appm helium, irradiated to 2.7 dpa and 

5.4 dpa respectively at 300°C. c) and d) showing sample containing 5000 appm helium, 

irradiated to 2.7 dpa and 5.4 dpa respectively at 300°C. 
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 Temperature effect 8.3.3

Apart from irradiation dose, irradiation temperatures also show an influence on the cavity 

size. There was no cavity presented in sample containing 1000 appm helium and 

irradiated with Kr
2+

 at 60°C to the final dose 10.8 dpa. At temperatures ≥200°C, cavity 

size and morphology greatly depends on irradiation temperature. Fig. 8-4 (a) through (d) 

are overfocus bright field micrographs showing cavities in samples containing 1000 

appm helium and irradiated at 200°C, 300°C, 400°C and 500°C respectively to 5.4 dpa. 

Sizes of cavities in lower temperature irradiations tend to be much smaller, and their 

distribution is more uniform than those in sample irradiated at elevated temperatures. The 

density of cavities decreases with an increase of irradiation temperatures. The size 

distribution of cavities shown in fig. 8-4 is plotted in fig. 8-5. A larger size variation at 

higher temperatures is noticeable. 
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Fig.  8-4 Overfocus bright field micrographs showing influence of irradiation 

temperatures on cavity sizes in samples containing 1000 appm helium and irradiated at a) 

200°C, b) 300°C, c) 400°C, d) 500°C to 5.4 dpa.  
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Fig.  8-5 Size distribution of cavities in samples containing 1000 appm helium and 

irradiated at different temperatures to 5.4 dpa. 

 Effect of helium amount  8.3.4

The cavity size and density are also affected by the amount of injected helium. Fig. 8-6 

(a) and (b) are underfocus bright field micrographs showing cavity microstructures after 

irradiation to 5.4 dpa at 300°C in samples containing 200 appm and 5000 appm helium 

respectively. Cavities in sample containing 5000 appm helium is much denser than those 

in sample containing 200 appm helium, but much smaller sizes can be observed. A 

comparison is shown in fig. 8-7, in which the cavity mean size against irradiation dose in 
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samples containing different amounts of helium is plotted. The decrease of cavity size 

with increasing of helium amount was observed. 

 

Fig.  8-6 Underfocus bright field micrographs showing cavity microstructures after 

irradiation to 5.4 dpa at 300°C with a) 200 appm helium, b) 5000 appm helium. 

 

Fig.  8-7 Cavity mean size against the amount of helium. 
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 Cavity evolution close to grain boundaries 8.3.5

In all samples with the presence of visible cavities (irradiated at ≥200°C), grain 

boundaries and phase boundaries were carefully checked. Fig. 8-8 (a) - (d) present bright 

field micrographs taken under overfocus and underfocus conditions showing cavity 

microstructures close grain boundaries after irradiation. After irradiation to 5.4 dpa at 

relatively high temperature, and in samples containing both high helium level (5000 

appm) and low helium level (200 appm), no cavity denuded zone near boundaries was 

observed. 
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Fig.  8-8 Bright field micrographs showing cavity structures close to grain boundaries, a) 

and b) showing underfocus and overfocus micrographs respectively in sample containing 

5000 appm helium after irradiation to 5.4 dpa at 400°C. c) and d) showing underfocus 

and overfocus micrographs respectively in sample containing 200 appm helium after 

irradiation to 5.4 dpa at 400°C.  
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 Cavity formed ‘in’ carbides 8.3.6

It was found the MC type (TiC) carbides are strong site for agglomeration of cavities. 

Fig. 8-9 are bright field micrographs taken under the focus, underfocus and overfocus 

conditions showing large cavities formed ‘in’ carbides in sample containing 200 appm 

helium and after Kr
2+

 irradiation to 2.7 dpa at 200°C. These cavities are much larger than 

those formed in the matrix. In order to understand cavity development ‘in’ carbides, one 

TiC was tracked during the irradiation. This carbide shown in fig. 8-10 existed in the 

sample containing 5000 appm helium and irradiated at 400°C. The cavities appeared 

visible at a low dose only 0.01 dpa of the Kr
2+

 irradiation and grew to a mean size over 

10 nm at 5.4 dpa whereas the cavities in the matrix started to be visible at 2.7 dpa and the 

size is much smaller.  

 

Fig.  8-9 Bright field micrographs taken under the focus, underfocus and overfocus 

Fresnel contrast conditions showing large cavities formed inside carbides in sample 

containing 200 appm helium and after Kr
2+

 irradiation to 2.7 dpa at 200°C. 



 

231 

 

 

Fig.  8-10 Bright field micrographs taken under the focus, underfocus and overfocus 

Fresnel contrast conditions showing the development of large cavities in carbides during 

Kr
2+

 irradiation at 400°C in sample containing 5000 appm helium. 

8.4 Discussion 

It is apparent that helium is essential in nucleation of irradiation induced cavities in 

Inconel X-750. Cavity nucleation, which is basically clustering of vacancies, requires 

three prerequisites [13,14]. Firstly, vacancies must be mobile. Secondly, saturation of 

vacancies is necessary. Thirdly, sufficient vacancies can survive from recombination and 
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annihilation, which requires the creation of interstitial-biased sinks such as interstitial 

loops. Even when these conditions are met, cavity nucleation may still not occur. Instead, 

vacancies may agglomerate to form other types of defects, such as vacancy type 

dislocation loops or SFTs. In previous sole heavy ion (1 MeV Kr
2+

) irradiation at 

temperatures from 60°C to 600°C, even though the aforementioned conditions were met 

at high temperatures, there was still lacking of cavities [4,5]. As an alternative, a large 

number of SFTs presented. The SFTs were found to follow a fast formation-destruction-

recreation process when subjected to continuous irradiation, which indicated that the 

vacancies kept replenishing and redistributing all the time and were not stabilized [15]. 

This suggests that cavities, which are more stable clusters of vacancies, were never 

nucleated. While in the current study, the addition of only 200 appm helium leads to the 

formation of a great number of cavities. This implies that helium might trap vacancies 

and stabilize them to form cavities, which, in other words, will enhance the cavity 

nucleation.  

Reduction of SFT density may be another indicator for cavity nucleation. Some previous 

studies have proven that SFTs and cavities play as competitors in other fcc metals. Zinkle 

and Farrell [16] found cavities in neutron irradiated pure copper at ≥220°C, whereas 

SFTs were found only at lower temperatures. Yao [10] observed a high density SFTs and 

absence of cavities in 590 MeV proton irradiated pure nickel at temperature up to 300°C. 

Their irradiation to 0.1 dpa at 350°C showed formation of cavities with a pronounced 

decrease of SFT in fraction of the total defects. Zinkle et al. [17] presented a model to 

elucidate the effect of helium on stability of vacancy clusters in irradiated copper and 
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they suggested as low as 0.001 appm helium can stabilize vacancies instead of forming 

SFTs at certain irradiation temperatures. 

In our previous study of 1 MeV Kr
2+

 irradiation to 0.27 dpa in Inconel X-750, the SFT 

fraction out of the total defects (SFTs, loops and unidentifiable defects) were found to be 

around 50% and without perceptible change in a wide temperature range from 60°C to 

600°C [4,5]. In the current irradiations to the same dose 0.27 dpa with pre-injected 

helium, the SFT fraction reduced to < 20%. A comparison of samples with and without 

helium after irradiation to 0.27 dpa at 400°C is presented in fig. 8-11, where micrographs 

were taken under weak beam dark field condition. A great decrease of SFT density is 

noticeable as a result of adding 200 appm helium. A comparison of SFT fraction in 

samples with and without helium, irradiated to 0.27 dpa at various temperatures, is also 

shown in fig. 8-12. The decrease of SFT fraction due to addition of helium is significant 

regardless of irradiation temperatures. It should be noted that visible cavities presented 

only after 2.7 dpa in two samples with 200 appm helium, irradiated at 300°C and 400°C. 

However, the reduction of SFT fraction appeared even at low doses. This implies at 0.27 

dpa, prior to the presence of visible cavities, vacancies have already been trapped and 

either formed cavity embryos or very tiny cavities (beyond TEM resolution limit). This is 

a clear evidence that helium can enhance cavity nucleation and prevent vacancies from 

forming SFTs. 
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Fig.  8-11 g/5g weak beam dark field micrographs showing irradiation induced SFTs and 

dislocation loops. a) after irradiation at 400°C to 0.27 dpa without helium pre-injection. 

b) after irradiation to 0.27 dpa at 400°C with 200 appm helium.  

 

Fig.  8-12 The comparison between SFTs formed by sole heavy ion irradiation and 

irradiation with helium pre-injections. 
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Apart from the effect on cavity nucleation, helium also has an influence on cavity growth. 

As shown in fig. 8-3, growth of the cavities is obvious during the further irradiation 

regardless of amount of pre-injected helium. The growth rate, however, is susceptible to 

the helium amounts. Fig. 8-10 has shown the effects of helium on cavity microstructures 

in samples irradiated at same temperature 300°C to same dose 5.4 dpa but containing 

different amount of helium. Cavity size in the sample containing 200 appm helium is 

considerably larger than those in the sample containing 5000 appm helium. Also, as 

shown in fig. 8-7, an observable drop of cavity size with increase of helium amount 

presents. Helium amount is believed to affect cavity growth indirectly through 

influencing cavity nucleation [13,14]. The more helium the samples contained, the more 

cavities nucleated. It means that the given amount of vacancies is dispersed to more 

cavities. As a consequence the smaller and more uniformly distributed cavities formed. 

The nucleation and growth of cavities can be also affected by irradiation temperature. An 

apparent decrease of cavity density with increasing irradiation temperature can be 

observed in fig. 8-4. This cavity density decrease is believed to be due to the decrease of 

vacancy supersaturation with increasing temperature [13]. The enhanced growth of cavity 

with increasing irradiation temperature is also obvious in the micrographs shown in fig. 

8-4 and in the statistical analyses of cavity size distribution shown in fig. 8-5. This cavity 

growth has been predicted by applying a conventional rate theory and is due to the 

increase of vacancy diffusion rate [18].  

In the current study, grain boundaries and phase boundaries were carefully checked, and 

it is interesting that no obvious segregation of cavities along grain boundaries was 
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observed even with 5000 appm helium at high temperatures (fig. 8-8), which implies the 

migration of helium is limited. This is contrary to our previous results from ex-service 

(after 14.26 effective full power years) CANDU Inconel X-750 spacers containing 

transmutation produced helium and irradiated at 330°C, in which a sink of cavities into 

grain boundaries was perceived [3]. The observed alteration may attribute to the 

difference of mobility between neutron transmutation produced helium and accelerator 

injected helium. The transmutation produces helium at service temperature 330°C, which 

is implied to be mobile during irradiation and thus migration to sinks may occur [2,3]. In 

the current experiments, helium was ‘coldly’ injected at room temperature, assumed they 

were not mobile during the injection. Furthermore, during the following Kr
2+

 irradiation 

at high temperatures, there is still no evidence showing obvious migration to grain 

boundaries. This may suggest  helium interstitials and  vacancies are trapped mutually. 

Presumably during the current ‘cold’ helium injection, due to low mobility of helium, 

they are readily captured by nearby vacancies either produced during the helium injection 

or pre-existed from water quenching and form cavity embryos, even though the number 

of vacancies are limited. This suggests helium ‘hot’ pre-injection followed by heavy ion 

irradiation may make a better simulation, for example of cavity morphology near grain 

boundaries during high temperature neutron irradiation. 

Another interesting observation in the current experiment is, as shown in fig. 8-9 and 8-

10, that MC (TiC, NbC) carbides perform as especially strong traps for cavities. This 

phenomenon has been reported in some other face centered cubic alloys containing TiC 

[13], but has never been dynamically observed. In both neutron irradiation and ion 

irradiation with helium pre-injection in austenitic steels, cavities were found 
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preferentially forming in TiC, and their sizes and number density are greater than those 

evolved in the matrix or other phases [19–21]. It is believed that TiC precipitates are 

strong traps for both helium and vacancies. Kesternich suggested that introducing such 

carbides into face centered cubic alloys could likely mitigate helium embrittlement [22].  

8.5 Conclusions 

In this study, effects of helium on irradiation induced cavities in Inconel X-750 were 

investigated using TEM in-situ heavy ion (1 MeV Kr
2+

) irradiation with pre-injected 

helium. Effects of irradiation temperature and dose on cavity nucleation and growth were 

also discussed and the following conclusions can be drawn. 

a) At ≥200°C, helium is found to be essential in stabilizing cavities in Inconel X-750 

and is accompanied by a reduction of SFT density. 

b) Helium can enhance nucleation of cavities and indirectly result in a decrease of cavity 

growth and a uniform distribution of cavities. 

c) Cavity density decreases with increase of irradiation temperature. This is believed due 

to a reduction of vacancy supersaturation at elevated temperature. 

d) It was noticed that cavity growth increased with increasing irradiation temperature, 

which is caused by increasing of vacancy diffusion. 

e) Helium migration to boundaries is limited during the cold pre-injection and the 

following Kr
2+

 irradiation, due to the mutual trapping effect with vacancies. 

f) Preferential formation of cavities in MC carbides was observed. This is due to MC 

carbides acting as strong traps to both vacancies and helium.  
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Chapter 9 

Simulation of in-reactor neutron irradiation induced damage in a nickel 

based alloy by heavy ion irradiation with hot pre-injected helium 

In the current investigation, TEM in-situ heavy ion (1 MeV Kr
2+

)
 
irradiations with helium 

pre-injected at elevated temperature (400°C) was conducted to simulate in-reactor 

neutron irradiation induced damage in CANDU spacer material Inconel X-750, in an 

effort to understand the effects of helium on irradiation induced cavity microstructures. 

Three different quantities of helium, 400 appm, 1000 appm and 5000 appm, were pre-

injected directly into TEM foils at 400°C. The samples containing helium were then 

irradiated with 1 MeV Kr
2+ 

at 400°C to a final dose of 5.4 displacement per atom (dpa). 

Cavities formed after the helium injection solely and the cavity density and size increased 

with increasing helium dosage. In contrast to previous heavy ion irradiations with cold 

pre-injected helium, heterogeneous nucleation of cavities was observed. During the 

ensuing heavy ion irradiation, dynamical observation showed noticeable size increase of 

cavities which nucleated close to the grain boundaries. A ‘bubble-void’ transformation 

was observed after Kr
2+ 

irradiation to high dose 5.4 dpa in samples containing 1000 appm 

and 5000 appm helium. Cavity distribution was found to be consistent with in-reactor 

neutron irradiation induced cavity microstructures. This implies that diffusion of helium 

is greatly dependent on the injection temperature, and helium pre-injection at high 

temperature is preferred for simulating the migration of the transmutation produced 

helium. 
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9.1 Introduction 

Ni based superalloys are widely used in nuclear reactors due to their high strength and 

good creep properties, along with excellent corrosion resistance at high temperatures 

[1,2]. However, the introduction of helium into Ni-containing materials by a (n, α) 

transmutation occurring during neutron irradiation can lead to material degradation such 

as swelling and embrittlement, which are primarily caused by the formation of cavities 

[3]. Therefore, it is essential to understand the underlying mechanisms of helium 

diffusion and its effects on cavity formation in Ni and Ni alloys. 

Inconel X-750 is a γ’ Ni3(Al, Ti) strengthened Ni-based superalloy used as a fuel channel 

spacer material in the CANDU reactor [4,5]. The spacer takes the form of garter springs, 

separating the pressure tube and calandria tube. Recently, it has been found that Inconel 

X-750 spacers became embrittled after a long servicing time. Estimation by adopting 

SPECTER code showed that the (n, α) transmutation in X-750 produced helium at a high 

rate of approximate 300 appm/dpa [5–7]. Fractography was conducted in ex-service 

spacers with 9.4 effective full power years (23.5 dpa) and an entirely intergranular 

surface was observed [5]. A large number of cavities were detected by using transmission 

electron microscopy (TEM) in ex-service Inconel X-750 spacers, which was purported to 

be one of the main reasons for the loss of mechanical properties [5,8]. 

In order to understand the neutron irradiation induced damage and establish the role of 

helium in the damage process, TEM in-situ heavy ion irradiations (1 MeV Kr
2+

)
 
with and 

without room temperature pre-injected helium were conducted [9]. Heavy ion 

bombardment, which possesses the advantages of more accurate control/monitoring of 
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experimental parameters and absence of radioactive production, was employed to 

investigate fast neutron irradiation induced cascade damage [10]. In mono heavy ion 

irradiated Inconel X-750, no cavity was observed even at high temperature 600°C and up 

to 5.4 dpa, instead, stacking fault tetrahedra (SFTs) formed [11,12]. The heavy ion 

irradiation with pre-injected helium showed a high density of cavities in the grain interior 

with a simultaneous reduction of the SFT density [9]. The cavity size and density were 

comparable to those evolved in the ex-service spacers, which confirmed that helium was 

essential for cavity nucleation in Inconel X-750.  

It is well accepted that most grain boundaries and precipitate/matrix interfaces are 

efficient sinks for free migrating vacancies and helium atoms [13–15]. Subsequently, 

enrichment of cavities along these boundaries is often observed, such as in Cu [16], Al 

[17] and austenitic stainless steels [18,19], usually with the formation of cavity denuded 

zones close to these boundaries. In recent studies on neutron irradiated Inconel X-750, 

such enrichment of cavities along the grain boundaries and interfaces of carbides/matrix 

have been reported [8]. In  the actual CANDU reactor environment, helium is produced 

by transmutation at the service temperature of 200°C ~ 330°C [5]. At these temperatures, 

helium is mobile and can easily migrate [20]. However, in contrast to neutron irradiated 

Inconel X-750, sink of cavities to grain boundaries and phase boundaries were not found 

during heavy ion irradiation with cold pre-injected helium, in a wide irradiation 

temperature range from 60°C to 500°C [9]. The absence of cavity segregation to 

boundaries during heavy ion irradiation with cold pre-injected helium might be caused by 

the mutual trapping effect between helium atoms and vacancies. Helium was immobile in 

the material while being injected at room temperature. Prior to heavy ion irradiation at 
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high temperature, helium atoms may have already trapped vacancies to form cavity 

embryos [9]. Once this has occurred, the migration of helium was limited. Consequently, 

fewer helium atoms migrated to the boundaries to assist the cavity nucleation. This 

implies helium pre-injection at an elevated temperature followed by heavy ion irradiation 

is likely more practical for simulating the real situation of helium diffusion in the reactor 

environment. 

In the present work, the cavity microstructures formed in Inconel X-750 during in-situ 1 

MeV Kr
2+

 irradiation up to 5.4 dpa at 400°C with various amount of helium pre-injected 

at the same temperature were systematically studied using TEM. Special attention was 

paid to cavity development close to precipitate/matrix interfaces and grain boundaries. 

Comparison was made among the current observations, the heavy ion irradiated samples 

with cold injected helium and also the neutron irradiations. 

9.2 Experimental procedures 

TEM samples were prepared from a prior-to-service CANDU Inconel X-750 spacer in 

the form of garter spring. Nominal chemical composition of the received Inconel X-750 

is listed in Table 1. The spacer was precipitation hardened by subjecting it to 15 minutes 

of solution treatment at 1120°C, 15% cold work reduction followed by 16 hours of 

ageing treatment at 732°C. Wire cross-section area was as small as 0.7 mm × 0.7 mm, 

making it impossible to be prepared into the standard 3mm TEM discs. Thus, a special 

twin-jet electropolishing technique was adopted. Wire pieces with length of ~3 mm were 

cut from the spring and mechanically thinned to a thickness of 100 μm. Two standard 

3 mm diameter, single hole (0.5 mm diameter) copper grids were painted with lacomit on 
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both sides, and then the mechanically thinned Inconel X-750 sample was clipped in 

between the copper rings to make a sandwich in order to fit the narrow specimen into the 

electropolishing sample holder. Twin-jet electropolishing was conducted using a Struers 

Tenupol-5 apparatus with 5% perchloric acid in methanol electrolyte at -40°C. Details of 

this electropolishing technique were described elsewhere [21]. 

Table 9-1 Chemical composition of the Inconel X-750 (by wt%) 

Ni Cr Fe Ti Al Nb Mn C 

Bal. 15.0 7.3 2.5 0.68 0.99 0.15 0.067 

Helium ions were injected directly into the TEM samples in the 100 keV implanter at  

Université de Montréal. 10 keV helium ions were used, which as indicated by calculation 

of the stopping and range of ions in matter (SRIM) [22], almost all helium ions remained 

in the 100 nm thick TEM. Differing quantities of helium at 400 appm, 1000 appm, and 

5000 appm, were injected into samples at 400°C. The irradiation dose represented by dpa 

were calculated using SRIM 2008 code [22] using an estimated displacement energy Ed = 

40 eV. According to the calculation, each injected helium ion produced approximately 20 

displacements, so that the accumulated damage by pre-injection is approximately 0.008 

dpa, 0.02 dpa, and 0.1 dpa for 400 appm, 1000 appm, and 5000 appm helium 

respectively. The following TEM in-situ heavy ion irradiations were conducted at 

Argonne National Laboratory IVEM-Tandem facility. This facility contain a Hitachi 

9000 NAR TEM interfaced to a Tandem ion accelerator, which enables dynamical 

observation during irradiations [10]. All samples were mounted on a double tilt sample 
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holder and irradiated with 1 MeV Kr
2+

 at 400°C to a maximum dose of 2×10
19

 ions·m
-2

, 

which is equivalent to 5.4 dpa. Observations were taken at several dose steps, 0.1 dpa, 

0.27 dpa, 0.68 dpa, 2.7 dpa, and 5.4 dpa. These dpa values only represented damage 

produced by heavy ion bombardment. TEM characterization was carried out at 200 kV. 

Underfocus and overfocus Fresnel contrast conditions under two-beam kinematical bright 

field were adopted to characterize small cavities. Measurements of image size of cavities 

under -500 nm underfocus condition were taken to measure the cavity size. Because of 

possible variations in measurements, the error of size measurement was roughly ±15%. 

Sufficient number of cavities was chosen to minimize measurement errors. In order to 

count the number density of cavities per unit volume, thicknesses of the TEM foil were 

obtained by thickness fringes using g/5g weak beam dark field condition. The measured 

error was estimated to be ±10%. 

9.3 Results 

 Microstructures after helium pre-injections 9.3.1

As shown in fig. 9-1, cavities were observed within grains after helium pre-injections at 

400°C. After 400 appm helium injection (fig. 9-1 a),  heterogeneously distributed low 

density (2.27×10
22 

m
-3

) cavities (arrowed) with sizes smaller than ~1 nm were observed. 

After 1000 appm helium injection, a substantially higher density (5.79×10
23 

m
-3

) of 

cavities with sizes of 1~2 nm were noted. Line dislocations tended to be the preferred 

nucleation sites for cavities. The size of cavities at dislocations was slightly larger than 

those in the matrix. In sample injected with 5000 appm helium, highly dense (8.52×10
23 

m
-3

) and uniformly distributed cavities with sizes of ~ 2 nm present. Cavity mean size 
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and density against helium dosage are shown in fig. 9-4, where an obvious decrease of 

size and density with the increasing helium dosage can be observed.  

 

Fig.  9-1 Underfocus bright field micrographs showing cavity formation after helium pre-

injection at 400 °C. a) 400 appm, b) 1000 appm, c) 5000 appm. 
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Fig.  9-2 Bright field micrographs showing cavity structures close to grain boundaries, a) 

and b) are overfocus and underfocus micrographs respectively taken from sample 

containing 1000 appm helium. c) and d) are overfocus and underfocus micrographs 

respectively showing enrichment of cavities close to a low angle grain boundary after 

5000 appm helium injection.  
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Segregation of cavities along boundaries was observed in samples containing 1000 appm 

and 5000 appm helium. Fig. 9-2 (a) and (b) are TEM micrographs taken under overfocus 

and underfocus condition respectively, showing the microstructure of a cavity close to a 

grain boundary after 1000 appm helium injection. Cavities along the grain boundary 

showed noticeably higher density along with larger sizes. Fig. 9-2 (c) and (d) show cavity 

microstructures close to a low angle grain boundary in sample containing 5000 appm 

helium. Although the cavity density in the grain interior is also high, a band of enriched 

cavities possessing larger sizes is still observable. Apart from the grain boundaries, 

interfaces between carbide and matrix are also found to perform as enhanced nucleation 

sites for cavities. As shown in fig. 9-3 (a) and (b), preferential nucleation of cavities was 

not only observed along the grain boundary, but also along the boundaries of carbides 

which usually precipitate close to grain boundaries in Ni alloys. In addition, there is 

formation of obvious cavity denude zones in the vicinity of this grain boundary.  

Along with the cavities, helium injection also induced dislocation loops. Lattice defects 

microstructures were revealed by TEM image in fig. 9-5 (a)-(c) which were taken under 

g/5g weak beam dark field condition using g = 200 close to zone axis [011]. Random line 

dislocations were observable prior to helium injection (fig. 9-5 (a)). Small (< 5 nm) 

dislocation loops as well as a low density large dislocation loops up to ~20 nm in 

diameter presented after 1000 appm helium injection (fig. 9-5 (b)). An obvious increase 

in dislocation loop density was observed after 5000 appm helium injection (fig. 9-5 (c)).  
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Fig.  9-3 a) underfocus and b) overfocus bright field micrographs showing cavity 

enrichment along carbide/matrix interfaces and grain boundaries after 1000 appm helium 

pre-injection at 400 °C. 

 

Fig.  9-4 a) Cavity density and b) cavity size, against amount of injected helium. 
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Fig.  9-5 g/5g weak beam dark field micrographs showing dislocation microstructures. a) 

prior to helium injection. b) 1000 appm helium, c) 5000 appm helium. 
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 Microstructures after heavy ion irradiations 9.3.2

After 1 MeV Kr
2+

 irradiation in samples containing pre-injected helium, obvious 

modification to the cavity microstructures was observed. Fig. 9-6 indicates in-situ 

observations of cavity development during heavy ion irradiation in sample containing 

400 appm helium. An apparent increase in size and density of cavities is recognizable by 

comparing a) 0.68 dpa with b) 5.4 dpa, and also another location from c) 0.27 dpa to e) 

5.4 dpa.  

 

Fig.  9-6 Underfocus bright field micrographs showing cavity development during in-situ 

1 MeV Kr
2+

 irradiation in sample containing 400 appm helium. a) and b) showing same 

area after 0.68 dpa and 5.4 dpa respectively. c), d), e) showing the same area after 0.27 

dpa, 2.7 dpa and 5.4 dpa respectively. 
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Similar changes were also found in sample containing 1000 appm helium, as shown by 

in-situ observations in fig. 9-7, although the increasing margin is not as obvious as the 

cavities in sample containing 400 appm helium. In addition, a size increase of cavities 

along grain boundary with irradiation dose is also observable in fig. 9-7. In sample 

containing 5000 appm helium, as shown in fig. 9-8, no obvious cavity size increase was 

observed in the grain interiors during the irradiation. Unlike cavities within the grain 

interiors, some cavities formed close to a grain boundary (circled in fig. 9-8 (c), (d)) show 

a remarkable growth at high dose. The measured cavity density after irradiation to 5.4 

dpa is 9.09×10
23 

m
-3

, which is slightly higher than that prior to the heavy ion irradiation. 

A cavity denuded zone formed after helium injection (fig. 9-8 (a)), and no obvious 

changes to it was found thereafter.  

After irradiation to 5.4 dpa in samples with high helium levels, a second population of 

cavities evolved. The cavities formed during helium injection show black contrast in 

overfocus condition (fig. 9-9 (a)), and white contrast in underfocus condition (fig. 9-9 

(b)). Contrast for the new population of cavities are opposite, which present white 

contrast in fig. 9-9 (a) and black contrast in fig. 9-9 (b). A more detailed view of cavity 

microstructures is shown at a higher magnification micrograph (fig. 9-9 (d)), the cavities 

formed by helium injection are marked as ‘A’ and the cavities yielded during heavy ion 

irradiation are marked as ‘B’. Both types of the cavities present no contrast under focus 

condition, which confirms that they are all cavities and not radiation induced precipitates. 

Opposite contrasts imply that the cavities likely nucleated at different depths in the TEM 

foil. Such cavities were observed in samples containing both 1000 appm and 5000 appm 

helium, which are also observable in fig. 9-7 (d) and fig. 9-8 (d). 
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Fig.  9-7 Underfocus bright field micrographs showing cavity development during in-situ 

1 MeV Kr
2+

 irradiation in sample containing 1000 appm helium. a) after helium pre-

injection, b) 0.68 dpa, c) 2.7 dpa, d) 5.4 dpa. 



 

254 

 

 

Fig.  9-8 Underfocus bright field micrographs showing cavity development during in-situ 

1 MeV Kr
2+

 irradiation in sample containing 5000 appm helium. a) after helium pre-

injection, b) 0.68 dpa, c) 2.7 dpa, d) 5.4 dpa. 
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Fig.  9-9 Bright field micrographs showing cavities which formed after Kr
2+

 irradiation to 

5.4 dpa at 400°C in sample containing 1000 appm helium. a) overfocus +500nm, b) 

underfocus -500nm, c) focus. Cavities formed by helium pre-injection are marked as ‘A’. 

Cavities formed during Kr
2+

 irradiation are marked as ‘B’. 

9.4 Discussion 

Our previous studies using heavy ion irradiation with and without room temperature pre-

injected helium have confirmed that helium is essential to cavity nucleation in Ni alloys 

such as Inconel X-750 [9]. Size, density and morphology of the cavities formed in grain 

interiors were found to be similar to those presented in ex-service CANDU spacers at 

similar dose level [8,9]. However, the cold injected helium was found to barely migrate 

during the subsequent heavy ion irradiation even though the irradiation temperature was 
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high (500°C), resulting in a lack of cavity segregation on grain boundaries and 

precipitate-matrix interfaces. This is contrary to the observations of ex-service neutron 

irradiated spacers. The lack of migration of the cold injected helium was attributed to a 

mutual trapping effect between helium atoms and vacancies. This means helium can trap 

vacancies to nucleate cavities, yet at the same time their motion is retarded as a result of 

being trapped in cavity cores. Consequently, we speculate that substantial migration of 

helium can occur only before they become involved in cavity nucleation, meaning they 

must be mobile while being introduced into the material in order to reduce the chance 

being captured by vacancies. Comparing to the previous cold helium injection [9], 

observations after the hot helium injection imply that diffusion of helium in metals is 

highly dependent on the injection temperatures. After the helium injection at 400°C, 

obvious enrichment of cavities was observed on dislocations (fig. 9-1 (b)), grain 

boundaries (fig. 9-2), and carbides/matrix interfaces (fig. 9-3). Jiao et al. [23] reported 

that the cavities formed in ferritic/martensitic steel after helium injection were 

overpressurized due to the lack of vacancies, and helium pressure inside the cavities 

decreased dramatically during the following proton irradiation. At the helium injection 

stage of the current investigation, because the production of vacancies is limited, it is 

believed the development of cavities is dominated by the absorption of helium to produce 

overpressurized cavities rather than absorbing free migrating vacancies [23]. This 

indicates the helium pre-injection induced cavity nucleation is controlled by helium flux 

from the grain interior to the aforementioned heterogeneities such as the grain boundaries 

[24]. Apparently, the helium flux increases greatly with increase in injection temperature, 

and this has been confirmed by Trinkaus’s model concerning helium diffusion [24]. The 
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total helium fluence to sinks is controlled by the amount of injected helium, which results 

in a higher density of cavities at the sinks. As illustrated in fig. 9-7 (a) and fig. 9-8 (a), 

after helium injection, denser cavities along interfaces can be observed after 5000 appm 

helium injection compared to 1000 appm.  

Despite the cavities on the grain boundaries, increase in cavity size and density with  

increasing dosage of injected helium was also observed  within grain interior, as shown in 

fig. 9-4. At higher helium levels, apart from a greater supply of helium atoms, more 

production of vacancies is also a cause. It should be noted that after 400 appm, 1000 

appm and 5000 appm helium injection, the damage accumulated is 0.008 dpa, 0.02 dpa, 

and 0.1 dpa respectively. Along with the formation of cavities, a significant evolution of 

lattice defects was also present. As shown in fig. 9-5, large dislocation loops, which are 

likely of the interstitial type, evolved after helium pre-injection. In the sole heavy ion 

irradiation on Inconel X-750, such large loops have been observed only at > 500°C and > 

0.68 dpa, and were confirmed by the ‘inside/outside’ test to be of the  interstitial type 

[11]. At temperatures and dose lower than this, small loops and vacancy type SFTs 

dominated [12]. It should be noted that SFTs were barely observed in samples after 

helium injection at 400°C, which indicates most vacancies were trapped by helium and 

growth of interstitial type defects was enhanced. We speculate these large loops would 

likely be destroyed in the following heavy ion irradiation at a considerable dose once 

vacancies become supersaturated. 

During the 1 MeV Kr
2+ 

irradiation after hot helium injection, significant changes to the 

cavity microstructures have been observed. As shown in fig. 9-6 to 9-8, obvious growth 
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of cavities in grain interior were observed in sample containing 400 appm and 1000 appm 

helium, but not in sample containing 5000 appm helium. This is consistent with previous 

1 MeV Kr
2+ 

irradiations with cold pre-injected helium, which is due to an indirect growth 

suppression effect by helium [9]. Helium can enhance cavity nucleation, and in sample 

containing more helium, heavy ion irradiation induced vacancies disperse to more 

cavities, leading to a lower growth rate for individual cavities [13,25]. Apart from 

cavities within the grains, size changes of cavities along grain boundaries were also 

observed in samples containing 1000 appm and 5000 appm helium, as shown in fig. 9-7 

and 9-8. Since helium is believed to be trapped in cavity cores and its migration limited 

during the heavy ion irradiations, such cavity growth is attributed to the absorption of 

free migrating vacancies produced by Kr
2+ 

irradiation. During previous irradiation in 

Inconel X-750 containing the same amount of cold injected helium, no such enhancement 

of cavities along grain boundaries was observed [9]. In the current hot injection with 400 

appm helium which produced less dense cavities along the grain boundaries, growth of 

cavities along grain boundaries is also indefinite (fig. 9-6 (c)-(e)). We speculate this 

might result from enhanced helium migration to grain boundaries in samples containing 

1000 appm and 5000 appm hot injected helium. Additional helium atoms inside cavities 

reduce surface tension and increase gas pressure. Rate-theory calculation concerning 

cavity growth indicates that the reduction in  surface tension and increase in gas pressure 

enhance the growth rate [26,27]. Migration and accumulation of helium close to sinks 

during injection is non-uniform due to variation of sink strengths, resulting in cavity size 

variations close to the sinks. The heterogeneous cavity distribution especially in the 

vicinity of sinks is consistent with the cavities observed in ex-service neutron irradiated 
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Inconel X-750 [8]. This indicates heavy ion irradiations with hot injected helium can 

reasonably simulate the diffusion of transmutation produced helium as well as the 

subsequent cavity growth, rather than irradiations with cold injected helium. 

It is interesting to find the formation of a second population of cavities after irradiations 

to 5.4 dpa in samples containing 1000 and 5000 appm helium. Distribution of the cavities 

formed during helium injection is not uniform in the sample depth-wise, because by 

applying 10 keV helium ions, the peak of helium distribution is at a depth of 

approximately 50 nm, as indicated by SRIM calculation [22]. It is possible that during the 

heavy ion irradiation, some of the cavities likely grew at different depth, which results in 

an opposite contrast following the change in focus steps. Growth of the cavities that 

formed after sole helium injection is slow but perceptible during the following heavy ion 

irradiation. Theoretical prediction by Trinkaus [28] has shown that at intermediate 

irradiation temperatures (~0.4 Tm) and to a considerable high dose, although the vacancy 

supersaturation level is insufficient for direct nucleation of void, helium bubbles can 

absorb these vacancies and transform to the growing void-type cavities once a critical 

size is reached. This well explains the current observations. As shown in fig. 9-9, cavity 

type ‘A’ is likely the bubble-type cavities and ‘B’ is the void-type cavities after the 

‘bubble-void’ transformation. 

9.5 Conclusions 

In this study, TEM in-situ heavy ion (1 MeV Kr
2+

) irradiations at 400°C with various 

dosage of helium pre-injected at the same temperature were conducted, in order to study 
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the effects of helium on cavity formation, as well as the diffusion of helium in the Ni base 

superalloys Inconel X-750. The following conclusions can be drawn. 

g) Helium injection solely at 400°C produced cavities and the cavity nucleation is 

heterogeneous. 

h) Migration of helium greatly depended on the injection temperature. He atoms 

diffused to dislocations, grain boundaries, and precipitate-matrix interfaces during the 

current hot injection. 

i) Cavity size increased during the injection with increasing amount of helium, 

primarily due to the absorption of helium atoms. Helium acted as cavity nucleation 

sites and more helium content thus led to a higher cavity density. 

j) Cavity growth during the heavy ion irradiation stage was dominated by absorption of 

free migrating vacancies. Growth rate decreased with increasing helium amount. 

k) With the production of vacancy supersaturation in the heavy ion irradiation, 

transformation of some helium bubbles to void type cavities was observed.  
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Chapter 10 

Effects of helium on irradiation induced phase instability in a Ni-based 

superalloy 

Effects of helium on radiation induced instability of Ni3(Al, Ti) gamma prime 

precipitates in Inconel X-750 were studied using transmission electron microscope in-situ 

heavy ion irradiations with and without pre-injected helium. The precipitates were 

disordered at low dose 0.06 dpa under sole heavy ion irradiation after 0.06 displacement 

per atom (dpa). The presence of 200 helium delayed the disordering of Ni3(Al, Ti) 

precipitates to 0.68 dpa. With 400 appm helium, the precipitates were found disordered 

with doses >2.7 dpa. 

10.1 Introduction 

Ni-based superalloys such as Inconel 718 and Inconel X-750 are extensively used in the 

cores of nuclear reactors as center pins, bolts, fasteners and springs etc [1–3]. In Ni 

alloys, excellent strength and creep properties are obtained through producing the 

primary strengthening phase Ni3(Al, Ti) γ’ by ageing [4,5]. The Ni3(Al, Ti) γ’ precipitates 

are L12 long range ordered phase [6]. The γ’ precipitates cause a presence of superlattice 

reflections in selected-area diffraction patterns due to a structure-factor effect while being 

observed by transmission electron microscopy (TEM). Previous studies have shown the 

γ’ precipitates in some alloys, such as in Inconel 718 [1], Ni-Al model alloys [7] and 

Nimonic PE16 [8], can either be disordered or dissolved under irradiation and causing a 

disappearance of the superlattice reflections. For nuclear applications, stability of the γ’ 
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precipitates under irradiation is of great interest because their changes significantly affect 

the mechanical properties and the stability of the grain boundaries [9–11]. Sencer et al. 

[12] reported a disordering of γ’ precipitates in 600-800 MeV proton irradiated Inconel 

718 at 32-55°C to 0.6 displacement per atom (dpa), and material softening occurred 

simultaneously. Carsughi et al. [13] also reported, γ’ precipitates were disordered by 1 

GeV proton irradiation at approximately 250°C, leading to a material softening in Inconel 

718. Mechanism of irradiation induced phase change of γ’ precipitates has been studied 

by both experimental observation [7,8,14] and theoretical calculation [15–17]. 

Dissolution/disordering of the precipitates is attributed to ballistic mixing effect of 

cascades [7,18,19].  

Apart from the instability of γ’ precipitates occurring during ion or fast neutron 

irradiation, some other factors which should be taken into consideration while servicing 

in a reactor environment such as the helium effects, have not been investigated. In 

nuclear materials containing Ni, large amount of helium might be produced through the 

(n, α) transmutation via absorption of neutrons at thermal energies [20,21]. Taking 

Inconel X-750 components in cores of CANDU reactors as an illustration, the production 

rate of helium by Ni transmutation surprisingly reaches as high as 300 appm helium per 

dpa [9,21]. Helium has been proven to play a key role in cavity nucleation, which 

consequently causes the material swelling and embrittlement [22]. In addition, it has been 

reported that helium also affects irradiation induced dislocation microstructures, phase 

segregation and precipitation in alloys, amongst many other things [23–25]. In the early 

years, it was widely estimated that helium effects on phase transformation are minor 

because it is chemically inert. However, later studies on stainless steels have 
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subsequently shown that helium causes obvious changes to phase segregation and 

precipitation, such as Laves, G and η phases [23,26,27]. Nevertheless, there is no data 

showing helium effects on phase changes in Ni alloys, for example whether helium 

affects the irradiation induced disordering of Ni3(Al, Ti) γ’ precipitates in Inconel X-750. 

In this paper we studied this effect using TEM in-situ heavy ion (1 MeV Kr
2+

) irradiation 

in a wide temperature range 60-600°C with a various quantities of pre-injected helium. 

10.2 Experimental procedures 

The nominal chemical composition of the current Inconel X-750 alloy is, in wt%, 73 Ni, 

15.0 Cr, 7.3 Fe, 2.5 Ti, 0.7 Al, 0.99 Nb, 0.15 Mn. The material was solutionized at 1120 

°C for 15 mins, cold work reduced 15%, and aged at 732 °C for 16 hours to produce a 

high density of γ’ precipitates (1.4(±0.2)×10
22

 m
-3

). The TEM specimens were prepared 

by twin-jet electro-polishing using a Struers Tenopol-5 apparatus with 5% perchloric acid 

in methanol electrolyte at -40°C. Helium was injected directly into the TEM samples 

using beam energy of 10 keV in the 100 keV implanter of Université de Montréal. Two 

groups of specimens were injected with 200 appm and 400 appm helium respectively at 

room temperature. After helium injection, the TEM samples were then moved to Argonne 

National Laboratory IVEM-Tandem facility for TEM in-situ heavy ion irradiations. This 

facility consists of Tandem ion accelerators interfaced to a Hitachi 9000 NAR TEM, 

which enables dynamical observation during irradiation. For each of the sets of samples 

(200 and 400 appm helium), there were 6 samples irradiated with 1 MeV Kr
2+

 at 60°C, 

200°C, 300°C, 400°C, 500°C and 600°C to a maximum dose of 5.4 dpa. The irradiation 

doses represented by dpa were estimated by Monte Carlo calculation using SRIM 2008 
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code [28]. The displacement energy was estimated as Ed = 40 eV. The calculated dpa 

values counted only heavy ion bombardments. According to the calculation, the 

accumulated damage by helium pre-injection is approximately 0.004 and 0.008 dpa for 

200 and 400 appm helium respectively. All TEM observations were performed at an 

operating voltage of 200 kV, well below the threshold for electron knock-on damage of 

all elements except Al (~170 kV) [29]. This could result in some additional damage in the 

γ’ precipitates, but was minor compared to that caused by heavy ion irradiation. 

Observations were taken at several dose steps, 0.01 dpa, 0.06 dpa, 0.27 dpa, 0.68 dpa, 2.7 

dpa, and 5.4 dpa. Selected-area diffraction patterns were taken at each dose step and the 

presence of superlattice reflections was checked.  

10.3 Results 

Our recent heavy ion (1 MeV Kr
2+

) irradiation in Inconel X-750 without helium showed 

that γ’ superlattice reflections disappeared at low dose 0.06 dpa while being irradiated at 

temperature ≤400°C. An example is shown in fig. 10-1, after 1 MeV Kr
2+

 irradiation at 

200°C to 0.06 dpa, superlattice reflections disappeared. The ‘ChemiSTEM’ analyses, 

which employs energy dispersive X-Ray (EDX) mapping under scanning transmission 

electron microscopy (STEM) mode, show obvious agglomeration of Ti and Al but 

depletion of Cr and Fe. This indicates γ’ precipitates were only disordered but not yet 

dissolved at this dose. With addition of helium, the disordering of γ’ precipitates was 

apparently delayed.  
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Fig.  10-1 High angle annular dark field STEM micrographs and ChemiSTEM mapping 

of γ’ precipitates after 1 MeV Kr
2+

 irradiation at 200°C to 0.06 dpa. Superlattice 

reflections representing ordered γ’ precipitates vanished. 



 

268 

 

As for illustration, fig. 10-2 shows the selected-area diffraction pattern taken during the 

in-situ irradiation at 300°C. In sample containing 200 appm helium, the superlattice 

reflections vanished at 2.7 dpa; with 400 appm helium, the superlattice reflections 

vanished at 5.4 dpa. 200 appm helium delayed the γ’ disordering from 0.06 dpa to >0.68 

dpa but <2.7 dpa; 400 appm helium delayed the disordering to >2.7 dpa.  

 

Fig.  10-2 Selected-area diffraction pattern taken during the in-situ irradiation at 300°C. 

In sample containing 200 appm helium, the superlattice reflections vanished at <2.7 dpa; 

with 400 appm helium, the superlattice reflections vanished at <5.4 dpa 

Results obtained at all temperatures are summarized in fig. 10-3. At temperature ≤400°C, 

the γ’ precipitates disordered eventually regardless of the helium level. The delaying 

effect by adding helium is same from 60°C to 400°C. Without helium, a critical 

temperature was observed in between 400 and 500°C, above which the γ’ precipitates 

were stable and could not be disordered. Adding helium did not change this critical 

temperature. One abnormality was observed during irradiation at 600°C with 400 appm 

helium. As shown in fig. 10-4, γ’ superlattice reflection did not vanish during the 
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irradiation. After 5.4 dpa, precipitation of M23C6 particles was evident, both from the 

diffraction pattern and the dark field micrograph taken under g = (    ̅ ) M23C6. 

Subsequent EDX analyses showed that they are Cr rich carbides. Such radiation induced 

precipitation was not observed in samples with no helium content. 

 

Fig.  10-3 Disordering kinetics of γ’ precipitates. ‘•’ indicates the superlattice reflections 

observed. ‘o’ indicates no superlattice reflection observed. a) without helium, b) with 200 

appm helium, c) with 400 appm helium. 



 

270 

 

 

Fig.  10-4 1 MeV Kr
2+

 irradiation at 600°C with 400 appm helium. a) [011] diffraction 

pattern prior to irradiation, b) [011] diffraction pattern after 5.4 dpa, c) dark field 

micrograph taken under g = (   ̅) M23C6. 
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10.4 Discussion 

Quite a few previous investigations on order/disorder kinetics, using experimental 

observation [7,14,18], molecular dynamics [30,31] or Monte Carlo simulation [32], 

showed that the disordering starts with a partially disordered state resulting from the 

irradiation induced ballistic displacements. This process is dominated by randomly 

created cascades, and thus it is assumed that the helium in materials can hardly have an 

influence. However, obvious delay of the disordering is observed in the current study. 

Effects of helium on delaying the disordering or dissolution of existing phases have 

rarely been reported previously, but the helium effects on irradiation damage in stainless 

steel have been extensively studied, which have shown that helium can greatly hold back 

the radiation induced phase transformation, such as the precipitation [23,24,26,27]. Kenik 

[26] reported that in 4 MeV Ni
+
 irradiated 316-type stainless steel at 625°C, precipitation 

of G and η phase was suppressed by co-injected and cold pre-injected helium. Choyke et 

al. [27] reported in 28 MeV Si
6+

 irradiated 304-type stainless steel in a temperature range 

400-750°C, the irradiation induced precipitation reduced with an increasing level of pre-

injected helium. A possible explanation of this phenomenon is that the presence of 

helium enhances the nucleation of point defect sinks such as cavities and dislocation 

loops [24]. Point defect (vacancies and interstitials) flux to these sinks increases 

subsequently, and leads to an increasing of recombination and annihilation at the sinks, 

which thereby reduces their concentration in the matrix. Diffusion of solute atoms is 

decelerated due to the reduction of point defects, which impedes the radiation induced 

segregation and precipitation. Similar to this, the order-disorder transformation of ordered 

precipitates such as the γ’, can also be affected by the long range diffusion of the point 
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defects, apart from the aforementioned ballistic displacement effect [32]. Abromeit and 

Matsumura [32] estimated, by Monte Carlo simulation, that the order-disorder 

transformation can be accelerated by the supersaturation of point defects and thus 

additional helium can retard this process. This shows good agreement with the current 

observations. 

It has been found that there exists a critical temperature between 400 and 500°C, only 

below which the disordering can occur. This was attributed to a competition between the 

ballistic mixing induced disordering and thermal reordering [33]. The addition of helium 

did not change this critical temperature, which implies that helium only slows down the 

kinematical disordering process, not alters the competition between the ordering and 

reordering processes. Helium retards diffusion of solute atom, which, in turn, delays both 

processes. 

In the current investigation, precipitation of M23C6 particles were observed at 600°C to 

5.4 dpa with 400 appm helium (fig. 10-4) but not in sole heavy ion irradiations. Mansur 

et al. [23] reported that helium suppresses precipitation in 316-type stainless steels at a 

lower temperature (500°C) but promotes the formation of Laves phase at a high 

temperature (625°C). The mechanism causing this was unclear. It should be noted that 

both the Laves and M23C6 phases can precipitate during long exposure at elevated 

temperature [34,35], e.g. 800°C for Ni based superalloys. Irradiation induces 

supersaturation of point defects can enhance coarsening of such phases and shorten the 

time for their development to a visible size in TEM [36]. Typically, this will shift the 

precipitation temperature to a lower regime. However, there was lack of M23C6 
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precipitates in Kr
2+

 irradiated Inconel X-750 without and with 200 appm helium. In 

addition, adding helium can retard the coarsening process of the precipitates due to the 

impediment of solute transportation, but contrary results were observed. It should be 

noted that the M23C6 precipitates shown in fig. 10-4 were distributed homogeneously 

within the grain, while those produced by ageing are commonly found preferentially 

nucleated along the grain boundaries [35]. A logical explanation is that trapping of 

interstitials by additional helium produces more interstitial loops which subsequently 

perform as nucleation sites for the new precipitates. The enhanced precipitation 

nucleation by helium as well as the radiation assisted growth can reduce the temperature 

required for M23C6 precipitation. 
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Chapter 11 

Conclusions and Future Work  

11.1 Thesis Overview and Conclusions 

The research presented in this dissertation aims to characterize radiation damage and 

elucidate the material degradation mechanisms in CANDU spacer material Inconel X-750. 

This has been fulfilled through investigations of microstructural evolution in both neutron 

and ion irradiated sample materials. In Chapter 1, the background, motivations and 

objectives of this project were briefly introduced. Chapter 2 reviewed the literatures 

concerning radiation damage theories, research techniques, and relevant studies on 

irradiation induced damage in alloys. The experimental investigations are presented as a 

manuscript format dissertation with nine manuscript chapters, each as an independent but 

closely related component. Chapter 3 starts off the investigation with techniques which 

solved the challenge to prepare TEM sample from small reactor components with 

irregular shapes, such as the spacer. Characterization of neutron irradiated ex-service 

materials revealed irradiation induced microstructures such as cavities and dislocations 

(Chapter 4), but is insufficient to achieve a comprehensive understanding of the damage 

mechanisms and factors affecting the kinematical processes. TEM in-situ heavy ion 

irradiations was subsequently conducted in a wide temperature range, due to its 

advantages of having accurate control over experimental parameters such as material 

selection, dose, temperature, etc. Irradiation induced lattice defects, phase changes, and 

cavities at low temperatures (60°C-400°C) and elevated temperatures (500°C-600°C) 

were reported in Chapter 5 and 6 respectively. During the heavy ion irradiation, 
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additional attention was paid to the instability of Ni3(Al, Ti) γ’ precipitates as well as the 

cascade induced SFTs. Disordering/dissolution kinetics of the γ’ precipitates under heavy 

ion irradiations was systematically described in Chapter 7. The dynamical observation of 

cascade produced SFTs was reported in Appendix A. In the actual CANDU service 

environment, the absorption of thermal neutrons by Ni may cause a (n, α) transmutation 

to produce a large quantity of helium (approximately 300 appm He/dpa). In contrast to 

neutron irradiation, cavities were not observed after sole heavy ion irradiation in the same 

material even at elevated temperatures, indicating that helium, produced during neutron 

irradiation, might be essential for the nucleation and growth of cavities. Consequently, 

heavy ion irradiation with cold pre-injected helium was applied to study helium effects 

on cavity formation and dislocation evolution, which was presented in Chapter 8. Helium 

was then confirmed to be crucial in cavity development; however, no segregation of 

cavity to grain boundaries and precipitate/matrix interfaces was observed, in contrary to 

the neutron irradiated material. Helium in ex-service material was generated at elevated 

temperatures so that helium was mobile. This stimulated the study of helium diffusion in 

materials by applying TEM in-situ heavy ion irradiation with hot pre-injected helium, 

which was described in Chapter 9. Helium was also found to play an important role in 

irradiation induced phase instability in Inconel X-750, including delaying the 

disordering/dissolution of γ’ precipitates as well as enhancing the nucleation of 

chromium rich M23C6.  

In many ways, these manuscript chapters can stand alone and therefore lend themselves 

towards individual discussions and conclusions. 
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 Chapter 3 11.1.1

Chapter 3 described a novel electropolishing technique for preparing TEM samples from 

the CANDU spring-shaped spacers. Focused Ion Beam (FIB) has become increasingly 

popular for preparing TEM samples from such components with smaller size and 

irregular shape. However the sputtering damage induced by Ga ion bombardment in FIB 

means that traditional electropolishing may be the preferable method in this case [1–3]. 

Since the specimen size is small (0.7 mm × 0.7 mm × 3 mm), a sandwich installation is 

adopted in order to obtain high quality polishing. In addition, a modified technique for 

preparing cross-section sample by employing Ni electroplating was described. Samples 

were successfully produced but there are limitations to this method when preparing cross-

section samples from either 1) metals which are difficult to activate for electroplating, or 

2) a heavy ion irradiated foil with a very shallow damage layer close to the surface which 

may be affected by the electroplating process. As a consequence, an innovative technique 

of cross-section sample preparation using Dispersalloy embedding was developed and 

described. 

 Chapter 4 11.1.2

The defects formed in CANDU Inconel X-750 spacers removed from reactors after 14 

effective full power years were examined by TEM. Two samples irradiated at different 

temperatures were tested, 1) ~200°C at 6 o’clock position and 2) ~>300°C at 12 o’clock 

position. Obvious temperature effects were observed. In the ~200°C irradiated sample, a 

high density of small lattice defects (1-3 nm) developed during irradiation, including 

stacking fault tetrahedra and both ⅓<111> and ½<110> type dislocation loops. A 
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uniform distribution of small cavities (~1-3nm) was observed. In the ~>300°C irradiated 

sample, sizes of cavities were also greater than those in ~200°C irradiated sample, which 

was attributed to an increase in vacancy mobility at higher temperature. Noticeable 

segregation of cavities to grain boundaries and phase boundaries was observed, indicating 

that diffusion of helium is essential in the heterogeneous nucleation of cavities. The 

irradiation temperature not only affected the cavity evolution but also influenced the size 

and morphology of irradiation induced lattice defects. In the ~>300°C irradiated sample, 

apart from small point defect clusters, large Frank-type interstitial loops presented, while 

they were absent in 200°C irradiated sample. An increasing number of free migrating 

self-interstitial atoms at high temperature due to a higher flux of vacancies to sinks 

subsequently caused the growth of the interstitial loops. The irradiation induced 

instability of γ’ precipitates was observed in both ~200°C and ~>300°C irradiated 

samples, which was caused by cascade induced ballistic displacements. 

 Chapter 5 11.1.3

In order to emulate the neutron irradiation induced microstructural changes, TEM in-situ 

heavy ion irradiations (1 MeV Kr
2+

 ions) were performed. The irradiations were carried 

out at various temperatures (60-400°C). Lattice defects consisted mostly of SFTs, ½<110> 

perfect loops and small ⅓<111> faulted Frank loops.  The ratio of SFT number density to 

loop number density for each irradiation condition was found to be neither temperature-

nor dose-dependent. Under the operation of the ion beam the SFT production was very 

rapid, with no evidence of further growth once formed, indicating that they probably 

formed as a result of cascade collapse in a single cascade. Thus, the sizes of SFTs were 
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found to be independent of irradiation dose but dependent on temperature.  Loops are 

mainly of ½<110> type and ⅓<111> type. The fraction of SFTs and loops were 

independent of irradiation dose in contrast to earlier work on pure Ni. The number 

density of the defects was found to saturate at low dose (~0.68 dpa). No cavities were 

observed at all temperature up to 5.4 dpa in contrast to observations of neutron irradiated 

material. Rate-theory calculations indicate that cavity formation is feasible at the higher 

temperatures of ion irradiation. Their absence indicates that helium, produced during 

from the (n, α) [4] or (p, α) [5] reaction during neutron and proton irradiation, is likely to 

be important for the nucleation and stabilization of cavities. The principal strengthening 

phase γ’ is disordered at low dose 0.06 dpa during irradiation at 60-400°C, which can 

alter the mechanical strength and creep resistance over a long time (or on a long-term 

basis). In contrast to the γ’ M23C6 carbides were found to be relatively stable during 

irradiation up to 5.4 dpa.  

 Chapter 6 11.1.4

The microstructure evolution and phase change during heavy (1 MeV Kr2+) irradiation at 

elevated temperatures (500°C and 600°C) were characterized using TEM in-situ 

observations. Additionally, effects of temperature, dose, and dose rate on the damage 

were systematically studied. Small defects (< 5 nm) yielded from high temperature 

irradiation are comprised mainly of stacking fault tetrahedra (SFTs), small ⅓<111> and 

½<110> type dislocation loops. Similar to low temperature irradiation described in 

Chapter 5, the size of irradiation induced SFTs is temperature dependent, but no 

dependence on dose was observed. Large loops formed only at temperature ≥ 500°C. A 
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successful inside-outside examination was made of the large loops, and they were 

identified as interstitial loops. The sizes of small SIA Frank loops increased with 

increasing irradiation temperature due to the increase of SIA clustering. Small interstitial 

Frank loops can grow eventually to a large size of ~ 50 nm. Unfaulting of these loops was 

observed. The number density of the defects present at elevated temperatures starts to 

saturate at 0.68 dpa. More complex dislocation networks formed at higher dose through 

the elastic interaction of loops. The number density of the defects decreased with increase 

of irradiation temperatures. No cavities were observed even at the highest temperature of 

600°C. Additional vacancy trapping sites are believed to be essential in the nucleation of 

cavities. γ’ precipitates were stable at ≥ 500°C due to thermal aging overwhelming the 

ballistic mixing. It is speculated that there is a transition temperature between 400°C and 

500°C above which γ’ precipitates are not disordered by heavy ion irradiation. 

 Chapter 7 11.1.5

Phase stability of Ni3(Al, Ti)  precipitates in Inconel X-750 under cascade damage was 

studied using heavy ion irradiations with TEM in-situ observations and ‘ChemiSTEM’ 

analyses. From 60°C to 400°C, ordered Ni3(Al, Ti) precipitates became completely 

disordered at low irradiation dose of 0.06 dpa. These γ’ were precipitated during aging 

and are thermodynamically stable, thus this phase change is caused by irradiation. At 

higher dose, a trend of precipitate dissolution was observed. The ‘ChemiSTEM’ results 

showed dissolution of the precipitates occurred under disordered state, due to the ballistic 

mixing effect by irradiation. However, at temperatures greater than 500°C, the 

precipitates stayed ordered up to 5.4 dpa, supporting the view that irradiation induced 
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disordering/dissolution and thermal recovery reach a balance between 400°C and 500°C. 

This critical temperature of disordering/ordering in Inconel X-750 is much higher than 

that of the PE16 and Ni-Al model alloys [6,7], indicating the Ti/Al ratio ((2.5 wt.% Ti, 

0.68 wt.% Al) in X-750, being higher than in Ni-Al (no Ti, 6.35wt.% Al), and PE16 (1.2 

wt.% Ti, 1.2 wt.% Al)) might play an important role. 

 Chapter 8 11.1.6

In order to address the role of helium on irradiation damage in Inconel X-750, TEM in-

situ heavy ion (1 MeV Kr
2+

) irradiation with room temperature pre-injected helium was 

conducted. By comparing to our previous studies with 1 MeV Kr
2+

 irradiation only 

(Chapter 5 and 6), the pre-injected helium was found to be essential in cavity nucleation. 

Cavities started to be visible after Kr
2+

 irradiation to 2.7 dpa at ≥ 200 °C in samples 

containing 200 appm, 1000 appm and 5000 appm helium, respectively, but not at lower 

temperatures. Helium can enhance nucleation of cavities and indirectly result in a 

decrease of cavity growth and its uniform distribution. This is considered to be the result 

of local trapping effect of helium which disperses vacancies [8,9]. It was noticed that 

cavity growth was enhanced by increasing irradiation temperature, which is caused by 

increase in vacancy diffusion. Cavity density decreased with increase in irradiation 

temperature. This is believed to be the result of  a reduction of vacancy supersaturation at 

elevated temperature [9]. With the evolution of cavities, a reduction in vacancy type SFT 

density was observed. The cavity growth was observed during continuous irradiation. 

Cavity formation appeared along with a reduced number density of SFTs. In addition, the 

distribution of cavities became heterogeneous at elevated temperatures. In contrast to 
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previous characterization of in-reactor neutron irradiated Inconel X-750, no obvious 

cavity segregation to grain boundaries and phase boundaries were found, even at high 

doses and elevated temperatures. This is due to the mutual trapping effect with vacancies. 

Preferential formation of cavities in MC carbides was observed, due to MC carbides 

performing as strong traps to both vacancies and helium.  

 Chapter 9 11.1.7

In order to simulate in-reactor neutron irradiation induced damage in CANDU spacer 

material Inconel X-750 in an effort to understand the effects of helium on irradiation 

induced cavity microstructures, and to understand the diffusion of helium during 

irradiations, TEM in-situ heavy ion (1 MeV Kr
2+

) irradiations with helium pre-injected at 

elevated temperature (400°C) was conducted. Three different quantities of helium, 400 

appm, 1000 appm and 5000 appm, were pre-injected directly into TEM foils. The 

samples containing helium were then irradiated in-situ with 1 MeV Kr
2+

 at 400°C to a 

final dose of 5.4 dpa. Helium injection solely at 400°C produced cavities and the cavity 

nucleation is heterogeneous. In contrast to previous heavy ion irradiation with cold pre-

injected helium (Chapter 8), heterogeneous nucleation of cavities was observed. This is 

because migration of helium greatly depended on the injection temperature. Helium 

atoms diffused to homogeneities such as dislocations, grain boundaries, and precipitate-

matrix interfaces during the current hot injection. Cavity density and size increased with 

increasing helium dosage, primarily due to the absorption of helium atoms. Helium 

performed as cavity nucleation sites and more helium thus led to a higher cavity density. 

Cavity growth during the heavy ion irradiation stage was dominated by absorption of free 
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migrating vacancies. Growth rate decreased with increasing helium amount, due to the 

indirect growth suppression effect of helium [8,9]. With the production of vacancy 

supersaturation in the heavy ion irradiation, transformation of some helium bubbles to 

growing void-type cavities was observed. Cavity distribution was found to be consistent 

with in-reactor neutron irradiation induced cavity microstructures. This implies that 

diffusion of helium is greatly dependent on the injection temperature, and helium pre-

injection at high temperature is preferred for simulating the migration of transmutation 

produced helium. 

 Chapter 10 11.1.8

Effects of helium on radiation induced instability of Ni3(Al, Ti) gamma prime 

precipitates in Inconel X-750 were studied using TEM in-situ heavy ion irradiation with 

pre-injected helium as well as the ‘ChemiSTEM’ analysis. Chapter 7 reported that the 

precipitates were disordered at low dose 0.06 dpa under sole heavy ion irradiation after 

0.06 dpa. The presence of 200 appm helium delayed the disordering of Ni3(Al, Ti) 

precipitates to 0.68 dpa. With 400 appm helium, the precipitates were found disordered 

at >2.7 dpa. It was estimated by previous experimental observations [6,10,11], molecular 

dynamics [12,13] and Monte Carlo simulations [14] that the disordering starts with a 

partially disordered state resulting from the irradiation induced ballistic displacements. 

However, the order-disorder transformation of ordered precipitates such as γ’ can also be 

affected by the long range diffusion of point defects [14]. Chapter 9 and 10 showed that 

helium enhanced the nucleation of cavities which performed as vacancy sinks. This 

subsequently led to a reduction of vacancies in matrix and thus suppressed the long range 
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diffusion, which delayed the disordering of the γ’ precipitates. Homogeneous 

precipitation of M23C6 particles was observed at 600°C to 5.4 dpa with 400 appm helium 

but not in samples containing no helium or 200 appm helium. A logical explanation is the 

trapping of interstitials by additional helium produces more interstitial loops which 

subsequently perform as nucleation sites for the new precipitates. 

11.2 General Discussion and Future Work 

This research has made substantial progress towards the goal of understanding irradiation 

damage in Ni-based superalloys. This section seeks to summarize conclusions from these 

chapters as a whole and present some ideas on future directions. The proposed future 

work has been divided into two areas—further understanding of irradiation damage, and 

possible modifications to the spacer material.  

 Further understanding of irradiation damage in Ni alloys 11.2.1

1) The current investigation focused on irradiation induced microstructural evolution, 

including lattice defects, cavities and phase stability, mainly through TEM 

observations. Their impact on mechanical properties of the spacer material was 

discussed. However, direct measurement of irradiation parameters of ex-service 

samples, such as the temperature and stress state, is still required in the future. This is 

the most straightforward means of mechanically testing the material. Nevertheless, 

direct quantification of irradiation parameters cannot be accurately achieved due to 

complexities of the in-reactor environment. TEM in-situ heavy ion irradiation is no 

doubt an effective way of characterizing microstructural change during irradiation. 

However, low energy heavy ion (e.g. 1 MeV) irradiated samples are not applicable 
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for mechanical tests. Although the heavy ion bombardment produces similar cascade 

size compared to neutron irradiation [15], the ion penetration in bulk samples is too 

shallow for most mechanical tests except surface hardness measurements.  

Proton irradiation, either using low (MeV) or high (e.g. 600 MeV-1 GeV) energy 

beams, may help. By SRIM calculation [16], approximately 4 MeV proton beam can 

produce damage and penetrate 50 μm thick sample, which can be used for mechanical 

tests. Beam of any lower energy will bring in hydrogen, which is highly mobile and 

forms large bubbles. Moreover, sizes of cascades produced from proton irradiation 

might be too small to produce impacts, such as disordering the γ’ precipitates. Monte 

Carlo simulation has shown the reordering rate of γ’ greatly increases, if the initial 

disordering area is small and locally ordered domains of the same variant remain [14]. 

Low energy proton irradiation, compared to neutron irradiation, might produce 

different microstructural changes and subsequent mechanical response. These 

problems can be avoided by employing high energy proton beams. Introduction of 

helium into bulk samples is another challenge. 600 MeV proton can produce helium 

through (p, α) transmutations, although the production rate is low (20 appm/dpa) [5] 

comparing to CANDU neutron irradiation (300 appm/dpa) [4]. High energy (e.g. 15 

MeV, penetration depth approx. 50 μm) α particle bombardment might be helpful. 

2) Order/disordering kinetics of the γ’ precipitates and the helium effect have been 

experimentally observed in the current investigation. Impact of the γ’ disordering on 

mechanical properties in Inconel 718 was studied through both neutron and high 

energy proton irradiation [17–20], which, however, is absent for Inconel X-750. 
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Helium delays the disordering of the γ’ precipitates (Chapter 10), indicating it also 

affects the long range diffusion of solute atoms. Theoretical studies such as Monte 

Carlo combined with Molecular Dynamic simulation could be considered to gain a 

better understanding. 

3) In many ways stress effects can alter the irradiation induced microstructures, the 

understanding of which is lacking in Ni alloys. Future work may either focus on 

microstructural level such as TEM in-situ strain test and in-situ irradiation under 

uniaxial stress, or macroscale strain test in bulk materials. Under stress state, it is 

valuable to characterize the changes in defect structures, density, element segregation 

along interfaces, and propagation of microcracks along grain boundaries where 

cavities are enriched.  

4) Helium has been confirmed to be essential in cavity nucleation, and heavy ion 

irradiation in Inconel X-750 with pre-injected helium produced cavities highly similar 

to ex-service components. However, hydrogen effects are not well investigated. 

Mobility of hydrogen is much higher than helium as well as other solute atoms. Study 

of hydrogen diffusion in material may be valuable in order to better understand the 

heterogeneous cavity formation. 

5) Cr segregation to grain boundaries has been reported in many Fe-Cr-Ni alloys [21], 

which could potentially weaken the grain boundaries and subsequently cause 

degradation of mechanical properties. As discussed in Chapter 8, 9, and 10, helium 

can trap vacancies and reduce diffusion of solute atoms in materials. Cr segregation 

and the effect helium has on it are worth to be characterized in the future. 
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6) Generation of helium and hydrogen in materials consequently decreases the stacking 

fault energy in materials, which might change the formation and size of the 

dislocation structures such as the SFT. A measurement of stacking fault energy can be 

estimated in the future by various methods including TEM characterization of SFT 

size, which may provide another aspect of helium impact on microstructures.  

7) Interfaces between incoherent precipitates and matrix act as sinks for vacancies. 

However, preferential nucleation of cavities along interfaces around coherent 

precipitates such as the γ’ were not observed. Nonetheless, a more detailed 

characterization by applying advanced techniques such as high resolution TEM is 

valuable in revealing relationship between cavities and the γ’ precipitates. In the 

future, neutron or heavy ion irradiations in samples that contain different size/density 

γ’ are worth attempting. It has been reported that γ’ precipitates can suppress cavity 

formation in Inconel X-750 during electron irradiation [22]. If this is also valid under 

cascade damage, a method of optimizing the current spacer material can be 

established simply by controlling γ’ precipitation through different heat treatments. 

 Possible optimization of the spacer material 11.2.2

Under the no-helium state, the current Inconel X-750 possesses better swelling-resistance 

than many other alloys such as stainless steels. No cavity was observed even at high 

temperatures (600°C). The main reason is that vacancies formed SFTs other than cavities. 

As described in Appendix A, the SFTs were found to follow a fast formation-destruction-

recreation process when subjected to continuous irradiation, which indicated that the 

vacancies kept replenishing and redistributing at all times and were not stabilized. 



 

289 

 

Irradiation tolerance of Inconel X-750 is also fair. Although evolution of defects is quick 

at low dose, after defect saturation at ~0.7 dpa, no obvious increase in dislocation density 

was observed at temperature 60-400°C.  

However, helium produced via Ni transmutation cannot be avoided in a thermal reactor 

such as CANDU, which is found to be the primary cause for the material embrittlement. 

It has been known that interfaces within materials can act as effective sinks to absorb 

radiation-induced defects and helium atoms. There are various ways to increase quantities 

of interfaces, such as manufacturing materials with nano grain sizes, introducing stable 

nano-particles into metals to obtain a high density of particle/matrix interfaces, and 

developing nano-sized multilayer composites.  

Inconel X-750 with nano grain size is relatively easier to achieve. However, diffusion of 

helium to grain boundaries and subsequent nucleation of cavities can easily occur. With 

increasing density of grain boundaries, the material will likely become more brittle. 

Moreover, there is always stress applied to the garter-spring shaped spacer during service. 

Consequently, creep of the nano grain size material needs to be considered. 

In order to optimize the current Inconel X-750 with respect to cavity formation, 

especially along grain boundaries, one solution is to retain as much helium as possible 

within grain interiors, which can subsequently reduce the quantity of helium that migrates 

to grain boundaries. Introducing stable and homogenous distributed nanoparticles into 

matrix of the alloy can trap helium as well as increase the high temperature mechanical 

properties. This is similar to manufacturing swelling-resistant oxide dispersion 

strengthened (ODS) steels. Development of the ODS steels was initiated a decade ago 
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and has drawn world-wide attention for its application in  future nuclear power plants 

because of their superior mechanical properties at high temperatures, as well as their  

excellent swelling resistance owing to the increase in interfaces [23–25]. The dispersed 

nano-particles are not limited to conventional oxide particles such as Y2O3 or Y-Ti-O; 

they can also be carbides. Chapter 8 has shown that MC type carbides act as strong traps 

to both vacancies and helium. Kesternich suggested that introducing such carbides into 

matrix could likely mitigate helium embrittlement [26]. Further study on the stability of 

such nano-carbides under irradiation is required. In addition, fabrication mechanism 

needs to be modified based on the traditional powder metallurgy method, in order to 

achieve a uniform distribution of these fine particles.  

Apart from the introduction of stable nano-particles, it is reported that addition of minor 

elements Si and Sn can also suppress cavity formation in Ni [27–30]. Oversized element 

Sn in Ni-Sn alloys has been found to be effective for trapping helium within the grain 

interior [27,30]. Addition of such element can be simply achieved by vacuum induction 

melting. Further mechanical and irradiation tests are necessary.  

Last but not least, introduction of interfaces by fabricating nano-sized multilayers 

composites is another way to suppress helium cavities, and has been extensively studied 

in the past decade. This method is difficult to apply to the modification of the current 

Inconel X-750 material, but provide a future direction for development of swelling 

resistant materials in general. It has been reported in several binary layer systems (Cu/Nb 

[31], Cu/Zr [32], Cu/Ni [33], and Al/Nb [34] etc.) that the atomistic structure of interface 

in the nanolayered composites can enhance the irradiation damage tolerance. In the 
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irradiation cascades simulations, the interface captured the irradiation produced point 

defects quickly. Taking the Cu/Nb system as an example, the total number of irradiation 

produced point defects can be reduced by 50~70% in the Cu-Nb nanolayered composites 

compared to bulk materials (fcc Cu or bcc Nb). It is believed that certain type of 

interfaces can adopt several mutable atomic structures with similar degeneration energies, 

increasing the sink of point defect towards interfaces, and subsequently enhance the 

recombination/annihilation of the point defects. Recent helium irradiations on the Cu/Nb 

multilayers composites have also shown that the material is extremely stable and can also 

suppress the nucleation and growth of helium bubbles.  
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Appendix A 

Dynamical observation of cascade induced stacking fault tetrahedra in 

the Ni based superalloy Inconel X-750 

Stacking fault tetrahedra (SFTs) were rarely observed in irradiated Ni-based superalloys. 

In this study, SFTs were introduced to the face center cubic (fcc) Ni based superalloy 

Inconel X-750 by heavy ion (1 MeV Kr
2+

) irradiation at various temperatures (60°C ~ 

600°C). Irradiation and transmission electron microscopy (TEM) in-situ observations 

were performed at the intermediate voltage electron microscope (IVEM) Tandem facility 

at Argonne National Laboratory. The SFTs were mainly characterized using weak beam 

dark field microscopy. Evolution and annihilation of SFTs were dynamically observed 

and captured on video. Formation of SFTs were initiated by creation of small vacancy 

type Frank loops from the core of cascades, followed by a loop-SFT transformation 

process. Vacancy accumulation at the Frank loops stage was observed, and size variations 

of the SFTs were correlated with the irradiation temperatures and systematically assessed. 

Two types of SFT annihilation were observed; including 1) sudden direct destruction 

following cascade damage and 2) gradual shrinkage through absorbing SIAs or emitting 

vacancies intermediated by an inverse transformation into Frank loops. Types of SFTs, 

either perfect or imperfect, were statistically analyzed. A size limitation to the SFTs of 6 

~ 8nm were observed. Vacancy Frank loops approximately this size can preferentially 

collapse into imperfect SFTs, and loop-SFT transformation was not observed in loops 

any larger. Nucleation, growth, shrinkage and annihilation of SFTs were discussed from 

the perspectives of atomic displacement as well as energy. 
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A.1 Introduction 

Irradiation with energetic particles can cause atomic displacements to produce point 

defects (self-interstitial atoms and vacancies) in metals within cascades. These point 

defects may then recombine to annihilate; escape from cascade to become free migrating 

defects; or accumulate to form clusters during cooling of the cascades. Both experimental 

survey and theoretical modeling have convincingly demonstrated that the generation and 

accumulation of point defects can lead to the formation of either planar defects, such as 

dislocation loops, or 3-dimensional agglomerations, such as voids and stacking fault 

tetrahedra (SFTs) [1,2]. During the past decades, cascade induced SFTs were evidenced 

in most of face centered cubic (fcc) pure metals, such as Cu [3,4], Ni [5–7], Pd [8,9] and 

Au [10], as well as in some fcc alloys [11]. SFTs in Ni-based superalloys were barely 

reported.  

Research on irradiation induced SFTs are of great interest due to their ability to hinder 

dislocation motion, and subsequently confer significant hardening to the material. 

Experimentally, interactions between SFTs and mobile dislocations have been 

investigated in various metals, including Cu [3] and Ni [6], etc. Specifically, molecular 

dynamical (MD) simulations have been utilized to systematically study such interaction 

in Cu [12]. All these studies clearly presented the pinning effect of the sessile SFTs. 

However, the majority of the tensile experiments studying pinning effects were 

conducted with samples containing pre-existing SFTs. Thus, understanding the dynamic 

process of SFT evolution and annihilation is crucial in helping to predict irradiation 

induced hardening effect in real situations. 
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Considerable research has indicated that during irradiation, the SFTs formed directly 

from  cascades or subcascades, and an abundance of experimental data on damage 

accumulation in fcc  metal is available [4,5,8,13–15]. However, the mechanism of SFT 

evolution from cascades  remains to be fully elucidated. Similar to those formed by 

quenching, electron irradiation and high speed deformation, the cascade induced SFTs 

were proven to be of the vacancy type in nature [16]. All these techniques can create 

vacancy supersaturation or condensed vacancy clusters, which are believed to be 

prerequisite to SFT evolution [15,16]. The most widely accepted model as proposed by 

Silcox and Hirsch postulates that the SFTs are formed by collapsing from triangular 

vacancy type Frank loops [17]. The SFTs with tetrahedron shape, described as 6 ½<110> 

type stair-rod partial dislocations bounded with four triangular {111} stacking faults, are 

then formed [18]. This geometric feature is convincing and can be reproduced by MD 

simulation [15,19]; however, no direct experimental observation has been reported yet. 

Several parameters may contribute to this transforming process. Schäublin et al. reported 

that the stacking fault energy (SFE) and shear modulus play key roles, through 

comparison amongst different fcc materials [8]. The SFTs in Ni and Cu can be easily 

neglected due to their miniscule size in the nanometer range; the maximum reported by 

many is ~ 6-8 nm and no SFTs were observed to be any larger [6,8]. The mechanism 

behind this size limitation is still unknown. It is recognized that in Cu and Ni, recoil 

energy, dose, and irradiation temperature all impact SFT evolution [20],  and these 

factors will be discussed further in this report. Post formation but prior to destruction, 

changes in SFTs result from interactions with vacancies, SIAs and their clusters [20]. 

Apart from perfect SFTs, Schäublin et al. found that about 36% of SFTs are in fact 
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imperfect in high energy (590 MeV) proton irradiated Cu [8]. These imperfect SFTs are 

assumed to act more effectively as a sink. Shrinkage and annihilation of  SFTs have been 

studied through thermal annealing of perfect SFTs [21], irradiation and post irradiation 

characterizations [22], as well as MD simulations [23]. Matsukawa et al. have reported 

destruction processes of SFTs by interacting with gliding dislocations [24]. Nonetheless, 

there lacks dynamical observation of irradiation instigated annihilation occurring under 

stress-free state.  

Dynamical observation of these nanometric SFTs can be best achieved by TEM coupled 

with in-situ irradiation. In the current work, dynamical observations of the evolution and 

development of SFTs in the fcc Ni-based alloy Inconel X-750 are presented and 

discussed. Two different types of SFT annihilation are documented and the mechanism is 

discussed. As well, effects of dose and irradiation temperature are systematically studied. 

A.2 Experimental procedures 

The chemical composition of Inconel X-750 is listed in Table 1. The received material 

was subjected to AMS 5698 standard heat treatment (solution treatment at 1120 °C for 15 

mins followed by air cool; 15% cold work reduction and aging treatment at 732 °C for 16 

h followed by air cool). Specimens were mechanically thinned to 50 ~ 100 µm and then 

twin-jet electropolished into TEM samples using a Tenopol-5 apparatus with 5% 

perchloric acid in methanol electrolyte at -40°C. The microstructure prior to irradiation 

was characterized in TEM and shown in fig. A-1. L12 ordered spherical γ’ precipitates 

Ni3(Al, Ti) with sizes about 15-25 nm were distributed homogenously within the matrix 

under two beam bright field observation (fig. A-1 (a)). γ’ precipitates are coherent with 
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the γ matrix with a lattice misfit of less than 0.5%, thus the weak contrast around them 

due to lattice strain variation can be suppressed in weak beam dark field condition (fig. 

A-1 (b)), and is therefore suitable for the observation of SFT evolution. The polished 

sample contained negligible amount of SFTs, which were assumed to be formed either by 

fast cool from high temperature or by the following deformation. 

Table A-1 Chemical composition of the Inconel X-750 (by wt%) 

Ni Cr Fe Ti Al Nb Mn C 

Bal. 15.0 7.3 2.5 0.68 0.99 0.15 0.067 

 

TEM in-situ experiments were conducted at the intermediate voltage electron microscope 

(IVEM) Tandem facility at Argonne National Laboratory. The facility houses a Hitachi 

9000 NAR TEM interfaced to one Tandem ion accelerators [25]. Dynamical observations 

were made concurrently with the irradiation and micrographs were taken by stopping at 

different doses. Specimens were mounted in a double tilt heating holder and irradiated at 

a temperatures ranging from 60°C to 600°C with 1 MeV Kr
2+

 ions to a final dose 2×10
15

 

ions·cm
-2 

in several dose steps. The ion flux was 4×10
11

 ions·cm
-2

·s
-1

. According to SRIM 

simulation [26], this corresponds to a displacement rate of 10
-3 

dpa·s
-1

. The threshold 

displacement energy was chosen to be 40 eV, and the final damage level was 5.4 dpa at 

2×10
15

 ions·cm
-2

. All TEM observations were conducted at an operating voltage of 200 

kV. It has been reported that if the tetrahedron is viewed along one  of the six <011> 

directions with g = {200}, the structure will project to 2D image as a triangular shape, 
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rather than a trapezoidal shape given by viewing through the <001> direction [27]. Thus 

g(5g) weak beam dark field using g = 200 close to the [011] zone axis were used 

predominantly for SFT characterization. Edge lengths of the SFTs’ 2-dimensional 

triangular shapes were measured and regarded as the size of the 3-dimensional shapes. 

Beam alignment and stigmation were carefully adjust to minimize the blurring of the 

micrographs, and as such  some small defects with sizes ~ 0.8 nm which were previously 

determined as ‘black dots’ can now be characterized. Extra care was taken during the 

investigation to ensure the same area was characterized and imaged under similar 

diffraction conditions between each dose increment. 

 

Fig. A- 1 Microstructures prior to irradiation. a) Two beam bright field, b) Weak beam 

dark field. Arrowed defect is SFT formed by material processing. 
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A.3 Results 

Evolution of the SFTs was observed immediately after the initiation of irradiation and 

video recorded. Video is downloadable in the supplementary materials. Fig. A-2 and fig. 

A-3 present  snapshots from the video, which captured the formation and annihilation of 

two SFTs, both  recorded during irradiation at 200°C. The time indicated in the 

micrographs corresponds to real time during the irradiation process. For both SFTs, 

sudden yields of small vacancy type Frank loops were observed prior to formation of the 

perfect SFTs. At the initial stage of evolution of the Frank loops, they are of triangular 

shape as shown in fig. A-2 and A-3 at 4s. The Frank loops  then became blurred, which is 

assumed to indicate their accumulation of free migrating vacancies. More obvious size 

change of the loops can be spotted in fig. A-3 from 4s to 28s, since because this loop 

exists longer than the one shown in fig. A-2,  allowing more time for vacancy absorption. 

The duration of the defects existing as Frank loops varied and showed no obvious 

regularity. The loops then collapsed into perfect SFTs and the transformation occurred 

suddenly. Conversion from loop to SFT occurred at 10s in fig. A-2, and at 32s at fig. A-3. 

After formation, the SFTs were sessile and no obvious size change was observed. The life 

time of the SFTs also varied during the irradiation; some existed for only 1 or 2 seconds 

before annihilation. Longer life time SFTs were illustrated here in fig. A-2 and A-3 for an 

easier analyses purpose. It should be noted that, during irradiation, two different types of 

annihilation were observed. The first SFT shown in fig. A-2 was observed to have 

disappeared suddenly at 22s and a new defect formed adjacent to it. This SFT is assumed 

to be destructed by another cascade forming in its near vicinity. The second type is shown 

in fig. A-3. Between 60 and 64 second, an inverse transformation from SFT to loop was 
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observed. The loop then shrank gradually into disappearance by absorbing free migrating 

SIAs, and no second defect formed adjacently. 

 

Fig. A- 2 Snapshots of dynamical observation of evolution of a SFT formed at 200 °C. 

Annihilation occurred at 22s suddenly. 

 

Fig. A- 3 Snapshots of dynamical observation of evolution of a SFT formed at 200 °C. 

Annihilation occurred from 60s to 79s gradually. 
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Fig. A- 4 g(5g) weak beam dark field micrograph, g = 200 close to pole [011], showing 

the irradiation induced SFTs after irradiated to 0.06 dpa. a) 400 °C, b) 600 °C. 

Similar SFT structure was observed throughout the temperature range of 60°C to 600°C. 

General observations of the defect structure after irradiated to 0.06 dpa were shown in 

fig. A-4, where (a) is at 400°C and (b) at 600°C. SFTs formed at other temperatures can 

be found in previous reports. Apart from SFTs, small ½<110> type perfect loops were 

also noted in the entire temperature range, and large faulted and unfaulted loops were 
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spotted at temperatures > 500°C [28,29]. The large ⅓<111> edge-on faulted loops are 

shown in fig. A-4 (b), most of which were determined as interstitial in nature and 

discussed previously [28]. Apparently, irradiation temperature does affect SFT evolution. 

With increasing temperature, increase in mean sizes of the SFTs can be noted (fig. A-4). 

However, very small (<1 nm) SFTs exist at all temperature, indicating that increase in 

irradiation temperature did not change the size of the entire SFT population but only the 

mean size. Size distribution of SFTs in samples irradiated at different temperature but 

same dose (0.06 dpa) is plotted in fig. A-5. For each temperature, approximate 100 SFTs 

were measured. On the other hand, number density of SFTs is also greatly affected by 

temperature, as can be generally observed in fig. A-4,  as consistent with previous 

literature [28,29].  

Similar to Schäublin et al.’s results on pure metal (Ni, Cu Au and Pd) [8], SFTs yielding 

from the current irradiation in X-750 also appear as perfect SFTs or imperfect SFTs. 

Identification of the SFTs followed Schäublin et al.’s criteria [8], which is achieved by 

determining the degree of asymmetry of the triangular contrast. Simply put, if one clear 

edge of the SFT is shorter than the other  the SFT is recognized as imperfect. A group of 

illustrations are shown in fig. A-6, where the first row shows experimentally observed 

perfect SFTs and the second row imperfect SFTs .  



 

304 

 

 

Fig. A- 5 Size distribution of SFTs measured at 0.06 dpa as a function of irradiation 

temperature. 

Previously we reported the fraction of the SFTs in the total defects to be around 50% ~ 

60% and shows no significant change with irradiation dose and temperature from 60°C to 

400°C [29]. It should be noted that at low temperature a large population of defects are 

smaller and easily tangled together due to a higher number density, easily classified as 

black dots. At elevated temperatures, although very small defects still exist, but the 

fraction decreased (fig. A-5). A more accurate measurement at 600°C shows 70% percent 

of the defects to be SFTs. It is the same case when determining the imperfect SFTs. 

Characterization at 600°C shows about 25% of the SFTs are imperfect. 
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Fig. A- 6 Weak beam dark field micrographs illustrating typical truncated (first row) and 

perfect SFTs (second row). 

 

Fig. A- 7 g(5g) weak beam dark field micrograph, g = 200 close to pole [011], showing 

irradiation induced SFTs after irradiated to 0.27 dpa at 600 °C. Arrow indicates  a large 

imperfect SFT.  
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Large SFTs were observed at elevated temperature, however they do not exceed the limit 

size of 7 nm. Observations of these large SFTs were paid special attention during 

irradiation and are illustrated in fig. A-7 and A-8 in weak beam dark field or two beam 

bright field condition respectively. It has been found that it is more difficult for the very 

large vacancy type Frank loops (6~8 nm) to collapse completely to form perfect SFTs. 

For most of them, as arrowed in fig. A-7 and A-8, the collapsing process can occur but 

reactions on only one edge will continue to completion. As such,  they woud be classified 

as imperfect SFTs. No loop-SFT collapsing process was observed for defects larger than 

6~8 nm. 

 

Fig. A- 8 Two-beam dynamical bright field TEM micrograph close to zone axis [011] 

and g = 200 showing formation of SFTs. After irradiation to 0.27 dpa at 600 °C. Arrow 

indicates a  large imperfect SFT. 
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A.4 Discussion 

Problems concerning cascade induced SFTs in fcc metals have been subject of research 

for over  half a century, and has been very well summarised by Singh et al. recently [20]. 

However, there are still quite a few mysteries to be resolved. For instance, the nucleation 

process proposed by Silcox and Hirsch [17] has been widely accepted but support by 

direct experimental observation is still lacking. MD simulation has been performed by 

Yao et al. [15] to study the formation of SFT in Ni, which has an SFE of 125 mJ·m
-2

. In 

the SFE aspect, this is the closest to the Ni-based superalloy X-750 discussed in this 

current study. Silcox and Hirsch’s model was successfully reproduced by Yao et al., and 

a conclusion was reached, which postulates that the nucleation of vacancy clusters 

performs as a prerequisite for SFT formation. By trying different interatomic potentials, 

they also suggested that apart from the SFE, some other factors such as mobility of the 

vacancies and SIAs would also affect the formation of the SFTs [15]. The current 

experimental observations show good consistency with the MD simulation. In the SFT 

formation process shown in fig. A-2 and A-3, vacancy loops are clearly formed prior to 

their collapse into SFTs. Triangular shape of the loop spotted at 4s in fig. A-2 implies this 

is a Frank type loops likely lying on the {111} plane, facing the observation direction z. 

As shown in fig. A-3 from 4s to 28s, the obvious size change of the Frank loop indicates 

that the accumulating rate of vacancies, which is determined by the mobility of 

vacancies, affects the final size of the SFT. From the video, we can see the initial Frank 

loop or the vacancy platelet formed suddenly, indicating they arose  directly from cooling 

down of the cascade core. It has been experimentally confirmed that the formed SFT 

would grow by absorbing vacancies during annealing [27]. No obvious size change of the 
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formed SFTs observed here is suggested due to their short life time before destruction. 

However, comparing to the Frank loop stage, we assume the sink strength of loops for 

vacancies is greater than the SFTs. The mechanism is still currently unclear. It could be, 

that due to sum of line energy and SFE, the loops are energetically more favourable than 

the SFTs [20]. For the same reason, Singh et al. also assumed the imperfect SFTs, which 

can be treated as an intermediate state of SFT and loop, are more effective as a sink than 

the perfect ones [20]. 

Fig. A-2 and A-3 illustrate two different types of SFT annihilation. The first shown in fig. 

A-2 is a direct destruction of the SFT by  cascades. Once a new cascade formed adjacent 

to the pre-existing SFT, the impingement of the cascade would destroy the SFT rapidly, 

as shown in fig. A-2 at 22s. Vacancies of the old SFTs would redistribute and a new 

defect would likely form close to core of the new cascade. Vacancy loss during the 

redistribution may make new vacancy type defects smaller and imperfect or even 

disappear. In the earlier years, Howe and McGurn performed cold irradiations (below 

30K) with 100keV O
-
 into Au containing quench induced SFTs and collapse of the SFTs 

was observed [10]. Vacancies and SIAs are obviously immobile at this temperature. 

Annihilation of the SFTs thus was suggested to be due to the collision events, although 

no direct observation was available. MD simulation in Cu has illustrated a cascade 

exerting to a pre-existing SFT would cause its dissolution and the formation of a new 

defect [23]. This is consistent with the annihilation process shown in fig. A-2. Singh et al. 

also noted that under this mechanism, the density of the SFTs saturates when the distance 

spacing between them equals the size of the cascades [20]. This first type of annihilation 

depends only on the damage production efficiency, that is, when the next ion will shoot 



 

309 

 

adjacent to the existing SFT, which is determined by the ion flux. If the SFT is ‘lucky’ 

enough as to have no cascade nucleated close to it for a long time, the second type of 

annihilation would likely occur. As shown in fig. A-3, transformation of the SFT to a 

Frank loop was spotted and then the loop shrank until disappearance. Basically, this is an 

annihilation process due to thermal annealing effect, but accelerated by irradiation since 

free migrating SIAs are produced continously. The SFT cannot shrink by direct vacancy 

emission during annealing but will transform to Frank loop first [20], which can then 

shrink by emitting vacancies. However, unlike single thermal annealing, the vacancy type 

defects may shrink not only by emitting vacancies but also absorbing SIAs during the 

irradiation. Singh et al. stated that the accumulation of SIAs on faces of a SFT may cause 

its transformation into Frank loops [20]. Kuhlmann-Wilsdorf has proposed an 

annihilation mechanism of the SFTs which transform first to triangular Frank loops [30]. 

This current investigation provides solid evidence to the above assumptions. Now we can 

see, the evolution of the SFTs from the cascade cores, annihilation by new cascades, 

thermal annealing growth and shrinkage all contribute to the observed fast dynamical 

construction-destruction-reconstruction process of SFTs. The hardening effect conferred 

by irradiation is thus not based on the pinning effect of stable SFTs, but by a macro effect 

of the rapidly refreshing SFTs. 

SFE has been reported by many authors through either experimental observation or 

theoretical modeling to be a key parameter affecting the formation of the SFTs, albeit not 

the only parameter [8,15]. Schäublin et al. found ~90% of the total defects in Cu to be 

SFTs but in Ni the percentage is lower at ~50% [8]. In the current investigation, 

snapshots taken at 600°C is shown in fig. A-7., and approximate 70% of the defects are 
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characterized as SFTs. SFE for Cu is 70 mJ·m
-2 

and is 125 mJ·m
-2 

for Ni. Information on 

SFE is unavailable for the X-750 alloy due to its complexities regarding chemical 

composition, precipitation level, and temperature for measurement. However, the SFE for 

X-750 should theoretically be lower than pure Ni due to addition of alloying elements, 

but it should be close to pure Ni since Ni consists more than 70% of the alloy. Fraction of 

SFTs is higher in X-750 than Ni but lower than Cu. A rough assumption thus can be 

made, that the SFE would affect the loop-SFT transformation which causes the variation 

in SFT fraction, because SFTs are easier to be produced at low SFE material such as Cu. 

Temperature and dose dependence of the size and number density of  SFTs is simply due 

to the mobility change of vacancies and SIAs and have been detailed elsewhere [28,29]. 

It is interesting to note that there exists a size limit of approximately ~ 6 nm for SFTs 

observed in the current investigation. Yokota and Washburn reported that in Au, smaller 

SFTs are more stable than larger ones [21]. Singh et al. proposed that above the limit 

size, growth in the form of a loop is more energetically favourable than a tetrahedron 

[20]. Another assumption can be made based on the current investigation that, at a certain 

size such as 6~8 nm in X-750, the large SFTs are difficult to collapse completely into 

perfect SFTs; instead, they formed imperfect SFTs. By illustrating using Silcox and 

Hirsch’s model, dissociation of the triangular Frank loop has already occurred but the 

bowing out of the 1/6<112> Shockley partials on their habit plane cannot be completed 

because of a line energy limitation on the face of a larger size tetrahedron. Thus 3 

Shockley partials are not able to converge at the vertex of the tetrahedron but stop in the 

midway and form a imperfect SFT with a missing corner, as observed under the TEM. 
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For those loops larger than this particular  size, dissociation would not occur due to SFE 

limitation. 

A.5 Conclusion 

Inconel X-750 was irradiated with 1 MeV Kr
2+ 

in-situ coupled with IVEM observation. 

Cascade induced stacking fault tetrahedras was observed in the material. Evolution and 

annihilation of the SFTs was dynamically observed and captured on video. The 

experimental findings obtained in the current investigations are summarized as follows: 

1. Direct observations of  SFT formation were made, which indicate small vacancy type 

Frank loops formed directly by collapsing from agglomerated vacancy platelets 

arising in the core of the cascade, and followed by their small time scale 

transformation to SFTs. 

2. Two types of annihilating mechanisms were captured. One being the bombardment of 

another cascade forming adjacent to the existing SFT would lead to its destruction 

and produce a new defect close to the zone. The second type being that the pre-

existing SFTs may absorb free migrating SIAs and transform inversely to Frank loops, 

and then the loops may disappear by emitting vacancies or absorb more SIAs without 

forming new defects adjacently.  

3. Triangular Frank loops prior to collapsing to SFTs can absorb vacancies more 

effectively than formed SFTs. The temperature dependent vacancy accumulating rate 

can cause a SFT size increase with elevating of irradiation temperature. No obvious 

growth of formed perfect SFTs was spotted simply due to their rapid annihilation 

before any changes are noticeable. 
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4. A limit SFT size of approximately 7 nm was observed. It is more difficult for large (6 

~ 8 nm) vacancy Frank loops to collapse into perfect SFTs; instead, it is energetically 

favourable for them to form imperfect SFTs. Loop-SFT collapsing process cannot 

occur with those larger than the limit size. 

5. Measurements taken in the 600°C irradiated sample show approximately 70% of the 

total defects to be SFTs; about 25% of which are imperfect SFTs. 

6. Loop-SFT collapsing process would likely be affected by SFE of the material. 

Assumption was made by comparing the current work with previous work on pure 

metal. 
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